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EFFECT OF GRIP CONSTRAINTS ON THE TENSILE DEFORMATION 
OF F.C.C. SINGLE CRYSTALS* 


J. J. HAUSER? and K. A. JACKSON? 


It has been found experimentally that the slope and the length of easy glide of a single crystal ar 
orientation dependent. When a single crystal shears on a slip plane, this shear has in general a component 
on a plane perpendicular to the tensile axis, and the shear component will tend to displace one grip 
laterally relative to the other. As lateral displacement of one grip relative to another is impossible 
during a tensile test, this shear tendency interacts with the grips to produce a shear stress assumed to be 
proportional to the shear strain tendency. This shear stress, referred to as total grip effect, can be resolved 
on all the slip systems. The total grip effect resolved onto the active slip plane, always opposes the 
applied shear stress and therefore gives rise to a slope. When the total grip effect adds to the applied 
shear stress on a latent slip system, it will force this system to be activated. When the secondary systen 
activated by the total grip effect forms Cottrell-—Lomer locks with the primary slip system, it will term 
nate easy glide. The total grip effect being orientation dependent, the same is true for the slope and thx 
length of easy glide. 

The most striking result is that the total grip effect is zero for the so-called “0.5” orientation (0.5 
Schmid factor). It is precisely in the neighbourhood of this orientation that f.c.c. single crystals are 
found to have the largest easy glide associated with the lowest slope 

This theoretical analysis leads to the conclusion that the easy glide region depends on the shape of the 
specimen, the resolved shear stress, the grip effect on the primary system and the grip effect on the 
systems which form Cottrell-Lomer locks with the primary, on the lattice rotation as it changes these 
grip effects and on the grip effect created by lattice rotation itself 

The same kind of formalism has been applied to single crystals deforming on many equally stressed 
systems. By requiring that the grip effect be zero, it was possible to establish the number of slip system 
really operating and thereby distinguish qualitatively between the different cases of polyslip 


EFFET DES CONTRAINTES D’ANCRAGE SUR LA DEFORMATION DE TRACTION DI 
MONOCRISTAUX CUBIQUES A FACES CENTREES 

L’expérience montre que les caractéristiques de glissement facile (pente et allongement) dans wu 
monocristal dépendent de son orientation. 

Quand un monocristal se cisaille suivant un plan de glissement, ce cisaillement a en général une 
composante sur un plan perpendiculaire 4 axe de traction et la composante de cisaillement tendrait a 
déplacer latéralement un mors par rapport a l'autre. 

Comme aucun mouvement latéral des mors n’est possible au cours d’un essai de traction, cette tendanc 
au cisaillement agit sur les mors et on admet qu'elle produit une tension de cisaillement proportionnell 
a la tendance de déformation de cisaillement. Cette tension de cisaillement, appelée effet total d’ancrage 
a été déterminée sur tous les systémes de glissement. L’effet total d’ancrage résolu sur le plan de gliss 
ment actif soppose toujours a la tension de cisaillement appliquée et donne, par suite, naissance a un¢ 
pente. Lorsque leffet total d’ancrage s’ajoute A la tension appliquée de cisaillement sur un plan ce 
glissement latent, il occasionne la mise en activité du systéme de glissement envisagé. Lorsque le systém«e 
secondaire activé par leffet total d’ancrage forme des barriéres Cottrell-Lomer avec le premier systém« 
de glissement, il arréte le glissement faible. L’éffet total d’ancrage dépendant de orientation, la mém« 
observation est valable pour la pente et lallongement de glissement faibl 

Le résultat le plus marquant est que l’effet total d’ancrage est nul pour lorientation dit O.5 
(0.5: facteur de Schmid). C'est précisément au voisinage de cette orientation que les monocristaux cu 
biques a faces centrées présentent le glissement faible le plus grand associé avec la pente la plus faible 

Cette analyse théorique conduit & la conclusion que le domaine de glissement faible dépend de la 


forme de l’échantillon, de la tension de cisaillement résolue, de l’effet d’ancrage sur le systéme primaire 


et de leffet d’ancrage sur les systémes qui forment des barriéres de Cottrell-Lomer avec le primaire 


de la rotation du réseau parce quelle modifie cet effet d’ancrage et de leffet d’ancrage créé par la 
rotation méme du réseau 

Les auteurs ont appliqué le méme raisonnement a des monocristaux se déformant suivant des sys 
temes également sollicités. En satisfaisant la condition que l’effet d’ancrage soit nul, il a été possiblk 
d’établir le nombre des systémes de glissement réellement actifs et de distinguer ainsi qualitativement 


entre différents cas de glissements multiples 


* Received February 25, 1960. 
+ Gordon McKay Laboratory, Harvard University, Cambridge, Massachusetts 
~} Now at Bell Telephone Laboratories, Murray Hill, N.J. 
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ZUGVERFORMUNG VON KUBISCH-FLACHENZEN.- 
EINKRISTALLEN 


AUF DIE 
TRIERTEN 


ZUM FASSUNGS-EINFLUSS 


experimentell festgestellt, daB Anstieg und Ausdehnung des Easy-Glide-Bereichs von 


Wenn ein Einkristall auf einer Gleitebene abgleitet, hat die 


Es wurde 


Einkristallen orientierungsabhangig sind. 
Scherung im allgemeinen eine Komponente in einer Ebene senkreeht zur Spannungsachse, und diese 


Komponente hat die Tendenz, eine Fassung seitlich gegen die andere zu verschieben. Da eine seitliche 


Verschiebung einer Einfassung gegen die andere wahrend der Zugverformung unmdglich ist, gibt es eine 
Wechselwirkung dieser Scherungstendenz mit den Fassungen, und es wurde angenommen, daf das zu 
einer Schubspannung proportional zur Abgleitungstendenz fiihrt. Die Komponenten dieser Schub 
spannung, die als totaler FassungseinfluB bezeichnet wird, in allen Gleitsystemen wurden berechnet. 
Die Komponente des totalen Fassungseinflusses in der aktiven Gleitebene ist immer der auBeren 
Schubspannung entgegengesetzt und ergibt daher einen Anstieg. Wenn der totale FassungseinfluB sich 


zur auBeren Schubspannung in einem latenten Gleitsystem addiert, wird er zur Aktivierung dieses 


Gleitsystems fiihren 


Wenn das sekundare Gleitsystem, durch den totalen Fassungseinflu8 aktiviert, 


zusammen mit dem primaren Gleitsystem Cottrell-Lomer-Hinderniese bildet, wird der Easy-Glide 


beendet sein. 
\usdehnung des Easy-Glide 
Ergebnis ist, daB 


Schmid-Faktor). 


und die sereichs., 
Das auffallendste 


0.5-Orientierung™” (0.5 


der totale FassungseinfluB 


Tatsachlich findet man gerade in der Nachbarschaft dieser 


Da der totale FassungseinfluB orientierungsabhangig ist, gilt dasselbe fiir den Anstieg 


verschwindet fiir die sogenannte 


Orientierung den gréBten Easy-Glide-Bereich und den niedrigsten Anstieg fiir kubisch-flachenzentrierte 


Kristalle. 
Die theoretische 


Untersuchung fiihrt zu dem SchluB, daB der 


Easy-Glide-Bereich abhangt von der 


Gestalt der Probe, von der Schubspannung im Gleitsystem, dem FassungseinfluB auf das primare 


Gleitsystem und auf die 
drehung, die diese Fassungseinfliisse &4ndert, und 


selbst hervorgerufen wird. 


Systeme, die mit diesem Cottrell 
vom FassungseinfluB, der durch 


Lomer-Hindernisse bilden, von der Gitter 
die Gitterdrehung 


Derselbe Formalismus wurde angewandt auf Einkristalle, die sich in vielen unter gleicher Spannung 


stehenden Gleitsystemen verformen. Die 


glichte clie 


Forderung, der 


FassungseinfluB verschwindet, erm6é 


Jestimmung der Zahl der wirklich betatigten Gleitsysteme und fiihrte zu siner qualitativen 


Unterscheidung zwischen den verschiedenen Fallen von Vielfachgleitung. 


INTRODUCTION 

Single crystals can deform in two different ways. 
The first of these is slip on one slip system only at the 
start of deformation, followed by slip on many slip 
systems. In the second case, the deformation occurs 
on many slip systems from the start of deformation. 
In the first case one slip system has a higher resolved 
shear stress than any other; in the latter case, two or 
more slip systems are stressed equally. 

When deformation on one slip system only occurs, 
the This 


portion of the stress-strain curve is characterized by a 


deformation is known as “easy glide.” 


low and fairly uniform slope. The experiments of 
Diehl on copper single crystals have shown that 
the slope, length and the stress at the end of easy 
At the end of easy 
This 


sponds to the beginning of multiple slip in the crystal. 


glide are orientation dependent. 


glide, “stage Il’ deformation begins. corre- 
The high rate of work hardening in stage II is attrib- 
uted by Friedel and Seeger ef al.) to the formation 
of Cottrell-Lomer locks with the dislocations of the 


primary systems. This description of the stage II 
deformation agrees with experiment, and provides a 
satisfactory explanation of this mode of deformation. 

The reasons for the termination of easy glide have, 
however, not been adequate. Seeger“ attempts to 
explain the end of easy glide in terms of the tendency 


to form Cottrell-Lomer locks. The tendency to form 


Cotrell-Lomer locks will not terminate easy glide: 
it is necessary to introduce a mechanism which will 
cause a Cottrell-Lomer locking system to operate. 
to operate, it 


In order for the secondary system 


must be stressed sufficiently. Therefore, one should 
consider the ratio of the resolved shear stress on a 
Cottrell-Lomer locking system to the resolved shear 
stress on the primary. During deformation due to 
hardening of the primary system the stress on the 
crystal is raised, thus increasing the resolved shear 
stress on the secondary system. At some stress level 
the secondary system will start to operate, termin- 
ating easy glide. According to this model, the stress 
at the end of easy glide should depend only on the 
ratio of the resolved shear stresses on the two systems. 
As will be shown below, this does not adequately 
explain the orientation dependence of stress at the 
end of easy glide. The orientations which according 
to Seeger™ have the minimum tendency to form 
Cottrell-Lomer locks do not correspond to the above 
condition, nor do they provide a better explanation 
of the orientation dependence of the end of easy 
glide. It is possible to complicate this above model by 
hardening of the non-active 
the 


considering the latent 
This 


shear stress on the possible secondary slip systems. 


slip systems. changes critical resolved 


Thus, in the absence of experimental measurements of 


the orientation dependence of latent hardening, 
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prediction of the end of easy glide becomes impossible. 

In this paper, we will consider the purely geo- 
metrical grip effects which occur during deformation. 
The magnitude and direction of the grip effect 
depends on the orientation of the crystal, and is 
capable of accounting for much of the observed 


orientation dependence of the easy glide portion of 


the stress-strain curve. 


formation of crystals which deform by multiple slip 


The geometry of the de- 


will also be examined below. 


GRIP EFFECT 


The homogeneous deformation of a sample can be 


described by a strain tensor referred to any set of 


three orthogonal axes. The six components of the 


strain tensor are Eyy> Ifthe sample 


has been deformed in a normal tensile test, where the 
grips are constrained to move along the z-axis, 
(Fig. 1) then the ¢,, component of the strain tensor is 
compatible with the motion of the grips. The strain 
components ¢,, and ¢,, which refer to dimensional 
changes of the cross section of the specimen are also 
compatible with the motion of the grips. Actually, in 
a normal tensile test, the condition of homogeneous 
deformation is not satisfied, because the parts of the 
sample within the grips do not deform in the same 
There 
must be, then, a transition region where the defor- 
The 


thus produce a 


way as the central portion of the specimen. 


mation changes from one type to the other. 


strain components ¢,,, €,, and 


rr 


small grip effect. The strain component ¢,.. which 
describes the change in shape of the cross section also 
the 


are not compatible 


produces the same type grip effect. However, 


strain components ¢,, and ¢ 


with the motion of the grips since these would 
require a lateral displacement of one grip relative to 


the other. Since the grips are not allowed to move 


laterally, additional stresses are imposed on the 


sample. These stresses are those which would be 


Fic. 1. 


Tensile test along z-axis of any sample. 


GRIP EF 


DEFORMATION 


Fic. 2. Tensile test along z-axis of single crystal 


required to bring the two ends of the specimen into 
alignment along the z-axis if the specimen had been 
These 


sponsible for the principal grip effect. ¢,.. &, 


allowed to deform freely stresses are re- 
and ¢, 
refer to changes in dimension and shape which are 
proportional to the cross-sectional dimensions of the 
require lateral displacements 


sample. ¢ and ¢ 


which are proportional to the length of the specimen 


SINGLE SLIP DEFORMATION 


Consider now a single crystal specimen as in Fig. 2, 


which deforms homogeneously on one slip system 
unit 


Suppose that shear is produced on the slip 


system by the action of a tensile stress along the 


z-axis. This shear can be described in terms of the 


above mentioned six strain components The strain 


components ¢ and ¢ describe the principal grip 
effect. These two strain components refer to shear on 
the 


It Is possible to choose 


a plane perpendicular to tensile axis in two 
arbitrary directions x and y 
is zero, and the other is 


that 


«and y so that either e., or ¢ 


then a maximum. Let us choose x and y so 


E.» 0 and then «¢ will represent the grip effect 


Since ¢ 


_ is incompatible with the motion of the grips 


there will be a shear stress produced on the plane xy 


in the minus y direction. This back stress produces a 
shear stress on the operating slip system and_ in 
general on any other slip system. The grip effect will 
always work against the applied shear stress on the 
operating slip system, but in general can either work 
with or against the applied shear stress on other slip 
systems 

The detailed analysis of this interaction for the 
slip systems in face-centered cubic materials will be 
presented below for various crystallographic orien 


tations of the tensile axis 


Diehl’s notation 


In the face-centered cubic deformation 


occurs by slip on {111} planes in 


system, 


directions 


FECTS ON TENSILE 3 
| Slip plone 

Slip 

Direction 7 ey 

| 
| 
| 
y 
A ! 
! 
x 
or 
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Fic. 3(a). Stereogram showing Diehl’s notation for slip 
systems. 


Stereogram showing the resolved shear strain 


Fic. 3(b). 
on all slip systems due to six units of shear on system PQ. 


L110 
There 


Each combination of a {111} plane and a slip 


direction is known as a slip system. are 
Fig. 3(a) is a standard [100] 
this 
tri- 


direc- 


twelve such slip systems. 
stereographic projection of a cubic lattice. On 
equivalent 
110 


If the axis of a tensile specimen lies within one of 


twenty-four 
100 


project ion there are 


angles whose apices are (111 and 
tions 
these triangles, the resolved shear stress is highest on 
one slip system. On the boundaries of the triangle, 
two slip systems are equally stressed, and at the 
corners of the triangle, four, six and eight slip systems 
are equally stressed for the (110), (111) and (100 
corners, respectively. 

In Diehl’s notation the four {111! planes are 
labelled P,Q, K and 110 


tions can then be labelled by the letters of the two 


Kach of the six direc- 
‘l11} planes which intersect along that direction. 
Each slip system can then be labelled by two letters, 
the first referring to the slip plane, and the combin- 
ation of the two letters defining the slip direction. 
If the four {111} planes are labelled as in Fig. 3(a), 
then the slip systems having the highest resolved 
shear stress are those represented by the letters 
within the various triangles. 

There are forty-eight basic triangles on the entire 
stereo sphere, twenty-four of which appear in the 
stereographie projection of Fig. 3(a). Since there are 
only twelve independent slip systems, each slip 
system has the highest resolved shear stress if the 
tensile axis lies within four of the forty-eight or two 
half of these tri- 


angles, the direction of the resolved shear stress is in 


of the twenty-four triangles. In 


the opposite direction than in the other half for 
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tension tests. A bar over the two letters means that 
the resolved shear stress is in the opposite direction. 


For example, PQ refers to slip on the (111) plane in 


the [101] direction, and PQ refers to slip on the (111) 


plane in the [101] direction. PQ also defines the (111), 
[101] slip system and PQ also refers to the (111) 
[101] slip system. Similarly, each combination of two 
letters appears in two of the forty-eight triangles 
Half of these 


By convention, the tensile 


without a bar, and in two with a bar. 
are shown in Fig. 3(a). 
axis lies in the primary triangle PQ. Cottrell-Lomer 
locks are formed by the interaction of the dislocations 
of two systems which have the same second letter. 
For example, the dislocations of the slip systems UQ 
KQ form Cottrell-Lomer locks with the dis- 


locations of the primary slip system PQ. 


and 


CALCULATION OF GRIP EFFECT 

The principal grip effect arises, as pointed out 
above, when the deformation has a shear component 
on the plane normal to the tensile axis. The mag- 
nitude of this shear can be calculated for any case of 
slip on one slip system. The grips cannot move 
laterally, so that this shear cannot actually occur. 
The calculation of the deformation and the stresses 
produced by this situation would be very difficult. 
The exact solution will depend among other things 
Although this cal- 


culation is very difficult, it is possible to obtain an 


on the shape of the specimen. 


estimate of the relative effects on the various slip 
systems for any tensile axis. 

The shear strain produced by slip on the primary 
system on the plane normal to the tensile axis will 
react with the grips to give a shear stress in the 
The this 


stress will depend on the magnitude of the shear 


opposite direction. magnitude of shear 


7 


+. 4. Total grip effect. 


A 


HAUSER anp JACKSON: GRIP EFFECTS ON TENSILE DEFORMATION 


QK 


AN ZN 


RESOLVED SHEAR STRESS GRIP EFFECT D SHEAR STRESS GRIP EFFECT 
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° 
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RESOLVED SHEAR STRESS GRIP EFFECT RESOLVED SHEAR STRESS GRIP EFFECT 


Fic. 5. Resolved shear stress and total grip effect on the twelve slipsystems 


- Li 
Le 
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Fic. 6. Total grip effect on PQ, KQ and UQ. 


strain that would have taken place. In turn this 


stress can be resolved onto all of the slip 


shear 


systems. Let us assume that the shear stress on the 


plane normal to the tensile axis is proportional to the 


shear strain which should occur. Resolving the 
shear strain from the plane normal to the tensile 
axis onto the various slip systems is then equivalent 
to resolving the corresponding shear stress. An 
estimate of the grip effect can thus be made as follows: 
assuming unit shear on the primary slip system, the 
shear strain on the plane normal to the tensile axis 
is calculated. This represents the total grip effect. 
The total grip effect shear strain is now resolved onto 
all slip systems. The grip effect produces a shear 
stress proportional to this strain but in the opposite 
direction on each slip system. 

The total grip effect, i.e. the shear strain produced 
on the plane normal to the tensile axis by unit shear 
on the primary system is shown in Fig. 4 for various 
orientations of the tensile axis. The total grip effect 
shear is shown resolved onto all twelve slip systems in 
Fig. 5. The resolved shear stress on each slip system 


due to a unit axial load is also shown for various 
These latter curves 
The 
most important influence of the grip effect on the 
the 


effect on the primary slip system, and on the slip 


orientations of the tensile axis. 
were obtained from the curves of Diehl et al.®. 
tensile stress-strain curve comes from grip 
systems which form Cottrell-Lomer locks with the 
primary slip systems. The grip effect on PQ, AQ and 
UQ are shown superimposed in Fig. 6. 
DISCUSSION OF GRIP EFFECT 
FOR SIMPLE SLIP 

The most striking fact revealed in Fig. 4 is that the 

0.5” 


total grip effect is zero for the orientation. 
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This is the orientation for which the tensile axis is 45 
from both the slip plane and slip direction. At this 
orientation, the Schmid factor, m = cos 7 cos A, is a 
maximum and equal to 0.5. For a crystal of the 0.5 
orientation, the tensile axis, the slip plane normal and 
the slip direction are coplanar. That this orientation 
should have zero grip effect can be seen from Fig. 7. 
Imagine this figure to be inscribed on a 0.5 specimen 
parallel to the plane containing the slip direction, the 
The 


traces of the slip plane are parallel to AD, which also 


tensile axis and the normal to the slip plane. 
represents the slip direction. If some slip occurs on 
the planes AD, then the shear produced on those 
planes is defined as the change in the angle DAB i.e 
by the angle A’BA. The angle A’ BA also represents 
the shear produced on the planes parallel to BA. 
The shear on the plane normal to the tensile axis is 
represented by the change in angle BOA. This angle 
does not change for small amounts of slip. The 
square ABCD distorts to a rhombus A’ BCD’, but 
the diagonals of the two figures still cross at right 
30A BO'A’ are both 90 
This is only true for small amounts of shear, since 
A’ BCD’ is not a rhombus unless BA’ = BA. This is 


however, only a second order correction. 


angle. The angles and 


The slip shown in Fig. 7 also introduces lattice 
In the tensile test CA’ 
Thus the 


rotate towards the tensile axis. 


rotation. will remain aligned 


with the tensile axis. slip direction will 
The case which is 
illustrated in Fig. 7 is a special case where the shear 
angle A’BA is also the angle by which the slip 
direction rotates. 

Lattice rotation is also responsible for a grip effect 


Cc 


Fic. 7. Shear on the slip plane at the **0.5” orientation. 
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which from the effect discussed in this 


paper. The grip effect discussed in this paper is due to 


is distinct 


a component of shear on the plane normal to the 
tensile axis; the lattice rotation grip effect is due to a 
rotation of this plane. Either of these effects tend to 
displace one grip laterally with respect to the other. 
The lattice rotation grip effect has been discussed by 
Fleischer and Chalmers™. This effect arises because 
the lattice planes within the grips do not rotate, 
whereas there is rotation of the lattice between the 
grips. This can only be accommodated by a bending 
of the crystal. The shear strain associated with this 
bending is always directed towards the glide direction, 
and so in general is not in the same direction as the 


shear strain discussed in the present paper. This 


lattice rotation grip effect will distort the contours of 


Fig. 4 in a way which can be discussed qualitatively. 
but not quantitatively. As shown in Fig. 4, there is a 
grip effect for all orientations other than the 0.5 
orientation. The contours show the amount, but not 
the direction of the shear produced on the plane 
normal to the tensile axis by one unit of shear on the 
primary slip system. Fig. 5 shows the total grip 
effect resolved onto the twelve slip systems 

For many of the curves of Fig. 5 there is a super- 
ficial resemblance between the grip effect curves and 
the corresponding curves of resolved shear stress. 
The cross-hatched areas on the grip effect curve 
represent the range of orientations for which the grip 
effect shear stress adds to the effect of the applied 
stress. 

On the boundaries of the triangle, two or more of 
the slip systems have equal resolved shear stresses 
Two slip systems are equally stressed along the edges 
110), 111 LOO 


The slip systems which are 


of the triangle, 4, 6 and 8 at the and 
corners, respectively. 
equally stressed are the ones which have a common line 
or point in Fig. 3(a). This can also be seen by com- 
paring the resolved shear stress curves of Fig. 5. In 
some cases, namely for the QA, QGP and QU’ slip 
systems, the resolved shear stress changes sign in the 
triangle. This gives rise to two areas where the grip 
effect and the resolved shear stress cooperate The slip 


direction in the two areas is reversed, for example, QA 


has a positive stress in one area and Q&A in the other. 


All the grip effect curves show zero grip effect at 
the 0.5 orientation. With some exceptions, the grip 
effect increases if the orientation of the specimen is 
close to the boundary where the system has the same 
resolved the Near the 
central portion of the [100] [110] boundary, the grip 
effect would bring in the QU and UK slip systems. 


stress as primary. 


shear 


EFFECTS ON 


TENSTLE DEFORMATION 

In this region, the UK slip system has a much higher 
and likely to 
operate. Towards the [100] corner AQ, QA, UP, QP, 
AU and PU all have a large resolved shear stress and 
a large grip effect. At the [100] corner only QP and 


AU have a large grip effect that cooperates with the 


stress consequently is more 


shear 


applied shear stress, although there are seven slip 
systems beside the primary which have equal resolved 
Along the [100] [111] 
have high 


Further along 


shear stress at this orientation 
KQ, KU 


resolved shear stress and grip effect 


boundary, near {100}, and 
this line, AQ has a high resolved shear stress and 
grip effect, AP, QK and YP have large grip effects but 
At the [111] corner, AP 
QK and QP have the same resolved shear stress as 
KQ and PK also 


have the same resolved shear stress as the primary 


small resolved shear stress 


the primary, and large grip effect 


KQ has a small cooperating grip effect and PK has a 
large grip effect opposing the applied stress Along 
the [111] [110 YP and KP will tend to 


operate near the {111 Further along, PK 


edge, QA 
corner 
a small resolved shear 
At the [110 
PK has the 
primary at this 
l’K also has the 


primary, but an 


will tend to operate. QU has 
stress and small grip effect in this region 
also 


corner, a) will tend to operate 
the 


same resolved shear stress as 
orientation, but the grip effect is less 
same resolved shear stress as the 
opposing grip effect 

The above discussion describes the general areas ol 
the basic triangle where the various slip systems tend 
to operate Similar considerations can be applied to 
any specific point within the triangle to decide which 
slip svstems should operate 

The lattice during easy 
move the the |10] 


The grip effect will thus change as the orientation 


rotation glide tends to 


tensile axis towards direction 


changes during deformation 


STRESS STRAIN CURVES 
The diagram labelled PQ shows the grip effect on 
This is the 


slip system tends to stop 


the slip system amount by 
which the operation of 
itself. The operation of the primary produces shear 
which the This 


produces a shear stress which has a component on the 


pl mary 


with interaction 


interacts grips 


primary tending to oppose the applied stress This 


continue 


stress must be overcome before slip can 


This effect can give rise to a finite slope in the easy 
curve 


strain Provided only 


glide region of a stress 
the primary slip system is operating, the slope of the 
stress-strain curve will depend on the grip effect PQ 


as shown in Fig. 5 


J 


ACTA METALLURGICA, 


The end of easy glide is generally believed to be 
associated with the occurrence of an appreciable 
amount of slip on a slip system of which the dis- 
Cottrell locks the 
If the primary 


locations form Lomer with dis- 


locations of the primary slip system. 
slip system is PQ, then these are the AQ and U’Q slip 


systems. Fig. 6 is a superposition of the grip effect on 


the PQ, UQ and KQ slip systems. As pointed out 
above, these are the slip systems which are primarily 
responsible for the shape of the stress-strain curve in 
the easy glide region. The rate of work hardening 
during easy glide should follow the PQ contours. It 
should be small over most of the triangle, but it 
should increase if the tensile axis is near the [110] or 
{111} corners of the triangle. The slope may be 
altered by the immediate operation of a second slip 
system, giving rise to a pseudo-easy glide region. 
This is likely to occur if the tensile axis is close to the 
|100] [111] edge of the triangle. 


curves of crystals in this region usually have a 


The stress—strain 


continuously rising slope, rather than the constant 
slope normally associated with easy glide. 

In the central region of the triangle, along the line 
joining the centers of the [110] [111] and the [100] 
[110] edges of the triangle, there is little grip effect on 
the AQ or UQ slip systems. 
closer to the | 100] [111] edge of the triangle, the grip 


If the tensile axis is 


effect on AQ adds to the applied shear stress to bring 
in this system. Towards the [110] corner, the grip 
effect tends to force the UY system to operate. 

The lattice rotation moves the orientation away 
from the strong UQ grip effect and toward the 
region of high AQ grip effect. The longest easy glide 
should occur in a region where the slope is small 
(small PQ grip effect) and just below the region of 
zero grip effect on VQ and AQ. The lattice rotation 
will then cause the grip effect on AQ and UQ to 
the deformation. This 
sponds to the observations of Diehl'® on 


crystals of aluminum. The grip effect which we are 


change sign during corre- 


single 


discussing in this paper results from the shear on the 
The 


grips effectively apply a lateral stress to the specimen. 


primary system interacting with the grips. 


The result of this on the stress-strain curve depends on 


TABLE 


PQ KQ KP 


0.482 0.0185 0.24 
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the shape of the specimen. If the specimen is short 
and stubby, the grip effect should produce a shear 
stress more or less uniformly throughout the sample. 
If the specimen is long and slender, the grip effect can 
be accommodated by bending of the specimen near 
The 


central portion of a long, thin specimen will thus be 


the grips or by multiple slip near the grips. 


able to deform by slip on one slip system. The slope 
and extent of the easy glide portion of the stress 
strain curve will thus depend on the ratio of the 
length to the cross-sectional dimension of the speci- 
men. Such a dependence has been observed experi- 
mentally by many These con- 
siderations make it impossible to predict the stress 
strain curve without a formidable analysis, since it is 
not known how much grip effect stress should be 
the 


grip effect is unlikely to produce homogeneous strain. 


added to the resolved shear stress. Moreover, 
The grip effect curves of Fig. 5 can be used to com- 
pare specimens of the same shape, but different axial 
orientations. 

The stress-strain curve in the easy glide region 
thus depends on the shape of the specimen, the 
resolved shear stress, the grip effect on the primary 
system and the grip effect on the systems which form 
Cottrell-Lomer locks with the primary, on the lattice 
changes these grip effects and on 
lattice itself. 
This last effect has not been considered in this paper. 


rotation as it 
the grip effect created by rotation 

All these effects are purely geometrical. There are 
also physical effects which influence the easy glide of 
the stress-strain curve, such as the hardening of the 
primary slip system and the latent hardening of the 
other slip systems due to the operation of the primary. 
These are also outside the scope of the present paper. 
However, all of these factors must be considered to 
obtain a complete picture of the deformation of 
single crystals. 

GRIP EFFECT FOR MULTIPLE SLIP 

In this section we will consider the situation at or 
the These the 


several have resolved 


near corner orientations. are cases 


where slip systems equal 


shear stress. 


OP QK PK 


0.407 0.240 0.426 


0.24 
0.407 
0.240 
0.0185 
0.482 


0.407 
0.24 
0.426 
0.482 
0.0185 


0.240 
0.0185 
0.482 
0.426 
0.240 


0.426 
0.482 
0.0185 
0.240 
0.407 


0.482 
0.426 
0.24 

0.407 
0.240 


O.OL85 
0.24 
0.407 
0.24 
0.426 
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[111] Tension 


If a crystal is extended by tension along a {111} 
axis, there are six equally stressed slip systems, 
namely PQ, KQ, KP, QP, QK and PK. The other 
slip systems are not stressed. Table 1 shows the grip 
effect produced on each slip system by one unit of 
shear on each slip system. As would be expected, 
this forms a symmetric matrix. The sum of any 
column or row is zero, which means that unit shear on 
each slip system results in zero grip effect on all slip 
which also 
that. is, 


systems. There is another combination 


gives zero grip effect on all slip systems; 


equal shear on the PQ, KP and QK slip systems or 


equal shear on the AQ, QP and P&A’ slip systems. 
However, if one slip system, say PQ, operates first, as 
a result of a slight misorientation or some other 
reason, the grip effect will tend to force OP to operate 
as can be seen from the first row of the matrix. This 
will not lead to the last solution. The operation of 
PQ and QP will result in all six slip systems operating. 
Presumably if the orientation were precise, one of the 
set of three systems above could act simultaneously 
and not the other three. It is difficult to see why all 
six would not act simultaneously in this case. The only 
acceptable solution is to have all six slip systems oper- 
ating. This leads to three sets of Cottrell—-Lomer locks. 
Acrystalextended along a[111]axisshould be very hard. 

Figure 8 shows the surface of a silver crystal 
which has been extended along a [111] axis. The slip 
that 


throughout the crystal. 


markings show many slip systems operate 


[100] Tension 


If a crystal is stressed by tension along a | 100] axis, 
eight slip systems have equal resolved shear stress, 
PQ, KQ, UP, QP, KU, PU, QK and UK. 
The other slip systems are not stressed. Table 2 is the 


grip effect matrix for this case. The sum of any row or 


namely: 


column is zero, so that equal slip on all eight slip 
systems will result in zero grip effect on all slip 
systems. There are many alternative solutions which 


produce zero grip effect on all slip systems. As can 


TABLE 2 


UP QP 
0 0.167 
0.167 0 
0.167 0 

0.167 0 0.167 

0.167 0 0.167 

0 0.167 0 

0 0.167 0 

0.167 0 0.167 


EFFECTS 


ON TENSILE DEFORMATION 


Fig, single crystal deformed 


Slip lines on a (111 
in tension 

be seen by inspection of the matrix, equal slip on say, 

PQ and either QP or AU 

Any such pair or a combination of 


will give zero grip effect on 
all slip systems 
such pairs will result in zero grip effect. There is a 
total of ten geometrically distinct combinations which 
cannot be derived from one another by symmetry and 
which give zero grip effect. Nine of these combinations 
including the operation of all eight slip systems require 
that the orientation be precisely [100]. Three of these 
combinations result in lattice rotation which will move 
the orientation away from the [100]. These three will 
Six other combinations are stable on the 


One combination, such as PQ, AY 


be unstable. 
| 100] orientation. 
QK and QP is stable on the | 100] orientation or if the 
orientation is along the [100] [111] edge of the PQ 
triangle. If PQ and KQ operate equally, and QA and 
QP also operate equally, then there is a ratio of these 


» 


KU PU 
0.167 0 

0 0.167 
0 0.167 
0.167 0 
0.167 0 

0 0.167 
0 0.167 
0.167 0 


ite 
- 
VK UR 
PQ K 
KQ 0 0.167 
UP 0.167 0 
0.167 0 
Kl 0 0.167 
PU 
0.167 
UK 0.167 0 
0.167 


METALLURGICA, 


Slip lines on a (100) single crystal deformed 


in tension. 


two amounts of shear which will give zero grip effect 
along the [100] [111] zone. This corresponds to the 
lattice rotation of 100] crystals which has been observed 
by Kocks@” in aluminum at room temperature. 
Figure 9 shows the surface of a silver crystal which 
has been extended along a [100] axis. The deforma- 
case of the {111} 


This inhomogeneous deformation is 


tion is not homogeneous as in th 
crystal in Fig. 8 
with the operation of a different com 
the 


consistent 


bination of slip systems in various parts of 


crystal 


|] Tension 

Table 3 shows the grip effect on the four equally 
stressed slip systems for a crystal extended along the 
| 110] axis. The resolved shear stress is equal on the 
PQ, UK, UQ and PK slip systems, ard zero on the 
other eight slip systems There are two combinations 
of these four slip systems which will result in zero 

TABLE 3 
PQ PK 

0.25 


0.083 
O.25 


0.25 0.25 
0.083 0.083 
0.25 0.25 
0.083 0.083 
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These are (1) equal slip on all four slip 


grip effect. 
systems, and (2) equal slip on PQ and UQ, or equal 
slip on UK and PK with no slip on the other two slip 
systems. (The grip effect is zero provided the shears 


These 


figurations, since the operation of, say, PQ alone 


are equal in pairs.) are both possible con- 
results in a grip effect which forces UQ to operate. 
Both of these configurations require the orientation 


of the specimen to remain on {110}. 


Stress—strain curves for the corner orientations 

The stable case for [111] tension results in six slip 
systems operating. These six slip systems form three 
sets of Cottrell-—Lomer locks, two of which lie in each 
operating slip plane. Friedel‘) 
this will result in a high rate of work hardening. 


As pointed out by 


For | 110] tension, there are two or four slip systems 
acting. In either case, only one set of Cottrell-—Lomer 
locks is formed. The [110] stress-strain curve should 
therefore lie below the stress-strain curve for [111] 
tension. 

For | 100] tension there are two favorable solutions, 
one with four operating slip systems, and one with 
eight slip systems operating. The first of these forms 
one set of Cottrell-Lomer locks, the second forms two 
sets of Cottrell-Lomer locks, with only one locking 
In the case with four operating slip 
for the lattice 


rotation at room temperature, two of the slip systems 


line per plane. 


systems, which accounts observed 


form one Cottrell-—Lomer lock, the other two do not. 
This should result in a stress-strain curve which lies 
below that for |110] tension. 

These arguments form an acceptable rationalization 
of the 


perature. 


observed stress-strain curves at room tem- 


MULTIPLE SLIP 

Hershey" has shown that there are five distinct 
ways to apply an equal resolved shear stress to six or 
eight slip systems in a f.c.c. material. For each of 
these five cases, the shears on the equally stressed 
slip systems will be discussed below. Two of these 
are the cases of [100] and [111] tension which have 


been discussed above. 


Slip on Two Slip Systems 


Consider the deformation by shear of the two- 
dimensional body illustrated in Fig. 10(a) under the 
the of the 


the 


action of a tensile stress in direction 


arrows. (Such a figure could be inscribed on 
surface of a flat tensile bar.) Suppose that there are 
two slip directions, A and B, in the plane of the paper 


at right angles to one another, and symmetric about 
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10b) SLIP ON A 


100) ORIGINAL STATE 


10c) SLIP ON B 10d) SLIP ON A AND B 


Fic. 10. Two dimensional case of multiple slip showing 


the action of one or two slip systems. 


the tension axis. Such a body can deform by the 
action of either or both of the slip systems as shown 
in Fig. 10(b), (ec) and (d). 


the shear in the two slip systems is the same in each 


For a given tensile strain, 
case. Since the two slip directions are orthogonal, 
one unit of shear on one slip system produces one 
unit of shear on the other. 
example, two units of slip on the A slip system 
produces two units of shear on the B system, and 
vice-versa for case (c). For case (d), one unit of slip 
on slip system A and one unit of slip on slip system B, 
produces two units of shear on each slip system. In 
each case, the deformation is identical, and the net 
The 


only difference between these three cases is that in 


effect is an elongation along the tension axis 


case (d) there is no lattice rotation, while in cases (b) 


and (c) there is lattice rotation, as shown in the 
drawing. 

The shear on any one slip system is the sum of the 
physical slip on that system and the resolved shear 


due to physical slip on other slip systems 
Multiple Slip 


In the cases where several slip systems are equally 


stressed, if the deformation is such that there is equal 


EFFECTS ON 


In ease (b) (Fig. 10), for 


TENSILE DEFORMATION ll 
total shear strain on each of the slip systems, then 
the components of the deformation tensor of the 
sample bear a one to one relationship to the com- 
ponents of the applied stress tensor. This statement 
ignores Poisson strains which do not interfere with the 
motion of the grips in a tension or compression test, 
and are absent in a shear test. This is not the same as 
saying that there should be equal slip on all the 


equally stressed slip systems, since this in general 
does not produce equal total shear on all these slip 
systems. The condition of equal total shear on all 
equally stressed slip systems implies no grip effect 
This is, in fact, a more restrictive condition than the 
one applied above. For example, this condition for a 


tensile test requires that e¢,., ¢,, and e,, be zero 


whereas the treatment above required only e¢,, and 
€,, to be zero for no grip effect. For the multiple slip 
orientations, if this condition of equal total shear on 
all the equally stressed slip systems is satisfied, then 
there is no grip effect: but there may be other states 
of strain which will also produce no grip effect 
Figure 3(b) shows the shear produced on all the 
slip systems by six units of shear on the primary slip 
system. Using symmetry operations on Fig. 3(b), it is 
possible to write down the strain matrices for all the 
multiple slip cases. These strain matrices represent 
the shear strain produced on each of the equally 
stressed slip systems by six units of shear on each of 
these slip systems. By summing either the columns 
or the rows, the total shear on each slip system can be 


Any 


produces equal total shear on all slip systems will 


obtained combination of slip systems which 
correspond to a state of strain having no grip effect 
Each of the five cases of multiple slip will be examined 


below 
Tension 

Figure 11 shows the slip systems which are equally 
tension along the [111] axis. The strain 
The 


having zero grip effect are 


stressed by 


matrix is also shown possible states of strain 


the same as those dis 


cussed above 


6 
8 


Fic. Ll. Stereogram showing the slip systems which are 


equally stressed by a (111) tension—matrix represent 


ing the shear strain produced on each slip system due 


to slip on other slip systems 
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KU PU QK UK 


24 24 24 24 24 
Fic. 12. 


are equally 
representing the shear strain produced on each slip 


Stereogram showing the slip systems which 
stressed by a (100) tension—matrix 


system due to slip on other slip systems. 


| 100} Tension 

Figure 12 shows the equally stressed slip systems 
and the strain matrix for a crystal extended in 
tension along a|100] axis. In this case there are fewer 
acceptable strain states corresponding to zero grip 
effect because a more restrictive condition is applied. 
These are (1) all eight systems operating, and (2) a 
combination such as PQ, KQ, QP and QK. This 
is the combination discussed above as 


second case 


being stable off the | 100] orientation. 


For these two tension cases, the combinations of 


slip systems giving rise to zero grip effect are included 


in the combinations discussed in the last section. 


(LOO) [OLO| Shear 

If a shear stress is applied to a crystal along the 
[O10] direction in a (100) plane, eight slip systems are 
equally stressed, and there is zero stress on the other 
four slip systems. These are shown on the stereogram 
in Fig. 13 along with the corresponding strain matrix. 
In this case there is the same total shear on all eight 
slip systems, provided the slip on PQ is the same as on 


KU, PK the same as QU, KP the same as UQ, and 


@P the same as (7A. Equal shear on any or all of 


these pairs results in the same total shear on all 


eight slip systems. There are many acceptable 


8 8 8 8 8 


Fic. 13. Stereogram showing the slip systems which 

are equally stressed by a (100) [010] shear—matrix 

representing the shear strain produced on each slip 
system due to slip on other slip systems. 
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6 8 16 


Fic, 14. Stereogram showing the slip systems which 

are equally stressed by a [100] compression -+ (100) 

shear—matrix representing the shear strain 

produced on each slip system due to slip on other slip 
systems. 


solutions in this case as in the case of [100] tension. 
The deformation will probably take place by different 
combinations of slip systems operating in various 
parts of the crystal. The stress-strain curve should, 
therefore, be similar to that for | 100] tension. 


| LOO] Compre ssion plus (LOO) [O11] shear 


For simultaneous compression along the [100] axis 
and shear on the (100) plane in the [011] direction, 
six slip systems are equally stressed, and there is 
zero shear stress on the other six slip systems. The 
six stressed slip systems are shown in the stereogram of 
Fig. 14 along with the corresponding strain matrix. 
In this case, equal slip on all six slip systems does not 
This 


means that equal slip on these six slip systems will 


produce equal shear on all six slip systems. 


not result in zero grip effect. There is, in fact, no 
combination of equal slip on these slip systems which 
will result in zero grip effect. There are combinations 
such as one unit of slip on PQ, KQ, UP, UK with five 
units of slip on AP and PA, or two units of slip on 
PQ and UP combined with five units of slip on 
K P and PK which give equal shear on all slip systems. 
In this case the stress-strain curve is difficult to pre- 
dict. The experimental stress—strain curves (Kocks ) 
are erratic and fall between the curves for [100] 
tension and [111] tension. 


16 24 16 24 24 


Fic. 15. Stereogram showing the slip systems which 

are equally stressed by a (100) [O10 (110) 

110] shear—matrix representing the shear strain 

produced on each slip system due to slip on other 
slip systems. 
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(100) [O10] Shear plus (110) [110] shear 


For shear on a (100) plane in the [010] direction 
combined with shear on the (110) plane in the [110] 
direction, there are eight equally stressed slip systems. 
These are shown in the stereogram of Fig. 15 along 
with the corresponding strain matrix. In this case, 
again, equal slip on all eight slip systems does not pro- 


duce equal shear on all eight slip systems. However, if 


PQ, KP, UK and QU slip equally, then there is equal 
shear on all eight slip systems. This combination 
does not form any Cottrell-Lomer locks. The stress 

strain curve for this case should therefore be very low. 
This crystal should be soft for this type of deformation. 
This type of deformation has not been performed 


experimentally. 


CONCLUSIONS 

When a single crystal deforms under a tension 
stress by slip on one slip system, this shear has, in 
general, a component on the plane normal to the 
tensile axis. The shear on the plane normal to the 
tensile axis would tend to move one grip laterally 
with respect to the other. The grips are not free to 
move laterally in a conventional tensile test, so that 
there is an interaction between the grips and the 


specimen which depends on the orientation of the 


operating slip system, and therefore on the orientation 


of the crystal. The extent of this interaction will 


depend on the shape of the specimen. Long, thin 
specimens can bend at the grips, whereas short, 
stubby specimens must shear more or less homo- 
geneously throughout their volume as a result of this 
grip effect. Normal tensile specimens, having about a 
10:1, are 


between these two cases, so that these specimens 


length to width ratio about intermediate 
experience non-homogeneous deformation as a result 
of the grip effect, with some bending near the grips 
and some shear throughout the volume. For a given 
material, the grip effect should depend on the shape 
of the specimen and not the absolute size of the 
specimen, provided the dimensions of the specimen 
are large compared to the spacing between slip bands. 

For various materials the transition from bending 
to shear will occur at different length to width ratios. 

The orientation dependence of the grip effect 
accounts qualitatively for the orientation dependence 
of the slope and length of the easy glide portion of the 
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The stress-strain curve will also 
affects the 


orientation of the operating slip system, and thereby 


stress-strain curve. 


depend on the lattice rotation as it 


the total grip effect. The lattice rotation also causes 
the grip effect which has been discussed by Fleischer 
and Chalmers"). This grip effect which has not been 
considered in this paper should be combined with the 
grip effect discussed here to give a complete analysis 
It is not clear at present how these two grip effects, 
one of which arises from shear on the plane normal to 
the tensile axis, and the other from the rotation of 
this plane with respect to the tensile axis, should be 
combined. 

The stress-strain curve of a single crystal depends 
on the orientation of the specimen, the shape of the 
specimen, the total grip effect as it influences the 
deformation on the various slip systems, the lattice 
rotation, and finally on the interaction between the 
dislocations of the various slip systems. 

The same formalism applies to single crystals 
where many slip systems are equally stressed. In 
these cases, the grip effect determines the combination 
of slip systems which operate. These considerations 
account, qualitatively, for the differences between the 


various cases of multiple slip. 
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LOW-TEMPERATURE ELASTIC CONSTANTS OF MAGNESIUM ALLOYS* 
S. EROS+ and C, S. SMITH? 


The elastic constants of a series of magnesium alloy single crystals have been measured at liquid 
nitrogen and liquid helium temperatures, as well as at 25°C. These alloys covered an electron/atom 
range of 1.996—2.020. The purpose was to look for effects which are predicted to be associated with the 
initation of a new electronic overlap, and which can only be observed at low temperatures. In particular, 
the onset of such an overlap should be manifested by a sudden drop in the observed values of C = C,, 
Cs. 205, iC’,, at and beyond that value of e/a for which the overlap occurs. No such drop is 
observed in the range covered. This fact, and the directness and simplicity with which the rigid band 
model predicts such elastic behaviour, are considered strong evidence that no new overlap has been 


initiated in the range investigated. 
CONSTANTES ELASTIQUES A BASSE TEMPERATURE DES ALLIAGES DE MAGNESIUM 

Les auteurs ont déterminé les constantes élastiques d’une série de monocristaux d’alliages de mag 
nésium aux temperatures de lazote et de Vhélium liquide ainsi qu’aéa 25°C. 

Ces alliages possédaient un rapport électron/atome compris entre 1,996 et 2,020. 

Le but du travail était de vérifier les variations prévues par formation d’un nouveau recouvrement 
électronique, variations qui se produisent uniquement a basse température. 

L’apparition notamment d’un tel recouvrement aurait pour effet de provoquer une chute brusque 
C 20 


11 12 = 33 
Aucune variation ne se produit dans le domaine de rapport électron/atome examiné. Ce fait et 


des valeurs C ( 4(’,, pour des valeurs égales ou supérieures au rapport critique e/a. 
exactitude avec laquelle un modéle a liaisons rigiques prévoit un tel comportement élastique font 
considérer de toute évidence qu’il n'y a pas eu de nouveau recouvrement dans le domaine des valeurs 


eja examine 


ELASTISCHE KONSTANTEN VON MAGNESIUMLEGIERUNGEN 
BEL TIEFEN TEMPERATUREN 

An einer Reihe von Einkristallen aus Magnesiumlegierungen wurden die elastischen Konstanten bei 
der Temperatur des fliissigen Stickstoffs, des fliissigen Heliums und bei 25°C gemessen. Die Legierungen 
erstreckten sich iiber einen Bereich der Elektronenkonzentration von 1,996 bis 2,020 Elektronen/Atom 
Es bestand die Absicht, nach Effekten zu suchen, die nach Vorhersage der Theorie mit dem Auftreten 
einer neuen elektronischen Uberlappung zusammenhangen, und die nur bei tiefer Temperatur beobachtet 
werden kénnen. Insbesondere sollte sich der Beginn einer solchen Uberlappung durch einen scharfen 
Abfall des Wertes von C = C,, Ci 2C'ss 1C’,, zeigen an der Stelle von e/a, bei der diese Uber 
lappung auftritt und bei gréBeren Werten von e/a. Ein solcher Abfall wurde in dem ganzen Bereich 
nicht beobachtet. Diese Tatsache, sowie die Unmittelbarkeit, mit der das strenge Bandmodell ein solehes 
elastisches Verhalten vorhersagt, beweisen, daB in dem untersuchten Bereich keine neue Uberlappung 


auftritt. 


INTRODUCTION type of overlap just described, he was able to derive 
The electronic structure of magnesium and its nm expression for the change in c/a with added elec- 
trons which fitted the X-ray data.“-*) 


relation to the physical properties of the metal and its 
This work has stimulated the study of other pro- 


alloys has been the subject of considerable investi- 


gation in the past twenty years. perties of magnesium which might be sensitive to 
In 1940, Raynor and Hume-Rothery and Ray- Changes in electronic structure. Salkovitz et al. have 


nor) reported the variation, with solute concen- measured the electron transport properties of a series 


tration, of the ¢ and a lattice constants for a series of Of magnesium alloys, and find anomalies in the 


dilute magnesium alloys. They interpreted their data thermoelectric power relative to Mg-Cd, which they 


as showing discontinuities in slope at electron/atom ascribe to overlap effects. In most cases, however, the 


ratios in the neighborhood of 2.0075, and ascribed  electron/atom ratios at which these anomalies occur do 
not coincide with those found by Raynor. 


these discontinuities to internal stresses produced by 
The heat capacity of dilute magnesium—aluminum 


onset of an electron overlap across the faces of the 


alloys has been measured recently by Rayne®. From 


srillouin zone perpendicular to the ¢ axis. 


Jones®) treated the problem quantitatively, usingas the observed variation of the electronic contribution 


a model the rigid band scheme for metals, in the (and therefore the density of states) with added 


approximation of nearly free electrons. Assuming the electrons, he concludes that an overlap of the kind 


assumed by Jones is initiated at an electron/atom 


* Received February 1, 1960. ratio of 2.02. 
¥ Formerly at Case Institute of Technology, Cleveland, More recent measurements of magnesium alloy 
Ohio. Now at Dayton University, Dayton, Ohio. ; 
t Case Institute of Technology, Cleveland, Ohio. 
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lattice parameters'®®) have, in general, failed to show 
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the breaks in the c-axis parameter that 
reported. 

Leigh has proposed a new method for calculating 
the the 
constants of metals which have a nearly filled zone, and 
In this 


method, the contributions to the elastic constants are 


electronic contribution to elastic shear 


electron overlap into the next higher zone. 


an electrostatic term, a full 
The first two 


divided into three parts: 
zone term and an overlap—hole term. 
terms are positive, while the third term is negative in 
sign in those cases in which electron transfer can occur 
under the shear strain in question. After using this 
method to calculate the shear constants of trivalent 
aluminum, he predicted that, on alloying, the shear 
constant (C), C2)/2 should show an abrupt decrease 
as a new overlap is initiated across a particular set of 
zone faces. Unfortunately, the composition at which 
this break should occur in aluminum has been experi- 
mentally unattainable because of alloying difficulties. 
The evidence of overlap initiation at small composi- 
tions in magnesium alloys led Long and Smith”® 
to investigate these for the elastic anomaly predicted 
by Leigh. In the case of magnesium, initiation of an 
overlap of the type predicted by Jones should show a 
Leigh-type break in the shear constant C = Cj, 
Che + 2033 
elastic constants of a series of magnesium alloy single 


They grew and measured the 


crystals which covered the electron atom range from 
1.993 to 2.020 using silver, indium and tin as solutes. 
In this range they found only a small monotonic 
the 


solute concentration. 


decrease in elastic constants with increasing 

teitz and Smith"! then extended Leigh’s theory 
to the h.c.p. structure of magnesium. Fig. | shows the 
appropriate zone for magnesium with the possible 
positions of electron overlaps and holes. Overlap can 
occur at the positions labeled B, P and Q, while 
holes are presumed to exist in the corner positions 
marked H. 

The anomalous behaviour of the lattice parameters 
has been generally attributed to the initiation of the B 
overlap. Reitz and Smith, however, found that the 
behaviour of the filled-zone energy term made pure 
magnesium unstable with respect to a strain which 
changes the c/a ratio at constant volume, and that 
overlap at the B position in pure magnesium is necessary 


to balance this instability. In addition, the existence of 


P type overlaps is required to give agreement with the 


observed values of the shear constants C,, and C’ 
(Cy, — Cyg)/2 for pure magnesium. Thus, any effects 
observed on alloying, if arising in overlap initiation, 
must be due to a new overlap at the points labeled Q. 


The requirement for stablity of magnesium with 


ELASTIC 
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The Brillouin zone 


ot magnesium, showing the 


position of electron overlaps and holes 
respect to a change in c/a determines the population of 
The total 


number of P overlap electrons is determined by the 


the B overlap position almost uniquely. 


requirement of a fit with the elastic constants 

The knowledge of a number of other electron para 
meters is required to make the model agree with the 
elastic constants. Soft X-ray data indicate that the 
energy range of occupied states In magnesium 1s 
6.2eV. From this, the energies at the points indicated 
in Fig. | taken to be E, Ep 5.75 eV, 
Ey 6.5eV. The density of states at the Fermi level 
is taken as 15.3 
specific heat data and measurements of magnetic 
The _ effective the 


calculations are: (m* 0.98. 


are 


1033) from electron 


cm 


masses used in 


susceptibility. 


m* Me) 


the Reitz and 


™) 
In addition to the shear constants 
Smith model also gives the correct order of magnitude 
of the rate of decrease of C's and C” with increasing 
With respect to (' 


electron/atom 


electron/atom ratio. the model 


predicts a linear increase with ratio 


until the Q overlap is initiated, at which one 


point 
should observe an abrupt decrease in C. This beha 
viour was not observed by Long and Smith. 

Reitz and Smith have explained the lack of a break 
in a quantitative manner by taking into account the 
thermal spread in electron energies at the Fermi 
surface. The effect of this spread is to smear out the 
electron 


onset of the overlap over a large range of 


atom values. By suitably modifying the expression 
for the overlap hole term to include the effects of 
temperature they were able to fit the observed room 
temperature variation of C with alloying, with the 
assumption that Q overlap has occurred at an e/a 
ratio of 2.01. 

In view of the strong temperature dependence of the 
overlap—hole term, Reitz and Smith suggested that a 
repetition of the measurements of Long and Smith was 


in order, and that the effects of Q overlap initiation, 


| 
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provided it did indeed occur in the region investigated, 
should easily be observable at liquid nitrogen tem- 
peratures. 

This paper reports the results of such measurements. 
In addition to the measurements at liquid nitrogen 
temperatures, runs have also been made at 25°C, and, 
for four of the alloy crystals, at liquid helium tem- 
peratures. A repeat of the room temperature values 
was considered worthwhile because of an improvement 
in the accuracy of the velocity determinations. The 
measurements at liquid helium temperatures were 


made to verify the nitrogen temperature results. 


EXPERIMENT 
Description of alloy crystals and their preparation 


The magnesium alloy crystals used in this experi- 
ment are those grown by Long”®. A few of the cry- 
stals had been sectioned for chemical analysis in order 
to obtain concentration gradients. In these cases new 
samples were cut from the remaining portions of the 
original ingots, using the string saw technique des- 
cribed by Long. All of the crystals which he had 
measured had been etched after use in order to take 
back-reflection X-ray photographs, so that all the 
samples have been reworked in the manner to be 
described. 

We have found that the shape of the acoustic pulse 
at the leading edge is sensitive to the amount of cold- 
work at the crystal surface. Kammer” has observed 
the same phenomenon in lead. This in itself does not 
affect the precision of the measured transit times, since 
measurements were always made to the peak cycle in 
each echo. However, the uncertainty as to the depth 
of the cold-worked layer or the value of the pulse 
velocity in the layer leads to a corresponding uncer- 
tainty in the absolute value of the velocity deter- 
mination. For this reason, an attempt was made to 
minimize damage to the surfaces while reworking the 
crystals to obtain plane-parallel faces. 

The technique adopted consists of the application 
solution of acetic acid in water, 
With patience, 


and the use of a micrometer as a guide, one can remove 


to the surfaces of a 5°% 


using a small (No. 2) artists brush. 


as much as 0.030 in. from a surface and still maintain 


reasonable flatness. A few strokes on 2/0 paper is then 


sufficient to produce a flat surface with a minimum of 


cold 


opposite face is then made parallel to it. 


work. Using this surface as a reference, the 
During 
etching, the other crystal surfaces are protected by a 
coat of paraffin. 

With this technique forerunners are found to be 
sharply reduced, the leading cycles of the echoes 
maintaining their theoretical shapes for many echoes. 


VOL. 9, 1961 
Good Laue patterns can be obtained from the surfaces 
without further etching. 

Composition values for the new samples were ob- 
tained from chemical analyses of sections cut from 
each end of the sample. The density was computed 
from these, and the lattice parameter data of Raynor, 
as it appears in Pearson™®), 
The 


acoustic faces 


precise crystallographic orientation of the 
was determined from back-reflection 
Laue photographs. The ¢ axis lies in the plane of one 
such pair of faces, and makes an angle # with respect 
to the normal to another such pair of faces which is 
used to determine C,, and C3,. This angle which was 
usually about 45°, was determined by trigonometric 
calculation from identified poles rather than from the 
usual stereographic projections. This method resulted 
in an improvement in accuracy such that 4 was deter- 
mined within +-0.1 

In making these measurements, photographs were 
always made from both of the two faces as a check for 
three of the 
alloy crystals showed different values of # at the two 


mechanical alignment. Surprisingly, 
faces. The change in angle is larger than any possible 
for the 


0.46 per cent and 0.67 per cent tin alloys, respectively, 


errors in measurement, being 0.6° and 1.5 
and 1.5° for the indium alloy. 

That these changes in ¢ axis orientation are not 
connected with the surfaces was verified by taking a 
double-exposure Laue photogiaph from one of the two 
faces containing the c axis. The crystal was mounted 
on a traveling stage, and exposures were made on the 
same film from areas near the two ends of the crystal. 
The superimposed zones showed a relative rotation 
corresponding to that previously observed. 

Except for this irregularity (looked for but not 
observed in any of the other alloys) there is no evidence 
The 


behaviour of the echoes in these crystals, such as 


that they are anything but single crystals. 


attenuation and variation of pulse structure wich time, 


appeared to be the same as for the other crystals. 


The most convincing evidence, however, comes from 
Once the 


has been 


the etching used to work the surfaces. 
previously existing cold-worked layer 
removed, the acetic acid begins to bring out the flash- 
plane optical effects characteristic of single crystal 
surfaces which have been differentially etched. All the 
surfaces of all the crystals appeared uniform and free 
from substructure at this stage of working. 

A reasonable conclusion is that the crystals grew 
this way, and that at least part of the effect is due to 
the concentration gradient along the ingot. If dg/dx 
is a uniform concentration gradient along the normal to 


the faces under consideration, and I/e de/dg and 
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|/a daj/d@ are the fractional changes of the ¢ and a 
parameter with concentration then 
de 


lda dq 


AO 
dx 


Sin 4 Cos 6 


c dq a dg 


gives the change in c-axis orientation for a crystal in 
The 


value of dg/dx is known from the chemical analyses, 


which the distance between the two faces is /. 


and values for the lattice parameter changes with 
alloying for magnesium-—tin and magnesium—indium 
alloys were obtained from Raynor®?, 

One can account in this way for 0.2” of the observed 
0.6° change in 6 for the one tin alloy, 0.4° of the 1.5 
change in the other tin alloy, and only 0.2° of the 1.5 
change in the indium alloy, leaving the possibility that 
a large part of the change in # may be a discontinuous 
change somewhere between the two faces. 

The foregoing effects have been described quite fully 
as they occurred with just those specimens which are 
in the critical composition region where Brillouin zone 
anomalies may occur. While the c-axis shift may have 
some intrinsic interest in this connection, it has no 
practical effect on the values of the elastic constants. 
For the two tin alloys, @ is within 1.5° of 45°, and as 
explained in the next section this variation in 4 
introduces an additional uncertainty of only 0.04 per 
cent in the important constant C. For the indium 
alloy, where @ is about 38°, the added uncertainty is 
0.55 per cent. 

T he ory 


Acoustic measurements: 

The various acoustic wave velocities used to deter- 
mine the elastic constants were measured by a modi- 
of the method.“4 A 


detailed description of the method used to measure 


fication pulsed ultrasonic 
transit times will be reported in a later paper. In this 
method the question of the so called “transit time 
error’ is dealt with in what is believed to be an 
unambiguous manner. The acoustic wave velocities so 
determined are believed to be accurate to 0.1 per 
cent. 

The calculation of the elastic constants from the 
measured wave velocities is here recapitulated from 
Long and Smith. The pertinent relationships between 
acoustic-wave velocities and elastic constants are, for 


hexagonal crystals, 


where P 
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Here l, 


of propagation, C 


are the direction cosines of the direction 
the 


crystal referred to the conventional reference axes, C 


;, are the elastic constants of 
are the elastic constants referred to another coordinate 
system with the X axis along the direction of propa- 
gation. V,, V, and V, are, respectively, the velocities 
of a longitudinal wave and two shear waves propaga- 
ted along X. 


elastic constants are related to the unprimed constants 


For the hexagonal system, the primed 


as follows: 


Five independent wave velocities must be measured 


to calculate the five unprimed elastic constants in 


» 


equations (2)—(5) 


If now we make the direction ot propagation per 


pendicular to the ¢ axis, then and 


(Note here that in equation and 


have been accidentally interchanged From 


66 
equation (7) we see that a longitudinal wave propaga 


ted in the basal plane determines (¢ a shear wave 


propagated in the basal plane with particle motion in 


the basal plane determines (C), 2 and a shear 


wave with particle motion along the ¢ axis determines 


(',,. Thus, a pair of plane parallel faces which contain 


the ¢ axis ¢: be used to measure the above three 


constants 

To measure Cj, and ¢ another pair of plane paral 
lel faces which are perpendicular to the other two are 
The angle 4 the ¢ the 


faces gives the values of n and «x in 


required, between axis and 


normal to these 
equations (2)—(5); this angle is measured by back- 
V, and V, taken together 


then 


reflection Laue photographs 


either | or | allows a 


determine 35 and 


determination of (C,. V.. being a combination of 


13 2 
Cy C2) ? and contributes nothing new 
Although all five elastic constants have been mea 


sured at liquid nitrogen temperatures for each alloy 


2,277 Dy 2.2 
( 15 ng ne 
C ( 
11 pl, 11 
2 » 
(66 pV, (12)/= 
Oss 
( 
15 
Cog m, n, C,,) pV." l) 
v0 
Cu 
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crystal, we are primarily interested in the variation of 
the three shear constants with alloying. As pointed out, 
are measured directly from a single velocity deter- 
defined by Cy Ce 2C 
is a combination of four elastic constants, three 


the crystals are so cut that C,, and (” (Cy 


mination. 
of them determined indirectly, so that one might 
think that the resulting accuracy of determination for 
this constant would be low. This is not necessarily so, 
since one can also express C' as a linear combination of 
the two shear constants C’,, and C’ and one represented 
44 (pV;° P 

For most of the crystals measured the value of @ 
is near 45°, so that C does not depend very strongly on 
('4,. and, since at this angle P is negligible, we find 
that C is dependent primarily on C’ and pV". For 
purposes of estimating errors, 
” when @ is near 45°. (9) 


Cr 


Sp V;" 2¢ 


|e" in Magnesium, we see that the 


Since lp Vs" > 


accuracy in determining C’ is dependent almost 
entirely on the accuracy in measuring pV,” in fact, the 


uncertainty in C is about 4/3 that in measuring pV”. 


Acoustic measurements: Experimental procedure 


The wide band apparatus described in Ref. (14) 
was used in measuring the transit times of the various 
acoustic waves. For these measurements the pulse 
generator was further modified to produce a single 
pulse having a time duration of 0.2 psec, to drive 
five megacycle quartz transducers. 

{00m made at 
25.0°C 


measured while the sample was immersed in a constant 


temperature measurements 
the 


were 
shear wave velocities being 
temperature kerosene bath. The quartz-sample seal 
used was salol, applied hot and wrung down to give as 
thin a seal as possible. The thickness of these seals, 
as well as the silicone seals used at the lower tempera- 
tures, was measured and found to be less than 0.0001 
cm. 

For the low temperature measurements, the sample 
was held in the upper end of an open-bottom aluminum 
The 
top of the can had an insulated spring contact which 
the the 


r.f. lead, which ran inside a two foot long section of 


can which was 3 in. long and 1} in. in diameter. 


made connection between transducer and 
stainless steel tubing and terminated in a coaxial 
connector. 

A double-walled Dewar was used as the cryostat for 
both the liquid nitrogen and liquid helium measure- 


ments. All the shear-wave velocities were measured 
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The 


longitudinal-wave velocity measurements were made 


with the sample partially immersed in liquid. 


after precooling the sample by immersion, then raising 
the sample holder until the sample was just out of the 
liquid. At this point, more than half of the can was 
No observable drift 


in transit times could be detected during the measure- 


still in contact with the liquid. 


ments. 
Several low temperature seal materials were tried, 
with none being found completely reliable. Finally 
settled upon was a mixture of Dow-Corning silicone 
fluids having the consistency of a light syrup. It was 
found that seal failures in liquid nitrogen were mini- 
mized, although never eliminated, if the sample and 
sample holder were cooled quickly by immersion of 
the lower end of the sample. The seal takes several 
minutes to solidify, and during this time the transducer 
and sample can come into temperature equilibrium 
while the seal is still plastic enough to accommodate 
the relative change in dimensions. It was noted that 
splashing of liquid nitrogen on the seal almost always 
caused failure. In liquid helium, on the other hand, no 
seal failures were observed in over twenty runs. 
Corrections for the changes in density and path 
lengths with temperature were made, using the values 
(15) 


of Goens and Schmic for the thermal expansion 


coefficients of pure magnesium. The change in @ 
caused by the difference in the expansion coefficients 
in the ¢ and a directions was calculated and found to 
be negligible in comparison with the other errors. 

As pointed out by Long, all the alloy crystals showed 
a longitudinal concentration gradient, with the highest 
concentration at the top of the ingot. Sections were 
sliced from the ingot immediately above and below 
the portion used for making velocity measurements, 
and chemical analyses made from them. An average 
value of the two compositions was used to determine 
the density p used in calculating the elastic constants. 
From the accuracy in the chemical analyses, deter- 
mined by check runs, one can calculate the uncer- 
tainty in the value of p,,. In all cases, the uncer- 
tainty is less than 0.2 per cent. Since the accuracy of 
the square of the velocity measurements is 0.1 per cent 
the values of the directly measured shear constants, 
-O.3 


per cent. The error in C, when allowance is made for 


C” and Cy are considered to be accurate within 
the errors in measuring §, varies from +-0.4 per cent to 
0.6 per cent, depending upon the value of @. 


RESULTS 
A total of ten crystals were measured, including one 
pure magnesium crystal. The measurements of Long 


and Smith et al.“® and the present ones are the most 
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TABLE l. 
other investigators. 


The adiabatic elastic constants of pure magnesium at three different temperatures, compared with those obtained by 
The results of Slutzky and Garland'!*® have been normalized to a density of 1.738 g em 
units of 10'? dyn em? 


Entries are in 


Tem 

Experiments 
(°K) 

0.6135 

0.616 

0.6125 


0.1632 
0.1638 
0.1632 


0.1669 
0.1680 


298 
298 
298 


0.5928 0.2590 
0.5969 0.2622 


0.5905 0.2545 


Present 
tef. (10) 
Ref. (16) 


0.6561 


0.6553 


0.1850 


0.1846 


0.6332 
0.6260 


0.2631 


O.2575 


Present 78 


Ref. (16) 80 


0.1808 


0.1829 0.1872 


Present 
Ref. (16) 


0.1863 3466 


TABLE 2. The adiabatic elastic constants of magnesium alloys at 298, 78 and ‘ r 3s are in unit 


Electron 


Alloys 


Temp. 


(at.%,) 


0.37 Ag 


0.26 Ag 


Pure Mg 


0.21 Sn 
0.46 Sn 
1.02 In 


1.35 In 


0.67 Sn 


0.94 Sn 


1.96 In 


atom 
ratio 


1.9963 


1.9974 


OO42 


OOO? 


? OL02 


2.0135 


2.0135 


? OTSS 


2 O196 


K) 


0.5975 


0.6389 


0.5968 
0.6374 
O.5928 


0.6332 


5945 
6346 
5932 
1.6333 
5941 
6344 
6350 
0.6391 
0.5964 
0.6371 
O.5951 


0.6350 


0.5944 


0.6352 


6201 
6631 


6168 
6603 
6135 


6561 


6154 
6588 
6148 
6574 
6276 
6682 
6148 
6562 
6618 
6138 
O.61L77 


0.6606 


O.6598 


0.2620 


0.2666 


O.P6LS 
O.P654 
O.2590 


0.2631 


O.2611 
0.2647 
0.2613 
0.2652 
» 
O. 
0.2626 
0.2652 
0.2663 
0.2629 
0.2674 
0.2642 
0.2673 
0.2634 


O.2675 


0.1652 
0.1847 
0.1649 
O.TS25 
0.1632 
0.1807 
0.1820 
0.1634 
0.1624 
O 1708 
0 1620 
O.1796 
O 1625 
0.1821 
01631 
QO. 
O.1615 
Oo. 


1678 
TSS] 
O.1677 
TS60 
1669 
0.1850 
0.1872 
0.1667 
TS50 
1659 
0.1660 
1845 
1665 
1840 
0. 1668 
0.1654 
TS30 
L655 


recent determinations of the elastic constants of 


magnesium. All have been made by the pulsed ultra 
sonic technique, but each differs in the method used 


to correct for the so-called transit time error. In 


Table | the results of this work are compared with 
those of Long and Smith at 298°K, and with Slutsky 


and Garland at 298, 78, and 4°K. For purposes 


of comparison the values of the latter have been 


normalized to the density (p 1.738 g em~?) used by 
us. 

Table 2 lists the adiabatic elastic constants of all the 
crystals at the three temperatures measured, along 
with their chemical compositions and e/a ratios. 

Table 3 gives the values of the ratio C/C, for the 
Here (C, is the 


for magnesium. 


value of the 
The 


are plotted against e/a 


three shear constants. 0 


corresponding constant pure 
liquid nitrogen values of C/C, 


in Figs.2 and 3. We note, from Table 3, that C/C, for 


a given crystal does not vary with temperature, so 
that the graphs illustrate the behaviour of the shear 
constants at the other two temperatures a The 
Reitz and Smith for 7 0 is 
Fig. 3 


nitrogen 


s well 
theoretical result of 
and the small modi 


shown as a solid curve in 


fication for shown 


dashed. 
that overlaps aré 


liquid temperature is 
They are both drawn under the assumption 


the three alloy crystals 


initiated at e/a 2 Ol. 


in Fig. 3 designate 


arrows 
which are the subject of a special note in the experi 


ment section.) 


DISCUSSION 


Three features of interest are apparent in Figs 
and 3. 
1) The points representing the alloy crystals with 
silver solute show a larger variation in all three 
shear constants with e/a than do the points for 


the other two solutes. 


f f 
1.2160 
1.2180 
1.3578 
0 
f 10 dvn 
( ( ( ( ( ( 
298 0) 0.2179 1.228 
78 0.2191 1.355 
ol. 9 ‘ 369 
961 298 0 0.2172 1993 
: 
0000 298 0 0.2157 1.216 
1.358 
29S 0.2174 
78 0.2177 1.346 
7s O.2191 1.33 
298 (0.2234 
78 0.2229 1.34 
298 0.220] 1.207 
78 0.2201 1.332 
0.2201 1.349 
208 0.2189 1.211 
78 O.2191 1.340 
298 0.2211 1.210 
78 0.2217 1.33 
78 (), 2222 1.334 
1.34 


ACTA 


\ list of the ratio C/C, for the three shear constants 
of magnesium alloys at 298, 78 and 4’-K 


TABLE 3 


Electron Temp. 
atom ratio 
O12 005 
O12 006 
005 009 
9974 O04 006 
O10 005 006 
0042 002 OO] 
O01 000 
2 0092 95 994 997 
995 995 
2.0102 993 995 001 
994 002 
2 996 997 
996 999 992 
996 996 993 
0.67 Sn Be 000 999 996 
000 999 0.998 
0.94 Sn 2. 990 991 95 
990 996 
O89 993 995 
O196 O88 992 992 
O89 994 993 
987 0.994 91 


1.9962 


0.21 Sn 


0.46 Sn 


1.02 In 


1.35 In 


® 


| 
000 2010 


Electron - atom ratio 


® = in alloys 


The elastic constants C,, and C’ for magnesium 


Lu 
2020 
B=ng alloys O =Sn alloys 


alloys vs. electron/atom ratio. 


= Cu Cie+ 2C33-4C3 


2.000 


2.010 


Electron - atom ratio 


= Ag alloys 


Fia. 3. 
Che 2¢ '33 
alloys vs. electron/atom ratio. 


O Sn alloys 


The shear constant 
1C’,, for magnesium 


In alloys 


11 


(2) Whereas the theory requires that the slope of 


C/C, vs. e/a for the the shear constant C, in the 
absence of an overlap, should have a relatively 


large positive value, as shown by the solid line 


METALLURGIC: 
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and its dashed extension in Fig. 3, the experi- 
mental points to the right of pure magnesium 
are best fitted by a straight line having a 
slightly negative slope. 

Within experimental error, the data plotted in 
Fig. 3 show no signs of a drop owing to overlap 
initiation of the magnitude predicted by the theory. 
This the 


between lines and 


magnitude is given by difference 
the dotted 


expected to be present regardless of the sign of 


two would be 


the initial slope of the data. 


We shall discuss each of these features in the order 
given above as it is necessary to clear up the relatively 
minor matters of (1) and (2) before the important 
f-cture (3) is considered. 

(1) As was mentioned in the introduction, Reitz and 
Smith calculated the rate of variation of the shear 
constants as a function of added electrons, and ob- 
tained values which gave the same sign and order of 
magnitude as those obtained experimentally by Long. 
zone 
With 


this assumption, the variation of the elastic constants 


based constant 


lattice 


These calculations were upon 


dimensions, i.e. constant dimensions. 
is due only to the variation of the Coulomb term and 
the overlap—hole term with alloying, since the full zone 
term remains constant with alloying. 

It is an experimental fact, however, that the lattice 
dimensions do change with alloying, and that the 
the for different 


solute atoms. The silver alloys, for example, undergo 


manner of variation is not same 
primarily a volume change, this dilation having the 
relatively large value of (AV Vo) Ag 0.54 per 
cent per atom fraction. The tin alloys, on the other 
hand, show mainly a change in c/a with alloying, with 
almost no dilation, while the indium alloys undergo a 
combination of both strains as solute is added. 

In order properly to compare the experimental 
variation of the elastic constants with those predicted 
by the theory, one should, then, include in the theory 
the effects of lattice parameter changes in the three 
contributions to the shear constants. This correction 
is difficult to make on a purely theoretical basis. 
Because the silver alloys suffer primarily a volume 
change with alloying, however, it is possible to correct 
the theory for just these alloys by means of the 
experimental values of the pressure derivatives of the 
elastic constants of magnesium, reported recently by 
Schmunk and In 


produced by hydrostatic pressures is almost a pure 


magnesium the strain 
dilation, so that the measured pressure derivatives 
yield good numbers for the change of the elastic 


constants with volume. 


90 
(3) 
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EROS SMITH: ELASTIC 


We may express the variation of the elastic con- 


stants at constant temperature as follows: 


d \InV 
dq 


6c 


dC oc 


aq 


B,| 


dq 


(c/a)q 


0c 
LO In (c/a) 


d \n (c/a) 
(10) 


dq 
all evaluated at g 0. We have used the symbol g in 
place of e/a. The first term on the right is the varia- 
tion of C with qg for constant lattice parameters, as 
calculated from the Reitz—Smith theory. The next 
two terms are variations due to volume and shear 
strains dInV/dq and d In(c/a)/dq caused by alloying. 
The value of B, 0C/A0P for the shear constant C is 

Schmunk Smith to be 4.7 Lol 
The value of d InV dq for the silver alloys 


found from and 


dyn 
has already been given as —0.54 per cent per atom 
fraction, or 0.54 per cent per unit increase in q so that 
the correction to the theoretical slope is —2.5 Lgl 
1.8 per unit g for 
The solid line 


to the left of the magnesium point in Fig. 4 shows the 


dyn cm~? per unit increase in q, or 


the correction in the slope of C/C, vs. q. 


corrected theoretical slope; it appears to account quite 
well for the apparently anomalous upward trend of C 
upon alloying with silver. 

(2) The experimental results show that the slope of 
the vs. plot is negative at all temperatures. Because 
the Reitz and Smith theory predicts a relatively large 
positive slope, it has been found necessary to examine 
the theory to see what modifications to the theory are 
required to bring about agreement with the observed 
slope. In addition, modifications are required to make 
the theory yield the values of the three shear constants 
measured at liquid helium temperatures. These values 
were not available at the time the Reitz—Smith paper 
was written and they fitted the theory to the room- 
temperature values of Long and Smith. 

Without going into the details, it has been found 
that the above conditions may be met by reasonable 
changes in some of the parameters, particularly in the 
values of the effective masses and populations of the 
holes- and overlap-electrons. Small changes in the £, 
were also made in order to make them more consistent 
with the requirement of a common Fermi surface for 
Table 4 


revised list of parameters while Table 5 shows the 


the holes- and overlap-electrons. gives a 
contributions to C and C” based upon these parameters. 
The variation of the three shear constants with q is 
listed in Table 6. Fig. 4 shows the revised theoretical 
behaviour for C, with and without the initiation of the 


Q overlap at e/a 2.01. It should be stressed that the 
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\ revised list of some of the parameters used in the 
teitz—Smith theory 


TABLE 4. 


Quantity Value 


Ly 
Coulomb factor 

107! em 
107! em 
107! em 


1()33 


NB 
Ona 
Ne 

ON p 
6Ny 
(mm */m R 
(m* 


* 
(on 


p 


TABLE 5. Contributions to the elastic shear constants of pure 


magnesium in units of 10!'? dyn em 


Coulomb term 
Full zone 
Overlap—hole term 


term 


Total 
Experiment 


Change in the elastic she: constants of dilute 


0.01 increase in 


TABLE 6 


Inagnesium ratio, 


alloys pe electron/atom 


expressed in units of 10' dyn em 


0.0039 


0.0011 


Overlap—hole 0.0201 0.00334 


Coulomb 0.00210 


OOOL?24 0.0028 


0.00050 


Total 0.0020 
xperimental 0.0035 0.0009 


C= 2C33° 403 


2.000 2010 2.020 
Electron — atom ratio 

@=Ag alloys =In alloys 
Ki 4. The shear constant 


C, Cie 2( for magnesium 


O=Sn alloy 


alloys vs. electron/atom ratio 


compared with the variation predicted by theor 
slope of the line to the right of g = 2.00 isonly approxi 
mate, since no corrections to the theory have been 
made for the lattice 
alloying. It is not expected that these corrections will 


changes in constants upon 


be as large as those found for the silver alloys, because 


Ex 75 e\ 
6.10 e\ 
6 10 e\ 
cm 
5.91 erg! en 
0.90 
0.63 
0.210 
} 
0.188 
J 
L358 0.187 
1.358 
Ol 
1.00 
399 \ 
98 | \\ 
97 \ 
\ 
SE 
94 
C = 
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of the smaller magnitude of the c and a axis variations 
in the tin and indium alloys. 

(3) Figure 4 shows the expected behaviour of ¢ with 
q. considering the revisions just discussed. The lower 
of the two dashed lines is the expected behaviour 
at liquid nitrogen temperature under the assumption 
that a Q overlap is initiated at g = 2.01. The data obvi- 
ously fails to show a drop of the magnitude required by 
in fact, the experimental points are fitted 


theory; 
quite well by the straight line shown. In addition to 


the lack of a break in the plot of C/C, vs. q in Fig. 4, we 
should like to point out the remarkable constancy in 
the values of C/C, with temperature that is apparent in 
None of the crystals show 


the last column of Table 3. 
variations of more than 0.2 per cent, with no consistent 
trend in the variations. 
C'/C, at different temperatures for the same crystal, the 
only experimental errors involved are those in the 
velocity measurements, and these are good to 0.1 per 
Thus, 

the 
does not vary with temperature for any of the 


cent. the observed spread in values is just 


within experimental error, indicating that 

0 
alloys measured, within 0.2 per cent. From Fig. 3 in 


Ref. (11) however, we would expect to observe, in the 
case of a Q overlap, differences of about | per cent 
between the values of C/C,) measured at room tem- 
perature and those measured at liquid nitrogen or 
The this 


negative before the overlap and_ positive 


helium sign of difference 
should be 


afterwards. 


temperatures. 


The absence of such a variation serves to 


corroborate the conclusions drawn from the linear 


behaviour of C/C,, namely that no overlaps have been 
initiated in the alloys measured. 

That part of the Reitz-Smith theory which deals 
with the behaviour of C after a new overlap is initiated 
is quite simple and straight-forward. It involves a 


minimum of assumptions and parameters, much 
fewer, for example, than are used in calculating the 
elastic constants themselves. The cusp-like behaviour 
indicated in Figs. 3 and 4 is the result of the addition 
of a new term to the Coulomb, full-zone and already 
existing overlap—hole terms, all of which are slowly 
varying functions of q in the region indicated. Regard- 
less of whether or not the net variation of these three 
terms with g has been correctly calculated, the amount 


of the change upon alloying is given quite simply by 
(q)E* 


( 


(11) 


where N(q) is the density of states at the surface of the 
overlap, and £ is the energy at the origin of the over- 
lap position. The above expression holds true for any 


overlap, except that the numerical factor varies with 


In comparing the values of 
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the type of overlap, having the values 8 and 1.4 for 
the B and P overlaps, respectively. For nearly free 
electrons, we have 


1089 ( ; (12) 
aq 


mn 


N(q) 3.36 


The value of d(d 
Reitz and Smith to have the value 2.8 


E)/dq has already been found by 
erg per 
we obtain 


unit gq. Using a value of 0.55 for (m*/m), 


a figure of 7.8 per cent for the total decrease in C/C, in 
the q interval of 0-01 after the initiation of the Q- 
overlap. This is the behaviour shown by the solid 
curved line in Fig. 4. If we assume the new overlaps 
to be B or P types, the drop would be 15.6 per cent or 
2.7 per cent, respectively. The scatter of the data in 


Fig. 


3 is small enough that we believe any of these 
Thus, the lack 
of an observed arop in the low te mperatures values of 
and the with 


appears to be strong evidence that no new ove rlap has 


changes would be detected readily. 


constancy of temperature, 
been initiated in the range of q investigated. 
Note added in proof 

Our colleague Dr. W. L. 
attention to recent high field de Haas—van Alphen 


Gordon, has called our 
observations in pure magnesium by Priestley“*). One 
of the new periods can be associated quite clearly with 
the B overlaps of this paper, and corroborates our 
picture that these overlaps are already present in pure 
magnesium 
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SURFACE SELF DIFFUSION MEASUREMENTS ON NICKEL 
BY THE MASS TRANSFER METHOD* 


J. M. BLAKELY 


Surface self diffusion constants JD. for nickel, heated in 


1200°C, were calculated from 


D, was found to depend strongly on surface orientation, the effect being greatest at the 


tures. 


exact (111) and (100) orientations was observed indicating much higher 


interferometric measurements on the rate of 


This is ascribed largely to orientation dependent impurity adsorption Phe 


and H. MYKURA? 


vacuo at temperatures between 800°C and 
smoothing of scratches 
lower tempera 
formation of flats of 
values of D. for planes 


these 


Impurity adsorption was found to be least for surfaces near (111). The variation of diffusion constant with 


temperature for surfaces oriented within 25 
with D, 5( +3) 10-4 em?2/see and Q 0.62 | 
MESURE DU 

METHODE DE 


Les auteurs ont déterminé par mesures interférométriques de la 


le coefficient D, dautodiffusion en surface du nickel chauffe 


a 1200°C. 


Ils ont trouvé que le coefficient D, variait fortement avec l orientation « 


née, cette variation ¢tant nettement 


of the (111) 
0.08) e\ 

COEFFICIENT D’AUTODIFFUSION EN ‘ Di 
TRANSPORT DE 


plus élevée aux 


surface was given by D D, exp QO/KT 


NICKEL PAR L 


MATIERE 
vitesse d’aplanissement 


sous vide a des temperatures variant ce 


ristalline de la surface 


temperatures inferieures Ce phénomene 


imputé une absorption d’impuretés dépendant de lorientation. L’observation d’échantillons d’orien 


tation cristalline (111) et (100) montre les valeurs les plus élevées du coefficient ), pour ces plans 


Les auteurs ont montré que l’absorption des impuretés était moindr 


(111). 
de 0 a 25 
dD, D 


ou D, of 


0 
Q = 0.62( 


MESSUNGEN DER 


La variation du coefficient de diffusion avec la température pour ce 


exp ( 
3) 


sur des plans voisins du plan 


s surfaces formant un angle 


avec les plans (L111) est donnée par la relation 


() KT) 


LO-* em?®/sec 


0.08) e\ 


OBERFLACHEN-SELBSTDIFFUSION VON NICKEL AUS 


DER MASSENUBERTRAGUNG 


Oberlachen-Selbstdiffusions-Konstanten D, von Nickel, das im Vakuum auf Temperaturen zwischen 


800°C und 1200°C erhitzt worden war, wurden aus interferometrischen Messungen der Einebnungsgesch 


windigkeit von Kratzern berechnet. D 
tiefen Temperaturen. 
zuriickgefiihrt. 


was dafiir spricht, daB diese Ebenen wesentlich héhere 


Adsorption war am geringsten fiir 
Orientierung von (111) um héchstens 25 


dD, D, exp (—Q/KT), mit D, 5( +3) 1Q-4 


0 


hangt stark von der Oberflachenorientierung ab, vor 
Die Bildung von Flachen mit genauer (111) 
Flachen mit 


abwich, andert sich die Diffusionskonstant« 


em? /sec 


allem bei 


Dies wird hauptsachlich auf orientierungsabhangige Verunreinigungs- Adsorption 


und (100)-Orientierung wurde beobachtet, 
Werte von JD, haben Die Verunreinigungs 
(111 Fir Flachen, 


nach der Gleichung 


nahezu Orientierung deren 


und 0,62( 0,08) e\ 


1. INTRODUCTION 

The theory of mass transfer along a curved surface 
of a crystal has been given by Mullins”. The three 
transport processes, surface diffusion, volume diffusion 
and evaporation—condensation can occur, but for 
certain experimental conditions surface diffusion is 
highly dominant, so that the surface diffusion constant 
mass transfer measurements 
that 
independent of crystallographic orientation and in 
the 


provides the driving force for migration) and D,, the 


can be derived from 


The theory assumes surface properties are 


particular that y,, surface free energy (which 


surface diffusion coefficient, depend only on tempera- 
ture. 


The measurements here reported were made on 


scratches in polycrystalline nickel, the surface profile 


being measured on a number of separate grains with 


* Received January 15, 1960. 
+ University of Glasgow. 
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an interference microscope The measurements show 


variation of self diffusion coefficient with 
flats”’ of 


111) orientation develop when a 


a marked 
cry stal orientation. It was also found that 
exact (100) and 
curved surface includes such a low index plane and 
this indicates that the diffusion coefficient for such a 
low index plane is much greater than for a plane of 


random orientation 


2. THEORY OF 
Mass 


mechanisms 


THE MASS TRANSFER METHOD 


transfer in and on crystals by different 


has been 


effect of 


change of scale on the relative importance of some of 


tension 
the 


driven by surface 


considered by Herring™), who states 
the possible mechanisms (Herring’s scaling law). It 
is implicit in this that surface diffusion is governed 
by a fourth order partial differential equation, and 
The full 


theory of mass transfer in terms of the basic constants 


such an equation was given by Mykura‘? 


. 
\ 
cle trait 
23 
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+ °K 


relative 


importance of the 


Variation with temperature of the 
three transport 
causing surface smoothing. At the melting point the 
surface diffusion contribution exceeds the others by 
103, 10? and 3 for wavelengths of 2, 10 and 
values of the wavelength } 


mechanisms in 


factors of 

50 respectively. For 

than 150 4, evaporation condensation pre 

The constants A, B and C are defined by 
Mullins". 


greate! 


dominates. 


(assuming no orientation dependence) for the three 
different transport mechanisms has been worked out 
by Mullins”, 


sinusoidal surface smoothing in vacuo after time f¢ is 


Following Mullins, the solution for a 


asin mx exp|—(Aw* Cw? 

Aw*t) represents the smoothing due to 
t) that due to 

Bot) that 


A, B,C 


where exp | 
evaporation—condensation, exp ( 
and due to 


The 


volume. diffusion exp ( 


surface diffusion. constants depend 


primarily on the vapour pressure, surface and volume 


diffusion constants, are assumed to be independent of 


Mullins”). 


The variation of these factors with temperature for 


crystal orientation and are defined by 


nickel is shown in Fig. | for values of the wavelength 
The for the 


vapour pressure required to calculate A 


= of 2, 10 and 50 wu. values 
were taken 
from Dushman™), volume diffusion coefficients used 
in the calculation of C’ from Reynolds et al.) and 
Hoffman et al.‘ and the measured values were used 
for B. The graphs show that at low temperatures and 
short wavelengths surface diffusion is highly pre- 
dominant and even at the melting point the other 
processes may be neglected for wavelengths up to 
10 uw. In the following, it is thus assumed that surface 


diffusion is effectively the only process operative. 
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Fic. 2. 
shows the profile after 


Decaying sinusoidal surface. The dotted curve 
an annealing time Af 
In this case the basic equation governing surface 
smoothing is 
dz/ot B 04z/dx4 (2) 
Dy (Mullins’ notation). Here Q 


is the atomic volume, v the surface density of atoms 


where B 
and k7’ the thermal energy. Assuming the surface 
equal to the inter atomic 


Dy 


laver is of thickness d, 
distance, this can be rewritten as B 
For the sinusoidal case 

a sin mx exp (— Bart) 


Bayz. 


Rewriting equation (4) 


and 
and replacing 
2ar/m) 


B Az A*/Z 1674 At 


(2, z,)/2 to sufficient 


wavelength 


where Az 2 


accuracy. 


zy and 


2, 22 and £ can be measured, and so B 
evaluated (Fig. 2). 

For a more general surface corrugation the profile 
can be represented by a Fourier series 


A. SIN NOL 


Fic. 3. 
short annealing period, (c) an asymmetrical scratch 
the dimensions //2 and 


Scratch profiles (a) initial form, (b) form after 


profile. (b) and (c) show 


24 
1961 
3) 
(4) 
hy the 
(5) 
(6) 
246 
i 


p MYKURA: 


symmetrical 


Fic. 4. Smoothing of an approximate 
scratch and development of a grain boundary groove 
2 1O00-C, (b) after 214 hr at 900°C, 
900 C. The value of (900°C) 
10 em?/see and 
grain boundary groove development 0.8 


10° em?/see 


(a) after hr at 
(c) after 47 hr at 
ealeulated from this scratch is 0.1 
from the 


and after time ¢ this will have smoothed to giv 
profile 


A, sin exp Boyt) 


sin NOX EXP | Bnic't) 

Due to the factor x4 in the exponential all terms after 
the first decay very rapidly and the surface soon 
approaches pure sinusoidal form. For 
after a time of one fifth of the characteristic time 


T 1/ Bot, the fundamental has decreased to 82 per 


instance 


cent of its initial amplitude, the second harmonic to 


4 per cent and all higher harmonics have effectively 


SURFACE 


SELF-DIFFUSION ON Ni 


For B 10-79 em4 sec! and 4 
(typical value for nickel at 
3 hr. 


This same principle of the rapid disappearance of 


10 


about 


disappeared. 
1000°C) 0.2 7 is 


the higher harmonics can also be applied to a single 
scratch on a smooth surface. A single scratch made 
with a rough instrument will have an initial profile as 
in Fig. 3(a). If such a specimen is now annealed for a 
short time at a high temperature (for nickel, say 3 hr 
at L000°C) the specimen recry stallizes and the surface 
smoothes by surface diffusion to give a surface profile 


3(b) An 


scratch is shown in Fig. 4(a) 


as shown in Fig interferogram of such a 

If we now assume that the surface between the two 
maxima on either side of the scratch smooths like a 
the rate of 
value of B 
This assumption 


The net 


pure sine wave, then measurement of 


vield a 


and hence D 


involves considerable approximation 


smoothing of the seratch will 
using equation (5) 
mass 
transfer depends on the curvature gradient, and for a 
single scratch this is greater from the maxima towards 
maxima to 


that A/2 


the centre than outward. This causes the 


move apart as the scratch smooths so 


increases with time and also leads to a smaller value 
of Az 
was measured on 


and the base of the scratch 


scratches 2/2 


In the measurements on single 
between the crests 
as shown in Fig. 3(b 


difficult to 


a level midway 


As exactly symmetrical scratches were 


produce, slightly asymmetrical scratches were also 


used. The procedure adopted for these Is shown In 
Fig 3(c) 


‘effective defined as 


As /,2 increases during the experiment an 


was used for the calculations; A, and A, being the 
wavelengths before and after the annealing period 

Band D 
the single scratch measurements using the modified 
liable 


The magnitude, 


The absolute values of obtained from 


sinusoidal smoothing equations are therefore 
to asystematic error ont his account 
and even the sign, of this error is difficult to estimate, 
but the values are probably too small rather than too 
large, as 4/2, as defined, is probably too small, and 
the error should be less than 50 per cent 

affected by 


The relative values are of course not 


this, and as the activation energies determined depend 


on the relative values, their probable error has been 
Multiple 


Fig. 5a) do not suffer from this syste 


estimated from the scatter of the points only 
scratches (e 


matic error, but as they are much more difficult to 


produce experimentally, single scratches were used 


for most of this work 


— 
__ 


MET 


3. EXPERIMENTAL TECHNIQUES 
The experiments were carried out on nickel sheet: 
one set of runs on “‘specpure”’ nickel (from Johnson, 


Matthey and Co.) whose main impurities were: 


Fe 0.002, Cu 0.0002, Ag 0.0001 per cent, non-metallic 


impurities not given. Another set of runs were made 
on commercial nickel sheet, the main impurities being 
Fe 0.2, Cu 0.2. Mg 0.1, Si 0.1, C 0.05, S 0.005 per cent. 

Both grades were used in the ‘‘as rolled”? condition. 
A cross grid pattern of scratches was made on the 
surface with a razor blade. The specimens were heat 
treated in a vacuum furnace, cooled in vacuo, photo- 
graphed in air with a Baker interference microscope 
and re-heated in vacuo. Temperatures between 1200 
and 800°C were used. The specimens recrystallized 
completely in the first hour or two at the higher 
temperatures to give a stable grain size of about 
150 uw; many of the grains extending through the 
thickness of the sheet. For the runs at lower tempera- 
tures, where recrystallization would have taken longer, 
the specimens were first heated at 1000°C for 2 hr to 
recrystallize them and smooth the scratches suffici- 
ently to give good interference fringes and profiles of 
the form of Fig. 3(b). 

The vacuum furnace was continuously pumped by 
oil diffusion pumps. The specimen and the heater 
windings were supported on fused silica refractory; 
the specimen was screened from the heater by nickel 
the 


further double nickel radiation shieids. 


radiation shields and whole surrounded by 
Under these 
conditions it was hoped that the specimen would be 
self 


deposited on 


and contamination would’ be 
the 


During runs the vacuum was about 10-5 mm Hg, the 


cleaning any 


cooler outer radiation shields. 
residual atmosphere being mainly hydrocarbon vapour 
from the ‘Apiezon’ diffusion pump oil. The tempera- 
chromel—alumel thermo- 
The 
cooling and heating times were short compared to 
the 


errors. 


ture was measured with a 


couple and maintained constant to 


negligible 
The cumulative heating times were 2, 6, 12 
1200°C, 3, 23, 70 and 170 hr at 


and proportionate times at intermediate 


annealing times and should cause 


and 22 hr at 800°C 
tempera- 


tures. 
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The specimens were examined after each heat 
treatment by ordinary and interference microscopy 
(Ingelstam‘”). Calibration of the interference micro- 
scope showed that, under the conditions used, one 
fringe corresponded to a change in height of 0.30 w. 
The scratch profiles were plotted from measurements 
of the interferograms. Only scratches having approxi- 
mately symmetrical profiles were used for calculating 
diffusion constants. At each temperature scratches 
On a 
specimen heated at 1000°C the orientation of about 


on about 25 different cry stals were measured. 


twenty-five crystals was determined by the twin 
intersect method (Barrett) and Mykura"’?) to obtain 
data on variation of the diffusion constant with 
orientation. 
4. RESULTS 
The development of a typical scratch profile is 
The values of B and D, obtained 


These are averages of the 


shown in Fig. 4. 
are given in Table lI. 
measured values and are thus averages over all 


orientation. The values of y, required to calculate 
D. from 
Greenough”®. The same values of y, 


The of d 


These may be in 


B are extrapolated from Hayward and 
were used for 
the impure nickel. value was taken as 
3.5 10-5 em. 


dO per cent 


values error by 


due to measuring inaccuracies and 


possible bias in the orientation of the crystals meas- 
ured. In addition there are the systematic errors 
discussed in Section 2. 

Another method for the determination of surface 
self diffusion constants has been developed by Mullins 
Shewman" and by Rhines“”? 


and Gjostein and 


using the rate of grain boundary groove formation. 


If s, and s, are the semi-widths of a grain boundary 


groove before and after heating for a time Af at a 
fixed temperature, then B at that temperature is 
given by 

¢.4 

(2.3)* At 


The development of a grain boundary groove can be 


(3) 


seen in Fig. 4. From a number of measurements on 
approximately symmetrical grain boundary grooves 


in a pure nickel specimen heated at 1000°C, an average 


TABLE | 


Pure nickel 


Temperature 
(°C) 


Ys 
(ergs/cm?) B 
(em 4/sec 


1200 
1100 


1800 2. 10 
1850 10 
L000 1900 10 
900 1950 ¥ 10 
800 2000 


Impure nickel 


D, D 


(em?*/sec) 


(em? sec) 


L.5 10-* 1.3 
0.9 10-6 0.6 
0.27 10-6 
0.14 10-6 


10-6 
10-6 
10 6 


0.08 10-6 
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of D. 1.5 em?/sec obtained. 


more than twice as large 


value was 


Though as the value in 
Table 1, the 


aries with one slow diffusing grain were rejected due 


agreement is tolerable, as some bound- 


so this result may be biased towards 


values of D.. 


to asymmetry, 
orientations with higher 


5. DEPENDENCE OF D, ON SURFACE 
ORIENTATION 
The effect of surface orientation is shown by the 


marked change in scratch smoothing rate observed 


at some twin boundaries. Fig. 5(a) shows an example 
of this. 


diffusion rate 


The relation between surface orientation and 
L000°C for 
determined by the 


was studied at pure nickel. 


Surface orientations were twin 


boundary trace method. The rate 


similar rolling marks on the 


\\w 


smoothing rate of a 
the orienta 


Fic. Abrupt change in the 
multiple scratch (heated at LOOO’C) 
tion changes due to twinning. The 


where 

arrangement oft 

grain and twin boundaries is shown in Fig. 5(b For 

grain A, D 0.6 em?2/see: for grain BR, 

7 10-7? em?/see and boundary 
6 10-7 em?/sec 


from the grain 


Diagram of grain and twin boundaries in Fig. 
dotted rectangle 
by Fig. 5(a) 


Fic. 5(b). 
5(a). The 


indicates the area covered 


SURFACE SELF 


of smoothing of 


surfaces of crystals of 


DIFFUSION ON Ni 


/ Be o” 


a." 


Variation of 
surface orientation for pure 


@ fast inte 


slow 


diffusion rate at 1l000°C: with 


ke | 

rmediate 
slow 

was relative value 


different assigned a 


fast. medium. 


also the 


orientations 


slow o1 very slow. The results. giving 


direction of diffusion, are shown in Fig. 6 


plotted in the fundamental triangl These results 


thac the h over a range of 


LOO and 


show diffusion rate is hig 


orientation near (I11) very low neat also 
low near (110) 
The degree ot 


with increasing temperature 


orientation de pe ndence decreases 
shown by the dis 


hig. 7 


value is 


This is 
tribution plot of the individual values of D 
The ratio of 
250 at 900°C and 12 at 

The large 


causes the 


smallest measured 


largest to 


variation of DY. with orientation also 


formation of asymmetrical grain boundary 


grooves (Fig. S¢ between fast and slow diffusing 


grains Fig. 9(a.b) shows interferograms of such 


of values of D, at 900°C and 


Distributi 
G00 


Fic. 7 


m piots 


results results 
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Fic. 8(a),(b). Distortion of boundary 
profiles due to low index flat formation, pq a(111) flat and 
rs a (100) flat. 

grains of different surface diffusion constants. 


grain groove 


(c) Asymmetrical groove profile between 


the 


orientation 


nickel, where 
the 


changes at twin boundaries. 


boundaries in pure assymetry 


changes abruptly when difference 
In such cases equation 
(8) cannot be applied separately to give the diffusion 
constants of the two grains, since there is a continuity 


condition to be satisfied at the groove root. 


20% 


Fia. 9. 


abruptly due to twinning. 
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On 

Development of (111) flats on a seratch profile 

1000°C (a) after 30 hr, (b) after 60 hr, 
(c) after 100 hr. 


Fic. 10. 
on annealing at 


In addition to the variation of D, in cases of general 
orientation there is an even more striking change in 
When 


the curved surface of a smoothing scratch, or of a 


the case of exact (111) and (100) orientation. 


grain boundary groove, passes through such a low 
index plane, the normal profile is distorted and flat 
regions of the low index plane appear (Figs. 8, 9, 10). 
Observation of such flats after reheating shows that 


there is active diffusion across them. Any curvature 


Interferograms (a), (b) show marked change in grain boundary asymmetry when misorientation changes 
(c) and (d) are examples of the formation of exact (111) and (100) flats, respectively. 
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(a) 


Fic. ll. (a) Orientation range and direction of diffusion 
measured by scratch smoothing on crystals A and B 
(Fig. 5). For A the range is 4}° and for B 2° in opposite 
directions on either side of the surface, 
(b) Corresponding plot for measurement on the grain 
boundary groove between crystals B and C. For B the 
orientation range is 10$° and for C 133 


reneral 
genera 


of these flats is too small to be measurable: assuming 


that in this case also mass transfer is proportional to 
curvature gradient, the diffusion constant on the low 


index plane must be much greater than for the 


adjacent general surface. A similar conclusion has 


been reached by Moore"®) from his studies of striation 
formation on silver and by Gomer from studies 
with field emission microscopes. 

The possible variation of D, with direction for a 
given orientation is much less than the variation with 
The effect has not been 


orientation. definitely 


established in these experiments but the techniques 


used are more sensitive to variation with orientation 
than to variation with direction for a fixed orientation 

Each individual measurement of )), must itself be 
interpreted as the mean over the small range in 
the curved profile of the 


orientation covered by 


scratch. This is also true for D, calculated from 
grain boundary grooves, and the range of orientation 
is usually much larger in this case. In Fig. I1(a) the 
poles of crystals A and B (Fig. 5a,b) are shown, 
together with the range of orientation and direction 
of diffusion of the scratches. Fig. 11(b) is the corre- 
sponding stereogram for crystals B and ( and the 
grain boundary groove between them. As can be 
seen, the surface at a grain boundary groove ranges 
over about 12° in each crystal while at a scratch it 
may range over -+-4° and this decreases on further 
annealing and is still measurable at --2 
6. DISCUSSION OF RESULTS 

Surface properties are particularly liable to be 
affected by The 
results obtained with the pure and the commercial 


impurities. small difference in 
nickel indicates that in this case any surface con- 
tamination is more likely to have come from the 
furnace than from impurities present within the 
specimen. At the higher temperatures the furnace 
should be self cleaning and no difficulty was experi- 


enced. At the lower temperatures, and particularly 


SURFACE SELF 


DIFFUSION ON Ni 


1/°K 


logiyg VD, ag 


unst 1/7’ for 
nickel 


pure ane 


at the lowest, 8OO°C, during some runs, the surfaces 


of certain grains broke up into striations and visible 


deposits appeared at some points Such specimens 


were rejected and measurements made only on 


specimens which appeared clean and had no striations 
it though 


specimens were clean to microscopic observation, 


is quite possible that, even such 
they had adsorbed impurity layers on the surface 
The average values of D), can be fitted to the usual 
Q/kT) (Fig. 12) 
OleV and Dy = 8(43) 
10-4 em?/sec for pure nickel and Q O.l eV 


0.92 
and Do 1S(-+-6) impure 


equation D Dy exp | and give 


values of QY = 0.78 
10-4 em?/see for the 
nickel. As the spread in measured values of D 
increases with decreasing temperature, the activation 
energies for particular orientations will be larger and 
smaller than these. If one assumes that LD. varies 
with orientation at all temperatures in the same way 
6).* one can divide the 
measured values at each temperature into a “‘fast”’ 
half, corresponding to orientation near (111) and a 
half for (100). These 
separated average values for the pure nickel results 
The 


results decrease very rapidly with temperature 


as measured at LOOO’C (Fig 


“slow” orientations neat 
are plotted as log,)»), against 1/7 in Fig. 13 
“slow” 
and can be explained on the basis of increasing 
impurity adsorption on orientations near (100) at the 
lower temperatures reducing the diffusion rate 
Additional evidence to support this comes from 
measurement of the variation of surface energy with 
orientation. For pure nickel, heat-treated under the 
same conditions as the diffusion specimens, this has 


* Footnote added in proof 


the 900°C specimen show that this assumption 1s correct 


Orientation measurements on 


29 
J z 
, 
B B 
P 4 J 
(b 
> 4 
‘ 
~, 
r 7 a 
Ox I/T | 


‘TA MET 


Oxl/T, 
Plot of log,, D, against 1/7 for 
(111). Corresponding plot 
for orientations near (100), 


13. Cireles: 


orientations neal 


been determined (Mykura) and is shown in Fig. 14. 


The surface energy is lowest at and near the (100) 


plane, whereas it would be expected to be lowest at 


the (111) plane (the close packed plane). The decrease 
in both surface energy and surface diffusion increases 


(100) orientation result 


as the is approached, a 


consistent with orientation dependent impurity 


adsorption with a maximum near (100) plane. 

On the simplest theory of surface diffusion (Fren- 
kel“®) for a clean surface dD, should depend on the 
atomic jump distance aand atomic vibration frequency 


fas Dy la*f. In this case a = 3 10-5 em and 


| 10!2 sec"!, so that Dy should be of the order of 


to 10-4 em? /see. For pure nickel, and orientations 
nearer (L111), the measured value of Dy, is 3(+-1) 

10-4 em?/sec, or 5(+3) 10-4 em?/see allowing for 
reasonable 


eV, 


possible systematic error, which is in 


agreement. The activation energy, 0.62 
also is reasonable in relation to the known activation 
energies for volume self diffusion of nickel 2.75 eV 
(Hoffman ef al.©; Reynolds et al.) and grain 
self lL.leV 


Sinnott"”). The apparent activation energy of 1.7 eV, 


boundary diffusion (Upthegrove and 


obtained for surface self diffusion with orientations 


near (100) can then be interpreted as the combination 


of a true activation energy plus the suppression of 


self 


adsorption at lower temperatures. 


surface diffusion by the increasing impurity 
The impurity adsorbed onto the surface when the 
orientation is near (100) has not yet been identified. 


[t is thought not to be oxygen, in view of the reducing 
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Fic. 14. Variation of surface tension (y,) with orienta 

tion for nickel. Values of y, are normalized to give a 
value of unity for the (100) plane 

nature of the residual atmosphere. It may possibly 

be carbon; monatomic layers of carbon on nickel 

have been observed by Farnworth et al."® by electron 

diffraction, and carbon deposition from the furnace 


atmosphere is possible. 


Comparison with other surface self-diffusion 
measurements 

The radioactive tracer method has been used by 
Winegard and Chal- 


) 


Nickerson and Parker“) and 
mers®® with silver, and by Hackerman and Simpson"! 
with copper. The two papers on silver differ by a 
factor of 104 in the magnitude of the surface diffusion 
The 
Winegard and Chalmers appear to be the 
reliable, but the authors do not attempt to deduce an 


constant at the same temperature results of 


less un- 
activation energy from them. The paper on copper 
is mainly concerned with the orientation and direc- 
tional dependence of the diffusion constant on nomi- 
The 


actually several degrees from the low index plane and 


nally low index planes. orientations were 


measurements were only done at one temperature. 
The mass transfer method, in conjunction with a 

field emission microscope, has been used by Muller™??, 

Dolan"), but again no 


Gomer“ and Boling and 


extensive or reliable results are available. The mass 
transfer method, applied to grain boundary grooves 
and scratches and using interference microscopic 
measurement, (Mullins and Shewman", Gjostein and 
Rhines“” and this paper) is a more recent development 
showing much promise. Of these the multiple scratch 


technique is probably capable of the best results. 
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STRAIN-HARDENING AND CRYSTALLINE FRACTURE OF POLYCRYSTALLINE IRON* 


A. W. SLEESWYK?+ 

The influence of prestraining tensile specimens of Armco iron at room temperature on their yield 
and fracture stresses at lower temperatures has been investigated. The influence of strain rate on the 
fracture stress at liquid-nitrogen temperature has also been studied. It is shown that the plastic de- 
formation obeys an equation of state, and the observed fracture stresses are explained by assuming that 
the ery stal grains and the microcracks they contain are deformed in contormity with the bulk of the 


material, At temperatures above 85°K only during the propagation of Liiders bands are microcracks 
formed. Below this temperature microcracks may also develop in later stages of plastic deformation; 


this is presumably due to twinning. In the latter case a size effect must be expected. 


DURCISSEMENT DE DEFORMATION ET RUPTURE CRISTALLINE 


Les auteurs recherchent Vinfluence d'une pré-déformation a température ambiante sur la limite 
elastique et la charge de rupture a basse temperature d’éprouvettes de traction en fer armco. 

[ls étudient également l’influence de la vitesse de déformation sur la charge de rupture a la température 
de Vazote liquide. 

Ils montrent que la déformation plastique obéit a une équation d’état et expliquent les valeurs obser 
vées des tensions de rupture en faisant hypothése d°une déformation conforme a la masse du matériau, 
des grains et des microfissures qu ils contiennent. 

Pour une température supérieure a 85 K, les microfissures ne se forment que pendant la propagation 
des bandes de Liiders. 

\ température inférieure, elles peuvent également se développer lors des derniers stades de la déforma 
tion plastique: probablement, sous l’effet de maclage. 
dimension. 


Dans ce dernier cas, il faut s’attendre a un effet cde 


VERFESTIGUNG UND KRISTALLINER BRUCH VON VIELKRISTALLINEM EISEN 
Der EinfluB einer Vorverformung auf Zugproben aus Armco-Eisen bei Raumtemperatur auf ihre 
FlieB- und Bruchspannungen bei tiefen Temperaturen wurde untersucht. Weiterhin wurde der EinfluB 
der Dehngeschwindigkeit auf die Bruchspannung bei der Temperatur des fliissigen Stickstoffs untersucht. 
Es wird gezeigt, daB die plastische Verformung einer Zustandsgleichung gehorcht und die beobachteten 
Bruchspannungen werden erklart durch die Annahme, da®B die Kristallkérner und die darin enthaltenen 
Mikrorisse konform mit der Hauptmasse des Materials verformt werden. Bei Temperaturen oberhalb 
85°K bilden sich Mikrorisse nur bei der Ausbreitung von Liidersbandern. 


kénnen sich Mikrorisse auch in spiteren Stadien der plastischen Verformung entwickeln, vermutlich 


Unterhalb dieser Temperatun 


infolge von Zwillingsbildung. Im letzteren Fall ist ein GréBeneffekt zu erwarten. 


INTRODUCTION Crystalline fracture is thought to be due to the 


tests has 
the 
temperature is temperature 
The first the 


fracture, fibrous fracture being superseded at lower 


Polycrystalline iron subjected to tensile unrestrained propagation of cleavage cracks. It 


exhibits two transitions in behaviour’ when been observed that cracks traversing a grain originate 


lowered from room during plastic deformation; Cohen et al.“ found such 


downward transition is in mode of cracks in Liiders bands obtained at low temperatures. 
According to Cottrell™ two stages in the formation of 
First. 


more of the 


such microcracks should be distinguished 


temperatures by crystalline fracture, the second is 


the ductile—brittle transition. Here the fracture nuclei of cracks are formed by one or 


appearance does not change, but above this tempera- many mechanisms proposed in the literature; in the 


ture fracture is preceded by plastic deformation, second stage these nuclei grow under the influence of 


whereas below it there is no detectable plastic defor- the applied stress into grain-traversing microcracks. 


mation. In the temperature region between the two Whether or not the microcracks develop into cracks 


transitions fracture after prior plastic deformation that run catastrophically from grain to grain, thus 
may occur without a neck due to plastic instability causing fracture of the specimen, depends on the 


being formed. This fact renders an experimental — stress level. At temperatures below the brittle—ductile 
transition the stress is sufficiently high for the micro- 
the 


boundaries. Between the two transition temperatures 


investigation at these temperatures of effects of prior 


plastic deformation on fracture particularly attractive cracks to spread immediately beyond grain 


because the usual complications of neck formation 
which occur at higher temperatures are avoided. the microcracks are temporarily halted at the grain 
boundaries and the stress level has to be raised by 


Received February 13, 1960. strain-hardening before the cracks propagate further. 
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Apparently here a third stage in crack formation 


prior to fracture may be distinguished. Above the 


1961 
32 


SLEESWYK: 


mode-of-fracture transition temperature the stress is 
not sufficiently boosted by strain-hardening to cause 
cleavage crack propagation beyond grain boundaries 
and a different type of fracture occurs instead. 

The present investigation was limited to crystalline 
fracture only: it was expected that a study of effects 


of prior plastic deformation might reveal how micro- 


cracks propagate across the grain boundaries and 


how they are formed during straining beyond the 


stage of Liiders-band formation. 


EXPERIMENTAL 

The effect of prestraining at room temperature on 
the fracture stress at lower temperatures was investi- 
gated on specimens of Armco ingot iron of 7.8 mm 
diameter having a test section of 50mm. They were 
machined from ? in. hot-rolled stock, which had been 
annealed for 1 hr at 870°C. The resulting grain size 
was 550 grains/mm?*, the composition of the material 
was 
Mn P S Cu 


C V 


0.014 0.021 


wt.% 0.018 0.024 0.004 


The tests were carried out at the Cryogenic Engi- 


neering Laboratory of the Massachusetts Institute of 


Technology, with the tensile testing machine and 
cryostat used by Collins and Eldin®). It was slightly 
modified in order to improve the ease of handling 
and the accuracy. This tensile tester is of the hydraulic 
type; the hydraulic ram is connected to a vessel in 
which the oil is brought under pressure by admission 
via a regulating valve of high-pressure nitrogen from 
a bottle which is regularly replenished. The load is 
measured by cell 
connected to a potentiometer. The elongation of the 


means of a_ strain-gauge load 
specimen is measured during the tests by a dial gauge 
with | 
measured by means of a thermocouple system having 


1000 in. seale divisions. The temperature is 
its cold junction in the cryostat immediately above 
the specimen. During the low-temperature experi- 
ments cold helium gas circulated around the specimen 
and the lower part of the tensile tester. This cold gas 
was produced by a special version of the Collins 
helium cryostat. The jaws of the tensile tester were 
made self-aligning at low temperatures by means of a 
ball-bearing arrangement in which a ring of steel balls 
acted as a sort of lubricant between two concentric 
spherical surfaces. 

The specimens were divided into three equal 
batches which were prestrained at room temperature 
to respectively 8, 3 and 0 per cent. The prestraining 
was carried out at a rapid rate of strain of the order of 


10-3 see"! to avoid anomalous strain-hardening effects 
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which this 


The 


temperature tests were carried out at a rate of strain 


by the blue-brittle behaviour 


has 


caused 


material been found to exhibit.“ low- 
as no danger of blue-brittlenes: 
122°K. The 
results of this series of experiments are given in Figs 
l and 6 


term, due to strain-hardening, the value of the lower 


of about 10-4 


exists at the maximum temperature of 


| shows that apart from a constant 


Fig 
vield stress only depends on the temperature. Fig. 6 
shows the brittle-fracture stresses at various tempera 
tures and values of the prestrain 

The effect of prior plastic deformation at the same 
temperature on the fracture stress was investigated 
by carrying out tensile tests at various rates of strain 
These tests were carried 
Amster 


having a 


in a liquid nitrogen bath 
out at the Koninklijke/Shell-Laboratorium 
Armco 


diameter of 4 mm anda gauge length of about 13} mm 


dam on specimens of ingot iron 


The specimens were annealed in a vacuum of 10~° to 


10-4mm Hg for 2 hr at 900°C, resulting in a grain 


size of about 300 grains)/mm*. The composition of 


the material was as follows 
C N P S Cu 


0.002 


Mn 


wt.%, 0.024 0.0384 0.005 O.OL8 0.09 


The tensile tests were carried out by means of a 5-ton 


Instron tensile tester for which a special low tempera 


ture adapter was made at the laboratory. Hookean 


keys, designed so as to remain operative in liquid 


nitrogen ensured the proper alignment of the speci 


mens. The rates of strain were varied from 1.5 LO 


to 3.75 10-* sec"!. Figs. 2 and 7 give the fracture 
stresses relative to the lower yield stress and in 
Fig 


frequency of fractures occurring in various positions 


absolute value respectively t shows the relative 


of the specimen 
DISCUSSION 


(a) Mechanical equation of state 


The question whether or not a mechanical equation 


of state can be set up, besides being of fundamental 


interest, is of considerable value in the investigation 
of the mechanical effects of microcrack formation 


It is known that for any fixed rate of strain and 


temperature a definite stress-strain curve is associated 


with every metal. Changing either of the two variables 


will result in a new stress—strain curve. If a stress 


strain curve is carried to a definite strain under fixed 


conditions, and these conditions are at that point 


equation of state 


the 


suddenly changed, a mechanical 
if the 


curve associated with a test carried out completely 


exists material then follows stress-strain 
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at the new conditions. The stress is then a single- 


valued function of the instantaneous values of the 
rate of strain é, 


strain e. and temperature 7’, or 


o = f(e.é, T). (1) 


This equation was first proposed by Ludwik ) and it 


has since been found not to be valid for f.c.c. metals;'% ” 


some experiments by Hollomon‘® indicate that it 


does hold for b.c.c. iron. 

An obvious physical interpretation of the mechani- 
cal equation of state is that the strain—hardening 
process, which is characterized by an increase of the 
density of lattice imperfections, is not affected by a 
change in rate of strain and temperature. This would 
imply that the density of lattice imperfections is a 
function of the strain only. 
strain-hardening the lattice imperfections are sup- 


posed to impede the movement of dislocations. If 


these obstacles to dislocation movement cause a rise 
in the flow stress independent of temperature and 


rate of strain, the equation of state may he written as 


(2) 


which equation was found to be valid for the lower 
vield stress of iron by Heslop and Petch". They 
investigated the effects of C and N interstitial atoms 
that 


obstacles than interstitials will have the same effect 


only: it is highly probable, however, other 


here. It was thought that Oy Was due to Peierls 
Nabarro forces acting on the dislocations. 

If equation (2) is valid for the entire stress—strain 
the that 


curves obtained at different conditions run parallel. 


curve consequence will be stress-strain 
Judging from the load-elongation curves published 
by Bechtold et al.9°) this is true for molybdenum, 
tungsten and tantalum at various temperatures. The 
same was found for pure iron—carbon alloys by Smith 
et al."®) and for potassium by Hull™); so it would 
seem that equation (2) is generally valid for b.c.c. 
metals. Our experiments represented in Fig. 1 now 
show that the effect of prestrain at room temperature 
of an iron—carbon alloy that was subsequently aged 
and tested at temperatures down to about 80°K is 
simply to add the increase in o, to the lower yield 
stress at low temperature. 

that 
different rates of strain are parallel is presented in 


Evidence the strain-hardening curves for 


Fig. 2. The various fracture points should of course 
all be lying on the common strain—hardening curve in 
a (Opyp — OLy) Vs. € diagram: it may be seen that 
this condition is reasonably well fullfilled. 

It should be borne in mind that parallelism of 


strain-hardening curves is not a complete proof of 


In current theories of 
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°K 


Fic. 1. Effect of prestrain at 300°K on lower yield stress 
of aged iron—carbon alloy at lower temperatures. 
lower yield stress of specimens with zero prestrain 
lower yield stress minus 8$ kg/mm? of specimens 
prestrained at room temperature to 3 per cent. The 
subtracted stress corresponds to the increase due to 
strain hardening 
lower yield stress minus 143} kg/mm? of specimens 
prestrained to 8 per cent. 


the validity of equation (2). However, the experiment 


of Hollomon in which a stress-strain curve was 


interrupted and continued at a different temperature 
Thus it 


concluded that iron follows the mechanical equation 


completes the positive evidence. may be 


of state given by equation (2). 


(b) Microcrack formation 

The discrepancy between the theoretical cohesion 
strength of metals sometimes estimated to be as high 
as half the Young’s modulus“ and the observed 


fracture stresses which are as a rule 2 to 3 orders of 


kg/mm? 


FR* To 


Fic. 2. Verification of equation (2). Fracture points are 

given and the complete stress-strain curve for the 

specimen that was broken after the largest strain. 

According to equation (2) the points should lie on the 
curve. 
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magnitude smaller quite early gave rise to the idea 
that microcracks should be present in the material. 
The first quantitative treatment of this suggestion is 
due to Griffith"®.!”, who also demonstrated by experi- 
ments on glass that the idea of pre-existing microcracks 


It was pointed out by Hollomon and 


is sound. 
Zener) that weak or brittle interphases will have the 
same effect as pre-existing microcracks. 

The actual discovery by Low®® of microcracks in 
iron deformed at low temperature, later confirmed by 
Cohen et al. gave considerable support to the sug- 
gestion of Zener) that cleavage is always preceded 
by some plastic deformation. He considered pile-up 
of dislocation arrays against obstacles such as grain 
boundaries to cause a stress concentration sufficient 
to initiate a crack. Since then the origin of microcracks 
has been the subject of much investigation. 
that it 


would cause cracking 


Orowan®! suggested was polygonized 
dislocation configurations that 
within the plane of slip; a process very much akin to 
this and leading to the same result was proposed by 
Friedel) who considered a slip band crossing a tilt 
boundary. According to Bullough'*®) the same effect 
would be caused by a pile-up, although a treatment 
of this problem by Stroii@ would indicate that 
fracture should occur on a plane approximately normal 
Cottrell’? 


reaction 


to the slip plane. postulated non- 


mechanism which 
the {100} 
Nucleation of cracks in {100} planes caused by the 


Hull), 


one in about a 


conservative dislocation 


would produce crack nuclei in planes. 


intersection of {112} twins was observed by 


However, the author found'*® that 
thousand grains contains a microcrack after tensile 


plastic deformation of polycrystalline iron at a 


temperature as high as 0°C (Fig. 3). This would seem 


Fic, 3. A microcrack formed by plastic deformation at 
273 K. The specimen was electro-polished, annealed un 
vacuo at 960°C and strained to 4 per cent. Grain 
boundaries that existed 

retained as ridges across the new grains. 


before recry stallization are 
S40. 


CRYSTALLINE 


FRACTU 


Percentage of fractures 


Middle of 
specimen 


FIG Occurrence of c¢1 
ifter prior plastic 


\ stalline 


specimen deforma 


the probahilit 


specimens n 


to rule out the possibility that twin intersection is 


always the cause of microcrack nucleation, although 


at lower temperatures it may well be the primary 


cause, as would appear from the work of Erickson 


and Low” who from 125°K downward found a 


steady increase in the occurrance of twin bands 


A necessary condition for all of the 


proposed 


dislocation mechanisnis of microcrack nucleation is 
that the high stress-concentrations which are essential 
for the growth of a nucleus into a microcrack cannot 
be relieved by slip in the nearby material along the 
many slip planes available 


Mott‘*4 


avalanche 


According to a theory 
given by and Stroh®® a sudden yield drop 
which react 


relief \t 


would he 


causes a large of dislocations 


so fast that there is no time for stress 


higher temperatures stress-relieving slip 
preferred to crack nucleation and the material is 
ductile In view of the 


ductile 


observed Occurrence ot 


microcracks in the temperature region of 


\lso 


it is known that the yield drop is associated with the 


iron this explanation would not seem to apply 


nucleation of the first Liiders band across the specimen 


being tested, after which the Liiders band simply 
spreads across the specimen under influence of the 
30 31) 


lower yield stres The cracks should then be 
confined solely to the region where the nucleation of 
the Liiders band took place, which as a rule is near 
one of the fillets of the specimen. This is contrary to 
the common finding that microcracks are quite evenly 
distributed along the specimens. This finding is also 
confirmed by the results presented in Fig. 4 which 


shows that fracture occurred mostly in the middle of 
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our specimens. This, of course, is adequately explained 


by the constraint imposed by the heads of the speci- 
mens on plastic deformation, but is hard to reconcile 
with the theory of Mott and Stroh. 

Nevertheless it is very likely that the vield effect is 
the embrittlement of the 


found that 


closely connected with 


material. Basinski and Sleeswvk‘?? iron 
with 0.008 per cent carbon is still ductile in tension 
Wain ef on 


interstitial 


and experiments by 
that a 
nitrogen sharply decreases the ductility of the mater- 
ial. The effect 
plastic deformation at 400°C.4 


at 4.2°K, 


chromium show small amount of 


may be partly nullified by prior 


A rather more trivial explanation for the apparent 
fact that no stress-relieving slip occurs may be found 
by considering the nature of plastic deformation 


during the propagation of a Liiders band across a 


specimen. The plastic flow is at any moment confined 


to a very thin slice of material which is inclined at 


approximately 45° to the tensile axis. This situation 
results 


the 


is due to the mechanical instability which 


from a maximum in the stress-strain curve of 
material.“ The constrained position of the plasti- 
cally deforming lamella between two regions in which 
no plastic deformation takes place) precludes the 
the 


Therefore the probability of 


use of any but a few of many theoretically 


available slip systems, 
stress relief is here much less than in the case of stable 
that 


which implies 


the 


deformation, 


test 


uniform plastic 


during a tensile most of microcracks are 
formed while the Liiders bands propagate and few or 


none during the subsequent strain-hardening. 


(c) Propagation of microcracks beyond grain bound 
aries 
An experimental study of the mechanical conditions 
at which arrested microcracks spread beyond grain 
boundaries involves changing the physical conditions 
of temperature and time (rate of strain). However, 


in the interval between microcrack formation and 


further—catastrophic—propagation considerable 
amount of plastic deformation has to take place. 
The the 


depends on the knowledge of the characteristics of 


interpretation of experimental results 


the plastic deformation during that interval. Fracture 


occurring at different physical conditions shows 


various values of the strain to fracture. However, 


from the discussion on the mechanical equation of 
that the 
function of strain only and that the effect of different 


state we know dislocation geometry is a 


physical conditions is confined to altering the stress 
level. If we consider a crack across a grain and the 


maximum tensile stresses existing in the adjoining 
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grains, the validity of equation (2) enables us to 

distinguish clearly two independent parameters, i.e. 

the strain, which by a change of the initial geometry 

the the 
the the 


The maximum tensile stress is determined 


may influence stress concentration hear 


microcrack, and absolute stress level in 
material. 
by these two parameters. 
For materials containing pre-existing microcracks 
a theory was worked out by Fisher and Hollomon®®?, 
They assumed that the material in the virgin state 
contains cavities of elliptical cross-section and that 
fracture occurs when the cohesion strength near the 
tip of the most dangerous defect is exceeded. Assum- 
ing the sizes of the defects to be evenly distributed in 
all directions, the most dangerous elliptical cavity 
will have its major axis perpendicular to the applied 
stress (Fig. 5a). Furthermore it was assumed that the 
elliptical cross-sections of the cavities change their 
shapes during plastic straining in conformity with 
the bulk of the material (Fig. 5b). This latter asump- 
tion, in which a direct influence of the stress on the 
shape of the cavities is implicitly discounted, is in 
the that for this 


material the dislocation geometry, which determines 


accordance with above remark 


the change of shape of the cavities, is determined 
solely by the strain. 


By elemengary geometry we arrive at an expression 


for the radius of curvature p of the tip of the crack 


Schematic drawing of a grain containing a 


after 


Fic. 5. 


microcrack (a) before and (b) plastic strain. 
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as a function of the strain ¢ and the initial radius of 
curvature po: 

p (3) 
According to the theory of Griffith"®!” the curvature 
py is a constant of the material, depending on surface 
and 


Youngs’ modulus E, Poisson’s ratio » 


of the lattice: 


energy y, 


cohesion strength 


2Ky 
Po (+4) 


the fracture stress is reached 


when the cohesion strength o,,, near the tip of the 
of the 


Assuming that 


oO > 
/FR 


is exceeded, we can make use 


expression derived by Inglis?” 


microcrack 


Orr 24 t/p) (5) 


Here ¢ is the major semi-axis of the ellipse; obviously 


we may put 2¢ = d, in which d is the grain diameter 


perpendicular to the axis of the tension. This quantity 


is also related to the strain by: 


d 


d being the original grain diameter. So finally we 


obtain from equations (3), (5) and (6): 


Orr = Fc. [ | 


(7) 


€) 


Calling oy,° the fracture stress when no prior plastic 


deformation has taken place, we readily get: 
Po 
2d, 
( 


According to Cottrell the values of 


Orn 
(S) 


or, I 


and o,,,, at 
liquid-nitrogen temperatures are E/300 and £/10, 
respectively. From this it follows that (p,/2d,)'* 

~1/30, which in many cases would justify a simpli- 


fication of equation (7) to 


Orr (9) 


It is clear that these formulae are also applicable 
in the case where microcracks are formed exclusively 
during the beginning of the plastic deformation. In 
the foregoing it was indicated that such may be the 
case for a material like iron, containing many potential 
slip systems which are partly blocked when plastic 
deformation starts with the propagation of Liiders 
bands. From equation (3) it follows that the radii of 
curvature of the tips of the cracks increase with 
stress 


increasing strain, causing a lowering of the 


concentration. In other words: if, during the strain- 
hardening process new cracks are formed with the 


original radius of curvature p», which is a material 
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constant, these cracks will be more dangerous and 


fracture will eventually start from one of the newly 


created cracks For this case we have a simple 


dependence of the fracture stress on the grain diameter, 
for which Orowan®®*) derived an expression. From 


equations (5) and (6) follows 


Orr (2d, (10) 


which for large values of d,/p, may be simplified to 


Cor \ po (1 (11) 


R 


twin 


The of 


bands would seem to indicate 


on intersecting 


that 


observations 
for this case the 
erack nuclei are so big that their growth would not 
be confined to Liiders bands 

The of 


and fracturing at lower temperatures as presented in 


results prestraining at room temperature 


Fig. 6 are probably to be explained in a similar 


fashion. In the figure are given the results of zero 


prestrain, and the application of equations (7) and 
(10) to those results compared to experimental values 
obtained at 3 per cent and 8 per cent prestrain 
Especially the results after 8 per cent prestrain would 
to the 
probability for new microcracks to be created during 


the 


seem indicate that from downward 


the application of load at low 
The 


associated 


temperature 
increases fracture at 
the (11) old 
microcracks do so at the higher stress of equation 


(9) 


hew microcracks cause 


stresses with the 


equation 


That the new microcracks are caused by twinning 
would also be indicated by comparison with the work 


of Erickson and Low”. who observed that below 


ilter 0 


with 


Ss pel 


ture tresses at low temperature 
B00 « 


strain 


cent estraim at ompared 
used 


the 


Results of zero pre have been 
atter prestrain 


and 1] 


predict fracture stresses with 


ol equations 
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about 78°K twinning is the dominant process by 
which plastic deformation takes place. The recent 
statistical investigations of Lean and Plateau 


this type of fracture at the temperatures of liquid 


oxygen and liquid nitrogen show beyond any doubt 


that two types of fracture do occur here. The differ- 
ence between these two modes was not manifest in 
the fracture appearance, but only in the strain to 
fracture. 
not allow us to assess whether formulae (9) and (11) 


Unfortunately, the results as published do 


are valid here. 

An interesting corollary of the experiments is that 
in this temperature region it would appear that 
fracture caused by twin intersection is a catastrophic 
statistical effect. In other words: twin intersection 
leading to microcrack formation does not occur often, 
but where it does it triggers off a catastrophic growth 
of this crack causing fracture. It is clear that the 
that 


amount of material deformed, which simply means 


chance this happens is proportional to the 


that we must expect a size effect here, which tends to 
The 


amount of deformed material in these experiments 


give high fracture stresses for small specimens 


was approximately 2.30 cm? 

The later experiments in liquid nitrogen at different 
rates of strain on smaller specimens of which the 
volume of deformed metal was only 0.17 cm? were 
correlated with equation (7) as shown in Fig. 7(a) 
and (b). The drawn lines go through the origins of the 


diagrams and have been made to fit the data with 


Fic. 7(a). Results of tensile tests at different rates of 
The observed fracture stress have been corre 
lated with equation (7). 
(b). Fracture stresses obtained after tensile tests in 
which either the temperature (@) or the rate of strain 
was varied. 


strain, 


(39) of 
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Fig. 7(b) 


shows that physical conditions different from those 


the assumption that opp° = 70 kg/mm. 
at fracture encountered in the strain history of the 
material do not impair the validity of equation (7), 
which is one more indication of the correctness of the 


mechanical equation of state as given by equation (2). 


CONCLUSIONS 


Summarizing, the following conclusions may be 
drawn: 

The tensile plastic deformation of polyery stalline 
o,(é, 7). 


A model in which it is assumed that the crystal 


iron obeys an equation of state: o = o,(e) 
grains and the cracks they contain follow the geometry 
of the bulk of the material adequately explains the 
dependence of fracture stress on prior plastic deforma- 
tion. 

Microcracks are created by dislocation reactions 
only during propagation of Liiders bands at tempera- 
tures above 85°K, while below this temperature they 
originate by twinning. In this case a size effect may 
be expected to give lower values of the fracture stress 


after prior plastic deformation for larger specimens 
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MAGNITUDE OF THE ZENER RELAXATION EFFECT—I 
SURVEY OF ALLOY SYSTEMS* 
A. S. NOWICK and D. P. SERAPHIM+ 


This paper is the first of a series dealing with the stress-induced ordering phenomenon in substitutional 
solid solutions, known as the **Zener relaxation effect”. A brief review of the two proposed mechanisms 
for this phenomenon, viz. the pair reorientation theory of Zener and the directional short-range orde 
theory of Le Claire and Lomer, is presented, It is then shown that the best test of any theory will come 
from a study of the magnitude of the relaxation strength and its dependence on various parameters 

With the aid of the assumption that one can assign characteristic bond lengths to AA, AB and BB 
bonds in solid solutions, it is shown that the pair reorientation theory predicts a relaxation strength 
which varies as the square of the deviation from Vegard’s law. To test this prediction, data for the 
relaxation strength, Bo, ot polyery stalline samples from nineteen alloy systems are compiled, together 
with appropriate information from lattice-parameter data. For solid solutions of the noble metals it is 
shown that there is no relation between Ag and the size factor, but that there is a rough correlation 
between A, and the magnitude of the deviation from Vegard’s law. 

IMPORTANCE DE L’EFFET DE RELAXATION DE ZENER—I ETUDE DES ALLIAGES 

Cet article est le premier dune serie qui traitera du phénomene ordre par application de tensions 
dans les solutions solides de substitution connu sous le nom d’effet de relaxation de Zener. 

Les auteurs present nt un bref résumé de deux mécanismes proposes pour interprete! Ce phénomeéne: 
la théorie de Zener et la théorie de Le Claire et Lommer. 

Il est bien connu que la meilleure fagon de déterminer la validité de toute théorie relative a ce phéno 
mene consiste a étudier | importance de la force de relaxation en fonction des différents parame tres dont 
elle dépend. 

Sur la base de Lhypothése que lon peut attribuer une longueur a chaque liaison caractéristique AA, 
\B et BB dans les solutions solides, on trouve que la théorie de réorientation par paires (théorie de 
Zener) prévoit une force de relaxation qui varie comme le carré de Vécart de la loi de Vegard. 

Pour déterminer la validité de cette prévision, les auteurs ont réuni les données relatives a la force de 
relaxation Ag d’échantillons polycristallins de 19 alliages et ils les ont examinées en fonction des données 
les plus récentes relatives aux distances interréticulaires de ces systémes. 

Pour les solutions solides des métaux nobles, on constate qu il n'y a pas de relation entre A, et le facteur 
de taille, mais par contre, il existe une corrélation approximative entre A, et importance de l’écart 
de la loi de Végard. 

GROSSE DES ZENER-RELAXATIONSEFFEKTS~— I 
UBERBLICK UBER DIE LEGIERUNGSSYSTEME 

Diese Arbeit ist die erste einer Serie, die sich mit der Erscheinung spannungsbedingter Ordnung, als 
Zener-Relaxationseffekt bekannt, befaBt Uber die beiden fiir diese Erscheinung vorgeschlagenen 
Mechanismen, namlich die Paar-Orientierungstheorie von Zener und die Nahordnungstheorie mit 
Vorzugsrichtung von Le Claire und Lomer wird ein kurzer Uberblick gegeben. Dann wird gezeigt, daB 
sich zur Priifung jeder Theorie das Studium der GréBe der Relaxationsstarke und deren Abhangigkeit 
von verschiedenen Parametern am besten eignet. 

Unter der Annahme, dafi man in einer festen L6sung den Bindungen AA, BB und AB feste Bindungs 
langen zuordnen kann, wird gezeigt, daB nach der Paar-Orientierungstheorie die Relaxationsstarke mit 
dem Quadrat der Abweichung von Vegards Gesetz zunimmt. Zur Priifung dieser Vorhersage werden 
Angaben iiber die Relaxationsstarke A, polykristalliner Proben von 19 Legierungssystemen zusammenge 
stellt, zusammen mit geeigneten Angaben iiber die Gitterparameter. Fiir feste L6sungen der Edelmetalle 
wird gezeigt, daB zwischen A, und dem GréBenfaktor keine Beziehung besteht, da aber eine grobe 


Korrelation zwischen A, und der GréBe der Abweichung von Vegards Gesetz besteht. 


1, INTRODUCTION series of papers it can be used to test current theories 
The term “Zener relaxation” is used here to denote — of solid solutions critically, 
the anelastic relaxation phenomenon first found by The procedure in the present section will be first to 
Zener in alpha brass and later observed by others in review the formal theory of this phenomenon, then 
a variety of substitutional solid solutions. (This to discuss what is known about the mechanism of the 
effect has, in the past, been called “‘the pair reorien- — effect. 
tation effect”, but this title assumes a specific mecha- 
nism which may not in fact be valid. It has also been  (®) Review of formal theory 
referred to in more general terms as “‘stress-induced Like all anelastic phenomena, the Zener relaxation 


ordering”). This phenomenon is not only of funda- effect may be observed most simply in static tests as a 


mental interest in itself, but, as will be shown in this creep effect or an elastic after-effect. Upon appli- 


: cation of a static elastic stress, o. there appears, in 
* Received February 15, 1960; revised June 27, 1960. PI 
+ IBM Research Center, Yorktown Heights, New York. addition to the elastic strain, e’, a time dependent 
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anelastic strain, e”, which obeys approximately the 
exponential relaxation equation 


(creep). (1) 


Further, upon removal of the applied stress, the 
anelastic strain relaxes according to the equation 


— 


< (elastic after-effect). (2) 


The quantity 7, which is the relaxation time for the 
process at the temperature of the experiment, obeys 
the Arrhenius-type equation 


Ae H/RT 3) 


where A is a frequency factor, H is the activation 


RT the The 


the equilibrium anelastic strain under 


energy and has usual significance. 
quantity 
the given applied stress. is observed to be proportional 
to the stress in the usual range of observation. Thus, 


just as the elastic strain, «’, is given by Hooke’s law 


(4) 


where 1, is the appropriate (unrelaxed) modulus, the 


anelastic strain e” is given by 


(Ay Aye (5) 


The dimensionless constant A,, is called the “‘relaxa- 
tion strength” and is a measure of the magnitude of 
the anelastic effect. It depends on the particular mode 
of deformation, and hence is given the appropriate 
modulus M as a subscript. From the foregoing it is 
clear that, at 


required to 


three constants are 
the 


behavior of a given alloy specimen for a given mode of 


stress levels, 


low 
describe completely mechanical 
deformation. These constants are: 
the the 


and Aw which measure the anelastic properties. 


which mea- 


sures elastic property, and parameters 7 

The same anelastic behavior manifests itself in a 
dynamic expe riment as the phase lag of the strain in 
relation to the stress, and therefore in the occurrence 
of mechanical losses or internal friction. It is readily 
shown™) that, for the case in which simple exponential 
behavior occurs in a static experiment (see equations 
| and 2), the internal friction as a function of vibration 


frequency is given by* 


* Often the factor (1 Aw) 2 is omitted in both 
equations (6) and (7) under the assumption that Aj 1. In 
the present series of papers, however, we will deal with peaks 
Aw ~ (.2), where this approxi 
It should be pointed out that the 
which the 
accurately 


as large as dmax ~ 0.1 (i.e. 
mation is no longer valid. 
approximation 


tan @™~ ®, upon 
equation (6) depends, is still rather 
O.1. 


derivation of 
obeved when 
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where 


+ 


Here Q-!', d and 6 are measures of the internal 


friction. (GV lis the quantity analogous to the recipro 
cal YQ of an the 
and 0 is the 


the 


electrical resonant circuit. 4 is 
strain behind the 


Note that 


appeal 


angle of lag 


stress, 


logarithmic decrement.) again two 


is the 
for 


parameters A,, and + Equation (6) 
equation of a peak with maximum at 7 l 


which 


Rather than study this peak by keeping the tempera 
ture (and, therefore, the parameter 7’) constant and 
varying ~, it is more convenient, by virtue of equation 
(3), to vary 7 


and keep @ constant. This is accomp 


lished by measuring ¢ as a function of 7’. Plotting ¢ 


ve. 


at half-maximum, 0(1/7'), is given by 


one obtains a symmetrical peak whose width 


0(1/7') 2.63 R/H 
Finally, the dynamic modulus, .W. obtained from the 


square of the vibration frequency, is given by 


which changes rapidly near jr from a value 
M M 
M M, at low frequencies («7 | 
called the 


A v by the equation 


at high frequencies («7 1) to the value 


The quantity 
is related to VW 


relaxed modulus and 


M u)/M.=A, 


The above description of the anelastic behavior of 
alloys is purely phenomenological and applies not only 
to the Zener relaxation but also to similar anelasti: 
phenomena, such as the Snoek relaxation due to inte1 
stitial solutes in b.c.c. lattices.’ Actually the experi 
mental observations do not exactly fit the equations 
presented above. For example, the static relaxation 
effect usually departs slightly from the exponential 


behavior predicted by equations (1) and (2); rather 


it can be considered as a superposition of exponential 
range of r-values. Corre 


relaxations with a narrow 


spondingly, the internal friction peak is usually about 
20 per cent wider than the value given by equation (9 
In fact 


(9) may be used to determine the deviation of the actual 


when H is measured independently, equation 


anelastic behavior from that of the ideal solid charac 


terized by a single relaxation time 


—— 
Aw 
2\/(1 
€ o/M, = 
iw 
10) 
| 
A 
\ (1 Aw) 
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(b) Theories of the Zener relaxation effect 

From the fact that the Zener relaxation is mani- 
fested by a wide variety of solid solutions and the fact 
that it shows anelastic behavior corresponding very 
nearly to a single time of relaxation, one is led to 
conclude that the mechanism of this phenomenon 
must be characterized both by generality and by 
simplicity. The first interpretation of the effect, 
which certainly meets these criteria, was given by 
Zener ?), 


was due to the reorientation of pairs of adjacent solute 


He suggested that the relaxation process 


atoms into preferential positions under the influence of 


an applied shear stress. The reason for the occurrence 
It is first assumed 
Thus, 


in a cubic lattice, a single solute atom produces an 


of this reorientation is as follows. 
that the solute and solvent atoms differ in size. 


elastic distortion which has cubic symmetry, but a 
pair of near-neighbor solute atoms produces distortion 
with uniaxial symmetry about the direction of the 


pair axis. In the absence of external shear stress, all 


such pairs must be randomly distributed. The effect of 


shear stress is to lower the energy of pairs aligned in 


some nearest-neighbor directions relative to that of 


pairs in other directions. The attempt of the lattice to 
maintain equilibrium by changing the distribution 
of pairs in different directions, in accordance with 
Boltzmann statistics, then produces the observed 
anelasticity. In this treatment the number of solute 
pairs is assumed to be fixed. The result obtained for 
A, may be expressed as: 

yM = yzN,M,/*c? 


kT 2kT 


Aw (12) 


where y is a numerical coefficient which depends on 


lattice type and crystal orientation, is the number of 


solute pairs/vol, NV, is the number of atoms per unit 


volume of the crystal, ¢ is the atom fraction of solute 


present, z is the coordination number, k7' has the 


usual meaning and / is given by 


(13) 


dc 
(5). 


Here ¢ is the appropriate strain and n,, is the excess of 


solute pairs in the preferred direction, per unit volume, 
over the number in this same direction when the distri- 
The expression (12) is valid 


bution is random. 


only for small concentrations (c? < 1), since it is only 


when the number of pairs is small that the concept of 


individual solute pairs has any meaning. The quantity 
7 in Zener’s theory is then the reorientation time of the 
solute pair. This ‘pair reorientation theory” explains 
several important facts concerning the Zener relaxa- 


tion process. First, since the mechanism occurs 
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throughout the volume of the crystal and is in no way 
related to the presence of dislocations or grain bound- 
aries, it is predicted that the effect should appear in 
carefully prepared single crystals, in agreement with 
observations. Second, the prediction that the relaxa- 
tion strength A, varies for low solute concentration as 
the square of the concentration appears to be con- 
firmed by experiment.“ At the same time, the fact 
that the relaxation centers are solute pairs explains 
why relatively high concentrations (of the order of 
10 per cent solute) are usually required to get an 
appreciable Zener effect, by comparison to the Snoek 
effect where concentrations below | per cent solute 
produce substantial damping peaks. Finally, the fact 
that the activation energy H is very nearly the same 
as that found for volume self diffusion®;® is explained, 
since atomic migration provides the mechanism of 
pair reorientation.* 

The 


theory were further explored by Le Claire™. 


pair reorientation 
Later 


consequences of Zener’s 


papers®.®) however, brought attention to some 
weaknesses of the Zener theory which made it apparent 
that this theory could not be expected to apply in 
detail to the alloys studied. First, it was pointed out? 
that for concentrations of the order of 20-50 per cent 
solute, for which actual measurements are usually 
made, the concept of individual solute pairs loses its 
significance. Instead, we have to deal with various 
interlocking complex groupings of solute atoms. 
Secondly, even in dilute solutions, where the pair 
concept is valid, it is not correct to think in terms of a 
fixed number of solute pairs if the applied stress has a 
hydrostatic component, since the latter will act toward 
either preferential creation or dissolution of pairs. 
Also. the 
configurations in producing relaxation effects has 


Finally, the 


contribution of next-nearest neighbor 
been ignored and may be significant. 
Zener theory makes no attempt to take into account 
tendencies toward short-range order or segregation in 
the solid solution. 

In order to eliminate at least some of these weak- 
nesses in the Zener theory, Le Claire and Lomer? de- 
veloped their theory of directional short-range order in a 
stressed crystal. Since this theory treats the two com- 
ponents of the solution in asymmetrical manner, it does 
not distinguish between “‘solute’’ and “‘solvent”’ and 
is therefore applicable to all alloys, even those near the 


50 at. % composition. According to this theory, in a 


* A small discrepancy does exist between H obtained from 
relaxation experiments and the activation energies for self 
diffusion,'***) This discrepancy is most probably due to a 
difference in the way that the two types of experiment 
average the various local atomic configurations that exist in a 
solid solution. 


Vol.9 
1961 


NOWICK anv SERAPHIM: ZENER 
crystal under an applied shear stress one must assign 
a different short-range order parameter to each of the 
nearest-neighbor directions in the crystal. Thus, 
whereas for zero stress (or purely hydrostatic stress) 


the short-range order parameter is the same in all 


equivalent nearest-neighbor directions, application of 


a shear stress changes the equilibrium value of short- 
range order in one direction relative to that in another 
direction, thereby producing anelastic relaxation. 
When the quasi-chemical theory of order is then 
applied separately to each of the nearest-neighbor 
directions in the crystal, the following expression for 
the relaxation strength is derived.* 


Ay (14) 


where x is a dimensionless geometrical factor which 
depends on the lattice and on the direction of the 
applied shear stress, a is the interatomic spacing, and 
f(p.c) is a function of short-range order parameter, p, 
and of composition which goes to unity for a com- 
Finally, 4 is given by 


pletely random solution. 


dw da 


(15) 


Tap ““ap 


ence between like and unlike bond energies 


is the usual differ- 
of the 


where Was 
quasi-chemical theory. Again, the c* dependence 
appears for low concentrations. Le Claire and Lomer 


also proceed to show how to evaluate the key param- 


eter 7 in terms of directly measurable quantities, 


but the expressions obtained are not simple and 
\s in 


the Zener theory, the activation energy, H, is related 


involve the introduction of further assumptions. 


to simple atom rearrangements and is therefore expec- 
ted to be comparable to the activation energies for self 
diffusion of solute and solvent atoms in the alloy, in 
The 


Childs and Le Claire" roughly verify the c?(1 


agreement with experiment. measurements of 
c)* 
concentration dependence for the case of alpha Cu—Zn 
solid solutions.) 
(c) Significance of Ay 

It is clear that experiments carried out to date have 
not put the two existing theories to a test capable of 
determining which, if either, correctly describes the 
Zener relaxation phenomenon. It is important to 
reiterate that an anelastic experiment, whether of the 
static or dynamic type, give two quantities that 


* Le Claire and Lomer define Ay as (M,, M,)/M,, rather 
than the more conventional definition given by equation (11). 
For the present definition equation (14) should have M, in the 
denominator in place of M,. In most cases, however, Ay l 
and this distinction between definitions of relaxation strength 
becomes negligible. 
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characterize the process, viz. t and A,,. The relaxa- 
is a kinetic quantity related to the rate of 
The fact that H for 


the process is in close agreement with diffusion acti- 


tion time +r 


atom movements in the lattice. 


vation energies supports this assumption. The further 
result® that the frequency factor A of equation (3) is 
of the order of 10" sec! shows that the relaxation 
process takes place in a time (7) of the order of magni 
This fact 


made the Zener relaxation a useful metallurgical tool 


tude of the time for one atom jump. has 
for the study of atom movements. Thus, such problems 
as the effect of quenched-in vacancies“! and of the 


14) on atomic mobility 


order—disorder transformation 
have been investigated using the kineties of the Zener 
relaxation, i.e. measurements of the quantity 7, as a 
tool. For these investigations, it was only necessary to 
know that 7 was related to the rate of atomic rearrange 
ment: a knowledge of the detailed mechanism of the 
Zener relaxation was unnecessary, and conversely, was 
results 


the 


not derivable from the 


to understand more basic problems 


for 


W hic h 


In ordet 


the nature of the driving fore atom 


the 


such as 


rearrangement and manner in atoms 


attention must be relaxation 


Ay. This 


in the sense that it 


rearrange, given to the 


strength, quantity Is a thermodynami 


property is concerned only with 


the initial and final states of the alloy upon application 
is unrelated to the kinetics by which 


of a stress it 


the transformation from initial to final state are 
accomplished. 

The purpose of the present series of papers is to study 
the factors that control th 


Aw in an attempt to test existing theories of the Zene1 


thermodynamic variable 
relaxation more severely than they have been tested 


so far. Particularly, it is desired to know how A, 


varies with temperature, composition, crystal orien 
tation and mode of elastic deformation, as well as how 
it varies from one alloy system to another 


The the 


relaxation strength among different 


present paper deals with variation of 


solid solutions. 
It will be shown in Section 2 that the pair reorientation 
theory, with the help of some simplifying assumptions 
furnishes a criterion for predicting whether or not a 
given alloy system will show a large Zener relaxation 
effect. 


will 


In order to test this prediction, a compilation 


be made of data for the relaxation strength of 


polycrystalline samples of all substitutional solid 
solutions on which anelastic measurements have been 
reported to date, after correcting to a common alloy 
concentration (see Section 4). Since no such survey 
has been made since the reviews by Wert™® and by 
Childs and Le Claire®®), 


available for a wider range of alloy systems, such a 


and since there are now data 
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compilation appears to be worthwhile in itself. It will 
then be shown that the predictions of the pair reorien- 
tation theory, concerning the variation of the relaxa- 
tion strength among different alloy systems, are in 


rough agreement with the data presently available. 


2. PREDICTIONS OF THE PAIR REORIENTATION 
THEORY 

In his paper on the pair reorientation theory, 

Zener™ suggested that one might very roughly expect 

the relaxation strength to vary with the size factor of 

the fractional change in lattice 

In the 


the alloy system, i.e. 
parameter per unit concentration of solute. 
present section it will be shown, starting from simpli- 
fying assumptions, that the pair reorientation theory 
actually predicts that the relaxation strength is deter- 
mined by the deviation from Vegard’s law, rather than 
by the size factor. 

It is assumed that it is possible to assign values dy 4, 
dy», and d,,, to the lengths of the AA, BB and AB 
bonds, respectively, and further that these bond 
lengths are independent of solute concentration.* It 
that 
essentially zero in the solid solution. On this basis, the 


is also assumed _ initially short-range order is 

interatomic spacing of the alloy, d, is the mean bond 

length, which is given as a function of the concen- 

tration, c (the mole fraction of solute) by the equation 

d (1 
BB 


d [2c(1 day cP d,.. (16) 


This result may be expressed as follows: 


K,c*| (17) 


with the dimensionless constants A, and A, given by 


» ] \ 


K, (dan dy) (18) 
The quantity A, is a convenient measure of the size 
factor, i.e. the fractional increase in lattice spacing per 
On the 


other hand K, is a convenient measure of the deviation 


unit concentration in dilute solid solutions. 


from Vegard’s law, in that if Ky 0, d shows the 


linear dependence on ¢ known as Vegard’s law. Fur- 


thermore when K, 0 and 0 we have what are 


conventionally regarded as positive and negative 


deviations, respectively, from Vegard’s law. 
The results do not differ greatly when the assump- 


tion of zero order in the solid solution is relaxed to 


* Somewhat similar considerations have been applied by 


Née! J. Phys. Rad, 15, 225 { L954) to the question ot uniaxial 


magnetic anisotropy in solid solutions. 
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allow for the presence of short-range order. In fact, if 


p is a short-range order parameter defined by 
fx c) 


where f," is the fraction of A atoms in the first shell 
about a B atom (i.e. p 0 for a random solid solution 
and p = | for a fully ordered solution of the /-brass 
type), then it is readily shown that equation (17) 


becomes 


d=d,,|I (K, — pK,)c — K,(1 — p)e?]. (19) 


Since p is anticipated to be small for solid solutions 
that are not close to an order—disorder transformation, 
equation (17) may be anticipated to be reasonably 
accurate for such cases. 

teturning to the Zener relaxation, Le Claire and 
Lomer®) have already indicated that when A, = 0, 
the average lattice dimensions parallel and perpen- 
dicular to a given BB pair will be the same; therefore, 
no Zener effect should exist for such a solid solution. 
It is simple enough to carry this argument one step 
further to show how the magnitude of the effect varies 
Consider the 
BB pair is 


Consi- 


with the deviation from Vegard’s law. 
case of a simple cubic lattice? in which a 
oriented along the 2-direction, as in Fig. 1. 
dering, at first, only bonds parallel to the x-direction, 


=) 


we find that creation of such a BB pair involves the 
replacement of three AA bonds by two AB’s and one 
BB. On the other hand, for bonds in the y-direction, 
the creation of a BB pair in the x-direction means that 
four AA bonds are replaced by four AB’s. If, for 
simplicity, the lattice is taken to be a unit cube of 
material, the difference, dd, in the mean spacing in the 


two directions is then given by 


od 2d AB 
d 


(day +dpp) Ky 
Nidan N, 
A A 
A A 
A 
yA A A 


A A A A A 


x 


Diagram representing a simple cubic lattice in 
along the x-direction. 


Fie. 1. 


which a single BB pair lies 


Similar arguments can be given for more complex 
lattices by taking components of pair length along the chosen 
coordinate axes. However, in view of the roughness of the 
assumptions which lead to equations (16) and (20), an attempt 
at a rigorous and general treatment within the framework of 


these assumptions seems unprofitable. 
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AND 


where A, is given by equation (18) and JN, is the total 


number of bonds unit volume in either the 


x-, y- or z-directions. (N,, is therefore the same as the 


per 


number of atoms per unit volume.) The quantiy dd/d, , 
is then a measure of the difference in strain obtained by 
reorienting one solute pair in a unit volume, i.e. the 
quantity 2 of equation (13). Thus equation (12) 
combined with (20) predicts that 


yzM 
2N kT 


Av (21) 


In view of the simplifying assumptions made, equa- 
tion (21) should not be regarded as a strictly quanti- 
Nevertheless, it indicates that it is more 
the 


tative result. 


reasonable to anticipate a correlation with 
deviation from Vegard’s law, K,, than with the size 


factor. K,. 


Unfortunately, the theory of directional order of 


Le Claire and Lomer does not predict any such 
simple correlation between the relaxation strength 
and parameters obtainable from lattice parameter 


measurements. 


3. COMPUTATION OF Kyi AND Keg FOR VARIOUS 
SOLID SOLUTIONS 

If the bond theory presented in the previous section 

were strictly correct, i.e. if the three bond lengths 

d,y,4, dsp, and dy, were independent of alloy com- 


position, it would be possible to obtain d,, and dy», 
from the lattice parameters of pure A and pure B, 
respectively. This would leave only dyn, to be deter- 
Actually, 


mined from solid solution parameters. 
whenever the constitution diagram of a binary alloy 
system shows more than a single solid solution phase, 
it is well known® that the value of d,,, obtained 
from the lattice of pure B is not in general the value 
for dy», Which is applicable within the A-rich solid 
solution. Specifically, since the crystal structure of B 
is usually different from that of A, and there are often 
questions of Brillouin zone filling and overlap for B 
which are not the same as those for A, it is not 
reasonable to regard that the value of d;,;, appropriate 
to the A-rich solid solution must be the same as the 
value of d,,,, in the B-rich solid solution. The three 
parameters d,,, and of a given solid 
solution phase are then best determined from the 
application of equations (17) and (18) to that solution 
Thus, equation (17), applied to a solid solution in the 
vicinity of a reference composition Co (at which the 
interatomic spacing is d,) gives, 


d,,[K,(e — — 
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(23) 


A plot of y versus c should then give a straight line 
whose negative slope is d,,A, and whose intercept at 
c C is d,,K,. For most cases this slope and 
intercept can be divided by d, to give kK, and AK, with 
sufficient accuracy. More exactly, however, equation 


(17) applied at concentration c, gives, 
dy \ dy 


which permits the exact calculation of the quantity 


(dy (24) 


Ky 


d,, from the slope, the intercept and d,. Dividing the 


slope and intercept by dy, then gives A, and K, 
respectively. 

A plot of the type specified by equation (23) was 
made for various solid solutions for which the Zener 
relaxation has been studied. For this purpose, the 
very complete compilation of data on lattice param 
Cases, 


Pearson" was consulted. In many 


eters by 
it was found that a plot of y versus c is not a straight 
line, as predicted by equation (23), over the complete 
range of composition of a single solid-solution phase. 
It is clear, therefore, that the assumptions upon which 
equation (17) is based are not valid even within the 
range of a single solid solution. At this point we have 
two alternatives: (1) to give up this type of approach 
or (2) to restrict its application still further, where 


necessary, to a more limited range of composition 


the 
sufficiently 


region of a _ single solid solution By 


the 
(17) is applied, one is bound to find 


within 


restricting range of composition to 


which equation 


that 
represents the data. The interesting fact, however, is 


such a three-parameter equation adequately 
that although this equation is not generally valid over 
an entire single phase region, it does hold well in most 
cases over large segments of the region. Figs. 2 and 3 


— 


1) ( as a function of c, with 
for Li—-Mg solid solutions Data from 


Ref, 18 


Fig. 2. Plot of (a 
c, taken as 0.19 


£5 
d — d, 
y d,,K, d,,K(¢ Ca) | 
C—t : 
¢ 02} 
} 
} 
- 22) —— 
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illustrate the plot of y versus c, in accordance with 


equation (23) for the Li-Mg and Cu—Zn solid solutions. 


Since these solutions are cubic, lattice parameters, a, 
rather than interatomic distances are plotted. Fig. 2 
illustrates the fact that equation (23) is actually valid 
over a sizeable segment of the range of the Li-Mg 
solid solution, although not over the entire region. On 


Cu—Zn, 


equation (23) is valid, within experimental error, over 


the other hand, for « Fig. 3 shows that 
the entire alpha-phase region. It should be noted that 
the magnitude of error in a plot of this type becomes 
particularly large near ¢ = ¢,», since at c, the quantity 
y becomes indeterminate. 

This type of plot was attempted for all of the solid 
solutions for which Zener peaks had been observed, 
with the value of ¢, generally selected to be close to the 
composition range for which anelastic measurements 
had been made. Table | lists the results of these plots, 
giving the value of ¢, selected, the composition range 
over which the plot of type (23) is linear, and the 
values of A, and A, computed for these regions with 
the aid of equations (23) and (24). The quantity A, 
may then be regarded as the effective size factor in the 
the 


kK, could usually be determined even 


region of interest while A, is deviation from 
Vegard’s law 
when the lattice parameter data were relatively poor. 
On the other hand, the precision to which A, could 
be determined varies greatly among the different solid 
solutions. Most of the values quoted in Table | are 
reliable to no better than +35 per cent, while for other 
solid solutions a value of Ky could not be quoted at all. 
Specifically, there were no straight segments in plots of 
equation (23) for the Cd-Mg, Ag-Zn, Au-Ni and Al-Mg 
Mn and Au—-Cu, data 


by different authors are in poor agreement. For Al-Cu 


solid solutions, while for « Cu 


TABLE 1, Comparison of K, and K, 


Solvent Solute 
Zn 
In 0.10 
0.09 
0.09 
0.20 
0 


0.09 
0.09 
0.09 


0.11 


0.06 
0 

0.23 
0.19 


with relaxation strengths (reduced to 16 at. 
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Fic. 3. 
taken as zero, for alpha brass, 
circles are the data obtained 


Plot of (a—a,)/(ce—c,) as a functiou of c, with c, 
Solid circles and open 
from Refs. 19 and 20, 


respectively. 


the solubility range is too limited to permit one to 


obtain A, from available data. 


4. COMPILATION OF DATA ON 
STRENGTH 


RELAXATION 


The seventh column of Table | presents a summary 
ot 
various polycrystalline alloys, tabulated for each sol- 


of data for the relaxation strength in torsion, A,,, 
vent metal in order of decreasing relaxation strengths. 
the last of Table | the 
ence from which the quoted relaxation strength was 
The strength for 16 at. % 
solute is presented in the Table because data were 
The 
A,, values for those alloys for which data were not 
16 at. “/ 


under the assumption that the concentration depen- 


while column gives refer- 


obtained. relaxation 
available in most cases near this concentration. 


available at were corrected for composition 


solute) for various allovs 


K, 10? K, 10? Ae 10? 


Co 
| 
| 
| 
Vol. 9 
1961 
Range of « Ref. 
3.5 3.0 
0-0.18 7.5 3.7 1.2 | 
0.25 2.6 1.2 0.4 22 
0.35 2.5 0.4 21 
0.40 6.5 2.4 0.1 23 
0—1.00 0.8 0.6 0.1 23 
Au Ni 9.2 1.8 24 
Cu Al 0.05—-0.17 7.6 3.8 1.8 10 
Cu Au 15.0 1.6 14 
Cu Ga 0-00.15 2.0 1.2 25 
Cu Zn 0—0.35 5.5 2.2 0.7 10 
Cu Mn 7.6 0.6 15 
Cu Ni 0.23—0.57 2.6 0.3 0.1 15 
Li Mg 0.20—0.70 3.6 5.2 0.6 26 
Al Cu 11.3 18.0 4 
A] Mg 10.0 0.4 22 
Cd Mg 14.8 4.0 27 
Fe V 2.6 a 28 
Fe Al 0 0-0.11 5.5 7.0 1.5 29 
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dence obeys the c*(1 c)? law given by equation (14). 
In most cases the correction for composition was not 
large and the result is therefore insensitive to the 
choice of the equation for the concentration depen- 
dence. In the Al-Cu, the Zener 
relaxation was observed by Berry to have a magni- 
tude A,. = 3 = 10°% for the solid solution containing 
l.8at. °, Cu. When corrected to 16 at. °, by means of 
the c(1 clear that this 


system shows a larger relaxation strength (by about a 


case of however, 


c)? relation, it becomes 
factor of 5) than any other alloy system investigated 
to date. 

For three alloys: 


Ag—Pd, Ag—Au and Cu-—Ni, an 


internal friction peak was sought in the correct 
temperature range and no peak was found. It is 
estimated that the peak, if it exists in these alloys, 
corresponds to a relaxation strength of less than 10~% 
for the 16 at. °, solid solutions. It had been reported 
that no Zener peak was observed also in Ni-Pt”® and 
in Ni-Cr) careful 


examination of the data, the present authors con- 


solid solutions; however, on 
cluded that these measurements had not been carried 
out to high enough temperatures, consistent with the 
activation energies anticipated. In view of the large 
number of solid solution alloys for which a Zener peak 
is observed, there is every reason to believe that Zener 
peaks are also present for those solid solutions where 
the effect has been sought but not found. In these 
cases it is anticipated that the peaks would be ob- 
served if the sensitivity of the measurements could be 
the background damping sufficiently 


increased, i.e. 


reduced. 
5. DISCUSSION 

Examination of the results of Table | shows that no 
correlation of A,, with the size factor A, can be 
obtained. On the other hand, a rough correlation with 
AK, is apparent among the alloys for which Ky, is 
known. For example in both the groups of Cu and Ag 
solid solutions, the highest peak is the solid solution 
with the largest value of |K,| while for two cases 
where no peak was detected, viz. Ag—-Au and Cu—Ni, 
the lowest values of |K,| appear. On the other hand 
Ag-—Pd showed no detectable peak and yet |K,| is 
reasonably large. The data for the lattice parameter of 
Ag-—Pd solid solutions show a peculiarity, however, 
which might be pertinent; namely, the value of A, 
for concentrations below 10 at. °% Pd appears to be 
extremely low, but above 10 per cent it becomes much 
greater, the value being that given in Table 1. The 
largest A,, in Table | is for Al-Cu, so that it would be 
interesting to get a reliable value of K, for this system. 
Unfortunately this is difficult because the maximum 


o 


solubility of Cu in Al is not much more than 2 at. %; 


RELAXATION IN ALLOY SYSTEMS 47 


it is clear that in so small a range an accurate value for 
the second derivative of the curve of lattice parameter 
versus composition is hard to obtain. 

In view of equation (21) it is necessary to compare 
A,, not with K,? but with K,?G/N,,7, where @ is an 
appropriate shear modulus. For G we have chosen an 
average shear modulus corresponding to torsion of a 
single crystal of the solvent metal in the (110) orien- 
tation, while 7’ is the absolute temperature at which 
the peak is actually observed.* In seeking this corre- 
lation we shall limit ourselves to the noble metal solid 
solutions, since the lattice parameter data are most 
complete and the electronic structure is simplest for 
these alloys. Accordingly, Fig. 4 shows a plot of Ag 
dimensionless parameter K,°G/N kT’ for 
solutions. It that, 
limits (a factor of three in A,,) the corre- 


against the 


these solid is apparent within 
rather wide 
lation applies, except for the case of Ag—Pd which has 
already been discussed. If we were to add the b.c.c. 
alloys listed in Table 1, they would not fit in the 
scheme of Fig. 4, since for Fe—Al and Li-Mg, K,? is 

(The Fe—V the 


shows evidence for a smaller value of K,°, 


very large while A, is not. case, on 
other hand, 
but the lattice 


enough to permit the listing of a value in the Table.) 


parameter data were not precise 

It may be concluded that for all of the alloys in- 
cluded in Fig. 4 except Ag—Pd, the correlation with the 
parameter A,°G/N 7 suggested by equation (21), is 
satisfactory. This statement is based on the fact that 
the reported A,, values are on polycrystalline samples 
of unknown average grain orientation, coupled with 


the information) that peak heights may differ by as 


Fic. 4. Variation of the relaxation strength of various 
polycrystalline solid solutions with the parameter 
GK,?/N,kT 


* In paper II of this series, it will be shown that 7’ should 
really be replaced by (7 T.) where 7, is an appropriate 
“critical temperature However, 7’, 
of the solid solutions under consideration, 
arguments are 


known for most 
Omission of 7’, is 
only 


is not 


not a serious problem here since our 
semiquantitative. 
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much as a factor of two in different polycrystalline 
samples of the same solid solution due to differences in 
texture. A further reason for our inability to check this 
correlation more quantitatively at the present time is 
the large uncertainty in A,” due to the fact that lattice 
parameter data as a function of concentration are 
generally not as precise as required. For example, the 
uncertainty in Ky of +35 per cent (quoted in Section 
3) corresponds to an uncertainty in Kk,” of roughly a 
factor of two in either direction. When these uncer- 
tainties are taken into account it is clear that the most 
that one can expect to find from the data in Table | isa 
general trend, which has in fact been demonstrated. 
An improved test of equation (21) can only come witha 
knowledge of the temperature, orientation and concen- 
tration dependence of the relaxation strength in 
various solid solutions. This is the type of information 
that will be sought for a limited number of alloys in 
the later papers of this series. Such information will be 
required for a wider range of alloys, together with 
improved lattice parameter data, before a better test 
of equation (21) can be obtained. 

Another way of testing equation (21) is to see how 
well it predicts the magnitude of A,, for one alloy 
system. It is convenient to select the solid solution « 
Cu-Zn which is well studied and has typical values for 
A, and kK, (see Table 1). 


pendence on concentration, it is best to select the 


In order to apply the c* de- 


lowest concentration of this solid solution that has been 
Childs and Le Claire“ have found the value 
0.1). To 


follow ing 


studied. 
Ay LS 10-3 for the 10° Zn alloy (e¢ 
predict a value for A,, we substitute the 
numbers in equation (21): 

10" dyn/em?, N,, = 8.4 
6HOOTK, Ky 0.022, 

0.1 and for y the value™ of 1/4. 


G=3 10 cm-?, 7 
The calculated 
result, 

10-4, agrees in order of magnitude but. is 


distinctly lower than the actual measured value. 


Similarly, the average of the two straight lines drawn 
in Fig. 4, has a slope which is about a factor of 8 
higher than that predicted from equation (21). 

It is concluded at this point, prior to the presen- 
tation of the more critical experiments on temperature 
and orientation dependence of the Zener effect. that 
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equation (21) provides at least a rough guide for the 
comparison of different solid solutions and for esti- 
mating the absolute magnitude of the relaxation 
strength. 
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MAGNITUDE OF THE ZENER RELAXATION EFFECT—II 


TEMPERATURE DEPENDENCE OF THE RELAXATION STRENGTH IN «@ Ag Zn* 


& tar 


The 


polycrystalline samples of « Ag—Zn of three compositions. 
TT 


equation, originally derived by Zener, is rederived here under more general assumption 


strength, Aq, are found to obey the equation: Ag 


equal to 175°K, 140°K and 97°K for alloys containing 3% 


IMPORTANCE DE LOEFFET 


RELATION ENTRE LA TEMPERATURE ET 


L’influence de la température sur importance de leffet de relaxation de Zener 


Zn ce 


relatifs a la force de relaxation A. obéissent 


échantillons polycristallins de «-Ag 


constantes. 


dependence of the magnitude of the Zener relaxation effect on ten 


which is interpreted as the critical temperature for self-induced ordering of the 


DE 


trois compositions difterentes Les re 


a léquation 


A. S. NOWICK 


The expt rimental results fo 


I’, and 7 


0 


perature, Is measured OF 
relaxation 


I} 


qu mitity 


the 
constants 
Ihe 


s found to be 


. where are 


alloy 
respective ly 


3.5, 30.2 and 24.2 at.% Zn 


RELAXATION 
A FORDE DI 


DE ZENER 
RELAXATION 


DANS Zn 


est mesuree sur ce 


sultats experimentaux 


\ 1 


Cette équation établie primitivement par Zener a été retrouveée ici st 


La quantité 7’ 


qui correspond a la température critique d’ordre a 


égale respectivement a 175 K, 140 K et 97 K pour les alliages contenant 3: 


GROSSE 


TEMPERATUR-ABHANGIGKEIT DER 


DES ZENER-RELAXATIONSEFFEKTES 


LELAXNATIONSSTARKE 


Die Temperaturabhangigkeit der Grobe des Zener-Relaxationseffekt 


drei Zusammensetzungen 


x \g Zn 
Relaxationsstarke A, 


von von 


folgen der Gleichung: Ag 


Diese urspriinglich von Zener stammende Gleichung wird hier unter allgemeiners 


Die Grobe 


wird, hat bei Legierungen mit 33.5, 


abgeleitet. 


30.2 und 24.2 


A general discussion of the Zener relaxation effect, 


INTRODUCTION 


focusing attention on the thermodynamic quantity 


A,, (the relaxation strength), is presented in the first 
(1) 


paper of this series” which will henceforth be referred 
toas I. In that paper emphasis is placed on the need 
for quantitative studies of the dependence of the 
relaxation strength on various parameters, for com- 
parison with existing theories of the Zener relaxation 
One of the 
tests of the theories of the Zener relaxation 


quantitative 
the 


phenomenon. important 
is 
manner in which the relaxation strength varies with 
the temperature. Any theory of the phenomenon 
must assume that the application of stress to the alloy 
leads to a change in an appropriate order parameter 
sponding to this parameter Pp is dependent on the 


due to the fact that the ordering energy corre- 


stress. In the simplest approach it is assumed that the 

ordering energy depends only on the stress and is inde- 

pendent of the state of order, p. It then turns out (: 


~ 
~ 


will be shown in the next section) that A,, 
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pemessen 


die als kritische Temperatur fiir spontane Ordnung 


\t 


19 


Die experi 


\nnahmen 


zeypieruny 


140 K bzw 


Zn den Wert 175 K 


Both the 
the 


where T is the absolute te mperature pan 


reorientation theory of Zener™> and directional 


short-range order theory of LeClaire and Lomer™) give 
this result. According to the pair reorientation theory 
the parameter p may be regarded as the excess numbet 
a 


of pairs of solute atoms per unit volume given 


direction of the cry stal, relative to the random numbet 


of pairs occurring in the absence of an applied stress 
Zener showed that a more re neral 
of A 


ordering energ. 


In his later work 


result for the temperature dependence y may be 


to depend 
Under 


obtained by allowing the 


on the state of orde p as well as on the stress 


these conditions the result 


with 


he 


The 


critical temperature 
if the 


Onstants 


at which ordering 


and are ¢ 


Here 


dimensions of temperature 


obtained 


quantity may 


regarded asa 


would occur spontaneously necessary atom 
movements were possible 
The principal weaknesses of Zenet s derivation are 


dimensionless constant of magnitude of the 


the following: (1) is expressed as v7’) where y is a 


ordet ol 


1 7 7 t T. sont de 
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unity. This is unsatisfactory because the quantity 7’) 


depends on crystal orientation and the mode of 


vibration—see equation (I-12)*—while one might 
expect the quantity 7',, on the other hand, to be only a 
property of the alloy involved. (2) The entire theory 
is developed only for the special model of pair reorien- 
tation. 

In Section 2 of this paper, equation (1) is rederived 
in a form which is a generalization of Zener’s deriva- 


At the 


becomes clear that only if certain 


tion, but which eliminates these objections. 
same time, it 
assumptions are made can an expression of the form 
(1) be 


There have been no measurements of the tempera- 


obtained. 


ture dependence of the relaxation strength reported 
for the Zener relaxation. An attempt was made to 
verify equation (1) by Ké®) for the case of the Snoek 
relaxation phenomenon due to interstitial oxygen in 
To within the accuracy of the measure- 
0, ie. that A,, is inversely 


tantalum. 
ments, Ké found that 7’, 
proportional to 7’. More recently, however, Powers 
and Doyle carried out similar measurements for the 
case of oxygen in tantalum and found that 7’, was 
about 77°K. 

In view of the absence of temperature-dependence 
measurements in the case of the Zener relaxation, the 
present authors set out to make such measurements, 
the prime purpose being to obtain values for the 
quantity 7',. The solid solutions chosen were the « 


Ag—Zn the Zener 


relaxation in these alloys means a higher precision of 


series, because relatively large 


measurement of the relaxation strength. In order to 
cover a wide range of temperatures, it appears desi- 
rable to combine static measurements with dynamic 
measurements over a wide range of frequencies. ‘To 
carry out such a program would normally require 
specimens of different shapes and sizes as well as the 
Since Av is a 


function of grain texture (because it depends on 


use of various vibrational modes. 


crystal orientation) as well as of the mode of vibration, 
it is not possible to make accurate quantitative com- 


parisons between results obtained with different 


polycrystalline specimens of the same composition. 
For each alloy composition, therefore, one must work 
either with a large number of single crystal samples of 


various orientations, to obtain information on the 


anisotropy, or with just one sample (either mono- or 
polycrystalline) which is always studied in the same 


mode of deformation. For the present work, the 


anisotropy merely presents an additional experi- 


mental complication, particularly since 7’, is shown to 


* The notation (I—n) will be used herein to refer to equation 
(7) in paper I. 
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be independent of crystal orientation (see Section 2). 
Accordingly, the work was done on just one poly- 
crystalline sample at each composition with the inten- 
tion of obtaining 7’, from data on that sample. 

The polycrystalline samples used were in the form 
of wires which were always subjected to torsional 
deformation. This choice made it possible to cover a 
range of temperatures with each sample by the use of 
three types of measurements: (a) static measurements 
(creep and elastic after-effect) at the lower tempera- 
tures, (b) low frequency internal friction, in the 
temperature range where the relaxation time was of 
the order of 1 see and, (c) a comparison of relaxed 
and unrelaxed moduli, in a still higher temperature 
range. The limit to the measurements on the low- 
temperature side is the fact that the relaxation time, 
7, very rapidly increases with decreasing tempera- 


» 


ture—in accordance with equation (I—3)—to the point 
where the relaxation process is too slow to observe 
experimentally. To extend the static measurements 
to lower temperatures, use was made of the fact that 
quenching these alloys greatly speeds up the relaxation 
process (i.e. introducing an excess of 
lattice the 


thermodynamic parameter like A,,, which depends 


lowers T) by 
vacancies.” For measurement of a 
only on the initial and final states of the alloy, any 
artifice which will hasten the kinetics of the process 
may be used. Accordingly, the use of quenching to 
hasten the anelastic relaxation should be a perfectly 
legitimate procedure for obtaining A ,, at the relatively 
low temperatures, 

To obtain the composition dependence of 7', three 
Ag—Zn alloys were chosen covering the range from 24 
to 33.5 at. °¢ Zn. At concentrations below this range 
the precision of the measurements falls off rapidly 
because of the rapid decrease in the relaxation strength 


with decreasing solute concentration. 


2. THEORY 
It is assumed that the state of local order of the 
alloy may be described in terms of a set of order param- 
eters, p;, Which may be varied independently of each 
other, and which are defined in such a way that the 
equilibrium value of p; in the undeformed alloy is 
zero. In any small deformation, the strain may be 


written as 


where 


(de/ OP, 


The coefficients 4; are therefore dependent on 


J 
1961 
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orientation of the crystal and on the mode of deforma- 


tion. The Helmholz free energy per mole of the solid 
solution, F, is given in differential form by* 


dp, 


where V, is the volume per mole of the unstrained 


dF Vode SdT (4) 


material, S is the entropy and 


U, = (OF /dp,) 


») 


€,T yj 


The quantities U’, are therefore defined as positive 
when they favor an increase in p,;. A change of vari- 


ables may be made by considering the function 
C= F — Vooe (6) 
from which 


dC V oe do >! dp, SdT 


ae(dV,/dT) dT. 


From the fact that dC 
obtain the reciprocity relations: 


Op, T.o,p; 
In general, the quantity U’, 


is a perfect differential, 


i 


Pj 


may be taken as a 
function of both the stress and the order parameters ; 
for small values of these parameters, a linear relation- 


ship is reasonable. Thus, 


(9) 


where the first term on the right is a result of equa- 
tion (8). 

In order to proceed further it is necessary to depart 
from pure thermodynamics and to introduce mole- 
cular considerations, in particular, the ordering energy 
per atom, U’,/N (where N = Avogadro’s number). 
The condition of equilibrium of the alloy will be given 
by the application of Boltzmann statistics. It must in 


general take the form 


exp [(U,/N)/kT| = exp[U,/RT| (10) 


where the form of the function f(j,) is to be deter- 
mined for each case. When UU’, RT, equation (10) 
simplifies to 


p, = B,U,/RT (11) 


where the /, are positive coefficients that depend on the 


* Although under true equilibrium conditions the order 
parameters p, are completely determined when the strain and 
temperature are specified, we treat them here as independent 
variables because of the possibility of retaining any set of 

through followed by 
The equations presented herein then consider 
their quenched-in values. 


values of p treatment 
quenching. 


small variations of the p 


appropriate 


about 
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definition of p,, the geometry of the lattice and on the 
(11) 

that, by 
Finally, equation (9) 


composition. In arriving at from 
(10), it 


when U, 0. 


equation 
equation must be remembered 
definition, p, 
may be substituted for U’; in expression (11) to obtain 
a set of simultaneous linear equations in the equi- 
librium order parameters, j,. 

The results can be simplified further if the assump- 
tion is made that 


0(j (12) 


Under these conditions each equation for p; can be 


solved separately to give 


D 
Pi (RT'/p 


The relaxation strength A,, is given byt 


12p,/R 


Aw (14) 


The temperature dependence of Ay given by equation 
(14) is, in general, not simple. Further simplification 
can be achieved if it is assumed that the order param 
eters p, have been so defined that they are cry stallo- 
graphically equivalent quantities in the absence of an 
Under this condition the B 


applied stress. and #. for 


different ¢ may all be set equal, or 
B nl p p all 7). 15) 


Under these assumptions the result degenerates into 


equation (1), with 


and 


BB/R 17) 


Since Band fare not functions of the mode of deforma- 
tion, the quantity 7', is truly a parameter of the solid 
solution and not dependent on the shape and orien- 
tation of the sample and its mode of deformation. Only 
the term X/;* carried this dependence. It is also im 


portant to note that 7’, is determined by the coeffi 
cient B, which represents the effect of the existing 
If the ordering energy 


first 


order on the ordering energy. 
were determined by the stress alone and, to a 
approximation, were independent of the existing state 
of order, then 7 The constant B is 


equivalent to the Weiss factor in the theory of the 


would be Zero, 


susceptibility of a 


paramagnetic ferromagnetic 
material above its Curie temperature. 

To see the significance of the quantities used in the 
theory, as well as the approximations that are made, 


See equations (1 5) and 


= 
13) 
) B 
‘ 
M VB <. 
6 
R 
(2 
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it is desirable to consider the case in which the relaxa- 
tion behavior may be described in terms of Zener’s 
pair reorientation model in a simple cubic lattice. 
Thus, there are present solute atom pairs along the x, 


y and z axes,in numbers 7,, n, and n, per unit volume. 


In view of the relationship that the total number, n, of 


pairs per unit volume is given by: n = n n n., 


the three quantities ”,, n, and n, are not independent 


of each other. For convenience, then, we may take as 


the independent order parameters 


Py (18) 


These parameters are therefore defined such that: 
(1) they vo to zero under equilibrium at zero stress, (2) 
they are crystallographically equivalent, (3) they may 
be varied independently of one another. The signi- 
ficance of the term B, according to this model is that it 
measures the strain interaction between two pairs in a 
given direction, i.e. the tendency of an excess of pairs 
in, say, the x-direction, to lower the energy for 2- 
pairs relative to that for y-pairs. 


the assumption of equation (12) is that increasing the 


number of y-pairs without changing the number of 


r-pairs must leave the energy of an x-pair unchanged. 
In other words, the energy of an 2-pair can be changed 
only by means of an applied stress or by changing the 
number of 2-pairs, but not by a change in the number 
of y-pairs. It is only under this assumption that the 
Curie-Weiss type equation (1) is valid for the Zener 


relaxation strength. 


3. EXPERIMENTAL 
Three polycrystalline wires of Ag-Zn, the com- 
positions of which are given in Table 1, were used. 
These wires were from the same spools as those used in 
Kach 0.032. in. 


in diameter and the gage length in the pendulum was 


earlier investigations.) wire was 
10 in. Coarse grained samples were required to mini- 
mize the effect of the grain boundary anelasticity. In 
order to obtain large grains, the as-drawn wires were 
sealed under vacuum in a pyrex tube and heated, over 
a period of two days, from 220°C to 650°C. They were 
then held at the latter temperature for 5 days. 
Measurements were carried out in a conventional 
the 


torsion pendulum as described by Ké™, For 


measurement of internal friction and rigidity modulus 
an inertia member was attached to the bottom pin vise 


holding the specimen. The pendulum was set into 


oscillation in the usual way and the free decay of 


vibrations observed by means of a mirror and scale 


arrangement. Internal friction was obtained from the 


logarithmic decrement in free decay. Measurements of 
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the rigidity modulus are obtained from the frequency 
of torsional vibration of the wires. The modulus is 
proportional to the square of the vibration frequency, 
with the proportionality constant almost independent 
of temperature, except for a small correction for the 
thermal expansion of the wire. For the static measure- 
ments, the inertia member is replaced by a galva- 
nometer coil placed within the semi-circular pole pieces 
the manner des- 


When a 


current is passed through the coil, it rotates and there- 


of a permanent magnet, again in 


cribed by Ké, with minor modifications. 
by twists the specimen wire. The applied current is 
proportional to the stress, while the observed deflec- 
tion is proportional to the strain. The angle of twist 
used in the static measurements was about 3 

The temperature was measured by means of a 
calibrated chromel-alumel thermocouple placed close 
to the center of the specimen. The temperature was 
controlled to within 0.5°C by means of an electronic 
and varied over the gage 


temperature controller, 


length of the specimen by no more than 2°C, 


4. RESULTS 
range of 
falls 


The procedure was as 


Static measurements were used in the 
temperatures for which the relaxation time 7 
between 50 and 2OOO sec. 
follows. The specimen was held twisted at a selected 
temperature by passing a suitable constant current 
through the galvanometer coil. The creep process was 
then observed until the angle of twist remained con- 
stant. The current was then shut off and the elastic 
after-effect observed. According to equations (1-1), 
(T-2) and (1-5), Ba. 


obtained from either type of measurement. In general, 


which is given by €”/e’, may be 
readings were taken for both creep and elastic after- 
effect. Relative values of €” and e’ are readily obtained 
from the corresponding scale deflections. The elastic 
the the 
150 


strain, ¢’, at higher temperatures, where 
relaxation process is relatively rapid (50 sec 
sec), is obtained by linear extrapolation of the e’ values 
measured at lower temperatures (where 7 150 sec). 
As mentioned in the introduction, values of A,, at 
temperatures in the range for which, under equilibrium 
conditions, tT > 2000 sec are best obtained by hasten- 
ing the relaxation process through quenching. In 
this way values of 7 are brought into the range in 
which measurements are most conveniently made by 
static methods. It is desirable, however, to verify 
that the quenching process does not also change the 


value of A,,. 


made use of the result, shown in earlier work,” that 


For this control experiment, we have 


quenching effects anneal out in two distinct stages. 
Therefore, if A,, were changed by the quenching 
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process, different A,,-values should be found in these 
two stages of annealing. The control experiment was 
carried out with specimen C which was quenched 
from 400°C and held at 70°C, where the first annealing 
stage requires 180 min. One measurement of A,, is 
made within 40 min after the start of the 70°C anneal; 
a second is completed in 10 hr, well within the second 
annealing stage. The results obtained were the same 


to within 2 


per cent. From this experiment it is 
concluded that, within experimental error, the value 
of A,, is the same when measured in the two annealing 
It therefore seems safe to conclude that A,, is 
of tr. This 


result is, of course, expected from the fact that A,, is a 


stages. 


independent of vacancy concentration. i.e. 


purely thermodynamic quantity (see the introduction) 

The reciprocal of the measured experimental values 
for A,, obtained by static methods are plotted against 
the temperature in Fig. 1, together with results by the 
dynamic methods to be described below. Table | may 
be used to select the points in Fig. | which were mea- 
sured by static means. The static measurements for 
which quenched samples were used are those below 
140, and (, 
respectively. The excellent way in which these points, 
with the 


120 and 100°C, for specimens A, B 


obtained through quenching, agree higher 
temperature static measurements, serves as a second 
check on the validity of the measurements on quen- 
ched samples. It should be noted that the ability to 
reach lower temperatures the higher the zinc concen 
tration of the alloy, is due to the fact that the acti- 
decreases strongly with increasing 


vation energy 


concentration for these Ag—Zn alloys. 

Internal friction measurements permit one to obtain 
A,, at higher temperatures than those of the static 
experiments. Equation (I-8) suggests that A,, may be 
the height of the 


This result, however, is valid only if the 


obtained directly from internal 
friction peak. 
process is strictly describable in terms of a single time 
of relaxation, i.e. if equation (I-9) is strictly obeyed. 
It is well known” that the peak has a greater half 
width than the theoretical value given by equation 
(T—9), by about 10 to 20 per cent. As already stated in 
paper I, this broadening is believed due to the fact that 
the observed peak is really a superposition of peaks with 
slightly different relaxation times. Therefore, if 
equation (I-8) were used to calculate A, the value 
obtained would be too small. The true value of A,, is 
best obtained by measuring the area under the peak. 


In view of the above argument that the true peak is a 


superposition of slight ly shifted peaks, the relat ionship 
the 


between area and relaxation strength should be 
same regardless of whether or not a single relaxation 


time applies. By integrating equation (I-6) combined 
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Investigation 


spe USE d in t he 


ranges of the 


ents 


mperature 
measuren 

Specimen 
Dyn 


odulus 


Stat 


method rietio 


32-196 


with (1-3), under the assumption of constant frequency 
and constant relaxation strength.* we find for the area 


under the curve of d versus 7' for the case of a single 


relaxation time 


2H 


This result is also valid for a superposition of peaks 
that is narrow enough so that all values of the activa 
tion energy may be approximated by the mean valu 
H. Since H is known for these alloys,’ values of A, 
may now be calculated from the measured areas under 
the peak, after subtracting off the high temperatur 
contribution which is due to grain boundary internal 


The value of A 


(; 


friction so obtained is attributed to 


the temperature of the peak 
Areas under peaks observed at various vibration 
frequencies fol specimens | B and C 


The value of A,, 


using equation (19 


were me isured 


with a planimetet calculated from 


the 
about 15 per cent greatet than the value A, 


measured area was always 


® which is 


obtained from the peak height using the equation for a 


single time of relaxation (I-8). Correspondingly, the 
width of the peak at half maximum, 0(1/7'), is greater 
than the theoretical value given by equation (I—9) for 
the case of a single time of relaxation. It is found, for 
each case for which the area was measured, that the pet 
cent by which the true value A,, exceeds the theoreti 
that by which 0(1/7') 


2.63 R/H 


cal value A " is the same as 


( 


exceeds the theoretical width Thus. we 


find experimentally that 


T) 
A, Oy 
2.63 R/H 


Equation (20) is found to be valid to better than 3 per 


cent. The significance of this result is that the peak 


broadened uniformly, in such a way 


appears to be 
that A, can be computed from the peak height and 


* shown that the error made by ne cting the 
temperature dependence of \y in the integration of 6 d7'~! is 


Accordingly \w 
ot the 


can be 


completely negligible may be taken as 


constant, equal to the value relaxation strength at the 


temperature of the peak 


3 
1 24.2 234-25.) 283-29 
RB 30.2? | 211-233 PSO 
( 33.5 208-222 265-285 
| Ra \ 
Area 19 
01. 9 
961 
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Specimen 


A 24.2 % 


B 30.2 
C 33.5 


Comp. (at % Zn) 


100 200 


Temperature, °C 


positions, 


the width at half maximum, without the necessity for 
measuring the area under the peak. Accordingly areas 
were only measured in several samples in order to 
establish the validity of equation (20); beyond that 
point the measurement of peak height and width was 
sufficient. 

Table | shows the range of temperatures over which 
A,, was measured by the internal friction method for 
the three compositions. The results are included in 
Fig. | where they are plotted as 1/A,, versus tempera- 
ture. 

Rigidity measurements make it possible to extend 
the data for relaxation strength to still higher tempera- 
tures. From equation (I-11) it is clear that if Gr and 
(are both measured at the same temperature it is 
possible to obtain A,,. At temperatures well above the 
internal friction peak, m7’ <1 and, from equation 
(I-10), G = G@,. On the other hand, well below the 
Now, the 


vibration frequency of the torsion pendulum varies in 


peak where 7’ l, we have G=G.. 


proportion to (Gr4/l)"*, where r is the radius of the 
wire and / its length. Fig. 2 shows an example of the 
data from which relaxation strengths are calculated 
rigidity measurements. The of the 


from square 


Variation of reciprocal of the relaxation strength with temperature for three 
The temperature range in which each of the three types of anelastic measurement were used are given in Table 1. 


Ag-—Zn specimens of different com 


vibration frequency, which is proportional to the 
dynamic shear modulus, G, is plotted against tempera- 
to 175°C) the data 
In the 


ture. At low temperatures, (25 
correspond to the unrelaxed modulus, G,. 
vicinity of the peak in the internal friction (219°C), 
the modulus decreases rapidly. At the higher tempera- 
tures (above 257°C) the data correspond to the 
relaxed modulus @, within experimental error. The 
dashed curve represents the extrapolation of the 
unrelaxed data into the higher temperature range. 
Since the extrapolation is only over a limited range, 
the assumption of a linear variation of the frequency 
squared with temperature is a good one. (This linear 
extrapolation also includes the contribution due to 
changes in the dimensions of the wire resulting from 
thermal expansion.) It should be noted in Fig. 2 that 


above 250°C the dynamic modulus does not decrease 


with temperature as rapidly as the extrapolated 


unrelaxed modulus. This result occurs because Ag is 


decreasing with increasing temperature. Close to 


300°C the modulus again begins to fall rapidly. The 
decrease is unexpected from the point of view of the 
Zener relaxation; there is little doubt that it is due to 
the grain-boundary relaxation phenomenon, which is 
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Fic. 2. 


Variation of rigidity modulus (i.e. square of the vibration frequency 


with temperature for specimen ¢ The 


sharp drop between 175° and 250°C represents the decrease from the unrelaxed modulus to the relaxed modulus 


known to occur in the range of temperature immedi- 
ately above that of the Zener effect."% The occur- 
rence of grain boundary relaxation makes the measured 
value of G fall below G@, for the Zener relaxation, and 
limit on 


therefore temperatures at 


which reliable values of A,, can be obtained with 


puts an upper 
polyerystalline samples. 

Fig. 2, Aq for the Zener relaxation cannot be obtained 
above 300°C. 


300°C, however, a small correction must be 


Even in the range between 275°C and 
made for 
the grain boundary relaxation in order that G, can be 
obtained without error. The ranges of temperature 
covered by rigidity measurements for the three alloys 
studied are shown in Table 1, and the corresponding 
data obtained are plotted in Fig. 1 along with relaxa- 
tion strength data obtained by the other two methods. 

The plot used in Fig. | is the most convenient way 
to test the validity of equation (1), since according to 
T should 
straight line whose intercept on the temperature axis 


in. 


this equation a plot A,,! versus give a 
This result is, of course, only valid provided that 
both 7, and 7’, 
temperature. The 
methods, plotted in Fig. 1, show that equation (1) is 


may be taken as independent of 


combined results of all three 
indeed obeyed within experimental error for all three 
solid solutions studied. In drawing the best straight 


lines, recognition is given to the fact that the poorest 


precision in the measurement of A,, was in the rigidity 


measurements (the three points at the highest tem- 
perature for each solid solution). It should also be 
that, 


plotted, specimen A, 


remembered because reciprocals of A, are 
which shows the smallest A,,- 
values and therefore the poorest precision of measure- 
ment, gives the largest values of A,~' in the figure. The 
values of 7’, obtained from the intercepts of these plots 
are listed in Table 2. 

Values of the quantity 7, which appears in equa- 


For example, in the case of 


tion (1) be obtained from the slopes of the 


straight lines of Fig. 1. 


may 
Since, as already discussed in 
Section 2, 7’, depends on crystal orientation and on the 
mode of deformation, this quantity does not represent 
a fundamental property of the solid solution, as does 
5. DISCUSSION 

that it would be 


suggested 


the 


It has often been 


desirable to measure order induced by stress 


directly by means of X-rays Accordingly, it is of 
interest to estimate the amount of order that can be 


the Ag—Zn solid solution. The 


stress 1n 
tem- 


induced by 
present experiments show what are the lowest 


peratures at which stress-induced ordering can be 


accomplished in reasonable times. A calculation of 
the amount of stress-induced order obtained under the 
most favorable conditions is presented in Appendix A 
The 


shows that even at the lowest temperatures and the 


based on the pair reorientation model. result 


highest stress at which the Zener relaxation process in 
Ag Zn can reasonably be carried out. the number ot 
pairs in a given direction is changed by only about 0.1 


per cent. It becomes doubtful, therefore, that stress- 


induced order in these alloys can be detected directly 
by X-ray measurements 


The results plotted in Fig. | show that, within 


TABLE 2. Results for 7' 


Specimen 


24.2 
30.2 
33.5 


* If, on the other hand, measurements are made on single 
crystals in various orientations and modes of vibration, it is 
possible to obtain parameters of fundamental importance 
from the values of 7’). 
paper III of this series, 


Such measurements are reported in 


| 
| 

| 

: 
| 

~O30K 
| 

) 

At. Zn K 
A 97 
B | 140 
( 175 


MET 


experimental error, the Curie-Weiss law given by 


equation (1) is obeyed for the case of the Zener 


relaxation in alpha Ag—Zn solid solutions. However, 


the assumption on which the plots given in Fig. | are 


that and 


perature, is unfortunately not valid. For example, in 


based, viz. A are independent of tem- 
terms of the simple pair reorientation theory, the 
following results are obtained for the parameters in 
the expression for A,, (see Appendix B): 


(AS) 


de \? 
| 


yk In( Ow. On.) (Al1) 


where y 
solute pairs per unit volume, 7, is the number of pairs 
per unit volume of type 7, and w, is the energy decrease 
per unit volume when dn, = |. The quantity (dw,/dn,) 
is independent of the of « All of the 
de/On, and dw,/dn, may be tempera- 


ture dependent. As a reasonable first approximation 


choice 
quantities G 


u 


we may regard the latter two quantities as inde- 


pendent of temperature. The quantity » will increase 


with increasing temperature if the binding energy of 


solute pairs is negative (i.e. repulsion between solute 
atoms) and will decrease if the binding energy is 
positive. For an ideal solution » will be independent 
of temperature. The only quantity whose temperature 
dependence is well known is the modulus G,, for which 
the fractional change per ~C is about 5 10 
this temperature dependence is taken into account 


while all the other quantities in the expressions for 


7’, and 7’, are assumed constant, the result is a shift of 


all 7'.-values to lower temperatures by about 70°, 60 
and 40°K for alloys A, B and C 


spite of these large shifts in z -values, the introduction 


respectively. In 


of the correction for the temperature dependence of G 
does not introduce any detectable curvature in the 
A. were plotted 


versus 7' in Fig. 1, the intercepts would be changed by 


plots of Fig. 1. In other words, if G, 


rather large amounts, but the plots would still be 
straight lines within experimental error. In 
the unknown temperature dependence of the other 
quantities, particularly of 7, it is by no means proper 
to introduce only the temperature dependence of the 
Lomer 
different 


appears in 


quantity G). Furthermore, in the Le Claire 


theory see equation (I-14 an entirely 


9 is obtained in which G, 


expression for 7’ 
the denominator. 

In order to get a reasonable idea of what are the 
correct values for 7',, we can make use of equation Al 1. 
It is quite reasonable to assume that dw,/dn, in this 
equation is concentration. 


independent of alloy 
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is a dimensionless constant. 7 is the number of 


if 


view of 
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Fic. 3. obtained from the 


intercepts in 


Variation of the quantity 7 
Fig. 1. with the 
concentration, 


square ol the solute 


the concentration 


should be that of n, the number of solute pairs per 


Accordingly dependence of 7’. 


unit volume. It should, therefore, vary as c?, at least 
at the lower concentrations. Fig. 3 shows the plot of 
the 7'.-values taken directly from the intercepts of 
Table 2) plotted against the 
that 


Fig. | (i.e. the values in 


square of the concentration. The results show 
the fit to the square law is remarkably good, especially 
since the data involve concentrations above the range 
On the other 
hand, if the correction for the temperature depen- 
the “corrected” 7 


obtained plot on a curve with a sharp upward curva- 


9 


where n ~ c? should be strictly valid. 


dence of G, is made, -values so 


ture. It is concluded, therefore, that the temperature 
dependence of G,, must be at least in part compensated 
for by that of the other quantities discussed above, and 


that the best values for 7’ 


( 


are those given by Table 2 
and Fig. 3. Nevertheless, the uncertainity in the 
absolute values of these critical temperatures must be 
considered to be as large as +-30°C in view of the 
unknown temperature dependence of all of the other 
quantities involved. 

The interpretation of T is that it is the temperature 
of self-induced ordering, i.e. the temperature at which 


ordering would occur spontaneously, without the 
presence of an applied stress, if atom movements could 
take place.* Thus, the cubic crystal structure of the 
specimen must become thermodynamically unstable 
at 7' T.. On the other hand, 
that 7’ 


between the cubic phase and a low 


this does not mean 
represents the transformation temperature 
temperature 
equilibrium phase. There are two reasons why a phase 
change might actually take place at temperatures 


*In the 


completely 


atom 
that the 


movements are 
self-induced 


present case, of 
frozen at T 7... 


ordering cannot be observed. 


course, 


| 
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above 7',, as follows: (a) In deriving equation (1), the 


ordering energy, ’, is assumed to depend linearly on 


the order, p,; this assumption is only valid far from 


the temperature 7',, when p, is small. Actually, it 
is reasonable to expect higher terms in p, to enter into 
the ordering energy. As 7’ —» 7’, and p, becomes large, 
these higher terms should become important and act 
to produce a more catastrophic breakdown, i.e. a 
higher critical temperature, than that predicted by 
equation (17). (b) Only an ordering process which is 
capable of relaxing shear stress can be involved in the 
transformation at 7’... The low temperature phase 
cannot have cubic symmetry but must involve direc- 
that 


tetragonal structure like martensite. On 


is present in a 
the other 


tional order similar to which 
hand, additional transformations, which will not act 


to relax shear stress, may occur at temperatures 


above 7’... For example, the formation of an ordered 
cubic phase, or the precipitation of a second phase, 
may take place at a temperature between 7’, and 7’, 
(where 7’, is the lowest temperature in the present set 
of measurements) without being anticipated by the 
relaxation behaviour observed at and above 7',. Stated 
differently, if the free energy of such a phase (involving 
cubic symmetry) is less than that of the solid solution 
phase at some temperature above 7’, then this phase 
will probably be the thermodynamically stable one at 
low temperatures, rather than the one formed by self- 
induced ordering of the Zener type. 

Because of these arguments, it cannot be concluded 
that the values of 7’, given in Table 2 represent tem- 
peratures for equilibrium phase transformations which 
should be shown on the Ag-Zn constitution diagram. 
It is sure, however, that by the time the temperature 
7’, is reached for a given solid solution, the disordered 
cubic phase must be thermodynamically unstable and 
would decompose if atom movements could take place. 
It is interesting that this type of information can be 
obtained by extrapolation of measurements made in 
the range of temperatures where atomic movements 
are possible. 

It is of 
importance of the ordering interaction term, Bp,, in 


interest to evaluate quantitatively the 
equation (9), which is responsible for the existence of a 


non-zero value of 7’... From equations (), (12), (13), 


(15) and (17), we obtain 
bp, 


as a measure of the ratio of the interaction term to the 
stress term in the expression for the ordering energy 
U,. Let us take the 30 at. °, Zn alloy (specimen B) 
the t50°K, 


for consideration. At temperature of 
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which falls in the middle of the range of the measure- 
ments reported in Fig. 1, this ratio becomes 0.45, i.e. 
the interaction term Bp, constitutes about 1/3 of the 
(At lower temperatures, the inter 
This 
cannot be 
deal 


quantitatively with the Zener relaxation phenomenon 


ordering energy. 
action term becomes even more important ) 
that the 


any theory 


result shows interaction term 


neglected in which attempts t 
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ACTA 


free energy per unit volume ( /,,) when 7, is increased by unity. 
It follows from this definition of w, and that of U, (equation 5) 
that the relation between w, and U, is 


U;. (A4) 


Thus, by comparison of equations (23) and (11) and introducing 
(A4) we obtain: 


) 


For an order-of-magnitude estimate of 2. we make use of 


equation (16) from which 


(A6) 


~ 
Gy 
iere in the last step p is substituted from equation (ADS). 
Putting the results of equations (A5) and (A6) into equation 

(A2) gives 
v7's 

nkG 1 

as an order-of-magnitude equation for p,;. In making sub 
stitutions into equation (A7) we select the conditions which 
will make Pp, as large as possible For o we select 10°-4G. ~ 107 
m*as the largest magnitude that will not produce plastic 


dyn 
select the value 


flow of the sample. Kor 
closest to 7’, for which the atomic movements required to 
stress-order the alloy can still be attained. From Fig. 1, the 
smallest value for (7 T.) is about 130°K. The value for n, 
the number of pairs per unit volume, is given by 


temperature, we 


10?! em 


where ¢ is the mole fraction of solute. Substituting into 


equation (A7) these numbers, plus a value 7’, ~ 70 K derived 
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obtain a value 


from the present experiments, and y ~ 1, we 
favorable 


Pp; ~ 1 x 10°%. Therefore, even under the 
conditions attainable experimentally, the unbalance of pairs 
between various crystallographic directions which is produced 
by stress will only be of the order of 0.1 per cent. 
I 


most 


APPENDIX B 


for Ze and T. in terms of the 


Calculation 
pair reorientation theory 


of CXLPVessions 


The purpose of this Appendix is to utilize results of the 
pair reorientation theory developed in Appendix A to derive 
expressions for 7’, and 7’... For 7'9, we utilize equation (16) 
with 4, given by equation (3) and incorporate into it the 
definitions given by equation (Al) and the relation for 
It readily follows that 


given 


by equation (A5). 
de \? 
(AS) 
on 


k im > | 


The similarity of this expression to equation (I-12), which was 
derived for a case in which there are only two non-equivalent 
nearest neighbor onrentations, noted. 

To calculate 7, we must evaluate the quantity B defined by 


should be 


(AQ) 
which will be independent of Utilizing equations (Al) and 
(A4), this becomes 
(AIO) 


B Von?( dw on 


This expression for B and that for P given by equation (A5) 
may then be inserted into equation (17) to give 


(All) 


‘i ln( Ou on 


= Von 
— 
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X-ray small angle scattering from Guinier- 
Preston zones in deformed aluminium-—silver 
single crystals* 


Aluminium-silver alloy single crystals containing 
20 wt.°, silver have been quenched from the 6-phase 
field and aged at room temperature. Under these 
conditions 10-20 per cent of the alloy consists of zones 
each containing a spherical silver rich cluster of atoms 
surrounded by a shell of material containing very 
little silver.4~%) 

Recent theories of the strength of these alloys» 


predict that large numbers of dislocations pass through 


the spherical clusters when these crystals are de- 
formed. Jan‘® investigated the change in symmetry 
of the X-ray small angle scattering pattern when 
polycrystals were deformed by rolling. He found that 
the anistropy of the pattern showed that the clusters 
were deformed but that the clusters deformed less than 
the specimen as a whole. The amounts of slip on the 
various glide systems are unknown for polycrystals 
deformed by rolling and Jan remarks that twinning 
accounted for his results. For these 


could have 


reasons we have repeated Jan’s experiments using 
single crystals deformed in tension. 
the preparation of these single crystals, of their tensile 
properties and of slip line observations has been given 
elsewhere.”) No twinning occurred and slip was 
confined to the primary and cross slip systems. 

The tensile axes of the crystals examined are shown 
in Fig. 1. In carrying out an experiment a small plate- 
shaped piece was first cut from a single crystal. This 
was etched to a thickness of ~70 uw and the X-ray 
small angle scattering pattern obtained. The un- 
thinned portion of single crystal was then deformed in 
tension at room temperature. After deformation a 
small piece was again cut from the crystal and thinned 
and its orientation determined. The remaining single 
crystal was either deformed further or discarded. The 
thin piece of deformed crystal usually showed a spread 
Its X-ray small angle scattering 
pattern The 
affects the measured values of the shear strain in the 


of orientation of ~5 
was measured. range of orientation 
zones. 

Small angle scattering photographs were taken on a 
flat film from the crystals deformed in tension. After 
deformation the original circularly symmetric pattern 
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A description of 


EDITOR 


Initial orientation of the crystals examined 


Fic. 1. 


The ellipse is not symmetric with 
As the 


extension of the cry stal is increased, the eccentricity 


becomes elliptical 


respect to the axis of tension of the crystal 


of the ellipse increases and the minor axis moves 
towards the slip direction in the crystal 

Using the apparatus described previously quan 
titative measurements were made of the variation of 
scattered intensity as a function of scattering angle, 
of directions. To do this the 
the 


é 20, for a numbert 


crvstal was mounted in small angle scattering 
apparatus on a goniometer head so that the direction 
of the scattering vector in reciprocal space was alway s 
The 


shown in Fig. 2. As the specimen was a thin rectangu 
the 


known type of scattering curve obtained is 


lar plate it was most convenient to measure 
scattering in directions such that the scattering vector 
For 


were 


in reciprocal space lay In the plane ot the sheet 


most crystals two directions at right angles 


chosen: these were the direction of tension and a 


direction normal to this in the plane of the sheet In 
some crystals measurements were made in a number of 
The 


plotted in the form log intensity against e? 


additional directions scattering curves were 


From the 
slope of such a plot at angles greater than the peak 
value, values of the square of the average radius of 
gyration of the silver rich clusters about a plane 
normal to the scattering vector (§) can be found 


From these measurements values of the average shear 


«D2 
63° (cia) 
*E6 
E13 
°Ei5 
| 
59 


"ALLURGICA, 


INTENSITY (c.p.s) 
uw 


) 


LOG, 


20 30 

io’) 
Fia, 2 with angle of scattering 
20) tor 
formed crystal, curve 


Variation of intensity 
crystal A4. Curve 0 is from the 
{and B are from the deformed 
erystal. Curve A w with the 
vector lying along the axis of tension and curve 


unde 


as obtained scattering 


B with 
the scattering vector lying in the erystal plane normal 
to the axis of tension, 


undergone by the clusters may be derived in the 
following Way 

Consider a sphere of radius Ry, which is subject to a 
uniform shear of amount s. It is transformed into an 


ellipsoid of semi-principal axes where 


(1) 
If © is the angle between the major axis and the shear 


direction 


(-) arctan 


| 
| 
| 
L 


The radius of gyration of an ellipsoid about a plane 

passing through the centre of which the normal 

parallel to the vector § 

the principal axes of the body, is given by 


2 anc? 
cos* ¢, 


makes angles &,, with 


9 9 9 9 
R,* cos* cos* Ea). 


Substituting from equation (1) we obtain after some 


algebraic manipulation 
sin 2x cos 


(cos2% sin? « cos? 
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Slip Piane 
Normal 


Slip 


Direction 


Here x is the angle between § and the shear direction. 
¢ is the angle between the plane containing « and that 
containing the shear direction and the shear plane 
normal, and e, is the angle between § and the direction 
in the shear plane, normal to the shear direction 
These are shown in Fig. 3. 

From the measured variation of scattered intensity 
with angle, values of R? are obtained. From these, 
values of the shear s can be found from equation (2) by 
measuring the relevant angles and taking the value of 
R,? from the scattering curve from the undeformed 
crystal. In some cases we have preferred not to use the 
value of R,? but to eliminate this quantity between 
two equations of the form of expression (2) obtained 
from separate measurements of #.? in two directions 
in the crystal. To obtain s a quadratic equation is 
solved \ ielding two roots: one of these could always 
be rejected as physically unreasonable. A quadratic 
equation must always be obtained since values of RZ 
and not R. 
The measured values of crystallographic glide 


are found from the intensity measure- 
ments. 
strain and values of the quantity s derived in the above 
manner are compared in Table 1 for the deformed 
crystals examined. 

For the first 
quantity s were found from values of R,? measured in 


four crystals listed, values of the 


two directions after deformation and from the value of 


R,? measured before deformation. Using equations of 


TABLE |. Comparison of values of shear strain obtained from 


X ray 


small angle scattering and from measured elongation 
Glide strain 


from measured 


Glide strain 
from X-ray 


scattering (° 


Elongation 
( ry stal (0 


) elongation (° 


A4 
E13 
Cl 


bo 


60 Mi 
20 
S 
os 
\ 
x B 
Me 
' \ 4 Fic. 3. Diagram illustrating the angles used in the text, 
Vol. 9 
1961 
R* 2 
R,? 
+ + sy/(s? + 

+ 4) 8] 

: 
= 

36 26 

6 

| 21 12 
| 25 30 
72 15 71.5 
5 | 24 28 12.5 
C1A 20 17 8 
cos’ <,)}. (2) 


TO 


the form of equation (2) three separate determina- 
tions of s could thus be made. These usually differed 
by not more than 10 per cent, e.g. in the case of 
crystal A4 the values found were 34, 43 and 32 per cent 
giving a mean of 36 per cent. The agreement between 
the various values of s was surprisingly good when the 
uncertainty in the values of the measurement of the 
relevant angles in a deformed crystal is borne in mind. 
The average value has been given in Table 1. For the 
last four crystals values of R,? were not used and s 
the R? 
different directions after deformation. 

tals the scattering after 
shifted to 
markedly less linear when plotted in the form of log 


was derived from values of measured in 


In these crys 
deformation 


curves were 


smaller angles of scattering and were 


intensity against e?. The value of R was found from 
the best straight line portion of the curve which was 
always that part occurring at angles of scattering a 
little greater than the peak value. For these last four 
crystals then there is evidence of the growth of the 
clusters during or immediately after deformation and 
the values of s derived are thus less reliable than those 
for the first four. The reason for the difference in 
behaviour of the two groups of crystals is not known. 
Those showing cluster growth during deformation 
were deformed shortly after quenching to room tem 
perature. Those showing no cluster growth had all 
been aged at least 3 weeks at room temperature before 
deformation 

(6) 


These results extend those of Jan'® and show that 


the 
single crystals deformed in tension 


silver rich clusters deform with the matrix in 


The deformation 
of the clusters is closely the same as that of the cry stals 
as a whole. This result does not necessarily conflict 
with that of Jan because he used very much larger 
deformations in his polyerystals. Livingston and 
Becker™ carried out similar experiments to those of 
the 


Jan and ourselves on Cu—Co alloys, measuring 


deformation of the clusters by a magnetic method 


They found that at small deformations the plastic 


strain in the matrix and in the clusters was the same 
but at large deformations the former was the larger 
The reason why dislocations pass through the clusters 
and not around them leaving the clusters undeformed, 
is that the spacing of the clusters is too small and the 
clusters would be unable to withstand the stresses on 
them if this occurred.‘4>!0 

It remains to discuss whether the use of a model 
based on a homogeneous shear occurring within the 
clusters is justified. On an atomic scale this cannot 
be true since slip occurs by the motion of dislocations. 
However on a scale of size of about the diameter of the 


clusters (~40 A in this case) the deformation of the 
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crystals must be approximately homogeneous other 
wise the observed asymmetry of the X-ray scattering 
could not be accounted for. If the clusters were cut 
into two parts and the two parts separated by a 
distance many times the diameter of the clusters they 
would scattel cold 


certainly independently in a 


worked crystal. This would lead to a marked drop in 
the total intensity of the scattering since this is pro 
portional to the square of the average radius of 
for 


spheres 


gyration of the clusters. Secondly a set of hemi 


spheres or anv sections of the angular 


dependence of the scattering would depend on one 
namely the angle (A) between the scatter 
the 


angle only 
ing vector in reciprocal space and the normal to 
This would mean that for any crystal 


the 


plane of slip 


containing sets of hemispheres the values of 


quantity 


would be constant for all directions of measurement of 
R?. This was never found 
factor of 2 

We conclude, as did Jan and Livingston and Becker 


to be the case within a 


that in these alloy crystals containing clusters of 


foreign atoms situated on the lattice points of the 


matrix that slip is homogeneous within volumes of the 
order of (40 A) 

S. Satot 
partment of Wetallurqy \. KELLY 
Northwestern Unive 


Evanston. Illinois 


rsily 
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Dehnung [%] 


2 


10 10 


Zeit t [h] 


Dehnung in Abhangigkeit von der Zeit bei 
Priiftemperatur 150°C. 


ABB. |. 
konstanter Belastung. 


Materials bei 
— 41 kp/mm?, Zugfestigkeit o,, 
Dehnung 06, = 33 enthielt, 


wurden bei Temperaturen zwischen Raumtemperatur 


des untersuchten taumtemperatur : 
Fliessgrenze 
58 kp/mm?, Prozent) 
und 300°C Kriechkurven gemessen. Bei 300°C zeigen 
die Kriechkurven eine relativ hohe Anfangsdehnung. 
Bei denjenigen Spannungen, bei denen der Bruch im 
Zeitintervall (< 1000 h) nicht 


war die Kriechgeschwindigkeit sehr klein und niahe- 


untersuchten eintrat, 


rungsweise konstant. Im Gegensatz dazu wurde bei 
den Temperaturen zwischen 
275°C. bei 


Kriechgeschwindigkeiten ein 


taumtemperatur und 
bestimmten Belastungen nach anfanglich 


kleinen Maximum der 
Der Betrag der 


) und die Zeit, 


Kriechgeschwindigkeit durchlaufen. 
maximalen Kriechgeschwindigkeit (é,,,. 


auftritt (fmax)> 


eindeutiger Weise von der Temperatur und der an den 


nach der das Maximum hingen in 


Proben angelegten Zugspannung ab. Bei hoherer 
Temperatur tritt bei gleichen Zeiten das Maximum bei 
kleineren Spannungen auf. Abb. | zeigt die Dehnung 
in Abhangigkeit von der Zeit bei 150°C bei verschie- 
denen, auf den Anfangsquerschnitt der Proben 
In Abb. 2 ist die 
geschwindigkeit in Abhangigkeit von der Zeit darge- 
stellt. 
von: 
Verlauf auf. 


bezogenen Spannungen. Kriech- 


Nach sehr langen Zeiten und nach Durchlaufen 


weisen die Kriechkurven einen hyper- 
bolischen Fiir den Bereich des Uber- 


gangskriechens gilt das 
é = At 
mit den Konstanten A u. 6. wobei i. allyem. 
l<f <3/2. 


Es liegt nahe, das Maximum der Kriechge- 


schwindigkeit mit der Wechselwirkung der Sauerstoff- 


nun 


atome mit Versetzungen im Titangitter in Verbindung 


zu bringen. Hinweise auf eine solche Wechselwirkung 
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Pruftemperatur 150°C 


\75 


Kriechgeschwindigkert [%/h} 


& 


12.5 kpimm* 


10! 
Zeit th] 


Kriechgeschwindigkeit in Abhangigkeit von 
Belastung und Temperatur wie in Abb. 1. 


ABB. 2. 
der Zeit; 


liefert ein Daimpfungsmaximum,") das dem Sauerstoff 
in Analogie zum Snoek-Effekt 
Titan 
taumtemperatur eine ausgepragte Streck- 


zuzuschreiben ist, 


bei «-Eisen. Ausserdem zeigt technisches 


oberhalb 


grenze sowie Alterungseffekte,8:>) wie sie auch bei 


Weicheisen beobachtet werden. Es liegen also 


ahnliche Verhaltnisse wie in kubisch raumzentrierten 
Metallen bei Anwesenheit von Zwischengitteratomen 


vor: beim 


detailierte Uberlegungen 


hexagonalen 
Titan stehen jedoch noch aus. Von Seeger“ und 
Schock™ wurde die Wechselwirkung von Zwischen- 
gitteratomen mit Versetzungen im kubisch raumzen- 
trierten x-Eisen theoretisch untersucht. Sie fanden, 
dass im wesentlichen zwei verschiedene Mechanismen 
fiir die mechanischen Eigenschaften, vor allem fiir das 
Auftreten der Streckgrenze, wesentlich sind: 

Wolkenbildung, 


Cottrell diskutiert wurde, 


(1) Eine wie sie bereits von 
die Bevorzugung gewisser Gitterplaitze durch 


Zwischengitteratome, verursacht durch das 
Spannungsfeld von Versetzungen (analog der 
Bevorzugung durch déussere Spannungen beim 
Snoek-Effekt). Die 


zung wird dabei erniedrigt; die Schubspannung 


Linienenergie der Verset- 


zum Losreissen muss erhoht werden. 
Beide Mechanismen unterscheiden sich z.B. durch die 
Temperatur abhangigkeit der Streckgrenze. 

Ks wird vermutet, dass fiir das Kriechverhalten 
gemiss Abb. | und 2 die zweite Art der Wechselwir- 
kung, die nach Schéck und Seeger”) fiir x-Eisen im 
Bereich zwischen Raumtemperatur und der sogenan- 
nten Blausprédigkeit wirksam ist, 


von Bedeutung 
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ist. Hierfiir spricht u.a., dass die Temperaturab- 
haingigkeit der Streckgrenze bei Titan analog zu 
derjenigen von «z-Eisen Fiir die Kriech- 
geschwindigkeit é gilt nach Seeger! der allgemeine 
Ansatz 

by, FN(t) KT 


wobei 6 die Versetzungsstarke, y, die Frequenz der fiir 


die thermische Aktivierung notwendigen Schwan- 
kungen, F die pro Aktivierung von einer Versetzung 
iiberstrichene Fliche, N(t) die pro Volumeneinheit an 
Hindernissen aufgehaltenen Versetzungslinien, u,. die 
Aktivierungsenergie fiir einen Schneidprozess, v das 
Aktivierungsvolumen, 7° 


die an den Versetzunge1 
angreifende Schubspannung beim Beginn des Kriech 
versuches und Ar die durch die Verfestigung bedingte 
Wenn nun der 


Vor- 


eine 


Erschwerung des Gleitens bedeuten. 
bei 
Ar 


zu addieren, die davon herriihrt, 


oben erwaihnte Mechanismus gilt, so ist 


Zwischengitteratomen zu 


Schubspannung 


handensein von 


dass die Linienenergie der Versetzung durch die 


Sauerstoffatome erniedrigt wird. Diese Schubspann- 
ung ist nach Seeger und Schéck proportional der 
Konzentration der Sauerstoffatome c. 

bas 
Hierbei ist x ein Zahlenfaktor, A die Wechselwirkungs- 
Der 
Sauerstoff wird sich im Laufe der Zeit an den Verset- 


energiekonstante und a die Gitterkonstante. 


zungen anlagern. Vor allem geschieht dies an den- 
jenigen, die eine lange Verweilzeit an den thermisch 
Die Verset- 


wesentlichen 


zu tiberwindenden Hindernissen haben. 


zungen mit kurzer Verweilzeit, die im 


fiir die plastische Verformung massgebend sind, 


— 


T= 26°C 
T= 150°C 
T #175 °C 
«200°C 
T+250°C 


Al 


max Kriechgeschwindigkeit | 


10° 10 10° 
Zeit 
Ass. 3. Abhangigkeit der maximalen Kriechgesch- 
windigkeit (émax) von der Zeit, nach der das Maximum 
auftritt (tmax) bei verschiedenen Priiftemperaturen und 
Spannungen. 
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Matrix Sauerstoff- 


antreffen. 


geringerer 
konzentration Die 
Sauerstoffatome an den Versetzungen nehmen wir in 


werden dann eine 


Ausscheidung der 


Kohlenstoffs im 


des 


(11) 


Analogie zur Ausscheidung 


x-Eisen als Exponentialgesetz an. Die Konzentra- 


tion c(t) zu Zeit (t) ist dann 
f 


c(t) 


| 


Mit Annahmen liefert die Rechnung fiir die 


Zeit-, Temperatur 
Maximums der Kriechgeschwindigkeit 


diesen 


und Spannungsabhangigkeit des 


In In tinax ™ 


wobei o, die angelegte Spannung und 7’ die Versuch 
Dies guter Uebereinstim- 
mung mit dem experimentellen Befund (Abb. 3) 
Nur bei Dehnungen | Prozent ist das Auftreten des 


Kriechgeschwindickeit 


stemperatur ist. steht in 


Maximums der zu erwarten 


da sonst der Einfluss der Verfestigung tiberwiegt. 


Die 


Sauerstoffatoms mit 


Konstante der Wechselwirkungsenergie eines 


einer Versetzung im Titangitter 
ergibt sich aus den Kriechversuchen zu 


30+ dyn em* 


Seeger! 


Verot 


fentlichung der Experimente sowie der theoretischen 


sich nach Schéck und 


(Fir Fe 


tA 37. 10-79 dyn em®?.) 


ergibt 
Eine ausfiihrliche 
Deutung erfolgt demnichst.™ 


Forschunqsanstalte n de) Firma H. SCHOLI 


Friedr. kK) upp W. 
Esse n. Deutse hland 


KNORR 
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Elektronenmikroskopischer Nachweis der 
Verformung eines ausgeschiedenen Karbides 
in einer Nickellegierung* 
Untersuchungen zur potentiostatischen 


Bei den 


Isolierung der ausgeschiedenen Phasen in nickelreichen 


10 
N 
| 
10 + — 
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ABB. 2. 12000 


Legierungen wurde ein Verfahren ausgearbeitet, nach 579h bei einer Dehnung von 1.7 Prozent. 
welches die karbidischen Phasen allein abzutrennen Abb. | zeigt eine potentiostatisch isolierte Lamelle. 
gestattet.”) Dieses Verfahren wurde unter anderem Die réntgenographische Analyse des Gesamtisolates 
auf Proben einer Legierung mit ca. 74 Prozent Ni, — liess-neben dem TiC—lediglich die Linien der kubisch 
20,6 Prozent Cr, 0,8 Prozent Al, 2,7 Prozent Ti, raumzentrierten Me, , C,-Struktur erkennen, so dass 
0.04 Prozent C angewendet. welche Sh bei LOSO°C — es sich bei der dargestellten Lamelle um dieses Karbid 
und weitere 16h bei 700°C warmebehandelt worden  handeln diirfte. Zunichst fallt an der Lamelle der 
waren. AnschlieBend waren die Proben bei 750°C © stark aufgerissene untere Rand auf, im Gegensatz zu 


mit 24kp/mm* dauerbelastet worden; sie brachen den exakt orientierten Begrenzungen der oberen 
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ABB. 


Seite. Zweitens erkennt man—vor allem in dem 
» 


vergréBerten Ausschnitt, Abb. 2—zwei Gleitlinien- 
Systeme, deren Richtungen mit zwei der Haupt- 
richtungen der eben erwaihnten Lamellenbegrenzung 
Die 


zerklifteten unteren Rand wesentlich gréber als an 


iibereinstimmen. Gleitliniendichte ist an dem 


dem glatten oberen; eines der beiden Systeme tritt 
im oberen Teil gar nicht mehr auf. Der Gleitlinienab- 
Besonders 


stand liegt etwa zwischen 0,1 und 0,5 uw. 


gut sichtbar wird die Abgleitung an den _ unter- 
brochenen Interferenzlinien, auBerdem aber an den 
kleinen Stufen, welche von den Gleitlinien am auBeren 
Rand gebildet werden (Abb. 2). 

Uber ahnliche 
(18/8-Stahl), 


kaltverformter 


Metallfolien 
Abtragung 


Erscheinungen an 


durch elektrolytische 
Bleche hergestellt 
Mitarb. in 
ihre 


die 
worden waren, 
berichten Hirsch u. einer ausfiihrlichen 
Arbeit.’ Abb. 


die Verschiebung von Interferenzlinien an den Gleit- 


Insbesondere zeigt 3 ebenfalls 
linien und das Auftreten entsprechender Stufen an der 
Probenkante. Es ist jedoch zu beriicksichtigen, dal 
die Verformungsbedingungen und die aubere Geo- 


metrie der natiirlich gewachsenen Karbidlamelle 


(Abb. 1 und 2) noch verwickelter sind als bei der von 
Hirsch Mitarbeitern Metallfolie. 


Ein von der abgebildeten Lamelle aufgenommenes 


und untersuchten 


Elektronenbeugungsbild ist in Abb. 3 wiedergegeben. 
Die 
einen Eindruck von den in der Lamelle vorliegenden 


strichformig ausgezogenen Reflexe vermitteln 


Orientierungsunterschieden. 


Beobachtungen wie die hier wiedergegebenen 


weisen darauf hin, da unter Umstiainden nicht nur 


5—/’20 pp.) 


THE EDITOR 


3. 


die Legierungsmatrix, sondern auch die sehr feinen 


und harten Karbidausscheidungen innerhalb des 


Gefiiges einer plastischen Verformung unterliegen 


Da Gefiigeuntersuchungen an den gleichen 
fast 


ausschlieBblich an den Korngrenzen ausscheiden, liegt 


k6nnen. 


Proben gezeigt haben, sich die Karbide 


die Vermutung nahe, da} die vorstehend mitgeteilten 
Beobachtungen auch mit dem Korngrenzengleiten in 
Zusammenhang stehen 

ILSCHNER-GENSCH 
Versuchsanstalt de) 
Friedr. Krupp WI DIA- Fabrik 
Essen, Deutschland 
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Microcreep relaxation of pinned 
dislocations in gold* 
Introduction 


Although the effect of vacancies on the physical 
properties related to mobility of dislocations in crystals 


are now widely recognized, it is still unclear what 


exact atomic arrangement results from the interaction 
In the case of 


where the dis 


of vacancies with dislocation lines 


metals of low stacking fault energy 


locations are split into partials formation is a 


1) 


jog 


fairly difficult process” since it requires much energy 
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friction, 


Internal 


units 


arbitrary 


Elastic modulus ,£, 


Temperature, 


1. Internal friction and elastic 


in the 


to pinch the extended dislocation to allow climb. 
Thus a vacancy might remain attached to an extended 
changed in nature 


The of 


vacancies on dislocation damping starts when the 


dislocation line without being 


through a jog forming process. role such 


conditions of the experiment are suitable to allow 
to 
of 


stress 


the vibrating dislocations drag behind these 


pinning vacancies by 
the 


diffusion causing a 


the 


means 


phase lag between and dislocation 
motion. 

The present work reports a relaxation process of 
It 


friction 


the type mentioned above. was observed during 


the of internal and elastic modulus 


measurements at different temperatures on pure gold. 


course 


Expe rimental and results 


The gold samples used in the present investigation 


modulus changes with temperature. 
internal friction curve is analysed in the shaded curve. (rpq 5 


°c 
The 


hump 


c/s 


are of spectroscopic purity and were supplied by 
the of thin 


A loop of this wire was made to 


Johnson—Matthey’s Co. in form wires 
0.002 in. diameter. 
vibrate transversely in vacuo in front of a capacity 
electrode used for the excitation and detection of the 
small amplitudes of vibration (strain amplitude of the 
order of 

Internal friction and elastic modulus changes at 
different temperatures were measured in the frequency 
range 10 A hump on the rising internal 
friction vs. temperature curve was observed in the 
200-600°C 


LOO e/s. 


temperature range and was associated 


with a drop in the elastic modulus. Analysing the 


hump from the basic increase of internal friction with 


temperature, the shadowed peaked curve (Fig. 1) was 


obtained. Quenching the wire sample from a tempera- 


ture of 1000°C to room temperature immediately before 


internal friction, 


4 


— 


-43 


Relaxationo! 


Temperature , 


Effect of 


A ( Ey ER) Ep. 


annealed; 


quenching on the relaxation process. The relaxation strength is calculated from 


25 e/s.) 


quenched from 1000°C. 
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friction normalized, Q™' 


internal 


Reloxational 


Temperoture, °C 


Internal friction relaxation curves at different 
frequencies of vibration. A shift tem 
peratures 1s effected by increasing the working fre 


quency. 25e/s: 36°2 94 ¢/s.) 


a set of observations was taken increased the relaxa 


Fic. 3. 
towards higher 


tion strength but did not affect the position of the 
relaxation band (Fig. 2). 

Typical relaxation curves at different frequencies 
of vibration are shown in Fig. 3. A shift in the position 
of the peak towards higher temperatures occurs as 
the working frequency is increased. The relaxation 
started its activity earlier for samples vibrated at 
lower frequencies while it was completely suppressed 
for all frequencies at a limiting temperature about 
700°C. A plot of the logarithm of the relaxation time 
vs. the reciprocal of the absolute temperature at 
which the relaxation is fully active is given in Fig. 4. 
The energy activating the process is found to be 
0.55 eV. 


Inte rpre tation and discussion 


The relaxation process here observed was first 


suspected to be due to relaxation by grain boundary 


migration. This idea was favoured™) by the tempera- 
ture and frequency ranges in which relaxation appears. 
However, a micrographic test of the grain size showed 
that the gold wire consists of bits of single cry stals. 


each of average length of about 3 times the cross 
dimension of the wire. This fact leads us toassume that 
the wire behaves in fact like a single crystal, and thus 
relaxation by grain boundary migration was to be 
excluded. 

The striking effect of quenched vacancies on the 
relaxation strength suggested strongly a possible role 
of vacancies in the relaxation process. If we adopt the 
idea®) that vacancies can adhere to dislocation lines 
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x “sec 


Relaxation time, 7, 


without being changed in nature, then the present 


results could be « xplained by 
the 


microcreep ol pinned 


dislocation lines under action of the applied 


alternating stress field. Since the mobility of vacan 
cles increases with raising te mperature the vacancies 
could be dragged behind 
high The 


between the stress 


that pin the dislocation lines 


them when the temperature is enough 


phase lag introduced in this way 


and the 


effect observed in that temperature range 


anelastic 
\t higher 
temperatures the vacancies do not resist the dislocation 
Fig. 5 
the 


es rise to the 


dislocation motion giv 


motion. and th relaxation stops shows 


diagrammatically the atomic model for thermal 


activation of the microcreep relaxation 


the 


process 


The observed increase in relaxation strength 
and the early start of the relaxation process, effected 
by quenching the sample before starting the observa 
tion run, could be explained on the basis of the in 
creased probability of having more loosely pinned 
points on the dislocation lines suitable for the initia 
this Also 
start of the relaxation for lower frequencies might be 


the the 


tion of relaxation mechanism the early 


due to longer periods over which stress 18 


applied in any one direction, which increases the 
probability of jump of these pinning vacancies. 

The complete suppression of the relaxation process 
at a temperature of about 700°C could be attributed 
to the increased mobility of vacancies at that tem 
perature, being high enough to follow instantaneously 
the the 


frequency of the applied stress. 


moving dislocation line whatever may be 
The activation energy 
of 0.55 eV for the present process 1s lower than the 
for 


This difference suggests 


value previously reported single vacancy 


migration in gold (0.68 eV). 
that the diffusion behaviour of a vacancy attached to 
a dislocation line might be different from that of a 


similar one situated in a good part of the crystal. 
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Stress 
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Increasing temperature 


Fic. 5. Atomic model showing the thermal activation 
of the mucrocreep relaxation process. O pinning vac 
ancies; x points of fixation other than vacancies; 
vacancy track behind the dislocation. At low tem- 
peratures, the vacancy will completely pin the disloca 
tion line. The mobility of vacancies at higher tempera 
tures will be high enough to follow instantaneously the 
moving dislocation. In the intermediate temperature 
range, the dislocation behind it the 
giving rise to anelastic behaviour. 


drags vacancy 


Another possibility to explain this discrepancy is to 


suppose that the diffusing entity is not a single 


vacancy but a divacancy. 
R. KAMEL 
Physics Department 
Faculty of Science 
University of Cairo, Egypt 
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Void formation in ductile fracture of a 
cobalt-iron alloy* 


There have been recent reports on the formation of 


voids in ductile fracture at room temperature. 
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Rogers") studied the void formation in coarse-grained 
copper while Puttick’) examined the voids in fine- 
grained copper and ingot iron. Both agreed upon the 
the 
differed vastly on the initiation sites and other aspects 
the 
observations, it is evident that the phenomenon has 


vital role of void formation in fracture but 


of voids. Because of limited and divergent 
not been clearly understood. 
tensile 


A close 


examination of the voids leads to an evaluation of 


This note describes the void formation in 


tests at room temperature of a Co—Fe alloy. 


the various mechanisms of void initiation and growth. 
The alloy under investigation has the 
composition of 49% Co-49% Fe-2° V 


Although relatively high purity ( 


nominal 
by weight. 
-99.9 per cent) has 
been attained, the alloy is not completely free from 
inclusions, of which most are 
The 


phase undergoes a transformation to x phase at 920°C. 


oxides and other 


scattered within grains. high temperature 


Rapid cooling suppresses the y—>« transformation 
and converts y to a martensitic structure. 

Under certain quenching conditions,t the alloy 
exhibits high ductility (43-81 ° 
fracture) with typical cup-and-cone fracture surface as 


reduction in area at 


oO 


Fig. 1. In all fourteen specimens, the 


shown in 
ductile fracture is always characterized by void 
formation, which is undoubtedly an inherent feature 
of the ductile fracture of this Co—Fe alloy. Specimens 
that but 
furnace-cooled fracture brittly in the (100) cleavage 


have been identically annealed slowly 
plane without void formation (see Fig. 2). Thus the 
voids are genuine products of the ductile fracture. 
Their formation does not involve such complications 
as the Kirkendall effect during the annealing and the 
dislodgment of nonmetallic inclusions in the metallo- 
graphic preparation. 

Microstructure does not seem to impose any con- 
straint upon the formation of voids. Thus far voids 
have been produced in three different microstructures. 
Fig. 3 displays a single martensitic structure whereas 
Fig. | contains martensitic matrix and x precipitates 
at the boundaries of originally y grains. There are 
three constituents in Fig. 4, with x and the martensite 
being two major constituents in an intimate mixture. 

In almost all ductile specimens (thirteen out of 
fourteen), voids are found in layers beneath the free 
surface within 1/10 of the radius in the gage length. 
Equally important is the revelation that, in several 
specimens, voids are also found near the specimen 
shoulders where deformation takes place without 


necking. Since voids have been found in regions 


+ The results of a detailed investigation of the mechanical 


properties of this alloy will be reported in a later paper. 
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has not been clearly revealed 


Voids formed in ductile fracture, which is typified by the cup-and-con 
Diamond dust used in polishing and 3 per cent nital in 


Absence of void formation in cleavage 
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Martensitic matrix 


etching 


surtace 


fracture 


has been identically annealed as that in Fig. 4, but furnacs 


where hydrostatic tension is neither developed (near 
the shoulders) nor appreciable (in surface layers?) 
the initiation of voids may be 


other 


it is concluded that 
independent of hydrostatic tension. On the 
hand, voids in Fig. 4 are only found in the severely 
deformed « phase, but almost none in the slightly 
deformed martensite, indicating that plastic deforma- 


tion effectively promotes the void formation. Hence, 


in order to be consistent with the observation in Fig. 4 


the mechanism of void initiation at nonmetallic 


inclusions™ should include the piling up of dislocations 
against inclusions. Furthermore, this process provides 
a powerful method to build up stress concentration at 
the inclusions, which, according to Cottrell, is 
proportional to the number of dislocations 


There 


directly 


in the piled up group is other evidence to 
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Fic. 3. Excessively grown voids in martensitic structure. Note the joining of voids 
to form an elongated crack in the center beneath the fracture surface. 63 


Fic. 4. As indicated by arrows, voids are found in the severely deformed « phase, but 

not in the slightly deformed martensite («”). Dark clouds in «” are precipitates of «. 360 
believe that without the participation of a stress- magnitude larger than that of intercrystalline voids 
magnifying process, simple disintegration at an in- produced under creep conditions in copper and 
coherent interface is a rather inefficient method of «-brass.“ More often large voids emerge in the 
cracking.) central column of the neck and near the fracture 
As to the growth of voids, it is noted that the size of | surface, confirming the theory that hydrostatic 
solitary voids can reach a maximum cross-sectional tension is influential in the growth of voids. In 
area of 6 10-4 cm? which is about an order of regions where hydrostatic tension is absent or small, 
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voids must grow under other type of stress such as 


normal or shear stress. The maximum size of the 
voids and the conceivably low mobility of vacancies 
under the test conditions rule out the growth mecha- 
nism by vacancy condensation. 

The profile of the fracture surface shows that voids 
often 


surface (Fig. 1). 


constitute a small portion of the fracture 
The joining of voids to produce large 
cracks is only seen in one specimen (Fig. 3). Hence 
this joining process is inactive owing to the wide 
separation of the voids. The initiation of fine cracks 
near voids is not observed in this alloy as in iron by 
Puttick. It 
mation does not necessarily lead to the fracture in a 


is therefore concluded that void for- 


ductile mode. On the contrary, the meeting of a 


propagating crack with a void may momentarily halt 
the propagation on account of a sudden decrease of 
normal stress concentration at the tip of the crack.” 

C. W. CHEN 
Westinghouse Research Laboratories 


Pittsburgh 35, Pennsylvania 
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Quench-hardening for relatively low 
vacancy concentrations* 


One of the major questions concerning the nature of 
the annealing out of quenched-in vacancies is whether 
the vacancies coagulate into voids which may finally 
collapse into dislocation structures or are absorbed by 
already existing sinks. An interpretation was given by 
Koehler et al.” on the resistivity change in quenched 
gold in terms of the migration of quenched-in vacan- 
cies and divacancies to random sinks of dislocation 
lines. They assumed that only single vacancies are 
700°C. different 
interpretation was given to the same results by Kimura 
et al., 
forming clusters when the quenching is done from 
850°C: 


important for quenches from 


According to the latter. vacancies coagulate 


above for quenching from temperatures 
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vacancies migrate to dislocation lines 


Direct 


below 750°C, 
evidence of 


Silcox 


coagulation. 
gold 
Hirsch for quenching from temperatures between 
910 and 960°C. 

In this 
quench-hardening studies indicating that 


without vacancy 


coagulation in has been given by and 


paper we present evidence based upon 
vacancy 
coagulation is the dominant mechanism in gold for 
the annealing out of vacancies for quenching tempera 
tures from 1030 to 700°C, The mechanism of quench 
hardening for quenching temperature of 1030°C in 
gold has been established in terms of tetrahedral 
stacking faults resulting from vacancy coagulation.:4 
The present work provides information showing that 
the same mechanism operates over the entire quenching 
LO30-700°C Thus 
for this 


The binding energy between 


temperature range of vacancy 


clustering should be significant range of 


quenching temperature 


vacancies must then be sufficiently large to allow 


clustering to take place; which implies a binding 


energy of 0.3 
In Fig 
time for quenches made from 800 


increases to a saturation value with aging time, but no 


eV or greate! 
1. the yield stress Is plotted against aging 
750 and 700°C 


For quenching temperatures the yield stress 


further change occurs for aging times beyond satura 
tion. This is similar to the aging behavior observed 
previously for the quenching temperature of LO30°C. 
It was also found that the yield stress increase and the 
resistivity decrease were in phase 

The above results for gold eliminate the possibility 


suggested by Kimura et a/l.), since their mechanism 
was based on the existence of overaging 

An additional experimental result supporting the 
conclusion is the of quenched-in 


The 


quenching temperature can be explained if we assume 


present recovery 


resistivity. variation of reaction times with 


vacancies anneal out by migrating to clusters of 


density proportional to the quenched-in resistivity 
For example the reaction times were 50 and 19 hr, a 
ratio of 2.6 for quenches from 600 and 700°C, respec 
the 


resitivities was 0.244.) 


tively; corresponding ratio of quenched in 
The ratio of reaction times 
on the basis of the above model should be approxi 
mately equal to the negative two-thirds power of the 
ratio of the quenched-in resistivities for the two 


temperatures. This gives 2.56, which agrees with the 


above measured ratio of 2.6. No difference in reaction 
time would be expected for the dislocation sink model 


In 


Vacancy 


quench-hardening resulting from 
for 
Clustet 


conclusion 


coagulation is a consistent mechanism 
quenching temperatures from 1030 to 700°C 


ing of vacancies at relatively low vacancy concentration 
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Yield Stress 
Resistivity 
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To= 700°C 


80 


Aging Time (hr) 


that the binding between vacan- 


cles is larger than 


indicates energy 
that proposed previously.”’ The 
present results are consistent with a binding energy 
between vacancies of 0.3 eV or larger, in agreement 
with a recent resistivity study. 

Mor! 

Mesut 

Northwe ste rn Unive rsity W. 


Eranston. Illinois 


Department of Material Science 


KAUFFMAN 
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Discussion of letter by Mori, Meshii 
and Kauffman* 

The present authors are most gratified that the 
question whether or not vacancies coagulate during 
and after quenching of gold to form dislocation 
structures has been decided in their favor; and also 
that their earlier estimate of 0.4 eV for the binding 
energy between vacancies seems so closely correct. 


At the present time they are uncertain why the 


overaging effect established by the experiments of 


Kimura” for lower quenching temperatures was not 
found by Mori, Meshii and Kauffman. We believe, 


however, that the latter's quenching method may well 


Changes in yield stress and resistivity of quenched gold with aging time at 62.4°C. 


have been more efficient than ours. This would easily 
explain the apparent discrepancy since it was found 
that reduction in quenching rate has the same effect 
as reduction in quenching temperature. We would be 
greatly surprised if an overaging effect was not 
present at all. 

Mori. 


Meshii and Kauffman our research has been continued. 


Since writing the papers) referred to by 


and more papers have been published.@-» 


D. KUHLMANN-WILSDORI 
R. MappIn 

School of Metallurgical Engineering 

University of Pennsylvania 


Philadelphia 4, Penn. 
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The influence of phosphorus upon the mobility 
of half-dislocations in copper* 


Deformation of face-centered metals (e.g. by 


scouring) causes faults in the sequence of the close- 


packed planes. Intrinsic faults give a peak shift and a 


symmetrical line broadening, whereas extrinsic faults 
give no peak shift but an asymmetrical line broaden- 


ing.“) 
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TO 


T=!180°C 
I pure Cu 
I Cu+ O2%P 


50 100 I5O 200 
minutes 
Fic. 1. The peak shift A(20.9.—26,,,)° as a function of 
the time of annealing at 180°C for (1) pure copper, 
(2) copper 0.2% phosphorus 


The intrinsic fault probability can be determined 
directly from the peak shift. In this case the position 
of the peak has to be defined by the position of the 
top. The center of gravity cannot be applied because 
the latter is influenced by the extrinsic faults. 

Addition of an impurity increases the peak shift 
after vold work. This can be explained by the lowering 
of the stacking-fault energy by the impurity. We 
found that an impurity can have also a retarding 
effect on the annealing of the stacking faults. This has 
been investigated with a copper—phosphorus alloy 
after isothermical annealing. 
with 0.2 cent 


copper—phosphorus alloy per 


phosphorus has been prepared by melting copper 


(Johnson and Matthey) together with the calculated 


quantity of Cu,P. No correction was made for loss 


by evaporation. The specimen was machined until 


a flat surface was obtained. After this the specimen 


was scoured in a mould on Line 


profiles of the (111) and (200) reflections were recorded 


emery paper. 
automatically with a stabilized Philips diffractometer 
PW 1051. The 


annealing was performed at 180°C. 


type CoK,-radiation was used. 

The decrease of the peak shift as a function of the 
time of annealing is given in Fig. | for pure copper 
and the copper—phosphorus alloy. It is obvious that 
phosphorus hinders the annealing of the stacking 
faults. 

Phosphorus has been taken because a small quantity 
of this element suppresses the formation of the cube 
texture in rolled copper. According to Verbraak‘? 
the cube nucleus in pure rolled copper is formed by 
Shockley different 


octahedral planes of the {112} rolling texture. 


dislocations on 


movement of 


5A—(4 pp.) 
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If the maintenance of the stacking faults in the 
annealed copper—phosphorus alloy is attributed to a 
decrease in mobility of the Shockley dislocations, the 
suppression of the cube texture by phosphorus might 
be explained. 

Experiments with other impurities are in progress 
The results will be published in due course 


VAN WELY 
Laboratory of Physical Chemistry 


Technical University of Delft 
Holland 
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Some results obtained from the microscopic 
examination of fracture surfaces of a cast 


aluminium silicon copper alloy* 


Introduction 


Recent work"*) has emphasized the importance of 


compound particles in initiating fracture in poly 


cry stalline metals and alloys It has also been shown 
by Ryder and Forsyth” that intercrystalline fracture 
in wrought aluminium alloys may involve the growth 
of lens shaped boundary voids initiated by the fracture 
This 


alloy 


of compound particles latter work has been 


extended to study a cast which also fractured 


along grain boundaries with very little prior elongation 


Expe rimental proce dure 
used silicon 
B.SLOI 


All of the fractures examined were produced at 


was an aluminium 23 


The material 


1°. copper alloy in the cast and aged condi 
tion. 
room temperature by breaking specimens in tension 
by slow bending or by impact. The fracture surfaces 
so produced were initially examined by direct optical 
microscopy and subsequently carbon replicas of the 
fractures were examined in the electron microscope. 
judged from low magnification 


the 


So far as could be 


optical inspection of fracture surfaces all of 


fracture paths were intercrystalline. A tensile 


specimen, electropolished before testing, showed no 


evidence of slip prior to fracture. Many compound 


particles were visible on the fracture surfaces of all of 
Fig. | 


rivel 


the specimens and most of these had cleaved 


shows such a particle with a well developed 
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type” cleavage step of the sort described by Deruy- 
terre and Greenough”). Where cracking had occurred 
through solid solution—solid solution boundary the 
fracture surface showed patterns of fine lines just 
resolvable by the optical microscope. These lines were 
often in the form of closed loops and usually cireum- 
scribed conical depressions or protuberances (Fig. 2). 
Examination with the electron microscope showed 
that each line was in fact a small step lying normal to 
the local direction of crack propagation as indicated 
Ly the “fir tree’ patterns on the fracture surface. 
This is shown in Fig. 3. 
loops interacted steps did not cross one another but 


behaved in the manner shown in Fig. 4. The innermost 


loops of any system were generally not circular but of 


a regular polygonal shape. 
octagonal loops and Fig. 
loops the innermost of which is essentially rectangular. 
In no case was the centre of a system of loops associated 
with a compound particle nor did the mode of stressing 
the specimen appear to influence the observed fracture 


pattern. 


Where adjacent systems of 


Fig. 5 shows an example of 


6 a complex pattern of 
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1. Cleaved compound particle on fracture 


surface. Optical micrograph. 700 


Pattern of fine lines and closed loops 
1400 


2. 
Optical micrograph of fracture surface. 


Discussion 

Any useful deductions concerning the mechanism of 
fracture in this alloy depends upon the interpretation 
placed on the observed fracture patterns. Since the 
observed lines never crossed and frequently formed 
closed loops they are clearly not ‘‘Wallner lines”’ 
of the type frequently observed on glass fractures‘) 
and, more recently, on the cleavage fracture surfaces 


chromium.) 


of cast It is still probable, however, 
that the observed patterns, like Wallner lines, result 
from the interaction of elastic stress waves with an 
advancing crack front. Although the exact mechanism 
by which such interactions can produce steps on 


fracture surfaces is not clear, it is well established that 


the topography of a fracture surface can be modulated 


by a continuously emitted ultrasonic wave. It is 
also known that multiple internal fractures can be 
initiated brittle 
waves.) There is additionally an analogy between 


solids by longitudinal stress 
the observed behaviour and that of flint fractured by 
percussion. The example shown in Fig. 7 was frac- 


tured by a blow on the percussion anvil A and the 
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individ 
pattern. 
10,500 


Fic. 3. Showing the “step like” nature of 
ual lines which lie normal to the “‘fir tree”’ 
Electron micrograph of a fracture surface. 


:. 4. Showing the interaction of adjacent systems 


of loops. Electron micrograph. 10,500 


THE EDITOR 


e 


conical fracture surfaces were circumscribed by steps 
that presumably arose from the interaction of reflected 
longitudinal stress waves and the advancing crack 
front. It, to 
that the observed lines are produced by stress waves 


therefore, seems reasonable assume 
and that they represent successive positions of an 
advancing crack front, fracture having initiated at 
the centre of each system of closed loops. This view 
is supported by the observation that the local direc- 
tion of crack growth, as indicated by the microscopic 
fir tree patterns, always lay normal to the lines. 

Accepting this interpretation a number of the 
In Fig. 6 
that 
fracture 


observed phenomena can be explained. 
the general direction of crack growth was 
B. When the 
reached C cracking initiated ahead of the main front 
at D. 
extent of the third concentric ring about D the main 


indicated by arrow main 


While this secondary fracture grew to the 
front advanced to FE. The two cracks then coalesced 
to give a locally bulged crack front. This advance 
damage process was apparently partially repeated at 


F. The fact that the innermost loop ota system never 
enclosed an inclusion suggests that the initiation of 
fracture in this material need not be associated with 
particles. The fact that the innermost loops were not 
circular but usually of some regular geometric shape 
is difficult to explain. It is possibly due to anisotropy 
crack growth or shock wave 


in either the rate of 


velocity. It is extremely difficult to determine the 
true path of fracture in this material but the step 


> 


heights shown in Fig. 3 indicate considerable deviation 
from a true boundary path. This may be due to the 
steep solute concentration gradients that occur near 
grain boundaries in this material. Fracture may have 
occurred through a region, many times wider than a 
grain boundary, so enriched in solute that it could 
behave as a non-crystalline, substantially isotropic 


brittle solid. 
D. A. RypDER 


Royal Aircraft Establishment 
Fa rnborough Engla nd 
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Détermination de la vitesse linéaire de crois- 

sance des ““germes” de la phase CuO au cours 

de l’oxydation superficielle du cuivre dans l’air 
dans l’intervalle 980—1020°C* 

L’un de nous a montré™ que lorsqu’on oxyde du 
cuivre dans lair a la pression atmosphérique dans 
Vintervalle 600—970°C, la pellicule d’oxydation super- 
ficielle est constituée a la température de l’essai par 
deux couches continues et compactes de Cu,O et de 
CuO, quelle que soit la durée d’oxydation, l’épaisseur 
cette 
mesure qu’augmente la température. 


relative de derniére diminuant au fur et a 


Au-dessus de 
1030°C seule apparait la couche de Cu,O, la phase 
CuO devenant 
970—-1L0380°C 


possible de mettre en évidence le processus de germina- 


instable. Enfin lintervalle 


comme la prouvé Paidassi':*), est 


tion et de croissance de la phase CuO a la surface des 
pellicules. 
L’objet de la présente communication est d’étudier 


plus en détail ce processus et de préciser en particulier 


la vitesse de croissance des “‘germes” aux différentes 
températures de lintervalle 980—1020°C. 
OFHC 


23mm et une épaisseur comprise 


échantillons de cuivre avaient pour 


16 


mm. 


Les 
dimensions 
entre 0,1 et 
tion soignée qui comportait: un polissage aux papiers 


Ils étaient soumis a une prépara- 


emeri jusquau 4/0, un lavage dans plusieurs bains 
successifs de toluene, un recuit sous vide poussé a 
+h. 


isothermes dans 


600°C pendant Ils étaient oxydés dans des 


conditions un four vertical ouvert 


était 
étant terminé par la trempe de léchantillon dans 


ou lair lentement renouvelé, chaque essai 
eau a OC et son lavage dans des bains d’alcool et 
d’éther. 

L’examen de la surface et la mesure des dimensions 
des “‘germes” de CuO étaient effectués au microscope 
optique sous faible grossissement. La micrographie 
de la Fig. | 


CuO sur un support de Cu,O. 


montre de tels ‘‘germes”’ circulaires de 

Les germes apparaissent d’abord sur les bords de 
l’échantillon et au voisinage de son trou de suspension. 
En conséquence, dans les mesures dont il va étre rendu 
compte, on na pas pris en considération les zones 
correspondantes pour que cet effet de bords ne vienne 
perturber les résultats. D’un autre cété, les poussiéres 
facilitant la germination de la phase CuO, puisque 
souvent au centre d'un germe de CuO on observe 
une particule solide (Fig. 1), un soin particulier a été 
pris pour opérer avec des surfaces de cuivre trés 
propres. Enfin les germes, tant quils ne sont pas 
entrés en contact avec les germes voisins, sont de 


forme circulaire avec une bonne approximation. 


THE EDITOR 


Cristaux circulaires de CuO formes sur la surface 


Fie. | 
d'un échantillon de cuivre oxydé superficiellement dans 


Pair a 1020°C pendant 50 min j 


Ce fait nous a permis de caractériser valablement leur 
taille par leur diamétre 

Kn supposant que la vitesse de croissance de tous 
les germes de la région centrale de Véchantillon était 
la méme, pour un stade identique du développement 


de ceux-ci, le germe de diamétre maximum est celui 


qui est apparu le premier et qui va nous permettre de 


déterminer cette vitesse de croissance Dans les 


diagrammes (Fig. 2) nous avons représenté la variation 


du diamétre maxima des germes aux différentes 


temperatures, en fonction de la durée d’oxydation 


Comme on peut le constater, les points expéri 


mentaux se placent sur des droites d’équation 


d kt 


maxima, & la 


t, ou d est le diametre du germe de diamétre 


constante linéaire de croissance et f¢ 


dincubation du germe apparu 


la durée premier 


sont données dans le Tableau 


Les valeurs de k et de bo 


qui suit 


Température 


Q50 
LOLO 
1020 


On constate que la vitesse linéaire de croissance des 
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2.36 10 % 
12 
1.60 10-4 30) 
0.404 10 120 
0.46 10-4 1440 
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Diamétre (mm) 


1000 °C 


a 


~ 
N 


~ 
E 
E 
~ 
Q 


6 
Temps (mn) 


| 


| 
1020°C| 


50 60 
Temps 


Fic. 2(b). 


Fic. 2. Variation dans des conditions isothermes, du 


diamétre maxima des ‘“‘germes”’ de CuO en fonction de 
la température et de la durée d’oxydation. 


germes de CuO diminue régulierement au fur et a 
mesure que la température d’oxydation augmente. 
Nous pensons que l’explication de cette particularité 
doit étre recherchée dans Jlinstabilité croissante, a 
mesure que s'éléve la température, de la phase CuO 
qui se dissocie suivant la réaction CuO +> Cu,O O,. 

Soulignons pour terminer que le processus de 
germination et de croissance de la phase CuO met 


en évidence la généralité du phénomeéne découvert 


dans le cas de Voxydation du fer par 3énard et 


Bardolle® dans des conditions opératoires tres 


différentes. 


Service de Chimie des Solides 


J. PAIDASSI 


Centre d’ Etudes Nucléaires de Saclay 


Gif-sur-Yvette (S. et O.) France 


Escuela de Ingenieria Quimica 


Université de Concepcion, Chili 


P. Garcia PACHECO 
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Sur l’oxydation de l’oxyde cuivreux dans I’air 
dans l’intervalle 700-1000 C* 


L’oxydation de Cu,O a l'état de CuO dans lair ou 
l'oxygeéne aux températures élevées n’a fait lobjet 
nombre trés réduit de 
faut étude de 


Hauffe et Kofstad™ et celle toute récente de Meijering 


jusqu’a présent que d'un 


recherches. Parmi celles-ci il citer 


et Verheijke® effectuées toutes deux en mettant en 


oeuvre la méthode gravimétrique. Cette absence 


relative de données sur loxydation dans lair du 


Cu,O nous a incité a déterminer ses lois par la méthode 


micrographique dans l’intervalle 700—-l000°C, et des 
durées d’oxydation atteignant 10 jours. 

Les échantillons de cuivre OFHC de départ avaient 
pour dimensions I1 16mm et une épaisseur com- 


prise entre 0,1 et 0.3mm. Ils étaient soumis 4 une 
préparation soignée qui comportait un polissage aux 


papiers émeri jusqu’au 4/0, un lavage dans plusieurs 


Fic. 1. 


Coupe d'un échantillon obtenu par oxydation 
cuivre de 0,18 mm d’épaisseur & LO000°C pendant 16h 


THE EDITOR 


bains successifs de toluéne et un recuit vide 


SOUS 
poussé a 600°C pendant 4 h. 

Deux séries d’expériences ont été réalisées. Dans la 
premiere, on préparait préalablement a partir de ces 
Cu,O. A 


cuivre étaient oxydés 


échantillons de cuivre, des plaquettes de 
cette fin, les échantillons de 
dans lair jusqu’é consommation totale du métal, a 
1050°C température ol, comme montré Paidassi‘? 
seule la phase Cu,O se forme, puis trempés dans l'eau 
de 
d'une couche superficielle de CuO au cours du re 


Cu,O 


bidistillée a maniere a éviter la formation 


froidissement. Finalement les plaquettes de 


étaient lavées dans des bains successits d’aleool 


et d’éther bidistillé, puis oxydés dans des conditions 
isothermes dans un four vertical ot lair était lente 
ment renouveleé. 

Simultanément avec ces experiences 


que nous 


étaient effectués 


Dans le 


appelerons d’oxydation directe” 


des essais d oxydation cas de 


cette 


complete 


derniére technique, pour réaliser un 


essal 
d’oxydation de Cu,O, on soumettait directement a 
loxydation une plaquette de cuivre préalablement 
préparée par la méthode décrite. Dans une premiere 
étape le cuivre se transforme en Cu,O et CuO a létat 
de couches superposees d apres les lois que Pun de 
nous a établies dans une précédente communication.“ 


les 


éliminées, 


Quand derniéres parcelles de cuivre ont été 


dans une deuxiéme étape, le phénomenc 
d’oxydation de la plaquette s identifie avec celui de 
oxyde cuivreux; c est-a-dire qu’on assiste aux dépens 
de celui-ci, A lédification d'une couche de CuO dont 
il est possible de déterminer ainsi la vitesse de crois 


sance. Il suffit pour cela, pour chaque expérience, de 


compléte d'une plaquette du 


Sans attaque 150 
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Pores formés aux joints de grains du Cu,O dans le plan de symétrie longitudinal de l’échantillon obtenu par oxydation 


compléte”’ d'une plaquette de cuivre de 0,18 mm d’épaisseur & 1000°C pendant 16h. 


attaque. 800 


des experiences d’oxydation 


mesurer sur coupe polie lépaisseur de la couche 
superficielle de CuO et de déterminer la durée réelle 
d’oxydation correspondante de loxyde cuivreux en 
de tout 


déduit facilement de la durée totale de l’expérience 


labsence support de cuivre, durée qui se 


d’oxydation. 


La micrographie (Fig. 1) montre la coupe non 


attaquée dun échantillon obtenu par oxydation 


directe 


Te ( JOUTS 


Courbes de croissance isotherme de lépaisseur de la couche de CuO, dans le cas 


de plaquettes de Cu,O, dans lair 
‘compleéte” a LOOO'C pendant 24 h dune plaquette de 
cuivre. On y observe les couches superficielles de 
CuO, d’épaisseur assez uniforme sur un support de 
Cu,O et une série de pores disposées dans le plan de 
symétrie longitudinal de l’échantillon. 

Une attaque permet de montrer que ces pores se 
trouvent localisés presque exclusivement aux joints 


de grains qui dessinent approximativement ce plan 
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Fig. 4. 


des expériences d’oxydation 


de symétrie (Fig. 2). Nous pensons que cette appari- 
tion localisée des pores a son origine dans les contrain- 
tes mécaniques qui sont créées a l’interface Cu-Cu,O 
au moment ot disparaissent les derniéres traces de 
cuivre. Soulignons que des pores analogues ont été 
observés par l'un de nous®) dans des échantillons de 
magnétite obtenus en oxydant jusqu’au coeur Aa 
1000°C des plaquettes de protoxyde de fer en atmos- 
phére de vapeur d’eau. 

Les diagrammes des Figs. 3 et 4 récapitulent les 
résultats relatifs 4 la croissance de la couche de CuO 
sur un support de Cu,O, respectivement dans le cas 
des expériences d’oxydation directe et complete. 
On y constate que dans les deux cas, si on exclut une 
courte période initiale perturbée, l’épaisseur de la 
couche de CuO croit en fonction du temps ¢ suivant 
une loi parabolique d’équation: e* = kt + k, ot k 
et 
température. 


sont deux constantes qui dépendent de la 


En d'autres termes le processus 


d’oxydation superficielle du Cu,O est régi par le 


phénoméne de diffusion des ions qui y participent. 
Enfin le Tableau | et la Fig. 5 indiquent comment 
varie la constante d’oxydation k avec la température, 


dans les deux séries d’expériences : 


Courbes de croissance isotherme de l’épaisseur ce la couche dé 
compléte 


CuO, dans k 


de plaquettes de cuivre, dans lair 


TABLEAU | 
k (em#?/s) (em? 


Température 
I d’oxvdation 


d’oxydation 
compléte directe 
700 O04 10 
S00 10 10 
S50 

900 

1000 5 


On déduit de ces résultats que loxydation du 
Cu,O & une température donnée, est nettement plus 
rapide dans les expériences d’oxydation “complete” 


que dans celles d’oxydation ‘‘directe Il faut en 
rechercher la raison dans le fait que malgré la trempe 
énergique a partir de 1050°C dans l'eau glacée des 
plaquettes de Cu,O, utilisées dans les expériences 
d’oxydation directe, un trés mince film de CuO a le 
temps de se former sur la surface de l’échantillon. 
Quand celui-ci est oxydé dans lair, ce film perturbe 
la couche de CuQ. 
différences 


faut 


en la ralentissant la croissance de 
cette 


Si on admet interprétation des 


observées dans les deux séries d’ xpériences, il 
comme 


considérer les essais d’oxydation complete 


plus valables que ceux d’oxydation “‘directe’ 
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950 1000 °Centigrades 


Influence de la température dans la repré 
Courb | 
direct« 


oxyde cuivreux dans lair 


Knfin, examen des diagrammes des Figs. 3-5 
montre que dans les deux séries d’expériences la 
constante parabolique d’oxydation diminue réguliére- 
ment au fur et 4 mesure que la température d’oxyda- 
tion augmente. Nous pensons que l’explication de 
cette particularité doit étrerecherchée dans linstabilité 
croissante, & mesure que s'éleve la température, de la 
phase CuO qui se dissocie siuvant la réaction CuO <> 


+ O,. 
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On the fine structure in twins* 

It was reported by Gilman” that mechanical twin 
produced in zine had unusual markings, which were 
supposed to be untwinned remnants. The present 
authors found also some peculiar markings across the 
twin band in the crystal of zine refined by zone melting 
(Fig. 1). This electron micrograph was obtained from 
the surface cleaved in liquid nitrogen and treated 
lightly with Gilman’s etchant. As can be seen in Fig. 1, 
the markings traverse the twin plane nearly at right 
angles, they are etched heavily, and the twin interfaces 
are slightly deflected from the direction of the markings. 
These three features show that the markings are un- 
likely to be the untwinned remnants or any structures 
pre-existing, e.g. subgrains. The markings seem rather 
to be kink bands produced by the local slip in twin. 

For the determination of the crystallographic nature 
of the markings, the stereographic projection is con- 
structed in either case (Fig. 3). If we take the pro- 


jection of the kink band as shown in the stereograph, 


the angles 7 and y between the kink band and the twin 


interface coincide with that in Figs. 1 and 2, respec- 
tively, within a few degrees. 
The deflection of the basal slip lines across the twin 


band in Fig. 2 


cannot be caused by twinning shear 
itself. Together with the basal slip of the twin, the 
markings must contribute to the deflection of the slip 


lines. As the markings do not coincide with any trace 
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SPECIMEN SURF. 


IN FIG, | 


SLIP DIR, 
IN TWIN 


Fic. 3 Initial specimen axis. 4 Specimen axis 
after 100 per cent deformation. @ Twin plane in Figs 
l and 2 Basal plane in twin 


subject. We also wish to thank Miss Y. Kishi for her 


assistance in the electron micrography 
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Kyoto Univ., 
Kyoto, Japan 
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Peculiar markings across twin band. Dept. of Phy: ” . MARUYAMA 
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1. J. J. Acta Met. 3, 209 (1955) 
of {1122} slip in twin, they may be reasonably regarded 
? * Received July 18, 1960 
as kink bands. 
The writers would like to thank Professor K. Tanaka — 


for his continuous interest and encouragement in this Reply to comments “On the fine 


structure in twins’’* 


It seems to me that there is no reason to suppose 


BASAL SLIP that the markings observed by Kiho and Maruyama 
IN MATRIX BASAL SLIP 


IN TWIN pertain to those observed previously by myself. The 
UNUSUAL two sets of markings seem to have different origins 
MARKING because 
(a) their general appearances are markedly different; 
(b) my markings were observed only in twins that 
formed in heavily pre-strained zine; whereas the 
present markings appear in twins in as-cast zine; 
(c) my markings were attributed to un-twinned 
remnants of the matrix. Consistent with this, 
they partially disappeared upon further deforma- 
tion. The kink bands of Kiho and Maruyama 
would not be expected to do this. 


General Electric J. J. GILMAN 


Research Laboratory, 
Schenectady, N.Y. 
Fine structures in twins. Traced from ; 


Gilman’s paper. * Received September 8, 1960, 
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MAGNITUDE OF THE ZENER RELAXATION EFFECT—III 


ANISOTROPY OF THE RELAXATION STRENGTH IN Ag-Zn AND Li-Mg SOLID SOLUTIONS* 


D. P. 


SERAPHIM and A. S. NOWICK* 


The anisotropy of the Zener relaxation effect is determined in face-centered cubic Ag—Zn and body 


centered cubic Li—Mg solid solutions from measurements made on oscillating single crystal rods both in 


flexure and in torsion. The effect is found to have a high anisotropy, 


Ag is greater for (111) than for 


the f.c.c. and the b.c.c. solid solutions. 


nearly as the square of the solute concentration for the Ag-Zn alloy up to 30 at.°, Zn 
existence of dilatational relaxation is demonstrated for the Li 


such that the relaxation strength 


100) oriented crystals. This direction of the anisotropy applies to both 


The relaxation strength for a given orientation varies very 


Finally, the 
Mg alloy. 


Neither the pair-reorientation theory nor the directional ordering theory, which are based solely on 


nearest neighbor interactions, is capable of explaining the observed anisotropies. 


In fact, it is shown that 


an important role must be assigned to relaxations involving next-nearest neighbor atom pairs in order to 


explain the observed effects. 


IMPORTANCE DE 
ANISOTROPIE DE LA 


LSEFFET DE 
FORCE DE 


RELAXATION DE ZENER—III 
RELAXATION DANS 


LES SOLUTIONS SOLIDES Ag-Zn et Li-Mg 


Les auteurs ont déterminé l’anisotropie de leffet de 
cubiques & faces centrées Ag—Zn et cubiques centrées Li-Mg. 


monocristallins oscillants en flexion et en torsion. 


ante: la force de relaxation A, est ainsi plus grande pour les cristaux orientés suivant (111) qu 


ceux orientés suivant (100), 
cubiques faces centrées que cubiques centrées, 


varie quasiment comme le carré de la concentration en soluté pour les alliages Ag-Zn contenant jusque 30 


% at. de zine. 


Enfin, existence d’une relaxation de dilatation est prouvée pour les alliages Li-Mg 


relaxation de Zener dans des solutions solides 


Les mesures ont été effectuées sur des fils 


L’effet de relaxation présente une anisotropie import 


poul 


Cette direction d’anisotropie est valable aussi bien pour les solutions solides 


La foree de relaxation pour une orientation déterminés 


Pour 


expliquer les orientations observées, les théories de lordre directionnel ou de la réorientation par pair 


sont inadaptées. 


VOIsINS, 


Ces théories en effet sont basées uniquement sur les interactions entre 


plus proches 


En fait, les auteurs montrent que pour expliger les effets observés, un rdle important doit étre 


attribué aux relaxations des paires atomiques constituées du proche et du plus proche voisin 


DES 
DER 


GROBE 
ANISOTROPIE 
VON 


Ag—Zn 


ZENER-RELAXATIONSEFFEKTES—II1 
RELAXATIONSSTARKE IN 
UND Li-Mg 


FESTEN LOSUNGEN 


Die Anisotropie des Zener-Relaxationseffektes von festen Lésungen von kubisch-flachenzentrierten 


Ag—Zn und kubisch-raumzentriertem Li 
Biegung und Torsion bestimmt. 
fiir Kristalle in (111)-Orientierung gréBer als fiir 


raumzentrierten Legierungen. 


Legierung ziemlich genau wie das Quadrat der Zusatzkonzentration bis zu 30 
wird die Existenz einer Dilatationsrelaxation fiir die Li 


Der Effekt ist sehr anisotrop, und zwar ist di 
100); das gilt fiir dic 


Fiir gegebene Orientierung variiert dic 


Mg wird aus Messungen an schwingenden Einkristallstaben in 


telaxationsstarke A, 
flachenzentrierten wie fiir di 
Relaxationsstarke bei der Ag—Zn 
Atom‘ Zn SchlieBlich 


Mg-Legierung nachgewiesen 


Weder die Paar-Orientierungstheorie noch die Theorie der Ordnung mit Vorzugsrichtung, die nur auf 


der Wechselwirkung nachster Nachbarn basieren, kann die beobachtete 


segar geziegt, daB man 


telaxat lonsprozessen, 
bedeutende 


die Paare 


tolle bei der Erklarung der beobachteten Effekte 


Anisotropie erklaren. Es wird 


Nachbarn 


zuschreiben 


iibernachster betreffen, eine 


1. INTRODUCTION 


The program of investigation of the dependence of 


relaxation strength, A,,, for the Zener relaxation 


phenomenon on various parameters was begun in 


papers [ and II of this series,“-”) for the purpose of 


testing the existing theories of the effect. Paper | 
dealt with the variation of relaxation strength with 
alloy system, while in paper II the dependence of A ,, 
on temperature was studied for the «-Ag—Zn solid 
solutions. One of the remaining objectives is to study 


the anisotropy of the relaxation strength, i.e. the 


* Received February 15, 1960; revised June 27, 1960. 
+ Formerly at Yale University; 
esearch Center, Yorktown Heights, New York. 
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present address: JBM 


dependence ot Ay on crystal orientation. Early 


work) on polycrystalline Ag-Zn wires gives qualita- 


tive evidence for such anisotropy, by showing that 
wires of different crystal textures give substantially 
different relaxation strengths. Such results show the 
limitations of working with polycrystalline samples 
namely, that precise quantitative comparisons cannot 
be made between different samples without some 
knowledge of the mean grain orientations. For this 
same reason, the concentration dependence of the 
relaxation strength has only been determined roughly 


4 Clearly the anisotropy of the 


in previous work.” 
working with 


The 


relaxation strength is best studied by 


single crystals of known orientations only 


\ 
85 
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previous experimental work on single crystals is that 
of Artman® who dealt with partially ordered /-brass 
(b.c.c.) erystals and reported essentially no dependence 
of relaxation strength on crystal orientation. Un- 
fortunately the analysis of Artman’s data is compli- 
cated by the strong change of long-range order with 
temperature and by the precipitation of the alpha- 


phase in some specimens. 


The present paper has as its objective the study of 


the variation of relaxation strength with orientation 
for single crystal rods of solid solutions of both the 
f.c.c. and b.c.c. types. The x-Ag-—Zn alloys were again 
chosen for the f.c.c. solid solutions because they showed 
a particularly large effect, and because there exists 
considerable information concerning the kinetics": 
and the magnitude™ of the Zener relaxation pheno- 
menon for this system. For the b.c.c. alloy, it seemed 
advisable to select a system not complicated by the 
onset of long-range order or other phase transforma- 
tions at the lower temperatures. This requirement 
rules out most of the S-phase alloys of the CuZn type. 
the 


information that an internal friction peak had been 


Interest in b.c.c. Li-Mg alloys was aroused by 


* 


found* in an investigation of damping capacity for 
the purpose of eliminating vibrations in some engi- 


The 


damping, which produced a rapidly increasing internal 


neering applications. large grain-boundary 
friction at temperatures higher than that of the peak 
of interest, almost obscured this peak. This descrip- 
tion suggested, and subsequent investigation showed, 
that the peak itself was due to a Zener relaxation. 
Thus, Li-Mg was chosen as the b.c.c. alloy for investi- 
gation of the orientation dependence of relaxation 
strength. 

It will be shown in this paper that the measurement 
of relaxation strength as a function of orientation 
provides a more severe test of current theories of the 
Zener relaxation phenomenon than any of the other 
measurements reported up to this point. Such 
measurements also yield information on the con- 
centration dependence of the relaxation strength for a 
given orientation. 

Regardless of mechanism, however, there is a formal 
theory of the relaxation strength and its dependence 
on crystal orientation which is as firmly grounded as 
the theory of the dependence of the elastic constants 
on crystal orientation. This formal theory has been 
presented previously by Zener), but it is repeated 


here (see Section 2) in a slightly different form which 


is very useful in checking for the self consistency of 


the experimental results. 


indebted to J. B. Clark of the 
Chemical Company for this information. 


* The authors are Dow 
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2. FORMAL THEORY OF ORIENTATION 
DEPENDENCE OF RELAXATION STRENGTH 
By virtue of the symmetry of cubic crystals, their 
elastic properties are completely determined by the 
three elastic coefticients® S42 and S44. For present 
purposes it is convenient to introduce a different set 
coefficients. Following a used 


of elastic widely 


notation, two shear coefficients, s and s’, and a 


compressibility coefficient, s”, are defined as follows: 


Consider now the case of a crystal in the form of a 
cylindrical rod which is subjected to flexure or tension 
to obtain a value for Young’s modulus, EF, or to 
torsion to obtain the rigidity modulus, G. The formal 
theory of elasticity gives the dependence of these 
moduli on the orientation of the cylinder axis and on 
the three elastic coefficients, in terms of the well known 


equations. 


2) 


where [’ is given by 


9 


and the «’s are the direction cosines of the axis of the 
specimen relative to the principal axes of the crystal. 
The quantity #~ is thus linear in I’ with negative 
s")/3, 
also linear in [’ with twice the slope (but opposite in 


slope (s’ s) and intercept (s’ while G—! is 
sign) and intercept s. 
It is now necessary to obtain expressions for the 


and A,,, for 


solutions in terms of the relaxed and unrelaxed 


relaxation strengths, Ax cubie solid 


coefficients s, s’ and s” From equation (I-11)t, the 


relaxation strength for Young's modulus may be 


written: 


where will be termed the 


= 
relaxation for the reciprocal Young's modulus. 
E, the 


s-coefficients 


Since 


must obey equation (2) with relaxed 


8 ‘,8.”"), while 


must obey the 


+ The notation (I-n) and (II-n) will be used herein to refer 


to equation (v) in paper I and IT, respectively. 


| 
S44 
s’ 2(81) S19) (1) 
(Syq 2519) 
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same equation with the unrelaxed coefficients (s,, 
etc.). it follows dE~! may be expressed as 

bs” Os 


ds) 


where 
és =8 — (7) 


and similarly for ds’ and ds”. With similar treatment, 


the relaxation strength for the shear modulus is 
OG G, (3) 


where 0G~! = G-! — is defined as the relaxation 
for the reciprocal rigidity modulus. The substitution 
of relaxed and unrelaxed expressions from equation 


(3) then vields: 


OS 2(ds' Os) id (9) 


Both equations (6) and (9) for the relaxations are 
linear with I’, but dG~ has a slope of opposite sign to 
dE and of twice the magnitude. 

The full expression for the relaxation strengths are 


3( ds’ Os) | 


(ds’ 


(10) 


Os Os’ Os) 


(11) 


Clearly, since the relaxation strength is the quotient 


of two linear functions in I’, it does not in general 


vary linearly with T. It is readily shown from 
equations (10) and (11) that in general, dA/dV 0 
Thus A, and A, 


extreme values of the 
the 


in the range of interest. vary 


monotonically with I’, ie. 
extreme 


strength must occur at 


100) and (111 


relaxation 


orientations, 


3. PREPARATION AND ANALYSIS 

OF SPECIMENS 
Single crystals of Ag—Zn alloy were grown by the 
conventional Bridgman technique in graphite molds 
enclosed in glass and then sealed off. In each case, a 


length of was removed from each end of the 


cm 


crystal leaving 9 to 11 cm of the center section which 


homogeneous in composition. <A 


were relatively 
typical analysis* at 4 points on the center section of a 
25.1, 24.6, 


0.6 and 


rod of composition near 25 at.°/ Zn is: 
24.7, and 24.7 at.°,, Zn, at locations 0, 0.4, 
1.0 of the length, respectively. 

The crystals, originally of 0.325 cm diameter, were 
chemically polished to about 0.3lem. The average 
of 70 to 90 micrometer measurements of the diameter 


* Carried out by Lucien Pitkin, Inc., New York, 
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STRENGTH IN Ag-Zn 
was used in calculations requiring the diameter. The 
length was also measured with a micrometei 

In all, 45 Ag—Zn crystals were grown in 5 ranges of 
zine concentration, viz. 30.25 1.5%, 26.05 1.5° 
16.6 + 0.3°,, 10.6 + 0.4 Several crystals 


The 


criteria for selection were (a) orientation (b) length 


and 3.7° 


in each range were chosen for measurements 
(c) surface smoothness (d) absence of surface grains 

Single crystals of Li-Mg alloy also were grown by 
the Bridgman technique, in low-carbon steel molds 
The procedure is described in more detail in another 
paper."”) These crystals were chemically polished 
and then measured in the same manner as the Ag—Zn 
crystals. The composition of these crystals was not 
determined, but was assumed to be close to that of 
the starting material provided by the Dow Chemical 
Company, which was 57 at.°,, Mg 

For both types ot cry stals, the direction cosines of 
the crystal axis relative to the three principal cubic 
axes were measured from stereographic plots of X ray 
back reflection Laue data. At and some 


least two 


times three or fow pictures were taken along the 


length. In general the sums of the squares of the three 
direction cosines measured independently was equal 
to | 002, and the several stereographs for each 


specimen resulted in the same orientation within | 


4. PROCEDURE 
Single crystal specimens were oscillated in flexure 


in a free-free mode, by a magnetic drive method 


similar to that originally employed by Ké“@®. The 
magnetic drive method employed for torsion will be 
The then 


be obtained in the usual mannet 


described elsewhere internal friction can 
from the width of 


the resonance in forced vibrations. It would appear 
that the 


directly 


relaxation strength can be obtained most 


from the maximum value of the internal 


friction as a function of temperature, see equation 


(1-8) A second simple expression for the relaxation 
strength comes from the difference between unrelaxed 
and relaxed moduli—see equation (I—11)—remembet 
ing that «* is proportional to the dynamic modulus 


where ~ is the circular frequency at resonance Thus 


where m, and ~, are the frequencies under unrelaxed 


Unfortunately 
\y, is 


introducing 


and relaxed conditions, respectively 


neither of these two methods for obtaining 


suitable for without 


present purposes 


considered 


appropriate corrections nature of these cor 


rections will now be 


(9) 
ol. 9 
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(a) Correction for deviation from a single 
relaxation time 

Since the Zener peak does not conform exactly to a 
single time of relaxation, the relaxation strength is 
greater than that obtained from the peak height using 
equation (I-8). It 
(11-20) 
to the deviation from a single relaxation time may be 
made by multiplication by the factor H0(1/7')/2.63 R, 
where H is the activation energy and 6(1/7’) is the 


has been shown—see equation 


that the correction for peak broadening due 


width of the internal friction peak at half maximum. 
In making this correction for Ag—Zn crystals, H can 
be calculated for each crystal by assuming a constant 
frequency factor, A, equal to 10-8 sec! ® and 
substituting this value into the Arrhenius equation 
(I-3), where 7 is the temperature at the peak, and 

» 1. For the Li-Mg case, A and H have been 
measured. 

The relaxation strength may also be measured from 
the change of resonant frequency in accordance with 
equation (12). This result is not changed by the fact 
that the 
relaxation time. 


relaxation involves more than a single 


However, since A,, depends upon 


temperature, the results must be taken from values of 


wm, and w, extrapolated to the temperature where the 
peak is centered. 
the plots of frequency vs. temperature at temperatures 
outside the range of the internal friction peak (i.e. in 
both the 


extrapolation easy and accurate. 


unrelaxed and relaxed ranges) make this 
Thus, this second 
method is available as a check on relaxation strengths 


obtained from the corrected peak heights. 


(b) Correction for temperature and composition 
All results for Ag—Zn 


common temperature of 350°C with the aid of the 


alloys are normalized to a 


equation for the temperature dependence—see 
tion (1 1)\—where 


ordering, was estimated with sufficient accuracy from 


equa- 
the critical temperature for 
the results given in paper II. Since the composition 
of the various silver—zine crystals grown is not exactly 
the same, each group is also normalized to the mean 


concentration of that group by use of the relation 


A, = A,c,3/c,* (13) 


where ¢c, and cy are two concentrations, while A, and 
A, are the two corresponding values of the relaxation 
strength. The largest adjustment in A made with 
this equation was 17 per cent, but the majority of the 
adjustments were much less than this. The use of the 
above function is completely justified by the experi- 
mental results for the concentration dependence of A, 


to be discussed later. 


The very nearly linear nature of 
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(c) Correction for torsion—flexure coupling 

The reason for the inadequacy of equation (12) 
relates to the fact that the bending and twisting of 
non-isotropic rods are complicated by the phen- 
omenon of torsion—flecure coupling." This effect, 
which amounts to a twist when the anisotropic rod is 
bent or, conversely, a bend when the rod is twisted, 
takes place whenever the specimen axis does not lie 
100), (111) or (110 
the elastic coefficients are defined under the conditions 


along the directions. Because 
such that the specimen undergoes free distortion with 
application of a given stress, any constraints imposed 
by the conditions of the experiment (e.g. by the use 
of large inertia members) must be taken into account 
in the calculation of these coefficients. For example, 
if the specimen vibrates in pure torsion instead of 
being free to undergo flexure, equation (12) will in 
general not apply. The values of # and G that appear 
in equations (2) and (3) must be those measured under 
“free” 


The calculations of Goens™2:18) and of Hearmon™ 


conditions. 


show that by making the length-to-diameter ratio of 
crystal rods oscillating in flexure sufficiently large, as 
in the present work, torsion—flexure coupling does not 
the 


resonance of single crystals is identical to the formula 


play a role. Thus, Young’s modulus, £, from 
employed in the case of isotropic specimens, namely 
E $14 qr’ (14) 

where / is the length, p the density, r the radius and 
q a number equal to 500.4 for the fundamental mode 
of flexural vibration. For torsional vibrations of 
crystals of the same length but with substantial inertia 
members, however, correction for torsion—flexure 
coupling is necessary, and the rigidity modulus, G, is 
given by(1,13) 

y) 
where G, is the value of G calculated from the equation 
for isotropic specimens, viz. 


G, ar’. (15) 


Here J is the axial moment of inertia of the members 
attached at each end of the specimen, and the term 
C = (] M,r?/12 I), where M, is the mass of the 
specimen, allows for the contribution of the distributed 
inertia of the specimen. (In the present experiments 
C 1.003 


employed as equal to unity.) The quantity 7 is given 


and is therefore, with negligible error, 


by: 


x + t3° + + ag*)?] 


(16) 
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AND 
while the quantity (1 y) is a complicated third 
order determinental function containing the elastic 
coefficients and other constants of the specimen and 
the inertia members. Calculation of the term y for 
two specimens shows that it contributes less than 
4 per cent to the value of G. Further, from rough 
estimates it was found that the contribution for the 
remaining specimens was even less. Hence in view 
of the complicated calculations necessary, this term 
was dispensed with, and the equation for G taken as, 

G~ G1 — 7). (17) 
The term Z, which contributes as much as 20 per cent 
to G when the axis of the specimen is not close to 
100), (110) or 1] 


the calculations. Using equations (14)—-(17), G can be 


must be included throughout 


calculated by an iteration process, i.e. substituting an 
approximate value of G in equation (16) and the value 
of vy so obtained into equation (17) to obtain the next 
approximation for G. The value of F used in equation 
(16) is that obtained from equation (14), since no 
correction for torsion—flexure coupling is required for 


the H-modulus. Also, the value of s’ — s is obtainable 
directly from the slope of the plot of E vs, T, see 
equation (2). 

All of the equations (14)-(17) must apply equally 
the the 


unrelaxed moduli, F, 


well to relaxed moduli, #, and G,, as to 


and G,. Since, for the present 
samples, there is no correction for torsion—flexure 
coupling in the calculation of the Young’s modulus 
see equation (14)—the measured relaxation strength, 
Ax obtained from equation (12) or from the area 
under the internal friction peak, is the true relaxation 
strength. In the case of the shear modulus however, 
the relaxation strength calculated by these methods 
may be given the symbol A,, , representing the correct 
relaxation strength for an isotropic specimen (or a 
specimen in one of the three special orientations) 
Thus, 

= G, A, 


(18) 


the uncorrected reci- 


To obtain the corrected relaxation 


the relaxation of 
procal modulus. 


6G, 


represents 


one must calculate both corrected moduli, G 
and G,, from an equation of the tvpe (17) by the 
iteration method already discussed. In this procedure 


one uses for G, the value 


G (19) 
based on equation (15). On the other hand, G,_ is 
obtained from equation (18) as 

'=G,-(1 + Ag) 
(G, may also be obtained from @, using equation (19) 
This latter 


with the subscript r substituted for w. 


RELAXATION STRENGTH IN Ag-Zn 


AND Li—-Mg 


method is suitable only when the relaxation strength 


is relatively large.) In calculating y under both 


relaxed and unrelaxed conditions it should be re- 


membered that the values of both ZF and of (s’ s) 
are determined from flexure experiments which are 
not subject to corrections for torsion—flexure coupling 
In particular, the relaxed value of s’ s is obtainable 


from the unrelaxed value and the difference 
which follows from equation (6) 
The method described makes possible the calculation 


of OG 
the factor 7 is not negligible 


! and therefore of A,,, for orientations in which 
The corrected relaxation 
generally 


strength obtained in this 


than A, by about 30 per cent 


way is greatel 
5. RESULTS 
Zn 


Elastic coe fhre vents at 350°C 


(a) Ag ) alloys 


Unrelaxed moduli are determined from the measure 


ment of the resonant frequencies in flexure and 
torsion of variously oriented specimens at tempera 
tures below that of the onset of the internal friction 


peak. For present purposes such data are extrapo 
lated 
this 
(14) 


coupling. Fig 


to 350°C to obtain the unrelaxed moduli at 


temperature In this calculation equations 


(17) are utilized to correct for torsion—flexure 


| shows the linear plots of #,~' and 


of reciprocal unrelaxed moduli on 


Fic. 1. Dependence 
orientation for the alloy Ag—26 at Zn at 350°C 


| 
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for the 


which is 


. the orientation function, 
26 at.% alloy at 350°C. The £,7 
the more reliable one due to the absence of corrections 


curve, 


for torsion—-flexure coupling, shows the linear depen- 
dence on the orientation function I’, as required by 
gives 


0.333 


equation (2). The intercept at I 
s")/3 = 39.5 « 10-7 em?/dyn and that at [ 
a.” )/3 10.0 


In the present circumstances where s,," is a 


gives (s, 10-8 em?/dyn. 


small 
fraction of the effective reciprocal moduli and there- 
fore difficult to obtain with any precision from these 
measurements, it is valuable to note that a sufficiently 
reliable value of s,” can be extrapolated from the 
results of Bacon and Smith"® on more dilute Ag—Zn 


Hence, with the use of s,” obtained in this 


alloys. 
way, and the two intercepts of the E,~! curve quoted 


the quantities s, and s,’ are completely 


From equation (3), the line for G,, 


above, 
determined. l vs, 
I’ can then be drawn without reference to the data points. 
The straight line for the curve of G,~! vs. [’ in Fig. 1 
is obtained in this way. The best values of s, and s,,’ 
at 350°C obtained by this procedure for the various 


Ag-Zn alloy concentrations are summarized in Table 


1, together with the values of s,” deduced by extrapo- 
data. A 


complete report concerning the concentration and 


lation from Bacon and Smith's more 
temperature dependence of these coefficients for Ag Zn 
f.c.c. solid solutions will be published separately. 


Relaxation data 

A plot of internal friction peaks for single crystals 
of Ag—-Zn of but of 
essentially the same orientation, is shown in Fig. 2.* 


various zine concentrations. 
An important feature of this figure is the low back- 
ground internal friction at high temperatures, where 
for polycrystalline specimens the beginning of grain 
boundary peak would normally appear. Because of 
this feature, and the fact that the values of relaxation 
strength are large (for concentrations greater than 
20 at.°,, Zn), the relaxation strength can be calculated 
by the two independent methods discussed in the 
previous section: (a) from the height of the peak 
and (b) from the temperature variation of the resonant 
frequency. In both cases appropriate corrections, 
described in Section 4, must be made. As an example 
of the excellent agreement between the two methods 
of measuring the relaxation strength, the deviation 
from the mean of the two values of A,, obtained for 
twelve specimens in flexure, averages to 1.9 per cent. 

For the three lower ranges of concentration it was 


found that the relaxation was not strong enough to 


* The shift in peak position with concentration is due to 


the strong dependence of activation energy on concentration, 
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Fig. 2. Internal friction peaks for flexural oscillation 

of a series of crystals of Ag—Zn alloy all of very nearly 

110) orientation, The number labeling each curve is 
the atomic per cent of Zn. 


permit accurate measurement of A ,, from the change 
in modulus. Therefore, all values of A ,, to be reported 
for these lower concentrations will have been cal- 
culated from the height of the peak, by the method 
described in Section 4. 

The most complete set of measurements have been 
carried out on the groups of crystals containing 
30 at.°,, Zn and 26 at.°,, Zn. The orientation depen- 
dence of the Zener relaxations 0E~! and 6G! are shown 
in Fig. 3 for the crystals of 30 at.°,, Zn and in Fig. 4 
for the crystals of 26 at.°, Zn. The experimental 
value of dE~! for a given crystal was obtained by 
multiplying the measured relaxation strength A, 
(computed in accordance with the previous section) 
by the reciprocal of the unrelaxed Young’s modulus 


= FE 


1 Equations (6) and (9) 


of the same crystal, i.e. A similar 
procedure was used for dG 
of the formal theory predict that d£~' and 6G! are 
linear with I’ and that the slope dG~' is twice that 
for JE! but of opposite sign. The 
drawn in Figs. 3 and 4 fit this requirement and at the 
the 


straight lines 


same time are in excellent agreement with 


experimental points. Since there are no questionable 


assumptions involved in the formal theory, such 
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TABLE 1. Unrelaxed elastic coefficients for Ag—Zn f.« 


solutions at 350°C (in units of 10-13 em?2/dyn 
At. Zn 


30.3 
26.1 
16.6 
10.6 

3.7 


* Obtained by extrapolation from the data « 
Smith"?# 


TABLE 2. Relaxations of the elastic coefficients 


f.c.c. solid solutions at 350 (¢ 
in units of 


Os 


2 0.50 
) 0.20* 


0.07 


3.7 0.01* 
Fic. 3. Orientation dependence of the relaxations of the 
reciprocal moduli for the alloy Ag—30.% Zn at 350° C. * Values extrapolated from higher zin 
using equation (13 

agreement must be found if the experimental results 
aie . vi now be combined and substituted into equations (10) 
are correct. The results for each composition are best 
and (11) to obtain the ‘‘formal theory” curves for 
described in terms of the three relaxations ds, ds’ and ae 
” relaxation strength as a function of | hese curves 
6s" which can, in principle, be computed from the 


intercepts at [ = 0 and I’ = 0.333 with the aid of 
equations (6) and (9). Unfortunately in this particular 


for the 30 and 26 at.°, Zn alloys are plotted along 


with the experimental points in Figs. 5 and 6, respec- 


you tively. The results show a strong anisotropy in both 
application, because of the small values of the inter- 
A, and A, 


, ” In terms of anisotropy ratios, defined as 
cepts (111 (Os 0s")/3 and (100 Os, 


it turns out that the results can be accounted for ; A ger00>/ A: 
within experimental error with 6s” = 0. Consequently, 


only an upper limit for ds” can be estimated. These 


results for the two alloy compositions under considera- 


tion, are presented in the first two lines of Table 2. 


The data of Tables 1 and 2 for these compositions may 


Fic. 4. Orientation dependence of the relaxations of 
the reciprocal moduli for the alloy Ag—26 at. Zn at Fic. 5. Orientation dependen¢ 
350 strengths for the oO Ag 30 


91 
solid 
| 27.0 122 
26.0 115 3.9* 
2 25.5 103 3.8" 
25.0 G4 3.7° 
ad! 94.5 85 3.5* 
At. % Zn = As Ss 
en, 
30.3 — 22.5 0.3 
17.1 0.1 
01.9 
961 
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Fie. 6. Orientation dependence of the relaxation 


strengths for the alloy Ag—26 at.°, Zn at 350°C. 


the results obtained for the two alloys are given in 
Table 3. 

The relaxation strengths A,, A. and A. for the 
coefficients s, s’ and s”, are 
the form: A, Os/s. the 
given in Tables 1 and 2 permits calculation of these 


Table 3. The 


ratio of the relaxation strength for the s’-shear to 


Combining quantities 


relaxation strengths, given in large 
that for the s-shear provides another measure of the 
strong anisotropy of the relaxation phenomenon. 

The reason for the large uncertainty in A.. in spite 
of the fact that it may be of the same order of magni- 
tude as A., 
exists in a sample in tension. For example, for tension 
of a (111 
bution to the tensile strain is about one seventh of 
the total; for 
smaller. The small 
this 
accurate value of the dilatational relaxation strength 


is the small dilatational strain that actually 
oriented sample the dilatational contri- 


other orientations the ratio is still 


value of a” also contributes to 


situation. It is evident, therefore, that an 


for alpha Ag-Zn, is best obtained from an experiment 
in which the sample is subjected to purely hydrostatic 
stress. 

Now that the results for the 30 and 26 at.°, Zn 
alloys have been examined, it is appropriate to 


consider measurements at lower zinc concentrations 


Relaxation strengths and anistroples at 350°C for 


Zn solid solutions 


TABLE 3. 
two « Ag 


Ry A 


9.2 6 0.022 


2 
O.OL9 


defined by equations of 
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in order to get a better idea of the dependence of the 
relaxation strength on composition as well as on 
orientation. Since it was not possible to obtain 6s” 
from the intercepts d£-1(111) and 6G 1(100) in 
Figs. 2 and 3, and since these intercepts become even 
smaller with decreasing zinc concentration, there is 


little value in including ds” in the calculations in the 


Thus the relaxations for 
26 at.°%, Zn 


present experiments adequately described in terms of 


lower composition ranges. 
alloy compositions below are for the 
the two relaxation coefficients, ds’ and ds, which can 
then be determined from experiments in flexure alone. 
The advantage of using flexure experiments is that 
the 
coupling correction, which is difficult to compute 
exactly see Section 4(c). 

The relaxations of Young’s modulus for the com- 


these are not complicated by torsion—flexure 


Fic. 7. Orientation dependence of OE! for Ag—Zn 
alloys of various compositions, 


plete set of Ag—Zn crystals are shown in Fig. 7. In 


view of the small values of d6Z~! (111) and the lack of 
very near the (111) orientation for specimens 
16.6 at.°, Zn, the relaxations d#-1(111) for 


these alloys are best calculated from values of Ar 111 


data 


below 


extrapolated from the higher zine concentrations. 
The extrapolation was performed with the aid of 
equation (13), which will be verified later. With these 
intercepts obtained in this way and the experimental 
data for specimens containing 3.7, 10.6 and 16.6 at.°, 
Zn, the large intercepts (at yy 0) can be determined. 
In this way the data for the lowest three concentration 
alloys quoted in Table 2 are obtained. The relaxation 


strengths, A,, are given as a function of ' in Fig. 8. 


| 
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| 
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AND 


Fic. 8. Orientation dependence of Ag for Ag—Zn alloys 


of various compositions. 


Here again the curves drawn fit equation (10) with 
the parameters given in Tables 1 and 2. 

One of the most striking features of Fig. 8 is the 
strong concentration dependence of A,,, particularly 
as evident at [= 0. 
Ar igo) for the 10.6 at.°,, Zn alloy is a factor of 7.5 
lower than the value of the same parameter for the 
30.3 at.°, alloy. The strong concentration dependence 
of A, is, of course, also evident in Fig. 2, for crystals 
LLO 


Le Claire and Lomer’s equation, see (I-14), which 


near the orientation. 


predicts that* 


Aw M, 17’ 


* Actually equation (I-14) only agrees with equation (23) 
if the function f(p, ¢) which appears in (I-14) is independent 


of c. This condition is satisfied when the order parameter p 


is small. 


ELAXATION STRENGTH IN Ag 


For example, the value of 


Zn 
where D(I’) depends on [° but not on c—suggests a 
proportionality between the relaxation strength at a 


given orientation and the quantity cy’. 


On the other hand, the results of paper Il suggest 


that A,, varies with temperature as (7 - 
is itself a strong function of concentration 
Accordingly, a (T T against 
E 1¢2(] c)* is presented in Fig. 9, The 
plotted points were taken from the curves in Fig. 8 
The 


the 


where T 
plot ot 
curve A 
and the vaiues of 7’, from Fig. 3 of paper 1] 


results show that, within experimental erro 
linear relation predicted by the theory of Le Claire 
Finally, as a test of the Zene! 


the 


and Lomer is obeyed 
pair-reorientation theory—see equation (1-12) 


T 


Within the experimental precision 


dependence of (7' on Ec? is given in 
Fig. 9 as curve B 
this plot is also linear over the region of investigation 
It is clear, therefore, that the concentration depend- 
ence cannot be used to distinguish the two theories 
In fact, even in terms of the pair-reorientation theory 
one cannot justify a c* dependence of the relaxation 
strength to concentrations as high as 30 at solute, 
Finally, from a_ purely 


plot A; nn 


as obtained in curve PB 
empirical viewpoint, one may 
Such a plot, though not shown, gives a linear relation 
Fig. 9. This 


which 


with no more scatter than curve B 


result is then consistent with equation (13 
has been used to correct the relaxation strength for 
should be that 


(13) was used in the analysis 


differences in composition. It noted 


the fact, that equation 


of the data to determine A; for the lower zine 


alloys, did not significantly prejudice the results 


obtained in favor of the c? dependence This statement 


dyne xX 10 


c Ct dynes 


Fic. 9. 


The concentration dependence ol 


oriented ery stals of « Ag—Zn. Curve A 


plotted against c*(1 c)*E,, 
In both cases 
LOO 


plotted against 
values for the 


1 Curve B: 


orientation, 


| 
ate — . 
U ).20 30 
I 
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is based on the large anisotropy of A,, due to which 
the concentration dependence of A, is hardly 
affected by 
Ax Also, 


the previous use of equation (13) to normalize the 


100 


is selected, within reasonable limits. 
relaxation strengths for a group of crystals to those 
for a mean concentration is justified. These correc- 
tions to the data were always small, so that they 
cannot in any way have affected the result found in 
Fig. 9. 

(b) Li-Mg (b.c.c.) alloy 


Internal friction peaks for flexure and torsion of a 
111) oriented single crystal of Li-57 at.°,, Mg are 


shown in Fig. 10. These peaks are small compared 


Temperature (C) 


25 50 100 150 


T 


lOF Mg-Li (b.c.c.) 
Specimen axis <tt> 


8 


| 
L 


Internal Friction (Q™'x 10°) 


1000 
— 


10. Internal friction peaks of a single crystal of 

57 at.%, Mg alloy oscillating in torsion and in 

flexure frequency: 490 c/s; flexural 
1850 e/s. 


Torsional 
frequency: 


to the peaks for the high concentration Ag—Zn alloys; 
consequently, the relaxation strength is much more 
precisely obtained from peak heights than from the 
relaxed and unrelaxed moduli. 


difference between 


The peak for flexure in Fig. 10 oceurs at a higher 
temperature than that for torsion only because of the 
of the The 


difference in peak height immediately indicates the 


higher frequency flexural oscillations. 
existence of anisotropy of the same type as that which 
was found for the Ag—Zn alloys. 

Complete information on relaxation anisotropy is 
best obtained by using crystals of different orienta- 
tions. In the same manner as for the Ag—Zn alloys, 
the principal unrelaxed elastic coefficients s,, s,' and 
s,° may be obtained from the variation of 2,~! and 
G with I. 
relatively high compressibility, there is no difficulty 
Table 
the data for the elastic coefficients obtained for the 
Li-57 at.°,, Mg alloy at 115°C. It is to be noted that 


In the present alloy, because of the 


in determining s,” in this way. # summarizes 


the manner in which the best value of 
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TABLE 4. Elastic coefficients, relaxations and relaxation 
strengths for b.c.c. Li-Mg solid solution at 115°C 


s 
u 


179 


10-13 em?/dyn 


10-13 em?/dyn 
A, 


0.0045 0.0126 


” 


s,” is of the same order of magnitude as s for this 
alloy; this is not surprising since the relative magni- 
tudes are also about the same for pure lithium.”* 
The important feature of this high value of s” is that 
it suggests the possible detection of a dilatational 
relaxation which until now has escaped measurement. 

The relaxations 6E~! and 6G~ for flexure and for 
The line for dG is 


drawn with twice the slope of dE~!, to fit the formal 


torsion are plotted in Fig. 11. 
theory. The agreement with experiment is satisfac- 
tory. From the intercepts one can calculate ds, ds’ 
and ds”. The results, presented in Table 4, show a 
bs”, 
for the present alloy, in contrast to the case of Ag—Zn. 

The relaxation strengths A,, and A, are shown in 
The results 


significant dilatational relaxation contribution, 


Fig. 12 for these Li-Mg single crystals. 
follow the pattern shown previously by the Ag—Zn 
alloys, where the maximum relaxation strength A, 
is in the (100) orientation, while that of A,, is in (111 


The anisotropy ratios as defined in equation (22) are 


relaxations 


“ia. Ll. Orientation dependence of the 
and for the alloy Li—57 at.°, Mg at 
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Fig. 12. Orientation dependence of the relaxation 
strengths for the alloy Li—57 at.°, Mg at 115°C. 


2.8 and R,, 5.2. 
is in the same direction as for the f.c.c. 
The 


intercepts in Fig. 11, as well as the fact that the 


Thus the anisotropy 
but 


here: R,, 
alloy 
somewhat lower in magnitude. rather large 
crystals used had orientations close to (100) and (111 

provide here comparatively precise values of A., A, 


and A... It is 
noteworthy that the uncertainty in A 


These values are also given in Table 4. 
is only +7 
per cent. The presence of a dilatational relaxation 
effect is thus clearly demonstrated for the first time 


6. DISCUSSION 
bulk 


effect (as first predicted by Le Claire and Lomer) in 


The existence of a dilatational or relaxation 
the case of the Li-Mg alloy, means that the original 
pair-reorientation theory cannot adequately describe 
the Zener relaxation phenomenon. Nevertheless, this 
fact does not eliminate the pair-reorientation model 
from consideration. To enable this model to predict 
a bulk relaxation, it is only necessary to modify the 
theory to take into account the fact that there will be 
a change in the number of solute pairs in the presence 


of hydrostatic pressure (or tension). For the case of 


pure shear stress, e.g. in the torsion of wire samples 
the 


change. 


original pair-reorientation model requires no 
The major result of the present work is the strong 
anisotropy observed in both the f.c.c. and b.c.c. cases 


the for the f.c.c. Ag—Zn solid 


Here we have found anisotropy ratios R, 


Consider first results 


solutions. 
and R,, of about 9 and 7, respectively. By comparison, 


LeClaire and Lomer™® estimate a value of about 


1.7 for R,, of Ag—Zn, based on their directional ordet 
theory and data for elastic constants then available 


In the Appendix to the present paper, the manner by 


RELAXATION STRENGTH IN Ag-Zn 


AND Li-Mg 


which this ratio is calculated from the theory is 
shown.* Using the present values of elastic constants 
brings the theoretical estimate of R,, up to 2.1 for the 
Ag-30°,, Zn alloy. It is clear that although the theory 
correctly predicts the direction of the anisotropy 
(i.0., 


anisotropy is actually so large 


), it is unable to show why the 


The source of the theoretical prediction of relatively 
small anisotropy may be seen qualitatively in terms 
of the lattice structure; namely, in the f.c.c. structure 


there are a sufficient number of nearest neighbors 


six) as to produce near isotropy in 


Stated differently 


orientations (i.e 
the relaxation behavior it hardly 
matters in what crystal direction the stress is applied, 
since there will always be both favorably and un- 


favorably oriented nearest neighbor positions in 
roughly equal numbers. 

At this point let us consider the case of b.c.e 
Li-Mg 
tional ordering theories make a striking prediction 
shear A 


The reason for this prediction may be seen 
the b.c.c. lattice the LOO 


Here both the pair-reorientation and direc- 


that the relaxation strength for the s’ will 


be zero. 
readily as follows. In 
direction makes equal angles with all four nearest 
neighbor directions, which lie along the cube diagonals 
Therefore, application of a tensile stress along (100 
must lead to a relaxation strength A,, which is zero 
except for the dilatational relaxation. From equation 
(6) it is clear that in this case ds’ 0 and therefore 
A 0 


maximum 
Os 0. Further 


Correspondingly will take on its 


the 
it is clear that this prediction will 


value for orientation, since 


which considers only nearest 


The 


directional ordering theories are special cases of this 


come from any theory 


neighbor interactions pall reorientation and 


general type of theory 
Examination of the experimental results for Li-Mg 
obe ved 


shows that this prediction of A 0 is not 


Instead, we have found (as for the f.c.c. case) that 


A A 
in the 


At this stage an argument may be 


and that A, IS a NOt a 
100) direction 
given suggesting 
dangerous to draw any general 


that it would be 


conclusions from the Li-Mg work on the grounds that 
this alloy is not typical of those usually considered 
and Mg are not of the hard 


atoms 


in that the atoms Li 


type characteristic of the noble metal 


This 


as already pointed out 


core 


with their completed d shells argument may be 


answered in two ways First 


above. there is good evidence for a diser pancy be 


tween theory and experiment in the case of the f.c.c 
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Ag—Zn solid solution, which is a noble metal type alloy. 
Here the measured anisotropy, though not in the 
wrong direction, is considerably greater than we have 
a right to expect if only nearest neighbor interactions 
are taken into account. Secondly, there is the work 
of Artman on /-brass, which is a b.c.c. solid solution 
of the noble metal type. Fig. 13 shows A, and dE7! 
as a function of caleulated from Artman’s data.) 
The results appear much like those of the present 
investigation, showing again a maximum relaxation 
100) and a much smaller 


strength for tension at 


relaxation strength at (111). The anisotropy ratio, 
R,, = 3.8, is slightly greater than the corresponding 
ratio for Li-Mg. 

In Artman’s own discussion of his work he did not 
take into account the two specimens close to (111 
which are so necessary for the analysis. Instead he 
placed more faith in the four specimens between 
0.06 and 
clusion that A, 


four specimens he 


0.16 which led only to the con- 
In fact, from these 
that the 


strength is isotropic. It is now clear that the relaxation 


is not zero. 


100 
concluded relaxation 
strength appears isotropic for these four specimens 
only because they fall in range of I’ where the depen- 
dence upon orientation is small. The two specimens 
which Artman did not take into account were omitted 
because they were oscillated at a higher frequency 
than the others. Asa result, the peak must have been 
shifted to a higher temperature, and this temperature 
shift will have decreased the long-range order of the 
specimen. (The peaks for all the specimens in Art- 
man’s work fell below the critical temperature, in a 
range where the long-range order is about four fifths 
the Zener 


decreasing order of an alloy,“” the observed relaxation 


complete. ) Since peak increases with 


strengths for these two specimens should be somewhat 
B - BRASS 
(AFTER R. ARTMAN) 


1102 
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4 
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13. Orientation dependence of OF-?! and of Ag for 
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higher than the value which would have been obtained 
if these specimens had been run at the same frequency 
as the others. One of the two specimens also had a 
small amount of x-phase present, which would also 
produce, if anything, a high result. The true aniso- 
tropy in /-brass, therefore, is possibly even greater 
than that obtained from Fig. 13. It is concluded that, 
in spite of the complications of ordering and formation 
of a second phase which make the data of Fig. 13 
somewhat inexact, these data without a doubt show 
that P-brass possesses the same type of anisotropy 
as Li-Mg. 

Comparing all the results for the anisotropy with 
theoretical predictions, it is clear that any theory 
based solely on nearest-neighbor relationships is 
unable to explain the observations. 

At this stage, it is useful to make a completely 
ad hoc assumption, as a means of indicating the 
direction in which one must look to find an improved 
theory. The assumption is that only atoms in the neat- 
nearest neighbor relationship to each other need be 
considered in the Zener 


phenomenon. Thus, in terms of the pair model, only 


dealing with relaxation 


the reorientation of next-nearest neighbor solute 


atom pairs are assumed to contribute to the relaxation 


process, and not the reorientation of nearest neighbor 


pairs. It should next be noted that in both the f.c.c. 
and the b.c.c. lattices the next-nearest neighbor pairs 
lie along the (100) direction. Accordingly, since the 
111) direction makes equal angles with these next- 
nearest neighbor pairs, it follows, according to our 
assumption, that A,,.,,,;, should be zero, except for 
the bulk relaxation, or, from equation (6), that ds 0. 
On this basis the prediction would be made that in 
both the f.c.c. 
strong anisotropy in A,, going from a maximum value 
in the (100 


direction. Certainly this prediction is more nearly in 


and the b.c.c. lattices there should be a 


direction to a near-zero value in the (111 
which came 


accord with the observations than that 


from theories based on considering only nearest 


neighbor relationships. If now we relax the above 
ad hoc assumption to state that the next-nearest 
neighbor relationship makes the major contribution 
to the relaxation process but that some contribution 
also comes from nearest neighbor pairs, the observa- 
tions may be explained rather well. It is even possible 
to understand why the anisotropy ratio is larger in 
the f.c.c. alloys than in the b.c.e. alloys, since the 
anisotropy of the nearest neighbor contribution is in 
the same direction as that of the next-nearest neighbor 
contribution for the f.c.c. case, but in the opposite 
direction for the b.c.c. case. 

Although it is possible to explain the results in terms 
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of the assumption of the dominance of the contribution 
of next-nearest neighbor atom pairs to the relaxation 
behavior over that of nearest neighbor pairs, the 
reason why this should be the case is not clear. One 
possible explanation is that the strain field about a 
nearest neighbor solute pair is much more nearly 
isotropic than that about a next-nearest neighbor 
pair. Thus, the effect of pair-reorientation in produc- 
ing anelastic strain is greater for the former than for 
the latter case. This question is certainly deserving 
of further investigation. 

It may be concluded that the old pair-reorientation 
theory of Zener may be utilized successfully to inter- 
pret the thermodynamics of the Zener relaxation, 
particularly at low concentrations, provided that the 
theory is modified in two ways. First, account must 
be taken of the change in the number of pairs with 
hydrostatic pressure in order to account for the 
dilatational relaxation phenomenon. Secondly, at- 
tention should be directed to pairs in next-nearest 
neighbor configurations more than to those in nearest 
neighbor configurations. In spite of these changes, 
the pair-reorientation theory still explains why the 
relaxation strength varies as the square of the solute 


concentration for low concentrations. 
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From this result, it 


present results 
Re 1 This value differs from the 


value 

1.7 given by LeClaire and Lomer due to the more 
accurate values of elastic constants now available Kk quation 
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MAGNITUDE OF THE ZENER RELAXATION EFFECT—IV 
ANISOTROPY OF THE RELAXATION STRENGTH IN AIL-4°%, Cu* 


B. S. BERRY?* 


The important parameters controlling the anisotropy of the Zener relaxation in quenched and 


reverted Al 


and transverse vibration on (100) oriented 


single 


1% Cu (1.8 at. % Cu) have been determined from internal friction measurements in torsional 


crystal specimens. A new flexure pendulum 


apparatus, devised for the measurements in transverse vibration, is described briefly. The results show 


that the anisotropy is not only much larger than is predicted by the theory of Le Claire and Lomer, but 


that the maximum tensile 


relaxation strength occurs in the LOO 


orientation, for which this theory 


predicts a minimum value. The pall reorientation theory of Zener is also applied to the results from this 


dilute alloy, and is shown to fail in the same way as Le Claire and Lomer’s theory. 


So far, only the 


suggestion of Seraphim and Nowick, that the relaxation involves primarily the reorientation of second 


neighbor pairs, appears to be capable of explaining the observed results. 


IMPORTANCE DE 


ANISOTROPIE DE LA FORCE DE 


L*EFFET DE 
RELAXATION 


RELAXATION 
DANS 


DE ZENER—IV 
L;ALLIAGE Al 


L’auteur a déterminé les paramétres principaux qui contrdlent Vanisotropie de la relaxation de Zener 


dans lalliage Al-4°, Cu (1.8 % 


at. Cu) soumis a une 


trempe et a une reversion. Ceux-ci ont été déter 


miné par des mesures d’amortissement interne a vibration transversale et a vibration de torsion sur des 


échantillons monocristallins orientés suivant (100), 


vibrations transversales, 


Dans le but de 


auteur a concu un nouveau pendule qu il décrit briévement. 


mesurer amortissement interne aux 


Les résultats 


montrent que lanisotropie est non seulement plus Importante que ne le prédit la théorie de Le Claire et 


Lomer mais que le maximum de la force de relaxation en traction apparait pour lorientation (100 


que la théorie prévoyait une valeur minimum 


ment appliquée poul l interprétation des résultats obtenus sur cet alliage dilué. 


conduit au méme désaccord que celle de Le Claire 


Seraphim et Nowick semble convenir pour expliquer les résultats; 


alors 


La théorie de Zener de réorientation par paire est égale 


L’auteur montre qu'elle 
Lomer. Ainsi, dans le cas présent, Uhypotheése de 


celle-ci fait intervenir principalement 


dans la relaxation la réorientation des paires premiers et seconds voisins. 


GROBE 


ANISOTROPIE DER 


DES ZENER-RELAXATIONSEFFEKTES—IV 
,LELAXATIONSSTARKE IN Al-4% Cu 


oO 


Die fiir die Anisotropie bestimmenden Parameter des Zener-Relaxationseffektes von abgeschrecktem 


und 


) 
salschwingung von 


Torsions- und Transve 


Biegependelapparatur fiir die Messungen in 


riickgebildetem Al-4° Cu (1.8 Atom ®, Cu) wurden aus 
Einkristallen in (100 


Transversalschwingung 


Messungen der inneren Reibung bei 


Orientierung gemessen. Eine neue 


wird kurz beschrieben. Die 


Ergebnisse zeigen, das die \nisotrople nicht nur v iel grober ist als von der Theorie von Le Claire und 


Lomer vorhergesagt, 


auftritt, fiir die diese Theorie ein Minimum vorhersagt. 


wird auf diese verdiinnte 


Le Claire und Lomer. 


erklaren zu kénnen. 


sondern daBg bei Zugspannung die gréBte Relaxationsstarke in (100 


Legierung angewandt, sie 


Richtung 
Auch die Paar-Orientierungstheorie von Zener 


versagt in derselben Weise wie die Theorie von 


Bisher scheint nur der Vorschlag von Seraphim und Nowick, daB die Relaxation 
vor allem die Orientierung von Paaren iibernachstet 


Nachbarn umfaBt, die beobachteten Ergebnisse 


INTRODUCTION 


The preceding articles"~* contain much new and 


significant information on the magnitude and ani- 


sotropy of the Zener relaxation exhibited by sub- 


stitutional alloys. It has been shown that the ani- 
sotropy is not only much larger than expected from 
the theory of Le Claire and Lomer™, but in addition, 
the 


relaxation strength in the Li-Mg alloy is not the one 


the crystallographic orientation for greatest 
predicted by the theory. The direction and magnitude 
of the anisotropy are perhaps the most striking 
features of the Zener relaxation, but they are not, 
however, the only perplexing ones. For example, 
the strength of the relaxation in a given alloy cannot 


vet be predicted with confidence. Also, there is 


* Received February 15, 1960, 
Formerly at Yale University; now at the IBM Research 
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small but baffling discrepancy between the activation 
that for diffusion of 


Though it was of course 


energy of the relaxation and 
either species in the alloy.’ 
recognized that the explanation of these problems 
would follow from an understanding of the correct 
atomistic model, one difficulty which has persisted 
for some years has been a lack of experimental clues 
to the specific nature of the model. There is now real 
hope that studies of the anisotropic behavior of the 
relaxation strength may serve in a major way to 
break this deadlock, and produce at the same time a 
better understanding of interactions in solid solutions. 
The discovery of the extent of the anisotropy in the 
Ag—Zn alloys was made by Seraphim while the present 
writer was working on the internal friction behavior 
of the Al4% Cu 


prompted the investigation described in this article. 


alloy.“ These circumstances 


The relaxation spectrum of Al-4°,, Cu is remarkable 


1%, Cu 
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in that the alloy exhibits in the fully supersaturated 
Zener 


quite astonishingly high for so dilute an alloy (1.78 


condition a relaxation whose magnitude is 
at.°,). The relaxation strength per atomic per cent 
solute is several times larger than the largest ones 
previously known (i.e. for the Cd—-Mg and Ag—Zn 
alloys) and it is in fact the first time that the relaxation 
has been identified at so low a solute concentration. 
The opportunity thus provided for a study of the 
Zener relaxation in a dilute alloy is of special interest 
for the following reason. The application of Zener’s 


solute pair-reorientation to the concentrated 


alloys previously studied has been criticized on the 
groundsthat the solute atoms will occur predominantly 
in much more complicated groupings than isolated 
pairs. Consequently, if Zener’s theory is valid at all, 
it should apply with the greatest precision to a dilute 
alloy. The results on Al-4°, Cu therefore permit a 
more critical experimental examination of Zener’s 
theory than was previously possible. 

The first indication of anisotropic behavior of the 
relaxation strength was obtained from the existence 
of significant differences in the heights of the internal 
friction peaks shown by nominally identical poly- 
After both 


oriented crystals in 


crystalline specimens. testing poly- 


crystalline and (100 single 
torsion it became clear that the anisotropy was not 
only large but even greater than that found in the 


Ag-Zn alloys. 


of the large anisotropy were obtained by testing the 


Conclusive proof and measurement 


100) oriented single crystals in both torsional 
the 


same 


and flexural vibration. As outlined in next 


section, these measurements are sufficient to make 
possible a calculation of the anisotropy in both torsion 
and flexure. Though it is possible to determine the 
anisotropy by other experimental schemes, the use 
of the above procedure was dictated in the present 
LOO 


case by the fact that only oriented crystals 


were grown to the length desired for the experiments 


GENERAL CONSIDERATIONS 

Zener’s phenomenological treatment of the ani- 
sotropy of the relaxation strength was introduced 
in Ref. (3) and generalized to include the possibility 
of dilatational relaxation (A..~ 0). The 
there without 


notation 


used will be followed here further 
introduction. It is important to emphasize that this 
treatment depends in no way whatever on the mecha- 
of the 


to any homogeneous relaxation in a cubic crystal 


nism relaxation process, and is applicable 


The treatment starts from the fact that symmetry 
requirements in a cubic crystal reduce the number of 


independent elastic compliance constants to only 


ZEN 
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three in number. As these three constants completely 
define the elastic response of the system to an arbitary 
stress system, they are the only constants appearing 
in the equations for the orientation-dependence ot 
the On that a 


relaxation strength is defined solely in terms of the 


tensile and shear moduli noting 
relaxed and unrelaxed magnitudes of the appropriate 
modulus, it follows directly that the most general 
case of anelastic behavior is obtained by admitting 
both relaxed and unrelaxed values to each of these 
elastic constants. straightforward calculation 
3) for the elastic 
anisotropy then yields equations (10) and (11) of the 
for the The 
nature of these equations is such that for either shear 


the the 


utilizing equations (2) and (3) of Ref 


same reference anelastic anisotropy 


values of relaxation 


and 


The anisotropy is of 


or tension extreme 


strength oecur for the (100 orientations 
(l’ = 0 and 1/3, respectively) 
opposite direction for the two modes of deformation 
i.e. the orientation for the greatest relaxation strength 
the the 


strength in shear 


smallest relaxation 


The 
is not capable however of predicting in which of the 


the 


in tension is one for 


and vice versa formal theory 
tensile or 
occul A 


shows at 


alternative orientations maximum 


shear relaxation strength will actually 


further examination of these equations 


once that the condition for isotropic elasticity (s 


s_’) does not imply isotropic anelasticity, but instead 


reduces the relaxation strength to a linear function 


of the orientation factor I’. There is. therefore. no 


phenomenological restriction on the extent of the 


anelastic anisotropy exhibited by an_ elastically 


isotropic material If a material happens to be 


elastically isotropic, the further condition required 
for isotropic anelasticity that ds Os 
These 


because aluminum 


is simply 


are important points in the present work 


and its dilute alloys are much 


more nearly isotropic elastically than most metals and 
The elastic coefficients of Al-4.23°,, Cu 


alloys. have 


been determined recently by Chiou Measurements 
made on specimens aged after quenching for | hr at 
25°C yield the following composite elastic compliances 
$1.8 and s 1.79 


in units of em*/dyn 


8 10713. 
The elastic anisotropy 
ratio s/s, 1.15) is quite close to unity 

The expressions for the shear and tensile relaxation 


strengths have the following forms for the (100 


orientation 


A 


A; 


It is apparent from equation 1) that measurement of 


LOO 


the relaxation strength exhibited in torsion by a (100 
oriented single crystal yields directly the relaxation 
strength of the s shear compliance. The relaxation 
strength of the s’ shear compliance does not enter 
because of the particular orientation, while a contri- 
bution from the dilational relaxation is absent because 
in pure shear there is no dilational strain. Equation 
(2), on the other hand, does not have an equally 
simple exact meaning. Though this equation now 
contains A. to the exclusion of A,, it contains in 
addition a term involving the dilatational relaxation 
strength A... 


a tensile strain does have a dilatational component.) 


(This of course stems from the fact that 


However, the measurements on the Ag-Zn and 
Li-Mg alloys reported in Ref. (3) show in both cases 
that A.. is smaller than A,. It is 

suppose the same is true for Al-4% Cu. 
the A.. term in equation (2) is weighted by the 
coefhicient which for Al-4°, Cu is only 0.12. 


Combining these two factors, it appears safe to assume 


reasonable to 
Secondly, 


s Ss 


that the term in A,. can be dropped from equation (2) 


without serious error, so that 


Consequently, measurement of the peak height in 
flexure of a (100) oriented specimen makes possible a 
calculation of AL. A knowledge of both A, and A, 
is sufficient for calculation of the shear anisotropy 


ratio Ra, for 


2(A../A,) 
Ag 100 2 


R, (4) 


Equation (4) is exact, i.e. it does not involve any 


assumptions about A... The exact expression for the 


tensile anisotropy ratio R,, requires a knowledge of 


A,. which the present experiments do not provide. 
To a first approximation, however, R,, for Al-4°, Cu 


can be written in the simple form 


Ax 100 a A, 
Ax 111 A, 


PROCEDURE 

It was shown in the preceding section that the 
quantities A, and A. can be obtained from the tensile 
LOO 


and shear relaxation strengths of a oriented 


single crystal specimen. These relaxation strengths 
were determined from the size of the internal friction 
peaks observed in low frequency torsional and flexural 
vibration. The measurement of the peak in torsional 


vibration was straightforward, since the crystals were 
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produced in the form of conventional torsion pendu- 
lum specimens (i.e. wires about 8 in. long and 0.040 in. 
diameter). To obtain the tensile relaxation strength 
from the same specimens, however, it was necessary 
to devise a complementary apparatus, the flexure 
pendulum, capable of utilizing the specimens in a 
transverse mode of vibration. The design of such a 
pendulum is complicated by the fact that specimens 
in wire form are not well suited to internal friction 
measurements in flexural vibration, as the following 
brief First, the 


vibration of a wire of nominally circular cross-section 


discussion will show. transverse 


is not in general unidirectional. The direction of 
vibration alternates at a beat frequency between the 
directions normal to the planes of greatest and least 
bending stiffness, and the tip of the wire traces out a 
non-stationary Lissajous’ figure. For internal friction 
measurements, this complicated behavior is to be 
avoided. Secondly, even in the clamped-free canti- 
lever mode, the fundamental frequencies of the wires 
to be tested were too high to be measured visually so 
that, as in the case of the torsion pendulum, the end 
of the 
frequency to the desired value. 


wire must be loaded to lower the natural 
In contrast to the 
situation for torsion, however, it is not desirable to 
arrange the specimen in a vertical position for measure- 
ments in flexure because the internal friction of the 
specimen is not then measured directly. For, when 
vibrating about a vertical axis, the total energy Up 
in a position of maximum deflection is no longer just 
the strain energy U’, stored in the flexed specimen, 
but is instead the sum of U’, and the potential energy 
This 


friction 


(’, gained by the weight and the specimen. 
extra the 
smaller than the desired value by the factor U,/(U, 


term makes measured internal 
U’,,). Since quite moderate loading makes U’ , U 
this correction factor can be large and is then difficult 
To avoid this situation the 
but 


unfortunately the loading weight then introduces an 


to apply with precision. 
specimens must be mounted horizontally, 
alarmingly large sag in the wire. The way in which a 
unidirectional vibration and a restricted static sag 
were obtained with horizontally mounted specimens 
Fig. 1. feature of this 


design is the use of twin specimens spaced one above 


is shown in The essential 
the other to give the combination sufficient vertical 
bending stiffness to withstand the loading weight 
without excessive deflection. At the same time the 
arrangement serves the second purpose of clearly 
defining horizontal and vertical planes of vibration 
in which the 
different. <A 


initiates only the horizontal mode of vibration and 


natural frequencies are distinctly 


horizontal exciting force therefore 
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the internal friction can be measured by the conventi- 


onal free-decay technique. Most of Fig. 1 is self- 


explanatory. The pin vises F are separated vertically 


by about 3/4in. The 3 g aluminum loading weight J 
is constructed in two parts, each with a gripping 
flange 2mm wide projecting from the inner side 
The 
the 
ing the 


weight is secured by sandwiching the ends of 
specimens between these flanges and tighten- 
steel screws joining the two 


the weight. Transverse vibrations are excited by a 
conventional tapping key and electromagnet arrange- 
ment, the magnet acting on the steel screws in the 
weight J. Optically, the system incorporates an 8 in 
focal length lens L to produce outside the furnace a 
real image of the illuminated inner edges of J, and a 
medium power microscope is used to magnify the 
amplitude of oscillation of this image. Logarithmic 
observing 


of the 


made by 
the 


decrement measurements were 


the free amplitude decay against scale 
graduated eyepiece. These measurements were made, 
as for those in torsion, at a starting strain amplitude 
of 10~° and in an atmosphere of helium at 10 mm Hg 
pressure. 

Apart from the requirement of twin specimens, the 
chief disadvantage of the present flexure pendulum 
The 
crement of solution treated and quenched Al-4°,, Cu 
10-? in the flexure 


is its high background loss. logarithmic de- 


at room temperature was 1.8 
pendulum, compared with 0.3 « 10-% in the torsion 
pendulum. Nevertheless, as this background was 
found to be reproducible, the results obtained with 
the flexure pendulum were compared with those from 
the torsion pendulum after subtraction of the differ- 


ence 1.5 10-3, 


Fic. 1. Detail and general layout of the flexure 
pendulum. A, lamp; B&B, filter; C, 
movable furnace cap; /, removable pin vise mounting 
tube; #, pin furnace; H, specimens; 
J, loading weight; A, L, lens; M, 
ize of slit in J; .V. measuring microscope. The bar 
electromagnet for 
measurement thermocouple are 
the specimens and are omitted from the figure 
sake of clarity. 


window; D, 


Vises; 
window; plane of 


vibration excitation and the 
placed alongside the 


for the 
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halves of 


R RELAXATION 


The preparation and treatment of the single crystal 
Informa 
Table | 


from which it will be seen in particular that one of 


specimens has been described elsewhere 
tion on the specimens used here is given in 


and the other by from 


to the 


the specimens differs by 4 
the 
apparatus, these slightly different specimens had to 
the fle 


LOO) orientation design of the 


xure pendulum 


be tested in combination in 
The 2 


enough for the 


difference in orientation is however small 


from a 
Kach 


individually in the torsion 


results to be treated as those 


single specimen of the mean orientation factor 


specimen tested 


pendulum 
The specimens were solution treated at 525°C and 


quenched into water at room temperature Once 


mounted in the apparatus they were given a reversion 


treatment at 200-230°C immediately prior to deter 


mination of the internal friction peak in order to 


reduce to an insignificant level the amount of copper 
precipitated from solid solution during the measure 
ind othe 


the eff of 


ments. Further details of this ; points are 


contained in an article dealing with 


aging.‘®? 


RESULTS 


The Zener peaks exhibited by specimens 4 and 5 


when tested individually in torsion are given in Fig. 2 


The peak height of specimen 4 is noticeably the 


larger of the two sistent 


this will he shown to be con 


LOO) orientation 


with its greater departure from the 
To obtain the peak heights given in Table 1, the room 


temperature internal friction was first substracted 


BERRY :> 4 Cu lO] 
2 
J 
: Fic. 2. The Zener peaks shown by specimens 4 and 5 
when tested in torsior Curve | Sy men 4 for 
L.64 Curve B: Sp en 5 for 1.41 
— 
4 
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from these curves to remove the essentially tempera- 


ture-independent background contribution which 
probably can be ascribed almost wholly to apparatus 
loss. Next. a second correction was made to allow 
for the fact that the peaks are also superposed upon a 
sharply rising high-temperature background of un- 
certain origin. This correction was assessed from a 
graphical separation of the experimental curves into 
a symmetrical peak and a monotonically increasing 
high-temperature background, using a trial and error 
method. The magnitude of the correction is not large, 
amounting to about 1/4 of the previous correction. 
The results obtained from specimens 4 and 5 when 
tested collectively in flexure are shown in Fig. 3. 
For comparison the peak obtained from specimen 5 
in torsion is included also. These two curves illustrate 
forcefully the very large anisotropy of the Zener 
relaxation in Al-4°, Cu. The peak height in flexure as 
given in Table | does not include the room temperature 


il 


Kia, 3. Curve A: The Zener peak shown by specimetis 

fand 5 tested together in flexure at 2.8 e@/s, 

Curve B is for specimen 5 in torsion at 1.41 ¢/s, and is 

Fig. | to indicate the extent of the 

anisotropic behavior. All the points in Curve A have 

been reduced by 0.0014 to correct for the higher back 
ground of the flexure pendulum. 


when 


redrawn from 


TABLE l. 


Specimen 
numbet 


SS 0.006 


89 0.0015 


The orientation factor I’ is given by T° 


100 


» 
% COs* 


are the angles in degrees between a 
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background internal friction. No other correction 
was made, since the contribution of the high-tempera- 
ture background at the peak temperature was judged 
to be negligible. 

The conversion of the peak height values to the 
relaxation strengths given in Table 1 was performed 
by multiplying the peak heights by the factor 1.3(2/7). 
The factor (2/77) alone is the correct conversion factor 
only when the peak is describable in terms of a unique 
relaxation time. In the present case, however, the 
at half the 


height than is predicted with this assumption. The 


3 times 


peaks are lL. wider maximum 
calculation of this correction from equation (20) in 
Ref. (2) requires a knowledge of the activation energy of 
the relaxation, which for Al-4°% Cu is 28 keal/mole.‘® 

Two points should be mentioned in connection with 
the calculation of A, and A, from the composite 
First, 


to give the two results obtained in torsion equal 


elastic compliances and the data of Table 1. 


weight in the calculation, the two relaxation strengths 
were averaged and the average treated as the value 
for a specimen of the mean orientation factor. A 
simple arithmetic average is entirely sufficient for 
this purpose, since the orientation difference between 
the specimens is small (2°) and the relaxation strength 
is essentially a linear function of [° by virtue of the 
nearly isotropic elastic behavior. This remark also 
justifies the treatment of the combined relaxation 
strength in flexure as the value corresponding to a 
single specimen of the average orientation factor. 
The second point is that since the specimens do not 
have exactly the (100 
of A, and A, from equations (1) and (3) would be 


Consequently, use was made of 


orientation, the calculation 


slightly inaccurate. 
the complete expressions (10) and (11) in Ref. (3). 
In using the latter, the contribution from the dilata- 
tional relaxation was neglected for the reasons given 
in connection with the derivation of equation (3), 
this paper. 

The calculated values of the various parameters 
relating to the anisotropy of the relaxation strength 
are given in Table 2. It will be seen that the anisotropy 


amounts to more than an order of magnitude variation 


Specimen orientations and principal experimental results 


Combined 

relaxation 

strength in 
flexure 


Combined 
Relaxation 


strength in 
torsion 


Peak height 


peak height 
in torsion 
in flexure 
(log dec.) 


(log dec } 


0.00078 0.00064 
0.0089 0.0074 


0.00063 0.00052 


direction and the axis of the specimen. 


COs* Y COS* 
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TABLE 2. Derived quantities relating to the anistropy of the 


Zener relaxation in Al-4°%, Cu 


Os’ Os 


em?/dyn) 


A,’ A, 


em?/dyn 


0.35 19718 0.019 10-8 0.0083 0.00051 11.5 


in the relaxation strength both in torsion and in 
the Table 2, the 
individual relaxation strengths in torsion for speci- 
mens 4 and 5 are calculated to be 0.00062 and 0.00054, 


respectively. The agreement of the values with the 


flexure. Using values given in 


experimental measurements (Table 1) justifies the 


earlier statement that the difference in the heights of 


» 


the peaks shown in Fig. 2 arises from the small 


difference in the orientation of the specimens. 


DISCUSSION 


Attention will be given first to the anisotropy 
predicted from the theory of Le Claire and Lomer, 
which was introduced earlier in this series."~*) Briefly, 
this theory is based upon a model in which the atomic 
configuration is expressed by directional order para- 
meters defined in terms of the pair-wise grouping of 
nearest neighbor atoms. The calculation of the relaxa- 
tion strength was carried out using the quasi-chemical 
The the 


strength calculated in this manner turns out to be 


bond theory. anisotropy of relaxation 
governed by the values of the elastic compliances 
only. In particular the anisotropy ratios defined by 


equations (4) and (5) are given by 


(Re)rr 
Ss S)(s 


(R)pr 2/4)(s.” 


Referring first to equation (6) it is at once obvious 
that (R,);;, is greater or less than unity according 
to whether s,’ is greater or less than 2.s,. In other 
words, not only is the magnitude of the shear ani- 
but the 


strength 


sotropy determined uniquely by s,° and s 


orientation for the greatest relaxation 


changes from (111) to (100) as s 
s,’ = 2s, the material is predicted to be anelastically 


the f.c.c. Ag—Zn 


is greater than 2s,. so 


isotropic in shear). For alloys 


reported on in Ref. (3), 8 
that even though the theory does not explain the 
experimental value of the anisotropy ratio, it at least 
predicts correctly a maximum shear relaxation 
strength for the (111 


the Ag-Zn alloys, the present results on Al-4°, Cu 


orientation. Compared with 


provide, as an interesting contrast, an example of an 


alloy for which s,’ is less than 28,, and for which 


ZENER 


exceeds 28 (if 
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Le Claire and Lomer’s theory predicts a maximum 
the The 


theoretical magnitude of the shear anisotropy ratio 


shear relaxation for LOO) orientation 


according to equation (6) is 0.70, whereas experi- 
mentally the value is 11.4. Hence for this f.c.c 
the b.c.c. Li-Mg alloy 


paper IIT of this series, Le Claire and Lomer’s theory 


alloy 
just as for investigated in 
not only fails to predict the absolute magnitude of 


the anisotropy, but, more seriously, it predicts a 
maximum relaxation strength for the orientation in 


the Th 
the 


which minimum actually occurs same 


holds 
The value predicted from equation 


the the 


contradictory situation also. for tensile 
anisotropy ratio 
(7) is 0.60, whereas ratio estimated from 
experimental measurements is 16 

The failure of Le Claire and Lomer’s theory directs 
attention tothe validity oftheir assumptions. The two 
basic assumptions involved are (a) that it is sufficient to 
describe the atomic configuration in terms of the pair 
wise grouping of nearest neighbors, and (b) that the 
internal energy ott he ery stal can be calculated from the 
nearest neighbor quasi-chemical bond hypothesis. Since 
the basis of Zener’s solute pair-reorientation theory 
involves (a) but not (b) it is therefore of interest to 
Zener’s theor 


observed anisotropy better than does Le Claire and 


enquire whethe1 accounts for the 


Lomer’s theory. This is an appropriate approach to 
the present results, since it was pointed out in the 
Introduction that Zener’s model should apply best 
to a dilute alloy in which groupings more complicated 
than isolated pairs do not occur with a significant 
frequency. It is instructive to consider this point in a 


little more detail by calculating, for the simple case 
of an ideal 


the probabilities that a 


solution of solute concentration « 


given solute atom is (a) 


isolated, (b) part of an isolated solute pair and (¢) part 
Zener 


a single 


of a more complex grouping. Since model 


considers only nearest neighbor interactions 
solute atom is to be regarded as isolated from inte 


action with other solute atoms if all its nearest 


neighbors are solvent atoms. The probability p, that a 


given solute atom is isolated is therefor | c)* 
Secondly the probability po that a given solute atom Is 


18 


part of an isolated pair is 12¢(1 Values of p, and 
p, are shown for various values of ¢ in Table 3, together 


which represents 


with the values of py (1 Py Do 


the relative frequency with which solute atoms are 


present as parts of an isolated pair rather than as 


parts of a more complex grouping. It is quite clear 
from these figures that in the concentration range in 


the 


(¢ 0.1—0.3) the relative frequency rapidly becomes 


which relaxation is ordinarily studied 


vanishingly small. In such cases the applicability of 
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Zener’s model revolves around the question of whether 


considered as an ag- 


a complex grouping can be 
glomerate of reasonably independent pairs. At con- 
centrations of a few per cent of solute, on the other 
hand, the relative frequency is about a factor of 4, 
so that here the greatest part of the relaxation strength 
will arise from isolated pair-reorientation to which 
the simple theory is directly applicable. One feature 
that Table 3 brings out and which is worth remarking 
Po) pass through a 


0.05. 


on is that Po and Po) (1 Py 
maximum in the region of ¢ This situation 
irises from the fact that beyond a certain concentra- 
tion the isolation of the pairs is destroyed at a faster 
rate with respect to concentration than the rate at 
which pairs are formed. For non-ideal solutions the 
optimum concentration at which p,/(1 — p, — po) is 


a maximum will decrease or increase according to 


whether the solution exhibits clustering or ordering, 


respectively. Though Al-4°, Cu is by no means an 


ideal solution, the indication nevertheless is that the 
atom fraction of copper in the (reverted) solid solution. 
c 0.018, is in the range where isolated pairs may 
be considered as the only relaxation centers of 
significance. 

The next step is to calculate the anisotropy expected 
from this simple model. An estimate of the tensile 
anisotropy ratio can be made as follows by a simple 
extension of Zener’s theory. Using equation (12) in 
Ref. (1) the tensile anisotropy ratio according to this 
( R, 


theory is at once given by 


(yE2*) LOO 
(S) 
(yEA*) 


where V is an orientation dependent parameter 


determined by the numbers of the preferred and 
non-preferred pair axis directions, # is the tensile 


modulus and 4 (0: On, oT is the rate of change of 


the tensile strain with respect to the reorientation 


(at constant stress and temperature) of pairs from 
non-preferred to preferred directions. Inspection of 


the geometry of the f.c.c. lattice shows that for a 


tensile stress along a (100) direction a pair axis may 
lie along (a) any one of a set of four equivalent 


TABLE 3. For an ideal f.c.c. 


the probabilities that a solute atom is isolated (p,), part of an 


solution of solute concentration c, 


isolated nearest neighbor pair (p,.) and part of a more complex 
nearest neighbor grouping (1 Py 


Py Ps Py 


0.049 
0.083 
0.538 
O.888 
0.980 


0.167 
0.377 
0.043 
0.006 


0.784 
0.540 
0.282 
0.069 
0.014 


0.02 
O.05 
0.10 
0.20 
0.30 


0.048 
0.006 
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directions whose direction cosines are each 1/2 


with 
respect to the stress axis, or (b) either one of a set of 
It is 


sets 


two directions perpendicular to the stress axis. 
the of these 
corresponds to the preferred directions. For a tensile 
11] 


three equivalent directions whose direction cosines 


immaterial to calculation which 


stress applied along a direction, there is a set of 
are each (2/3)? with respect to the stress axis, and a 
set of three equivalent directions perpendicular to 
the stress axis. For each orientation, the occurrence 
of only two sets of energetically distinguishable 
directions means that the calculation of the equilib- 
rium distribution of pairs amongst the preferred and 
non-preferred directions is reduced to a_ two-level 
problem in Boltzmann statistics. The value of y for 


this simple situation turns out to be 
(9) 


where g,, andy, are, respectively, the statistical weights 
of the preferred and non-preferred directions. Using the 
the numbers given above it is seen that y_, 995/744) 
8/9. Foran evaluation of the ratio of the derivatives in 
equation (8), it appears reasonable to assume that the 
reorientation ofa pair axis produces in the direction of 
the stress an anelastic strain proportional to the change 
in the projection of the pair axis on the stress axis. 
Using the angular relationships given above, the ratio 
(A 4.,,;,)? is thus 3/4, and the value of (R,), 


100 
follows as 

2E 100 


Al 


(Ry). (10) 


Inserting the appropriate values into equation (10), 
(Ry), for Al-4°, Cu is 0.73. 


predicts, as does Le Claire and Lomer’s theory, a 


Zener’s theory thus 


with a 
11] 


disagrees 


for this alloy 
for the 


relatively small anisotropy 
maximum tensile relaxation strength 
This 


completely with the experimental finding that the 


orientation. prediction of course 


large with a maximum 


LOO 


tensile anisotropy is very 
orientation. 
the Zener and 


relaxation strength for the 


the failure of both the Le 


From 
concluded that 


the 


Claire and Lomer theories it must be 
the relaxation does not depend primarily on 
pair-wise interaction of nearest neighbors. Attention 
must therefore be directed to other possible models 
for the relaxation. First of all, it will be shown that 
no other model which retains the assumption that 
only nearest neighbor interactions are important can 
explain the observed results. This is immediately 


obvious for the b.c.c. alloys, since no more than two 


” 
ols 
3.41 
$.55 
0.334 
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atoms can be nearest neighbors to one another. For 
the f.c.c. lattice the next simplest grouping after the 
pair is a grouping of three similar atoms which are 
all nearest neighbors to one another. Such a grouping 
can change its configuration while all three atoms 
remain nearest neighbors, and hence could possibly 
give rise to a stress induced ordering effect. Fortu- 
nately, thisand similar higherorder models may at once 


be discarded as inconsistent with the experimental 


evidence concerning the concentration dependence of 


the relaxation strength. It is now known that the 


relaxation strength is a function of the square of the 


solute and solvent concentrations. whereas the 


frequency of occurrence of triplets, quartets, etc. of 


similar atoms depends on the third and successively 
higher powers of the solute and solvent concentrations. 
Stated in a different way, the quadratic form of the 
concentration dependence of the relaxation strength 
reflects the fact that the Zener relaxation is 
controlled by the pair-wise interaction of atoms 
This fact, coupled with the failure of the nearest 


basic 


neighbor pair model, leads directly to consideration 
of the second neighbor pair model suggested first by 
Seraphim and Nowick and discussed in the preceding 
paper.) This is the only model which unifies the 
results from both the b.c.c. and the f.c.c. alloys, since 
for both lattices the second neighbor directions are 
the same, i.e. along the cube edges. Furthermore it is 
the only model that can account for the fact that 
A x-100 A in all the cases studied, and which 
also allows the ratio R, to become very large. Though 
no firm theoretical basis has as vet been established 
neighbor model, the 


second 


for the supporting 


experimental evidence now extends to three widely 


ZEN 


ER RELAXATION IN Al-4 


different alloys. In particular, the existence of the 
large anisotropy in the dilute Al-Cu alloy serves to 
rule out the possibility that the large anisotropies 
observed in the other alloys may arise only from some 


effect 


concentration 


connected with their relatively high solute 


In conclusion, it may be pointed out that however 
surprising the interpretation of the Zener relaxation 
in terms of a predominantly second neighbor model 
may be, the concept does not have any obviously 
erroneous implications. In particular it is not implied 


or required that the interaction energy between 


second neighbors be stronge! than that between first 


All that is implied is that the derivative 


neighbors 


denoting the rate of change of internal energy with 
vreatel 
for second neighbors than for nearest neighbors. It is 


that the 


stress at constant order and temperature be 


justification of this requirement 


on the 


validity of the interpretation must be sought 
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MICROSTRAIN IN POLYCRYSTALLINE METALS* 
N. BROWN? and K. F. LUKENS Jr.+ 


\ theory was developed for describing the dependence of microplastic strain on stress and grain size of 


polycrystalline metals. The microplastic strain is given by 
0 


( pb (a 


where C = 1/2. p is the density of sources, o the applied stress, ¢,° stress to move first dislocation, G 
shear modulus and PD grain size. 

The theory was checked by measuring the stress-strain curve in the micro region using a capacitance 
type extensometer. The metal investigated was ingot iron with grain sizes from 44 to 1404. The 
agreement between the theoretical equation and the experimental data was excellent not only in the 


case of the iron but for data on coppel and zine from the investigation of others. The density of sources 


in ingot iron and copper was 2.5 and 6.9 10° sources/em®, respectively. The range of the microstrain 


region has been calculated in terms of the amount of microstrain that occurs at the macroscopic yield 


point. 
As a useful sidelight it turns out that annealing ingot iron at 650°C after a microstrain completely 


removes the work hardening so that the specimen returns to its initial state. Consequently, the same 


specimen may be used repeatedly for tests in the microstrain region. 


MICRO-DEFORMATION DANS DES METAUX POLYCRISTALLINS 
Les auteurs ont développé une théorie décrivant la dépendance de la micro-déformation plastique, 
la tension et de la dimension des grains dans un métal polycristallin. 


La micro-déformation plastique est donnée par: 


( pD*(o 


o,° la tension nécessaire pour mouvoir la 


oC x 1/2 p est la densité des sources, ¢ la tension appliquée, 6» 
premi¢re dislocation, G le module de cisaillement et D la dimension du grain. 

Cette théorie est confirmée pal la détermination des courbes tension/déformation dans des petites 
régions en utilisant un extensométre type capacitance, Le métal utilisé était un lingotin de fer dont les 
dimensions des grains variaient de 44 a 140 4. La concordance entre léquation théorique et les résultats 
expérimentaux s est révélée excellente non seulement dans le cas du fer mais aussi grace a des résultats 
expérimentaux obtenus par d'autres chercheurs dans le cas du cuivre et du zine. 

La densité des sources dans le fer et dans le cuivre était respectivement 2, 5 et 6,9 10° sources/em? 
La zone de micro-déformation a été calculée en partant de la quantite de micro-déformations apparalis 


sant aux points de décrochement macroscopique. 
I] ressort de ces essais que le recuit & 650°C dun fer ayant subi une micro-déformation détruit le durcis 
sement. L’échantillon revient & son état initial. En conséquence, le méme échantillon peut étre utilisé a 


plusieurs reprises pour des essais dans la région de micro-déformation. 


MIKRODEHNUNG IN VIELKRISTALLINEN METALLEN 
Die Abhangigkeit der plastischen Mikrodehnung von Spannung und Korngr6Be wird an Hand einer 
neu entwickelten Theorie beschrieben, Die Plastische Mikrodehnung ist gegeben durch 


C p D(a o,°)*/Go,' 


Dabei ist C ~ 1/2, p die Quelldichte, o die angelegte Spannung, o,° die Spannung, um die erste Verset 
zung zu bewegen, G der Schubmodul und PD die KorngréBe. 

Die Theorie wurde durch Messungen der Spannungs-Dehnungs-Kurven im Mikrodehnungsgebiet 
gepriift, wobei ein kapazitives Extensometer beniitzt wurd Das untersuchte Metall war GuBeisen 
mit KorngréBen von 44 bis 140 4. Die Ubereinstimmung zwischen der theoretischen Gleichung und 
den experimentellen Ergebnissen war hervorragend, nicht nur im Fall des Eisens, sondern auch fiu 
Daten von Kupfer und Zink aus anderen Untersuchungen. Die Quelldichte in GuBeisen und Kupfer 
betragt 2.5 bzw. 6.9 10® Quellen/em’®. Die Ausdehnung des Mikrodehnungsbereichs wurde berechnet 
mit Hilfe des Mikrodehnungsbetrags, der an der makroskopischen FlieBgrenze auftritt. 

Als niitzliches Nebenergebnis stellt sich heraus, daB eine Gliihung des GuBeisens bei 650°C nach 
einer Mikrodehnung die Verfestigung vollstandig abbaut, so daB die Probe wieder ihren Ausgangszu 
stand annimmt. Folglich kénnen die gleichen Proben wiederholt zu Versuchen im Mikrodehnungsbereich 


verwendet werden, 


The very early stage of plastic deformation is can only be observed with a high sensitivity extens- 
called the microstrain region. Small plastic strains on ometer. There are several investigations of this 
the order of 10~ usually occur before the onset of phenomenon in single crystals of aluminum") and 
(4) 


macroyielding. The details of the microstrain region zine’ and in polyerystalline iron and copper.‘ 


- The only published investigation on the effect of 


* Received October 29, 1959; revised December 28, 1959. — grain size is the one by Thomas and Averbach® on 
Metallurgy Department, University of Pennsylvania, ¥: j 
Philadelphia, Pa. 
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copper. Thomas and Averbach found that for a 
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given applied stress the amount of microstrain varied 
as D®, where D is the grain diameter. Unfortunately, 
the theory by Thomas and Averbach does not 
properly explain the dependence of the microstrain on 
the grain size or the stress. In this paper a proper 
quantitative theory is presented which explains the 
shape of the microstress—strain curve and its depen- 
dence on grain size. The theory is consistent with 


additional data on iron which was obtained in the 


present investigation as well as with data on copper 


and zine from other investigations. 


THEORY 
First, we would like to show that the Thomas and 
Averbach theory is wrong. On page 73 of their 
paper) it is assumed “that an average of one Frank 
Read source has been active in each grain.” 
authors then give the following equation for the total 
plastic strain: 


A 
(1) 


» 
where 
grain, is given by 


Dr, T.) (2) 


T, is applied stress and 7, is the stress to activate a 
source. A, is the area swept out by a dislocation as it 
goes from the source to the grain boundary and A, is 


the cross-section area of the specimen. Since, 
A,~ (3) 


and b and A, are constants, and substituting equations 
2) and (3) in (1), it is seen that according to Thomas 
and Averbach the 
linearly with the stress and is independent of grain 
This result is contrary to the experimental 
the 


amount of microstrain§ varies 


size. 
observations. Since microstrain varies non- 
linearly with stress and as D*. 

The present theory starts with the assumption 
that the number of sources per unit volume is uniform 
throughout the specimen and independent of grain 


size. Thus, the strain per ith grain is 

n,D*bpD®/ Al (4) 
where n, is the number of dislocations emitted by 
each source in the ith grain, D® is the cross-section 
areas of the grain, b is Burgers vector, p is the density 
of sources, A is the cross-section area of the specimen 
and 


and 1 is the gage length. As in the Thomas 


Averbach theory a linear response is assumed 
between the number of piled-up dislocations per 


source and the back stress on the source where‘® 


(o o,')K D/Gb 


MICROSTRAIN IN 


The 


the number of piled-up dislocations per 


POLYCRYSTALLINE METALS LO7 
a is the applied stress o,' is the stress to activate a 
source in the ith grain, AK is a constant, ~2 and G is 
the shear modulus. The total strain. y. in the specimen 
is equation (4) summed over the total number of 


grains that contribute 
>y,f,Al D8 Ao, 6) 


f,Ao,' is the fraction of the grains whose sources are 
activated by a stress between o,' and o,' Ao,' 
Since a random orientation of grains is assumed, the 


most reasonable form for f, is shown in the following 


figure. o,° is the stress to activate a source in the most 


favorably oriented grain and o,” in the least favor- 


ably oriented grain. For the b.c.c. and f.c.c. metals 


¥,? is about 2 5) and (6) 


using the above distribution function, and converting 


Joining equations (4) 


the summation to an integral, the final equation for 
the plastic microstrain as a function of applied stress 


and the grain size is obtained 
('pD® o 


where (' is a constant, +1/2 

Thus, the above equation predicts (1) the stress to 
first activate a source in the specimen is independent 
of grain size, (2) the strain for a given stress varies as 
D and (3) the microstrain varies parabolically with 
The that 


barriers to dislocations in the microstrain region are 


above model assumes the only 


stress 


Consequently, in the experi- 
effort 


grain 


the grain boundaries 


mental work every was made to produce 


specimens with variable size and negligible 


structure within the grains. 


EXPERIMENTAL 
Commercial Armco ingot iron cold drawn to 1/2 in 
The rod was cut to 
heat treated for 


diameter rod was used as material 
approximately 6 in. lengths and 
grain size in an argon-2°, hydrogen atmosphere. A 
typical heat treatment for grain size consisted of 
1200°C for a time, 


given 


holding a specimen at 


900°C and placing the second 


furnace cooling to 
specimen in the furnace along with the first one 
These were held a specified time at temperature and 
then furnace cooled to 800°C, and the third specimen 
was placed in the furnace and held at temperature 


This 


method was used so that all specimens would have a 


All specimens were furnace cooled together 


similar matrix 
Grain size was determined by taking micrographs of 


a cross-section at 100 and counting grains. Large 


grained specimens were not as uniform as the small 


grained specimens. Substructure or veining was 


apparent in some specimens under the microscope if 


| 
0 
} 
Og ‘) 
| 
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they were properly etched. The sub-grains seemed to 


be uniform in size from specimen to specimen. 
Microbeam X-ray Warrington at the 
Cavendish Laboratory that all 
had the same structure interior to the grain within 
the Any 


subgrain boundaries that existed had an angular tilt 


analysis by 
showed specimens 


the resolution of microbeam method. 


of less than about 1/3°. 

Specimens and grips were designed to minimize 
bending. Specimens were carefully machined and 
sround to insure their straightness. The gage section 


Fic. 1, Capacitance gage, grips and specimen 


was 1.0in. by 0.25 in. with a shoulder 


1/4 In. 


and the ends machined to accommodate split rings for 


The shoulders of the specimen were 7/16 in. 
gripping (Fig. 1). Specimens having threaded ends 
were found to be inadequate The split ring was held 
ball that 


machined and polished socket. 


in a bearing was seated in a carefully 
Specimen shoulders 


The ball 


under 


were machined to give a snug fit in the ball. 


and socket were greased to aid in alignment 


load 

Strain measurements were made using a_ parallel 
plate capacitance strain gage (Fig. 1) with a sen- 
sitivity of 10-° injin. The linear portion of the stress 
strain curve was used to calibrate the gage. 
done on an Instron tensile testing 


Testing was 


ALLURGICA, 


radius of 


VOL. 


Strain 


Typical step-load vs, strain curve for iron ¢ 


taken from the xy-recorder. 


Fic. 2. 


machine at a strain rate of 0.01/min. Tests to investi- 
gate microyield point and microstrain were of the 
continuous load and step load type. Microcreep was 
used as a measure of microyield point in the step 
loading test. Specimens annealed at 650°C after a 
test 


point. 


showed good repre ducibility in 


tests through the 


microstrain 
microyield Complete 
macroyvield point were made after the reproducibility 
and microyield point tests were completed. All of the 


stress-strain data was recorded in an «xy-recorder. 


EXPERIMENTAL RESULTS 
method with 
determining non-linearity in the 
The method can detect the 


The sensitivity of the respect to 


load-deformation 


curve is shown in Fig. 2. 


proportional limit to a strain sensitivity of about 


10-8. Once non-linear behavior was observed during 
loading, the unloading curve wasalways linearso that a 
permanent strain resulted. Hy steresis loops were not 
observed after a microstrain. The proportional limit 


determined by the method of Fig. 2 was about the 


curve tor iron, taken 


load 


from w«y-recorder. 


Continuous strain 
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AND L 


same as that determined by a step loading process 


for The 


was always 1} min. In micro- 


occur, 


the 


and waiting measurable creep to 


waiting time 
strain region the creep was logarithmic so that the 
waiting time was not very critical. 

The reproducibility of the proportional limit in a 
specimen after a 600°C anneal is interesting and 
useful because it permits successive determination on 
the same specimen and also indicates that the disloca- 
tions which were introduced were simply arrayed. 
stress-strain from zero stress 


Continuous curves 


through the macroscopic yield point are shown in 


(Grain diameter)“ mm 


Upper yield point vs. inverse square root of 


grain size for tron. 


Fig. 3. The outstanding feature is that for a given 


stress the larger grain sizes show more microstrain 


As expected the macroyield point increases with 


decreasing grain size in accordance with Fig. 4 


9 
Omac D (Ss) 


The above relationship has been observed often 
(9,10) 


in iron’®) and other metals. The relationship is 
based on the theory that the larger grain size permits 
more dislocations to be piled up so that the resulting 
stress concentration is essentially the applied stress 
times the number of piled-up dislocations 

From Fig. 3 it appears that the proportional limit 
decreasing grain size. It must be 


the 


proportional limit is governed by the sensitivity with 


increases with 


remembered that experimentally determined 


which strain is measured. If one dislocation moves in 
only one grain from the center of the grain to the 
undetectable strain of 10°!" 


grain boundary, an 


would occur. In the following section the theory will 
be applied to the above data on iron as well as to 
other data on copper and zine which were obtained by 


other investigators. 


MICROSTRAIN IN 


POLYCRYS'T 


ANALYSIS 


It turns out that all the available stress—strain 


curves in the microstrain region « he described by 


equation (7) \ applied stress 
should be 
data on 
Averbach" 


Roberts 


plot ot 


against 


This linearity is exhibited by 


lineal oul 


Fig dD, by the data ot Thomas ind 


ron mn 


on copper in Fig. 6 and by the data of 


who worked on zine at the University of 


Pennsylvania (Fig. 7). The curves in Figs. 5and6tend 
to converge toward a common value of o,°, the stress 


Ther 


size effect on oa which 


to produce the first plastic strain is however a 


small, but definite, grain 


might bye expected because a smaller oTrain ie 


likely to contain as long a dislocation source as a larger 


one. This last point is not accounted for by th 


copper 
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ic strain 


(Plast 


8 10 
Stress, 100p.s.i 
Square root of plastic strain vs. stress for 


zine specimen with grain size 0.41 mim, 


theory. For zinc, data on only one grain size was 


available so that only the parabolic relationship 
between stress and strain can be verified. 
A plot of the log of the slope 
log D should 


the theory. 


of curves in Figs. 5 
a slope of 3/2 as 


that this 


have 
Fig. 8 


and 6, vs 


required by shows 


point is very well substantiated. 


From the above data the density of dislocation 


sources and the number of sources per grain have 


been calculated (Table 1). For the fine grain speci- 
mens most of the grains do not contain a source so 
that up to the macroyield point these grains are 
deformed only elastically. The theory could be 
checked more completely if a direct experimental 
the The 


electron microscope offers the possibility of making a 


count could be made of density sources. 
direct count of the density of sources. 

The theory and experiments support the following 
conclusions: 

(1) For a given stress the strain varies as D®. 

(2) The square root of the strain varies linearly 


with the stress. 


In (slope 


Plot of log slope of Figs. 5, 6 and 7 vs. log 


grain diameter for iron and copper. 
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(3) The stress to move the first dislocation is sub- 
stantially independent of grain size. 
The lead to the 


characterization of the microstrain region: 


above conclusions following 
(1) The number of sources per grain vary as D®, 
(2) There is a linear relationship between the back 
stress on a source and the number of piled-up 
dislocations. 
The grain boundary is the primary barrier to 
dislocations in a polycrystalline metal which 


has no substructure. 


DISCUSSION 
The microstrain region begins with the stress, o,°, 
first 
strain is on the order of 10~-?. 


which activates a source; the corresponding 
The microstrain region 
ends at the macroyield point. The condition for 


macroyielding may be given by 
no On (9) 


where » is the number of piled-up dislocations a is the 
applied stress, and o, is the stress to activate or 
possibly create sources which cannot be activated or 
created directly by the applied stress. Relationship (9) 
leads to the observed dependence of the macroscopic 
yield point on grain size (equation 8). 


The microstrain at the macroscopic yield point may 


TABLE | 


Copper [ron 


kg/em? 90.8 


sources/cem? 6.9 108 


Grain size Sources Grain size Sources 


(44) per grain per grain 


110 
zinc 
R air { 
4} 7 
| if 
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be obtained by connecting equations (7), (9) and (5). 
the 


dislocations piled up will be used. 


In using equation (5) maximum 


The grain with 


Oo o,° corresponds to a maximum in x. Thus the 


0 0 
microstrain at the macroyield point is given by 


Co 


KD 


(10) 


In general it is expected that macroyielding 


coincides with the generation or activation of new 
sources of dislocations with the piled-up dislocations 
the 


activate these new 


providing required stress concentration to 


sources. It is also expected that 
slip on more than one slip system might begin at the 
onset of macroyielding because the maximum 
resolved shear stress produced by the pile-up would 
not in general coincide with the maximum resolved 
shear stress produced by the applied stress. From a 
phenomenological viewpoint the microstrain region 
sometimes is separated from the macrostrain region by 
readily observed discontinuity in the stress—strain 
curve (a drop in load). Other times when the transition 


from the microstrain region to the macrostrain region 


appears to be smooth upon direct observation of the 


stress-strain curve, an analytic representation of each 
region will show a discontinuity. Such a discontinuity 
between the microstrain and macrostrain region has 
been demonstrated by Roberts and Brown. 

In conclusion, the microstrain region is separated 
from the macrostrain region in the sense that at the 


macroyield point there is a discontinuity in the 


MICROSTRAIN 


number of 
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generation of dislocations. Consequently the macro- 
vield point is looked upon as a unique event in the 


plastic history of a crystalline material 
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TILT BOUNDARY MOTION IN ZINC PRODUCED BY STATIC 
AND DYNAMIC SHEAR STRESS* 


VREELAND 


Crystals grown from 99,999 
sheat loading 
3 
zine. The 


stress required to initiate boundary 


while stresses of approximately 30 lb/in? will not move boundaries in 99.999 


motion within a time 


per cent zine and zone refined zine were subjected to static and dynamic 


Tilt boundaries in crystals of zone refined zinc move at static stresses of approximately 


per cent purity 


interval of 17 10-8 sec in a 


dynamic test is about 100 times greater than the stress required in a static test. The boundary velocity 


increases linearly with increasing dynamic stress, 


DEPLACEMENT DES JOINTS DE 


UNE TENSION DE 


L/ auteur a soumis & des tensions de cisaillement statique ou dynamique, 


de zine ck purete superieure a 99,999 © et de zine 


FLEXION 
CISAILLEMENT 


» zone fondue. 


DANS LE PAR 


STATIQUE Ol 


ZINC PROVOQUE 
DYNAMIQUE 

des cristaux formés a partir 
Les joints de flexion des cristaux de 


zine de zone fondue se déplacent pour des tensions statiques de 3 livres/inch? environ, tandis que des 


tensions approximativement 10 fois superieures 


cristaux de zine de pureté supérieure a 
frontiére dans un intervalle de temps de 17 10 


ieure a celle r dans un essai statique 


provoquent pas le mouvement des frontiéres des 


La tension nécessaire a l initiation du mouvement de la 


® sec au cours d'un essai dynamique est 100 fois supé1 


La vitesse de déplacement de la frontiére s'accroit linéairement avee la tension dynamique. 


DIE BEWEGUNG VON KLEINWINKEL-KORNGRENZEN IN ZINK UNTER DEM EINFLUB 


VON STATISCHEN UND 
Kristalle 


Schubbeanspruchungen unterworfen. 


DYNAMISCHEN 


aus 99,999 ° Zink und aus zonengereinigtem Zink 


Neigungskorngrenzen in 


SCHUBSPANNUNGEN 
wurden statischen und dynamischen 


Kristallen aus zonengereinigtem Zink 


bewegen sich unter statischen Spannungen von anna&hernd 3 |b/in®, wahrend Spannungen von nahezu 


30 lb/in® nicht in der Lage 


sind, Korngrenzen in Zink von 99,999 °, Reinheit zu bewegen. 


Die Schub 


spannung, die notwendig ist, um bei einem dynamischen Versuch eine Korngrenzenbewegung innerhalb 


eines Zeitintervalls von 17 
statischen Versuch notwendige Spannung. 


mender dynamischer Spannung 


INTRODUCTION 
Macroscopic measurements of dynamically stressed 
materials have shown that the stress-strain behavior 
differs from that obtained when the same materials 


are stressed statically. This effect was shown to be 
very pronounced in zine single crystals.“) An under- 
standing of this phenomenon requires a knowledge of 
fundamental slip mechanics which is difficult to obtain 
from macroscopic measurements alone. A knowledge 
of the behavior of individual dislocations under static 


and dynamic stresses is needed. Observation of the 


motion of simple tilt boundaries provides a means to 
study the behavior of a known array of dislocations 
under static and dynamic loading. This paper presents 


the results of an investigation of tilt boundary motion. 


MATERIAL PREPARATION 
The material for this study was prepared from c¢.p. 
zine metal supplied by the New Jersey Zine Company. 


A crystal was grown from the as-received material and 


* This research was supported by the U.S. Air Force 
through the Air Force Office of Scientific Research of the Ait 
Research and Development Command, under contract No. 
AF 18 (600)-490, Received February 8, 1960. 

+ Division of Institute of 


Engineering, California 


nology. 
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10-® see auszulésen, 


ist etwa hundertmal gr6Ber als die bei einem 


Die Geschwindigkeit der Grenze wachst linear mit zuneh 


some of the material was purified by zone refining. 
Twelve separate molten zones approximately 1 in. 
long were passed through a rod approximately 5 ft 
long. A single cry stal was prepared from a 15 in. long 
section of the refined rod where the zone refining passes 
started. The as-grown crystal of zone refined zine 
contained some simple tilt boundaries and test speci- 

0.8 degree tilt 
were acid sawed from the crystal. The 

l 


specimens, approximately | } 5 in. were cut so 


mens containing a suitably located 


boundary 


that the longitudinal axis was in a slip direction and 


} in. faces were parallel to the basal 


two of the 
planes. The crystal of 99.999 


a localized bend and annealed at 750 


per cent zine was given 
F for 2 hr. This 
treatment introduced a single 0.4 degree tilt boundary. 
Specimens were cleaved in liquid nitrogen to produce 


a surface on which the boundaries could be observed. 


STATIC TESTING 
A specimen for static test is cemented to a dummy 
specimen of the same dimensions and crystallographic 
orientation to make a beam of square cross-section 
approximately | in. long. This beam is supported as a 


simple cantilever by cementing a } t in. end of the 


7. 
| 
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test specimen to a fixed surface using Eastman 910 
adhesive. A transverse load is applied to the dummy 
specimen near the free end of the centilever beam and 


perpendicular to the basal planes of the test specimen. 


The transverse load is applied through a neoprene pad 


fixed to a spring steel beam as shown in Fig. 1. Strain 
gages on the beam provide a means of determining the 
load and the boundary is observed through a metal- 
lurgical microscope fitted with a filar micrometer 
that be 
determined quantitatively. A boundary displacement 
10-4 


eyepiece so boundary displacement can 


of approximately 2 in. can be resolved with 
this system. Two type A-18 strain gages are mounted 
on the test specimen to determine the static shear 
strain as indicated in Fig. 1. 

Static shear stress vs. shearstrain curves for 99.999 
per cent zine and zone refined zine are presented in 
Fig. 2. Motion of the 0.4 


of 99.999 


boundary in the specimen 
per cent zine was not observed in the 
static test. which was discontinued after a strain of 
approximately 500 10-®, Motion of the 0.8° boun- 
dary in the zone refined zine was definitely observed 
when the strain had attained the value indicated by 
the arrow on the shear stress vs. shear strain curve of 


Fig. Boundary displacement continued with 


increasing stress beyond that point. The boundary 
motion was smooth and continuous. The proportional 
limit of the 99.999 

15 that 


approximately 3 |b/in®. 


per cent zine is approximately 
the 


Ib/in?, while for zone refined zine is 


The plastic strain observed at low stress levels in the 
zone refined zinc may be due to general slip and/or to 


of the 
by 


boundary motion. Consideration indicated 


strain which would be produced a boundary 


displacement equal to the minimum value which could 


be detected by the microscope system indicates that 


Fic. 1. Schematic drawing of the static testing 


system. 


BOUNDARY 


MOTION IN ZIN¢ 


the major part of the measured plastic strain at low 


stress levels may be attributed to motion of the 


boundary. 
A second static test on the zone refined zine speci 
The 


stress—strain curve of the first test was almost exactly 


men was performed 3 days after the first test. 
duplicated. 

DYNAMIC TESTING 
The system used in the dynamic tests produces a 
the The 


stress is produced by suddenly imparting a velocity 


fast-rising shear stress in zine specimen 
to the base of the specimen in a direction perpendiculat 


to the slip planes. The elastic shear stresses which are 
produced by the change in velocity of the base of the 
specimen propagate along the axis of the specimen at 
ot 
The 
of the 


unloading wave returns to the base of the specimen 


the characteristic velocity shear waves in the a 


direction in zine crystals elastic shear wave 


reflects from the free end specimen and an 


The sudden change in particle velocity is accomp 


lished by the use of gas shock wave, which is made to 


impinge on the end of an aluminum rod to which the 


specimen is cemented. A schematic drawing of the 


dynamic loading system is shown in Fig. 3. An 2-cut 
quartz crystal cemented to the end of the aluminum 
rod provides the means for measuring the pressure 
applied by the shock tub 

The voltage signal from the quartz was used to 
obtain a calibration curve of applied shock pressure 
vs. initial pressure in the driving chamber of the shock 
tube. The voltage signal was amplified and displayed by 
means of a cathode ray oscilloscope, and the trace on 
\ scatter ot 


the oscilloscope was photographed 20) 


2 
113 
r > 
a 
4 
4 
enor cira 
Fic. 2. Static shea tre } rst n. me 
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Cylinder 
ssur 
Gage Aluminum 
Rod 
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Screw Driven Dicphrom Chamber 
Plunger | 


2 


Fig. 3. Schematic drawing of dynamic loading system. 


per cent was found in the applied shock pressure, and tT | { 2 
this scatter was attributed to erratic rupture of the 
diaphragms. The shock pressure applied during the 
tests on zine crystals was determined from the cali- 
bration curve and the measured valves of driving 


chamber pressure. An uncertainty of +-20 per cent in 


applied shock pressure is thereby introduced. 
Displacement of the tilt boundary in the zine crystal 4th dynamic test, spec. 2 

. Chamber pressure = |380 |b/in< 

specimen is measured by means of a system comprised 


of a microscope with a slit in the eyepiece, a photo- 


multiplier tube, and a cathode ray oscilloscope. This 
is shown schematically in Fig. 4. The slit in the filar 
micrometer eyepiece permits a view of a selected 


section of the cleavage surface of the specimen. The 


eyepiece is rotated so that the longitudinal axis of the 


slit is parallel to the tilt boundary. The position and 

illumination of the microscope is adjusted to give a 
5th dynamic test, spec.2 

Chamber pressure = 370 I|b/in< 


Fic. 5. Typical dynamic tests records. 
Mount ng bIocK 

maximum contrast of illumination across the tilt 
boundary so that the surface on one side of the 

Pw oundary is bright while the other side is dark. Motion 
Mirror \ | of the boundary changes the amount of light passing 

» ry . . 
<> r ; through the slit. The output of the photomultiplier 

ae a tube is therefore proportional to boundary position. 

be tt ee Records of photomultiplier tube output vs. time are 
uminator 
displayed on the cathode ray oscilloscope and photo- 
graphed. 

Two test records of boundary displacement vs. time 
are reproduced in Fig. 5(a) and (b). The time of 
arrival of the elastic shear wave at the tilt boundary. 
t,, and the time of arrival of the reflected stress from the 
free end of the specimen, t,, are indicated in the figure. 

Motion of the boundary begins with the arrival of 


Fic. 4. Schematic drawing of photomultiplier tube ; 
system, the elastic shear wave, and a constant boundary 
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velocity or terminal velocity is attained after a short pinning and/or a decrease in the dislocation density of 
period of acceleration. This boundary velocity the crystal. The dislocation density of the crystal will 
decreases or falls to zero when the unloading reflection affect the stress level required to move the boundary 
from the free end of the specimen reaches the boundary — in two ways, namely, by affecting the density of forest 
(t= ¢,). Photomicrographs of the boundary before dislocations which must be cut by the boundary 
and after a series of dynamic tests are shown in Fig. 6. dislocations and by affecting the internal stress field in 


The experimental data of applied shock pressure vs. _ the crystal. Further static tests are in progress in order 


Fic. 6. Photomicrographs of the cleavage surfac« 
specimen No, | after dynamic load applications 


terminal boundary velocity is presented in Fig. 7. A to determine the relative importance of impurity 
shock pressure of approximately 250 |b/in? is required pinning, intersecting dislocations and internal stress 


to initiate boundary motion. Larger shock pressures on the mobility of tilt boundaries in zine crystals 


produce boundary velocities which increase linearly Values of applied shock pressure in the dynami 


with pressure. Aging for 24 hr or more between tests tests may be converted to values of shear stress on the 
does not have an appreciable effect on the shock tilt boundaries by multiplying the values of shock 
pressure required to produce a given boundary _ pressure by the ratio (pc),,/(pc),) 1.04. The quan- 

tity (pc),,, is equal to the acoustic impedance of an 
DISCUSSION elastic shear wave in zinc traveling in the a-direction 


velocity. 


The results of static tests show that zone refining and the quantity (pe),, is equal to the acoustic 
markedly increases boundary mobility. This may be impedance of a longitudinal wave in the aluminum 


interpreted as the result of a decrease in impurity rod. The applied shock pressure of approximately 


01. 9 
? 
4, 
o-2 jn. 
| “i 


ppliec SNOcCK pressure, 


A 
A 


sndary velocity, n. 


Applied shock pressure vs. boundary velocity, 


0.8” boundary in zone refined zine. 

250 |b/in*®, required to initiate boundary motion, corre- 
sponds to an elastic shear stress of approximately 260 
Ib/in?. Thus, the dynamic elastic limit shear stress 
of the boundary at zero boundary velocity is approxi- 
mately 260 |b/in?. The maximum boundary velocity 
observed is approximately 2 10-8 times the elastic 
shear wave velocity. It is postulated that the higher 
sufficient 
the 


dynamic stresses are required because 


thermal activation is not available to allow 
boundary dislocations to move at the stress levels 
which produce motion in the static tests. The dy- 
relationship is 


namic stress vs. boundary velocity 


essentially independent of previous boundary dis- 


placement as indicated in Fig. 7. Tests conducted at 
very low temperature would contribute to an under- 
standing of the importance of thermal activation on 
the stress required to displace tilt boundaries. 

The linear relationship observed between shear 
stress on the boundary and boundary velocity indi- 
cates a viscous type of drag on the moving dislocations. 
The drag stress on the boundary dislocations which 
are moving at their terminal velocity is approximately 
equal to the applied shear stress. The effective visco- 
sity coefficient is the slope of the stress vs. terminal 
10-8 dyn 


boundary velocity relation. This is 6.7 


em-* sec. A viscous drag force on relatively low 
velocity dislocations has been indicated by internal 
Lucke® 

10-4 


friction measurements.'**) Granato and 


estimate that the Viscosity coefficient is |] 
This value is considerably 


dyn cm? see in zine. 
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smaller than that deduced from the present experi- 


ments. The difference may be attributed to the dissi- 


pation effects associated with large displacements of 


dislocations wherein energy may be dissipated by 
interaction with other dislocations. Such dissipation 
effects are nearly absent in the internal friction tests 


which are conducted at very low strain amplitude. 


SUMMARY 
the 


Zone 


this 


markedly 


made in static tests of 
that 


mobility. 


Observations 
refining 
The 


mobility with greater purity is believed to result from 


investigation show 


increase tilt boundary increase in 
a decrease in pinning of boundary dislocations by 
impurities and possibly a decrease in the density of 
dislocations. The following observations were made 
in the dynamic tests of zone refined zine. 

(1) The stress level required to initiate boundary 
motion in a dynamic test is about two orders of 
magnitude greater than the stress level required 
in the static test. 

(2) The boundary velocity increases linearly with 
applied shear stress. 

(3) Ageing at room temperature for 24 hr between 
tests the 


required to produce a given boundary velocity. 


does not appreciably alter stress 

(4) The stress required to move the boundary at a 
given velocity does not increase with boundary 
displacement. 

Further experiments on zone refined crystals 

containing boundaries of various angles and different 

dislocation densities will contribute to an understand- 


ing of the nature of the viscous drag force. 
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THE GENERALIZED THEORY OF THE MARTENSITIC CUBIC TO 
ORTHORHOMBIC PHASE TRANSFORMATION * 
M. S. WECHSLER# and H. M. OTTE? 


The crystallographic theory of the martensitic cubic-orthorhombic phase transformation is described 


in terms of a generalized lattice invariant shear. 


For certain of the more symmetrical choices of the 


lattice invariant shear, solutions for the undistorted plane are given as explicit functions of the latticé 


parameters of the two phases and a possible isotropic dilatation. The conditions for the existence of : 


solution and the criteria for the degeneracy of solutions are also discussed 


LA THEORIE GENERALISEE DE LA 


TRANSFORMATION MARTENSITIQUE 


PHASE CUBIQUE—PHASE ORTHORHOMBIQUE 


La théorie cristallographique de la transformation martensitique phase cubique est basée sur le cisail 


lement d’un réseau généralisé invariable. Pour certains des choix les plus symétriques de cisaillement 


du réseau invariable, des solutions qui conduisent a un plan sans distortion sont des fonctions explicites 


des paramétres de réseau des deux phases et dune dilatation isotropique permise. Les conditions d’exis 


tence d’une solution et les critéres de dégénérescence 


DIE VERALLGEMEINERTE THEORIE DER 


des solutions sont également discutées 


MARTENSITISCHEN UMWANDLUNG EINER 


KUBISCHEN PHASE IN EINE ORTHORHOMBISCHE 


Die kristallographische Theorie der martensitischen Umwandlung einer kubischen Phase in eine 


orthorhombische wird mit Hilfe einer verallgem« 


Losungen fiir die nichtdistordierte Ebene werden fii 


‘unerten gitterinvarianten Scherung beschrieben 


gewisse héhersymmetrische Ansatze der gitterin 


varianten Scherung mitgeteilt als Funktion der Gitterparameter beider Phasen und einer mdéglichen 


isotropen Dilatation. Die Bedingungen fiir die Existenz einer Lésung und die Kriterien fiir die Entartung 


der Lésungen werden diskutiert. 


1. INTRODUCTION 

In the theory of martensitic transformations 
previously described,">*) the total transformation 
distortion is factorized into a pure distortion T, which 
produces the essential change in crystal structure, and 
a lattice invariant or inhomogeneous shear G. The 
magnitude of this shear is determined by the condi- 
tion that a plane of zero distortion exists and this 
plane is identified as the interface plane (habit plane) 
separating the two phases. In this manner the crys- 
tallographic features of the transformation, viz. the 
habit plane, the orientation relationship between 
crystal axes, and the macroscopic change in shape, are 
determined as a function of the lattice parameters of 
the two phases. In the theory of Bowles and Macken- 
zie?-®) a different factorization of the total distortion 
and mathematical formulation are used, but the two 
theories have been shown™ to be essentially equiva- 
lent. 

An important aspect of these analyses is that they 
depend upon the specification of the elements of the 
lattice invariant shear. In certain cases this choice is 
facilitated by a microstructural examination of the 
transformation product. For example, in the case of 


the cubic to orthorhombic transformation in Au—Cd, 


* Received February 17, 1960. 
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the product is observed™ to consist of an array of 


plane in the orthorhombi 


twin bands on the 
phase and the correspondence between the two 
structures shows that this plane is derived from a {110! 
plane in the cubic structure. Furthermore, the twin 
ning direction depends upon the lattice parameters and 
is therefore irrational It is found that the cry stallo 
graphic features of the transformation derived from 
the theory on the basis of these elements for the lattice 
invariant shear are in agreement with the experimen 
tal observations. However, in other cases the ele 
ments of the lattice invariant shear are not clearly 
indicated by the microstructure of the product and 
the justification of a given choice lies only in the 
comparison of the theoretical results with experimental 
observation This is the case for the austenite 
martensite (f.c.c. to b.c.t.) transformation in steels 
and the b.c.c. to h.c.p. transformation in titanium 
and its alloys, which may be analysed in terms of a 
transformation from a cubic to an orthorhombi 
structure.’ A further complication arises in the 
cases of the Fe—C, and alloys 
in that more than one type of martensitic product are 


observed, each with its own characteristic habit plane 


Two approaches have been taken in the atte mpt t 
rationalize these observations in terms of the theories 
Bowles and Mackenzie include an isotropic dila 
tation in the total transformation distortion so that 


the habit plane is not quite distortionless. For the 


. 


LIS TA METALLURGICA, 


transformations in the Fe—C alloys, it is shown”) that 
the appearance of martensites with {259! and {225} 
habit 


amount of dilatation as an adjustable parameter. The 


planes may be explained by treating the 
assumption was maintained that the elements of the 
lattice invariant shear are characteristic of twinning in 
the product structure. On this basis the plane in the 
cubic structure from which the twinning plane is 
derived must possess mirror symmetry. However, the 
fact that the lattice invariant shear may be achieved 
by slip as well as by twinning” may be used as the 
basis for another explanation for the multiple marten- 
sites. It may be that each martensite corresponds to a 
different choice of elements for the lattice invariant 
shear. Since the shear may occur through a slip 
mechanism, the shear plane in the cubic structure 
need not be a plane of mirror symmetry. Accordingly, 


) and 


the consequences of choosing the {111} plane“? 
certain specific other planes“*® in the cubic structure 
as the shear plane have been examined for the 
It should be 


tioned that both factors, the amount of dilatation and 


transformations in iron alloys. men- 
the choice of elements of the lattice invariant shear, 
may play a part in the establishment of the multiple 
martensites. 

Because of the importance of the lattice invariant 
shear, it is useful to formulate the theory in terms of 
generalized elements for this shear. This has been 
done for the cubic to tetragonal transformation.“ In 
the present paper a similar analysis is given for the 
cubic to orthorhombic transformation. The analysis 
specifies the conditions that must be satisfied in order 
that the normal to the undistorted plane be expressed 
conveniently as an explicit function of the lattice 
parameters of the two phases. These expressions for 
the undistorted plane are given for certain choices of 
the elements of the lattice invariant shear. In addition, 
the conditions for the existence of a solution and the 


criteria for the degeneracy of solutions are discussed. 


2. THE METHOD OF ANALYSIS AND THE 
PRINCIPAL VALUES AND VECTORS 

The method of analysis follows closely on that used 
in the previous paper) (henceforth designated as I) 
The total trans- 
formation E ®TG PF. 
where G is the lattice invariant shear, T is the pure 
lattice distortion and ® is a rotation.t 


the analysis for the cubic to tetragonal transformation, 


and is described only briefly here. 


distortion is given by 


In contrast to 


\s in paper I, matrices and vectors are indicated by 
bold-face type. The reference system with respect to which 


the components of a matrix or vector are expressed 1s 
indicated by the letter in square brackets following the matrix 


or vector symbol, 


VOL. 9, 1961 

it is necessary to distinguish between the axis system 
in which T is diagonal (system | 7'|) and the cubic axis 
system (system |4]). Thus, Tj 
where the &’s are functions, given below, of the lattice 
A third 


axis system is the shear system [g| based on the shear 


(diag: &;,, &, &3) 
parameters and the dilatation parameter. 


direction i,, the shear plane normal j,, and the mutu- 


ally perpendicular direction k,. The components of 


these unit vectors are denoted by§ i | Ue, 


[@,. ®, and k,[7'] Thus, 


the transformation matrix that relates the | 7'| and |g} 


systems is given by 


In the [y| svstem, G is given by the simple form (3) in 
paper [1.0 where g denotes the amount of lattice 
invariant shear. 

The essential features of the transformation distor- 
tion are characterized by the principal values and 
F*F formed 
TG. P corre- 


sponds to the “reciprocal shape ellipsoid” of Chris- 


vectors of the symmetric matrix P 
from the non-symmetric matrix F 


tian. The elements of Pig] analogous to equations 


(8) in paper I are|| 


+ 
where 7, invariants of P are 
‘ 2 2976, 1) (3) 
ps 
The characteristic equation is 
f(2) det(P 


+ 


271) 


ds 0). (6) 


' In order to take cognizance of the possibility of a small 
isotropic dilatation 4, the symbol £ is used for the elements of 
17 In the analyses given 


previously 


instead of where On 
114 the dilatation may 
sideration by replacing the by 

§ The bars above the direction cosines signify components 


axes. Similar quantities without the bars 


also be taken into con 


with respect to | 7’ 
refer to { 2: 
|| All summations and products are taken from ¢ Ll to 
3. 


“ In summations such as that given for ¢,, the subscript 4 


axes, e.g. i, | A U1, Ue, Ue 


is equivalent to 1, and similarly for 5 and 2, and for 6 and 3. 


/ 
Bs Ws / 
Pig his Plq 
Pigla = Plghe Plgle = 
Pighs = 20,7 
Pig LE ,0;, PLY 
P(g 
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For a plane of zero distortiont one of the principal 
values must be unity, say A,* = |, and the other two 
2's are then given by 


(1 \A,* ps ¢ 


The critical amount of shear g determined from [(1) 
0 is given by 
(S) 
where 
(9) 
(10) 
(11) 
It is seen from equations (2) that the dimensionality 
Pig 0 
is equal to unity. When this condi- 


of Pig] is reduced, viz. P{g Jog when one 
of the @’s say @,, 
tion pertains, the plane containing the shear direction 
and the shear plane normal lies perpendicular to one of 
the principal vectors and considerable simplification 
results. It is convenient to divide the solutions accord 
ing to whether or not one of the @#s is equal to 
the equation (P 


yields the following expressions for the prin- 


unity. The solution of 


cipal vectors, r). 


(a) None of the #’s equal to unity 


rs 


| 


where N“ is a normalization factor. 


(b) lia ()): 


The principal values are found from equation (7) to 
the 


be A," E> and principal 


vectors take the simple form 
/d,R 


rig] 


+t Since the »,’s in T are replaced by & On,, th 


undergoes a slight isotropic dilatation when 0 differs s 


trom unity. 


ORTHORHOMBI( 


TRANSFORMATION 


where 


The solution of equation (8) gives 

1D) 
| 


equation shows that g does not depend upon & 


This 


when 


where YOR and 


3. THE UNDISTORTED PLANES 


The principal vectors of P constitute a fourth axis 


In this svstem the 


svstem denoted hy ai normal to 


the undistorted planet is given by equation (25) in 


paper 


whe re 


A 


In the cubic system this normal is given by 

where, for example, T.{ g/d 
matrix relating the |g} and |d 
ot cs. q d 
r|q| given in equations (12 
7/9 
otn 


between the | A 


denotes the transformation 
The 


are the com pone nts of the pring ipal vectors 


systems columns 


ind (13 Furthermor 
| Thus, the 
Allis comple ted by a consideration of the relation 
and | 7’ It is follow 
to consider two groups of solutions 


the 


is given in equation derivation 


systems useful 
ing Christian” 
Kor orthorhombic axes are 
directly from the cubic axes. Therefore, th | 
1) and 


cell is 


Group I derived 
und 
7’| axes are identical (Fig is the unit 
Thus, if the 
the corresponding orthorhombic unit 


face 


matrix cubie unit hody-centered 


cell is body 


centered also, and similarly for centered unit 


cells. 


are derived 


For Group IL solutions the orthorhombic axes 


from axes that are related to the cubis 


axes by a 45° rotation about one of the cul eda 


(M)] 


directions (Fig. 2). This axis is chosen here to be 


and, therefore, for Group II transformations 


| 119 
Q = — — (é,2 — — 
= 2,3 (7 
4 ) 14 
n 6 
961 1+kK 
OA 
— 
i— A, 
gues, 
gh 
12 
| | 
~ | — 
N' 
A? — = 2,3 
Q 
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Group I correspondence, f.c.c. > f.c.o. and 


> b.c.o. The atom positions are not shown. 


Fic. 2. 

and (b) b.e.e. The atom positions before and 

after the pure distortion T are shown by 
closed circles, respe ctively. 


Group LI correspondences. (a) f.c.c > b.c.o. 
> 


open and 


This lattice correspondence applies to cases where one 
of the unit cells is body -centered and the other is face- 


centered, as is illustrated by the cubic to orthorhombic 


.GICA, 
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transformation in Au-Cd. The matrix, T,[A/7'] is 
relate the of the shear 


elements in the [7'| system (a's, and #’s) to the 


used to direction cosines 
corresponding quantities in the [A] system (w’s, v’s, 
and w’s). 


The of the 


Group I transformations are given by §&, = dn 


elements pure lattice distortion for 


Ob/d, = Oc/adg and & dy, = da/a, where 


a, is the cubic lattice parameter, a,b,c are the ortho- 


rhombic lattice parameters, and 06 is the isotropic 


dilatation. For the Group II transformations the 


elements of Tare &, On, = ON» 


\/20c/a), and &, Ons dala, for f.c.c. 


(Fig. 2a) and &, = dn, = 0b/y/2ap, 


On \/ 2a and Ons 0a/A, for 


2b). When none of the @’s is unity, the expres- 


(Fig. 


sions for n| A | become quite cumbersome. But when 


Ww, O. v,, 0, the com- 


ponents of n| A} may be expressed as explicit functions 


of the lattice parameters. These are given in Tables | 
and 2. For the Group I solutions (solutions A, Table 
1), the shear elements are listed for r 3, but the 
solutions are the same for r l andr 2. However. 
for the Group II solutions, a distinction must be made 
according to whether k, is along the axis of rotation 
that relates the [A] and |7'| systems (r = 3, 
B, Table 1) or not (r 2, solutions C and D, 


Table 1). There is no difference in principle between 


solutions 
landr 


solutions for r l and r 2. but these are listed 


separately in Table | for ease of reference. It is seen 


that the solutions for r = 3 are simpler in form than 
those for r lorr 

The fundamental condition for the existence of 
solutions is that one of the principal values of P be 
unity (which is implicit in the theory) and that, of the 
other two principal values, one must be greater than 
unity and the other less than unity.“>) When #@, l, 


the later condition may be put in the form 


from which it follows that one of the factors (&,? l), 


other two. It appears that, when (é&," 


differ in sign from the 
1) bears the 


and (&,? 1) must 


unique sign, the condition (19) is both necessary and 


sufficient for the existence of a solution. However. 


when (& 1) has the unique sign, another condition 


must be met. viz. 
(20) 


9 


and when (&, |) has the unique sign, the inequality 


signs in condition (20) are reversed. 


— 
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TABLE 2. Expressions for Q; and R 


In the special case of the cubic—tetragonal trans- 
formations, the unique component of the pure distor- 
tion must, of course, correspond to the tetragonal axis. 
for the f.c.c. b.c.t. 


treated previously () the axis of the 45 


Furthermore, to transformation 

rotation rela- 
ting the| A |and | 7'| svstems coincides with the tetrago- 
the shear 


and k 


coincide with a 


If this axis is chosen as [OOL], 
Oll],. j 
Thus, k 


nal axis. 
elements are 1 


1100 does not 


principal axis of the pure distortion and the condition 
| 


given above for the simplification of the 
Nevertheless, 
does simplify for this cubic—tetragonal transformation. 


When &, 


analysis is not satisfied. the analysis 


&,, one finds from expression ( 


Pig 13 

and, thus, ifk, is perpendicular to the common | 7'| and 
A | axis 0), the dimensionality of P{q| is reduced 
in the same manner as for the cubic to orthorhombic 
transformation with 1. Asa result, the solution 
given in equations (33)—(35) of Ref. (1) is equivalent to 
solutions A-2 and A-4 of Table 1. with & equal to the 
distortion along the tetragonal axis and &, E. equal 
to the distortion in the plane perpendicular to the 
tetragonal axis. However, no reduction of the matrix 
takes place for the cubic to orthorhombic trans- 
formation when w, | and the expressions hecome 
exceedingly cumbersome for the components of the 
n| A| appropriate to (OLL), [OLL|, shear for the cubic 


Fig. 2. 


Christian” 


orthorhombic correspondences shown in 


Therefore, the expressions given by 


(equations 3 and 4, p. 396) do not apply strictly to 
the generalization to the cubic—orthorhombic trans- 
of the f.c.c.—b.c.t. 


earlier.“) However, an examination of Table | shows 


formation transformation given 
that Christian's equation (3) corresponds to solutions 
A-2 or 
trated in Fig. 1. 
sponds to solutions B-1 or B-3 of Table 1. 


A-4, which apply to the transformations illus- 
Also, Christian’s equation (4) corre- 
to which 
Fig. 2 applies with k, along the rotation axis relating 
the and | 7'| systems. 


4. THE DEGENERACY OF SOLUTIONS 


In general, for each choice of the lattice invariant 

shear there are four solutions for nj A | 

to 0, and 

graphically equivalent solutions result for 4, I 


In 


this section consideration is given to the criteria for 


corresponding 
In certain cases cry stallo- 
(A-degeneracy) or for 6, | (g-degeneracy). 
such degeneracy. 

argument 


an 
(14) 


analogous to the one used _ pre- 
I. it that K- 


degeneracy results when k, coincides with one of the 


By 


viously in paper may be shown 


1) and is an axis of two-fold 
These 


conditions apply to each of the cases listed in Table 1 


principal axes of T(# 
or four-fold svmmetry in the cubic system. 
and, therefore, all of the solutions given there are 
K-degenerate. 

The conditions for g-degeneracy are (i) g, and g, from 
equation (8) must give rise to the same principal values 
of P and (ii) the principal vectors in equations (12) 
for g, and g, must be crystallographically equivalent 
in the cubie system. The two values of g give rise to 
the same principal values only if 
21) 
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The substitution of g, and g, from equation (8) into 


dy, equation (3), gives 


— 


The condition Bb? 1AC 0). corresponds to an 


accidental degeneracy and will not be further con- 


sidered here. The condition 


is satisfied for general values of the &’s wheni, or k_ is 


along one of the | T’| axes and, similarly, the condition 


£2 


(D4) 
is satisfied when j, or kK, is along one of the |7'| axes. 
Thus, when the shear elements are not functions of the 


E’s. the right-hand side of equation (22) is zero for 


general values of the &’s only if @,, @,, or #, is unity. 


When @, or @, 


q Yo- From equations (12) it follows that when 


is unity, B in expression (8) is zero and 


( 


(94) 


= (Ga) 


(94) ( (Js) 


and the principal vectors for g, and g, are related by a 
rotation of 180 


inversion through the origin. Therefore, when 7, a 


about the shear direction i,, plus an 
degeneracy occurs if 1, is a two-fold or four-fold axis 
of symmetry in the cubic structure. In a similar way 
|, g-degeneracy occurs ifj, isa 


When 


a, 1, the principal vectors are given by equation 


we find that when #, 
two-fold or four-fold axis in the cubie structure. 
(13) and, therefore, the directions (without regard to 
sense) of the principal vectors for g, (0 |) 


and 


Jo 1) are related by a rotation about 


7 
Thus, when @, 1, g-degeneracy 


either i, or j, 
occurs if either i, orj, is a two-fold or four-fold axis of 


symmetry in the cubic system. Of the special cases 
Table 1, 
is a direction of two-fold or four-fold sym- 
C-3, D-2, and D-3 


and these are the only solutions in Table | that are 


listed in the only ones for which neither 
i, nor j, 


metry in the cubic system are 


not g-degenerate. 
When the lattice invariant shear corresponds to 
the the 


direction must be a function ot the &’s and, therefore, 


twinning in orthorhombic structure. shear 


be irrational. In this case the relations (23) and (24) 


ORTHORHOMBI( 


TRANSFORMATION 123 


impose the following conditions on the shear elements 


26) 


respectively It has been pointed out that, when 
the twinning hypothesis is used, the two undistorted 
planes for g, and g, are crystallographically equiva 
lent This is exemplified by the analysis of the 
transformation in Au-Cd. 


the 


cubic—orthorhombi« 
Here the 


cubic system are given by © 


shear elements (not normalized) in 


which become with the use of equation (18 


\ 


Since the condition (24) may be put in the form 


it is seen that expression (21) is satisfied for th 


Au-Cd and the principal values are the same 


and 
5. SUMMARY 


The theory ot the cubic to orthorhombic phase 


transformation is described in terms of generalized 


elements for the lattice invariant shear The com 


plexity of the analysis de pends chiefly upon k the 
direction mutually perpendicular to the shear direc 
The that 


describes the reciprocal shape ellipsoid P 


tion and the shear plane normal matrix 


equation 


\ 
» 2 23 =o 
— — 440)'” 
{= =k =2 
|_| 
761 
| 
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shows that, when k, coincides with one of the 
lattice distortion T (i.e. 


1), this direction also coincides with one of the 


the pure when 
principal axes of P. As a result, considerable simpli- 


fication occurs and the normal to the undistorted 
planes may be expressed as explicit functions of the 
lattice parameters and the isotropic dilatation (Tables 
|! and 2). Furthermore, if kK, is a two-fold or four-fold 
axis of symmetry in the cubic structure, the solutions 
for the undistorted plane are A-degenerate. However, 
the g-degeneracy depends upon the symmetry of the 
shear direction or the shear plane normal and several 
of the 
degenerate. The existence of solutions is also discussed 
The lattice 


such that (&2 1) and 


considered were found not to be gq- 


Cases 


for the case when @, ;. three pure 


distortions &, must be 


(é.*& 2 1) do not have the same sign. However. this 


condition is not always sufficient for the existence of a 
solution. For these cases a second existence condition 


is given. 
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THE POSITION OF GRAY TIN IN THE TIN-MERCURY SYSTEM* 


The determination of the solubility of gray tin and white 


is described. 


VAN LENT? 


tin in mercul 


From these measurements, the phase-fields of gray tin could be 


the tin—-mercury system, Gray tin can be in equilibrium with a solution of tin i 


ture range between 7.5 1.0°C and 35.2 0.2 


of white tin amalgams. 


TAIN 
ETAIN 


LA LOCALISATION DE 


L’auteur décrit la détermination de la solubilité 


températures inférieures a O°C, 


gris dans le diagramme d'etat étain-mercure. L 


dans du mercure pour des températures comprises entre 7.0 


propose une mecanisme 


DIE LAGE VON GRAUEM ZINN 


GRIS 
MERCI 
de létain gris et de 
Ses mesures permettent de ce 


etain gris pe ut ¢ 


C. A mechanism is propose¢ 


DANS DIAGRAMME D'I 


blane dans k 


domaines ce 


létain 
terminer les 


tre en équilibre aver 


transformation des amalgames d é¢tain blane 


IM SYSTEM ZINN-QUECKSILBI 


Die Bestimmung der Léslichkeit von grauem und weiBem Zinn in Quecksilber bei 


O°C wird beschrieben. Nach diesen Messungen 


Kenntnis des Systems Zinn—Quecksilber hinzugefiigt werden 


Zinn in Quecksilber im Temperaturbereich zwischen 


stehen. 


INTRODUCTION 
New interest has arisen in the tin—mercury system, 
after Ewald and Tufte” succeeded in growing gray tin 
single crystals from a solution of tin in mercury 
Gray («) tin is not included in the phase diagram 
given by Hansen™), a summary of all known investi- 
gations the field of the tin 
Van Heteren®), when measuring the solubility 


mercury Sy stem. 


of 


ho 


in 
white and gray tin in mercury at O°C found 
difference between both modifications in this respect 
and was not able to indicate the position of gray tin 
in the diagram. 

According to Cohen and van Lieshout™), tin 
is stable 


Hansen (Fig. 1) three intermediate phases occur, of 


gray 


below In the phase diagram of 


which two can exist at temperatures where gray tin 
is stable. According to the investigations of Groen‘®? 


with microscope and X-ray techniques, not more 


than 0.1 at.°,, mercury can dissolve in white (/) tin 
at room temperature. At higher mercury concentra- 
tions an intermediate phase is formed. This phase is 


called the y-phase generally indicated by the formula 
from 


HgSn,., although its tin content may vary 


This 


into contact 


when 
at 


about S8S8—94 at.°,. phase is formed 


with 


white tin is brought mercury 


temperatures above the melting point of mercury 


* Received February 13, 1960. 
Physical Laboratory of the 
Council of the Netherlands (R.V.O. 
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konnten 


Fiir die Transformation von Amalgamen des weiBen Zinns wird ein Mec! 


Phasenfelder des 
Graues Zinn kann n 


und 30,2 


FIG -mereul phase 


Hansen 


Below 34.6°C a second intermediate phase Is 


concluded from the measurements 
The 


phase 


stable, as can he 

ot Heteren” 
structure of 
reports—treferring unpublished 
therch—the HgSn, 


others considered the formula HgSn or Hg,.Sn more 


van composition and crystal 
Gavler'® 


of 


this are unknown 


to results Pry 


formula for this phase hut 


also 
the 


Bornemann Gayle 


ot 


whit h would bye 


(Guertler(™ and 


the 


likely 


still another 


occurrence phase 


suggests 
so called 0 phase stable below 
in order to be able to explain thermal effects found 
at No other has 
these effects Moreover found 
crystallizes from a solution of tin in mercury at room 


that the of this 


confirmed 


HgSn,>o 


investigator evel 


we that 


temperature, we think existence 


phase is very unlikely 


125 


added to our knowledge of 
Cs 
| 
1. 9 rauen Zinns unseret 
61 it einer Lésung von 
rding 


Fic, 2. Mereury rich part of the tin-mercury phase 


diagi i 


\t low temperatures the tin—mercury system was 


investigated Iy van Heteren™). His results are given 


and 
The 


and O°C have been 


in Fig. 2 together with points found by Joyner 
Gouy"® in the vicinity of room temperature 
points of the liquidus at 
found by saturating mercury with white tin during 


hn The 


found in that way were 0.36 and 0.59 at.°,, 


ind analysing the solution. solubilities 
respec- 
tively. In another experiment mercury was saturated 
with white tin and with gray tin at 0O°C during 5 hr. 
The that 0.62 


0.60 at.%, 


solubilities found in way were and 


The other 


respectively points in Fig. 2 


have been found by van Heteren from the changes 
in the slopes of cooling and heating curves of amal- 
gams with a well known composition 

From the measurements of van Heteren it appears 
that above 34.6°C HgSn,. can be in equilibrium 
with a solution of tin in mercury. Below this tempera- 
ture and above the melting point of mercury (—38.9°C) 
the saturated solution is in equilibrium with HgSn,( c). 
According to Ewald and Tufte”, HgSn,, crystallizes 
a supersaturated solution of tin in mercury 


30°C, in 


from 


above about agreement with the known 
However, after | week at tempera- 
30°C, HgSn,, has 


the 


phase diagram. 
tures in the range from —10° to 
vanished and gray tin has crystallized from 
solution 

From these observations we can conclude that in 
this temperature range gray tin can be in equilibrium 
with a solution of tin in mercury, but the nucleation 
of gray tin is retarded to such extent, that HgSn,, 
crystallizes as a metastable phase. Thus the points 
measured by van Heteren in this temperature range 
represent metastable equilibria. 

In the course of investigations on the semiconduc- 
tive properties of gray tin, we have determined the 
stable and metastable liquidus of the tin—mercury 
system in the temperature range from 0° to —32.2°C, 
by measuring the solubility of gray and white tin in 


mercury 


We were able to indicate the position of 
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gray tin in the phase diagram from these measure- 


ments. 
EXPERIMENTAL PROCEDURE AND RESULTS 


For the 


small glass tubes were used. each closed at one end 


the determinations of solubilities two 
with a rubber tube and a pinch-cock, and at the 
other end with a rubber stop. They were filled with 
about 50g mercury, purified by air oxidation and 
One tube was cooled to 10°C 


This tube 


vacuum distillation. 
and then 0.5 g gray tin powder was added 
was stored during 12 hr at 20°C. To the mereury 
in the other tube about 0.5 g white tin powder was 
added at room-temperature (about 20°C). It was kept 
at this temperature, to exclude the presence of gray tin 
may be present in the atmosphere) 


nuclei, (which 


which react readily at 20°C with mercury, under 


formation of HgSn,,. The tubes with tin and mercury 
were suspended in a dewar-tube, filled with solid and 


liquid of various salt-water eutectic mixtures (pre- 


pared beforehand) and agitated intensely for 8 hr. 


After this the tubes were removed from the dewar, 
and by means of the pinch-cock about 40g of the 


solution was drained and collected. The tin content 


of the solution was determined by gravimetric analysis 
(as SnQ,) 

The results are given in the following table and 
have been plotted in Fig. 2? Here the two curves 


represent the liquidus curves of gray tin and of 


TABLE | 


Solubility gray tin olubility white tin 
Eutectic (at ) 


mixture 


0.242 "4 

21.2 0.544 0.37 

10.2 0.470 0.494 

6.55 0.564 0.561 
0.656 


O.00 


0.490 


0.559 


0.492 
0.560 
0.656 


0.662 0.656 


POSITION OF GRAY TIN IN THE 


TIN—-MERCURY SYSTEM 


THE 


As expected, in the temperature range between 
10° and —32.2°C the solubility of gray tin in 
mercury is smaller than that of HgSn,,. At —6.5°C 
the solubility of HgSn,, is the smaller one. From 
Fig. 2 it appears that the solubility of both phases is 
7.5°C. So this represents the tempera- 
ture of the three-phases equilibrium L—aSn HgSnyp. 
At 0°C we found the same solubility for gray tin and 
Heteren), 


the same at 


HgSn,. (in agreement with van since 


evidently gray tin at this temperature reacts with 
mercury to form HgSnyjp. 


conclude 


From the measurements at 0°C we may 


that the equilibrium conditions are reached in 8 hr. 
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VAN LENT: GRAY 
Resulting from a high or a low tin concentration, the 
Their 


gravimetric 


measured values agreed within 0.5 per cent. 


accuracy is fixed by the errors in the 


determinations. As the duplicates on the average 
differ less than | per cent from the measured values, 
we estimate the error in our measurements at 0.5 
The the the 


equilibrium temperature of L-xSn—HgSnj, is certainly 


per cent. error in determination of 


not more than +1.0°C, but likely less, as we found 
at 6.5°C a definite difference between the solubility 
of gray tin and HgSnyjp. 

This result agrees with the observations of Ewald 
and Tufte” that above 


lizes from the mercury solution, and that above 1°C 


10°C only HgSn,, crystal- 


mercury reacts rapidly with gray tin to form HgSnjo 
In a recent article, Smith"! describes the determina- 
tion of the same three-phases equilibrium temperature 
using a dilatometric method. He found 8.15 

0.1°C in excellent agreement with our measurements 
However, no other points of the phase diagram were 
given by him. The values of the solubility of white 
tin at 


with 


I8.8°C and O°C of van Heteren agree poorly 


our results. Probably equilibrium conditions 
were not reached in his measurements 

The temperature of the three-phases equilibrium 
L-aSn—|HgSn,(/)|?) is given by the intersection of the 
HgSn,(/). This 


Fig. 2. As 


the slope of the liquidus of gray tin is considerably 


liquidus curves of gray tin and 


359°C 


temperature is —35. 


as follows from 


steeper than that of HgSn,(/), the error in the deter- 
given by the 
We estimated 


mination of this temperature will be 
error in our solubility determination 
this error to be not more than 0.2°CU 
As mercury is almost insoluble in gray tin and only 
to a very slight extent in white tin, mercury will not 
have an appreciable influence on the transformation 


temperature of tin. Hence the temperature of the 


three-phases equilibrium will be 


13.2°C. The phase diagram, based on the temperatures 


of the three-phases equilibria, is drawn in Fig. 3 


The tin—mercury phase diagran extended to 


the phase fields of gray tin 


TIN 


IN THE Sn-Hg SYSTEM 
WHITE TIN 


MERCURY 


TRANSFORMATION OF 
FEW PER CENT 


THE 
CONTAINING A 


from white to gray tin is 


The 


accompanied by a 


transtormation 
about 
falls 


large volume 
the 


12,5 


eXpansion 


that the tin 


that 


20 pel cent). with result oTray 


Groen showed compact pieces 


into pleces 


oft gray tin can he obtained provided that the tin 


lead 


which has a retarding influence on the transformation 


contains a small amount of mercury Mercury 


suppresses the influence of other elements, e uy 


As can be seen from the phase diagram in the te mpera 


ture range from 7.0 to ”-C transtormation of 


few reur\ being 
os 
Ho} 


libe ration of 


white tin, containing a per cent me 


practically a mixture of and white tin will 


be accompanied by the free mereury 
\ccording to Fig | the 
white tin at the transformation front 


of metastable HgSn,,. But 


mereury reacts with the 


under formation 


when all white tin at the 


transformation front has reacted. mereury can be 


piled up to more or less extent 
form a complet hindrance 
an diffuse 


transtormed part as 


The mercury does not 


to the transformation, as tin ¢ through it 


from the untransformed to the 


solubility rence between the stable 


This 


the gray 


a result of the 
the 


mechanism easily 


and 


metastable 
fol 


suppressing of the influence of the retarding elements 


and phase 


accounts the coherence ol tin the 


for these are solved in the mercury and do not play any 


active part in the transformation. Investigations in 


progress on the transformation of white tin amalgams 


submit evidence that this mechanism actually occurs 


Details of this work will be published in due time 


Smith’ also mentions the liberation of mercury at 


the transformation front, but not the diffusion of tin 


merceury 


through free He explains the suppressing 


of the influence of the retarding elements by supposing 


the atoms will diffuse at the transformation 


that 


front to ks in th 


free mercury pres nt in cra 


tin No account IS vyiven for the cohe rence of the 


tin 
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DISLOCATION CONFIGURATIONS IN AuCu, AND AuCu TYPE SUPERLATTICES* 


M. J. MARCINKOWSKI?, N. 


Superlattice dislocations have been observed for the first time by transmission electron micre 


techniques carried out with thin films of AuCug. 


together by an antiphase domain boundary 


130 A. 


\ theoretical calculation has also been made of the expected spacing which 


fault energy, antiphase domain boundary 


energy 


BROWN: and R. M. FISHER? 


SCOP) 


These consist of two pairs of partial dislocations held 


The separation between the pairs 1s measured to be about 


involves the stacking 


and the elastic interaction energies between the 


individual dislocations that constitute the superlattice dislocation theoretical results are in good 


agreement with those observed experimentally. 


Further theoretical considerations of the 


AuCu 


configurations characterized by the direction of their Burgers vectors with respect to the 


type structure lead to o additional dislocation 


orde red lattice 


This difference in the dislocation configurations between Auf Uy and AuCu arises because the latter 


less symmetrical lattice. 


CONFIGURATION DE DISLOCATION 


AuCu, et 


Les auteurs observent pour la premiére 
pellicules minces de 


DANS 


AuCu, des super-dislocations 


DES SURSTRU( 


AuCu 


fois par des techniques de trans 
I 


Ces super-dislocations sont 


paires de dislocations partielles réunies par une frontiére de domaine antiphase 


paires mesure environ 130A. 


Les auteurs calculent également théoriquement la distance 


Dans ce calcul interviennent 


fautes d’empilement, l’énergie des frontiéres des domaines antiphase et les énergies dinteractio 


entre les dislocations individuelles qui constituent la super-dislocation 


Les résultat theoriques 


sont en bon accord avec les valeurs trouvées expérimentalement 


Des considérations théoriques supplémentaires sur la structure du typ 


configurations de dislocations additionnelles caractérisées par la direction de k vecté 


par rapport au réseau ordonné. Cette différence 


AuCu provient de ce que ce 


VERSETZUNGSANORDNUNGEN IN UBERSTRUKTUREN 


Zum ersten Mal wurden 
aus AuCu, Uberversetzungen beobachtet. 
durch eine Antiphasen-Bereichsgrenze 


Paaren wurde zu etwa 130 A gemessen. 


Eine theoretische Rechnung iiber den zu erwartenden 


Stapelfehlerenergie und die 


wirkungsenergien zwischen den einzelnen 


theoretischen Ergebniss¢ 


Weitere theoretische Betrachtungen der Struktur vom Typ AuCu fiihren zu zwei zusatzlir 


zungsanordnungen, die durch die 
charakterisiert sind. 


nit elektronenmikroskopischen Durchstrahlungsmet! 


Diese bestehen aus zwei Paaren von Halbvers« 


zusammengehalten wurden. Der Abstand zwisch« 


Antiphasen-Grenzflachenenergi 


Versetzungen, 


Richtung ihrer Burgersvektoren 


AuCu 


madutsent 


urs 


dans les configurations ce 


dernier a un réseau moins symeétrique 


VOM TYP AuCu UND AuCu 


oden in diinnen Filmen 
tzungen, di 


n den beiden 


welche di 
Wechsel 
bilden Dix 


Abstand wurde durchgefiihrt, in 


eingehen sowie die elastischen 


welche die Uberversetzung 


stimmen mit den experimentellen Beobachtungen gut iiberein 


beziiglich dem geor¢ 


Dieser Unterschied in den Versetzungsanordnungen zwischen Auf 


tritt auf, weil das letztere Gitter weniger symmetrisch ist 


INTRODUCTION 
This paper is concerned with the configuration of 
the f.c.c. 


The original analysis of this type was treated 


dislocations in 
AuCug. 
theoretically by Brown and Herman"? for the b.c.c. 


type of superlattice, e.g. 


superlattice, e.g. CuZn. The perfect dislocation in 
an ordered lattice is the so-called superlattice dis- 
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Metallurgical University of 
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dislocations 


Thus, the 


location which consists of two ordinary 
joined by an antiphase domain boundary 
superlattice dislocation is similar to an extended 
dislocation, which consists of two partial dislocations 
joined by a stacking fault. The superlattice disloca 
tion in a f.c.c. lattice is complicated by the fact that 
it consists of a pair of extended dislocations connected 
by an antiphase boundary, and thus, its equilibrium 
configuration depends on the elastic interaction among 
four partial dislocations, the energy of the stacking 
fault and the energy of the antiphase domain bound 
ary. In treating the general case, the orientation of 
the dislocation line with respect to its Burgers vector 


is another important variable 


is 
constitu le deux 
ol. 9 ia distance entre | 
961 
de calcul 
— 
hen Verset 
i, und AuCu 


130 ACTA MET 


of the 
AuCu 


former 


investigation 
AuCu, 


from 


theoretical 
the 


We first 


dislocation 


make a 
and 
the 


arrangements in 
The 


are compared with direct observations obtained from 


type alloys. results obtained 


thin films of AuCu, using the method of transmission 
The 
the 


electron microscopy. present investigation is 


basic not only for interpretation of plastic 


behavior in ordered structures. but also in calculating 


the dislocation contribution to residual resistivity. 


The variation of the antiphase boundary (A PB) energy 
with lei (N) 
The ¢ of the 


antiphase boundary (APB) energy with the degree 


leulation begins with the variation 


order, S. First, a few preliminary 
The 
lattice consists of four interpenetrating simple 
each of the 


purpose of accounting 


of long-range 
observations of the f.c.c. lattice are necessary 
f.c.¢ 
cubie 


corresponding to four 


For the 


sublattices 
atoms per unit cell. 
for changes in nearest neighbors, it is useful to consider 
the rhombus which connects four atomic sites from 
each of the sublattices and which lie in the same plane 
Fig. 1). Thus I,, I1,, Il, and IV, are lattice sites 
which will be taken on the stationary plane, and I), 


Il,, Ill, and IV,, are the lattice sites which are 


initially ocepuied by atoms in the movable plane above 


i prior to slip. Il, III, and are not only 
the sites occupied by atoms ina plane twice removed 
lattice, but I,,, II,, 


[II,, and IV,, also represent the alternate atomic sites 


from the A-plane in the f.c.e. 


for atoms when the 6-plane has created a stacking 
1 /6a(112 Thus, 


the immediate problem is to determine the amount 


fault by slipping by an amount 


of disorder associated with a stacking fault 
Referring to Fig. 1. we will consider a [O11] disloea- 
tion which consists of four partial dislocations in the 

1/6a[ 112], 121), 112} 
Only changes in produced 


by changes in nearest 


following order: 


and 1/6a/121). energy 


neighbors will be considered, 


When plane B is displaced bv 1/6a{112], the following 
the 


changes in nearest neighbors relative to basic 


rhombus take place: 


TABLE | 


Change in nearest neighbors 


I, “Fen 
— III,) 
I\ IV,) 


The above table means, for example, that an atom at 
a stationary |, site gains a nearest neighbor from a 
[,7site since I,,—> and loses a Il, neighbor since 
Table | can be 


‘ simplified by observing 
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(144) SLIP PLANE LIES IN PLANE OF DRAWING 
[110] 


Ic 


—"_UNIT RHOMBUS CONNECTING SITES OF TYPE Ia, Ia, IZ, AND 
IZ, THAT LIE IN THE PLANE OF THE DRAWING (PLANE A) 
Ig, Ig, Ig, Wg. Ic, Mc, We : ATOM SITES LYING IN PLANE B 
JUST ABOVE THE PLANE OF THE DRAWING 
BONDS CONNECTING NEAREST NEIGHBOR SITES ACROSS THE 
SLIP PLANE 
Fic. 1. 
respect to a unit rhombus due to slip displacements of 
the type 1/60 112 


Variation in bond types across slip plane, with 


that physically there are only two types of sites in the 
AuCu, type of superlattice, wrong sites and right sites. 
Three of the four sublattices are physically equivalent 
so that we can designate a I, site as a I site, and IIp, 
III, and IV, sites as a IL site. 
Table 1. 
nearest neighbors for a 1/6a{112| displacement is 
(I 1) (11 [1) 2/1 IT}. 


The following table gives the change 


Thus, substituting 


these designations in the net change in 


in bonding 


produced by each of the four partial dislocations: 


TABLE 2 
Displacement 


Net change 


n bonding 


bal 
bal 121 
bal 112 
bal 121 


As expected, the superlattice dislocation is a perfect 
dislocation which exactly reproduces the lattice and 
Fig 


schematic of the superlattice dislocation, 4/011]. The 


consequently produces no disorder 2 shows a 
disorder associated with the APB is uniform between 
partial dislocations numbers | and 4 because partials 
2 and 3 produce zero net change in bonding as shown 
in Table 2. 

It turns out that Table 2 is invariant with respect 
Oll 


to the choice of type of dislocation and the 


[ ios] 
4 
\ 
\ 
\ 
\ Ig 
c 
AU 
«——Ig / I, Ip 
wy “Dg Mg 
I¢ 
— 
3. 0 
0 
Site 
IT, 
— IV, 
IV, —Itl,) 
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NUMBER OF DISLOCATION Similar], 


AN pp S2 and AN ” 292 


The change In bond energy, pel unit rhombus Is 


= 


iii 
where, for example the bond energy for a 
(Au—Au) bond. In order to g Jyp. the energy per 


unit area of an APB, it is necessary to divide 


equation (5) by four times the area of the unit rhombus 


rx 


Y_ 


$< f —_— where a is the lattice parameter of the basic { 


Fic, 2. x[011] superlattice dislocation in AuCu lattice. Using the quasi-chemical approximation 


Yang™) which is in good agreement with that 


sequence of its partial dislocations. This invariance Peier! 
e1eris 


does not hold for the AuCu type of superlattice 
because it does not have the same degree of svmmetry 
as the AuCu, type. 

In order to calculate the energy of the APB, the 
change in the number of Cu-Cu, Au—Cu and Au—Au 
bonds need to be calculated. The degree of long-range The energy of an APB of a b.c.c. lattice produced by 
order, S, in the AuCu, superlattice is defined as follows a l/2a (111) displacement on a -110 plane has the 
same form” 

Average number of Au atoms on I sites 


| A 
when the quasi-chemical approximation of 
Average number of Au atoms on II sites used 


The equilibrium configuration of the dislocation in AuCu 


Referring to Fig. 2, the present objective is to 
and where ry 
is the width of the 1/2a/O11] dislocation and r the 


‘ calculate the equilibrium spacings 
Average 


width of the sup rlattice dislocation. The calculation 


a Is made for the general case where the disl cation 
me —_ makes an arbitrary angle, 4. with its Burgers vector 
» number of Cu atoms on I] sites 

r, and r are determined by the interaction energies 


hetween pairs of dislocations 


and by the 

stacking fault energy 

: The elastic interaction energy between parallel 

where the total number of atoms N. WhenS a | 
dislocations is given by 

all the A atoms are on I sites, and when S 0, all 

the atoms are randomly distributed between I and II 


sites. Thus, the total change in the number of Au- Au 


bonds pel unit rhombus for a 1/6a/112] displacement 


IS 
A 
AN where G is the shear modulus, is Poisson’s ratio, R 
- 1/16 N* 9/16 N* A is a constant on the order of the crystal dimensions 
5 and is the separation The following table of 
Substituting in terms of NS, 
interaction energies Is set up for the four partial 


dislocations with a separate column for the respective 


4 2 3 4 
Yyyr 
ROSSER 
4 -) i 5 
\| 
V 
of 
A \< 
A] 3(1 
N. 
LIT 16 
it} ror eave 
Gh R 
AN 
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edge and screw interactions and omitting the part of 


the interaction that does not depend on r or 7,. The 


number designating each partial is shown in Fig. 2 


Edge interaction Screw interaction 


Dislocation pair 2 
in units of in units of | 


sin 0 sin ( 
sin® 6 In 
sin 9 sin 
sin 9 sin (f 


sin- (0 


sin 


where @ is also defined. The total part of the energy 


which depends on r, and r is given by 


E otal 2! cos cos (6 
sin 4 sin (9 


cos? (f 


sin? sin? (4 


cos cos (0 a7 | >) 


sin sin (4 7/3) |[In In (7 2r,)] 
(9) 


It is to be noted that no interaction has been assumed 
between and Since no quantum mechanical 
calculations have been made for stacking fault energy 
or the ordering energy, the above assumption is the 
only logical one that can be made at this time. 


r, and r are obtained from the equations 


(11) 


The above equations cannot be solved exactly. 
However, a graphical solution was obtained for § = 0 
as shown in Fig. 3 for a wide range of Ey, and Ey ,. 
Noting that the ratio of 7,/r is small compared to 1, 
an analytical solution of equations (10) and (11) may 
be obtained which is exceedingly accurate for all 
values of 4 and for a wide range of likely values of 


the physical parameters. 


RELATIONSHIPS APPLY TO 
DISLOCATION WHERE 


x 108 (IN CM) 


(AuCu3-S=1) 
cm 


S=.8) 


20 40 60 80 100 120 


140 160 180 200 220 240 260 
r x 108 (IN CM) 


Fic. 3. Graphical analysis of the equilibrium arrange- 


ment of dislocations in an AuCu, type alloy over a wide 
range of Ep and Kop. 


Equation (9) may be written in the form 


E f,(9) In vr, + fo(9 


total 


)In 


f,(9) In7r + In(r 2r,)| 


(2E, + Eo,)27 1; 


Gh 


In 4- [fo(9) + 2fs(9)] 


(2E, Eor)27 1; Kor 


f,(9) In 


since 
r 


1 (Fig. 3), then In 


Lor 


In (7 


) 


and the last term in equation (12) may be neglected 


Thus, 7, and r may be obtained from 


OE f ) 
Or, 


fo(9) + 2f5(8)] 


2n(2E 


Gh 


/ / 1 


cas (9 


sin # sin (@ 


OR) 


90 
' 
! 
70 
60 
| 50 E 
1-2 cos 6 cos 7/3) In ry In vy 40 
cos" O1n r,) ) ° 
1-4 cos 6 cos (0 + 2/3) In In J 
2-3 cos 6 cos (6 + 7/3) In i 
2ry) nd j 
cos (6 In 7/3) In ry) 20 
cos cos (0 7/3) In ry sin (0 7/3) In ry 
10 
erg 
A-E, = 200 
= 3) -30} lc Ere =15 
-40 
‘| 
n|3)| se| 9 
1 Vol. 
- -60 or ( 1961 
» | -70 
| 
4 -80 
| 
l y 
G 
(12) 
r 97 
\/ / ra" 
0 (10) L a 
(). | 
Ah 
OE 2nE or 
o(r — 
(14) 
| 
2 | 17/3) 
27(2E , Kor) 
| 
77/3) (15) 
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cos (f 


(sin + sin + 7z/3)] 


Detailed numerical calculations of equation (15) and 
(16) show excellent agreement with the exact graphi- 


» 


cal solution represented by Fig. 3. Furthermore, as 


S decreases, 7 increases more rapidly than r,, SO that 


the degree of approximation increases. The accuracy 
of the approximate solutions means physically that 
the 


3(r — 2r,) is essentially independent of the fact that 


distance between partial dislocations 2 and 


the sa[O11] dislocations are extended. 


A few numerical results will be presented, in 


particular for the case of AuCu,, to show the size of 


the various quantities which have been calculated 


For this alloy For ~ 75 S*? while from the data of 


Késter™, G 1.7 104 dyn/em? and 
40 ergs/em* while 
first the 
with #. This is shown in Fig. 4 for several important 


that 


was assumed to be 


10-16 em?. Consider variation of r 


cases. It will be noted the separations are 


periodic with period 7, and that they possess maxima 


and minima at @ 30° and 60 respectively, 


x 108 (IN CM) 


r 


PURE EDGE DISLOCATION 
‘ 


PURE SCREW DI 


r, x 408 (IN CM) 


Variation of spacing between dislocations in 
AuCu, with orientation of Burgers vector. 


FISHER: 


DISLOCATIONS IN SUPERLATTICES 


corresponding to the pure edge and screw dislocations 


This results from the somewhat larger elastic inter 


action energy between edge compared to screw 


dislocations, which in turn enables r to vary between 


78 and 124 A when S 1. The variation in with 4 


is somewhat smaller although appreciablk Fig. 4 


] 


shows further that the effect of order is to decreas« 


l 
red 


How 


very 


by a factor of about } from its value in the 
alloy The \ iriation of 
because 


rapidly with decreasing S 


with S is not show) 
ever op Varies as S* Increases 


The AuCu Sup 
The calculation of 


introduces 


O] fol the 
features becaus« Aut 
In the 


and III, sites are physically e 


superlattice 
some ne\ 
svmmetrical than AuCu 
referred TO as | sites whe reas 

illed 1] sites 


structed t is tound 


also physically equivalent and are now « 
If a table similar to T 


that 


Thus, the superdi 


shown in Fig. 5 
A alOll 
Table 3 


following 


displ 


Howe Vel 


133 
Gh? | 
or 
6) 
3. 
120 | 
| 
| 
t vive t} same re is 
105] 
| displacement give the 
100 — 
| . 
Net 
O11 
85 
] NUMBER OF DISLOCATION 
35 ites 1 2 3 4 
| | 
AT 
30 Ss N 
| 
+ 
7 
S.F A.P.D PA. 
KX S. F. 
x 
-40 -30 20 10 16) 10 20 30 40 50 60 70 80 90 , 
r 
Fic. 4 
» dislocation in AuCu 
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NUMBER OF DISLOCATION 


A 
+ 
wls 


. 
RK 


AuCu. No coupling 


dislocations. 


6. Oll dislocation in 


between 


The configuration of the dislocation is shown in Fig. 6. 


The quasi-chemical approximation of Li for an AB 


f.c.c. lattice is 


Ven — 2V ap) 


The energy of the APB is 
3.16 kT, S 


Kor 
The calculation for the equilibrium configuration of 
the a{O11] displacement is trivial because there is no 
APB between dislocations 2 and 3. Thus, there are 
no superlattice dislocations of the type a|OL1] and the 
1/2a{O11] dislocations consist of partials connected by 
stacking fault and APB. The width of these 
the of the 


both a 


dislocations would be less than width 
extended dislocations in the disordered state. 

The calculation for the equilibrium configuration 
of the nonsymmetrical a{110] dislocation is much 
more difficult than for AuCu,. A graphical solution 
will require a three surface analysis. An analytical 


solution is not apparent because it requires the 
simultaneous solution of three equations, and one 
cannot be assured that a simplifying approximation 
will be discovered. The detailed calculation for the 
non-symmetrical case will be part of another paper, 
however it appears qualitatively that 7, will be much 


less than ry and r. 


Direct observation of dislocations in both disordered and 
orde red Aul Us 

Copper of 99.9 per cent purity and an equal weight 
of 99.98 per cent pure gold were melted under vacuum 
in a zirconia crucible. The resulting ingot was rolled 
into strips about 0.0015 in. thick and annealed for 
2hr at 900°C. 


this treatment was 0.1 mm and subsequent chemical 


The mean grain size resulting from 


analy sis showed no detectable loss of either copper 


or gold, i.e. the final specimen contained 24.8 at.°, 
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Fic. 7. Dislocation arrangements in disordered AuCug. 


A portion of the specimens was then rapidly 
390°C) to 


gold. 
cooled from 500°C 
The remaining specimens were 


insure a high 
degree of disorder. 
then slowly cooled from 400 down to 180°C at a rate 
of 2.8 hr. 
cooled alloys by X-rays showed S to be about 1, and 


Subsequent examination of the slowly 


since the antiphase domain size was about 500 A, 
nearly perfect long-range order exists. The specimens 
were then electropolished into thin sections with a 
chromic-acetic acid electrolyte using a_ procedure 
described by Fisher and Szirmae‘® which is a modi- 
fication of that first proposed by Bollmann‘”. These 
specimens were next examined by transmission elec- 
tron microscopy‘®) using a Siemens Model I Elmiskop 
operating with a double condenser at LOOkY. 

Figure 7 shows an array of dislocations typical of 
All of them 


they are 


those observed in the disordered alloys. 


appear as single dislocations, however, 
probably dissociated into partials separated by a 
This distance, however, even in the most 


30°, S 


distance 
favorable case (4 0, Fig. 4) is only about 
38 A, or just below the resolution obtained with the 
present techniques. It will be further noted that 
Fig. 7 represents a region within the specimen, that 
has apparently undergone a considerable amount of 
The irregular shapes of many 


those at 


plastic deformation. 
of the 
probably explained by elastic interactions between 


dislocations such as point A are 


dislocations on closely spaced slip planes. Jogs such 
as those at B are probably produced by combination 
with a dislocation in a different slip system as dis- 
Whelan. 


containing a large number of dislocations in a fully 


cussed by Fig. 8 shows a slip band 


ordered specimen. The normal to the surface is [134] 


134 
2 3 4 
| | hal 
4 ‘ f/ / j fy id 
— ney. 
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superlattice dislocations in fully 


ordered AuCu 


Pile up ot 


while the slip plane is (111). It can be seen that the 
dislocations are paired in agreement with the theory. 
r, is too small to be resolved, and as Fig. 4 shows, r, 
in the ordered alloy is expected to be nearly half that 
he The 
between the dislocation pairs is essentially a measure 


of r. 
Fig. 8. 


in disordered alloy. observed distance 
A number of important features are to be noted 
ii First, the dislocations are quite irregular 
in shape, while the spacing between them is not 
This the of 


to their motion by other dislocations on different slip 


uniform. may be result interference 


A few such dislocations which lie above the 


A in Fig. 8. 


planes. 
main plane of slip are indicated at point 
Most likely all the dislocations were produced after 
the ordering transformation, either by handling or 
of the of the 
irregularity in the spacing of the paired dislocations 
with in Another 


interesting feature of Fig. 8 is that the dislocations 


by heating electron beam. Some 


may be associated variations 
appear to be piled up against some barrier to the right. 
The stress field from the dislocations at the heat of 
the pile-up is sufficient to bring these dislocations to 

that their 
The 


that the antiphase boundaries between the dislocation 


such close proximity with one another 


identity as pairs is virtually eliminated reasons 


pairs do not show contrast is not vet completely 
that 


understood. However, it is not expected 


conditions for dislocation resolution will in general 


be the same as those for antiphase boundary resolution 

The next objective is to compare the measured 
values of r with the theoretical results. At this point, 
however, it must be remembered that Fig. 8 represents 


a projection of three-dimensional dislocation 
network onto a plane surface, and what appear to be 
perpendicular distances between dislocation pairs are 
not the true perpendicular distances. Because of the 


desirability of obtaining an accurate measurement of 


DISLOCATIONS IN SUPERLATTI( 


KS 


TRACE OF SLIP PLANE PPER SIDE 


with theory, the geometrical interpreta 


The 


r to compare 


tion becomes quite important three dimensional 


analysis of the dislocation pairs rise to what is 


observed in Fig. 8 is shown in Fig. 9. From the 


and lengths shown in this figure, 7 is found 


given by the following relationship 


tan tan 


“COS 


measured from the fig vhile 


Both a and 
can be found by a 

From Fig. 8, r is found to lie in most cases 
the of 135 A. In 


) shown ‘ig. 9 know 


an be ule 


selected area diffraction of this 


same area 


between values 90 and addition 


since both and are the 


film can be measured, and its 


A 


second array of coupled disloca 


thickness of the in 


present case Is found to be 
Figure 10 shows a 
tions in the ordered alloy lying in parallel slip planes 


In this case, the dislocations are much more uniform 


in appearance, indicating that they have moved with 


little or no interference from neighboring dislocations 


35 
PAIR IN P PLANE 
— 
ol. 9 
961 
4 
_ 
5 
. 
10. Super tt ! ! 1 
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Superlattice dislocations in fully ordered AuCu, 
that was subsequently cold worked. 


and therefore should be better for comparing the 


theoretical analysis. The value of 7, which is nearly 
constant between all of the dislocations, is found to 
be 130 A and is in good agreement with the caleulated 
results. Since # is not known, it is not possible to 
make a more critical comparison with theory, although 
the measured r values agree surprisingly well with the 
theoretical results shown in Fig. 4. 

In order to determine what effect cold work might 
have on the superlattice dislocations, one of the foils 
was heavily deformed by repeated bending. Fig. 11 
shows an array of dislocations observed in a specimen 
this that the 


large complex deformation has resulted in a more or 


treated in manner. It will be noted 


less random distribution of dislocations which are 
highly irregular due to interaction with one another. 
However, all of the dislocations remain paired with 
a surprisingly constant spacing. It is to be concluded 
from these results that even after large deformations, 
AuCu, 
interesting feature of Fig. 11 is the band 

from left to of the 


Possibly, the alternate light and dark contours arise 


dislocations in travel in pairs. A second 
running 
right, near the center figure. 
from an antiphase boundary contrast which should 


be similar to the contrast observed for stacking 
faults." The contrast appears most pronounced in 
the vicinity of the dark extinction contours. 

interesting 


A seg- 


has 


Finally, Fig. 12 shows some very 


features of moving superlattice dislocations. 
ment of the large dislocation line at A been 
pinned at two points. Nevertheless, this segment is 
able to expand outward between the pinning points 


as a superdislocation with a well defined separation 
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Fic. 12. Interference to the motion of superlattice 


dislocations in fully ordered AuCug. 


near the leading edge. As the pinning points are 
approached, however, this separation vanishes and 
the dislocations are virtually undissociated in agree- 
ment with the theory. Another interesting feature of 
Fig. 12 is the portion of the long dislocation line at B 
over which the superlattice dislocation has been 
separated above its equilibrium spacing r, which 
again is apparently due to some local high stress 


concentration. 


SUMMARY AND CONCLUSION 
We have shown both theoretically and experi- 
mentally that dislocations in fully ordered AuCu, 
are present as superlattice dislocations. The super- 
dislocation consists of a pair of partial dislocations 
which are held togethether by an antiphase boundary. 
The spacing between the individual partial dislocations 


that constitute the superlattice dislocation depends 


on the elastic repulsive forces between the partial 


dislocations, the stacking fault energy, and the anti- 
phase boundary energy. By using isotropic elastic 
dislocation theory and the quasi-chemical approxima- 
tion for the ordering energy, the separations between 
the four partial dislocations that constitute the 
superlattice dislocation has been calculated for a 
dislocation possessing an arbitrary Burgers vector. 
An alloy of composition AuCu,, fully ordered in 
bulk, has been electropolished to films about 1000 A 
thick. 


microscopy, we 


Examining these by transmission electron 
have observed superlattice disloca- 
tions for the first time. The separation between the 
two pairs of partial dislocations was measured to be 
130 A with the 


spacing calculated theoret ically. 


about and is in good agreement 


The energy of the antiphase boundary discussed 


above has been calculated for one which has been 


produced by slip and whose structure is not changed 
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by a subsequent diffusion of atoms. The structure of 


an antiphase boundary which exists during thermal 
equilibrium is different from a boundary produced 
only by slip in that the equilibrium antiphase bound- 


ary has a thickness over which the degree of order 
varies continuously. The calculation for the variation 
in thickness of an antiphase boundary with tempera- 
ture has been made by Brown" for CuZn. In general 
the free energy of the equilibrium antiphase boundary 
will be less than that of the slip produced antiphase 
boundary and the difference will be greater the closer 
the temperature is to 7',. 

Consideration of the possible dislocation configura- 
tions in the AuCu type ordered alloys leads to two 
additional types of dislocation arrangements. Depend- 
ing on the Burgers vector of the superlattice dis- 
location in AuCu type alloys, the superlattice disloca- 
tion may consist of an asymmetric array of four 
bound partial dislocations or a pair of partial disloca- 
The 


between 


tions similar to that in the disordered alloy 


difference in the dislocation arrangements 
AuCu, and AuCu is a result of the smaller degree of 
symmetry in the latter. 

The configuration of the dislocations could have 
an important bearing on the plastic behavior of the 
crystal. For example, since there are two distinct 
types of superlattice dislocations in AuCu and only 
one type in AuCug, it is expected that ordered AuCu 
more anisotropic 


would deform in a 


fashion than ordered AuCug. 


plastically 
No experiments have 
been made to test this conclusion. 

From the results described here, there seems to be 
little doubt that dislocations in fully ordered AuCu, 
travel through the lattice as superlattice dislocations. 
When the antiphase boundaries are large (about 


500 A) these dislocations should move with negligibly 


FISHER: 


DISLOCATIONS IN SUPERLATTICES 


This is 


results of 


small resistance due to the ordering forces 


in agreement with the experimental 


Ardley". It that the 
energy of the antiphase boundary bounded by the 


that as S 


will be recalled. howevel 
superlattice dislocation varies as S*? so 
decreases this energy decreases very rapidly and the 
separation between the component dislocations also 
degrees ot ordet if 


dislocations as moving independently of one another 


increases rapidly. Thus, at low 


may be more correct to think of the $a type 


In this case, it would follow that these impertect 
dislocations must do work against the ordering forces 
since they will leave behind an antiphase boundary 
This 


mediate 


would mean that the alloys inter 


possessing 


degrees of order should be stronger i.e 


fully 
These 


presently 


possess higher yield points, than either the 


ordered or the completely disordered alloys 
speculations are being 


AuCu, and Ni,Mn 


very interesting 


investigated in both 
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TWINNING IN IRON-ALUMINIUM ALLOYS* 
R. W. CAHN? and J. A. COLL? 


Both annealing and mechanical twins were studied in an iron alloy containing 23.5 at.°, aluminium. 

Annealing twins were found after heat treatment at 1150°C, designed to induce considerable grain 
growth The twins were bounded by three sets of coherent interfaces: Zi 1), 112) and 121). These 
planes are co-zonal, with zone axis |{111]; the twins were therefore in the form of prisms. The crystallo- 
graphic nature of these twins was confirmed by means of microbeam X-ray diffraction photographs. 

Mechanical twins were produced in the same alloy by impact while the samples were immersed in 
liquid nitrogen, Various states of long range order were induced by preliminary heat treatment and it 
vas found, as predicted on geometrical grounds, that twins were formed only if the alloy was in a wholly 
or partially disordered condition, The critical value of the order parameter S was about 0.5. Some 


observations on the morphology of intersecting mechanical twins are also described. 


MACLAGE DANS LES ALLIAGES FER-ALUMINIUM 


Les auteurs étudient les macles thermiques de recuit aussi bien que les macles mécaniques dans un 
alliage contenant 23,5 °, at. daluminium, Ils trouvent que les macles thermiques se forment aprés un 
traitement thermique a 1150°C et qu’elles conduisent &@ un grossissement de grain considérable. Les 
macles sont limitées par trois groupes d interfaces coher ntes: 211), (112) et 12] Ces plans sont co 
zonaux avec un axe zonal{ 111]; par conséquent, les macles sont en forme de prismes. La nature cristallo 
graphique de ces macles a été confirmée au moyen des clichés de diffraction de rayons X. 

Les macles mécaniques sont produites dans le méme alliage par choc pendant que les échantillons sont 
immergés dans lazote liquide. 

Les auteurs observent que des états variables d’ordre a grande distance sont inscrits par traitement 
thermique et trouvent, ainsi qu'on peut le prévoir sur des bases géométriqués, que les macles se forment 
uniquement lorsque lalliage est dans un état totalement ou partiellement désordonné, La valeur critique 
S du paramétre d’ordre est d’environ 0,5, Les auteurs décrivent finalement quelques observations sur la 


morphologie de macles mecaniques qui se coupent, 


ZWILLINGSBILDUNG IN EILSEN-ALUMINIUM-LEGIERUNGEN 

In einer Legierung aus Eisen mit 23,5 At.°, Aluminium wurde die Bildung von Rekristallisations 
zwillingen und von mechanischen Zwillingen untersucht. 

Nach einer Gliihung bei L150°C, durch welche ein betrachtliches Kornwachstum erreicht werden 
sollte, wurden Rekristallisationszwillinge gefunden. Die Zwillingen waren begrenzt von drei Satzen 
koharenter Grenzflachen (211), (112) und (121). Diese Ebenen gehéren zu einer Zone mit Zonenachse 

L11| an; die Zwillinge haben daher Form von Prismen. Die kristallographische Natur dieser Zwillinge 
wurde durch Feinstrahl-Réntgenbeugungsaufnahmen bestatigt. 

Mechanische Zwillingen wurden in derselben Legierung durch Schlagversuche in fliissigem Stickstoff 
erzeugt Durch vorausgehende Warmebehandlungen waren verschiedene Fernordnungszustande 
erzeugt worden und es ergab sich, wie aus geometrischen Griinden vorhergesagt worden war, da sich 
Zwillinge nur bilden, wenn die Legierung vollstandig oder teilweise entordnet ist. Der kritische Wert 
des Ordnungsparameters S betrug etwa 0,5. Weiterhin werden Beobachtungen mitgeteilt iiber die 
Morphologie von mechanischen Zwillingen, die sich durchschneiden. 


INTRODUCTION on a (112) twinning plane, with a|111] shear direction, 


This study was undertaken primarily to test a as in body-centred cubic metals. The twinning plane 
prediction by Laves” concerning the possibility of | is normal and the shear direction parallel to the plane 
mechanical twinning in crystallographically ordered of the figure. The twinning shear reconstitutes the 
substances. original structure, without any subsequent reorgani- 

Briefly, Laves’ argument can be understood by _ sation or ‘‘shuffling’ of the individual atoms. 


reference to Fig. 1, which shows a projection of the If the alloy is ordered (Fig. 2) the twinning shear 
plane of shear of an alloy of the /-brass structure type. leaves the atoms in the wrong places. The original 
In the disordered condition, such an alloy has a_ ordered structure is simple cubic, with A atoms at 


body-centred cubic structure, all atoms being statisti- cube corners and B atoms at cube centres. After 


cally equivalent (Fig. 1). Twins are expected to form twinning, A and B atoms constitute an ordered 


tetragonal structure, witha, = b, =a 2. Cav == 

* Received March 16, 1960 1 

Department of Physical Metallurgy, University (where a, is the original cubic lattice parameter). 

mingham, It would be more accurate to regard the process as a 
Now with Argentine Atomic Energy Commission, Buenos 


\ires. martensitic transformation. To reconstitute the 
ACTA METALLURGICA, VOL. 9, FEBRUARY 1961 138 


Vol. 9 
1961 


COLL: 


[110] 


Fic. 1. Atomic motions during mechanical twinning of 
an AB alloy with B2 structure. Black 
symbols represent atoms in plane of projection, open 
Disordered alloy—all 
unit cell 


(p brass) 


symbols those on adjacent planes. 
The 


is outlined. 


atoms equivalent. cross-section of a 


thermodynamically stable ordered cubic lattice, a 
proportion of the A and B atoms must change places. 
Such diffusive atom movements would not be possible 
at low temperatures; at high temperatures, where 
the movements might take place rapidly enough to 
keep pace with the growth of a twin, twins cannot as a 
rule be formed at all. An ordered cubic alloy, there- 
fore, should not be capable of mechanical twinning. 

An alternative approach to the matter is to compute 
the change in the number of AB bonds (‘“‘unlike”’ 
resulting from 


nearest neighbours, 


If the alloy is initially perfectly 


bonds) between 


the twinning shear. 


ordered, all nearest neighbour bonds are unlike. 


After applying the twinning shear, only 50 per cent of 


nearest neighbours are unlike pairs. This is in fact 


the same proportion as is found in a perfectly random 


| 
| 


Circles 


The 


Fic. 2. As Fig. 1, but for ordered alloy. 
represent A atoms, B atoms. 


cross-section of a unit cell is outlined. 


squares represent 
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AB alloy; ina sense, therefore, the twinning operation 
entirely disorders the alloy. There is the difference, 
however, that in the alloy disordered by twinning the 
like and unlike bonds are distributed in a regular 
manner, whereas in a truly random alloy they are not 

An alloy with partial long range order will lose some 
of its AB bonds when it 


initial degree of long range order the tewer AB bonds 


is twinned The lower the 


will be destroyed by twinning 
that there will be 


It is to be expected 
a critical degree of order for which 
the applied twinning stress will just be able to force 
twinning dislocations through the lattice against the 
viscous resistance resulting from the destruction of 


AB bonds 


a quasi Peierls—Nabarro force opposing the motion of 


This viscous resistance can be regarded as 


a twinning dislocation 
It was the primary aim of the present experiments 


to determine whether such a critical degree of ordet 


exists. The observations. also reported here relating 


to the morphology of annealing twins, were made 


incidentally to the main experiments 


CHOICE OF ALLOY 


To test these ideas, an alloy was required which can 


be readily twinned when in the disordered condition 


and which can be retained metastably, at room 


temperature or below, in any state from substantial 


order to complete disorder. So far as the authors 


are aware, no alloy possessing the B2 superlattice 


meets these conditions; they are, however, met by 


F 


an alloy containing about 23.5 at of aluminium 


dissolved in iron. This alloy when quenched from a 
high temperature is disordered, but when it is slowly 
a superlattice of the DO, type 


illustrated in Fig. 3 


cooled it acquires 


It has been found™ that by quenching from 800°C 


complete disorder can be retained Moreover! measure- 


ments with a high temperature diffractometer showed 
that as the towards the critical 


rises 


temperature 


respect to the DO, superlattice diminishes continu 


temperature 530°C), the degree of order with 


ously to zero An approximate plot of the order 


parameter S as a function of temperature, deduced 
from experimental diffracted intensities, is reproduced 
in Fig ‘. Any degree of order between S 0 and 


~ 0.6 can be retained at room temperature by 


S 
max 
quenching from the appropriate temperature a 
is less than unity primarily because the alloy is not 
stoichiometric 

It should be noted that in Fig 
to the DO, superlattice 
(cf. Fig 


bours ot 


S reters specifically 
which has the peculiarity 
3) that both first and second nearest neigh 


any aluminium atom are all iron atoms 


O 
0 
O e 
O 
O 
re) 
° © . a . 
( O 
| O 
. . 9 . 
re) 
| 
off 
—_[_ 
\ 
4 


Al (DO uperlattice 

alloy was preferred to stoichiometric 
Fe, Al because the latter retains appreciable order of 
the B2 (f-brass) type above the critical temperature 
which 


experiment. 


complicates the interpretation of the 


Some confirmatory experiments were 
The equiatomic 


the 


however made with Fe, Al samples. 
FeAl 


supel lattice exclusively 


alloy though it possesses simpler 62 
was useless since it cannot be 
disordered by any heat-treatment. 

When the influence of a twinning shear on an alloy 
with a perfect DO, superlattice is examined graphi- 
B bonds 
destroyed by the shear is smaller than in the case of 
The alloy 


selected for the present experiments thus permitted a 


cally it turns out that the net fraction of A 


the 62 superlattice discussed above 


particularly sensitive test of Laves’ prediction 


20 2 
Temper 
sre, 


Williams 


alloy 


> 


dependence ot 
temperature 


Fic. 4. Approximate 
parameter S on 


containing 23.5 at. % 


orde1 iron 


aluminium, based on high 


temperature diffractometry. 
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EXPERIMENTAL METHODS 
The 23.5 at.°, iron—aluminium alloy was chill-cast 


in vacuo from highly purified carbon-free iron and 


superpure aluminium.* The ingot was hot rolled and 


annealed for 12 hr at 1150°C to homogenize it and to 
the 
desired since this as a rule facilitates twinning 


structure was 


The 


coarsen grains. A coarse grain 


grain size after anneal was 0.5—-1.0 mm. 

Packets of specimens cut from the strip were heated 
to 840°C in vacuo, cooled at the rate of 1°C/min to a 
temperature 7’, held there for at least 30 min, and then 
quenched into brine by allowing them to drop through 
a thin plastic sheet which hermetically sealed the 
the The 
DSO, 


furnace tube. quenching 
540. 


Earlier X-ray 


Was 


lower end of 


temperatures chosen were 7, S40), 
500, 480, 460, 450, 420, 400 and 350°C. 
had that 
sufficiently slow to maintain equilibrium order at all 


350°C. 


studies shown cooling at 1°C/min 


temperatures down to 350°C. Cooling below 
even very slowly, produced little further increase of 
order. 

The heat treated specimens were ground smooth 
and given an electrolytic polish in the electrolyte 
Morris™ for This 


acid (133 ml), chromium 


originally introduced by steels. 


contained glacial acetic 


trioxide (25g) and water (7 ml); used at a p.d. of 


30 V it gave good surfaces. The grain structure could 
be revealed by prolonged electrolytic etching in the 
same solution at a p.d. of 6-8 V. 

Iron, and ferritic alloys generally, are known to 
twin most readily at low temperatures. Specimens 
were therefore immersed in a flat, thermally insulated 
dish full of liquid nitrogen and subjected to an impact 
of standardized momentum by a hardened steel ball 
1 mm in diameter. Slip lines and twin traces, if any, 
were first examined on the polished surface surround- 
ing the impression. Subsequently a thin surface layer 
was ground away to remove surface steps generated 
by slip and twinning, and the specimen repolished 
and etched. The structure thus revealed enabled slip 
lines and twin lamellae to be unambiguously dis- 
tinguished. 

One of the annealing twins to be described in the 
X-ray diffraction. 


made of 


next section was examined by 


Back 
selected areas of the specimen surface by means of a 


reflexion Laue photographs were 
specially designed microbeam camera which 
mitted X-ray 


precision. The elliptical cross-section of the beam at 


per- 
location of the microbeam to a high 
the specimen surface was approximately 130 x 70 u. 


* The authors are greatly obliged to Professor J. D. Fast of 
Philips Research Laboratories, Eindhoven, for kindly casting 


this alloy. 
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OBSERVATIONS 
Annealing twins 
Figures 5-11 are examples of micrographic features 
which were identified as annealing twins. Only one 


of these, the dark strip in the lower left-hand cornet 


of Fig. 8, bears any resemblance to an annealing twin 


in a face-centred cubic metal, which is generally in 
the form of a parallel-sided lamella. The difference 
between the two cases arises from essential differences 
in the arrangement of the coherent interfaces, i.e. of the 
plane interfaces between the component crystals of a 
twin at which a close atomic fit exists. A coherent 


interface must be a lattice plane, common to both 


while open s 
the (100! p 
open square 
in a twinnn 
operation 
angular 
twinning 
joining 

shows that the 


Fie. 5. Annealing twin. 170 


component cry stals, which also acts as twinning plane 
i.e. as a “mirror” to convert the orientation of one 
into the others. In a face-centred cubic twin. only 
one (111) is common to both crystals; no other plane 
can serve as interface because only at a (111) interface 
are the correct interatomic distances maintained between 
atoms belonging to the two crystals. 9) Correspond- 
ingly, in a body-centred cubic twin, (111) cannot serve 
as a coherent interface because neighbouring atoms 
would approach too closely, but a (112) interface 
allows a good atomic fit. However, when two cubie 
crystals are so oriented that they show a common (112) 
plane, then they also have a (121) and (211) plane in 
common. 

The reason for this can be understood by reference 
to Fig. 12. Here the filled squares represent poles of 


the {100} planes of one component crystal of the twin, 
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annealing twins. 


used as a‘*mirror’. It follows that each of these three 


planes can constitute a coherent interface for two 


crystals in the relative orientation represented by the 


filled and open squares 

A close 
that in 
grain boundaries, they are bounded by short segments 


Figs. 5-1] 


non-coherent 


examination of the features in 


shows each case, apart from 


. (a) “Island” annealing twin. 200. (b 


The same after removing layer 0.05 mm thick. 
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of plane interface; the traces of these interfaces in 
the plane of section are all parallel to one or other of 
three directions, which evidently represent the three 
coherent {112} lattice planes. This is the property 
which allows the twins to be recognised as such on 
inspection, 

The correctness of this diagnosis was confirmed in 
two ways. The first depends upon the fact that the 
three twinning planes shown in Fig. 12 are all co-zonal, 
with [111] as zone axis. In general, therefore a twin 
consists of a prismatic crystal, entirely bounded by 
interfaces ( 


coherent twinning planes), terminated 


at each end by a non-coherent grain boundary. A 
central cross-section of such a twin should show only 
coherent interfaces. Fig. 9(a) is a case in point. After 
this photograph had been taken, the specimen was 
ground until a layer about 0.05 mm deep had been 
removed. The appearance of the twin after renewed 
Although, on 


the magnified scale of the micrograph, about 10 mm 


electropolishing is shown in Fig. 9(b). 


of material had been removed, the shape of the island 
grain is virtually unaltered. This fact confirms that 
the form of this grain is prismatic; together with the 
facetted appearance of its perimeter, this shows that 
the grain, together with the enveloping grain, consti- 
tutes a twin. 

The second confirmation was obtained by means of 


X-rays. Microbeam backreflexion Laue photographs 


(b) 


200 
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Annealing twin 


10 


diffraction 


were prepared of grains 1, 2, 3 and 4 in Fig 


orientations deduced from the photographs are shown 


in Fig. 13. Within the experimental angular accuracy 
of | 


three {112} poles common to grains | and 2 are marked 


grains | and 2 are in twin relationship. The 
A, Band C. a’, b’ 
traces of the 


between grains | and 2, taken from Fig. 10 


and ¢’ represent the directions of 


the surface three coherent interfaces 


\\ hile a 


Quenched from 460 C, impacted, repolished 
Mechanical twin lamellae parallel to one 
, of the coherent interfaces of an annealing twin 200 


and etche d 


thes 


ot the 


b and 
traces on the assumption that the interfaces ar 
form {/112!. The 
and b 


measure accurately on the 


represent the predicted directions of 


agreement is very close for traces a 
was difficult to 


This 


analysis places it beyond reasonable doubt that the 


rather less good for ¢ which 


photomicrograph 


observed configurations are in fact twins 


An attempt was made to estimate th 


surface energy of the coherent twin interfaces 


relative to a normal grain boundary, by calculations 


based on the measured angle s he tween grains bound 


aries at triple points (such as the meeting point of 


grains 1. 3 and 4 in Fig. 10 The basis of such a 


calculation has been explained by Dunn ef a/.‘©. Even 


when the inclination of the coherent interface to the 


plane of section is known, a margin of error remains 
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because the inclinations of the other boundaries can 


only be estimated.* Taking this into account, the 


specific surface energy of a coherent twin interface 
(i.e. the surface energy as related to that of an arbi- 


trary high angle grain boundary) is estimated as 


lying in the range 0.23-0.30. This compares with the 


Kia. 14. 


Quenched from 480°C and impacted. Slip an 


twins, v0 


‘ig. 14, repolished and etched. Twins. 
50 


* Another source of error is the possibility that one of the 
“normal” grain boundaries at a triple point may have a low 
misorientation and correspondingly low surface energy. A case 


in point is the boundary between grains 2 and 4 in Fig. 10. 


ALLURGICA, 
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value 0.22 obtained for a ‘forced twin’’ in pure iron 
by Dunn ef 
twins were not very frequent; 


Annealing very 


roughly, there was one twin to ten grains. This is 
consistent with the high specific energy of the twin 


interface. 


Mechanical twins 

Figure 14 represents the typical appearance of the 
surface surrounding the impression on a specimen 
subjected to impact at the temperature of liquid 
nitrogen. Copious twinning and a small amount of 
slip can be discerned. With experience, the two types 
but as a 


of marking can be distinguished at sight: 


safeguard, to assure correct identification, each 
specimen was ground, polished and etched afresh 
after impact, leaving only the twin markings visible. 
Fig. 15 shows the appearance of the specimen of Fig. 
14. after repolishing. 


No special 


crystallographic nature of the mechanical twins, since 


attempt was made to confirm the 
this has already been satisfactorily achieved for twins 
in pure iron (Paxton and Kelly). It is worth 
noting, however, that several cases were observed of 
parallelism between mechanical twin lamellae and a 
coherent interface of an annealing twin. Fig. 11 is a 
case in point 

Impact at room temperature did not generate any 
twins, even in fully disordered material, but did 
produce much slip. 

Figures 16—18 together with Fig. 15 are a selection 


of photomicrographs of impacted and_ repolished 
specimens in different states of crystallographic order. 
It is striking that samples quenched from 420, 400 
or 350°C show no twins. In fact, all samples quenched 
450°C or 


those quenched from 420°C or below 


from above contained twins, and none of 
Laves’ predic- 
tions is thus confirmed, and by reference to Fig. 4 it 
can be seen that the critical degree of order 44 


The few confirmatory experiments on stoichiometric 


Fe, Al, slowly cooled or quenched from 800°C, also 


showed twins in the latter case but none in the former. 


Intersection of me chanical twins 


An intriguing configuration of twin lamellae was 
found in the sample quenched from 840°C. This is 
shown at low power in Fig. 16 and in more detail in 
Fig. 19. 


twinning plane to another; 


here from one 


this 


Individual lamellae cross 


process might be 
termed cross-twinning, by analogy to the well-known 
phenomenon of cross-slip. Each zig-zag has a single 


orientation throughout, as can be seen by the absence 
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Quenched from 840°C, impacted, repolished 


and etched. Twins. 50 


Quenched from 450°C, impacted, repolished 
and etched. Twins. 50 


of any etched boundaries within the lamellae where 
they execute changes of direction. 

The fact that cross-twinning occurs can again be 
understood by reference to the stereogram, Fig. 12. 
If the two twinning planes concerned belong to the 


same [111] zone, then (i) twinning on either plane 


yields the same orientation and (ii) both families of 
[111], 


twin lamellae have a common shear vector, 


TWINNING IN Fe-Al 


ALLOYS 


which is an obvious geometrical necessity if cross- 


twinning is to be possible 
It is probable that the configuration of Fig. 19 was 


generated by the actual intersection of twinning 
dislocations spreading in each of the two twinning 
The idealized form of such an intersection 
Fig. 20 


been observed in meteoric irop by Smith ef a/.7° It 


planes 
is sketched in Such a pattern has actually 
is easily verified that the secondary twin PD has the 
orientation as the parent grain A This is 
the C'/D 


is co-zonal with the A 


same 
interface | ('/D twinning plane) 


Band 


because 


interfaces and the 


hich 


produces Is 


second twinning operation 


and two successive 
lead 


Way 


thus identical with the first one 


twinning back to the 


identical operations 


starting orientation. In some not understood 


the 


modified and regions 


idealized mechanism of Fig. 20 has become 


{ and PD have been linked up 
as observed in the photomicrograph (Fig. 19 


The crossing sites appeal to be locations of high 


short anneal suffices to 


(Fig. 21) 


reminiscent of 


Stress because a 


internal 
This abso1 ption 
the 


remove nearly all of them 


of distorted intersection sites is 


annealing behaviour of intersecting twins” in 


uranium. 
The configuration of Figs. 19 and 21 is not peculiar 
Anothe1 


yo A prepared from a piece of deformed 


The had 


to the particular alloy used example is 


shown in Fig 


Armco iron piece been annealed 2 hr at 


i 
4 
961 
ME 
we * 
j [9 
Fic. 18. Quenched from 420°C, impacted, rey hed 
SQ und etched, No twit 
: aan 


L000 


Fie. 19. Detail of Fig 


S70°C. before sectioning Here the intersections are 
continuous, and the identity of orientations of the 


intersecting twins is clearly desirable. 


DISCUSSION OF OBSERVATIONS 
Annealing 


Quite apart from the difficulty of recognising 
annealing twins in body-centred cubic metals because 
of their strange morphology, their comparative rarity 
Is a natural consequence ot the high specific energy 
of the twin interfaces, compared with a normal grain 


The 


similar to that of {111! twin interfaces in aluminium 


boundary. value of this energy | 0.25) is 


and here also twins, though they exist,"*) are very 


rare. The connexion between specific twin interface 


energy and twin frequency has been explained by 


Fullman and Fisher's“ well-substantiated model fot 


twin development in copper duriag grain crowth 


The basie idea in this model is that the total interface 


energy of a configuration of several grains in mutual 


Kia. 20. Twin intersection, idealised form. 


| 


unnealed 1 


Fic. 21. Same specimen as Fra. 19, 
polished and etched 


re 


contact can be reduced if one of these grains, during 


growth, suffers a growth accident and becomes 


twinned Whether or not this energy reduction 


results depends on the orientations of the grains 
several grains of 


involved: the orientations of the 


Fig. 10 as shown in the stereogram. Fig. 13. are not in 
that 


formation of 


accord with Fullman’s criterion and it may be 


other criterion determines the 


some 


twins in iron and its alloys 


\\ 


Twin intersection in Armeo iron, annealed 
Polished and etched 140 


Fic. 22. 
2 hr at 870°C. 
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When a polyhedral twin prism, such as that shown 
in section in Fig. 9, has been formed, surface tension 
forces will tend to reduce the length of the periphery 
by rounding out angular faces. An instance can be 
seen in Fig. 9(b). This tendency is counteracted by 
the anisotropy of specific boundary energy, i.e. the 
dependence of the specific boundary energy on the 
orientation of the boundary. Only the coherent inter- 
face has a comparatively low energy. In a face- 


centred cubic metal such as copper, rounding of 


coherent twin interfaces is never observed, because 
the specific energy of the latter is very small while 
that of interfaces in other orientations is 10-20 times 
higher. 

Lehr“ and Hutton ef al." have recently observed 
twins in iron after y—a trans- 


polyhedral pure 


formation. They attributed their formation to the 


phase change. It seems probable that the important 


factor is the copious sweeping of a 7/% interface or of 
x grain boundaries through the material, since either 
provides opportunities for twinning faults to be 
high temperature of an 


generated. Annealing at 


alloyed ferrite, which does not transform to y, offers 


the best opportunity of forming twins. 


Mechanical twinning 


Laves’ prediction, that crystallographic ordet 
impedes mechanical twinning, has been vindicated. 
In terms of the interpretation discussed in the 
introduction, twinning dislocations become immobi- 
lised when their motion would result in a net destruc- 
tion of ‘‘unlike”’ (i.e. Fe—Al) bonds and their replace- 


Fe or Al-Al) bonds. It appears 


that quite a small net increase in the number of like 


ment by “‘like” (i.e. Fe 


bonds suffices to inhibit twinning. 


TABLE |. Influence 


Lattice conditions 


TWINNING IN Fe | 


ALLOYS 147 


Drawings similar to Figs. 1 and 2 were prepared for 
the case of the perfect DO, (Fe, Al type) superlattice, 
and also for the 


B-brass or 62 structure with partial 


long range order, such that S ~ 0.5. From these the 


numbers in Table 1 were computed. These give the 


percentages of unlike and like bonds in (i) perfectly 


6-brass, before and after 


ordered twinning: (ii) 


perfectly random (iii) P-brass with S 0.5, 
after 
Fe, Al, before and after twinning; and (v) perfectly 
random Fe, Al. 


If perfectly ordered Fe, Al could be twinned fewer 


6-brass: 


before and twinning; (iv) perfectly ordered 


6 


than } of unlike nearest neighbours would on balance 
be destroyed, and the twinned alloy would be far 
from being completely disordered The problem ol 
constructing a drawing of Fe, Al with a specified order 
parameter S was too intricate, but this could readily 
be done for the simpler hb? superlattice The per cent 
net destruction, through twinning, of unlike bonds in 
half the 
corresponding destruction in perfectly ordered brass 


For the case of Fe, Al with S » 0.5. 


p-brass with S ~ 0.5 would be less than 
a corresponding 
modification of the figures in group (iv) show that the 
net destruction of unlike first nearest neighbour would 
be only 5-10 per cent This seems to be the limit of 
dislocation under the 


No doubt the 


application of a higher stress, such as would be possible 


tolerance for a moving twinning 


conditions of the present experiment 


by deforming at 4°K, would alter the critical degree 


otf order 
In the Table, 


second nearest neighbours are also 


This 
experimental erro: 
} The low 


correct value 


Inargin 


of twinning on interatomic bon 


unlike nearest 


neighbours 


Before twinning 
Perfect B2 
superlattice \fter twinning 
(P-brass type 
Random 
B2 superlattice, Before twinning 
partly ordered 
S x 0.5 


After twinning 


Before twinning 
Perfect DO, 
superlattice 
(Fe,Al type 


After twinning 


> 
Random 


37.8 


* Second nearest neighbours are not considered for the B2 superlattice 


bours to be unlike. 


| 
A 
| ent raed t he 
neighbour neighbou 
Loo , 
yt? yt) 
50 
74 26 
66.7 33.3 ») 
56.3 13.7 2) 
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taken into account in respect of the DO, superlattice. 


There is substantial destruction of unlike second 
neighbour bonds on twinning perfectly ordered Fe, Al; 
there is however no means of estimating the relative 
importance of first and second nearest neighbours. * 

[It should be noted that twinning dislocations cannot 
reduce the lattice resistance due to order, by com- 
bining together in pairs, as has been proposed for slip 
16) The 


dislocation would undo the effect of the first, and no 


dislocations passage of a second twinning 


twin would remain 


CONCLUSIONS 

(1) Crystallographic long range order in an iron 
aluminium alloy prevented the formation of mecani- 
cal twins even under conditions intrinsically favour- 
ible to their appearance. The critical degree of long 
range order at which the capacity for twinning 
disappears is such that the formation of a twin, were 
it possible, would induce the net destruction of 5—10 
per cent of bonds between unlike nearest neighbours 


(2) Annealing 


twins are generated in the iron 
aluminium alloy by prolonged annealing at 1150°C. 
These twins have the form of prisms with a [111] axis, 
the prismatic surface consisting of (112), (211) and 
(121) faces. 


the end of the prism consists of arbitrary noncoherent 


These are all coherent interfaces, whereas 


* Note } roof: Rudman has published stat 


chanical calculations ace 


rding to which the ratio o 


mad to first neighbour interchange 
half If this 1 


pre adominant 


energies 1s 


correct, then second neighbour inte1 


play a part in controlling the incidence 


mechanical twinning 
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grain boundaries. The specific surface energy of the 
coherent twin interfaces (related to the energy of an 
arbitrary high angle boundary) is estimated to be in 


the range 0.23—0.30. 
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TEMPERATURE AND COMPOSITION DEPENDENCE OF THE STRENGTH 
OF ALUMINUM BASE ZINC ALLOY SINGLE CRYSTALS** 
J. DASH{§ and M. E. FINE 


The critical resolved shear stress, ¢,. of zone-hardened aluminum base 
with (¢ez,)? at room temperature, suggesting that the stress nec 
that necessary to overcome the Mott—Nabarro misfit 


alloy (e.g. 5.3 at.°, Zn) increases considerably more 
center cutting of zones and in part to cutting of mismat 
region between the core of the zone and the deple ted shell 

co, of zone-hardened Al-6 at.°,, Ag was also measured to 4.2 K 
in this case, presumably because the atomic sizes of aluminun 
dislocations are not expect d in this case 

The supersaturated solid solution (reverted) state of the Al-Zn 
increase In 6 on cooling is considerably greater than int 


the presence of clusters in the solid solution 


INFLUENCE DE LA TEMPERATURE ET DE LA COMPOSITION 
RESISTANCE DE MONOCRISTAUX DALLIAGES AIL-Zn 
La tension de cisaillement critique ¢, d’alliage Al-Zn durcis et contenant ci 
s accroit a la te mperature ambiante aver Cn Cette observation suggere qué it 
cisailler les zones est plus grande que celle nécessaire pour ) 
distorsions réticulaires provoquées par le écipites \u 
déterminé (par exemple 5,3 at. °, Zn 
prevu. 
Cet effet est attribué partiellement a des cisaillements des 
celles-ci, et d’autre part a des dislocations qui seraient situcés 
lanneau appauvri en Zn qui lentoure 


» 


Les auteurs ont mesuré également a 4.2 K, la valeur ce 


L’accroissement de est considérablement plus dans 


tailles atomiques de Al et Ag sont pratiquement identiques 
taille n’existet pas dans ce cas. La solution solide sursatures 
L’aecroissement proportionnel de au refroidissement « 


durcis par zone. Cet effet est attribué a la présence d’amas di 


TEMPERATUR- UND KONZENTRATIONSABHANGIGKEIT DER FESTIGKI 
LEGIERUNGSEINKRISTALLEN AUS ALUMINIUM MIT ZINK 
Die kritische Schubspannung von kaltausge harteten Legierungseinkt ta iu 
Zinkzusatzen steigt bei Raumtemperatur mit (¢z,)'*, daraus folgt, daB die zur Scherun 
notwendige Spannung gréer ist als diejenige, die notwendig 1 
sungsspannungen”’ zu iiberwinden Beim Abkiihlen auf 2 
(z.B. 5,3 At®, Zn) betrachtlich mehr an, als vorhergesag 
Durchschneiden von Zonen zugeschrieben und teilweise dem 
die sich vermutlich zwischen dem Kern der Zonen und det 
o, ausgeharteter Al-6 At®, Ag Legierungen wurde bei 4,2 
oc, ist in diesem Fall betrachtlich geringer, vermutlich deshalb 
Silber nahezu gleich gro®B sind; in diesem Fall sind keine Anpas 
Weiterhin wurde der (riickgebildete) Zustand der iibersattigt« 
untersucht. Die prozentuale Zunahme von o, beim Abk 
Legierungen. Dies wird einer Nahentmischung in der festen 


INTRODUCTION In aluminum-base zine alloys the zones are spherical 


his investigation was undertaken to gain further cath ty shell which is 


information concerning he ource of trength ning depleted of zine I Several mechanisms have peen 


in precipitation hardened alloys containing Guinier proposed to explain strengthening in alloys of this 


Preston ZONES. type The zones are too close togethet for dislocations 
a — . to avoid them by cross slip o1 by bending around them 

* Received April 28, 1960, revised July 5, 1960 
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the Air Force Office of Scientific Research of the Air Research Mott and Nabarro™ considered the strengthening to 
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Northwestern University, June 1960. cipitates and arrived at an approximate expression for 
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according to the mechanism suggested by Orowan™ 
be due to internal stresses caused by misfitting pre 


the critical resolved shear stress, 0 


(9 
20 pp 


1.2°K f rticu 
ted tt ited part to 
hardened r ttributed 1 
SUR LA 
le Gun Prest 
! ( ure pou 
t—Nabart l 
1.2°K 
lun alliage Al-6 t. Ag durei | 
alliage \ Zi Let l 
VON 
G.P.-Zor 
! An} 
Leg ing 
Legierunget 
140 
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where y is the shear modulus, ¢ the misfit parameter 
and f the volume fraction of zones. The chemical 
hardening due to the necessity for shearing of zones 


(4) 


has been treated previously™ and 


(2) 
b 

where AF is the free energy required to remove a 

solute atom from a zone and put it into solution. 

An important point is that in equations (1) and (2) 
a, depends only on the volume fraction of zones and 
not on the number of zones nor the size or spacing of 
These out in the deriva- 


the zones. factors cancel 


tions. 3,5) 

In Al-Ag alloys containing spherical zones, the 
misfit of atomic radii is only 0.7 per cent and chemical 
hardening is considered to be the principal source of 
strengthening.” The hardness is independent of 
zone size as predicted.“® The misfit is larger in Al-Zn 
alloys, 4 per cent. Whether the strengthening is due 
mainly to equation (1) or (2) can be determined by 
measuring ¢, as a function of at.°, zine, because f is a 
function of at.° 


, zine. The Al-Zn system is particu- 
larly good for this because Al-Zn alloys with zones 
may be prepared over a wide composition range. 

A further test of current theories of zone hardening 
is the temperature dependence of ¢... Equation (1) 
predicts a small temperature dependence through w. 
Equation (2) predicts a small temperature dependence 
through the entropy part of AF. For either case the 
temperature variation below 77°K should be very 
small. 

Al-Zn alloys can also be prepared in the solid 


solution condition by reversion of zone-hardened 
alloys. 

Reported here are the variation of o, with tem- 
perature (4.2°>K-298°K) and zine content (1.65-5.3 


at.°,,) in zone hardened and reverted Al-Zn alloys. 
EXPERIMENTAL METHODS AND RESULTS 
The Aluminum Company of America supplied high 
purity binary aluminum alloys containing 1.65, 3.4 
and 5.3 at.°, zine in the form of } in. diameter rods 
which were forged from directly-chilled ingots. 
the 


strain anneal technique from cold rolled and reerys- 


Single crystals of each alloy were grown by 


tallized strips. In the course of determining optimum 


treatments for the growth of large crystals, it was 
found that an intermediate (5-10 grains/mm?) rather 
than fine prior grain size is most desirable. This is 
reasonable: the nucleation rate is a function of both 
prior grain size and pre-strain; the optimum combi- 
nation should be that to give just one nucleus during 


the annealing time. 


tGICA, 
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The heat treatments used were based on the works 
of Graf™ and Perryman and Blade“. For an Al-4.4 
at.°%, Zn alloy, Graf“ found that the rate of hardening 
at 25°C after water quenching varies with solution 
the 
rate is given by solution treatment at 460°C. Further, 


treatment temperature; maximum hardening 
this alloy can be reverted by heating for a short time 
at 200°C. Re-aging after reversion is extremely slow. 
In order to determine the hardening characteristics 
of the present alloys, single crystais were solution 
treated at 460°C and water quenched. The course of 
aging at room temperature was determined by periodic 
after 


reversion (5 min at 200°C after hardening) was also 


measurement of Knoop hardness. Re-aging 


studied. No change in hardness was observed in the 
1.65 at.°,, Zn alloy during direct aging, reversion or 
For the 3.4 at.°, 
Zn alloy, hardening after quenching from 460°C is 


re-aging (but there is a change in o,). 
essentially complete within 20 min. On aging after 
reversion, the hardness of this alloy increases very 
slowly (about 2 per cent/hr for at least the first 10 hr). 
The 5.3 at.°, Zn alloy also hardens very rapidly after 
quenching from 460°C. Re-aging after reversion in 
this alloy occurs more rapidly than in the 3.4 at.°,, Zn 
alloy. 

In order to verify the presence of zones and to 
determine zone sizes, small-angle scattering measure- 
ments were made by a Geiger counter balanced-filter 
technique on thin foils of the alloys, using the appara- 
The zone size determinations 


tus set up by Kelly. 


Jan), 
Zones were found in the hardened 3.4 and 5.3 at.°, Zn 
alloys but not in the 1.65 at.°, Zn alloy; the radii 
56 A 104 A, 


These sizes are somewhat larger than expected, based 


were made using the method described by 


determined were and respectively. 
on Graf’s results. The difference may be due to the 
difference in the thickness of samples used for the 
Graf foils the 


samples used here were 0.025 in. thick and these were 


heat treatments, i.e. used whereas 
etched to foils after completion of the heat treatments. 
Perhaps a higher concentration of quenched-in vac- 
ancies in the thicker samples promoted the growth of 
larger zones. No zones were detected in any of the 
alloys in the reverted condition after as much as 5 hr 
after reversion, even though the hardness data for the 
3.4 and 5.3 at.°, Zn alloys indicated that zones were 
re-forming after reversion. The zones were either too 
few or too small to be seen by this technique. 

For the study of o,, the following heat treatments 
were used: 

(1) Zone-hardened condition—solution treated 1 hr 
at 460°C, quenched in 25°C water and aged 24 hr 


at room temperature (about 25°C). 
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AND 


l. Orientation of single crystal tensile axes 
L.65 at.% Zn 5.3 at , Zn 
@ 3.4 at.% Zn 6.0 at.°,, Ag 


Reverted condition 
at 200°C. 


(2) same as above plus 5 min 

Single crystal tensile coupons of each alloy with 
reduced sections approximately 0.100 in 0.030 in 
0.500 in. were hand shaped. The worked surface 
(about 0.007 
After 
tested with an Instron at a strain rate of 0.02 in./in. 
min. at 4.2, 77, 196 and 298°K. For the tests at 4.2°K 


an apparatus of the type described by Blewitt ef al." 


metal in.) was removed by chemical 


etching. heat treatment the crystals were 


was designed and constructed under the direction of 
J. G. 


deformation to the small amount necessary to deter- 


Byrne at this laboratory. By limiting plastic 


mine ¢, (about 0.5 per cent), it was found possible to 


use one sample for a series of tests. The specimen was 


REVERTED 


% 


C.R.S.S. Kg./mm®@ 


Pure AZ 


120 160 200 240 280 320 


TEMPERATURE, °K 


80 


Fic. 2. 
solution condition. The lower 
Zn at 4.2°K 

different sample from the others. 


for solid 
1.65 at.® 
re presents a 


Variation of o, with temperature 
the 


because it 


point for 


was disregarded 


OF 


Al-Zn ALLOY SINGI 


REVERTED 


C.R.S.S. Kg./mm@ 


2 3 


ATOMIC % ZN 


re-heat treated after each test according to procedure 
did recrystallization occur 


the 


1) or 
The 


mined 


In ho case 


orientations of tensile deter 


the 


specimens 


by back reflection Laue technique, are 


shown in Fig. | 


Because re-aging occurs, th samples 


were tested as quickly as possible after reversion 


At 298°K the tests were completed within 10 min 


after reversion At 196°K and 77K, the samples 


were in the low temperature baths within 10 min after 


reversion, and the tests were started as soon as tem 


perature equilibrium was reached (usually about 10 


min more Due to the involved procedure required 


for testing in liquid helium, the reverted samples 


remained at room temperature about 30 min beforé 


the cool-down period was started Because the 5.3 
at.°,, Zn alloy would have hardened to some extent by 
this time, it was not possible to test it at 4.2°K in the 
condition ot complete reversion 

in orrentation, variation 


load 


Errors in o, due to errors 


in cross-sectional area and measurement were 


about 5 pel cent 
The o 


in Figs 


reverted condition 
the 


results for the 
2 and 3. The 


plotted in Figs 


are plotted 
Zone h irc ned 


In Fig. 6 


results for 


condition are and 5 


18 plotted versus 7’ 


DISCUSSION OF RESULTS 
The 


discussed 


solid 
first 


will be 
for 


considerably 


condition 
Fig. 2, o.’s 


alloys 


solution (reverted 


As 


condition in 


indicated in the 


reverted the are 
aluminum at 
the 
fol 
aluminum” and the change in ratios of 07/64 » 
g for the for 
a2) The of solid 


do,/dcz,, increases with the concentration of Zn 


larger than for 
The 


considerably 


pure all temperatures 


magnitude of increase in cooling is 


the 


on 


large! alloys than for pure 


Fig 


are significantly greatet allovs than pure 


aluminum rate solution hardening 


2.0 
77°K 
1.5 
14.2°k 
196°K 
298°K 
a 1.0 
0.5 
0 5 6 
4 
Fic. 3. Variation of ¢ vith Zn content fi | 
° ition condition 
o 
ol. 9 
‘1G. 
961 
5§.28%Zn 
° 
1.0 
= 
0.5 1.65% Zn 
0 
40 


HARDENED 


5.28 %Zn 


3.43%Zn 


C.R.S.S. Kg./mm® 


% 


120 160 200 240 280 320 


TEMPERATURE, °K 


Fic, 4. 


hardened condition, 


Variation of o, with temperature for zone 
Data for 6 at.°, Ag is included. 


For dilute alloys, Seeger"®) proposed that the main 
effect of 


increase in dislocation concentration. 


impurities is to increase o, through an 


main effect here, the Oo23 


3 


196°K 
298 °K 


a 


C.R.S.S. Kg /mm? 
a 


3 

ATOMIC % ZN 

Kia. 5. Variation of o. with Zn content for zone 
hardened condition. 


If this were the 


0,» for the alloys would be 


6% Ag, Hard 
5.28 % Zn,Hard 


43% Zn, Rev 


1.65 % Zn, Rev 


120 160 200 240 280 320 


TEMPERATURE, °K 


Variation of o7/64.. with temperature for solid 
solution and zone-hardened conditions. 


out 18 


nearly the same as for aluminum. ° 
indeed larger for the solid solution state of these Al-Zn 


alloys. To explain the present results other strengthen- 
ing mechanisms must be considered. 

In these alloys the smaller zinc atoms might be 
attracted to the compression sides of edge dislocations. 
Lacombe and Berghezan"” have given indirect evi- 
dence for the segregation of solute atoms to dislocations 
in Al-12 wt.% Zn-1 wt.% Mg. 


pointed out,“ substitutional solute atoms produce 


However, as Cottrell 


only spherically symmetrical distortions in f.c.c. 
metals and should not have a strong interaction with 
screw dislocations. Because it is not expected that 
extended dislocations are important in the present 
alloys, we do not expect indirect anchoring of screw 
dislocations by Cottrell atmospheres. Only the edge 
components should be anchored by zinc atoms and the 
interaction should be small because the size difference 
is small. A very small yield point was observed at 
77K; the yield drop was about | per cent of o,. 
Jerky flow was observed at higher temperatures. 

As shown by Rudman et al.“® clustering exists at 
100°C in Al-Zn alloys containing 20-50 at.°, Zn. 
It is reasonable to suggest that the lower zine content 
solid solutions are also clustered, particularly because 
lower temperatures are being considered. Solid 
solution clustering is an important source of strength- 
ening because dislocation motion destroys the cluster- 
ing.“ At room temperature thermal energy would 
aid dislocations in cutting of small clusters of zine 
atoms but not appreciably at 4.2°K. This may be the 
origin of the large temperature dependence of o,. 


Here 


O7/O,9 Varies less with temperature than the ratios 


Consider next the zone-hardened condition. 


for the solid solution condition or pure aluminum. 
Also, da,/dez,, decreases with c,,, (Fig. 5). If the com- 
positions of the zones are independent of c,,, then, in 


view of the small difference in atomic size between 
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aluminum and zinc, f in equations (1) and (2) would be 
proportional to (¢ a), where c and a are the atomic 
concentrations of zine respectively, in the alloy and 
solid solution in equilibrium with zones. The Mott 

Nabarro internal stress hardening mechanism predicts 
a linear dependence of o, on (¢ — a), whereas the 
chemical hardening mechanism predicts o, propor- 
tional to (¢ — a)*. Since, as previously pointed out, 
equations (1) and (2) indicate that o, is independent of 
the zone size, the validity of definition (1) or (2) may be 
tested even though the zone size changed with the 
The 


hardening mechanism is more closely indicated by the 


alloy composition. zone-shearing chemical 
data, Fig. 5. 
From the above assumptions and equation (2), 


equation (3) may be obtained: 


The number subscripts refer to particular composit ions 


of alloys. Using the experimental values of o,’s for the 


zone hardened alloys, a value of 1.6 at.°, zine is 
ascribed to the matrix. 

If (c a) approximates the volume fraction of 
zones, the zone-shearing theory be tested by 
Fig. 7 shows this plot for 


can 


plotting o, vs. — 
the data at each of the temperatures. The results at 
298°K appear to follow a linear relation, as predicted, 
but at lower temperatures there is positive curvature 
Thus, at lower temperatures additional obstacles to 
the motions of dislocations appear to become impor- 
tant. 

There is further evidence for an additional mecha- 
nism of strengthening at low temperatures. As men- 
tioned previously, both the zone misfit theory and zone 
shearing theory predict a small temperature depend- 
ence of o,, particularly below 77°K; however, the 
observed temperature dependence is large in this 
region (Fig. 4). 

Two factors for increasing the temperature depend- 
ence come to mind. First, the zones are not uniform 


rather, the zine content decreases 


in composition ; 
from the center of the zone to the edge of the zine 
depleted shell. Thus, the cutting process is easier for 
dislocations intersecting zones reasonably far away 
from the equatorial plane. We suggest that thermal 


energy is helpful here at 298°K but not at low tem- 
peratures. 

Secondly, it has usually 
zones in Al-Zn alloys are ideal® (i.e. the face-centered 


unit cell of the matrix is not distorted in the region of 


been assumed that the 


the zone). This cannot be strictly true, because there 


is a4 per cent mismatch in the atomic radii of aluminum 


STRENGTH OF 


Zn ALLOY SINGLE CRYSTALS 


HARDENED 


C.R.S.S. Kg/mm 


c = At. %Zn in alloy 
a = At. % Zn in matrix 


We suggest that part of mismatch is taken 
located In the 


and zine 


up by edge dislocations somewhert 


region between the zinc-rich core and the zine deple ted 
shell 


would 


Following Seeger), cutting of these dislocations 


be a source of strengthening at low t mpera 


Again following Seeger“), this effect at O°K, 


tures 


a,(0), may be estimated 


Intersection 
the 


where (’, is the energy required for the 
the Assuming 


mismatch between the core and shell of a zone is | pel 


and v activation volume that 


cent, i.e. that the composition change in this region is 


100 4 is obtained. Assuming 


20, a 


25 at , a spacing /, of 


that value of 


the intersection distance d is 
of 


1’, to be the same as in pure aluminum (0.5eV) 
Since the 


10-*! em? is obtained Assuming 
19) 


2? kg/mm? is obtained for o,(0) 


10!7 mole, the 


value of 
concentration of zones is about spacing 
of zones is about 150 A. Thus even one dislocation per 
zone would give appreciable strengthening at 4.2°K 

In order to test the relative importance of these two 


effects. o. for zone-hardened Al—6 at.°,, Ag (solution 
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treated at 560°C, water quenched to 25°C and aged 
12 hrat 160°C) was measured at 4.2°K,77°K and 298°K. 
Here the mismatch in atomic radii is only 0.7 per cent 
and, consequently, the dislocation effect should be 
largely absent. The data for this alloy are also given 
in Figs. 4 and 6. Gy9./0, 5 is roughly 2/3 that in the 
zone hardened 5.3 at.°,, Zn alloy. We suggest that the 
difference in temperature-dependence of ¢, in the two 
alloys is due to mismatch dislocations in the Al-Zn 
alloys. The temperature dependence in the Al-Ag 
alloy and an equal part of the temperature dependence 
in the Al-Zn alloy, we suggest, is due to off-center 
cutting 
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ZUR PLASTISCHEN VERFORMUNG DES VIELKRISTALLS* 


E. KRONER#+ 


Fiir das Problem der Vielkristallplastizitat wird eine mathematisch und phy 


mulierung gegeben. 


problem, an das sich ein kontinuumsmechanisches Vielkristallproblem anschliebt 


Zu lésen ist danach (im wesentlichen atomistisch 


For 
in typisches Einkristall 
Di 


sikalisch korrekte 
zuerst « 


SeS 


guter Naherung sehr allgemein gelést und liefert die in den einzelnen Kornern herrschenden « 


Spannungen in Abhangigkeit von Vorgeschichte, A4uBerer Spannung und Orientierung 


Spannungen bestimmen die betatigten Gleitsysteme 


Vielkristall-Verfestigungskurve 


ON THE PLASTIC 


The problem of polycrystalline plasticity is given a formulation which is mathematicall) 


cally correct. 


has to be solved, whilst the second step implies a problem of elasticity theory 


DEFORMATION 


According to this at first a typical single crystal problem 


Nach Rechungen 


aus den 


Durchfiihrung dieser 


Einkristallkurven 


OF POLYCRYSTALS 


pny 


which is essentially atomistic 


applied to polyerystalling 


medium. This can be solved rather generally to a high degree of approximation and yields the effective 


stress existing in the individual grains as dependent on previous treatment, « 


tion. The effective stresses determine which glide systems are operated 


ss and orienta 


ali 


xternal stre 


With the aid of the ula 


tions the polycrystalline stress-strain curve can be derived from the single ery stal curve 


DEFORMATION 


PLASTIQUE 


DES POLYCRISTAUN 


Pour lk probleme de la plasticité des polycristaux, on donne une ¢ xplic ation qui est mathe matique 


ment et phy siquement correcte, 


léme de monocristal typique, auquel s’ajoute le probléme polycristallin 
probléme se laisse résoudre d’une fagon trés générale avec une bonne approximi 


tensions effectives qui subsistent dans les différents grains en fonction de hist 


extérieures et de lorientation. 
Les tensions effectives déterminent les systémes 
la courbe de consolidation polycristal s’étal 


cristaux. 


Il faut ensuite p’abord résoudre 


de 


du point de vue atomique le prob 


ju continuum canique 


ition et nous donne les 


oire préalable des tension 
Ces 


onsolidation dé 


glissement qui sont influencés 


des courbes ce 


a partir 


1. EINLEITUNG 
in ihrer 
1—4) 


Die vorliegende Arbeit unterscheidet sich 
zur 
An- 
stelle des Deformationsweges wird der Spannungsweg 
Probe 


sukzessives Anbringen 


Konzeption wesentlich von friiheren Arbeiten' 
Losung des Problems der Vielkristallplastizitat: 


durch 
Wegen 


des Greenoughschen Eigenspannungseffektes™ stimmt 


der vorgeschrieben, realisiert etwa 


von kleinen Lasten. 
die aus der angebrachten Last leicht zu ermittelnde 


makroskopische Spannung nicht mit den effektiven 


Spannungen der einzelnen Kristallite verschiedener 


Orientierung iiberein. Letztere lassen sich jedoch 


berechnen, wenn die effektiven **Einkristalldehnungs- 
kurven’’ vorliegen, die angeben, wie sich die Einkri- 
stalle unter einer bestimmten Spannung_ plastisch 
Die in den einzelnen Koérnern betatigten 
effektiven 
eindeutig bestimmt und kénnen ebenfalls angegeben 
Dadurch entfallt Notwendigkeit 


Auswahlprinzips Ermittelung 


verformen. 


Gleitungen sind durch die Spannungen 


werden. die eines 


besonderen zur der 


Gleitungen, wie es in Form des Prinzips der minimalen 


Mai 
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in den oben 


dort 


det 


Ansaitzen 


maximalen Arbeit 
Das heibt, 


Gleitsumme ode1 


genannten auftrat clie 


mittleren 


Methode 


enthaltene Problematik des sogenannten 


Orientierungsfaktors existiert in unsere! 
nicht 

Wir werden zum Zwecke einer einfacheren Darstel 
lung vornehmlich von einem Zugversuch und entspree 
Indessen 


aul 


hend von einer Dehnungskurve sprechen 
alle 


speziell geometrisch festgelegten Versuch, sondern sie 


beziehen sich unsere Formeln nicht einen 


konnen auf ein beliebiges Verformungsexperiment, 


auch ein solches mit variabler makroskopischet 


Deformation, angewandt werden, sotern sich die 


hinreichend viele Korner hinreichend 
Wir erheben den Anspruch der statis 
Exaktheit Damit 

Ist V die Zahl der Koérner in den Teilberei- 


chen der Probe, in denen die makroskopische Defor 


letztere tiber 
wenig Andert 
Formulierung ist 


tischen unsere! 


gemeint 


mation noch als homogen betrachtet werden kann, so 
Versuchen 


Schwankungsgesetz 


miissen sich bei vielen gleichartigen die 


MeBergebnisse gemih dem um 


die aus unseren Gleichungen folgenden Werte grup 


pieren. Die Schwankungsbreite geht bekanntlich wie 


1/4/.N, so daB bei hinreichender Feinkérnigkeit des 


Materials und nicht zu grober Inhomogenitit der 


<i. 

ol. 9 
961 
|| 


“ALLI 


Versuchsfithrung alle MeBergebnisse sehr dicht bei den 
theoretischen liegen sollten. Eine Frage fiir sich ist 
natiirlich, ob es gelingt, die Grundgleichungen mit 
geniigender Genauigkeit auszuwerten. 
Die eben hesprochene Exaktheit gilt nur, solange 


von Korngrenzenflieben und von Randeinfliissen 


abgesehen werden kann. Beide Effekte k6nnen relativ 
leicht behandelt 


darauf in dieser Arbeit 


zusitzlich werden. doch gehen wir 


nicht ein. Wir bringen nach 


Erliuterung unserer Konzeption in Sektion 2 die 


exakte Formulierung in Sektion 3, in der das konti- 


nuumsmechanisch zu l6sende Problem der Greenough- 
schen Spannungen abgetrennt erscheint. In Sektion 4 


wird dieses Problem sehr allgemein und in guter 


Niherung gelést. Wir kommen so zu einer gegeniiber 


der exakten Darstellung sehr vereinfachten und 


trotzdem brauchbaren Formulierung der weiteren 


Aufgabe 


chen Rechnung lassen sich wichtige halbquantitative 


{us dem Ergebnis der kontinuumsmechanis- 


Schliisse tiber den Ablauf der Vielkristallverformung 


ziehen. Hierzu dient die Diskussion in Sektion 5. 


2. KONZEPTION 


Der von uns betrachtete Vielkristall sei in seinem 
unbelasteten Ausgangszustand makroskopisch homo- 


und isotrop. Hierzu gehért insbesondere die 


Verteilung 


yen 


vollig regellose der Orientierungen und 


Kornformen. Wir verwenden zur Kennzeichnung der 
Orientierung eines Korns im spannungsfreien Aus- 


gangszustand die Eulerschen Winkel J, 4, yw, die wir 
zusammenfassend durch den Buchstaben (2 symboli- 
sin IdIdddy, also 


sieren. Insbesondere sei dQ 


fdQ S72. Der Mittelwert g einer Eigenschaft g(Q) 


ist dann g = fg(Q)dQ/8r*. 

Wir fassen nun alle Kérner, die im Ausgangszustand 
im Orientierungsbereich dQ um eine Orientierung Q 
liegen, zu einer Gruppe (Q) zusammen. In den 
einzelnen Kornern dieser Gruppe denken wir Span- 
nungen und Deformationen 6rtlich gemittelt, danach 
noch einmal eine Mittelung iiber die verschiedenen 
Korner der Gruppe durchgefiihrt, da Korner verschie- 
dener Formen im allgemeinen eine etwas verschiedene 
mittlere Spannung und Deformation haben. Die so 
effektive 


wir mit 


erhaltene mittlere oder Spannung der 


Gruppe (Q) bezeichnen 6,. Sie setzt sich 
additiv zusammen aus der von auBben an den Kristall 
angelegten makroskopischen Spannung o und der in 
den Ko6rnern erhaltenen, wie oben gemittelten Eigen- 
spannung (2.Art)o,.”. Entsprechend sei €,, die mittlere 
plastische Deformation der Orientierungsgruppe ({2). 
Mitteln wir o, und €,, iiber alle Orientierungen, so 


erhalten wir die makroskopische (beim Zugversuch 
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homogene) Spannung 6 bzw. plastische Deformation €.* 
Wir werden im folgenden 6, und auch €, als Funktion 
von o betrachten. 

Als Vielkristalldehnungskurve bezeichnen wir die 
Abhiangigkeit der plastischen Deformation € von der 


angelegten Spannung 6, wir schreiben* 
€ F(o). (1) 


Die Berechnung von F(o) ist das Hauptziel unserer 
Bemiihungen. 

In aihnlicher Weise bezeichnen wir die Abhingigkeit 
der plastischen Deformation €,, von der Spannung 6, 
als Kinkristalldehnungskurve bei der Orientierung 
Wir schreiben 

= £,,(¢,). 


man nun € durch 


Nach dem erhalt 
Mittelung von €, iiber alle Orientierungen, somit gilt 


oben Gesagten 


dQ. 


Wesentliche 


Vielkristalldehnungskurve 


enthalt bereits das 
Die 


F(o) ist hier zurtickgefiihrt auf 


Diese Gleichung 


unserer Konzeption: 


(1.) die im wesentlichen atomistisch zu ermittelnden 
Kinkristalldehnungskurven £,(¢,), 
kontinuumsmechanisch 


den im wesentlichen 


zu erhaltenden Zusammenhang 
Wegen 6, = 6 + 6,” beschreibt 6,(6) insbe- 
sondere die Ausbildung der Eigenspannungen 

bei steigender Belastung. 
Durch Differentiation 
erhalten Anstieg der 


kurve (die zur Verfestigungskurve invers ist) zu 


von Gleichung (3) nach o 


wir den Vielkristalldehnungs- 


SG 
oder mit 6, 


so 


* Die makroskopische elastische Deformation erg 


trivial, namlich durch Anwendung des Elastizitatsgesetzes auf 


die Spannung G. 


* Bekanntlich hangt die Dehnungskurve vom Spannungs 


weg ab, man hatte also genau genommen den Zusammenhang 
(1) und (2) differentiell zu schreiben, z.B. dé dé(da). Daraut 
kOénnen wir indessen verzichten, da wir einen ganz bestimmten 
Auge haben. 


Spannungsweg im 


zweter Tensoren mbolisiet t. 


Mit zwei Punkten wird immer das doppelt skalare Produkt 
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KRONER: ZUR 
Der Anstieg der Vielkristallkurve setzt sich alsozusam- 
men aus dem gemittelten Anstieg der Einkristall- 
kurven und einem Anteil, der mit der Ausbildung von 
EKigenspannungen 2.Art zusammenhangt. Die 
Entstehung der Eigenspannungen o,” resultiert aus 
der ungleichmaBigen Deformationder Koérner verschie- 
In vielen Fallen spielt die 


dener Orientierungen. 


UngleichmaBigkeit nur bei kleinen Deformationen 
eine Rolle, dann ist $0,” S6 bei gréBeren Deforma- 
Null, 


somit gleich der mittleren Einkristallverfestigung. 


tionen praktisch die Vielkristallverfestigung 


Es scheint dariiber hinaus sogar so, daB man diesen 
Satz naiherungsweise auch bei ungleichmaBiger Defor- 


mation gelten lassen kann. Im Gegensatz zum Inte- 


granden des ersten Summanden in Gleichung (5) 


wechselt der Integrand des zweiten Summanden als 
Denn 


Funktion der Orientierung sein Vorzeichen. 


ist immer positiv, wahrend 36,” im Gesam- 


torientierungsbereich gleich stark positiv und negativ 
auftritt: Der Mittelwert 
nach den Uberlegungen von Sektion 3 exakt. 


verschwindet 
Wir 
Beitrag des 


zugehorige 


erwarten deshalb keinen wesentlichen 
zweiten Summanden in Gleichung (5) zum Anstieg der 
Vielkristalldehnungskurve. 

Bevor wir naher auf die Einkristalldehnungskurven 
f£,(6,) eingehen, wollen wir in den nachsten beiden 
Paragraphen die Entstehung und Berechnung der 
genannten Eigenspannungen besprechen. 

3. ENTSTEHUNG UND BESTIMMUNG DER 
EIGENSPANNUNGEN 2.ART BEI DER 
PLASTISCHEN VERFORMUNG DES 
VIELKRISTALLS 


Von der Entstehung der Eigenspannungen 6, 


ma- 
chen wir uns—zum Teil im AnschluB an Greenough'? 
folgendes Bild: Bei 


Spannung o beginnt als erste die am giinstigsten 


einer bestimmten angelegten 
orientierte Korngruppe (Q) zu flieBen, wahrend alle 


anderen Ké6rner sich zunichst noch elastisch ver- 
halten. Einem Zuwachs do der Spannung 6 entspricht 
ein Anstieg der oben eingefiihrten mittleren plastischen 
Deformation um deé,. Handelt es sich z.B. um einen 
Zugversuch, so ist de, eine plastische Dehnung. Da 
diese von den iibrigen K6rnern nicht mitgemacht 
wird, muB sich der plastischen Dehnung als Reaktion 
der elastischen Umgebung eine elastische Deformation 
iiberlagern, welche die plastische Dehnung wenigstens 

Das heibt dab 
flieBenden 


Kigenspannungen 6," ausbilden miissen, die den 


teilweise riickgingig macht. also, 


sich in den Ko6rnern der Gruppe 


angelegten Spannungen 6 entgegengerichtet sind. 
Die eben beschriebenen Eigenspannungen bilden nur 
Man 


hat naimlich zusitzlich die geflossenen Korner als 


m.: E 
einen Teil der gesamten Eigenspannungen 69". 


5A (4 pp.) 


PLASTISCHEN VERFORMUNG DES 


VIELKRISTALLS 


EKigenspannungsquellen (elastische Dipole, Quad- 


fiir den Gesamtkristall anzusehen (jeder 


Kristallit 


rupole 


driickt ja seinerseits auf die 


geflossene 


elastische Umgebung und verformt diese dadurch 


ebenfalls). Da wir die Korner (Q) als. statistisch 


regellos im ganzen Kristall verteilt vorausgesetzt 


hatten, ist die zusitzliche Eigenspannung makrosko 
Wir 


bezeichnen diese makroskopisch homogene Spannung 


pisch homogen in der Probe (beim Zugversuch) 


mit o,”', wo der Index Q anzeigt, von welcher als 
EKigenspannungsquelle wirkenden Korngruppe diese 


Wir leicht 


wenn 


Spannung herriihrt kénnen nun 


E 
durch 6,” ausdriicken, wir einen bekannten 


Satz von Albenga'” heranziehen, nach welchem die 
iiber einen beliebigen Querschnitt der Probe gemit- 
telten Eigenspannungen verschwinden miissen. Das 
heibt 


Bei fortgeschritte ner Deformation 


flieBen 


bereits weiter 


bei einem erneuten Spannungszuwachs do 
simtliche Korner um die Eigenspannungen einer 


Gruppe (Q) werden dann zu 


(S) 


Wir setzen nun ohne Einschrainkung der Allgemeinheit 


mit einem noch zu bestimmenden, im allgemeinen von 
6, abhingigen Tensor 4. Stufe A,,. Setzen wir noch in 


Gleichung (8) Cn" oo 6 und in Gleichung (9) 


Eo so bleibt 


fA, dQ. (10) 


Durch diese Gleichung wird die Bestimmung des 


Zusammenhangs 6,,(6) auf diejenige von A, und fp 
Die stellen 


zurickgefiihrt. Gleichungen (3, 9, 10) 


Formulierung des Problems 
Vielkristalls dar 


Verfor - 


unsere mathematische 


der plastischen Verformung des 
Diese 


mungsbereich hin exakt. 


Formulierung ist tiber den ganzen 


DEI KONTINUUMSME- 
VON Ag 


4. ERSTE NAHERUNGEN: 
CHANISCHE BERECHNUNG 

Mit der obigen Formulierung ist uns die Aufgabe 
gestellt, (1.) die Einkristallkurven f£, (6,) und (2.) die 


fiir die Eigenspannungen mabgeblichen Tensoren Ap 


157 
 E 
= 
7) 
42 
oder mit Gleichung (6) 
E / 
Q 372 Q 
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(o,,) zu bestimmen. Im Prinzip ware dies exakt még- 


lich, in der Praxis werden wir uns mit gewissen 


Niherungen begniigen. Dabei ist es relativ leicht, fiir 
A. eine ordentliche Niaiherung zu finden, wie wir 
jetzt zeigen. 
Folgende Beschrankungen werden zunichst ange- 
nommen: 
(a) Die plastische Deformation €, soll volumener- 
haltend, also der Tensor €, ein Deviator sein. 
Dies ist in den meisten praktisch wichtigen 
Fiillen mit guter Naherung erfiillt. 
Die Spannungen @ und o, werden mit der 
linearen Elastizitatstheorie behandelt. Dies ist 
ebenfalls als gute Naiherung zu betrachten. 
Korner wird 


Die elastische Anisotropie der 


miBachtet. Da gemiB Gleichung (3) am Ende 
liber alle Orientierungen gemittelt wird, ist auch 
diese Vernachlissigung nicht ernst. 

Die Vernachliissigungen (a)—(c) sind nicht prinzipiell 
notwendiger Natur, sie k6nnen fallen gelassen werden, 
wenn man die entsprechende Mehrarbeit in 
nimmt. Dies lohnt sich indessen im allgemeinen nicht, 
da bei der Ermittelung der benétigten Einkristalldeh- 
nungskurven £,(6,) wesentlich grébere Fehler auf- 
treten. 

Unter den Voraussetzungen (a)-(c) kann der 
Deviator €, als Kigenspannungsquelle nur zu solchen 
Kigenspannungen fiihren, die ihrerseits durch einen 
Deviator beschrieben werden. Dann aber hat A, die 
form 

(11) 
Kinheitstensor 4. 


Schubmodul, E der 


Stufe ist (der bei doppelt skalarer Multiplikation mit 


wo G der 
einem Tensor 2.oder 4. Stufe diesen reproduziert). « ist 
eine dimensionslose, geometrische Konstante in der 
Nahe von l. 
kontinuumsmechanische Aufgabe, man kann sie auf 
behandelte 
B inner- 


Die Bestimmung von ~ ist die eigentliche 


das folgende von Eshelby'® eingehend 


Grundproblem zuriickfiihren: Ein Bereich 
halb eines elastisch homogenen und isotropen Kérpers 
erleide eine plastische Deformation €. Dabei entstehen 
in 6 gewisse Kigenspannungen. Fiir homogenes € und 
ellipsoidf6rmigen Bereich B sind diese Eigenspannun- 
gen homogen. Da wir bei der Definition von 6, und €, 
iiber die statistisch regellos vorkommenden Kornfor- 
men gemittelt hatten, haben wir eine mittlere Korn- 
form zu wihlen, als welche sich die Kugel anbietet. 
Fir diese erhailt man nach Eshelby « 16/15, wenn 
man die Poissonzahl des Mediums gleich 1/3 setzt. 
Da die exakt zu unserem Problem gehérige mittlere 
der Kugel zweifellos nicht stark 


Kornform von 


abweicht, ist « | sicher eine gute Naherung. 


ALLURGICA, 


Kauf 
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Die drei unseres 


Problems kénnen wir nunmehr unter den Ejinschriin- 


Grundgleichungen (3, 9, 10) 
kungen (a)—(c) durch die zwei Gleichungen 


F(c) 


5 dQ 
und 
| | 
+ aG | (13) 


ersetzen. Die letzte Gleichung schreiben wir unter 


Jentitzung von Gleichung (2) auch in der Form 


— €), (14) 


aus der ihr physikalischer Inhalt besonders leicht 
abzulesen ist (Sektion 5). 

Aus Gleichung (13) kann bei gegebenen Einkristall- 
kurven f,(6,) die Beziehung o,(¢) ausgerechnet 
werden, wonach aus Gleichung (12) die Vielkristall- 
kurve folgt. Die Berechnung von o,(¢) kann z.B. so 
dal (13) 
durch eine Summe ersetzt, indem man den Gesamt- 
Zahl 
Bereichen unterteilt, denen man je eine Kinkristalldeh- 


Worten, 


man ersetzt den infinitesimalen Orientierungsbereich 


erfolgen, man das Integral in Gleichung 


orientierungsbereich eine’ endliche von 


nungskurve £,,(6,) zuordnet. Mit anderen 


dQ der Gruppe (Q) durch einen endlichen Bereich AQ. 
AQ erhalt 


Losung der Gleichung (13) mit beliebiger Genauigkeit. 


Bei geniigender Kleinheit der man die 


EINKRISTALLVERFESTIGUNG. 
DISKUSSION 


5. DIE 


bleibt als zentrale Frage die 


Kinkristalldehnungskurven £,(¢6,). 


Zu besprechen 
Auffindung 


Gegentiber 


der 
den Fehlern, die heute noch bei der 
theoretischen oder experimentellen Ermittelung von 
f,.(6,,) in Kauf genommen werden miissen, sind die 
bisherigen Vernachlassigungen (a)—(c) véllig belanglos. 

Unter den Einkristalldehnungskurven £,(6,) haben 
wir nicht etwa die bei den bisher iiblichen Zug-oder 
Kinkristall 
Anfang 


Bereich leichter Gleitung (easy glide) haben, der darauf 


Schubversuchen am freien erhaltenen 


Kurven zu verstehen, da diese am einen 


beruht, die Versetzungen aus dem Kristall 


austreten kénnen (wir denken im folgenden vorwie- 
gend an kubisch flichenzentrierte Kristalle). Fiir die 
Versetzungen in den Kornern des Vielkristalls wirken 
dagegen die Korngrenzen als im allgemeinen uniiber- 
windliche Hindernisse, die den Laufweg stark begren- 
zen und zu Aufstauungen fiihren. Als Folge davon 


erhalt man nach Kochendorfer™ stark inhomogene 


Spannungen (3.Art) und Verbiegungen in der Nihe 


der Korngrenzen. Die dies beriicksichtigenden Einkri- 


stallkurven f£,.(6,) miissen daher am Anfang einen 
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Dabei 
Friedel 


die 


tritt 
hat 
fiir 


Bereich erschwerter Gleitung haben. 


offenbar ein KorngréBeneffekt auf. 


kiirzlich theoretische Richtlinien gegeben, 


eine naherungsweise Bestimmung der Kurven f£,(¢6,) 
wertvoll sein k6nnen, auf die verwiesen sei. Insbeson- 
dere konnte Friedel die experimentell beobachtete 
Korngr6Benabhangigkeit befriedigend erkliren. 

Kine direkte experimentelle Ermittelung der Kur- 
ven f£,,(6,,) erscheint uns zur Zeit schwierig, jedoch 
nicht unmodglich. Es kommt darauf an, fiir die zu un- 


tersuchenden Ejinkristalle Bedingungen zu _ schaffen, 


wie sie sie etwa auch im Vielkristall vorfinden. Insbe- 
sondere sollte ein Austreten von Versetzungen unter- 
bunden werden. Man kénnte z.B. an die Untersuchung 
von 
Uber 
interessante Versuche in dieser Richtung hat kiirzlich 
(1) berichtet. 


angedeuteter Weg wire vielleicht experimentell noch 


einzelner gréBerer Einkristalle denken, die 


kleineren Kristalliten eingeschlossen sind 


Chalmers Kin zweiter, von Chalmers 


Man k6nnte einen aus lauter 


Schichten 


leichter zu realisieren: 
mit statistischer 


Vielkristall 


diinnen einkristallinen 


Orientierungsverteilung bestehenden un- 


tersuchen. 
Als weitere Méglichkeit erscheint eine halb theore- 
tische, halb experimentelle Bestimmung der Kurven 


mit etwa 10 Prozent Genauigkeit bei den heutigen 


Kenntnissen des Plastizitatsmechanismus im Einkri- 
stall Hierbei 


Folgerungen, die wir jetzt vor allem aus der fiir unser 


durehaus denkbar. kénnen gewisse 
Problem grundlegenden Gleichung (14) ziehen wollen, 
niitzlich sein. 

Zuniichst sehen wir einen auBerordentlichen Anstieg 
der Eigenspannungen (2.Art) in der Korngruppe (2), 
wenn diese sich wesentlich anders verformt (€,), als 
das iibrige Material (€). Nun kénnen die Spannungen 


6,, solange kein Bruch eintreten soll, natiirlich nie 


groBer als die zugehérige Bruchspannung sein, fiir die 
10-8G bis 10-°G typische Werte sind. Also darf vor 


dem Bruch die maximale Differenz zwischen den 
Verformungen €, der verschieden orientierten Korner 
nie groBer als 10-%-10-? werden. Dies beweist, dab 
bei einer mittleren Deformation € von 10-3-10-* die 
Mehrfachgleitung bereits weitgehend eingesetzt haben 
mu, da man offensichtlich bei einer Deformation € 
durch Einfachgleitung in allen K6rnern Deformations- 
differenzen von der GréBenordnung € erhiilt. 
Tatsachlich diirfte die Mehrfachgleitung sogar noch 
Man 


leicht ab, daB bei einer bestimmten 


wesentlich friiher einsetzen. schaitzt namlich 


Deformation € 


die maximalen Eigenspannungen nicht gréBer als 


etwa die Halfte der gréBten Differenz zwischen den 
EKinkristallverfestigungskurven (bei dem betreffenden 


€) sind. Dieser Wert liegt aber zweifellos wesentlich 
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unter der Bruchspannung. Vorsichtig ausgedriickt 
dab 


bereits im wesentlichen unte1 


Deformationen im 


Mehr- 


kann man also sagen, die 
Bereich € 
fachgleitung ablaufen 

Mehrfachgleitung 
gewissen Grade Rechnung getragen, indem er fiir die 


in Bishop und Hill 


benétigte Einkristallkurve nicht die tiber die Orientie- 


Dieser hat Kocks’™ zu einem 


der Theorie von Taylor bzw 


Kinkristalle vet 


Kinkristalls, 


rungen gemittelte Kurve der freien 
wendet, sondern die Kurve eines freien 
bei dem aufgrund spezieller Orientierung schon von 
Anfang an Mehrfachgleitung einsetzt (z.B.(111 

Die dadurch erzielte Verbes 
Bere ich 
Laufwegverkiirzung det 
Da aut 
sehr bald wesentlich kleine 


die Auf 


bei zunehmender 


Orien 
tierung im Aluminium) 


hat Gleitung 


serung man dem erschwerte! 


zuzuschreiben, der aus eine 
Versetzungen bei Mehrfachgleitung resultiert 
diese Weise die Laufwege 


als die Korndimensionen werden, verliert 


stauungswirkung der Korngrenzen 


Deformation sehr rasch an Bedeutung Dies ist 


wichtig fiir die oben erwaihnte experimentelle Ermitte 
Nur Defor 


Prozent) muB man darauf achten, dab 


lung der Einkristallkurven bei kleinen 


mationen | 
Versetzungen aus dem betr. Kristall nicht austreten 
Jede 


liefert 


theoretische Behandlung der Verfestigung 


ZW ische 1 den 


Abgleitungen 


primir den Zusammenhang 
und den erfolgten 


schwierig, die in den Gleichungen 


Schubspannungen 
prinzipiell 
12, 13 


aus den theoretisch 


a in den Gleitsystemen 7 ist nun 


nicht hye 
nétigten Einkristallkurven £,,(6,,) 
leichter zugiinglichen Kurven 
Aus einem Zuwachs do,, der effektiven Spannung folgt 


eindeutig der Zuwachs dr?) der Schubspannungen in 


auszurechnen 


Gleitsystemen, womit auch die stattfindenden 
festgelegt \us 
diesen folgt aber wiederum eindeutig der Zuwachs d€, 
dah 
f£,,(6,) in den Gleichungen (1 


allen 


Abgleitungen eindeutig sind 


Dies bedeutet. wir die Einkristallkurven €, 


2. 13) eindeutig durch die 
zuginglichen EKinkristallkurven 


Dieses 


theoretisch direkter 


ao +ersetzen konnen etwas mihsame 


Programm wollen wir allerdings in der vorliegenden 
Arbeit noch nicht durchfiihren 

Im Gegensatz zu den meisten Einkristallkurven ist 
die experimentelle Vielkristall-Verfestigungskurve im 
Anfangsteil Diese 


kiirzlich 


abgerundet Erscheinung 
Friedel“ der 


einer Gaubschen Verteilung der Eigenspannungen in 


stal k 


wurde von unte! Annahme 


den Kornern erklirt. wobei die Halbwertsbreite dem 


Experiment angepaBbt wurde. Eine Uberpriifung det 
12, 13) 


mungsbereich, in dem all 


Gleichungen ergibt nun, dal in einem Verfor 
Einkristalle nach geraden 
flieBen, 


Der 


Dehnungskurven (verschiedener Steigung) 


auch eine geradlinige Vielkristallkurve resultiert 
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Greenoughsche Effekt fiihrt somit nicht zu einer 
Abrundung dieser Kurve. 

Daher méchten wir die Abrundung der Vielkristall- 
Zuniachst biegt zweifellos 


jedesmal, wenn eine neue Korngruppe zu_ flieBen 


kurve wie folet erklaren: 


beginnt, die Verfestigungskurve etwas ab. Die so 


entstehende Abrundung sollte nach dem oben gesagten 


bei etwa 0,1 Prozent beendet sein. In den meisten 


Experimenten ist der Verformungsbereich unter 0,1 


Prozent nicht mehr zuverlissig erfaBt, statt dessen 


beobachtet man eine Abrundung der Verfestigungs- 
kurve in der Nahe einer Deformation € von vielleicht 
| Prozent. Nach Friedel™® hat man in diesem Bereich 
einen Abbau der an den Korngrenzen und evt. anderen 
Hindernissen aufgestauten Versetzungsgruppen zu 
erwarten, etwa in Form einer Polygonisation oder 
anderer Erholungsvorginge. Danach geht weiteres 
FlieBen wieder mit geringerer Verfestigung vor sich. 
Jedes Mal, wenn in einer neuen Korngruppe (22) dieser 
Abbau 


abbiegen. 


erfolet, muB die Verfestigungskurve etwas 
Das Auftreten 


gewissen Verformungsbereich erstreckenden 


einer sich iiber einen 
Abrun- 
dung zeigt somit an, daBb der Abbau der Aufstauungen 
nicht in allen Kérnern gleichzeitig erfolgt, andernfalls 
hitte man einen Knick anstelle der Abrundung. 

Der Verfestigungbereich im AnschluB an den Abbau 
der Aufstauungen entspricht nach Kocks"”) im Fall 
kubisch flachenzentrierter Kristalle dem Bereich II der 
Kinkristall-Verfestigungskurven. Hier sind die Lauf- 
wege der Versetzungen bereits wesentlich kiirzer als 
die Korndimensionen geworden, die Korngrenzen 
haben damit ihre maBgebende Rolle als Hindernisse 
verloren. Ein spiter einsetzendes, erneutes Abbiegen 
der Vielkristall-Verfestigungskurve scheint das Ein- 
setzen von Quergleitung anzuzeigen. Diese wird schon 
nicht durch einen Knick sichtbar, 


beim Einkristall 


sondern durch stetiges Abbiegen. Entsprechendes 
beobachtet man beim Vielkristall. 
Methode 


Die Rechnun- 


Numerische Rechnungen unserer 
befinden sich noch im Anfangsstadium. 
gen lassen sich recht gut in Bereichen durchfiihren, in 


Von 


der 


denen die Einkristallkurven fp(69) Gerade sind. 
Debatin”®? Rechnungen unter 
Annahme durchgefiihrt, daB der Bereich | 
gehérigen Verfestigungskurven dieselbe Stei- 
gung wie der Bereich II hat. Damit erhalt Debatin eine 
Verfestigungkurve, die zwar iiber der mittleren (freien) 
betrachtlich 
Dies stimmt mit der 


wurden solche 


der zu 


Kinkristallkurve, aber noch unter der 
wahren Vielkristallkurve liegt. 
vorausgesagten Tatsache iiberein, daB der Bereich I 
der Einkristall-Verfestigungskurven wesentlich steiler 
als der Bereich IT sein muB. 


Die Rechnungen von Debatin haben weiter gezeigt, 
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da die Eigenspannungen 2. Art kein Hochschieben 
der Vielkristall-Verfestigungskurve gegeniiber den 
EKinkristallkurven bewirken. Qualitativ ist dies leicht 
Uber den Querschnitt der Probe gemittelt 
verschwinden die Eigenspannungen. Im einzelnen 
daB bei der 
Arbeit 
ungiinstig 


Auf 


Formanderung der 


erklart: 


verteilen sie sich so auf die Korner, 


Verformung der giinstig orientierten K6rner 


gespart wird, die dann zugunsten der 


orientierten Korner verausgabt wird. diese 


Weise 


Vielkristallkurve bewirkt 


kann zwar eine gewisse 


werden, aber keine Insge- 
samtverschiebung nach oben. 
Wir 


Problems in 


Die des 


exakt, die 


zusammen: Formulierung 
Sektion 3 


Formulierung in Sektion 4 noch eine so gut tiberseh- 


fassen 
war einfachere 
bare Naherung, daB wir in Sektion 5 zuverlassig 
begriindete Detailvorstellungen iiber den Ablauf der 
plastischen Verformung im Vielkristall geben konnten. 
Dabei zeigte sich, da} der zumindest vom theoretischen 
Standpunkt interessanteste Bereich derjenige von 
Deformationen unter etwa | Prozent ist. Bei gréBeren 
Verformungen bleibt als typisch fiir den Vielkristall 
nur noch der Effekt der Eigenspannungen 2.Art iibrig, 
der mit Hilfe der Mehrfachgleitung verhindert, dab 
etwa einzelne Korner bei Unregelmabigkeiten ihrer 
Verfestigungskurve sich plétzlich wesentlich anders 
verformen, als die tibrigen. 

Fiir das Hochliegen der Vielkristall-Verfestigungs- 
kurve ist allein das maBbgebend, was bei Deformationen 
unter etwa 1 Prozent passiert. Grob kann man diese 
Ereignisse in die folgende Skala einordnen, die jedoch 
nicht zu genau genommen werden sollte: 

0<€< 10°: Einsetzen 


fachgleitung in den verschiedenen Korngruppen (2). 


Allmahliches von Ein- 
Aufstauungen von Versetzungen an den Korngenzen, 
verbunden mit der Ausbildung starker inhomogener 
Spannungsfelder (3.Art). Aufbau von Greenoughschen 
Spannungen (2.Art). 

10-4# € < 10°: 
Verstirkung der obigen 


Allmiahlicher Ubergang zu Mehr- 
fachgleitung, Spannungs- 
felder. Aufstauungen auch im Korninneren. 
<€ 10-*: Allmahlicher Abbau der 
mogenen Spannungsfelder durch Erholungsvorginge, 


inho- 


Ubergang zum gleichmaBbigen FlieBen. 


Eine gewisse experimentelle Bestatigung dieser 


Vorstellungen von ganz anderer Seite her méchten 
wir in den neuen Messungen von Schwink und Zank!|“* 
iiber die Remanenz gereckter vielkristalliner Nickeld- 
rihte sehen, bei denen der Bereich kleinster Deforma- 
tionen (ab 10~*) sorgfaltig beriicksichtigt wurde. Eine 
ausfiihrliche Diskussion mag vielleicht spater folgen. 
Da®B magnetische Eigenschaften und plastische Ver- 


formung eng nebeneinander hergehen, ist wohlbekannt. 
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Rechnet man die in Ref. (14) gezeichneten Kurven Literatur 
Remanenz—Zuglast in Kurven Remanenz—plastische sel 62, : 
Verformung um, so kommt der starke Abfall der 
Remanenz in den Verformungsbereich 10~°—10-4 zu 
I 
liegen, waihrend der spitere Anstieg in der Gegend 5 B. GREENOUGH 
10-* stattfindet. Es liegt nahe (vgl. Ref. 14), diese E KRONER 
Erscheinungen mit dem Auf- und Abbau der inhomo- 7. G. ALBENGA 
54, S64 (1918 
bindung zu bringen. Das _ wirklich Interessante OCHEN 
I< 
passiert auch hier bei Verformungen unter etwa 1-2 alas DI : in 
Jseviel I 


Prozent. Wir glauben daher, dali Messungen bei 1]. B. 


genen Spannungsfelder an den Korngrenzen in Ver- 


Sfra/ 


Westf.. 1960 


kleinsten plastischen Deformationen die weitere 


Aufklarung der Vielkristallverfestigung in besonderem 12. U. Kocxs. Diplomarbeit Géttingen 4 
13. K. DesBatry, Diplo elt ittgart (1960 
l 


Make fordern kénnen. - 

t. Ch. SCHWINK u. G \NKI is. 158, 151 (1960 
Den Herren Professoren U. Dehlinger und A. Seeger 

mochte ich fiir [hr Interesse und Kommentare zum 


Manuskript herzlich danken. 
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LETTERS TO THE EDITOR 


X-ray study of aged Au—Ni alloys* 


the low aging 
behaviour of gold-rich gold—nickel alloys“ 


that 


Previous studies of temperature 


3) have 


shown there is a marked difference in aging 


i500 


O 20 40 60 80 100 
Au Ni in Atom % Ni 
Fic. 1. Constitution diagram of Au—Ni system. The 
horizontal dashed line shows the composition range of 


specimens used in this work. 


immediate interest in this note is the aging behaviour 
below 225°C which is characteristic of an age-hardening 
system.) A detailed description of this latter 
process has not been possible but certain features of the 
data indicate that aging below 225°C very likely 
involves a distinct clustering of atoms. These clusters 
may consist of groups of like atoms (either Au or 
Ni) or, structurally, regions of higher geometric order. 

It is 


homogeneously, as might be expected from the posi- 


not known whether this clustering occurs 
tive heat of mixing of the alloy, or whether it occurs 
defects 
Measurements were made of the 


by segregation at such as dislocations or 
stacking faults. 
relative shifts of the X-ray diffraction peaks during 
aging. The observations were made using a General 
Electric XRD-5 proportional counter-diffractometer 
filtered 


observe the possible changes in short-range order 


with nickel CuKsz radiation. In order to 


implied by a clustering hypothesis measurements 


were made of the diffuse scattering from quenched and 
aged specimens using the reflection technique of 
Flinn et al.™, 


The specimens used were in the form of plates 
0.03 in. thick and lin. x }in. in area. They were 


prepared from gold and nickel of 99.9 per cent purity, 


1Q 
(111) 


o—« quenched 


aged at 


4 


Wes 
(400) 


45.5 46.0 


85.0 102.5 103 


29°. 


Fia. 2. 


behaviour between a specimen quenched from high 
temperatures and annealed above 225°C and the same 
quenched specimen annealed below this temperature. 
The annealing behaviour above 225°C is readily de- 
scribed as being due to a discontinuous precipitation 
process resulting in a two-phase lamellar structure of a 
Of more 
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gold-rich and a nickel-rich phase (see Fig. 1). 
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Relative shifts A(20) of the (200)—(1 
lines for a 36 at.% nickel and 64 at.° 
from 850°C and aged 


) and the (400)—(222) pairs of 


11 
Id alloy which was quenched 


hr at 150°C, 


Ni and 64at.% Au. 


Prior to the measurements the specimens were given 


having a composition 36 at. 
a homogenizing anneal in vacuum for 8 days at 50°C 
below the melting point of the alloy. They were then 
given a solution heat treatment in vacuum for 20 min 
at 850°C and quenched in silicon diffusion pump oil. 


Measurements were made as soon after quenching as 
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the 


possible. After making measurements on as- 
quenched specimens they were placed in a constant 
temperature annealing bath (~150°C) and annealed 
130 hr. After this annealing treatment the 


specimens were removed and the X-ray properties 


for about 


of the aged specimens measured. 

Data taken from measurements of the X-ray line 
positions are shown in Fig. 2, all line positions being 
0.01°. The initial as-quenched 

after 
All quenched 


specimens were given a surface polish to eliminate 


reproduced to within 
line positions were reproduced to within 


aging, re-annealing and quenching. 


effects due to quenching stresses and to minimize 
effects due to composition changes through surface 
loss. The line positions were standardized against the 
(1000) reflections of a quartz single cry stal. 

The measured value of A264 of the (200)—(111) line 
0.07 while the measured 
0.05>. 


to 


separation amounted to 
A294 for the (400)—(222) line separation was 
The A260 
within 0.02°. The nature of the relative line shifts 


observed was such as to indicate that the formation of 


measured values were reproducible 


stacking faults occurred during the aging treatment. 
Applying the analysis of Warren and Warekois) for 
single (111)-plane deformation faults to the (200)—(111) 
shift one obtains a stacking fault probability of about 
0-0069 for this alloy. This amounts to an average of 
fault in every 145 (111) planes. The 
obtained for the A260 of the (400) 
line is smaller than is to be expected from the 
result the (111) 
although it is of the right sign. In addition it 
found that the shifts of all the other lines were con 
Very little 


one stacking 
value of 0.05 


222) 


obtained for (200) pair of lines 


was 


sistent with the stacking fault hypothesis. 
line broadening was observed in the aged specimens 
except at the (400) peak. 

Recently Sileox and Hirsch, using 
thin 


an electron 
microscope, observed in gold foils contrast 
effects caused by quenching and aging these foils; 


they explained these as being due to tetrahedral 
stacking faults. This configuration was described as 
the of 


configurations 


and coagulation 
the 


being formed from collapsed triangular sheets of 


resulting from migration 


excess quenched-in vacancies; 


vacancies. Since both gold and nickel are materials 
showing low stacking fault energies it is reasonable 
to expect Au—Ni alloys to exhibit low stacking fault 
energies as is the case for the Cu—Ni alloys. 

In the light of these results it seems most likely that 
the excess quenched-in vacancies migrate and coagu- 
late during aging to form platelets on one or the other 
of the close-packed planes of the lattice. The collapse 
of the platelets results in the formation of tetrahedral 
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where nickel atoms might tend to 


to the 


solute atoms and stacking faults proposed by Suzuki” 


stacking faults 


segregate due chemical interaction between 


The short-range order coefficients 4, ol the alloy in 
the aged and as-quenched states were determined 


from the experimentally observed diffuse X-ray 


0.021) show fair 


scattering.“) Our values for (~ 


agreement with the results of Flinn”. The changes in 
short-range order were quite small (there seems to be a 
being smaller than expected 


slight decrease in 


and are almost within the error of the measurement. 
The most 
was a small general decrease in the diffuse intensity at 


that the 


noticeable feature of the diffuse scattering 


all angles. It would seem therefore tendency, 


for clustering is small and that the clusters. if formed, 
are small. As has been noted before, these results are in 


basic disagreement with the quasi-chemical type of 


theory for solid solutions.“ 
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Rate sensitivity and dislocation velocity in 
silicon iron* 

The variation of dislocation velocity with applied 

parameter in many problems 


the 


Stress is 
ot 
velocity of individual dislocations have been made for 


') and by Stein 


an Import int 


dislocation theory Direct measurements of 


LiF by Johnston and Gilman and Low 
tor 3} Ke 


etch pits are not applicable to all materials and a more 


Si Their techniques using dislocation 


general technique ot measurement would hye desirable 
In ol the 


Electric Research Laboratories. it was conceived that 


discussions with other members General 


ce tel 
This 


note presents the results of experiments carried out 


the slope of the stress—velocity curve might be 


mined from measurements of rate sensitivity 


to determine the validity of this method. 
For any deformation process the strain rate can 


be expressed as 


Nvb 


| 
2, 92 
1 Wet. 3, 558 (1955 
wes 
| / 
| V 8, 473 (195 
4. 72 (1959 
\4, 455 
* Received August 7777 
c= 
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where N is the number of dislocations moving at a 


velocity. v. each one of which gives a translation, b, 


equal to its Burgers’ vector. This expression has been 


used expressly or implied in many of the treatments 
of rate sensitivity.°-» If we take logarithms of both 
sides of equation (1) and differentiate with respect to 
stress we obtain 

6 log v 


fa) log € 0 log N 


0 log logo log a 
The left hand side is equal to 1/n where x is the usual 
If log N/d log oa 


is a negligible quantity then 


rate sensitivity exponent. subse- 


quently called dN(c) 
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we may obtain the value of the slope of the log v-log a 
The 


stress 


relation—subsequently called dv(c). value of 
ON(c) if the 


generate many new dislocations or move many pre- 


is small increase in does not 


viously stuck dislocations. Many of the equations 
used in treating rate sensitivity assume that dN(o) is 
negligible.) It is not necessary that all dislocations 
present in the crystal move but simply that the 
number moving be independent of stress. The value 
of dN(oa) will generally be positive so that we should 
expect equation (2) to give a value equal to, or 
greater than, the actual dv(c) for single dislocations. 
We will assume dv(o) is relatively independent of 


stress as is the case for LiF.“ 


Results 


oO ° 
silicon 


The tensile tests were carried out on 34% 
iron single crystals made in the same fashion as Stein 
and Low™). Every attempt was made to use similar 


material but differences in flow behavior would be 
expected to have little effect on the slope of log v-log o 
curve. The tests were made at room temperature on 
0.020 in 0.230 in. flat specimens with a | in. gage 
length. The rate sensitivity was measured from an 
instantaneous change in rate of head motion by a 
factor of 10. 


0.002 min“! to 2.0 min-! with no apparent variation 


Tests were made over the range from 


in results. A typical curve is shown in Fig. 1. 


There are three features of the results given in 


Table | which are noteworthy: 


(1) The value of 1/n is 62-70 as compared with the 
value of 35 for d log v/d log o observed by Stein 


and Low. 


TABLE | 


0.002 0.020 


Stram 


0.0038 
0.013 
O.OLS 
0.023 
0.028 
0.033 
0.0388 
0.043 
0.048 
0.053 
0.058 
0.063 


0.020 0.200 


0.077—0. 111 All values 76 


Crystal 2 


Strain 


0.006 
0.01] 
0.016 
0.021 
0.026 
0.031 


0.01 


0.040 
0.045 
0.050 
0.055 
0.060 
0.065 
0.070 
O.075 
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= 
Crystal | 
0.2 Es 2.0 
L/n L/n 
Rate ine. Rate dec. Rate inc. Rate dec. 
69 83 
OS 
84 69 
71 70 
71 61 
7] 61 
71 
é, = 0.1 
62 
72 62 
72 62 
So (7) 74 
77 
74 
74 
64 
63 
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(2) There are high values of 80-001 at low strains 
(€ 0.02). 

(3) The value of » is independent of the direction 
of the rate change for e 0.02. 


The difference between the value of 35 


measured 
directly by Stein and Low and the present value of 
62-70 indicates that ON(o) in equation (2) is not 
negligible. Any rate change then is accompanied by 
an increase in the number of mobile dislocations as 
well as an increase in their velocity. An accurate 
calculation of the increase in number is not possible. 
The high values at low strains suggest that there is a 
rapid increase in the number of active sources in this 
part of the test. 

The observation that increments and decrements in 
rate give equivalent values implies that the number of 
dislocations requiring only a small stress change to 
stick (or unstick) them is quite large. 

These results clearly indicate that the rate change is 
accomplished by an increase in both the number and 
velocity of moving dislocations. It is also plausible 
that the rate changes accompanying a temperature 
change is a duplex process and that interpretation of 
the “activation energy for deformation as proposed 
by Dorn™ should be examined. 

These tests and the results were discussed with J. R. 
Low, Jr., W. G. H. W. Schadler, Dale 


Stein and J. D. whose and 


criticism have been valuable. 


Johnston, 
Livingston comments 
Discussions with J. J. 
Becker of his successful measurement of velocities of 
magnetic domain walls using analogous techniques 
A. Smith and D. C. 


assisted with the mechanical tests. 


have been helpful.  E. Lord 


R. W. GuarRpD 


General Electric Company 
Me tallurgical Products De partment 
Detroit, Michigan 
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Hardness of silver chloride containing 
impurities* 
Luhman and Gorum" have published some observa- 
tions on the effect of impurities on the strength of 


silver chloride. This note presents some rough meas- 
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urements of the hardness of silver chloride containing 
cationic impurities. These measurements were made 


on thin (350 uw thick) single crystals grown between 
optically polished plates of hard glass. 
for details of the method of growing.) 

The crystals were first annealed for 8-16 hr at about 
420°C. 


or CdCl, had been added while being grown wer 


Pure crystals and those to which either CuCl, 


annealed in chlorine at a pressure of about 300 mm of 
Hg. CuCl had added 


annealed nitrogen: the forme 


Those to which been were 


in either chlorine or 


thus contained, effectively, divalent coppel while the 
latter contained monovalent coppel 
They then 


microhardness 


GKN 


which operation they 


were indented by means of a 


tester, during 


were kept on polished brass. The diamond hardness 


number, H, was calculated by using the following 


formula 


H 2P sin 0/D*. 


load on the diamond (kg 


for the 


Here r the 
) 68 
D the 


lmipre 


diamond of the teste 


mean diagonal of the diamond 


mm 


The the surfaces of erystals grown 


between optically polished plates ot glass is random 


orientation of 


It is, therefore, not possible to say what crystallo 
graphic faces were indented and whether there exists 


The me 


as giving qualitative 


any anisotropy in indentation hardness LSU 


ments are to be looked upon 

information only 
H was found to 

cases but it was not possible to try to determine thi 


Table | gives the of H 


field was 


vary monotonously with P in all 


functional relationship values 


When examined by dark illumination it 


found that and (7 


the dislocations in materials (4) 


the These are 


Although no 


materials (2 3) and (6) 


were decorated throughout volume. 


then cases of precipitation hardening. 


decoration was observed in 


the greater values of H for them indicate that pre 


cipitate particles too small to be observed by dark field 


illumination in the optical microscope exist in them 
(A part of the hardness may be due to solid solution 
This with the 
solubility of CuCl, and CdCl, in AgCl. 

No decoration was observed in materials (1) 
Monovalent 


conclusion is not inconsistent small 


and 5 


coppel has a very 


and it 


which is expected 


chloride may be 


high solubility silver 
mentioned in passing that there is no obvious pre 
cipitation in crystals containing as high a concentration 
therefore, not 


What 


is surprising is that the values of H for crystals con- 


as 1/10? (see 3). It is surprising 


that CuCl does not make AgCl harder. however, 
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TABLE 1 


rial Annealed in 


Chlorine 
Chlorine 
Chlorine 
Chlorine 
Nitrogen 
Chlorine 
Chlorine 


Note: Concentrations are given as mol/mol, 


taining CuCl are consistently lower than the corre- 


sponding values for pure crystals. The difference is 
more noticeable at lower loads. 


Parasnis and Mitchell™ have demonstrated by 


means of the material (5) that a growing particle of 


photolytice silver finds room for itself to grow in the 
lattice by generating positive prismatic dislocation 
directions from the 
The 


fact that this phenomenon is observed only in material 


loops which glide away in <110 


interface between the particle and the matrix. 


containing monovalent copper is certainly connected 
with the much higher photosensitivity of that ma- 
terial. (See Ref. 3 for a discussion of this point.) It 
stated by Mitchell that 


exposure to actinic light the crystals containing 5/104 


was Parasnis and before 
CuCl were free from precipitate particles as seen by 


The fact that HT for 


these crystals is not greater than that for pure crystals 


intense dark field illumination. 


may be taken to mean that even precipitate particles 
unobservable in the microscope do not exist before ex- 
posure. In other words, particles around which pris- 
raatic dislocations are observed (see the photographs 
in Ref 4) are produced during exposure—a conclusion 
already reached by Parasnis and Mitchell on the basis 
of other observations. Whether the softness of the 
material, as compared to pure material, plays any 
part is too early to say. Perhaps it does not, because 
the generation of prismatic dislocation loops by grow- 
ing particles of photolytic silver has been observed by 
Hamilton and Brady® in grains of photographic 
emulsions not sensitized by copper. 

I wish to thank Dr. J. W. Mitchell for introducing 
me to the problem. 

A. PARASNIST 

H. H. Wills Physics Laboratory 
University of Bristol 
Bristol. England 


+ Present address: Physics Department, India Institute of 
Technology, Kanpur, India. 
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Interaction de dislocations, écrouissage et 
production de défauts ponctuels dans 
les métaux c.f.c.* 


Les observations au microscope électronique’ 


montrent que les lames minces de monocristaux 
c.f.c. écrouis contiennent un réseau tridimensionnel de 
dislocations. Celui-ci rend a devenir isotrope quand 
durcissement linéaire. 


on atteint le stade de 


Seeger avait construit un modéle d’écrouissage 
dans lequel il supposait que les contraintes internes 
dans un cristal comprenaient deux termes: 

(1) Un terme o,, dépendant de la température, 


da a la formation des crans sur les dislocations 
mobiles lorsque celles-ci coupent les dislocations de la 
‘“forét’’ de dislocations. Ce terme est proportionnel a 
1/l’, ot l’ est la distance entre les noeuds du réseau de 
dislocations. 

(2) Un terme o;, indépendant de la température. 
Ce terme est lié a lexistence de contraintes élastiques 
& distance dues a la présence des dislocations du 
réseau ne coupant pas le plan de glissement des 
dislocations mobiles. 

Cette théorie permettait de donner une explication 
satisfaisante de la loi de Cottrell et Stokes a condition 


de 


que les contraintes indépendantes de 
la température étaient également proportionnelles a 
Hirsch” 


a également fait remarquer quil convenait d’analyser 


inverse de la longueur du pas du réseau. 


linteraction élastique et Vinteraction au contact des 
de la “‘forét”’. 


d’étudier de 


dislocations mobiles avec les ‘‘arbres”’ 


Il nous a done semblé intéressant 


maniére détaillée, et A Vaide d’un modéle un peu plus 


général, Vinteraction d'une dislocation mobile dans 
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No 
3 10 380 loo 
Pure AgCl 659 
3 AoC] 1/104 CuCl, 6.36 5 
1.26 5.93 5.51 
5 AoC] 5/104 CuCl 6.07 
6 AoC] 1/102 CdCl 96 “er 
: | 7.26 6.46 5.63 5 i 
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son plan de glissement avec la forét de dislocations 
percant ce plan, et appliquer les résultats de cette 
étude au durcissement. 

C’est ainsi que nous avons pu établir les points 
suivants: 

(a) Les contraintes internes indépendantes de la 
température o, peuvent se mettre sous la forme: 

ub 


ub 


est le module élastique du métal, 


est la longueur du vecteur de Burgers des 
dislocations, 
est le pas du réseau tridimensionnel de disloca- 
tions, supposé isotrope / est proportionnel a 1’; 
pp est la densité de dislocations, 
p est un coefficient numérique. 
Le calcul donne pour / une valeur de lordre de 4. 

(b) A une température donnée, le rapport entre 
contraintes internes dépendant de la température et 
température est 
de la 


densité du réseau, en accord avec la loi de Cottrell et 
Stokes), 


contraintes indépendantes de la 


indépendant du degré d’écrouissage, donc 


(c) Le nombre de défauts ponctuels créés au cours 


de l’écrouissage est donné par la formule: 


A 
o dé 


yp 


dn 


est le nombre de défauts formés par unité de 
volume, 
la contrainte appliquée, 
l'allongement, 
un coefficient numérique de ordre de }. 
Nous nous proposons de comparer les résultats de 


caleuls aux valeurs expérimentales. 


Contraintes 


La relation entre les contraintes internes et le 


nombre de dislocations présentes dans un monocristal 


peut étre obtenue de trois maniéres différentes : 


(i) 


longueur des ares du 
41-9) 


Mesures directes de la 
réseau de dislocations dans une lame mince. 
Mesures de résistivité électrique.” 

Mesures de la variation des contraintes internes 
avec la température. 11.12) Ces derniéres 
mesures ne donnent pas directement la relation 
entre la densité de dislocations et les contraintes 
mesurées. Il est cependant possible de le faire a 

l'aide des équations de Seeger"). 
Les résultats sont résumés dans le Tableau 1. 


Ces résultats sont donc satisfaisants pour les métaux 


THE EDITOR 
TABLEAU | 
Métal 


léthode expérimentale 


Aluminium 
ll 


Variation des contraintes 
avec la température Basinski 
Curvre 
Cottrell et Stokes 
Nickel 

Haasen"! 


Mesure des 
électrique 


Culvre 


Me sures directs S Sur 
des lames minces Bailey et Hirsch 
Fer* 

MacLean 


Calcul théorique Saada'® 


* Nous avons donné ce 


On peut montrer cependant que la 


resultat bien que le fer soit un métal 
theorle 


doit 
celles que lon obtient dans les métaux c.f. 


t 
ipplique « 


donner en principe des valeurs de assez voisines de 


13 


contenant des dislocations trés peu dissociées (alu- 


minium). Ils sont encore du bon ordre de grandeuw 
pour les métaux contenant des dislocations fortement 


dissociées culvre). 


Défauts ponctue ls 


Notre formule relie le 
et 


nombre de défauts produits 


aux contraintes aux allongements. II est done 


nécessaire de tracer simultanément les courbes n(e) 


et o(e) donnant respectivement la variation du 


nombre de défauts avee l’allongement et la courbe de 
traction. 
de Blewitt™! 


plissent ces conditions. 


A notre connaissance seules les expériences 


sur des monocristaux de cuivre rem 


Dans ces experiences o(&) une droite et nous 


prévoyons que }est une parabole. C'est exactement 
le résultat obtenu par Blewitt avec une valeur de A 
de ordre de 
Notre 


poly cristaux 


formule est en principe valable pour les 


Une comparaison avec les résultats de 


Druyvesteyn sur l'aluminium et le cuivre polycris 


tallins conduit a un accord semi quantitatif de la for 


mule théorique avec les résultats expérimentaux. 


G. SAADA 
De partement Physique ITRSID 
ISS. rie du Pre side ni Roose i“ lt 


Saint-Germain-en-Laye (S. et O.). France 
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ERRATUM 


T. Cuovu, F. GArRoraLo and R. W. Wuitrmore, Acta Met. 8, 480-488 (1960) 


In reviewing their paper the authors have found a number of typographical errors in 


various equations. Corrections are as follows: 


(1) In equation (S) 
should read 


should read 
(2) In equation (9) 


should re: 


(3) In equation (11) 


should re: 


should read 


should re 
(5) In equation (17) 


should re 
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RELATIVE THERMODYNAMIC PROPERTIES OF SOLID IRON-ALUMINUM ALLOYS* 
S. V. RADCLIFFE, B. L. AVERBACH and M. COHEN+ 


The relative thermodynamic properties of solid iron—aluminum alloys were obtained in the vicinity of 
900°C by e.m.f. measurements, using a molten chloride electrolyte. The heats of mixing are large and 
negative, with H” 8200 cal/g atom at 50 at.°%. Large negative entropies of mixing were also 
observed, with S” —1.8 e. u. at the equiatomic composition. The negative entropy changes are 


discussed in terms of magnetic, vibrational and electronic effects. 


PROPRIETES THERMODYNAMIQUES RELATIVES DES ALLIAGES 
SOLIDES FER-ALUMINIUM 


Les propriétés thermodynamiques relatives de certains alliages solides fer-aluminium ont été obtenues 
aux environs de 900°C par des mesures de force électromotrice dans un électrolyte constitué de chlorure 
fondu. Les chaleurs de mélange sont importantes et négatives, avec H” 8200 cal/atome-gr a 50 at. % 
Méme des entropies de mélange élevées et négatives ont été observées, avec S” 1.8 e.u. a la composi 
tion équiatomique. Les changements d’entropie négative sont attribués a des effets magnétiques, vibr 


toires électroniques 


RELATIVE THERMODYNAMISCHE EIGENSCHAFTEN FESTER 
EISEN-ALU MINIUM-LEGIERUNGEN 
Die relativen thermodynamischen Eigenschaften fester Eisen—-Aluminium—Legierungen wurden in det 
Umgebung von 900°C durch Messungen der EMK bestimmt. Als Elektrolyt wurde ein geschmolzenes 
Chlorid benutzt. Die Mischungswarmen sind groB und negativ, mit H” 8200 cal/g-Atom bei 50 
Atom%, auch wurden groBe negative Mischungsentropien beobachtet, mit S” 1.8 cal/g-Atom 
Grad bei der atomaren Konzentration 1:1. Die negativen Entropieanderungen werden im Hinblick auf 


magnetische, Schwingungs- und Elektroneneffekte diskutiert. 


1. INTRODUCTION chosen for study because of the large solubility of 
Although numerous investigations have been made aluminum in iron and the presence of two superlattices, 
of the thermodynamics of metallic solid solutions, few Fe,Al and FeAl, with wide solubility limits. These 


detailed studies have involved solutions which exhibit 


large energies of formation. Attempts to relate iO 15 20 25 30 40 80 60 
- 


thermodynamic properties to existing solution models, ae ay T 
such as the quasi-chemical model, and to the structural Liquid 


characteristics of the solution have been confined to o¢ts 
systems with relatively small energies of formation. 


In several cases, a qualitative correlation of thermo- Non = Magnetic 


dynamic and structural properties has been possible in 2% 


terms of statistical-mechanical models. However, a y 
910° ,Ordered 
Curie FeAl Type 
Temperature 


valid model should be capable of accounting for the 


behavior of various types of metallic solutions. In Non - Magnetic 


order to achieve this, factors other than atomic con- 
a k 
Qm-Disordered] 


Magnetic 


Temperature 


figuration and vibrational spectrum must be incor- 


porated. The nature and magnitude of some of these Qin Di oy 


Im 


factors can be determined from an examination of the 
| 
thermodynamic properties of metallic solutions Ordered 


having high energies of formation, e.g. those of Qin? Qn 


Fe,3Al3~-Type 
r Ordered a’ 


20 40 60 70 «680 
Aluminum, atomic per cent 


aluminum with the transition elements of the first 


long-period. 


The iron—aluminum system, shown in Fig. 1,@) was 
se 4 i ) on 1 


(after Taylor and Jones) 


* This work was sponsored by the U.S. Atomic Energy 
Commission. 
Received May 16, 1960; revised June 29, 1960. _ there have been several recent studies of the mechanical 
+ Department of Metallurgy, Massachusetts Institute of 
Technology, Cambridge, Massachusetts. 
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alloys also have interesting magnetic properties, and 


properties at elevated temperatures. 


FeAlnt 
eAls + 
Liq 
FeoAlgn 
Ai 
10 


ACTA METALLURGICA, VOL. 9, 


2. EXPERIMENTAL PROCEDURE 
The relative thermodynamic properties of solid 
aluminum-iron alloys were derived from potentio- 


metric measurements of the reversible e.m.f. of the cell 


ions 


Al—Fe-(solid) 
cathode 


Al-(liquid) AB 


anode 


as a function of temperature and composition of the 


alloy. The design of the cell, which is shown in Fig. 2, 


allowed electrodes to be inserted and withdrawn 


without contaminating the atmosphere of purified 


argon maintained in the cell to prevent oxidation of 


the electrodes and the electrolyte. The principal 
difficulty in obtaining reproducible e.m.f. measure- 
ments lay in the avoidance of side reactions in the 
electrolyte. A satisfactory electrolyte consisting of a 
dilute solution of aluminum chloride in an equimolar 
solution of sodium and potassium chlorides was pre- 
pared finally by the method described below. 


A stable electrolyte could not be made directly from 


reagent grade salts because of the hygroscopic nature of 


aluminum chloride. An equimolar mixture of sodium 
and potassium chlorides was vacuum dehydrated 
at room temperature for 36 hr, and then at 300°C 
for 8 hr. 
and the salts were melted under a constant flow of the 


Dry hydrogen chloride gas was introduced 


gas. The hydrogen chloride removed the water 
remaining after the vacuum treatment and suppressed 
hydrolysis of the salt. Hydrogen chloride which had 
dissolved in the melt was then removed by allowing 
the salt to solidify under vacuum. Pure aluminum 
turnings were placed on the surface of the solidified 
salt, and aluminum chloride was produced by heating 
to 400°C in the presence of hydrogen chloride gas. 
The aluminum chloride dissolved in the matrix salt as 
soon as it was formed; after this reaction was com- 
plete, the excess hydrogen chloride gas was removed 
by a vacuum treatment, and the electrolyte was 
solidified. 

After vacuum-baking the empty cell at 400°C for 
24 hr, the solid electrolyte was transferred to the cell 
in a dry box under an argon atmosphere. The tem- 
perature of the cell was then raised to 800°C for 
several days in order to condition the electrolyte. 
This procedure appears to be necessary in most cases 
where galvanic cells are used with molten salt elec- 
trolytes. 

High-purity electrodes containing up to 75 at.%, 
aluminum were prepared in the form of rods 1.5-in. 
long by either 1/8-in. square or 1/8-in. diameter. 


Electrodes covering the range up to 52 at.°% aluminum 


were made from vacuum-melted, chill-cast alloys of 


electrolytic iron (decarburized and deoxidized with 
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hydrogen) and aluminum of 99.99 per cent purity. 
The casting with 50 at.°, aluminum served as a 
master alloy for the alloys of higher aluminum content. 
Alloys up to 30 at.°%% aluminum were fabricated by 
forging and hot-rolling to 1/8-in. thick sheet, from 
which electrodes were cut. Alloys containing more 
than 30 at.°, aluminum could not be worked. Accord- 
ingly, electrodes in the range 30-75 at.°, aluminum 
were prepared by remelting the chill-cast alloys in 
alumina crucibles under an argon atmosphere and 
suction-casting into refractory tubes with a 1/8-in. 
inside diameter. 

All electrodes were annealed for several days at 
900-LO000°C. 


each electrode by a condenser discharge technique. 


Tantalum leads were then welded to 
The liquid-aluminum reference electrode was con- 
tained in an alumina cup and electrical contact was 
made to the aluminum by means of a tantalum lead 
wire. 

The e.m.f. of the cell was measured at intervals of 
20-30°C in the temperature range 800—-1000°C on 
Below 800°C the potential 


The cell was maintained at constant 


both heating and cooling. 
became erratic. 


__—Thermocouple 


Water Cooled 
Copper Lead 


Silica 
Cell Tube 


Tantalum 
Radiation 
Shields 


Alumina 
Sheaths 


Silica Disc ——] 


Silica Cell Cup 


Liquid 
Aluminum 


In Alumina 
Crucible 


Electrolyte 


Fie, 2. E.M.F. cell. 
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RADCLIFFE et al.: RELATIVE THERMODYNAMIC PROPERTIES 
TABLE |. Potential measurements on iron—aluminum alloys 


e.m.f. (V) 


873°C 900°C 925°C 975 


0.3220 0.3080 0.3070 3055 0.3045 0.3030 
0.2900 0.2800 0.2770 9745 0.2730 

0.2460 0.2440 0.2420 0.2375 0.2360 
0.2195 0.2180 0.2155 0.2105 0.2085 
0.2030 0.2010 0.2080 
0. L880 0.1830 0.1780 
0.1760 0.1740 O.L715 L700 0.1680 

0.1555 0.1530 O.1L510 0.1485 0.1460 0.1440 


0.1925 


0.1340 O.1315 0.1285 0.1260 0.1230 0.1205 


0.1270 0.1240 O.1215 0.1190 0.1160 

0.1150 0.1100 O.L075 0.1040 0.0990 
LOO 0, L080 0.1060 0.1040 0.1020 0.1000 
0.0730 0.0710 0.0695 0.0675 0.0655 0.0635 
0.0620 0.0600 0.0580 0.0560 0.0540 0.0520 
O.0575 0.0560 0.0540 0.0530 O.0515 0.0500 


0.0410 0.0400 0.03870 0.0360 O.0350 


temperature for a minimum of | hr for each measure- disordered alpha and the ordered FeAl-type solution 


According to the phase diagram in Fig. 1, this bound- 


ment. The reversibility of the cell was inferred from 
(1) The potential was  aryshould occur at 26 at.°,, aluminum. The disordered 


the following observations: 
reproduced on heating and cooling, it was reproduced and the ordered structures are very closely related, 
a continuous change in the degree of 


in successive cells, and it was insensitive to the passage there being 
are added to the lattice.“? 


of small currents when null-point readings were order as aluminum atoms 


being taken on the potentiometer. (2) The alloy The thermodynamic differences on crossing the 


electrodes exhibited negligible attack other than boundary between the disordered and ordered phases 

slight etching. (3) No trace of iron could be found in 
the electrolyte. method. 

3. RESULTS The limit of the alpha phase is at 52 at.°,, aluminum 

E.M.F. values taken from smoothed experimental However, there is an abrupt fall in e.m.f. in the 

data are shown in Table 1. The variation of cell vicinity of 50 at.°, aluminum (see Fig. 3). This 

corresponds with the expected decrease in partial 


are apparently too small to be detected by the e.m.f 


potential with composition at 900°C is plotted in Fig. 3. 


It is evident that there is no change in the slope of the molar free energy characteristic of an ordered structure 


potential on crossing the phase boundary between the at the stoichiometric composition (2.3) A change in 


Emf (voits) 


Concentration dependence of e.m.f. at 900°C 


At.% Al 
10.2 
15.2 
18.3 
20.0 
22.0 
25.1 
30.5 
35.5 
39.8 
45.7 
50.0 
59.0 
66.5 
70.7 
73.2 
01. 9 
0.30 a C 78 Liq4 
| 0.20 ‘ 
0.10 
.@) 0.20 0.40 0.60 0.80 1.0 
|_| 
3. 
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@ 
O Emf 


Recorded on heating 
Recorded on cooling 


20 at % Al 


35 at% Al 
50 at % Al I 


900 


| 
950 1000 
Temperature (°C) 


Fic. 4. Temperature dependence of e.m.f. for three 
alloy electrodes vs. a liquid aluminum anode. 


configurational entropy in the vicinity of such a 
the 


decrease in partial molar free energy observed here. 


composition is expected and contributes to 
The associated increase in the activity of aluminum 
near 50 at.%, is shown in Fig. 6. 

The partial molar free energy of aluminum (F,,") 
relative to a standard state of pure liquid aluminum 
(Al,°) was calculated from the relationship: 


ZF (1) 


where ¢ is the cell potential, z the valence of the 
conducting ion (z 3 here) and F is the Faraday 
constant (23,070 cal equiv.~*). 
of the e.m.f. as a function of temperature are shown in 
Fig. 4. 
from the equation: 


Typical examples 
The partial molar entropies were calculated 


O€ 

‘ P,X 4) 
where 7’ is the absolute temperature, P the pressure, 
and X,, the atom fraction of aluminum. 

The data were related to a standard state of pure 
f.c.c. solid aluminum (AlI,°) by means of the expression: 


F = | — AF(AL,° Al,°). (3) 


Values for the free-energy difference between liquid 
and solid aluminum were available from the compila- 
tion of Hultgren‘. 

The relative integral molar free energies (F™) and 
entropies (S”) were calculated from the partial 
quantities by means of the Duhem—Margules relation- 
ship in the form: 
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For these calculations, the partial quantities were 
X), and 


the molar values obtained by a graphical integration. 


first plotted against the parameter X/(1 


The relative integral molar enthalpies (H™) were then 
computed from F™ and S” in the usual manner. 
The composition dependences of the various ther- 


modynamic quantities are summarized in Fig. 5. 


Individual values of these quantities are given jn 


Table 2. The molar enthalpies of formation at 25°C 


TABLE 2. Integral relative molar quantities at 900°C 
(referred to solid aluminum) 


F M H M SM 
(cal/g-atom) (cal/g-atom) (cal/g-atom/deg) 
L100 
2200 
3050 
3850 
4450 
4900 
5300 
5600 
5850 
6050 
6100 
6050 
6000 
5950 
5900 
5750 
5700 
5600 
5450 


L050 05 
2250 
3300 
4300 
5150 
5900 
6650 
7250 
7750 
8200 
8250 
8250 
8250 
8250 
8200 
8000 
7900 
7750 


7500 


have been determined calorimetrically;®~” although 
there is close agreement between the various data, the 
values chosen for Fig. 5 are those of Kubaschewski 
and Dench"). 

The activity of aluminum (a,,) relative to liquid 
aluminum was calculated from: 


= RT ina, (5) 


where is the gas constant (1.99 
Fig. 6 shows the composition dependence of the 
900°C. 


activity data is the large deviation from ideality. 


activities at The principal feature of the 
Values for the activity at two temperatures are also 
given in Fig. 6 for a number of solid iron—aluminum 
alloys as reported by Gross et al.). The latter made 
measurements at 920°C by a capillary vessel method, 
in which the equilibrium pressure of AIF gas formed 
by reaction of aluminum with AIF, gas in contact 
with the alloys was compared with the reaction over 
pure aluminum. It is seen that the data at 920°C are 
in good agreement with the present findings. 

Gross’ data for solid alloys at 1300°C, obtained by 
the Knudsen 


compositions, 21 and 42 at.°, aluminum. 


limited to 
Although 
no direct comparison with these activity values at 


effusion method, are two 


= 
: 
E 
0.1 
At.%, Al 
10 
15 
30 
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M 
ideal * Ss ideal 


(cal/gm atom) 


Fic. 5. 
alloys at 900°C. 
Kubaschewski and Dench‘’’). 

solid aluminum. 


1300°C is possible, the temperature dependence for the 
21 at.% alloy is in agreement with that of the present 
study. The 42 at.% alloy has a higher activity than 
would be expected from the e.m.f. measurements. 
The effusion results are open to question here because 
the activity value for the solid alloy at 1300°C is as 
large as that reported "4.® for the liquid alloy at 1600°C 
(Fig. 6). 

It may be concluded that the results of the present 
investigation are in agreement with the bulk of the 
available data. 

4. DISCUSSION 

The main characteristics of the thermodynamic 
data obtained for the iron—aluminum system are the 
large negative entropy of mixing and the large 
evolution of heat which accompanies alloy formation. 
In considering the application of statistical solid- 
solution models to this system, it is convenient to 
distinguish not only energy contributions arising from 
but 
associated with changes in the vibrational spectrum, 


the atomic configurations, also contributions 
in the excitation of conduction electrons, and in the 
magnetic properties of the solutions. All of these 
effects result from the rearrangement of the electron 
which occurs on alloy formation. 
However, the 


directly, it is helpful to consider the problem on a 


energy bands 


since bands cannot be calculated 


phenomenological basis and to analyse the contribu- 
tions of the several factors to the entropy and specific 


Integral molar quantities for iron—aluminum 
(The data for H* (25°C) are those of 
The reference state is 


RELATIVE THERMODYNAMIC PROPERTIES 


T | ] T | T 
— Liquid I600°C (Fioridis) 
X Liquid 1300°C (Gross) 
Solid 1300°C (Gross),/ 
@ Solid 920°C (Gross 
O Solid 900°C 

(present work) 


S™ (cal/gm. atom/ degree) 


° 
~ 
7 


~ 
2 
/ 


Activity of aluminum 


| 
0.2 0.4 0.6 


Fic. 6. 


iron—aluminum alloys, referred to liquid aluminum. 


Activity of aluminum in solid and liquid 


We shall that the contributions are 


independent and additive. 


heat. assume 

The standard state of iron for the data represented 
in Fig. 5 for solutions at 900°C is b.c.c. solid (para- 
magnetic) iron, whereas the standard state of alum- 
the work of 


Kaufman, it may be concluded that the energy 


inum is f.c.c. solid aluminum. From 
difference between b.c.c. and f.c.c. aluminum is quite 
small compared to the large energy changes observed 
Hence, the differ- 


ence in structure is neglected here, and the solutions 


on alloy formation in this system. 


are treated as if they all had the same crystal structure. 

It is convenient to consider the changes in entropy 
first. 
random arrangement of iron and aluminum atoms on 


If the solutions consisted of a completely 


average lattice sites, as in an ideal solution, the con- 
figurational entropy of mixing would be given by 


S™ (ideal) R[X In X + (1 X) In (1 X)]}. (6) 


This term is plotted in Fig. 7. However, recent X-ray 
that 


“random” alpha solutions, 


studies"") have shown there is considerable 
short-range order in the 
and hence the configurational entropy must be slightly 
less than the ideal entropy of mixing for these alloys. 
Moreover, inasmuch as the solution is completely 
ordered at the composition FeAl, the configurational 
entropy must go to zero at 50 at.°, aluminum. At 
900°C, the alloys assume the FeAl lattice at about 
26 at.°,, aluminum. The configurational entropy for 
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Magnetic and\. 
Contigurational 


Observed 


0.5 
Xa 


Fic. 7. Components of entropy of mixing at 900°C, 


partially ordered alloys for compositions close to the 
stoichiometric has been calculated approximately as 
X) In (1 2X) 

X 4}. (7) 


S” (configurational) 


The entropy associated with the atomic arrange- 
ments is shown in Fig. 7; it is assumed to have the 
ideal form up to 25 at.°, aluminum and to go to zero 
at FeAl in accordance with equation (7). It should be 
noted that the configurational terms give entropy 
values which are either positive or zero and are unable 
to account for negative entropies of mixing. 

The magnetic effects in these alloys lead directly to 
negative entropy contributions. In pure iron well 
above the Curie temperature, the entropy arising from 
the disordering of unpaired spins approaches the 
value 


S™“ (magnetic) Rin (up + 1) (8) 


where up is the strength of the average magnetic 


moment per iron atom in Bohr magnetons.“*) The 
experimental moment for iron is wp = 2.2, and thus 
hypothetically ferromagnetic iron at such high tem- 
peratures would exhibit an entropy of about 2.3 
cal/g-atom/deg lower than paramagnetic iron; this is 
indicated in point A in Fig. 7. Point A also represents 
the entropy, relative to that of paramagnetic iron, of 
a completely nonmagnetic iron, i.e. an iron with no 
unpaired spins. For the latter case, there is no mag- 
netic moment of the iron atoms, and the magnetic 
part of the entropy is the same as in the completely 
ordered ferromagnetic state, namely zero. 
Measurements of spontaneous 


show that the addition of up to 22 at.°, aluminum to 
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iron results in changes of magnetic properties which 
approximate those expected from a simple dilution of 
magnetic iron atoms by nonmagnetic aluminum atoms. 
These findings suggest that the magnetic moment of 
each iron atom is little affected by the presence of 
aluminum atoms up to 22 at.°, aluminum. Accord- 
ingly, the iron atoms in these solutions are indistin- 
guishable magnetically from those in pure iron and 
there is no magnetic contribution to the entropy of 
mixing. 

the 
magnetization falls rapidly to zero in both the Fe,Al 
FeAl-type 


measurements"%.!® suggest that there is simultaneously 


Beyond 22 at.°, aluminum, spontaneous 


and ordered solutions. Susceptibility 


a transition to antiferromagnetic behavior at low 


temperatures. The presence of antiferromagnetism 
would likewise make no magnetic contribution to the 
entropy if there were still no change in magnetic 
moment of the iron atoms. However, neutron diffrac- 
tion studies of the ordered composition Fe,Al* and 
an ordered, 40 at.°,, aluminum alloy”® indicate that 
the magnetic moment of the iron atom is progressively 
reduced as the number of nearest-neighbor aluminum 
atoms is increased. Two types of iron atom sites are 
distinguishable in these ordered solutions, Fe I in 
which the iron atoms are surrounded by iron nearest 
the 
aluminum 


neighbors, and Fe Il in which iron atoms are 


surrounded by both 
The neutron-diffraction data show that 


iron and nearest 
neighbors. 
while the magnetic moment of the Fe [ atoms remains 
unchanged, that of the Fe II atoms is reduced to 


1.4-+ 0.1 wp, at the Fe,Al composition, and to 0.7 


0.2 wp, in the 40 at.°, aluminum alloy. Thus, for 


alloys beyond some 22 at.°, aluminum, there should 
be an increasingly negative contribution to the mixing 
entropy associated with the progressive reduction in 
the moment. 

Since there are insufficient data to make a precise 
magnetic 
at.“% 


aluminum and that it then becomes negative, reaching 


calculation, it has been assumed that the 


entropy contribution is zero up to about 22 


a minimum at 50 at.°,, corresponding to the entropy 
change which would occur at the latter composition 
for a transition of iron atoms from a magnetic moment 
of 4p = 2.2 Bohr magnetons to a moment of sub- 
The suggested magnetic entropy of 


stantially zero. g 
7: it falls on the straight line 


mixing is shown in Fig. 
drawn from point A. 
The the 


contributions to the entropy of mixing is also given in 


sum of configurational and magnetic 


the same figure. It is apparent that the combined 
entropies are negative beyond 40 at.°; aluminum and 


have a minimum value of about —1.2 e.u. at 50 at.°%, 
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compared with the observed value of about —1.8 e.u. 
This difference between the observed and the calculated 
values is beyond the probable error and suggests that 
changes in the vibrational spectrum or in the elec- 
tronic specific heat produce further negative con- 
tributions to the entropy of mixing. 

If the above difference between the observed and 
calculated entropies of mixing were due entirely to 
vibrational effects, an increase should be observed in 
the Debye temperature of about 150° at the 25 at.°%, 
aluminum composition and about 50° at the 50 at.°, 
composition. relative to the weighted average of the 
Debye temperatures for the pure metals (420°K for 
Although the 
for 


x-iron and 390°K for f.c.c. aluminum). 


Debye temperatures are not available iron 
aluminum alloys, some helpful comparisons may be 


for 


aluminum alloys which have similar lattice structures 


made with data nickel-aluminum and cobalt 


to those of iron-aluminum. Changes in Debye tem- 
perature observed from X-ray measurements in these 
for NiAl and 
about 100° for CoAl. Thus, it would appear that in 


svstems"”) show an increase of about 70 


the analogous FeAl structure, an increase in Debye 
temperature of the order of magnitude required to 
account for the observed entropy differences could be 
expected. 

The entropy contribution which arises from changes 
of the 
changes in the electronic specific heat on mixing, is 
given by Ay7', where Ay is the deviation of the 
that for 
ideal mixing. The established values of y for iron and 
10-4 cal/mol deg’, 


in the excitation conduction electrons, i.e 


electronic specific heat coefficient y from 


aluminum are 12 10-4 and 3.5 


respectively. At 900°C, a negative deviation in y of 
ecu. 


1 x 10-4 corresponds to an entropy change of 
If the value of y for the alloys became close to zero 
with increasing aluminum content, an entropy change 
at 900°C of 0.9 
e.u. for 50 at.°,, aluminum would be obtained. Hence, 


1.1 e.u. for 25 at.°, aluminum and 


a substantial part of the observed mixing entropy 
could be associated with deviations in the electronic 
specific heat. That the energy levels for the outer 


electrons do alter substantially on forming iron 


aluminum alloys is indicated by the changes observed 
with increasing 


in soft X-ray absorption spectra 


aluminum content.“® 
The of the 


provide further evidence, although indirect, for the 


overall results present investigation 


concept of electron transfer between solute and 


solvent atoms in metallic solutions. However, a 


mixed metallic-ionic type of bond is unlikely, since 
the aluminum ions would be left unscreened in a fully 
ionized state. It is more probable that while aluminum 
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may not contribute all three valence electrons to the 
metallic bond, the remainder are not transferred to 
the 3d the 
(after the manner of a covalent bond) with iron atoms, 


level of iron. By sharing electrons 
some localized screening of the aluminum would be 
effected. 
ordered Fe,Al indicate that the aluminum is only 


(19) 


In support of this concept, recent data on 


weakly ionized 

The energy changes resulting from the suggested 
shift from a metallic to the stronger metallic—covalent 
bond are in keeping with the large negative enthalpies 
The 


specific heat, which are important in affecting the 


of mixing which are observed changes in 


entropy, can account for only a small part of the heat 


of mixing. Finally, the concept of mixed metallic 


covalent bonding is consistent with the mechanical 


properties observed for iron—aluminum alloys 


5. SUMMARY 


The iron-aluminum system shows marked devia 


tions from ideal-solution behavior \ large negative 


entropy of mixing, with a minimum value of — 1.8 e.u., 


has been observed and has been associated with 


configurational, magnetic, vibrational and conduction 
The 


negative heat of formation, reaching a value of 


electron changes on alloy formation large 


cal/g-atom, has been ascribed to the presence of some 


covalent bonding in these alloys 
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DISLOCATIONS AND IMPURITY BOUNDARIES IN ZINC CRYSTALS 
GROWN FROM THE MELT* 


V. V. DAMIANO and G. S. TINT?* 


The distribution of etch pits at microsegregations produced by constitutional supercooling was 
investigated using progressive polishing and etching techniques. Crystals which exhibit an elongated 
cellular segregation structure commonly called ‘‘corrugation” structure have associated with them rows 
of etch pits. The density of etch pits, their rearrangement into walls and their formation into networks 
behind the interface suggests that the etch pits reveal the ends of decorated dislocations introduced at the 
segregation boundaries to accommodate the lattice strain. Networks form when the dislocations are set 
free as homogenization occurs behind the solid—liquid interface. The dislocations then become arranged 
into walls perpendicular to the {0001}. This secondary substructure fully developed 3 mm behind the 
solid—liquid interface increases in size as the crystal continues to grow and the dislocations climb and 


glide in agreement with predictions made by Tiller". 


DISLOCATIONS ET FRONTIERES D’IMPURETES DANS DES CRISTAUX DE ZINC AYAN' 
CRU A PARTIR DU BAIN LIQUIDE 


La distribution des piqtres de corrosion dans les microségrégations produites par le sur-refroidissement 
structural a été étudiée par des techniques de polissage et d’attaque progressifs. Des alignements cd 
piqures de corrosion sont associés aux cristaux présentant une structure de ségrégation cellulaire allongé 
appelée communément structure de ‘‘corrugation’’, 

La densité des piqtres de corrosion, leur réarrangement en murs et leur distribution en réseaux derriére 
iinterface suggérent que ces piqtires marquent les extrémités de dislocations formées aux frontiéres des 
ségrégations pour relacher les tensions dans la matrice. Les réseaux se forment lorsque les dislocations s 
libérent au fur et mesure que [homogénéisation s’opére derriére linterface solide—liquide, Les disloca 
tions s’arrangent ensuite en murs perpendiculaires a {0001}. Cette sous-structure secondaire, complete 
ment développée a 3 mm derriére l’interface solide—liquide, s’étend au fur et A mesure que le cristal croit 
et que les dislocations grimpent et glissent selon les previsions de Tiller“ 

VERSETZUNGEN UND VERUNREINIGUNGS-GRENZEN IN AUS DER SCHMELZE 
GEWACHSENEN ZINK-KRISTALLEN 

Die Verteilung von Atzgruben an Mikro-Segregationen, die durch Konstitutions-Unterkiihlung 
entstanden waren, wurden mittels fortgesetzten Polierens und Atzens untersucht. Kristalle, die ein 
Segregations-Struktur in Form verlangerter Zellen aufweisen (gewOhnlich “‘Korrugation” gennant), 
weisen in Verbindung damit Reihen von Atzgruben auf. Die Dichte der Atzgruben, ihre Anordnung zu 
Wanden und ihre Umbildung in Netzwerke hinter der Trennflache weisen darauf hin, daB die Atzgruben 
die Enden dekorierter Versetzungen sichtbar machen, die an den Segregations-Grenzen entstehen und 
die Gitterverzerrungen aufnehmen. Netzwerke entstehen, wenn die Versetzungen infolge der Homo 
genisierung hinter der Grenzflache fest—fliissig freiwerden; die Versetzungen ordnen sich dann zu Wanden 
senkrecht zu {0001} an. Diese sekundire Substruktur, die sich 3 mm hinter der Grenzflache fest—fliissig 
entwickelt, nimmt an GréBe zu, wenn der Kristall wachst; die Versetzungen klettern und gleiten in 


Ubereinstimmung mit Voraussagen von Tiller), 


The formation of dislocations at compositional of 1200/em assuming all the elastic strain at the 
fluctuations is based upon the theory that certain boundary is relieved by dislocations 
abrupt variations of lattice parameter from one part Forty and Gibson™ observed etch pits along bound- 
of a crystal to another resulting from sharp composi- aries between dendrites in a mixed sodium—potassium 
tional gradients is best accommodated by dislocations chloride crystal which they interpreted as an array of 
rather than by elastic strain. Goss et al.@ observed dislocations arising during solidification to accommo- 
dislocation etch pits at impurity boundaries in german- date the misfit. From the density of pits at the 
ium-silicon alloys grown from the melt. An observed boundary a misorientation of 1/3’ was estimated across 
density of 1400 dislocations/cm for an abrupt compo- — the boundaries 
sitional change of 0.1 per cent silicon in germanium was Some of the theoretical aspects of the dislocation 
found to be in fair agreement with a calculated density arrangements in crystals exhibiting constitutional 
supercooling were discussed (Tiller”’) in which the 


* This is part of a thesis submitted by V. V. Damiano to the 
University of Pennsylvania in partial fulfillment of the re 
quirements for Ph.D. degree. Received May 20, 1960. supercooling were considered and distributions of dis- 

+ Franklin Institute Laboratories for Research and Develop- 
ment, Philadelphia 3, Pa. 
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growth forms normally encountered in constitutional 


locations at the microsegregations were analysed. The 
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density of dislocations on a section parallel to the 
solid—liquid interface was given by the approximate 


expression 


where AC is the compositional change, Ar is the atomic 
ais 
This 


assumes a square wave distribution of solute at the 


size difference between solute and solvent atoms, 
the cell width and r, the solute atomic radius. 
impurity boundaries. 

Calculated values represent the maximum density 
of dislocations required to accommodate the strain 
at an abrupt compositional change. It is expected 


that in actual practice, the compositional gradient 


would be less abrupt than assumed and only part of 


the elastic strain would be accommodated by dis- 
locations. Measured densities would be expected to be 
less than calculated densities. 

Etch pits were observed by Damiano and Herman") 
at microsegregation boundaries in cadmium doped 
high purity zine crystals grown from the melt. These 
were interpreted as edge dislocations emerging at the 
surface. Similar etch pits were observed by Bocek and 
Kratochvil®™ in which densities obtained from photo- 
These were an order of 
Tiller’s 


micrographs were 10°/em?. 
magnitude lower than values calculated by 
formula. 

The present investigation was undertaken to study 
by progressive etching techniques the changes in the 
arrangement of the dislocations which occur behind 
the solid—liquid interface during the solidification of a 


crystal from the melt. 


EXPERIMENTAL 
Single crystals of zinc were initially prepared with 
small additions of cadmium, using a modified Bridg- 
man technique, by slowly lowering a Pyrex crucible 
10-3 em/see 
The 


materials used were Tadanac zine of 99.9999 per cent 


containing the melt at a rate of 1.5 
through a temperature gradient of 15°C /em. 
purity and cadmium also of 99.9999 per cent purity. 
Alloys were prepared to an approximate desired com- 
position and later determined by chemical analysis. 
The central portions of the crystals comprising 80 per 
cent of the overall length were uniform in composition 
to within -+-10 per cent of the average composition. 

Numerous crystals grew by chance with the basal 
plane parallel to the growth axis as shown in Fig. 1. 
This orientation is ideally suited to study edge dis- 
locations which emerge at surfaces cut perpendicular 
to the growth axis. 

The crystals were remelted and decanted using a 
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SPECIMEN 


SOLID LIQUID AXIS BASAL PLANE 


INTERFACE 


<1120> 


| 
| 
| 
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ORIENTATION OF GRYSTALS 
GROWN FROM MELT 


Fic. 1. Orientation of crystals grown from the melt. 
Observations made on surfaces perpendicular to speci- 
men axis, 


technique similar to the one described by Elbaum and 
Chalmers. In a typical run the furnace conditions 
were preset and the movement of the interface was 
viewed as the crystal remelted. When the movement 
of the interface had virtually stopped, it was held in 
equilibrium with the solid for several minutes and then 
allowed to move in the opposite direction resolidifying 
the crystal. The decanting mechanism was tripped 
after a specific time causing the graphite boat contain- 
ing the specimen to be rapidly accelerated by a spring 
from out of the hot zone of the furnace. This caused a 
stop to be released and the liquid metal to be decanted 
into a well provided in the boat. “Cellular” or *corru- 
gation” structures as seen in Fig. 2. are observed at 
the decanted interface. 

The decanted interface was etched in a solution 
containing 32 g of CrOQ,, 6 g of hydrated Na,So, in 
100 ml of water. This solution was first used by Gil- 
Both 


grown in and slip dislocations were revealed by this 


man‘? to reveal decorated dislocations in zinc. 


technique after suitable decoration with cadmium. 
Certain changes in the distribution of etch pits on 
sections taken along the growth axis were studied by 
means of progressive polishing and etching techniques. 
Surfaces examined were approximately parallel to the 
{L010} and perpendicular to the growth axis. 


RESULTS AND DISCUSSION 
Experiments were conducted on crystals which 
exhibited an elongated structure after decanting as 
shown in Fig. 2. This occurred for 0.1 per cent Cd alloys 
when the gradient to rate of growth ratio, G/R, was of 


4 
AC Ar 
ar? 
| | 
| 
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Elongated cells observed at decanted interface. 
112-5 


Fia. 2. 
Field of view perpendicular to specimen axis. 


the order of 104°C sec/cm? in agreement with the pre- 
dictions made by Tiller et al.) that the critical growth 
rate and temperature gradient for constitutional super- 


cooling occurs when 


G mo (1 k) sec 
~ 105°C 

R D 

where m is the slope of the liquidus, & is the distribu- 
tion coefficient, D is the diffusion coefficient in the 
liquid and Co is the average composition. The photo- 
micrograph in Fig. 2 shows the microsegregations 
produced by constitutional supercooling occurring in 
bands parallel to the basal plane. For this orientation 
accommodation strains may be relieved by edge dis- 
locations lying on the {0001} slip plane which emerge 


at the decanted interface. Etching of the decanted 


DISLOCATIONS AND IMPURITY 


BOUNDARIES 


— 


. 
= 


®, 


Fic. 3. Electron micrograph of etch pits at 
impurity boundary designated A-—B. Field of 
view approximately parallel to {1010} and pet 


pendicular to specimen axis. £500 


interface revealed etch pits in the vicinity of the 
impurity boundary. These pits were elongated in a 
direction normal to the basal plane as seen with the 
optical microscope. At higher magnifications as shown 
in Fig. 3 obtained with the electron microscope, the 
pits were found to be composites of smaller pits aligned 
in walls perpendicular to the basal plane. The results 
suggest the formation of walls of dislocations on either 
side of the impurity boundaries rather than individual 
dislocations. With progressive polishing and etching 
to a depth of approximately several hundred microns 
behind the interface one observes the development of 
gross walls as shown in Fig. 4 emanating from a position 
at the impurity boundary. 

On a section 1 mm behind the interface, composite 


pits making up the primary structure at the impurity 


boundaries are seen in Fig. 5. Numerous walls have 
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Fic. 4. Photomicrograph showing wall of dislocations 

developing perpendicular to basal plane. Field of view 

approximately parallel to {1010} and perpendicular to 
specimen axis, 900 


Photomicrograph showing etched 
| mm behind decanted interface. Field 
approximately parallel to {1010} and 


112-5 


Fic. 5. 
surface 
of view 

perpendicular to specimen axis. 


formed at this position producing a secondary struc- 
ture. The primary structure composed of the larger 
pits delineate the impurity boundaries as seen in Fig. | 
and can be readily distinguished from the secondary 
structure composed of the smaller pits. A photomicro- 
graph of a section taken 2 mm behind the interface is 
shown in Fig. 6. At this position behind the interface 
the primary structure appears to have diminished. 
The further one etches behind the interface the less 
one encounters of the primary structure grown in at 
the interface, 


as shown in Fig. 7 by the sparsely 


scattered elongated pits. Very little of the primary 
structure is to be found at this position 3 mm behind 
the interface. The dislocations appear to have com- 
pletely left the impurity boundaries and have become 


arranged into tilt boundaries. The spacing of the pits 


“ime. 


@ 


te 


pe 


_ basal Face 


) 


of one micron in the walls as seen in Fig. 7 represents a 
of are for dislocations in agreement 
Berg Barrett 


misorientation of 1’ 


with Hulme’s™) results obtained from 


photograms. 
The 


a result of the homogenization in the solid state of the 


variation in the character of the substructure is 


microsegregations produced by constitutional super- 
cooling. The extent to which homogenization occurred 

a function of position behind the interface. The 
interface and layers closely adjacent to the interface 
were quenched immediately after solidification when 
Sections further behind the 


interface were maintained for some specific time prior 


the crystal was decanted. 


to quenching at temperatures sufficient for homo- 
genization. As homogenization occurred the condition 


initially producing the strain was relieved and the 
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Fic. 6. Photomicrograph showing etch sur- 

face 2 mm behind decanted interface. Field 

of view approximately parallel to {1010} and 
perpendicular to specimen axis, 112-5 


DISLOCATIONS AND IMPURITY 
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. 


dislocations became free to move by glide and climb. 
The sections taken 1, 2 and 3 mm behind the interface 


shown in Figs. 5, 6 and 7 reveal in effect the extent of 


homogenization as a function of position behind the 
interface. Sections which have been completely homo- 
genized show dislocations arranged in networks with 
no evidence of the original impurity boundaries. On a 
section taken approximately 3 cm behind the interface 
as shown in Fig. 8, the networks are seen to be larger 
than those shown in Fig. 7. 
the cells seen in Fig. 8 indicates that the cells grew 
more rapidly in a direction parallel to the basal plane 
than perpendicular to the basal plane. This suggests 
that growth of cells parallel to the basal plane occurs 
by the interaction of walls of edge dislocations which 


The elongated nature of 


Fic. 7 Photomi rograph showing etched sur 

face 3 mm behind decanted interface. Field of 

and 
112-5 


approximately parallel to 


perpendicular to specimen axis 


view 


move rapidly by glide. Such interactions can decrease 
the energy of the system when walls of dislocations of 
opposite sign interact to form a lower angle boundary 
and when walls of dislocations of like sign interact to 
form walls of a higher angle boundary.“” The growth 
of cells perpendicular to the basal plane, however, 
seems to have involved a climb process which occurred 
at a slower rate than the process of wall interaction 

When viewed in the {O00L}, 


aries are seen normal or approximately normal to the 


numerous tilt bound- 


slip directions as shown in Fig. 9. The correspondence 
in the walls observed in the {1010! and {1120! with the 
boundaries observed on the {0001' is illustrated in the 
three dimensional drawing shown in Fig. 10. 


The present results show that dislocations revealed 
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Fic. 9. Photomicrograph of {0001} surface 
approximately 3 mm behind decanted interface. 
Field of view parallel to specimen axis (1120 
Dark field illumination. 


112-5 


directions marked, 


hy decoration are associated with impurity boundaries 
produced by constitutional supercooling. These obser- 
vations are in agreement with Tiller’s predictions that 
lattice 


strains due to sharp compositional variations at 


dislocations are introduced to accommodate 


segregated impurities. The question of the origin of 


these strain accommodating dislocations, or in fact any 
dislocations, in melt grown crystals is still not satis- 
factorily answered. 

(11) 


Frank" proposed a vacancy collapse mechanism to 


account for the striation substructure. Schoeck and 
Tiller“) recently concluded that dislocations in the 
lineage array could not have formed by Frank’s 
mechanism based upon an analytic study of, (first) the 
critical vacancy supersaturation necessary for the 


formation and growth of dislocation loops by vacancy 


1961 


Fic. 8. Photomicrograph showing etched sur- 

face 3 cm behind decanted interface. Field of 

view approximately parallel to {1010} and 
perpendicular to specimen axis. 112-5 


condensation and, (secondly) the climb rate of the 
dislocations as a function of vacancy supersaturation. 
The vacancy concentration was found to be too low 
for the growth conditions encountered to provide for 
the climb rates required to produce the lineage sizes 
and misorientations observed. 

The origin of dislocations which accommodate the 
strain at the impurity boundaries for the present case 
may be explained in two ways: 

(i) Dislocations are formed directly at the impurity 
boundaries during solidification. One would postulate 
that the vacancy concentration is greater at the segre- 
gation boundaries than at other regions of the crystal 
and that the vacancy collapse mechanism or stacking 
fault 
operate directly at the segregation boundaries. 


mechanism"®) of dislocation formation would 
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‘ee dimensional model of dislocation 
networks. 


(ii) Dislocations are formed at other preferred sites 
i.e. the surface of the specimen and they are pulled 
into the segregation boundaries. It was shown that 
the climb rate of dislocations directly behind the inter- 
face is slow compared to the rate of interface movement 


and no appreciable dislocation climb can be expected. 


However, one may postulate that dislocations move 
readily by glide under the influence of a growth instress 
field which produces a shear on the {0001!. This is 
realized for the orientation in question where the 
segregation boundaries occur in bands parallel to the 
SOOO}. 
CONCLUSIONS 

(1) Impurity boundaries in zine single crystals pro- 
duced by constitutional supercooling have associated 
with them arrays of dislocations described as a primary 


substructure. 
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(2) The primary structure composed of arrays of 
dislocations at the impurity boundaries converts to a 
secondary structure further behind the solid—liquid 
interface consisting of networks of dislocation walls. 

(3) The secondary structure arises when homogeni- 
the the 
condition which initially produced the strain. The 


dislocations having been freed, become arranged into 


zation occurs behind interface relieving 


networks by interactions of their own stress fields. 
(4) Growth of the cells in the secondary structure 
occurs when neighboring walls of like or unlike sign 


interact as the crystal cools during growth. 
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EASY GLIDE OF 


LEAD SINGLE CRYSTALS* 


L. FLEISCHER?# 


Lead single crystals like those of other f.c.c. metals show easy glide, the amount increasing with the 


quantity of dissolved impurity and decreasing with the content of insoluble impurity. Like aluminum, 


lead has no linear stage II, but in contrast to aluminum it shows no measurable creep at 4.2°K. The 


impurity effects may be understood by applying a model due to Diehl. 


GLISSEMENT FACILE DANS 


LES MONOCRISTAUX DE 


PLOMB 


Les monocristaux de plomb comme ceux d’autres métaux cubiques a faces centrées, présentent des 


plans de glissement facile; l'importance de ce glissement augmente avec la teneur en impuretés dissoutes 


et diminue avec la teneur en impuretés non dissoutes, 


Le plomb, comme d’ailleurs aluminium, n’a pas 


de stade linéaire II, mais il ne présente pas de microfissures mesurables a 4,2°K. L’influence des impuretés 


peut étre interprétée en appliquant le modéle da a Diehl. 


VERFESTIGUNGSBEGINN (EASY 


GLIDE) VON 


BLEIEINKRISTALLEN 


Bei Bleieinkristallen tritt wie bei andern kubisch-flachen-zentrierten Metallen ein Easy-Glide-Bereich 


auf, dessen Ausdehnung mit der Menge an gelésten Verunreinigungen zunimmt und mit dem Gehalt an 


unléslichen Verunreinigungen abnimmt. 


bereich II auf, aber im Gegensatz zu Aluminium tritt bei 4,2°K kein meBbares Kriechen auf. 


Bei Blei tritt, wie bei Aluminium, kein linearer Verfestigungs 


Die Verun- 


reinigungseinfliisse lassen sich mit einem Modell von Diehl verstehen. 


In a recent study of the deformation of lead single 


crystals Feltham and Meakin observed no easy glide 


even though deformation was carried out at tempera- 
Since this behavior, were it 


tures as low as 77°K. 


inherent to lead, would contrast markedly with that of 


other face-centered cubic metal single crystals, it was 
decided to examine some of the factors which might 
Of the 
purity, temperature and size effects 


influence easy glide in lead. most obvious 
possibilities 
purity was selected as most important in this case and 
is therefore the major variable here. The results will 
show temperature too is important but that size effects 
do not provide a reasonable explanation for the 


previous lack of easy glide in lead. 


EXPERIMENTAL PROCEDURE 
Lead and lead alloy single crystals were produced 
by horizontal growth from the melt at a furnace 
rate of 1.0 cm/hr established 


motion using an 


method. Samples were flame cut into suitable 
lengths and then either polished in a mixture of 7 
(3) 


acetic acid:3 hydrogen peroxide® or etched in a 


solution of | acetic acid:1 nitric acid:19 methanol. 
Within 20 min the crystals were immersed in boiling 
The 


samples, with a length of 4-9 cm between grips and 


nitrogen or helium and then tested in tension. 


4.4 6.6 mm in cross section were deformed at an 


* Received May 25, 1960. 

+ Metals Processing Laboratory, Department of Metallurgy, 
Massachusetts Institute of Technology. Now at General 
Electric Research Laboratory, Schenectady, New York. 
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elongation rate of about 0.2 mm/min ina tensile device 
which has been described elsewhere.'4) By occasional 
stopping of the drive during straining and measuring 
the relaxation of the sample,’ creep observations were 
made at 77°K and attempted at 4.2°K. For such 
measurements the maximum strain sensitivity was 
3x iv. 

Composition. The lead used was American Smelting 
and Refining 99.999+ per cent with the only detectible 
impurities copper and iron, each less than one p.p.m. 
Tin and aluminum, each 99.99 per cent pure, and 
99.999 per cent copper were used as alloying materials. 
Because growth from the melt inherently leads to 
redistribution of solute, the middle sections of crystals 
which had been tested were then analysed to give the 
compositions listed for the various samples. 

The final end of the sample to freeze was usually 
back 
Macromosaic structure was normally not 


used for orientation determination by Laue 
reflection. 
observed by this X-ray technique nor was it seen by 
visual examination after etching. 

Orientation. Stress-strain curves were recorded for 
the two orientations indicated by S-1 and S-2 in Fig. 1. 
In addition the hardening was observed for a single 
sample indicated by S-3 in Fig. 1. Because this sample 
contained a stray crystal of about 14° rotation about 
the crystal axis, the stress-strain curve itself is not 
presented. Hardening at 77°K for a chill cast poly- 
crystal was also measured. Grain diameters averaged 
about 1.5mm. _ Rotational 


orientation of single 
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[110] 


[100] 
Fic. 1. Axial orientations of single crystals. 
crystals may be indicated by the value of 6, the angle 
between the approximately 70 mm x 4.4 mm surface 
and the plane containing the preferred slip direction 
and the stress axis. For S-1, 6 was 70°; for S-2, @ 
was 5. 

RESULTS 
The results are summarized in Figs. 2-7 and Table 1. 
Fig. 2 indicates the existence of substantial easy glide 
and that its extent increases with tin content. Figs. 3 
and 4 show how stress-strain behavior depends on 
orientation and impurity content at two temperatures. 
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the shear stress/shear strain curves for 


orientations S-1 and S-2 are compared, indicating that 


In Fig. 5 


hardening is the usual function of orientation, being 
more rapid near the duplex slip orientation. In this 
figure the stress and strain resolving method of Schmid 
Boas'® is 


sectional area and lattice rotation. 


and used, allowing for change in cross 
In all other stress 
strain curves engineering stress o and strain ¢ or 


engineering shear stress +t (= mo) and shear strain 


y( e/m) are used. m is the resolved shear stress 


factor at the start of deformation. On a reduced stress 
scale Fig. 6 indicates that at 77° aluminum") and lead 
harden at closely comparable rates but that the rate 
of decrease of hardening rate after the point of maxi- 
mum hardening (stage II) is more rapid for lead. At 
4.2°, however, lead hardens less rapidly than aluminum 
on such a plot. 

Values of the hardening data are listed in Table | 
After Diehl”) quantities are defined as follows: Amin 
and /,,,, are the shear hardening rates at the first and 
second points of inflection of the stress-strain curves 
(easy glide and stage II). The values of r,_,,; and y;_,, 
are obtained from the point of intersection of the 
tangents from the two points of inflection, and 7, is 


the stress determined by intersection with the stress 


Pb +0.1% Sn 


Pb+0.1% Sn 


Z 


Pb +0.35% Sn 


0.05 


y =€/m 


Fic. 2. 
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Shear stress-strain curves for orientation S-1 crystals of various tin contents 
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POLYCRYSTAL 
Pb 


0.0007 % Cu 


Fic, 3. Tensile stress-strain curves at 77°K. Curve marked by ‘‘Pb?”’ is for crystal which 
may contain amounts of aluminum too small to be detectable by chemical analysis. 
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Tensile stress-strain curves at 4.2°K. 
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40 48 56 


Shear stress/strain curves for orientations 
S-1 and S-2 at 77°K. 


02 03 04.05 06 07 08.09 10 13 14 
Y*€e/m 


Fic. 6. (Shear stress/shear modulus) vs. shear strain 
at 77° for lead and aluminum crystals of comparable 
orientation. The aluminum result is calculated from 
2 
tef. (4). 
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120 4.2° 


% Sn 


Effects of tin content on stress-strain para- 
meters for orientation S-1 at 4,2 and 77°. 


Fic. 7. 


axis of the tangent at the first point of inflection. As 
in the case of aluminum,‘ no truly linear stage I 
region was observed. There is, however, a well-defined 
maximum slope and a strong variation with tempera- 
ture of the subsequent rate of decrease of slope. On 
the other hand, substantial portions of easy glide did 
appear to be linear. 

In Fig. 7 the effects of tin content on the parameters 


TABLE 


Impurity Ty 


Orientation 
added (g/mm?*) 


none 28 
0.11% Sn 45 
0.12% Sn 50 
0.35%, Sn 59 
0.0007%, Cu 52 
None * 37 
None 67 
0.95°, Sn 95 


Polyerystal None 200 


None 51 
0.1°% Sn 54 
0.00199, Cu 36 
None 45 


* The attempt to dissolve measurable amounts of aluminum was not successful, as indicated by 


Amin 
(kg/mm?) 
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describing the stress-strain curve are shown: +, and 
T_1; increase, while Amin decreases with increasing tin 


content; as a result y;_;; increases markedly. /,,,, is 
independent of tin concentration. 

Creep. No creep was observed at 4.2°. From the 
sensitivity of the method used‘) it may be concluded 
that at that temperature creep is at least an order of 
magnitude less rapid for lead than aluminum. At 77 


the rates for lead and aluminum are comparable. 


DISCUSSION 

Existence of easy glide 

Since previously no easy glide was observed, it is 
desirable to examine which of the factors listed in the 
introduction makes easy glide possible in this study. 
It is an established result that the presence of impurity 
atoms in a single crystal raises the yield stress and 
either extends easy glide (in the case of soluble 
impurities)‘ or terminates it (in the case of insoluble 


impurities." In the lead previously used” there 


were approximately 100 p.p.m. of impurities with 
low solubilities, compared to 2 p.p.m. in the original 
lead here; and the yield stress was of the order of 10 
times as high as that observed here.* It is therefore 
concluded that impurities were responsible for the 
previous lack of easy glide. It should also be pointed 
out that the addition here of small amounts of copper 
and probably aluminum,*? each of very small solubility, 


* Accidental straining as a result of sample preparation 
should anneal out at room temperature and hence is not 
thought to be relevant. 

+ Although chemical analysis failed to reveal added alumin- 
um in the sample indicated by the asterisk in Table 1, the 
raised r, and A indicate that minute quantities were probably 
present. 


min 


Hardening characteristics of samples 


Amax bo 
(kg/mm?) (em) 


(%) 


(g/mm?) 


1 


9] 6.0 
110 13.0 
69 3.0 
86 3.1 


mical analysis. 
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42° 83 
° 80 
mmé | 
Cor 05 1.0 | 
%Sn 0.4 
%Sn 
min 1.0 max 20 77° 
mm 0 
01 0.4 0.1 0.4 
%Sn %Sn 
| 4.2° 
12 
/ 
(%) / / 
/ Vol.9 
4 / 1961 
0.1 0.4 
| 
|| 
| 1.3 47 1.6 3.7 63 
l 1.2 71 2.0 4.0 .63 
0.83 68 2.2 3.5 47 
| 0.43 90 7.6 3.6 .67 
J 1.5 84 2.5 6.1 63 
1.9 65 1.5 3.4 45 
9 2.6 108 1.4 5.2 43 
-3 5.1 
_ 30.0 7.53 
dé 
4.2°K 
S-1 0.63 3.7 6.82 
S-1 0.41 3.7 7.63 
S-] 1.1 2.0 4.30 
S-2 1.2 4.7 5.42 
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served to raise Amin; hence large amounts of these 
elements may be expected to eliminate easy glide. The 
increase in slope may be taken as evidence that at 
least a portion of these impurities were in fact present 
as very fine precipitates.“ 

Size effects. In Ref. (1) it was speculated that the 
lack of easy glide was due to the size effect which has 
been observed in copper“*) and which, it is here 
suggested, is identical to that previously seen in 
aluminum by Yamaguchi"*). Suzuki et al. interpreted 
their size effect observations as due to the crystal size 
becoming greater than the mean free path of disloca- 
tions, a view which has also been taken by Seeger“. 
However, several experimental results have made this 
explanation untenable. In the first place the effect 
depends not simply on the crystal diameter but on its 
thickness in the slip direction;"* and secondly it 
depends not just on this thickness but the thickness 
relative to the sample length.“® It has in fact been 
observed that a fatter crystal may give more easy 
glide than a thinner one, provided its length is great 
enough. This result is clearly incompatible with an 
explanation depending on the importance of some 
absolute length in the crystal. 

This situation has led several workers"®" to the 
conclusion that stresses due to interactions with the 
grips are the cause of the effects just discussed. To 
test this view, Karashima'®) has superimposed bend- 
ing moments during the tensile deformation of single 
crystals. Where the added stress supported that due 
to grip restraints, easy glide was decreased; where they 
cancelled these stresses, increased easy glide resulted. 
In aluminum the large variation of parameters Amin, 


Amax 
shown to be in accord with the idea of grip-caused 


(19) 


and 7,_;,; with crystal dimensions” have been 


stresses. 

Since the samples used here had a length: thickness 
ratio of 10:1 and those of Ref. (1) had a ratio of 15:1, 
size effects appear not to be of importance in explain- 


ing the differences between the two results. 


Effect of tin content 


Figure 7 indicates that of the stress-strain param- 


Extent of easy glide: 
eters, y;_1;, the easy glide strain is most sensitive to 


tin additions. Since, however, y;_;; is determined by 
7:1 and Amin, it is their variations that are of 


From Fig. 7 we find that over the range 


Ty 

interest. 

examined, 
70 


125 ¢, 


4 yor 
Amin 2200 


EASY 


GLIDE IN LEAD 


(a) 


| | 


Y 


Fie. 8. The effects on easy 
stress, easy -glide slope, latent hardening, and grip effects 


glide of changes in yield 


The units are (g/mm*) and ¢ is the tin concentration in 


per cent. Since by definition 
Ty)/ Amin; 


it follows that 


- (18 + 55 c)/(1300 — 2250 c), 4) 


which varies much more rapidly with concentration 
The 


above relation is appropriate for tin concentrations 


than the individual components 7,, 7;_;; OF Amin 


up to 0.4 per cent only 

Augmentation of easy glide due to solute additions 
may be interpreted by a qualitative work hardening 
description first given by Diehl and subsequently 
used to interpret grip effects."% Hardening during 
both easy glide and rapid hardening is attributed to 
small amounts of secondary slip, the amounts being 
particularly small during easy glide; the transition 
from easy glide to rapid hardening is then due to the 
stress 7, on the secondary system becoming high 
enough to cause “‘appreciable’”’ secondary slip 

Figure 8(a—c) indicates three contributing factors 
For Fig. 8(a) it is assumed that appreciable secondary 
slip occurs (and hence 7,_;,; has been reached) when the 


stress on the secondary system has the critical resolved 


shear stress ~_— This stress will be reached on the 


secondary system when the stress 7,;_,, on the primary 
is (m,/Mg)T,, where Mm, and m, are the resolved shear 
stress factors for the primary and secondary systems. 


The strain in easy glide is given therefore by 


Mg) l lt, Amin- 


189 
= (b) 
4 
bay! 
Yun 
Y Y 
(c) (d) 
T T / 
= 4 
| Y 
2) 
and 
(3) = (5) 
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Since 7, is raised by tin additions, y;_;, is also raised; 


this increase, y,'_;,, is indicated in Fig. 8(a). If Amin is 
decreased, a second increase in easy glide, y{_y,, 
results, as equation (5) and Fig. 8(b) indicate. This 


lower slope might be expected because the stress at 


yield for the alloyed crystal is further below the stress 


T;_,, needed for larger amounts of secondary slip, or 
in other words, 7;_;; — 7, is larger for the alloy crystal. 

If, in addition, prior primary slip increases the stress 
to cause the secondary system to intersect it, then easy 


glide is further extended by an amount y/'_,, (Fig. 8c). 


This latent hardening might be expected because of 


hedge-like'?) 
this 


the dislocations acting as 


barriers to those on intersecting planes. If 


primary 
increase in stress is t,, then equation (5) becomes 


(m,,/My l T,/Ty)T,/Amin- (6) 


A complicating factor, the effect of reactions with the 
grips, is shown in Fig. 8(d): The easy glide range is 
shortened. If 7, and the grip effect were known, it 
would be possible to use equation (6) to find m, and 
hence determine what secondary system was respon- 
sible for the hardening. Unfortunately neither the 
latent hardening nor the grip stresses have been 
measured for lead. 

That the first two effects described by Fig. 8(a—c) 
are present is supported by equations (1) and (3). 
Since the ratio 7,_;,/7, increases very slowly with tin 
concentration, it would appear that latent hardening 
(the third effect considered) may be present but slight. 
Because of the complicating grip effects, however, the 


latter conclusion must be regarded as tentative. 


Effect of precipitates on easy glide 

It was suggested earlier that the relatively insoluble 
impurities were probably present as precipitates which 
increase work hardening and tend therefore to reduce 
the extent of easy glide. From the model assumed 
here, this hardening is regarded as due to local stresses 
from precipitates assisting slip on secondary systems 
and hence effecting an increase in hardening rate. It 
seems possible also that the anomalous orientation 
dependence of stage I] hardening observed by Feltham 
and Meakin was caused by the presence of precipitates, 
which give such effects in the aluminum—copper 


system.) This view is compatible with the observed 
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effects (Figs. 3 and 4) of small additions of copper to 
lead. 

CONCLUSIONS 
the 
amount increasing with the concentration of dissolved 


(1) Lead of sufficient purity displays easy glide 


tin. 

(2) Small additions of copper and aluminum, which 
have very limited solubility in lead, tend to increase 
work hardening and therefore decrease the extent of 
easy glide. 

(3) The above effects may be described in terms of 
a Diehl’s hardening model. 

(4) Creep of lead at 4.2°K was found to be at least 
an order of magnitude less rapid than creep of 
aluminum. 
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EFFECT OF GRAIN SIZE AND TEMPERATURE ON SLIP, TWINNING AND FRACTURE IN 
3°,, SILICON IRON* 


D. HULL* 


The importance of twinning in brittle fracture has been studied in a 3 per cent silicon iron. Tensile 
tests have been made at 20, 78, 196 and 253°C on unirradiated and irradiated specimens with a 
range of grain sizes between d~!/2 4 and 32 (where 2d is grain diameter in cm.) The specimens 
were examined metallographically after fracture to determine the incidence of twinning 

All specimens tested at 20 and 78°C, and specimens tested at 196°C with d-¥2 18, gave an 
upper and lower yield point and plastic deformation by slip. There was a linear variation of lower yield 
stress, o,, with d~'/? at all temperatures, but the slope k, was dependent on temperature, k, 196°¢ 
k, 20°C 1.69. Specimens with d~'? 18, tested at 196°C, and all specimens tested at 253°( 
either fractured without any observable plastic deformation or after a small amount of twinning. Metallo 
graphic examination revealed that all specimens which fractured in a brittle manner contained twins 
close to the fracture, and it is concluded that twins nucleate cracks as they do in single crystals.'?’) The 
twinning/fracture stress was related to grain size by the equation a,, k,,, At 
O04, was almost half the corresponding value for slip, o,;, and k 

196 and 253°C o 


was more than twice k,. Between 


increased 50 per cent, but ’(¢) was approximately constant. Neither k, not 


i(t) 
k.,, was affected by irradiation but ¢o, and o,,,, were increased. 

In specimens with d~'? 18, tested at 196°C, appreciable twinning occurred all along the gauge 
length of the specimen. Twinning was most pronounced in the larger grains. The thickness of the twins 
increased with decreasing grain size and with increasing temperature between 253 and 196 ¢ 
The size of the crack nucleus was calculated from the thickness of the twin and the twinning shear assum 
ing that the crack formed at the intersection of twins, and the value compared with the critical siz 


required for propagation as a brittle crack according to Cottrell’s theory of brittle fracture 


EFFET DE LA DIMENSION DES GRAINS ET DE LA TEMPERATURE SI LE GLISSEMEN' 
LE MACLAGE ET LA RUPTURE DANS UN FER A 3% DE SILICIUM 

L’auteur a étudié importance du maclage sur la rupture fragile d'un fer a 3°, de silicium. I] a effectur 
des essais de traction a 20 78 196 et 253°C sur des échantillons irradiés et non irradiés dont la 
dimension de grain variait de d~4 tad- 32 (ot: 2d est le diamétre du grain en em), Les échantillons 
ont été soumis & un examen métallographique aprés rupture pour déterminer linfluence du maclags 
Tous les échantillons étudiés a 20 et a 78°C et les échantillons étudiés a 196°C, avee d~'/? 18 pre 
sentaient une limite élastique (yield point) supérieure et inférieure et une déformation plastique pat 


glissement. Il y avait une variation linéaire de la limite élastique supérieure, ¢, avec d~! 


& tutes tempéra 
tures mais la pente de la courbe k, dépendait de la températue, k, 196°C/K, 20° 1.69. Les échantil 
lons avec d~¥/2 18 étudiés a 196°C et tous les échantillons examinés A — 253°C se fracturent net sans 
déformation plastique observable ou aprés un faible maclage. L’examen métallographique a révélé que 
tous les échantillons dont la rupture s’effectuait d°une maniére fragile contenaient des macles a l’endroit 
de rupture et l’auteur en conclut que les macles donnent naissance aux fissures comme sela se passe dans 
les monocristax.'?) La tension de rupture par maclage est exprimée en fonction de la dimension des grains 
par l’équation 0;,, Sin k,,@-"3, A 196°C, o,,,, est & peu prés égal a la moitié de la valeur de a 
correspondant au glissement et k,,, est supérieur & 2 k,. Entre 196°C et 5t T;,,,) augmente de 50 
pour cent mais k(t) reste approximativement constant. 

Nik, nik,,, ne sont affectés par l’irradiation mais a; et o;,,, augmentent. Pour les échantillons avee d 
18 examinés a 196°C, un maclage appréciable a lieu sur la longueur calibrée de léchantillon, Le mac 
lage est le plus prononcé sur les grains les plus larges. L’épaisseur des macles augmente avec une diminu 
tion de la dimension des grains et avec une augmentation de la température ce 253°C a 196°¢ 

La dimension du germe de fissure est calculée & partir de l’épaisseur de la macle et du cisaillement dé 
maclage en supposant sue la fissure se forme a intersection des macles et cette valeur est comparée aver 
la valeur critique de cette dimension nécessaire & la propagation de la fissure fragile d’apres la theorie di 


Cottrell sur les ruptures fragiles. 


DER EINFLUSS VON KORNGROSSE UND TEMPERATUR AUF GLE NG, ZWILLINGS 
BILDUNG UND BRUCH VON EISEN MIT 8°, SILIZIUM 


Die Bedeutung der Zwillingsbildung fiir den Sprédbruch wurde an einem Eisen mit 3°, Silizium unter 
sucht. An unbestrahlten und an bestrahlten Proben mit Korngr6éBen zwischen * fund 32 
(wobei 2d der Korndurchmesser in cm ist) wurden Zugversuche bei 20, 78 196 und — 253°C durch 
gefiihrt. Die Proben wurden nach dem Bruch metallographisch untersucht, um das Auftreten von 


Zwillingen festzustellen. 


* Received May 13, 1960. 
+ Department of Metallurgy, University of Liverpool, Liverpool 3. 
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Samtliche Proben, die bei 20 und 


sucht worden waren, zeigten eine obere und eine untere Streckgrenze und verformten sich durch Gleitung. 
Es besteht ein linearer Zusammenhang zwischen der Spannung an der unteren Streckgrenze o, und d 


bei allen Temperaturen, doch ist die Steigung k, 
Proben mit d-1/2 18, die bei 


78°C und diejenigen Proben mit d 


temperaturabhiangig, es ist k, 
196°C und samtliche Proben, die bei 


1961 


1/2 18, die bei 196°C unter 


196°C/k, 20°C 1,69. 
253°C untersucht worden waren, 


brachen entweder ohne beobachtbare plastische Verformung oder nach geringer Zwillingsbildung. Die 
metallographische Untersuchung zeigte, daB alle Proben, die spréde gebrochen waren, in der Nahe des 
Bruches Zwillinge enthielten; daraus folgt, daB die Zwillinge Keime fiir Risse mit sich bringen wie es in 


Einkristallen der Fall ist.'?? 


Cun verkniipft. Bei 


i 


doch k(t) blieb nahezu konstant. 


nahmen zu. 


In Proben mit d 
eine betrachtliche Zwillingsbildung auf. 


1/2 18, die bei 


der Zwillinge nahm mit abnehmender Korngr6Be und mit zunehmender Temperatur zwischen 
Die GréBe des RiBkeimes wurde aus der Zwillingsdicke und der Zwillingsscherung berechnet 


196°C zu. 


196°C war o,,,, 
o, fiir Gleitung und k,,, war gr6Ber als das doppelte ky. Zwischen 
Durch Bestrahlung wurde weder k, noch k,,. verandert, jedoch ao, und 


Die Zwillings-Bruchspannung wurde mit der Korngr6éBe durch die Gleichung 


beinahe halb so groB, wie der entsprechende Wert 
196 und — 253°C nahm a,,,, um 50% zu, 


a(t) 


196°C untersucht worden waren, trat entlang dem ganzen Zugstab 
Diese war in gréBeren Koérnern starker ausgepragt. 


Die Dicke 
235 und 


unter der Annahme, daB sich Risse langs des Schnittes zweier Zwillinge bilden und das Ergebnis wurde 
verglichen mit der kristischen Gr6éBe, die nach Cottrells Theorie des Sprédbruchs notwendig ist zur 


Ausbreitung als spréder Rib. 


1. INTRODUCTION 


There is an increasing amount of evidence that 
fracture can be initiated at the intersection of twins in 
This been demonstrated by 


direct observation in single crystals of silicon iron by 


ferrous materials. has 


Hull".*), and by examination of fracture surfaces of 


pure iron by Tipper et al., and Rosenfield™. It is 
clear also from the work of Hahn et al.© that brittle 
fracture of polycrystalline specimens of certain steels 
can be accounted for entirely by twinning at low 
temperatures. 

In recent theories of brittle fracture.” it is shown 
that the transition from brittle to ductile fracture is 
sensitive to grain size, 2d, friction stress o,; on a free 
dislocation, and the stress required to unlock a dis- 
location from its atmosphere of carbon and nitrogen 


atoms and point defects. In the following equation 


(1) 


k, is a measure of the stress to unlock a dislocation and 
a, is the shear stress at the lower yield point. 
In the theory of Cottrell the transition criterion is 


given by an equation: 


ok, = (2) 


where o,, and possible k,, are sensitive to temperature 
and strain rate; / is a constant depending on the type 
of stress system, y is the effective surface energy and 
u is the shear modulus. 

Since according to equation (1) k, relates to the 
variation of lower yield stress with grain size, it cannot 


be used directly in the transition equation (2) when de- 


formation and fracture results from twinning. Another 


relation is required relating the stress for twinning o;,) 
to grain size as follows: 


n 


S(t) Oi(t) 


In the present experiments, tests have been made 
on a silicon iron which shows brittle fracture behaviour, 
due to twinning, over a range of grain sizes when tested 
at —196 and —253°C. Tests were made also at higher 
temperatures where the normal yield point and lower 
yield elongation occurred. 

Hull and Mogford’®) have shown that in a mild 
carbon steel, containing 0.15 per cent C and 0.59 per 
cent Mn, irradiation with neutrons increases o,; in 
equation (1) without affecting ’,. The 
a, could be related to the increased brittleness using 


increase in 


equation (2). A series of silicon iron specimens were 


tested, therefore, to determine the effects of neutron 


irradiation on twinning and fracture. 


2. EXPERIMENTAL DETAILS 


All the tensile tests were made on 1.17 mm diameter 
wire obtained from hot rolled sheet, 3 mm thick, with 


the composition given in Table 1. 


TABLE 1. Composition of silicon iron 


C(%) | Si(%) | S(%) | Mn (%)| Ni (%) | Cu(%) | Sm (%) | Al(%) 


0.037 3.27 0.036 0.095 0.06 0.07 0.008 0.003 


The sheet was cut into square section strips which were 
then ground to a circular cross-section and cold swaged 


to the final size. A range of grain sizes was obtained 


by annealing in vacuo for various times between 700 
and 1200°C followed by furnace cooling to 20°C. 
Annealing at the highest temperature gave a ‘“‘bam- 
boo”’ structure with single grains across the specimen, 


4.1), and after annealing at 700°C the grain 
30). 
Specimens were irradiated between 60 and 100°C 
in BEPO reactor at Harwell for 2 weeks, which corre- 
- 1MeV of approximately 


(d 1/2 
size was about 2000 grains/mm? (d~1/? 


sponds to a neutron dose 
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GRAIN SIZE mm 


TENSILE Kg. cm. x 10% 


AND FRACTURE 


IN 3% SILICON IRON 


! 1 


SHEAR Kg x 10 


@ 20 C. UNIRRADIATED 
O-78°C. UNIRRADIATED 


4-78°C. IRRADIATED 


{ 
GRAIN SIZE 


specimens and at 
2 x 101” 
irradiated in the same hole in the reactor. 


neutrons All the specimens were 

Tensile tests on unirradiated and irradiated speci- 
mens were made over a range of temperatures between 
20 and 
ing tensile machine with a strain rate of 0.01/min. 


253°C in a hard beam autographically record- 


After fracture all specimens were examined metallo- 
graphically to determine the grain size and the 
incidence of twinning at the fracture face and along 
the gauge length of the specimen. The thickness of the 
twins was measured as a function of temperature and 
grain size. 
3. INFLUENCE OF GRAIN SIZE AND 
TEMPERATURE ON FRACTURE 
At room temperature all the specimens were ductile 


and necked down to a point at fracture. The lower 


TABLE 2. Values of 
Test 


temperature Condition (kg ecm~? 
(°C) (shear) 


10?) 


Variation of lower yield stress with grain size at 20 and 
78°C after an irradiation of 2 


and k,,, for temperatures between 20°C and 


78 C for unirradiated 


10? neutron cm 


vield point extension was most pronounced for the 
finer grain size specimens and they showed also higher 
total elongation. There was a linear variation of lower 
yield point with grain size as illustrated in Fig. 1. The 
At —78°C the 


behaviour of the specimens was almost identical to 


values of k, and o; are given in Table 2 


those at 20°C, but there was some evidence for twin- 
ning in the coarse grain size specimens and there was 
the The 


twinning produced a sharp drop in the stress-strain 


a smaller reduction in area at fracture 


curve and it occurred within the first 2-3 per cent 
elongation. In one case the twinning corresponded to 
the onset of plastic deformation; this specimen had a 
grain size d~!/* 4.1 and it can be seen in Fig. | that 
the value of the yield stress for this specimen is low, 


suggesting that twinning has been initiated below the 


253° 


(c.g.s. units (c.g.s. units 


Unirradiated 
Unirradiated 
Irradiated 
Unirradiated 
Irradiated 
Unirradiated 
Irradiated 


16.5 
21.2 
298 
On 


29.0 
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70 
60 +30 
| 
oe ~ 
| 
50 
re) 
40r 120 
| 
30} 
| 
91. 9 | 
961 
10 20 30 
...: 
cm.2 
silica 
20 
78 3.3 
78 3.3 
196 : 5.6 14.0 12.2 
196 || 5.6 18.2 12.2 
253 3 11.4 
253 95.5 11.4 
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GRAIN SIZE 


4 


TENSILE STRESS Kg. 


O- SHEAR STRESS Kg. 10" 


UNIRRADIATED, LOWER YIELD STRESS 55 
IRRADIATED, LOWER YIELD STRESS 
UNIRRADIATED, TWIN/FRACTURE STRESS 
IRRADIATED, TWIN/ FRACTURE STRESS 


GRAIN SIZE 


Fic. 2. 
and fracture (d 
tested at 


normal yield stress. Again there is an approximately 
linear variation of yield stress with d~’/?. There is very 
little change in k, between 20 and —78°C (Table 2) but 
o, increases appreciably. 

196°C (Fig. 2) are completely differ- 
78°C. 


The results at 
ent to those at 20 and The form of the stress 
strain curve is extremely sensitive to the grain size of 
the specimen and this is illustrated in Fig. 3. For 
values of d~/? up to 11.2 the specimens are completely 
brittle and no plastic deformation could be detected 
With the methods used it would be 


than 


before fracture. 
possible to detect non-elastic strains greater 
2 x 10. 
(iii), Fig. 3) showed one or two yield drops due to 


One specimen with d~¥/? = 11.2 (i.e. curve 
twinning prior to final fracture, but no evidence for 
plastic deformation could be detected before the 
formation of the first twins. At a grain size d~/2 

18.8 a lot of plastic deformation by twinning, up to 
1.5 per cent elongation, occurred before fracture and 


1 
20 


2 
cm. 


Effect of grain size on the mode of plastic deformation and the stresses required to produce twinning 
a/s 19), and normal yielding by slip (d 


1/2 19) for unirradiated and irradiated specimens 
196°C, 


one specimen showed a little work hardening. For 


and a lower yield elongation followed by some work 


- 18.8 the specimens gave an upper yield point 


hardening. They fractured in a brittle manner after 
about 8 per cent elongation. There were no sharp drops 
in the stress-strain curves associated with twinning. 
The change in the mode of fracture can be seen clearly 
18.8, 
there is a linear increase of yield stress with grain size 
to the at 20 and 78°C 
although the slope &, 196°C (Table 2). 
When d~-!? < 18.8 the specimens are brittle and the 
fracture stresses are well below the expected value of 


in Fig. 2. When normal yielding occurs, d~/? 


similar results obtained 


is larger at 


the yield stresses when the results for the fine grained 
specimens are extrapolated to include the coarse 
grained specimens. However, in spite of the scatter, 
there is an approximately linear relation between 


fracture stress and grain size, d~"?, in this range. If 


we assume, and this will be discussed more fully later, 


194 
2 3 5 6 7 
100} +50 
| 
} re) 
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- 
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- 
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IRON 


O TENSILE STRESS Kg. em. 107 


10 


ELONGATION °% 


Fic. 3. 


that the fracture and twinning are coincident, the 
slope of the fracture-stress/grain-size relation will give 
k,,) in equation (3) with exponent n i It is clear 
that k,,, is much greater than k, at the same tem- 
perature and the values are given in Table 2. The 
intersection of the yield-stress/grain-size and fracture- 
stress/grain-size plots gives the transition grain-size. 

A limited number of specimens were tested at 
All the 
specimens were brittle but for grain sizes smaller than 


before fracture and the stress-strain curves, Fig. 5, 


253°C and the results are given in Fig. 4. 
24.1 there was some deformation by twinning 


were similar to curve (iv) in Fig. 3. 
fracture-twinning stress with grain size was similar to 
that at 
the same. However, o,,,, had increased by 7.2 « 10° 


196°C and k,,, (Table 2) was approximately 
kg 


4. METALLOGRAPHY OF FRACTURE 


The silicon iron contained only a small number of 


fine inclusions which were dispersed homogeneously 
throughout the material. There was no evidence for 
After 


annealing to produce different grain sizes the grains 


segregation of inclusions at grain boundaries. 


were equiaxed and fairly uniform in size. 


Typical stress-strain curves for specimens tested at 


The variation of 


2=25.5 


196°C with grain sizes between d~ 1/2 t{tod 

Even single crystal type specimens tested at 20°C 
necked down to a point at fracture (Fig. 6a) and no 
twins were observed. Occasionally in the coarse 
grained specimens one or two twins could be detected, 
but there was no connection between the twinning and 
final fracture. This was true also for the specimens 
tested at 


grains across the section (Fig. 6b); 


78°C except in the specimens with single 
here fracture was 
preceded by some necking, but in the zone close to the 
fracture surface a large number of coarse twins have 
formed. The stress-strain curve shows a drop in stress 
that could have been produced by the formation of 
these twins. The photograph reveals the close relation 
between twinning and fracture. 

At —196°C, the fracture appearance has the same 
wide variation with grain size that is obtained in the 
tensile tests. The single crystal type specimens, ot 
which Fig. 6(c) is an example, are completely brittle 
and there is no necking at fracture. Large, prominent 
twins appear close to the fracture. Although there is 
no evidence for twinning on the stress—strain curves, 
Fig. 3(i), (ii), it is clear that twinning occurred before 
fracture. The crack has crossed through the twins, 
which have not the appearance of twins formed ahead 


of an advancing crack. Similar types of fracture 
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‘1G. 6. Cross-section of fracture of specimens with a very coarse grain size 
tested at (a) 20°C, (b) — 78°C and (c) 196°C, §2.5 
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Variation in appearance of fracture for specimens with different grain sizes tested at 
18.8 (c) d-4/2 


11.2 (b) d-¥/2 


were observed in all specimens with d-¥? < 18.8. 
Twinning was restricted mainly to grains near the 
fracture and only occasional twins occurred along the 
rest of the gauge length. Fig. 7(a) shows a typical 
section through a coarse grained specimen. The frac- 
ture is clearly transgranular and also cuts through 
many large twins. To avoid repetition it should be 
pointed out that all the fractures in unirradiated and 
irradiated specimens gave transgranular fractures. 


Fig. 7(a) also shows a number of small subsidiary 
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cracks which are associated with intersection of twins. 
The specimens with a value of d~'/? = 18.8 have twins 
close to the fracture and in addition large numbers of 
twins have formed along the gauge length (Fig. 7b). 
In the specimen corresponding to the stress-strain 
curve (iv) in Fig. 3, 18 per cent of the grains contained 
one or more twins. It was noticeable that twinning was 
most pronounced in the larger grains and a detailed 
analysis of the incidence of twinning was made on this 
specimen. Fig. 8(a) shows histograms of the distri- 
bution of grain sizes throughout the specimen and the 
distribution of grains containing twins and in Fig. 8(b) 
the ratio of twinned grains to total grains has been 
plotted against grain size. This analysis was made 
entirely on a section through the specimen so that 
the range of grain sizes observed is somewhat larger 
than would be expected in bulk material, particularly 
in respect to the number of small grains. However, it 


indicates that twinning is easier in coarse grained 


196 


21.5. 52.5 


specimens and suggests that the stress for twinning 


decreases with increasing grain size. In specimens, in 
which fracture is preceded by yielding and work 
18.8, 


observed in large grains along the gauge length and 


hardening, i.e. occasional twins were 


a few twins occurred close to the fracture (Fig. 7c). 
No necking was detected at the fracture. 

253°C the appearance 
of the fractures for grain sizes up to d~'* = 24.1 was 


similar to that illustrated in Fig. 7(a) in which twinning 


In the specimens tested at 
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(a) 


8. 
containing twins as a function of grain diameter. 


FRACTURE IN 3% 


(a) Histograms of the distribution of the total number of grains in a specimen and the 
(b) Ratio of number of twinned grains to 


SILICON TRON 


° 


2 


DIAMETER OF GRAINS ON SECTION, INCHES X10 


b 


number of grain 
total number of grain 


as a function of grain diameter. 


Ford 


occurred along the whole gauge length of the specimen 


is localised near the fracture. 1/2 — 24.1 twinning 
and was again most pronounced in the larger grains. 
the 


thickness of twins to determine whether it varied with 


A number of measurements were made on 
grain size and temperature of formation. The measured 
thickness of a section through a twin is taken to be, 
on average, a factor 2 greater than the true thickness. 
The results, which are plotted on Fig. 9, show that at 
196°C the thickness varied from approximately 
3.0 10-4 em for coarse grained specimens to 1.5 
10-4 em for fine grained specimens and at — 253°C the 
thickness varied between 2.0 « 10-4 em and 0.6 
10-4 em. 
5. EFFECTS OF IRRADIATION 
A limited number of specimens were irradiated for 
1017 neutrons cm? and tested at —78, —196 and 
253°C to determine the effect of irradiation on the 
vield stress and the twinning—fracture stress. At 
78°C the stress-strain curves for all grain sizes were 
the of the 


specimens, except that the vield stress had increased. 


almost identical to curves unirradiated 


Fig. 1 shows the variation of yield stress with grain 
size after irradiation. Within the experimental scatter 
it can be seen that the slope /, is unaffected by irradia- 


tion and o, has increased by 1.6 107 kg em~* (Table 


2). 


In the fine grained specimens tested at 196°C the 
also unaffected by irradiation 
These 
the increase in yield stress is 
2? to d-1/2 


1/2 30. Assuming that 


strain curves are 


stress 
apart from an increase in vield stress results 
are plotted in Fig. 2 
fairly constant between d 26 but is 
much smaller for d remains 
constant, has increased by about 3.5 kg 
In the specimens with d-'/* 19.0 there is a marked 
difference in the stress—strain curves after irradiation. 
This can be seen by comparing curves (iv) and (v) in 


Fig. 10 After 


irradiation, in one case (curve iv) there is no plastic 


Fig. 3 and curves (iv) and (v) in 
deformation before fracture either by twinning or slip, 
and in the other case (curve v) there is appreciable 
twinning at fairly low stresses with very little twinning 
immediately prior to fracture. In the unirradiated 
specimen, twinning only occurred at stresses close to 
the fracture stress. Abundant twinning at a compara 
the 
irradiated specimens with d-' 19.0 and these are 
Fig. 10. There 


systematic pattern in this behaviour 


tively low stress also occurred in a number of 


also illustrated in seemed to be no 
some specimens 
showed very little twinning whilst others gave up to 
Metallo 
tested at 


1.5 per cent plastic deformation by twinning 
the 


196°C revealed twins in all specimens, i.e 


graphic examination of specimens 
even 1n 


specimens which showed no signs of twinning on the 
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4 


WIDTH OF TWINS. cmX 107 


GRAIN SIZE 4“, 

Variation of thickness of twins with grain size 
for tests at 196 and 253°C. 


TENSILE STRESS Kg.cm | 


ELONGATION 


Typical stress-strain curves for specimens tested at 196°C after an irradiation 
of 2 neutrons 
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stress-strain curve. In most cases the twins were 
localized in the grains close to the fracture. The final 
fracture stresses of specimens in the grain size range 
d-\/? — 4.1-19.0 have been plotted in Fig. 2. The 
increase in twinning—fracture stress after irradiation 
is approximately the same as the increase in lower 
yield stress of the fine grained specimens (Table 2). 

The most significant results for irradiated specimens 


were obtained at —253°C. Typical stress-strain curves 


have been plotted in Fig. 5(b) and the variation of 


fracture stress with grain size in Fig. 4. All the 
specimens were extremely brittle including those with 
fine grain size which showed some twinning before 
fracture in the unirradiated condition (Fig. 5a). Two 
specimens twinned at fairly low stresses in a similar 
L96°C, 


There is an increase in the 


way to the coarse grained specimens tested at 
but to a lesser extent. 
twinning—fracture stress of 4.3 10? kg em-~* which 
is independent of grain size. The increase is almost the 


same as the increase at 196°C. 


FRACTURE 
196°C on 


6. INITIATION OF TWINNING AND 
A number of experiments were made at 
the “‘bamboo” type specimens to determine whether 
twinning or fracture could be initiated at a lower 
tensile stress than the normal value, i.e. 34-40 « 10 
kg em~*. The specimens, immersed in liquid air, were 
loaded at increasing stresses, and at intervals struck 
with a sharp razor blade by allowing the blade to swing 
through a small angle and hit the specimen at right 
angles to the tensile axis. In this way small notches 
were produced on the specimen. Four such tests were 
made, but in no case was it possible to initiate either 
plastic deformation by twinning or fracture at the 
notch, and the final twinning—fracture stress was the 
same as specimens tested directly. There was some 


evidence, which requires further investigation for 
delayed twinning, in that after a small increase in 
stress had been applied and held constant for a few 
seconds, a sharp drop in load sometimes occurred, and 
with twinning 


the corresponding ‘“‘click’’ associated 


was heard. 
7. DISCUSSION 


(a) Variation of k, with temperature and irradiation 


In this section we will consider only those results 
which apply to stress-strain curves showing typical 
vield effects due to plastic deformation by slip. The 
Table 2 that k, 
and 78°C, but increases appreciably 


results in show remains constant 


between 20 
78 and 


between 196°C. This form of temperature 


dependence agrees with work by Petch,” but differs 
| 


from the results of de Kazinezy et al.) who found no 


change in k, between 20 and —196°C in a 0.15 per 
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cent carbon—1.18 per cent manganese steel, and the 


linear variation between 2.9 10? ¢.g.s. units and 
4.6 10’ c.g.s. units for the same temperature range 
reported by Hull and Mogford‘*) for a 0.15 per cent 
carbon—0.59 per cent manganese steel 


It is interesting to note that the ratio 
k, 196°C 
k, 20 6, 


1.69 
in the present work, which compares with 1.59 and 
2.15 obtained from results of Owen et al.“ for two 
different steels, and 1.60 obtained by Hull and Mog- 
ford.'®) 

The results in the present work at 196°C clearly 
separate yielding by slip from twinning and show that 
there is an increase in k, at —196°C irrespective of 
twinning. However, the results do emphasise the need 
to ensure that a sufficiently wide range of grain sizes is 
used in determining the grain size dependence of any 
particular form of plastic yielding. A much higher 
value for k, would be obtained if the twinning results 
were taken into account. 

The variation in the temperature dependence of k, 
which measures the stress concentration at a grain 
boundary required to operate a source In the next 
grain and is equal to a,/'/* where a, is the stress required 
to unpin a dislocation from its atmosphere and / the 
distance from the pile-up to the nearest source, 
suggests that different degrees of pinning occurs. For 
example in a lightly aged specimen, with only a small 
number of interstitial atoms associated with the dis 
location line, a strong temperature dependence might 
be expected, and for strongly aged specimens with 
definite precipitates on the dislocations, large enough 
should be 


However, if this is 


to resist the effect of thermal fluctuations, 4 
fairly independent of temperature 
the basis of the different temperature dependence ot 
k, it follows that the nature of the precipitate is very 
sensitive to composition. An alternative explanation 
is that the temperature dependence arises from the 
different degrees of grain boundary accommodation of 
stress at the head of 
thus at — 196°C the pile-up may be far mor 


effective in operating a source in the next grain than 


the a piled-up group of dis 


locations: 


at 20°C, because the grain boundary is less effective in 
accommodating the stress at this temperature 

No change in k, was observed in tests at 78°C after 
neutron irradiation and, although the results are fat 


196°C also . There is an increase 


from complete, at 
in o, after irradiation which is higher for the tests at 
196 than at 


with 


78°C. These results are in qualitative 


agreement those for irradiated 0.15 per cent 


&) 


carbon—0.59 per cent manganese steel 
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(b) Effect of twinning on the grain size dependence 


In the results at —196°C there is a marked change 
in slope of the yield stress—grain size plot at approxi- 
mately d~!/? = 18, and this corresponds to the onset of 


twinning before gross plastic yielding by slip. It 


appears that in the coarser grained specimens the onset 


of twinning is accompanied by fracture and the inter- 
pretation of this observation is that, in this grain size 
range, twinning immediately provides a crack nucleus 
large enough to propagate as a brittle crack. Hence 
the grain size dependence of fracture a,/d~/? can also 
be considered as the grain size dependence of the onset 
twinning o,,/d~-'*. For specimens with a grain size 
q-¥ 18.8, up to 1} per cent plastic deformation by 
twinning occurred, and presumably the overall stress 
is not sufficient to propagate the microcracks that 
For d 1/2 


occurred at a lower stress than the expected value for 


formed. 19.0 plastic deformation by slip 
twinning, estimated by extrapolating the coarse grain- 
size results. At —253°C all the specimens fractured as 
a result of twinning. 


oecurred before final fracture. 


For specimens with a fine grain 


size 24.0 plastic deformation by twinning 
We can describe the variation of o,,, with grain size 
by a similar equation to the lower yield point equation, 

i.e. 


t a(t) 


From the summary of results in Table 2 it is seen that 
196°C and is 
independent of 196 


253°C, whereas o,,,, is only half the value of oa, 


is considerably larger than k, at 
temperature between and 
at —196°C and increases with decreasing temperature. 
As in the case of the lower yield stress, ¢,,,. can be 
considered as the lattice stresses opposing the move- 
ment of dislocations and k,,) as the local stress concen- 
tration required to nucleate twinning. We have seen 
that k, 
dislocations at a grain boundary and is the local stress 


previously arises from the pile-up of slip 
which, along with the overall applied stress, is sufficient 
to operate a dislocation source in a neighbouring grain 
and thus successively deform the whole specimen. The 
exact significance of k,,, is not so clear. The only 
196°C which reveal twinning 
18.8) indicate 


that the most important variable determining the 


specimens tested at 


along the whole gauge length, (d~/? 


incidence of twinning is the grain size, although it is 
true that some twins appear to nucleate other twins 
across a grain boundary. In the coarser grain size speci- 
mens, fracture follows immediately after the first defor- 
mation by twinning so that twins are localised near the 
fracture. Thus it seems that some local stress concen- 


tration other than twins at grain boundaries must be 
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present. There are two possibilities (1) local stresses 
produced around inclusions, etc., and (2) pile-up 
stresses at grain boundaries, inclusions, or sessile 
arrays of dislocations, due to pre-yield microstrain. 
The former is unlikely because it does not account for 
the large grain size dependence of the stress required 
for twin formation. Pre-yield microstrain, due to the 
release of dislocations in a few preferred grains at a 
stress below that required for general yielding, has 
been observed by many workers. For plastic deforma- 
tion by slip the pre-yield microstrain produces the 
local stress concentration which at a sufficiently high 
applied stress can initiate general yielding. It is 
possible that in a similar way the microstrain can 
concentration sufficient to nucleate 


stress 


create a 
twinning. However, this does not explain how the 


microstrain at a fixed temperature can _ initiate 


twinning in one range of grain sizes and slip in another 
range. In the present experiments the amount of 
microstrain before deformation by slip is much larger 
than before twinning, and in fact no microstrain 
could be detected before twinning, but the tests were 
not sensitive enough to microstrain of 
2 x 


measure a 
Owen" has recently observed that no 
microstrain could be detected, maximum sensitivity 
2x 3, twinning and fracture in 
196°C. 


follow that no dislocation movement has occurred and 


before single 


crystals of iron at However, it does not 
isolated pile-ups could occur producing a strain less 
than 2 « 10-% e.g. a pile-up of 100 slip dislocations in 
a crystal 10 em long would produce a strain ~2 

The dislocation configuration required to nucleate a 
twin is not likely to be the same as for slip, and it is 
suggested therefore, that microstrain produces stress 
concentrations capable of initiating both slip and 
twinning and that twinning is preferred for the coarse 
grained specimens at a lower applied stress than that 
required for slip. 

The high value of k o,f, 


stress to nucleate a twin and / the distance between 


where o,,, is the 


tu 


the local stress concentration and the twin source, 
that o,, 
corresponding values for slip. A high value is expected 


indicates and/or /'/ are higher than the 


for a,,, because of the difficulty in forming a twinning 


tu 


dislocation. The low value of o,,,, suggests that the 


The 


most difficult process in the growth of a twin is the 


stress to move a twinning dislocation is small. 


propagation of the first twinning dislocation since 
this has also to form two twin/matrix interfaces and 
it is possible that this contributes to the high value 
The experimental observation that twinning 


occurs at high speed under a falling load is indicative 
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of a high stress to nucleate a twin and a low propaga- 
tion stress. 

12.0 


253°C agrees closely with a value 


107 e.g.s. 


The value obtained for k units 
at 196 and 
k, 10.2 


variation of yield stress with grain size. 


(t) 


107 ¢.g.s. units reported by Low” for the 
However, as 
Hahn“*® has pointed out the grain size dependence 
observed by Low probably relates to twinning/fracture 
stresses. 

For tests at both 253°C 
irradiation produces an increase in o,,,, of approxi- 


196 and neutron 


mately 900 kg em~? for a dose of 2 « 10!” neutron 
em", and there is no change in k,,. This is very 
similar to the behaviour of ¢, and k,, and indicates 
that irradiation is increasing the resistance to move- 
ment of twinning dislocations. However, the points 
plotted on Figs. 2 and 4 are twinning/fracture points, 
but Figs. 5(b) and 10 show that in some specimens 
appreciable twinning has occurred at much lower 
stresses. This is not characteristic of all irradiated 
specimens for some fractured without any twin drops 
on the stress-strain curve whilst others with the same 
size showed lower 


grain pronounced twinning at 


stresses (c.f. specimens tested at 196°C, curves (iv) 
and (v), Fig. 10). Although this effect may be related 
to the irradiation treatment, which may produce 
local stress concentrations, it is more likely that the 
greater difficulty in handling active specimens has 
resulted in some specimens being slightly misaligned 
machine, although this was not 


in the tensile 


apparent. 


(c) Twinning and fracture 

The results emphasise the importance of twinning 
in fracture. In the experiments at —253°C twinning 
precedes fracture for all grain sizes. Since the inter- 
section of twins") can provide a crack nucleus it is 
necessary to consider the conditions under which a 
Cottrell and Petch™ 
suggested that the tensile stress to grow a crack nucleus 
Brittle 


fracture is assumed to occur when the yield stress 


crack will propagate. have 


6, > G,, i.e. the tensile stress to form a crack. 
nucleus forming as a result of 
If this is the 


case it follows that the whole tensile stress is available 


the crack 
plastic deformation at the yield point. 


for growing a crack nucleus and the critical condition 
is dependent on this stress o, and the 
of the Cottrell@” 


this is given by equation (2), in which 


for growth 


dimensions crack nucleus. has 
shown that 
k, d‘*/u is the total Burgers vector of dislocations that 
pile into the crack nucleus, or in other words, the total 


When 


the crack nucleus is formed by the intersection of twins 


displacement between the faces of the crack. 
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it is possible to estimate this from the thickness of the 
twins, tf, and the angle of shear @ 35°16’; thus when 
a twin meets another twin the maximum displacement 
will be approximately ¢ tan 6, and twinning version of 


equation (2) will read 


tan =~ py (4) 


Therefore if ¢ tan @ is greater than y/o,,, the material 
will be brittle and fracture at the onset of twinning 
196°C, tan 6 varies 

and 1.1 


1S.8 twinning occurred 


In the present experiments at 
10-4 em for 
For d-1/2 


along the whole gauge length and one can assume that 


between 2.3 
1 


em for d~'/? 25 


the thickness of the twins is not sufficient for fracture 
Taking ¢ tan 6 1.4 3.6 « 10° 


dyn cm? for this grain size gives y = 5.0 


10-4 em, and 
10° ergs 
em~* which is much higher than the values obtained in 


2 104 ergs 


other ferrous metals, i.e This is 
rather unlikely and it suggests that ¢ tan @ is too big 
Metallographic observations show that twins taper, 
often sharply, at their tips, either at a grain boundary 
Thus the 
effective thickness for crack nucleation will be 


follows that 


or at the intersections with another twin 
much 
less than the overall thickness It the 
ability of a twin to nucleate a crack is dependent on 
the amount of accommodation at its tip, and this may 
well be sensitive to temperature. At 253°C ¢t tan 6 
varied with grain size between 1.8 10-4 and 
0.3 10-4 em 
specimens with d 


0.6 10-4 and o,, 


Considerable twinning was obtained in 

1/2 24 and substituting ¢ tan 6 
4.7 dyn em~* in equa 

tion (3) again gives a high value for y 2.8 10° ergs 


cm 
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AN X-RAY INVESTIGATION OF THE EFFECTS OF HYDROGEN IN IRON* 


A. S. TETELMAN, C. N. J. WAGNER, W. D. ROBERTSON?+ 

X-ray line broadening resulting from the cathodic charging of hydrogen into annealed and cold 
worked pure iron was investigated. Electrolytic charging at room temperature resulted in a broadening 
of all reflections, and Fourier analysis showed that the broadening was caused both by distortion and the 
presence of small, anisotropic domains. The Fourier coefficients, half widths, particle sizes, strains and 
recovery kinetics were found to be identical for iron that had been charged with hydrogen and for iron 
strained 5 per cent in tension; the apparent activation energy for recovery of line broadening, following 
either cathodic charging or a tensile strain of 5 per cent, is 42.0 5 keal/mole in the temperature range 
400—500°C, 
charging. All the evidence indicates that the effects of hydrogen on the X-ray diffraction characteristics 


No significant change in lattice parameter was observed as a consequence of cathodic 


of pure iron can best be interpreted in terms of plastic deformation, and there is no X-ray evidence to 
substantiate the recent proposal that hydrogen occupies tetrahedral interstitial positions in the iron 
lattice. 

EXAMEN AUX RAYONS X DES EFFETS DE L>HYDROGENE CONTENU DANS LE FER 

Les auteurs ont étudié l’élargissement des raies de rayons X produit par charge cathodique de hydro 
gene dans le fer pur recuit et écroui. La charge électrolytique & la température ordinaire provoquait un 
élargissement de toutes les réflexions et une analyse par la méthode de Fourier a montré que cet élargisse 
ment était da a une distorsion et a la présence de faibles domaines anisotropes. Les auteurs ont trouve 
des coefficients de Fourier, demi largeur, dimension des particules, déformation et cinétique de restauration 
identiques pour le fer qui avait été chargé par hydrogéne et pour le fer déformé de 5 pour cent par ten 
sion; l’énergie apparente d’activation pour la restauration de l’élargissement des raies suivant que le fer 
avait subi la charge cathodique ou un étirement de 5 pour cent était de 42,0 5 keal/mdéle dans | 
domaine de température de 400 a 500°C. 

La charge cathodique de fer n’a aucune influence sur les dimensions de la maille. De toute évidence, on 
peut dire que les effets de (-hydrogéne sur les raies de diffraction caractéristiques de fer pur peuvent étre l 
mieux interprétés comme résultant d'une déformation plastique et il n'y a pas de preuve évidente par 
rayons X pour confirmer les récentes propositions suivant lesquelles Vhydrogéne occupait des positions 
tétraédriques interstitielles dans la maille de fer. 

RONTGEN-UNTERSUCHUNG DER EFFEKTE VON WASSERSTOFF UND EISEN 
{6ntgenlinien von gegliihtem und kaltbearbeitetem Eisen, das durch katho 
Elektrolytische Wasserstoff 


Fourieranalyse 


Die Verbreiterung der 
dische Entladung mit Wasserstoff angereichert wurde, wurde untersucht 
anreicherung bei Raumtemperatur fiihrte zu einer Verbreiterung aller Reflexe. Eine 
zeigte, daB die Verbreiterung durch Gitterst6rungen und durch die Anwesenheit kleiner anisotrope 
Tielchengr6éBen, Verzerrungen 


Bereiche hervorgerufen wurde. Fourier-Koeffizienten, Halbwertsbreiten, 


und Erholungskinetik waren fiir Eisen mit Wasserstoff dieselben wie fiir Eisen, das 5°, zugverformt war; 
bei der Erholung der Linienverbreiterung nach kathodischer Wasserstoft 


bis 500°C eine 


Aufladung sowohl wie nach 
5% Zugverformung tritt im Temperaturegebiet 400 $2.0 5 
keal/Mol auf. Der Gitterparameter anderte sich infolge der Wasserstoff-Aufladung nicht wesentlich. Alles 


experimentelle Material deutet darauf hin, daB sich der Einflu8 von Wasserstoff auf die Réntgenbeugung 


Aktivierungsenergie von 


von reinem Eisen am besten als plastische Deformation auffassen liBt; die R6ntgenmessungen ergeben 
keinerlei Anzeichen zur Begriindung des kiirzlich gemachten Vorschlags, dali Wasserstoff tetraedrische 
Zwischengitterlagen im Eisengitter einnimmt. 


INTRODUCTION 


Part of the problem associated with the mechanism 


cally charging them with hydrogen. They observed 
that the introduction of hydrogen caused broadening 
of all (110), (112), (222) (123) 


112) reflections were broadened 


of hydrogen embrittlement is the absence of detailed reflections from and 


information concerning the sites where hydrogen is 
located in the iron lattice, and the corresponding 
effects produced on the lattice. As a contribution to 
this problem Plusquellee ef al.“) examined back 
reflection X-ray patterns of single crystal and poly- 
crystalline samples of Armco iron after electrolyti- 


* Received June 27, 1960. 
+ Hammond Metallurgical 
New Haven, Connecticut. 
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planes, but that the 

more than the others. They also found that after 
heating the polycrystalline specimens for 5 min at 
300°C the diffraction spots became sharp. Since this 
temperature was assumed to be below the recovery 
temperature of the iron, and since the (112) reflection 


was broadened most, they concluded (i) that hydrogen 


collected preferentially in the interstitial tetrahedral 


positions which lie in (112) planes, and (ii) that 


206 ACTA METALLURGICA, 


broadening of the reflections resulted from distortion 
produced by the presence of hydrogen in the tetra- 
hedral sites. 

Recently, Rogers?) has offered evidence that the 
elimination of the yield point in Armco iron or mild 
steel, after cathodic charging, is due to plastic defor- 
mation produced by hydrogen in the iron lattice. He 
showed that the activation energy for the return of the 
yield point, 23,600 cal/mole in rimmed steel, is the 
same as that for the yield point return if the material 
were deformed by tensile straining. He further showed 
that cathodic charging for 5 min at 100°C, followed by 
aging for 55 min at 100°C, produced a yield point 
whose magnitude was the same whether the aging took 
place in air or under continued cathodic charging. 
Since aging in air presumably removed the bulk of the 
hydrogen previously introduced, while aging during 
cathodic charging certainly increased the hydrogen 
concentration, the yield point return was proved to be 
independent of the presence or absence of hydrogen. 
Rogers therefore concluded that the hydrogen intro- 
duced during the initial cathodic charging plastically 


deformed regions in the iron, and that the yield point 


was masked during a tensile test by the growth of 


view is 


If this 


correct, it is reasonable to assume that the plastic 


these strained regions under load. 


deformation that eliminated the yield point would 


also produce a measurable broadening of X-ray 
powder pattern peaks. 

The principal purpose of the present investigation is 
to determine, by a precise diffractometer technique, 
whether line broadening is the result of preferential 
location of hydrogen, or of plastic deformation. In 
order to differentiate between the two possible effects 
of hydrogen, the broadening of X-ray lines following 
charging, tensile straining, and cold rolling was 
An analysis of the broadening was per- 
Warren—Averbach®? 


calculations are presented which show the results that 


compared, 
formed using the method and 
should be obtained if Bastien’s hypothesis” of the 
preferential location of hydrogen on (112) planes is 
correct. Additional studies were made of the recovery 
of line broadening following either charging or tensile 
the 


produced by the introduction of hydrogen into iron 


straining, and also of additional broadening 


that was cold worked prior to charging. 


EXPERIMENTAL PROCEDURE 
Vacuum melted pure iron, of the composition shown 
in Table 1, was obtained through the courtesy of the 
United States Steel Corporation in the form of a cold 
rolled plate from which two types of specimens were 


prepared. Specimens to be charged with hydrogen 
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only, cold rolled, or cold rolled and subsequently 
charged, were cut into parallepiped shapes | in. 

0.500 in. 0.060 in. 
deformation by 


Specimens for the study of 


tensile strain were in the form of 


tensile specimens with a gauge length of 2 in. 


0.500 in. 0.060 in. To produce a uniform, small 


grain size, all specimens were annealed for 1 min in a 


TABLE 1. Composition of material (%) 

0.0016 
0.008 
0.0007 
0.0009 
0.004 


0.001 Mo 
0.010 Al 
0.001 Co 
0.009 Ti 
0.017 Zr 


0.005 
0.004 
0.004 
0.003 
0.001 


neutral salt bath of sodium and potassium chlorides 
at 750°C; they were air cooled to room temperature. 
X-ray reflections from all annealed samples were 
sharp. 

Hydrogen was introduced by cathodic charging at 
room temperature in a solution of 4 vol. °, sulfuric 
acid to which a few drops of carbon disulfide and some 
arsenic trioxide were added, both of which served as 
poisons to facilitate the absorption of hydrogen. 
Specimens were charged for 20 min at a current 
density of 0.1 A/in®. Following the charging operation, 
the specimens were etched in nital to eliminate surface 
contamination. These conditions did not produce 
blisters large enough to be observed with a binocular 
microscope at 15 > 

In order to compare the effects of hydrogen and 
deformation, and to study the effect of hydrogen on a 
lattice, 
cold rolling and tensile straining. Defining 


deformed two types of deformation were 
employed 
deformation by rolling as the decrease in thickness 
divided by the thickness of the annealed sample, the 
produced in five separate 


deformation by rolling 


annealed samples was 5, 7.5, 10, 15 and 25 per cent, 
or natural strains of 0.05, 0.075, 0.10, 0.14 and 0.225. 
After obtaining X-ray intensity curves for each of the 
cold rolled specimens, they were subsequently charged 
with hydrogen and the diffracted intensities were 
re-examined in order to study the effect of hydrogen 
cold lattice. Tensile straining was 


on the worked 


performed in an Instron testing machine at a crosshead 


speed of 0.02 in./min. Four separate specimens were 
strained 5, 8, 15 and 20 per cent in tension measured 
over the 2 in. gauge length, corresponding to natural 
strains of 0.05, 0.08, 0.14, and 0.18. Each of the 
latter three specimens was charged with hydrogen 
following X-ray examination and then re-examined. 

made on _ three 
the 


tecovery measurements were 


samples, two charged with hydrogen, other 


Mn 
Cu 
Ni 
Cr 
Vol. 9 
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The length of the 


strained sample was cut into three pieces using a water 


strained 5 per cent in tension. 


cooled abrasive wheel. X-ray measurements made on 
the strained sample before and after cutting revealed 
no increased broadening. All recovery anneals were 
done isothermally, the charged samples at 425 and 
475°C and the three sections of the strained sample at 
375, 425 and 475°C. 

Strain may be produced if electroplating of a 
component from the aqueous solution occurs during 
the charging operation. To eliminate this possible 
extraneous cause of line broadening, and to show that 
the observed effects were the results of hydrogen and 
not plating strains, experiments were performed on 
two additional samples. One of these was charged 
with hydrogen in a ferric sulfate solution, the other in 
the normal 4°, sulfuric acid solution to which was 
added 20 g of ferric sulfate. In the first case, the lines 
remained sharp following electrolysis, even though 
iron was plated at the surface. In the second case, 
broadening of the lines occurred which was the same 
as that for specimens charged in the pure solution. 
Therefore, it seems that the observed line broadening 
must be attributed to effects produced by the intro- 
duction of hydrogen. 

The line shapes and peak shifts of the (110), (200), 
(112) and (220) reflections were recorded automatically 
at room temperature with a Norelco diffractometer 
using filtered Fe-K, radiation and a Geiger counter. 
The (222), (400), (422), (440) and (444) reflections 
were also recorded automatically at room temperature 
using filtered Mo—K, radiation and a scintillation 
counter equipped with pulse height analyser. All 
peaks were resolved into their x, and x, components 
by means of the Rachinger correction and, since the 
broadening of the resolved «, x peaks produced by 
either cold work or hydrogen was symmetrical, it was 
possible to handle the Fourier analysis in terms of the 


When half width 


measurements were used to study relative changes, as 


cosine coefficients of the %, peak. 


in the recovery experiments, the half widths were 
measured on the resolved x, peaks to better than 0.01 
in 26. 

In order to quantitatively examine the broadening 
produced by cold working or by charging with hydro- 
gen, reflections were represented as a Fourier series in 
reciprocal space, and the coefficients of the series were 
The 


distribution per unit length of a symmetrical reflection 


obtained from Lipson—Beevers’ strips. power 


from a cold worked sample at any angle 29 is given by 


a Fourier cosine series: 


K(O)N > A, cos 2an(hs 


n x 


, 
Py, 
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where 


A,?P 


cos (2) 


The broadening produced by small incoherently 
twin 
P 


diffracting domains and/or stacking faults or 
faults is related to the particle size coefficients, A, 
The distortion coefficients, AP are related to the 
relative distortion, ¢,, between any two cells, n cells 
apart. h. is a variable in reciprocal space equal to 
(2a, sin 9)/2. Since equation (1) only applies to (OOl,) 
reflections in reciprocal space, it is necessary to trans- 
form the (Akl) reflections to (O01, ) reflections. This 


may be accomplished with the relation 


where a, is the true lattice parameter, A,” = h* 


k2 + 2 1, 


reflection, and a, is the new lattice parameter of the 


is an integer which equals the order of the 
orthogonal cell after the transformation. To obtain 
the cold 


charging with hydrogen, corresponding peaks from 


true broadening due to either work or 


both annealed and deformed samples were analysed, 


and the coefficients A, were obtained by the Stokes" 


correction. Warren and Averbach™ have shown that 
the broadening coefticients, Y may be separated into 
two terms from which the average particle size and 


the r.m.s. strain may be obtained 
3) 
1) 
Actually, it is more convenient to work in terms of a 


true length, L 


reflecting planes 


na,, Which is perpendicular to the 


Equation (4) becomes 


and by plotting In A, vs. hy", the slope of the line for 


each value of LZ gives the r.m.s. strain (¢,*)'*, and the 


intercept at h,* 0 gives the particle size coefficients 
If the coefficients, are then plotted vs. L, 
the intercept on the L-axis of the initial slope of the 
curve gives the average particle size ),,., since Warren 


and Averbach have shown 


dA,” 
A,P=(1 ) 


This analysis was performed on the first two orders of 


the (200), (112) and (222) reflections, and on the first, 


second and fourth orders of the (110) reflections from 


specimens strained 5 pel cent in tension and specimens 


207 

a l 
lo ho d, 
J 
p 
In A, In A, 2a? — 
L? 
In A, In A,’ 5) 

LD, 6 
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| 
© HYDROGEN CHARGED 
5% TENSILE STRAIN 


100 200 300 400 


500 


600 700 800 900 1000 


L 


Fourier coefficients A ,, of first order reflections, 


vs. a distance L, perpendicular to the reflecting planes, 


for two samples; 


one charged with hydrogen, the 


other strained 5 per cent in tension, 


(440) 


T 


OHYDROGEN CHARGED 


05% TENSILE STRAIN 
@ A! FROM FIGURE 3 


100 200 


Fic. 2. 


300 400 500 600 700 800 9300 


4 Fourier coefficients A, of first, second and 


1000 1100 


fourth order reflection of (110) peaks vs. a distance L, 
perpendicular to the reflecting planes, for two samples; 
one charged with hydrogen, the other strained 5 per 


cent in tension. 


to L 


charged with hydrogen. For samples either subjected 
to cold rolling or greater degrees of tensile strain, only 
the first and second orders of the (110) reflections were 
analysed. 
EXPERIMENTAL RESULTS 
Figure | shows the Fourier coefficients, A ,, of first 


order reflections obtained from two separate samples, 


Extrapolation of the Az? vs. L curve 
0 gives a particle size of 2000 A, 


one charged with hydrogen, the other strained 5 per 


cent in tension. The first, second and fourth order 
reflections of the (110) peaks are presented in Fig. 2. 


The coefficients of the charged and strained samples 


are practically identical and, accordingly, only one 


curve has been drawn for each order of reflection. 


Using the method presented in the preceding 
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Fic. 3. 


Fourier coefficients 


reflections, at 


1, for all 


L 120, 240 and 360 A, plotted vs. h,? h2 ke? 


l?, Curves have been drawn through the 
the (110) reflections only, in order to simplify 


three orders of 
re pre 


sentation of the results 


section, the values of In A; are plotted vs. h,” in Fig. 3 
for three values of L corresponding to 120, 240 and 
360 A; 
(440) reflections only, in order to keep the figure 
legible. The points from the (440) reflections do not 
fall on the straight lines connecting (110) and( 220) 


curves are drawn through the (110), (220) and 


reflections because the straight line relation predicted 
by equation (5) was derived on the basis of a small 
cosine term in equation (2). Since the cosine contains 
the quantity /,, the approximation is only valid for 
reflections from planes of small Miller indices, or when 
the strains follow a Gaussian distribution. Therefore, 
the particle size coefficients in the (222) direction 
could not be obtained because extrapolation of straight 
lines through the (222) and (444) points to hy? = 0 
would be meaningless. 

By plotting the particle size coefficients vs. L and 
extrapolating the initial slope of the curve to the L 
coordinate, the particle sizes resulting from either 
cathodic charging with hydrogen or tensile straining 
200) and (112 


were obtained in the directions 


TABLE 2. 


This method is illustrated in Fig. 2 for the particle 


size in the (110) direction. The negative curvature 


observed at small values of L is known as the “hook 
effect’ and the necessary corrections may be made by 


a method described by Warren.‘® The average values 


of particle sizes obtained in this way are given in the 


first column of Table 2. The fourth column in this 
table lists the 


components at L 


average values of the r.m.s. strain 


200) A 
strains are averages obtained from four separate speci 
of the 


Both particle sizes and 


mens; the deviation from the average in any 
four measurements was less than 10 per cent 
X-ray measurements were made on samples that 
were cold worked in varying amounts for the purpose 
of studying the effect of cold work on particle size in 
the (110 
with hydrogen and re-X-rayed in order to study the 


effect of cathodically charging a cold worked material 


direction. The samples were then charged 


shows this effect for tensile 


The dashed line 
at the top of Figs. 4 and 5 corresponds to the particle 


with hydrogen. Fig. 4 


straining and Fig. 5 for cold rolling 


Particle size and r.m.s. strains for pure iron either cathodically charged or strained 5 pe 


The peak shift data is for cathodic charging onl 


Particle size 


Reflectio 
Ideal 


faulting 
ratio 
D (200) 


Particle Experimental 
size ratio 
D; D ,(200) 


1800 A 2.1 2.83 
5 1.00 
1.63 
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HYOROGEN CHARGED 
Particle 
Size 


Particle size, A, in (110) direction 


vs. per cent tensile strain. 


Fig. 4. 


Nee TENSILE STRAIN 
AND CHARGED 


10 15 
% Deformation 


2000 


1500 


Particle 


110 Size 


per cent cold rolling. A 


Fic. 5. Particle size, A, in 


direction vs. 


HYDROGEN CHARGED 


COLD ROLLED 
AND CHARGED 


1 


V at 


500 A 


TABLE 3. R.M.S. strain 
Additional 

strain due to 
hydrogen 


2 0 


When hydro- 
Cold rolled 104 


gen added 
104 


Ve," AA 


» 


4. 


, Tensile strain 


3.44 
4.10 
4.36 


K.M.S. strain V e,* at 500 A when hydrogen is charged into 
3.16 


an annealed sample 
size obtained when hydrogen is charged into an 
annealed sample. 

The r.m.s. strain components vary with the distance, 
L, perpendicular to the reflecting planes, decreasing 
towards some asymptotic value as L increases. In 
order to compare these strain components as a function 

500 A were 
obtained from 


of cold work, the values of (¢,?)" at L 
taken and are given in Table 3. Fig. 6, 


the last column in Table 3, shows that the additional 


10 
% Cold Rolled 


strain produced when hydrogen is charged into cold 


worked iron increases with the amount of prior 


plastic deformation. 

For the purpose of comparing the recovery kinetics 
of iron after charging with hydrogen or straining 5 per 
to the 


Fourier analysis employed in the preceding calcula- 


cent in tension, it would be desirable use 


tions. However, this method of analysis is not practi- 


cal because the broadening produced by deformation 


48 


3.64 


A( x10" | | 


im TENSION 


24 


I 
% Tensile Strain 
or 
% Cold Rolled Prior to Charging 
Fic. 6. Additional strain at 500 A resulting from the 


introduction of hydrogen in samples that were cold 
worked prior to charging. 
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or charging is close to the experimental accuracy, and 
the line sharpening that takes place during recovery 
cannot be subjected to Fourier analysis with any 
better precision than by the method described below. 

Warren’ has shown that when diffraction profiles, 
which are broadened by instrumental factors and by 
cold work, are of Gaussian form the true integral 
breadth # resulting from cold work may be obtained 


from the relation: 


B is the integral breadth of the profile observed after 
cold work, and By, is the breadth of the profile when 
the specimen is in the annealed condition and therefore 
gives a measure of instrumental effects. Little error is 
made in applying this equation to the half widths at 


half maximum intensity for curves of Gaussian shape. 


In order to study the recovery process, the value of 


Bow = \V (Biw — By?) was determined, where Pow is 


the true half width resulting from either cathodic 
Vv (Bew* 


TABLE 4. Determination of Pow 


(a) Sample charged 


B, 


0 Bow Pew (20) 
0.125 
0.195 
0.24 
0.415 


0.090 
0.121 
O.188 
0.364 


0.086 
0.14 
0.20 


(b) Sample strained 5 per cent 


0.13 

0.195 
0.235 
0.415 


0.096 
0.121 
0.182 
0.364 


0.086 
0.14 
0.20 


28.63 
$2.58 
55.90 
72.90 
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charging with hydrogen or tensile straining, and Boy 
is the measured half width of either the charged or the 
strained specimen. Values of Spy for both the charged 
and the strained samples are given in Table 4, and it 
should be noted that the agreement between the two 
samples is quite good. 

Following each isothermal recovery anneal, values 


of p, \/ ( a" B,*) were determined, where r refers 


to recovery. The ratio £,/Poyw = x is then a measure 
of the cold work remaining in the sample 

Figure 7 shows a plot of x vs. log time for recovery of 
(112) line breadth after annealing at three different 
temperatures. Measurements made on (110) and (220) 
reflections produced similar results, but the errors 
were greater due to the difficulty of estimating the 
true peak maximum of the broad (220) reflection, and 
of measuring small changes in the sharp (110) reflec 
tion. 

By defining the rate of recovery as | /t, where ¢ is the 


time at any temperature at which /,/fow = 0.5, an 


apparent activation energy for the recover\ of line 


broadening was obtained. The circled points in Fig Ss 
are obtained from Fig. 7, while the triangles represent 
the data obtained from additional samples that were 
annealed at different temperatures and times to pro 
vide check points. The apparent activation energy for 
recovery of line broadening is 42,000 5000 cal/mole, 


evaluated from the slope of the line 


DISCUSSION 
The principal purpose of this investigation is to 
precise diffractometer technique, 
the 


determine, by a 


whether line broadening resulting from intro 


duction of hydrogen into iron is due to preferential 


10 


CHARCED 


© STRAINED 5% IN TENSION 
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Fic. 7. 
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Recovery of line broadening following charging, or a tensile strain of 5 p 
x is plotted for the (112) peak vs. time at 375, 425 and 475 ¢ 
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SLOPE = AH= 42,000 CAL/GM.MOLE 5 
+5,000 CAL /GM.MOLE 


Time 


( minutes) 


© FROM FIGURE 7 
4 CHECK POINTS 


Fic. 8. T(°K-) 
following charging or a tensile strain of 5 per cent 


Time for 50 per cent recovery vs. ] 


1 


1.40 
(°K 


the lattice or to plastic 


In order to examine the former possi- 


location of hydrogen in 
deformation. 
bility, we use the results of Wagner et al.‘® 

If hydrogen is randomly distributed on some (112) 
planes, but not on others, then a change in spacing 
should occur between those (112) planes that contain 
hydrogen and those that do not. This change in 
spacing is called a spacing fault, and is characterized 
by a quantity p which measures the probability of 
encountering a fault in going from one (112) layer to 
the next. In the extreme case which was calculated, 
it was assumed that the spacing faults occur at 
random, and they are spread out over the entire (112) 
plane. Under these assumptions, it was found that 


Po, is given by: 
(6) > A. 


Poo cos (7) 
which is of the same form as equation (1) except for 
the quantity 6 which appears in the cosine term. This 
quantity, 0, is a measure of the peak shift, A(26°), 
which occurs as a result of the spacing fault. A(26°) 


is given by: 
A(20°) ( 


57.3) + (2) + (pe/3) + tan 6 (8) 


é is the distortion that occurs at a spacing fault. This 
expression is similar to that for the case of uniform 


expansion between neighboring (/k/) planes, A(260°) 
57.3 -2 Ad/d tan 6 with 


(9) 


and the expression shows that if hydrogen collects on 
(112) planes, the sign of the peak shifts should always 
be negative and that the magnitude of the shifts 
should increase with increasing #. The results of the 
calculation and the experimental observations, for 
each (hkl) reflection, are presented in the last two 
It is evident that caleulated and 
relative 


columns of Table 2. 


measured values do not agree, either in 


magnitude or in the direction of the shift. 
When broadening is produced by small domains and 
. D 
However, if spacing faults exist, due to preferential 


by distortion within the domains, 4; = A; 


location of hydrogen on certain (112) planes, then 
P , 4H 
A,” -A;”). 


Ay, = (A, 
» are again given by equations (5) and 


A,* and A, 


(R) 


(6), and A,” is given, for small values of p, by 


h—k 


21)\* 
(10) 


where M is the multiplicity, and } shows that the sum 
P 
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must be taken over each (hkl) reflection in the {Akl} 


set. Since 


—k, 


where /, is an integer equal to the order of reflection 
and h, k, 1, are the Miller indices of the first order 
reflecting planes, equation (10) may be written: 


21,))* 
ly? (11) 
and thus the spacing fault coefficient depends on the 
square of the order of reflection. Combining equations 
(5), (6) and (11), for the case when spacing faults, 
effects and small 


distortion particle sizes D are 


present: 


J L*) (12) 


In A, AD (K,,.,perL 


where 
» 3 
21,) 


This expression is identical with equation (5) when 
On the other 
hand, if all broadening is the result of hydrogen 


(1,9) 


spacing faults are not present and p = 0. 


collecting on (112) planes, as Bastien has proposed, 
then: 

a 2.72 

A L I ly ) 


(13) 


, 9 9 
K,,, L9*pe*. 


Equation (13) shows that broadening, due to hydrogen 
collecting only on (112) planes, depends on the order 
(l,) of the reflection. The Warren—Averbach theory 
shows that the only effect that depends on the order 
of reflection is distortion broadening: particle size 
broadening is independent of the erder of reflection. 
(112) 
planes, only distortion effects should be observed. 


Thus, if hydrogen collects preferentially on 


The data in Table 2 indicate, however, that cathodic 
charging does produce particle size broadening, and 
that this broadening is apparent for all reflections. 
110), 


, one should expect 


Furthermore, since 1.8aA has values of 7.55 for 
13.33 for (200 112 


the slopes of the lines (Fig. 3) connecting (112)—(422) 


and 22.50 for 


points to be greater than the slopes for (110)—(220) 
and (200)-(400) points. 
200)-(400) slopes are greatest, and that (112)—(422) 
slopes are least. Thus, the distortion effects produced 


Fig. 3 shows, however, that 


by cathodic charging cannot be the result of preferen- 
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tial location of hydrogen on (112) planes. Since the 
Fourier coefficients from the (112) peaks are smaller 
(Fig. 3) than those of the (110) and (222) peaks, these 
experimental results are in accord with those of 
Bastien” who found photographically recorded reflec- 
tions from (112) planes broadened more than (110) 
and (222) reflections. However, it does not seem 
possible to attribute broadening following cathodic 
charging to preferential location of the hydrogen, 
because the peak shifts, particle size effects and dis- 
tortion effects are not even in approximate agreement 
with the results that are indicated by the theoretical 
calculations. Furthermore, since the maximum con- 


centration of hydrogen initially introduced into the 


specimens can be estimated at about 2 at. °,, using the 
hydrogen concentration vs. current density data of 
that the 


reflections would not be significantly broadened even 


Steigerwald et al. one would expect 
if hydrogen were preferentially located on (112) planes 
because the number of tetrahedral sites is so large that 
hydrogen atoms could not be forced to take positions 
that would expand the lattice in one direction 

the 
broadening produced by hydrogen is compared with 
l and 2 
show that the Fourier coefficients of all reflections that 
the 


Good agreement is, however, obtained when 


that produced by plastic deformation. Figs 
were investigated following cathodic charging are 
same as those for reflections broadened by a tensile 
strain of 5 per cent. Therefore, the particle sizes and 
r.m.s. strains are also the same. Likewise, Table 4 
indicates that the broadening, measured by changes 
in the half width at half maximum intensity, is the 
same for all lines either charged with hydrogen or 
strained 5 per cent in tension. 

Additional that 


broadening as a result of plastic deformation can be 


evidence hydrogen produces 
obtained from the kinetics of the recovery process. If 
hydrogen itself, and not the plastic deformation it 
produces, is responsible for line broadening, the 
activation energy necessary to cause line sharpening 
should be similar to that for the diffusion of hydrogen 
3000 cal above 200°C?) and about 8000 cal 


in iron 
below On the other hand, if deformation is 
responsible for line broadening, the activation energy 
for recovery should be the same as that for recovery 
from plastic deformation, in particular of a specimen 
strained 5 per cent in tension 

Figure 7 shows that the recovery of line broadening 
is the same for annealed specimens either charged o1 
strained 5 per cent in tension. The apparent activation 
the 42.000 cal/mole, is 


times that for the activation energy for diffusion of 


energy for process, over 10 


hydrogen in iron in the temperature range investigated 


k? /? 1,7(h,? k,? + l,?) 
LSa M(h,* 4 
27? 
— (h,* + &,? + l,?). 
in A, 
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Again, it appears that the observable effects produced 
by hydrogen in iron can only be consistently explained 
in terms of plastic deformation, rather than of preferen- 
tial location. 

It cannot be definitely concluded that the activation 
energy of 42,000 cal/mole obtained from Fig. 8 holds 
below 400°C because the line for 375°C in Fig. 7 is not 
It may 
that a 
The 
measurement made at 375°C was on a strained sample 


only, and does not alter the fact that the recovery 


quite parallel to the lines for 425 and 475°C. 
be that the kinetics of recovery are such 
different mechanism is operating below 400°C. 


kinetics of the samples cathodically charged with 
hydrogen follow the same pattern as the strained 
samples. Two charged samples were annealed at 450 
and 500°C as a check, and their values of /,/f oy 

0.5, which are plotted as triangles in Fig. 8, bracket the 
straight line. As a final check on these results, 
cathodically charged samples were annealed isochro- 
nally for one hour at temperatures ranging from 150 
to 350°C. No detectable recovery was observed until 


an annealing temperature of 350°C was reached. These 


observations are not in disagreement with those of 


Bastien, who found that reflections from polycrystal- 
line samples became sharper after an annealing treat- 
200°C followed by 5 min at 300°C, 
that reflections from a 


single crystal charged with hydrogen did not become 


ment of 7 hr at 
because Bastien also found 
sharp until a temperature of 600°C was reached; the 
time for the annealing of the single crystal specimen 
was not indicated. Since recovery is extremely 
sensitive to grain size and composition, it is not 
surprising that a different temperature was required 
for recovery of line broadening in our specimens. 

T hese then that 
broadens X-ray lines by causing plastic deformation in 
the iron lattice. 


the possibility that hydrogen collects on (112) planes, but 


observations indicate 


hydroge 
This result does not necessarily preclude 


it does show that X-rays offer no evidence for preferential 
location. It would be extremely worthwhile to know 
how hydrogen causes the deformation, and what type 
the 


and the 


of deformation is produced. Unfortunately, 
diffractometer says nothing about the ““how”’, 
idea that hydrogen collects in minute voids and builds 
up a pressure sufficient to cause plastic deformation 
reasonable worth 


seems enough.) One point is 


noting. A separate sample was charged at 8 times the 
normal current density and a particle size of 900 A in 
the 
than that obtained under the charging conditions 


110) direction was measured, a factor of 2 smaller 
generally employed in this investigation. The con- 
centration of hydrogen is proportional to the current 


density, and de Kazinsky@”) has shown that the 
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pressure of hydrogen in defects increases with increas- 
ing concentration. Thus it appears that an increase 
in internal pressure has increased the amount of plastic 
deformation, a result to be expected if the pressure of 
hydrogen in defects causes the deformation. 

Some idea of the type of deformation may be gained 
from the variation of particle size with direction. 
Theoretical considerations by Guentert and Warren), 
and Hirsch and Otte"* show that in body-centered 
random twinning and deformation 


cubic metals 


stacking faults on (112) planes should produce a 


powder pattern peaks. 


broadening of 
their 
particle size in a particular direction, D,,, is given by: 
l 

Dy D OD, 


symmetric 


According to calculations,“*) the measured 


where PD is the isotropic particle size resulting from 
mosaic structure, and Dj, is the apparent, anisotropic 
particle size resulting from faulting on (112) planes. 
If all particle size broadening is the result of faults, 
D,, = D, and the ratio of D,, in different directions 
should be identical with the ideal ratio given in Table 
2. Although there is reasonable agreement between 
experimental and ideal ratios, the measured ratio is 
slightly smaller, indicating that some of the particle 
size broadening is due to mosaic structure. Using 
relations given in Table 3 of Guentert and Warren’s 
paper, a value of D and values of D,, for each direction 
were calculated, and it was found that about two 
thirds of the broadening could be ascribed to faulting, 
This 
similar to that obtained by Wagner" on filings of 

The that the 


distance between faults on (112) planes was 1600 A, or 


and one third to mosaic structure. result is 


pure iron. calculations also showed 
one fault every 560 atom planes. 

Table 2 lists the ratio of the strains measured in the 
various directions and also the ratio of the reciprocals 
of Young’s moduli for different directions. The two 
ratios would be equal if the internal stresses were 
isotropic. The difference between the two ratios may 
be attributed to the experimental error in measuring 
the high angle, low intensity, (400) and (422) reflec- 
tions, and/or to the anisotropic stresses produced near 
deformation bands and grain boundaries. 


Other workers"? ®&1!7 


have observed that if iron is 
cold worked prior to cathodic charging, the solubility 
of hydrogen increases, but the diffusivity decreases. 
Therefore, it seemed worthwhile to see what effect, if 
any, hydrogen produced on the line shapes of a 
material that had been cold worked prior to charging. 
Figs. 4 and 5 show that there is a small decrease in 


particle size when hydrogen is charged into samples 
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that were deformed previously by either tensile strain- 


ing or cold rolling. The additional particle size 
broadening appears to decrease as the amount of prior 
cold work increases. These small changes are reason- 
able, because the creation of new faults and smaller 
domain sizes should diminish with strain hardening. 
the 


regions 500 A long is the result of internal stresses 


However, since r.m.s. strain measured over 
created by the deformation process, one might expect 
the additional strain, resulting from the introduction 
of hydrogen, to increase with increasing prior cold 
work, because more regions (defects, voids) become 
and exert 


the addi- 


available where hydrogen can aggregate 
an internal pressure. Fig. 6 shows that 
tional distortion due to hydrogen does increase with 
increasing prior cold work. 

In order to determine if the measured peak shifts 
were caused by an increase in lattice parameter, values 
of the lattice parameter obtained from each reflection 
from both annealed and charged specimens were 


The 


results indicated that hydrogen caused a very small 


plotted vs. cos* and extrapolated to cos? = 0. 


increase in lattice parameter, not greater than 0.01] 
per cent. Since this was the limit of accuracy of the 
be concluded that this is a 
Wever 


indicated no 


measurement, it cannot 
effect. 


(18) 


work by and 
al.) 
change in parameter following electrolytic charging, 
Wever and Pfarr‘®) did 


displacement of the reflections. 


real Previous film 


Lehrmann and Portevin ef 


although observe a small 


CONCLUSIONS 
(1) All X-ray lines investigated (110), (200), (112), 
(400), (422) and (444) were broadened 
when hydrogen was electrolytically charged into pure 
iron at a current density of 0.1 A/in®. 

(2) Fourier analysis showed that cathodic charging 
produces both distortion and anis« tropic particle size 
broadening. 

(3) The Fourier coefficients, half widths, particle 
sizes, strains and recovery kinetics are the same for a 
charged sample as for a sample strained 5 per cent in 
tension. ‘These results indicate that the broadening of 
the the 
plastic deformation and is not due to preferential 


reflections following charging is result of 
location of hydrogen in the lattice. 

(4) The 
broadening, following charging or a 5 per cent plastic 
strain, is 42,000 
range 400—500°C. 


activation energy for recovery of line 


5000 cal/mole in the temperature 
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decreases, and the r.m.s. strain at 500 A in the 


direction 
L1LO 


with increasing amounts of cold 


(5) The average particle size in the 


direction increases, 
work. 

(6) Cathodic charging causes a small decrease in 
particle size, and a small increase in r.m.s. strain at 
500 A, ina sample that had been cold worked prior to 
charging. Although the change in particle size appears 
to decrease with increasing amounts of prior cold work, 
the change in r.m.s. strain appears to increase with 
increasing amounts of prior cold work, within experi 
mental accuracy 

(7) The 


cathodic charging of hydrogen, is not greater than the 


change in lattice parameter, following 


limit of accuracy of the measurement, 0.01 per cent 
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THE EFFECT OF PRESSURE ON THE AGE-HARDENING CHARACTERISTICS 
OF A COPPER-BERYLLIUM-NICKEL ALLOY* 


V. A. PHILLIPS+ 

The effect of pressure during heat-treatment on the optical microstructure and microhardness of a 
commercial copper—2.1 per cent beryllium—0.4 per cent nickel alloy was studied. It was found that the 
application of 69-75 k-atm pressure during aging at about 390°C reduced the growth rate of discontinuous 
precipitate nodules by a factor of about 18, and reduced the rate of general precipitation by a factor 
of about 5 without significantly changing the peak hardness. Pronounced localized precipitation 
occurred on aging under high pressure. 

The application of 69-75 k-atm pressure during solution treatment at about 825°C apparently sub 
stantially reduced the solubility of beryllium in copper, in agreement with theoretical prediction, and 


gave an unusually fine-grained structure due to the inhibition of grain growth. 


LOINFLUENCE DE LA PRESSIONS UR LES CARACTERISTIQUES DU VIEILLISSEMENT D’UN 
DUN ALLIAGE CUIVRE-BERYLLIUM-NICKEL 

On a étudié influence de la pression sur la microstructure et la microdureté d’un alliage de cuivre com- 
mercial & 2, | % de béryllium et 0,4% de nickel, pendant le traitement thermique. On a trouvé qu'une 
pression de 69-75 k.atm. diminue la vitesse de formation d’un précipité globulaire discontinu kors d’un 
vieillissement & 390°C, d’un facteur d’environ 18, et qu'elle diminue la vitesse de précipitation générale 
dun facteur d’environ 5, sans changer considérablement la dureté maximum. Une précipitation locale 
prononeée apparait si le vieillissement est effectué sous haute pression. 

En accord avec les prédictions théoriques, une pression de 69-75 k.atm, lors d’un traitement de mise en 
solution & environ 825°C conduit apparamment a une diminution considérable de la solubilité du béril 
lium dans le cuivre, et donne une structure de grains inhabituellement fine, ce qui est da a inhibition de 
la croissance des grains. 

DRUCKEINFLUSS AUF DIE AUSHARTUNGSEIGENSCHAFTEN EINER 
KU PFER-BERYLLIUM-LEGIERUNG 

Es wurde untersucht, EinfluB 
Legierung von handelsiiblichem Kupfer mit 2.1°, Beryllium und 0.4% Nickel auf die optische Mikro- 
Die Anwendung eines Druckes von 69 bis 75 k-Atm wahrend einer 


welchen Druckanwendung wahrend der Warmebehandlung einer 
struktur und die Mikroharte hat. 
Alterung bei etwa 390°C verringerte die Wachstumsgeschwindigkeit der inhomogen ausgeschiedenen 
Knétchen um einen Faktor von etwa 18, wahrend die allgemeine Ausscheidung um einen Faktor von 
etwa 5 verringert wurde; die maximale Harte anderte sich kaum. Bei Alterung unter hohem Druck tritt 
ausgesprochen lokale Ausscheidung ein. 

Die Anwendung eines Druckes von 69 bis 75 k-Atm wahrend einer L6sungsbehandlung bei etwa 825°C 
verringerte die Léslichkeit von Beryllium in Kupfer offenbar wesentlich, in Ubereinstimmung mit der 
theoretischen Voraussage; infolge der Verhinderung des Kornwachstums tritt dabei eine ungewoéhnlich 


feinkérnige Struktur auf. 


1. INTRODUCTION 2. PREVIOUS WORK 


Copper—beryllium alloys are known to exhibit dis- No previous work is known on the effect of pressure 
on the age-hardening of copper—beryllium alloys. 


Van 


continuous precipitation at grain boundaries as well as 


general precipitation within the grains. Since the two 
are competitive processes, it was thought that pressure 
might affect the relative rates, besides probably sub- 
stantially affecting the absolute rates. Discontinuous 
precipitation may conveniently be studied by light 
microscopy, which is the main technique used in this 


work. 


* This research was supported in whole or in part by the 
U.S. Air Force under contract No. AF-33(616)-5995, monitored 
by the Materials Laboratory, Wright Air Development Center, 
Wright-Patterson Air Force Base, Ohio. Received February 5, 
1960; revised August 3, 1960. 

+ Now at: General Electric Research Laboratory, Schenec- 
tady, N.Y. 
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There has been a little work on other alloys. 
Wert") found that the application of 12 k-atm during 
aging 24 hr at room temperature slightly decreased the 
rate of aging as judged from hardness tests in the case 
of four aluminum alloys and one lead alloy without 
affecting the ultimate hardness. Finlay and Hibbard? 


applied 100 k-atm during the aging of aluminum-—zine 


and aluminum~—zine—magnesium alloys for various 
times at 100°C and obtained somewhat greater harden- 
ing in the former alloy, this being interpreted as due to 
extended coherency and somewhat lesser hardening in 
the latter alloy. The time to reach peak hardness was 


not altered. 
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At atmospheric pressure, the copper—beryllium sys- 
tem has been extensively studied. For work carried 
out prior to 1948, reference may be made to Geisler’s) 
review paper which contains a comprehensive bibli- 
ography. Of the more recent work, attention should be 
called to the paper by Saulnier,“) which deals with 
light micrographic and electron micrographic struc- 
tural changes on aging. and to a paper by Geisler ef 


al) dealing with the mechanism of precipitation. 


3. EXPERIMENTAL 

The material used was a wrought commercial alloy 
in } in. diameter bar form. Chemical analysis gave 
2.13 per cent beryllium, 0.42 per cent nickel, 0.07 per 
cent iron and 0.03 per cent cobalt by weight. A piece 
of the bar was cold-rolled to 0.059 in. thick strip, 
annealed for } hr at 770°C in nitrogen, water quenched 
and then cold-rolled to 0.020-in. thick sheet. Pellets 
of 0.080-in. diameter were punched out of this sheet. 
Kach specimen consisted of a stack of seven pellets. 
The specimens were contained in an alumina sleeve 
and heated by a concentric graphite element for 


solution treatment and aging. The runs were made 


in a super-pressure “belt’’ apparatus.‘® 

In all of the runs the temperature was measured 
with a chromel—alumel thermocouple inserted in a 
hole drilled through the middle of the cell. It 


readily possible to maintain the temperature reading 


Was 
constant to within 


1°C by manual regulation of the 


HOLD VARIOUS TIMES 
fe 


PRESSURE 


HOLD 5 mins 


Fic. | 


PRESSURE ON 


Schematic diagram showing pressure 
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It should be noted that 


the temperatures shown throughout the paper are not 


power supply to the heater. 


corrected for the effect of pressure on the thermocouple 
voltage since this effect had not been discovered at the 
time of the experiments. The changes, fortunately, are 
in such a direction and of small enough magnitude 


the The 


readings taken under low pressure should be correct 


that they do not invalidate conclusions 


within +1°C. The readings taken under 69—75 k-atm 
are now known to be low by 6°C at 390°C and 13°C at 
825°C. Ifthe temperatures quoted in this report are 
corrected by these amounts, their absolute accuracy is 
probably within 20 

After heat 


compacted specimens were longitudinally sectioned fo 


treatment in the the cylindrical 


pl 


metallographic examination. An etch containing 250 


cm? ammonia, 100 em? 3° hydrogen peroxide, 25 em® 
20° potassium hydroxide and 125 em? water was used 


The 


microhardness of the mounted and polished samples 


to reveal the structure in all of the samples 


was determined with the aid of a Kentron testing 
machine. 
load 


A diamond pyramid indenter and 700-g were 


used, and the results from at least three indentations 
were averaged 

Only two pressures were used in these experiments 
the 


pressure, was below 500 atm and was just sufficient to 


first. which will be referred to as the “low 


reduce the contact resistance between the graphite 


HOLD 


HOLD VARIOUS 
TIMES 5 min 


| ale 
< A 


30 390 
°C 


temperature 


ol. 9 
961 
69-75 69-75 | 
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TEMPERATURE (°C) °C 
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10LD 
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30 390 825 
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As-solution treated 5 min at 825°C 


the 
second, which will be called the “high” pressure, was 
between 69,000 and 75,000 atm. 


treatment of 5 min at 825°C was adopted, the sample 


heater and the plungers to a minimum value; 
A standard solution 


being “quenched” by switching off the power which 
gave an average cooling rate of 50°-60°C/see from 825 
to 100°C. A standard aging temperature of 390°C was 


used. 


Experiments were carried out to study (a) the effect 


of pressure during aging and (b) the effect of pressure 


during solution treatment. 


4. RESULTS 
A. Effect of pressure during aging 
Samples were solution treated under low pressure in 
the press, and then were either (a) aged under high 
pressure or (b) aged under low pressure. The respec- 
tive pressure-temperature cycles used are shown in 
Fig. l(a) and (b). Samples were rapidly cooled after 
aging by switching the heater current off. 
treated. Fig. 2(a) and (b) 


shows the structure obtained as-solution treated under 


Structure as-solution 


low pressure. The field in Fig. 2(a) overlaps two 
pellets whose junction is visible. The average grain 
diameter is about 0.08 mm. The tiny particles dis- 
persed throughout the sample are probably mainly 
undissolved CuBe compound, since the beryllium 


content of the alloy is close to the solubility limit at 
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(b) 


under low pressure. 


the solution temperature. In addition, there are prob- 
ably oxide inclusions present. Some twins are visible 
(Fig. 2a). In Fig. 2(b), slight signs of discontinuous 
precipitation are visible at the grain boundaries indi- 
cating that the cooling rate from 825°C was not quite 
sufficient to avoid all reaction. 

2. Structure as-solution treated and aged under high 
pressure. Aging under high pressure for 5, 15, 30 and 
75 min at 390°C (Figs. 3-6) produced progressively 
increasing amounts of discontinuous precipitation. 
General precipitation within the grains which was 
undoubtedly proceeding at the same time was sub- 
microscopic, but is evidenced by the progressive in- 
crease in diamond pyramid hardness from 118 as 
solution treated to 377 after 75 min aging (Fig. 7). 

3. Structure as-solution treated and aged under low 
pressure. Aging under low pressure for 2, 5 and 30 
min at 390°C (Figs. 8-11) likewise gave progressively 
increasing amounts of discontinuous precipitation and 
progressive hardening; however, 30 min gave some 
overaging (Fig. 7). A number of tests which were run 
in duplicate gave closely similar results indicative of 
good reproducibility. For example, compare Figs. 9 
and 10 showing the structures of duplicate samples 
aged for 5 min. 

4. Growth of discontinuous precipitate. By measur- 


ing from micrographs at 500 and 1000 the size of 
the largest nodule of discontinuous precipitate formed 


after a given aging treatment and plotting against the 
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Fic, 3. As Fig. 2, but aged 5 min at 390°C under high Fic. 5. As Fig. 2, but aged 30 min under high pressure 
pressure. 
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‘1g. 4. As Fig. 2, but aged 15 min under high pressure, “1G. 6 s Fig. 2, 75 min under high pressure. 


219 
\\ } \ 
on 
ol.9 
RNY 
| 
\\ 
PG 
| 


ACTA METALLURGICA, VOL. 9, 1961 


400} 


LOW 
PRESSURE HIGH PRESSURE 


Kg ./mm 


HARDNESS D.P.H 
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pressure on the aging curve 390°C), pressure. 


Fic. 8. As Fig. 2, but aged 2 min at 390°C under low As Fig. 9 (duplicate sample). 
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Fig. 2, but 


pressure. 


aged for 30 min under low 


Fig. As 


aging time, a growth curve was obtained (Fig. 12). 
The 


linear initially, the slope corresponding to a growth 


growth curve for low pressure aging appears 


rate G of 1.4 
linearity as the growth rate slows up corresponding to 


10-3 mm/min, but then departs from 


DISTANCE GROWN INTO ONE GRAIN ( 107? mm) 


HIGH PRESSURE 


20 40 
AGING TIME ( MINS.) 


Effect of pressure on growth of discontinuous 
precipitate. 


PRESSURE 


ON AGE-HARDENING 


the onset of overaging at times above 10-15 min 
(Fig. 7). The application of high pressure during aging 


reduced the growth rate to about 0.08 10-° mm/min 


(Fig. 12), that is, reduced it by a factor of about 18. 

5. Localized precipitation. Although general pre 
cipitation was submicroscopic, it was possible to see 
etching effects associated with localized precipitation 
along slip bands in the aged samples. This is best seen 


» 


at low magnification (Figs. 13-16). The samples aged 


As Fig. 2, but under low 


pressure 


aged for 30 min 
(as Fig. 11) 


under high pressure all showed more pronounced 
localized precipitation (compare Figs. 13 and 15) 
probably due to the fact that some plastic deformation 
occurs when the high pressure is applied, the sample 
tending to become barrel shaped. The effect seems to 
be nearly as great after 5-min aging under high pres- 
14 and 16) 


so that the enhancement is not attributable to any 


sure as after 75-min aging (compare Figs. 


effect of pressure on the rate of precipitation at slip 
bands. As many as three different slip systems are 
delineated within a single grain (Fig. 16); two systems 
of bands may be seen in Fig. 4. An occasional grain 
showed this effect in pieces of the foil solution treated 
and aged 5 min at 390°C under atmospheric pressure 


here slip could be produced by quenching stresses. 


B. Effect of pressure during solution treatment 


Duplicate tests were made in which a pressure of 


69,.000-75.000 atm was during solution 


applied 
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2, but 5 min under high 


pressure 


treatment, followed by aging under low pressure for 
5 min at 390°C. The cycle used is shown in Fig.1 (ce). 
The samples (Fig. 17) showed a very fine average grain 
The 
307 and 314 DPH 


diameter of about 0.005 mm. average micro- 


hardnesses were only for the two 


As Fig. 2, but aged 30 min under high pressure 


(as Fig. 


As Fig. 2, but aged 75 min under high pressure 


(as Fig. 6). 


> 


samples, compared with 365 and 373 for the two com- 


parable samples solution treated under low pressure 
and given the same aging treatment. Discontinuous 
precipitate nodules are visible at the grain boundaries 


similar to those seen in the analogous low pressure test 


. 17. Solution treated under high pressure, 
5 min under low pressure (avg. DPH 314). 
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PHILLIPS: EFFECT OF 


(Fig. 9) except that they have spread rather less than 


half as far into the grains. Several volume per cent of 


a second gray etching phase (white in places) are 


present mainly at grain boundaries, particularly at 


grain boundary junctions. 
this phase did not prove possible, but it is probable 
that it 
this compound. 


is undissolved CuBe or 


To check whether the result above was due to a 
reduction in solubility of beryllium or simply to in- 
complete solution due to a reduced diffusion rate, a 
second experiment was made. In this, a sample was 
solution treated under low pressure, and then while 
still at 825°C the pressure was raised to 75,000 atm for 
a further 5 min. The sample was then aged under low 
pressure for 5 min. The cycle ABCDEFG used is 
shown in Fig. I(d). After this treatment the sample 
had an average grain diameter of about 0.03 mm. The 
extent of discontinuous precipitation was about as 
great as in the corresponding test above with cycle 
Fig. l(c). Several volume per cent of a second phase, 
mainly white etching presumed to be CuBe or some 
18). The 


of second phase was much greater than in a sample 


modification, were present (Fig. amount 


solution treated under low pressure only (Fig. 2b), 
and hence it is concluded that a substantial part of the 
second phase must have been precipitated during the 


second high pressure phase of solution treatment, that 


2 


Fic. 18. Solution treated under low pressure then high 
pressure, aged 5 min under low pressure (avg. DPH 
128). 


PRESSURE 


Positive identification of 


some modification of 


ON AGE-HARDENING 


is, that pressure markedly reduces the solubility of 
beryllium in copper. This conclusion is strengthened 
by the fact that after the double 
solution treatment only hardened the material to 128 
DPH. 


The very fine grain size obtained by solution treat 


the 5-min aging 


ing under 69-70 k-atm for 5 min was duplicated by 
solution treating a piece of the sheet for about 15 see 
at | atm pressure. Ifthe 15 sec was increased to 5 min, 
a grain size was obtained almost identical with that in 
the solution 
Thus it that 


characteristic of the as-recrystallized material but 


treated under low 


the 


specimens pressure. 


seems Cleat very fine grain size is 


that the grains grow rapidly at 875°C unless, as under 
high pressure, large numbers of second-phase particles 
are present to retard boundary movement.  Sinee 
grain growth involves self-diffusion which probably 
oTain 


high 


reduce the 


occurs by a vacancy interchange mechanism 


growth would also tend to be inhibited by 


pressure since this would substantially 
equilibrium content of vacancies and thus decrease the 
diffusion rate. 

discontinuous 


size of the precipitate 


The smallet 
nodules in these experiments is attributed to a re 
duction in the supersaturation due to incomplete solu 
tion of the beryllium 

The application of high pressure during solution 
treatment did not enhance subsequent localized pre 
cipitation as did theapplication of high pressure during 
aging, although substantial nonhydrostatic compres 
sion occurred in both cases as indicated by barreling of 
the samples. This is because the former results in hot 
working in contrast to the latter and strains would be 
relieved by recovery and/or recrystallization 
high 


solubility of 


To summarize, the application of pressure 


during solution treatment reduces the 
beryllium in copper, preventing the solution of second 
phase particles of CuBe already present and probably 
in the present experiments precipitating further com 


This 


structure, and somewhat reduced age hardenability and 


pound, results in an unusually fine grained 


susceptibility to discontinuous precipitation 


EFFECT OF 
BOUNDARY 


5. CALCULATION OF THE 
PRESSURE ON THE 
Hilliard and Cahn have rigorously derived thermo 
dynamically the direction and extent of the displace 
ment of phase equilibria. Using their equations? it 
has been calculated™ that the solubility of beryllium 
in coppel is decreased by a factor of 2 at the solution 
temperature (825°C) and by a factor of 3 
This 


number of assumptions, viz. 


at the aging 
involved a 


the 


calculation 


that (a) 


temperature (590°C). 


thermal 
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expansions of « and f’ are identical; (b) /’ is of fixed 


composition; (c) the x solid solution obeys Henry’s 


law; (d) « and f’ have the same compressibility. 


6. SUMMARY 

The results show that the application of 69-75 
k-atm pressure during aging at 390°C decreased the 
growth rate of the discontinuous precipitate nodules 
by a factor of about 18 from 1.4—0.08 u/min. Micro- 
hardness tests indicated that the rate of general pre- 
cipitation was retarded by a factor of about 5 without 
much effect on the peak hardness reached, the princi- 
that at low 
occurred at aging times in excess of about 10-15 min, 


pal result being pressure oOveraging 


whereas under 69-75 k-atm the largest aging time of 


75 min appeared to give about peak hardness. Since 
the measured temperature of 390°C under 69-75 k-atm 


corresponds after correction for the effect of pressure 


on the thermovoltage to 396°C, the true effect of 


pressure is a little greater than that actually measured. 

Calculation shows that the application of 75 k-atm 
pressure should reduce the solubility of beryllium by a 
factor of about 3 at 390°C, that is, increase the super- 
This 


since the stable size 


saturation. would be expected to facilitate 


nucleation would be reduced. 
Since pressure retards the rate of hardening, it must 
be concluded that a reduction in the rate of diffusion 
of beryllium occurs and more than offsets any effect 
due to the increased supersaturation. 

The application of 69-75 k-atm pressure during 
aging caused pronounced localized precipitation along 
slip bands which was revealed by etching effects, 
although the actual precipitate could not be seen. 
This was comparatively independent of aging time and 
is attributed to cold-working as a result of nonhydro- 


static compression when the pressure was first applied. 
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Slip bands then act as sites for precipitation during 
aging. 

Calculation shows that at the solution temperature 
(825°C) the application of 75 k-atm pressure should 
reduce the solubility of beryllium to about a half of its 
normal value. The experiments, which were qualita- 
tive only, indicated that the solubility is substantially 
reduced since several volume per cent of a second phase 
were present after solution treatment, and further- 
more the age-hardenability was comparatively slight. 

The application of 69-75 k-atm pressure during 
solution treatment also gave a very fine grain size 
attributable partly to the inhibition of grain growth 
by dispersed particles and partly to a reduced self- 
diffusion rate due to reduction in the equilibrium 


vacancy concentration. 
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THERMODYNAMIC PROPERTIES OF URANIUM-BISMUTH ALLOYS* 


A. COSGAREA, Jr.,+ E. E. HUCKE? and D. V. RAGONE 
determined by measuring the vapo 
methods based on 


h t} od re quire 


the rate ol 


Thermodynamic properties of uranium—bismuth alloys were 
Classical 
in 


pressure of bismuth in equilibrium with the condensed phase 


sublimation, rate of evaporation or rate of effusion could not be 
accurate knowledge of the molecular weight of the vapor. The molecular weigl 
3i and Bi, species has been established 
concentration é species indepen 
of 


used since eac 
t of bismuth is not 


| ght 


accurately known, but the presence of 
An optical absorption technique was used to determine the 


Briefly, this method consists of measuring concentrations in he quantity 


amount h species 


at 


dently. 

absorbed at certain characteristic frequencies by the species in the vapo! 

present, which is related to the pressure, was determined by measuring the diminution of intensity 
on the thickness of the 


The amount of radiation absorbed was found to be dependent 


3067 and 2731 A. 
vapor space and the concentration of the bismuth vapor. 
at temperatures 


The thermodynamic activity of bismuth was measured 
si,, UBi, liquid and the one-phase, liquid region. In o 


quantities in the regions U Bi U and UBi U,Bi, it was necessary 

From a measure of the activity of bismuth, the activit 

The liquid uranium—bismuth alloys were found not to be regular solutions 
1 concentrations 


obtain measurable 
s from SOU 


perature 
ulated for 


The 


to worl 


regions: U,Bi, 
f uranium was cak 


to 
entire system 

law parameter (3.49 10-% at 1064°K) was found to be valid for uraniur 
2 mole %, uranium. activities of uranium and bismuth i 
the partial molar quantities and integral molar quantities were calculated at five 


From a complete knowledge of the 
1064, 1089 and 
BISMUTH 


PROPRIETES THERMODYNAMIQUES D’ALLIAGES URANIUM 


ont été déterminées par | 


1041, 
Les propriétés thermodynamiques d’alliages uranium—bismut} 1 mesure de la 
apeur de bismut en équilibre avec la phase condensée. Des m« lassiques basées sur la 

de deéegage ne pouvaient pas 


pression de 
vitesse de sublimation, la vitesse d’évaporation ou la vitesse g 
exacte du oléculaire ce 


employées puisque chaque méthode necessite une connaissance 


Le poids moléculaire du bismuth n'est pas exactement cunnu mais la pre 


employée pour détermin entration de chaque 
brievement a mesure ( ( entrations dans un 
que caracteristiques detel 


établie. 
Une technique a ete 
espece indépendamment. 
par la quantité de lumiére absorbée par les espéces dans le baz a des fi 
la pression, 


d’absorption optique 
Cette méthode consist 
La quantité de chaque espece presente, qui dépend ce détermines 
lintensité a 3067 et 27: \. On a trouvé que nent 


minees., 
la partie rayonnel 
bismuth 


rant la diminution de 


dépendait de l’épaisseur de espace gazeux et de la concentration de | 
dans 


quantits me surables 


L’activité thermodynamique du bismuth a été mesurée pour des temperatures 
Pour obtenir ¢ 


liquide et dans la phase liquids 
ntre SOO 


UBi,, UBi, 
U et UBi [ erature 


de uranium fut caleulé 


,Bi,, il était nécessaire de ti 
activites 


tout le systeme a 


regions: U,Bi, 
partir ad ut mesure 


dans les régions UBi 
pour 
sont pas des solutions 1 


L000°C., L’activité 
bismuth. Ona trouvé que les alliages liquides d’uranium—bismuth n 
Le paramétre d’aprés la loi de Henry (3,49.1073 & L064°K) a été trouve valable pout 

2°, molaire d’uranium \ partir d’une ymplete des activ 


les quantités partielles molaires 
LOTS. LO64. « 


cle concentratio 


d’uranium de moins de connaissance 
d’uranium et de bismuth dans I quantités molair 
caleulées pour cing températures 


systeme, 


grales ont été 
LEGIERUNGEN 


EIGENSCHAFTEN VON URAN-WISMU' 


Uran—Wismut-Legierung: n aus Messungen 


wurde! 
che Methoden 


nich 


THERMODYNAMISCHE 
Die thermodynamischen Eigenschaften von 
Gleichgewichtsdampfdrucks von Wismut iiber der kondensierten Phase ermittelt. Klassi 
der Sublimation, Verdampfung oder Effusion beruh lieBen sich 
Kenntnis des Molekularg hts des Dampfes et 


en 


die auf der Geschwindigkeit 
anwenden, da fiir jede dieser Methoden eine genauc 


Das Molekulargewicht von Wismut ist nicht genau bekannt, dor 


en \bsorptionstechnik 
lie bel 


Lichtmenge a 


derlich ist. 
Bi- und einer Bi,-Art festgestellt 
der beiden Arten wurden 
1 einem Dampf wird dabei 


einzeln mit einer 
yemnessen 


dqdureh au 


Damopf absorbiert wird. Der 


Die Konzentrationen 
bestimmt Die Konzentration 
bestimmten charakteristischen Frequenzen von den verschiedenen Arten 


Anteil von jeder vorhandenen Art, der vom Druck abhangt, wurde durch 
Der Betrag der absorbierten Strahlung ergab 


il 

die Intensitatsschwachung be 
als abhangig von 


3067 und 2731 A bestimmt. 
Dicke des Dampfraumes und der Konzentration des Wismutdampfes 
quirements 


* This paper is based upon a thesis submitted by A. Cosgarea in partial fulfillment 
Received March 8, 1960; revised 


Doctor of Philosophy at the University of Michigan 
+ University of Oklahoma. 
t University of Michigan. 
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Die thermodynamische Aktivitaét Wismuts wurde bei Temperaturen von 725 bis 875°C gemessen in den 
Zustandsgebieten U,Bi, UBi,, UBi, Schmelze und in der einphasigen Schmelze. Um meBbare 


Ergebnisse in den Gebieten UBi U und UBi U,Bi, 
zeischen 800 und 1000°C zu arbeiten. Aus der Messung der Wismut-Aktivitat wurde die Aktivitat des 


zu erhalten, war es notwendig, bei Temperaturen 


Urans fiir das ganze System berechnet. Es wurde gefunden, daB die fliissigen Uran—Wismut -Legierungen 
keine regularen Lésungen sind. Der Parameter des Henryschen Gesetzes (3,49 10-3 bei 1064°K) ergab 
sich als giltig fiir Urankonzentrationen kleiner als 2 Mol®% Uran. Aus der vollstandigen Kenntnis der 


Aktivitaten von Uran und Wismut in diesem System wurden die partiellen und integralen molaren 


GréBen fiir fiinf Temperaturen: 


1018, 1041, 1064, 1089 und 1115°K berechnet. 


INTRODUCTION 
The fugacity of a constituent in a liquid or solid 
mixture may be determined by measuring the fugacity 
of that constituent in the vapor in equilibrium with the 
condensed phase. The activity of the constituent in an 
is the ratio of the fugacity in that state, f;, to 


the fugacity of a standard state, f,°, 


‘Ad 


Under the conditions of high temperature and 


alloy, a,, 


low total pressure, pressure is very nearly equal to 
fugacity. 
Hence: 
I; 
f°? Pp, 
Note that it is not essential that absolute pressures be 
measured. A measure of a relative pressure, Ap, would 
also provide thermodynamic activity measurements, 
Ap, 
Ap 
Several factors must be taken into consideration in 
selecting a technique for measuring the vapor pressure 
uranium—bismuth 


of bismuth in equilibrium with 


alloys. First, the alloys of uranium—bismuth are 
pyrophoric and quite reactive in the liquid and solid 
state. Secondly, and most important, the molecular 
weight of bismuth vapor is not accurately known. 

It is not possible to use the rate of sublimation, rate 


of evaporation and rate of effusion techniques unless 


a complete knowledge of the vapor pressure species of 


bismuth is known. The use of a e.m.f. cell for measure- 
ment of thermodynamic activities in the uranium 
bismuth system at high temperature is also prohibited 
from a container standpoint. 

of the 


known accurately, an optical absorption technique can 


When the molecular weight vapor is not 


be used to determine the concentration of each species 
independently. Briefly, this method consists of meas- 


uring concentrations in a vapor by the quantity of 


light absorbed at certain characteristics frequencies by 
the species in the vapor. This method has been used 
to measure thermodynamic activity in some mon- 
atomic vapors. Hirst and Olsen” measured the vapor 


pressure of mercuryabove amalgams. Herbenar et al.“ 
have applied the method to measure relative vapor 
pressures of zinc over copper-zine alloys. The optical 
absorption technique is even more powerful in deter- 
mining vapor pressure in systems in which the volatile 
constituent has more than one molecular form in the 
vapor. This technique has been used in this study for 
measurement of thermodynamic activity in the uran- 


ium—bismuth system. 


THEORY OF ABSORPTION MEASUREMENTS 

Atoms and molecules are able to radiate or absorb 
light of definite frequencies which are determined by 
the characteristic energy states of the constituent. In 
order to perform measurements of the vapor pressure 
of bismuth, it is necessary that the two species of bis- 
muth vapor be distinguishable. This can be done by 
selecting proper energy transitions in the absorption 
spectrum of bismuth. 

Monatomic bismuth is detected by observing the 
absorption of radiation at a discrete wavelength by 
ground-state electrons in the free atom. The radiation 
absorbed from the collimated beam at 3067 A raises 
the electron from the 6-p level to 7-s level. The dura- 
tion of the energy transition is estimated to be of the 
see. 


ground state it emits its resonance radiation in a ran- 


order 1077 When the electron returns to the 


dom direction. The 3067-line transition for atomic 
bismuth was used for a measure of the number of bis- 
muth atoms in the vapor. Since this energy transition 
is one from the ground state to a higher energy it will 
of the 
pressure. The amount of bismuth atomic pressure will 


give a measure bismuth monatomic vapor 
be related to the diminution of intensity at the wave- 
length 3067 A. 

Diatomic bismuth exhibits a complex band system 


composed of individual electronic bands, each accom- 


panied by its own vibrational and rotational lines. In 


the same manner as for the atomic constituent, the 
diatomic population is measured by observing the 
absorption of energy at a discrete wavelength. For 
diatomic bismuth the electronic band head at 2731 A 
has been used to represent a molecular energy transi- 
tion from the ground state to an excited state. 
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The amount of radiation absorbed at frequencies 
2731 and 3067 Ais dependent on the thickness of vapor 
space and the concentration of the bismuth vapor. 
This correlation can be expressed by the Beer—Lambert 


law: 


In pcx 
0 


where intensity of incoming radiation of a cer- 
tain frequency 

intensity out of the cell, 

extinction coefficient, 

length of the optical path through the cell 
and 

concentration of specie in vapor. 


Since c = N/V and the gas is ideal, c = p/RT and 


In 
0 
Thus, a measure of the logarithmic intensity decrease 
at any given temperature yields the pressure multi- 
plied by a constant. This constant, w2x/P, is a function 
of the variables of the equipment and the vapor 
species. 

Representative absorption line transitions and band 
absorption transitions for bismuth vapors at four tem- 
peratures are shown in Fig. 1. The bismuth resonance 
line at 3067 A is shown at the left, and the band head 
at 2731 A at the right. The transitions were recorded 
by transversing from right to left (increasing wave- 
length). It is to be noted that the absorption line 
transition is not perfectly monochromatic, but has 
some broadening due to the limited resolution of the 
spectrograph, natural line broadening due to the finite 
life-time of the excited state, and the Doppler-effect 
broadening due to the motion of the atoms. However, 
a constant ratio of peak height to line width was 
observed over the temperature range employed. Over 
the same temperature range the band structure was 


also observed to remain constant. 


APPARATUS 

A schematic diagram of the apparatus used is shown 
in Fig. 2. The light source used to supply a continuum 
in the desired frequency range was a high pressure 
mercury lamp manufactured by General Electric, 
H85-C3. The lamp was contained in a water-cooled 
jacket and the power input to the lamp was stabilized 
by a voltage regulator. The intensity of light output 
from the lamp can be controlled to no more than | per 
cent fluctuation in intensity output. The lamp emits 


an approximately continuous intensity over the wave- 


length region from 2600 to approximately 4000 A. 


THERMODYNAMICS OF U-Bi 


ALLOYS 


However, the intensity of the source is greater in the 
vicinity of the mercury emission lines. The lamp 
yields sufficient radiation at wavelengths, 3067 and 
2731 A, to provide the necessary energy source for 
bismuth vapor excitation. 

The cell used for bismuth vapor measurement and 
measurements of bismuth vapor pressure over uran- 
ium—bismuth alloys is shown in Fig. 3. The cell was 
made entirely of quartz with optically-flat, polished 
windows. Quartz cells were procured with varying 
window space distance from the Euclid Glass Engineer- 
ing Laboratory, Cleveland, Ohio. The spaces employed 
were from | to 50 mm. 

The furnace used to heat the quartz cell is a split- 
wound resistance type furnace. The furnace has two 
main windings which heat the general surface area of 
the furnace. Two end windings, separately controlled, 
are also employed to offset the effect of end-cooling. 
By means of regulating the power input to the various 
windings, it was possible to control the temperature in 
The 
necessary isothermal volume in the furnace is a cylin- 
A boat con- 


the immediate vicinity of the cell to iC. 


der 2 in. in diameter and 4 in. in length. 
taining the bismuth or uranium—bismuth alloy and the 
windows were located in the center of this isothermal 
range. Temperatures were measured in four different 
positions along the cylinder by means of calibrated 
chromel-alumel thermocouples. The thermocouples 
were placed in the immediate vicinity of the cell. 
Since it is necessary to have a parallel beam of light 
going through the absorption cell, a lens system must 
be used to condense the divergent rays from the mer- 
cury light source. A plano-convex lens was placed at 
its focal distance from the mercury lamp source in 
order to give a parallel beam of light through the 
absorption cell. After passage through the cell the 


light condensed by means of another plano- 


convex lens before it reached the spectrograph. This 


was 


was necessary because the mercury lamp source was 
not a point source and hence some divergence was still 
present. This did not affect the measurements, how 
ever, since the path length through the cell was less 
than 5cm. In this length the beam of light was 
essentially parallel. 

The absorbed radiation was analysed by means of a 


The 


unit contains a small plane grating monochromator. 


Leeds and Northrup spectrochemical analyser. 


The spectrometer is 30 in. long and uses a 3-in, wide 
grating with 30,000 lines per inch. Spectra have been 
obtained which demonstrate a second-order resolution 
of 0.05 A in the visible and ultraviolet region. 

Before the radiation from the mercury lamp which 


has passed through the cell reaches the diffraction 


| 
) 


874°C 


absorption transitions of bismuth vapor at 3067 and 2731 \. 
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RATIO 
RECORDER 


DUAL- CHANNEL 
AMPLIFIER 


PHOTOT 
I, PT. ON EXIT SLIT 


I, ON OVERALL LIGHT 


SOURCE 


HIGH PRESSURE 


MERCURY LAMP SPLIT - WOUND 


FURNACE 


GRATING 
MONOCHROMATOR 


| PERCENT 


MIRROR 


Fia. 2. 
1" DIA OPTICAL 
FLAT WINDOWS 


VARIABLE SPACING 


QUARTZ 
18mmO0D 


Schematic diagram of apparatus. 


_-QUARTZ ROD 


/ 


COMBUSTION \ 
~ BOAT 
BALL SEAL 


3. 


grating, approximately | per cent is reflected by a 
mirror in front of the entrance slit to a reference photo- 
tube called /,. The remaining radiation passes through 
the spectrograph and is recorded by the phototube 
marked J, which is placed at the exit slit. The radia- 
tion striking the J, tube will be multi-wavelength from 
approximately 2500-4000 A. The light striking the 
I, phototube will correspond to radiation in an ex- 
tremely small wavelength region. 

The signals from the two phototubes are put into a 
dual-channel amplifier. The power input to the photo- 
tubes can be adjusted so that at any particular reading 
the intensity of the two signals in the amplifier can be 
balanced. The output from the dual-channel amplifier 
is recorded on a ratio recorder. The ratio recorder will 
read the intensity of phototube J, 
phototube J,. It will also read the ratio of J,//, 
directly. Hence the recording system will give a trace 
of the intensity ratio /,//, as a function of wavelength. 
By splitting up the radiation before it enters the mono- 
chrometer, a reproducible intensity is assured for 
measurements from day to day. The instrument is set 


to scan in a particular wavelength region at a speed of 


2.9 A/min. 


or the intensity of 


QUARTZ GROUND 


RUBBER 
TO VACUUM SEAL 
SYSTEM 


Quartz cell 


CALIBRATION 
An optical absorption measurement was made of 
pure mercury to check the apparatus. The slope of the 
line from a plot of log (fp) versus 1/7’ for this experi 
ment is a measure of the enthalpy of evaporation of 


From the Clausius—Clapeyron equation 


AH, [7% 


mercury. 


log 


(PP: 
bp, 2.303R 
(T' log I,/I,) 


where Pp, 
The value obtained was 72.0 cal/g. The accepted 
value is 72.6 cal/g in this temperature range 
In the measurement of the activity of bismuth in 
the liquid, either species can be used, although the Bi, 
provides a more sensitive measure since it is a measure 
of the square of the bismuth activity in the liquid, 


This is demonstrated by the following equations 


3i(1) si(v) 


) 


Bi,(v) 
ARis(v) Pri, v) 
2 


9 
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Measurements were made on the Pb—Bi system to 
check out the experimental apparatus and theory. 
Activities were calculated from relative measurements 
of the Bi, species for two alloys in the temperature 
range of 1018-1143 °K. The activities in this system 
have also been measured using the e.m.f. method. 
There 


methods. 


was very good agreement between the two 


ANALYSIS OF EXPERIMENTAL PROCEDURE 


With the apparatus in proper alignment, measure- 
bismuth com- 
The 


elements uranium and bismuth as well as uranium 


ments were made on various uranium 
positions as a function of temperature. pure 
bismuth alloys were placed in a boat and inserted in 
The cell was evacuated 
After a 


vacuum of less than | w was obtained in the cell, the 


the cell as shown in Fig. 3. 


with a plunger out of the sealing position. 


plunger was inserted in the sealing position and the 
heated to the 


measurement 


desired temperature. At the 
the cell 


Hence equilibrium 


alloy 


temperature of system was 
maintained under static vacuum. 
conditions were obtained within the cell. Measure- 
ments of the atomic and diatomic absorption of bis- 
muth vapor were made both on the heating cycle and 
cooling cycle. There was no difference observed in the 
readings. 
700-1L000°C that vapor—liquid equilibrium was estab- 
lished in less than | hr. Repeat readings over a period 
of 12 hr showed no change. In this study readings 
were taken at 15-30°C intervals with 1} hr allowed for 


equilibrium between measurements. 


Pre paration of alloys 


The metals used in this study were 99.998 per cent 
pure bismuth guaranteed by the Belmont Smelting 
Company and 99.97 per cent pure uranium supplied 
by Mallinckrodt Chemical Company. All bismuth 
used in the study was vacuum melted and recast. 
The uranium was cleaned by an electrolytic technique 
to remove all surface oxide. 

Uranium—bismuth alloys in the liquid and liquid 

UBi, region were made-up in 25-g ingots by high- 
Very clean alloys were 


vacuum induction heating. 


obtained in the composition range 0-30 per cent 


uranium by vacuum-melting selected compositions of 


bismuth and uranium. The alloy ingots were easy to 
cleave because of the UBi, plate formation. Hence a 
3-5 g sample of the uranium—bismuth alloy could be 
taken from an ingot, weighed, put in a recrystallized 
alumina boat and inserted in the quartz absorption 


cell for measurement. For compositions greater than 


It was found in the temperature range of 
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30 per cent uranium this technique was not found 


feasible. Because of the severe pyrophoric nature of 
uranium—bismuth alloys it was not possible to make an 
air transfer of a uranium—bismuth ingot of greater than 
30 per cent uranium. Upon exposure to air the alloy 
immediately oxidized and disintegrated. In order to 
combat the air transfer problem and to avoid the 
complicated equipment for vacuum or inert-gas trans- 
fer of the sample, the alloys were made in the cell 
directly. To reach liquid conditions for high uranium 
alloys, a temperature of 1450°C is necessary as can 
be seen from the uranium—bismuth phase diagram 
(Fig. 4). Since this is an intolerable temperature for the 
quartz absorption cell, it was necessary to make the 
alloys by diffusion of bismuth into solid uranium. To 
facilitate the formation of the alloys a temperature of 
925°C The 


spirals of less than | mm thickness. 


was used. uranium used was cut into 


Uranium—bismuth 
alloys can be made easily under these conditions. 

It should be noted that the optical absorption 
method provides an excellent indication of the attain- 
ment of equilibrium. Upon reaching the alloying 
temperature, a line intensity reading is taken. This 
measurement is repeated until the readings become 
the 


alloys it is possible to watch the phase—composition 


uniform. In case of making uranium—bismuth 


changes going across the phase diagram. For example, 
in making a composition in the UBi U region it was 
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(I7°K) 
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Representative data obtained for measured bismuth pres 


sures in equilibrium with uranium—bismuth alloys. 


possible to see the vapor pressure diminution of bis- 
muth as the composition of the uranium—bismuth 
solid changed from one phase-region to the next. 


Activity measurements 

As discussed earlier, the thermodynamic activity 
can be calculated from measurement of either species 
of bismuth vapor. The Bi, measurement provides a 
more sensitive measure since a ratio of the bismuth 
vapor pressure above an alloy to that of pure bismuth 
is a measure of the square of the activity ratio in the 
two states. 

Activities were determined by measurement of only 
the Bi, species in the composition ranges: 
UBi,, and UBi, U, Bi. the 


liquid, 


liquid In two re- 


maining solid composition ranges not enough Bi, 


vapor was present to get an accurate measurement of 
thermodynamic activity. Hence, it was necessary to 
measure the thermodynamic activity by observing 
changes in the Bi vapor species. 

Since the absorption of the light is a function of the 
number density and the cell length, the method for 


Bi 
difference in optical absorption by 
length. This 
the Bi 


absorption law not 


the 
cell 
order to eliminate error 
the 


hold rigorously 


measurement was calibrated by measuring 


changing 
was done in 
Beer—Lam bert 
the 


in measurement should 


for atomic 
species. 


UBi and UBi U 


run in two cells of different cell window spacing. The 


The compositions U, Bi, were 
same alloy composition was run in cells of 46-mm and 


15-mm cell window spacing. By subtracting the re- 
sults obtained with a 15-mm cell from those obtained 
with a 46-mm cell and comparing the difference to 
pure bismuth, the thermodynamic activity could be 
calculated. 
RESULTS 

The thermodynamic activity of bismuth was meas- 

ured at temperatures from 725 to 875°C in the regions 


of U,Bi, + UBi,, UBi, 


liquid region. Representative data for some alloys in 


liquid and the one phase, 
these regions are shown in Fig. 5. The relationship of 
6 p, with 1/7’ remained linear throughout the tem- 


perature range. 


J 
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TABLE l. 


Mole 
fraction 
uranium 


Uranium 
(wt.%) 


Run 


No. 


Composition 


region 


TT l ] K 


O.OLLI 
0.0213 
0.0355 
0.0565 
0.0644 
0.0721 


Liquid 


0.131 
0.146 
0. 153 
0.269 


In order to obtain measurable quantities in the 
regions UBi U and UBi 


to work at temperatures from S800 to LOOO’C 


U,Bi, it was necessary 
The 
results of all the measurements are summarized in 
Table 1. 
given as a function of composition at five different 
1041, 1064, 1089 and 


The activity of bismuth in the liquid region shows 


The thermodynamic activity of bismuth is 
temperatures: 
a significant negative deviation from Raoult’s law. 
The deviation becomes more negative at lower tem- 
peratures. From a graphical correlation of the activity 
of bismuth in the liquid phase as a function of com- 
position, the solubility of uranium in bismuth at a 


particular temperature can be estimated: 


Temp. 
(°K) 


L115 
L089 
1064 
1041 
1018 


0.087 
0.076 
0.073 
0.069 
0.066 


From a knowledge of the thermodynamic activity 
of bismuth in the uranium—bismuth system, the acti- 


vity of uranium for the entire system can be deter- 


mined byan integration of the Gibbs-Duhem equation. 
In the liquid composition range the uranium activities 
integrating the Gibbs—Duhem 
A con- 


were determined by 
equation with a modified alpha-function. 


stant value of alpha was calculated for each of the 


990 
975 
954 
940 
905 
S897 
877 
853 
865 


865 


534 


.539 


537 


.O813 


0246 
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Summarized bismuth activity data 


Bismuth activity 


89°K 1064°K 1041°K LOI8S°K 
0.980 
0.969 
0.932 
0.909 
0.863 
0.853 


977 
.967 
.903 
851 


990 
971 
950 
925 
.892 


984 
941 
911 
.878 


0.842 
0.838 
0.832 
0.836 


.832 
.824 
828 


858 
840 


868 
855 
858 849 0.837 .829 
0.429 0.401 
0.459 0.435 


461 


485 


473 0.444 0.418 


.0630 0493 0.0393 0.0306 


0.0116 0.0088 


five temperatures reported. The integration was per- 
formed from the solubility limit of uranium in bismuth 
to the composition of pure bismuth, The integration 
was carried out in detail for five different temperatures. 
The liquid uranium—bismuth compositions were found 
not to obey regular solution behavior. 

The uranium activities in the two-phase region (con- 
stant activity) were determined by a graphical integ- 
ration of the partial molar free energies of bismuth in 
the respective two-phase regions. Fig. 6 shows the 
construction lines for determining the partial molar 
free energy of uranium. The mathematical equations 
Xef.(4). 

The activities calculated for uranium are summa- 


for this construction are given in 


rized in Table 2 and the partial molar free energies are 
Table 3. 
From a knowledge of the partial molar free energy 


listed in 


of uranium and bismuth, the partial molar entropy of 
each constituent can be calculated. The partial molar 
entropy of any constituent is given by the following 
equation: 

dAF, 

oT 


In the temperature range employed, the partial molar 
entropy of bismuth and uranium was found to be 
constant. From the calculation of the partial molar 
entropy of bismuth, the partial molar entropy of 
uranium can be determined by a graphical construc- 
tion as performed for the partial molar free energy 


10 
a 86 1.26 0) 0 
50 2.42 0 0 
87 $.02 0 0 
76 6.39 0 0 
7.28 0 0 
70 8.13 0 0 
UBi, Liq 92 14.6 0 0 
71 16.3 0 0 
93 17.1 0 0 
95 29.5 0 0 
Avg. 0 
UBL, U.Bi, 96 $4.5 0.413 0 
97 $2.6 0.394 Oz: 0 
Avg. 0.506 
U.Bi, UBi 103 50.4 
104 | Vol. 
106 50.0 1961 
3 68.2 
UBi 
100 67.9? 
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ATOM PERCENT URANIUM 


:. 6. Integral molar free energy diagram for the U—Bi system 


TABLE 2. Activity of uranium 


Composition 
lemperature 
(°K) 


1115 
1LO89 
1064 
1041 
LOIS 


TABLE 3. Partial molar free energies (kcal/g 
Bi(l) Bi(in alloy) (s) 
U(in alloy) (s) 


K 


Composition LOIS K K 1064°K 


UBi U: 
U,Bi, UBi: 
6.69 


UBi, + U,Bi,: 


UBi, Liq: 


0.05: 
0.219 
14.7 


0.033 0.0292 


21.15 


3: 
233 
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1961 | Fy’ | 
-45-- 45 
| + 
-50 
| | | | | Bi, U,Bi, UB, Liq 
1.0 3.02 2.46 9.33 10 
L.0 3.00 1.86 10 6.31 
1.0 2.97 lo! 1.45 10 
1.0 2.95 107! 1.17 10 3.39 10 
1.0 2.87 8.71 10-3 2.19 10-3 
1115°K 
8.9] 61 8.22 
6.36 6.0 
U 2.a% 9.52 2.56 2 61 ? 66 
Bi 1.77 1.68 1.58 1.48 1.38 
U 9.61 9,20 8.95 8.65 8.99 
Bi 0.38 0.37 0.346 0.334 0.32 
U 12.4 11.75 11.53 10.98 10.4 
| 
32 
14.5 13.5 13.2 
ry O.OL: 
Bi 0.0326 ee 0.025 0.026 
U 22.9 22.2 a 19.0 18.2 
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ATOM PERCENT URANIUM 
30 40 50 


. 7. Integral molar entropy diagram for the U-Bi 
system. 


ATOM PERCENT URANIUM 


Fic, 8. Integral molar enthalpy diagram for the U 


system. 
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COSGAREA 


TABLE 4, 


(1 x)Bi(l) 


Mole AF (keal/g-mole) 


fraction 


1041 


K 1064 K 
1.39 1.46 
2.49 2.58 
3.52 3.68 
4.34 4.53 
0.50 4.31 4.48 
0.60 3.44 3.58 
0.70 2 60 2 6S 2.76 
72 .78 1.83 


0.80 6 
0.90 O.87 0.90 0.9] 


0.20 
O.30 
0.40 


The standard states are taken as bismuth 


(Fig. 7). 
(liquid) at that temperature and uranium (solid) at 


that temperature in its particular crystal modification. 

From the definition AA, = AF, TAS,, the par- 
tial molar enthalpy of both constituents can be calcu- 
lated from a summation of AF, and TAS,. The 
results are shown graphically in Fig. 8. 


THERMODYNAMICS OF 


Integral molar quantities 


rU(s) 


\H 


keal/g-molk 


> K LLIS K 


the construction diagrams for the partial 


molar quantities, the integral molar quantities for the 


From 


solutions can be determined. The results are given in 


Table 4. 


As indicated previously for the partial molar entropy 
quantities, the integral mola entropy Is constant ove! 


the measured temperature range. The integral mola 


10 


9.40 


1/T x 104 (179K) 


Henry’s Law parameter versus | 


.(s 
AS (cal/g-mole °K 
LOLS IK 0D 
1.61 2.65 1.31 
2.80 7.50 
3.98 6.50 10.70 
7.80 12.85 
7.15 1210 
3.82 9 59 
2.84 1.30 7.93 
1.89 2.85 1.79 
0.96 1.40 2.5% 
‘ol. 9 
961 
v 
| 
| 
| 
| 
io * 
9.00 9.20 iz 960 9.80 10.00 
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enthalpy was also found to be constant in the tempera- 
ture range employed. 
An attempt was made to correlate the regular solu- 


tion parameter for dilute solutions of uranium in 


bismuth as a function of temperature. A correlation 
is shown graphically in Fig. 9. Since the correlation 
is not linear, it may be concluded that the Hildebrand 
hold for dilute 


The Henry’s law 


regular solution criterion does not 
solutions of uranium in bismuth. 

parameters, y,°, are valid in the very dilute regions 
only. The parameter is not valid for uranium con- 


centrations greater than 2 mole %. 


DISCUSSION 

A summary is made in Table 5 of the thermodyna- 
mic activity obtained in this study and that obtained 
by Gross et al. at 742°C. 
to be noted between the two results. This is particu- 
UBi. 


et al. obtained their data by an effusion technique and 


A significant difference is 


larly true in the composition range U Gross 


use of equilibrium data obtained by Yoshiyama“?. 


Bismuth activity in uranium—bismuth alloys 
at 742°C 


TABLE 5. 


Composition This study 


UBi 8.8 10-3 8.7 10 
U,Bi, 0.0306 0.12 
UBi, 0.418 0.29 (U, 
0.69 (U,Bi; 


Liq 0.829 0.95; 


The composition U, Bi, reported by Gross et al. was 
not found in this investigation. The compound U,Bi, 
How- 


ever, the investigators of the phase diagram of the 


has been considered by various investigators. 


uranium—bismuth system, Teitel™ and Coterill® have 
not reported the existence of a U,Bi; compound. 

As was pointed out earlier, in making up alloys in 
the uranium-rich region of the diagram, weighed 
compositions of uranium spirals and bismuth metal 
were placed in the cell, heated to 925°C and allowed to 
equilibrate. In the course of diffusion, the transfor- 
mations across the phase diagram to the desired alloy 
were observed in definite steps in the bismuth vapor 
pressure. In no case was there a measured pressure 
found corresponding to or indicating the presence of a 


U,Bi, compound. 


VOL. 9, 1961 


ACKNOWLEDGMENTS 

The authors express their indebtedness to Professor 
John H. Enns for his guidance in developing the 
spectroscopic technique used in this investigation. 

The contributions of the following are also acknow- 
ledged: Mr. Phillip Rice for his assistance and enthus- 
iasm in the experimental program, and Messers. 
Arthur Libbey and John Larson for their chemical 
analyses of the alloys. 

Thanks are also due to the Leeds and Northup 
Company for their generous loan of the spectrochemi- 
cal analyser and their interest in the work. 

The authors also wish to acknowledge the financial 
support of the Atomic Energy Commission through 


their Contract No. AT (11-1) 543. 


REFERENCES 
1. L. L. Hirst and A. R. OLSEN, J. Amer. Chem. 


(1929). 
A. W. HERBENAR, 


Soc. §1, 2398 


C. A. SreBERT and O. S. DUFFENDACK, 
Trans. Amer. Inst. Min. (Metall.) Engrs. 188, 323 (1950). 
L. S. DARKEN and R. W. Gurry, Physical Chemistry of 
Metals. p. 264. MeGraw-Hill, New York (1953). 
C. WAGNER, Thermodynamics of Alloys. p. 28. 
Wesley, Reading, Mass. (1952). 

P. Gross, D. L. Levi and R. H. Lewin. Activities in 
Bismuth Alloys and the Free Energies of 
Uranium— Bismuth presented at 
Phys. Chem., Teddington, England, (1958) 

S. Yosuryama, J. Chem. Soc. Japan. 62, 204 (1940). 

R. J. Terrer, J. Metals, N.Y. 9, 131 (1957) 

P. CorrERILyt and H. J. Axon, J. Inst. Met. 87, 159 (1959). 


Addison 


‘ran um 


Compounds. Symp. on 


NOMENCLATURE 


thermodynamic activity of component i 
measured pressure of Bi 

measured pressure of Bi, 

free energy of formation 

relative partial molar free energy 
enthalpy of formation 

relative partial molar enthalpy 
intensity of incoming radiation 
intensity of radiation out of the cell 
entropy of formation 

relative partial molar entropy 

mole fraction of component 7 
activity coefficient of component i 
temperature (“K) 


5 Vol. ‘ 
196] 
3. 
— 
Ref. (5) 
UBi 
UBi,) 
Ap, 
AF 
AP, 
AH 
AA. 
ly 
I, 
AS 
AS 
T 


X-RAY MEASUREMENTS OF DISLOCATION DENSITY IN 
DEFORMED COPPER AND ALUMINUM SINGLE CRYSTALS* 


M. J. 


Measurements of double crystal rocking curve broadening were 


density in annealed and plastically strained single crystals of copper and aluminum. The 


was carried out at room temperature. By 


HORDON? and B. L. 


using several characteristic 


AVERBACH: 


used to estimate the dislocation 
deformation 


radiations, the total diffraction 


broadening was resolved into components which depended separately on average lattice tilting, localized 


bending, dislocation strain and subgrain size. 


of about 10-4 em were obtained for the annealed crystals; 


strains up to 10-3 in the easy glide region. 


Dislocation densities of 


In the strain-hardening range, h« 


about 10°/em? and subgrain sizes 


these values changed relatively little with shear 


»wwever, the dislocation 


densities increased rapidly, reaching a magnitude of 10!'°-10"/em? with plastic shear strains in the range 


0.3—0.5. 


The corresponding subgrain sizes decreased to approximately 10 


em, and this was inte rpre ted 


as indicating the formation of essentially randomized dislocation arrays at large strains. For severely 


strained crystals, evidence was also found for a small number of piled-up arrays with 4-6 dislocations in 


each pile-up. 
MESURES PAR RAYONS X DE LA 
MONOCRISTAUX 


mesurant lélargissement des raies de 


tométre a double cristal (technique: 


La déformation a été effectuée & température ambiante 
téristiques, l’élargissement de la diffraction totale était résoluc 


séparément des inclinaisons moyennes du réseau, du pliage localisé, ce 


et de la grandeur des sous-grains. 


sions de sous-grains d’environ 10-4 em dans des cristaux recuits. 


avee les déformations de cisaillement jusqu a 10 


valeur de 10'—]0!!/em? avec des déformations de cisaillement plastique entre 0,3-0,5. I 


correspondants, diminue jusqu’é approximativement L0-° em, et ceci a ét« 


formation, pour les grandes déformations, 


sévérement déformes, on a aussi trouvé quelques agrégats empilés 


RONTGENOGRAPHISCHE 


EKINKRISTALLEN AUS 


Aus Messungen der Verbreiterung der Rockingkurve 


DENSITE 
DE CUIVRE ET DALUMINIUM 


Les auteurs ont étudié les densités des dislocations dans les monocristaux de cuivre et 


DEFORMES 


diffraction de Bragg pal 


“rocking curve 


On a obtenu des densités de dislocations d’ environ 108/em 


> dans les régions ck 


dagrégats ck 


MESSUNGEN DE 
KUPFER UND ALI 


DES DISLOCATIONS DANS DES 


(aluminium en 


un profilage; employant un diffrac 
). 

En utilisant quelques rayonnements carac 
en plusieurs composés qui dépendent 
la déformation des dislocations 


et des dimen 


Ces valeurs changent relativement peu 
Mais dans k 


domaine de durcissement de déformation, la densité des dislocations augmente rapidement, jusqu’a une 


glissement facil 
zagandeur des sou 
interprete comme indiquant la 


dislocations au hasard Po cristaux 


avec 4—6 dislocation par empiement 


VERSETZUNGSDICHTE IN) VERFORMTEN 
MINIUM 


mit einem Doppelkristall-Spektrometer wurde 


die Versetzungsdichte in ausgegliihten und plastisch gedehnten Einkristallen aus Kupfer und Aluminium 


abgeschatzt. Die Verformung wurde bei 


Eigenstrahlungen wurde die gesamte Linienverbreiterung aufgelést in Anteile, dis 


mittleren Orientierungsunterschieden, 6rtlichet 
groBbBe. 
etwa 10-4 


10-3 im Easy-Glide-Bereich. 


Raumtemperatur 


In ausgegliihten Kristallen wurden Versetzungsdichten von etwa L08/em 


Im Verfestigungsbereich stieg jedoch di 


Hilfe 


jeweils abhangen von 


durchgefiihrt Mit verschiedenet 


Biegung, Verzerrungen von Versetzungen und Subkorn 


und Subkorngré6Ben von 


em aufgefunden, diese Werte veranderten sich verhaltnismaBbig wenig bis zu Abgleitungen von 


Versetzungsdichte rasch an und 


erreichte nach Abgleitungen im Bereich von 0,3 bis 0.5 die GréBenordnung 10!° bis 10!'/em*®. Die zuge 


hoérige Subkorngr6Be nahm auf nahezu 10°? 


hohen Dehnungen Versetzungsanordnungen bilden, die im wesentlichen statistisch 
mehreren gedehnten Kristallen ergaben sich auch Beweise fiir das 


aufgestauten Gruppen mit 4 bis 6 Versetzungen in jeder 


1. INTRODUCTION 
A variety of experimental techniques have been 
used to examine the density and array of dislocations 
initially present or produced during plastic deforma- 


tion in metal crystals. In particular, several X-ray 


* This paper is taken from a thesis submitted by M. J. 
Hordon in partial fulfillment of the requirements for the Se.D. 
degree in Metallurgy at the Massachusetts Institute of 
Technology. Received May 9, 1960; revised September 6 
1960. 
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em ab, dies wurde gedeutet 


als Hinweis darauf, daB sich be 


Anzahl! 


verteilt 
n einer kleinen 


Auftrete 


\ufstauung 


l 


techniques such as the Debye—Scherrer microbeam 


+5) methods 


Laue™:*®) and double-crystal rocking curve 
have been adopted to study the perfection ot cry stals. 
The present investigation employed measurements of 


X-ray 


dislocation 


double-crystal rocking curve broadening to 


examine densities and arrays in single 


crystals of high-purity copper and aluminum in the 
annealed condition and after plastic deformation. 
Changes in the dislocation density and in the nature 
of the arrangement were observed as a function of 
shear strain and these were correlated with the tensile 


behavior. 
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The broadened rocking curves were resolved into 
components depending on lattice misorientations aris- 
ing from dislocation tilting, on the dislocation strain 
interaction, and on the subgrain particle size. An 
advantage of this method was that each broadening 


component yielded an independent estimate of the 


dislocation density, thus providing some indication of 


the internal consistency of the analysis. Since these 
X-ray measurements depended sensitively on the 
distribution of dislocations in the crystals, it was 
necessary to assume particular distribution models in 
order to arrive at an estimate of dislocation density. 
In the analysis presented below, three modes of defect 
distribution were considered; a random array, a 
crystallite substructure and, in the case of severely 


strained crystals, piled-up dislocation groups. 


2. X-RAY ANALYSIS 
The shape and breadth of an X-ray diffraction peak 
obtained from a parallel position double-crystal spec- 
trometer has been shown to be independent of slit 
the the 


radiation.®) Minimizing the vertical divergence by 


width and of wavelength distribution of 
limiting the height of the slits reduces geometrical 


broadening to a minimum, and the rocking curve 
shape and breadth may thus be directly related to the 
spatial arrangement of line defects such as edge and 
screw dislocations. Considering the double-crystal 
rocking curve as Gaussian in shape and assuming 
Gaussian distributions of intensity for rocking curve 


components due to lattice tilting x, lattice strain e, 


and particle size L, the measured rocking curve half 


width / ,, (the width at one-half the peak intensity) is 


given by 


where f,(1) and f,(2) are the natural half widths for 
the specimen and the analysing crystals, and 
and f, are the line breadths due to lattice tilting, 
local strain, particle size and uniform lattice bending, 
respectively. 

Assuming Gaussian distributions for « and e, and 


with LZ constant, Warren has shown: 


4 


tan? = K, tan? 0 


sin? 20 
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where @ is the Bragg angle, 4 the X-ray wavelength 
and the K’s are constants independent of 6 and A; a 
and ¢ are also constants. An additional broadening 
contribution occurs when the crystal suffers uniform 
lattice bending with a radius of curvature r, as re- 
ported by Flanagan“). The diffraction angle 6 is then 
broadened into an orientation range /, such that 

, 
kK 

= (3) 


Mr sin? 


6 
where w is the width of the impinging X-ray beam. In 
general, and /,(2) are about equal and equation 


(1) becomes 
K, tan? 6 


K, 
——. (4) 
sin? 


K 
sin? 20 
It is evident from equation (4) that K,, K,, A, and 


kK, can be determined from four measurements of 


broadening as a function of 6. This can be accom- 
plished by measurements on four orders of the same 
line or by measurements on one order using four 
irradiating wavelengths. The latter procedure was 
adopted since it is difficult to observe the higher 
orders in heavily deformed crystals. 

Gay et al.” have considered the effect of a Gaussian 
distribution of lattice orientations due to dislocation 
tilting on the X-ray line breadth. For a random array 
of dislocations with average spacing h. such that N 
|/h? where N is the average density of dislocations, 
and 


the following expression, modified by Dunn 


Koch”), relates N to the X-ray line breadth p: 
K, 
(9) 

4.356" 4.3567 


where 6 is the Burger’s vector. If the dislocations are 


arrayed in subgrain walls with a substructure of 


average size L, the relation becomes: 


(K,)! 2 


(L h). 
(2.1L)bL (2.1)bL 


When the subboundary contains only one dislocation, 
the simple case of the random array is obtained. In 
this limit L = h 
density may also be related to rocking curve breadth 


and hence Dislocation 

in severely deformed crystals when dislocations are 

piled up against slip barriers. For a random array of 

pile-ups of average strength n, the dislocation density 
is given as NV,” = n/h® and 

nk, 

(7) 


Vol. 
196 
— 
x 
(2b) 
c2 
= A (2c) 
7L? sin? 26 4 
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The dislocation density for an array of like disloca- 
tions uniformly spaced so as to produce lattice bending 
6, by Cahn“®), where y is the 
the 


w/sin 6, we 


has been given as NV, 
length of crystal surface irradiated and £, is 
angular range in orientation. Since y 
have from equation (3): 


bw 


(S) 


The rocking curve broadening component /, 
be related to the lattice dilatation component along 
the diffraction plane normal N resulting from dislo- 
For a Gaussian strain dis- 
the 


may 


cation strain interactions. 
P(e) 


1 /2c?. 


tribution. k exp (—ce?), mean square 


strain ¢? Hence, from equation (2b): 


In 2. (9) 
For an edge dislocation with Burger's vector 6 lying in 
an isotropic medium, the mean square strain ¢,” along 
the direction 7% in the radial plane of the dislocation, 
where 7 is the radial component of JN, is 


2 


0) dr 


cos (vy 
/ 


5b? 
In 


(10) 


2 cos? y| 


b sin 6/47(1 b cos 6/27(1 v)r, 


cos y = %* 6 and Poisson’s ratio vy is taken as 4. The 


where €,., 
radial plane is defined by the Burger’s vector and the 
normal to the slip plane; the angular relationships are 
shown in Fig. 1. Defining A as the angle between the 


dislocation glide plane normal and NV, and y as the 


9 
(b) RADIAL PLANE 
Fig. 1. 


Geometrical relationships in dislocation strain 
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angle between JN and 6, then cos? y } 


cos* A). The mean square strain along N is then 


Ey In 


6477r? 


/ 
(—) (2.45 cos? A 0.45 cos” yw) (11) 


cos" A). 
that a 


9 
=“ (cos w 


have 


noting that e," = ¢ 
Stehle 


dilatation also exists around a screw dislocation result- 


and Seeger“! shown radial 
ing from second-order variations in the atomic forces 
at the 


plane with 6 along {110}, a shear displacement w, 


dislocation core. For a screw lying in a {I11! 


bO/27 along 6 produces a radial strain given by e,, 


forces and is of the order of unity for most metals. 


where A is a factor dependent on atomic 


The mean square strain in the radial plane is then 


*r 


noting that ¢ 0. Since e,” is radially symmetrical, 


then: 


/ 
9 
w 13) 


13,2 {In 


0 


where N - 7 sin y. 

Assuming that half the dislocations in the crystal 
are edges and SCTCWS the average mean square strain 
acting normal to the diffraction plane is obtained from 
equations (11) and (13) 


, In (—) f(A.) (14) 


0 


0.14] 


0.177 sin® y) and depending on the 


where f(A,y) is an angular factor given by 
0.766 cos* A 
spatial relations between dislocation and diffraction 
Hence 0.14 < f(A.y) 1.09. 
dislocations to lie on {111} planes with 6 
f(A.) 


0.48 for a 


Considering all 
/110!, then 
(111) X-ray 


POO) reflection 


plane. 


for f.c.c. metals 0.33 for a 
reflection; f(A.y) 

For a random array of edges and screws with avet 
age spacing A, the field of 


effectively acts over a distance ? h/2. Noting that 


N h?. é becomes 


strain each dislocation 


107 
f(A.p)N, In (15) 


= 


0 is taken as 10-*em. Then from equation Y) 


where 7 


2(N,)'/2 


0.28 b*f(A,p)N In (16) 
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where AK, = f,/tan* 6. For the effect of subgrain for- 
mation on dislocation strain distribution, consider the 
cry stal to be composed of particles of average size L 
with subboundary walls composed of » dislocations 


The dis- 


n/L*; hence 


with average spacing ¢ such that ¢ 

location density for such an array is N’ 
t 1/N’L. Since L > h and t < h, the effect of sub- 
grain formation is to reduce the effective strain field 


2N’L. 


to approximately r t/2 l 


tion (14): 


Then from equa- 


where 7, is again taken as 10-7em. Because the sub- 
grain walls are not restricted to slip planes, the 
orientation factor f(A,y) cannot be directly computed. 
Assuming f(A,y) to have a mean value of 0.6, the dis- 
location density is then related to the rocking curve 
broadening constant as 
10%. 

(18) 


K, = In 


4 


é 


As in the expressions for lattice tilting, equation (18) 
reduces to equation (16) in the limit L h. when 
N, 

For the case of dislocations piled up behind slip 
barriers, the approximate mean square strain around 


such a configuration may be obtained by considering 


a pile-up of n dislocations as a super dislocation of 


strength nb. Assuming a random array of pile-ups, 
equation (16) becomes 

107 
2(N,)'/2 


N,.” 


K, = 0.28nb?f(A.p)N,” In (19) 


such that NV.” = N,/n. 


Letting NV,” N , for 
the piled-up distribution, we have from equations (7) 


and (19): 


(20) 
as shown by Williamson and Smallman). Hence 
n = (N,/N,)"2 and N, = (N_N,)"2. 
distribution, V, and N, give the maximum and mini- 


é 


For the piled-up 


mum estimates, respectively, of dislocation density ; 
the mean value of the density estimates is NV, 
Considering the crystal to be composed of crystallite 
blocks of average size L the dislocation density is then 
n/L* where n is the average number of dislocations per 
block face. For the limiting case n |, corresponding 
h and N, = 1/L’. 


than |, the subgrain size L can be determined: 


to a random array, L Then, 


from equation (2c), V, When vn is greater 
0.94 


(K,)'? 
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The value of L thus determined is then used in equa- 


tions (6) or (18) to obtain values of N’,’. In the case of 
; l.l4nkK, where n is 
the number of dislocations in the piled-up array. 
Hence N,,” 
the value of n may be determined in the same manner 


a piled-up distribution, 
nN ,, as in the case of lattice tilting and 


as equation (20), substituting NV, for V, 
3. EXPERIMENTAL PROCEDURE 

The materials used in the present investigation con- 
sisted of 99.994 per cent aluminum supplied by the 
Aluminum Company of America and 99 per cent 
copper supplied by the American Smelting and Refining 
Company. Cylindrical single crystals about 5 in. long 
and 2in. in diameter were grown from the melt in 
high-purity graphite molds under vacuum by the 
Bridgman technique. After determining crystal orien- 
tations by the back reflection Laue method, tensile 
sheet specimens with a gage length of 1.5—2.5 in. were 
cut from the crystals with faces parallel to the {111} 
plane for copper and the {100} plane for aluminum. 
The specimens were heavily etched in dilute HNO, for 
copper and in 50° HCl for aluminum to remove the 
cold-worked layers and then annealed in vacuum for 
24 hr at 700 and 400°C, respectively. This procedure 
was chosen in order to avoid excessive subgrain forma- 
tion. The tensile specimens were then electropolished 
before testing in a 50% orthophosphoric acid solution 
for copper and an 80% methyl! alcohol—20 °%% perchloric 
acid solution at —35°C for aluminum. The finished 
specimens exhibited very little substructure on macro- 
etching in a FeCl, solution and in 30° HCl for copper 
and aluminum, respectively; sharp Laue spots were 
obtained, and the X-ray diffraction peaks were sym- 
metrical and were not split. Specimen faces, with one 
exception (No. Al 2), 


reflection planes within a. 


were parallel to the indicated 


Plastic straining in tension was carried out at a 
constant cross-head strain rate of 0.0035 in./min using 
a Hounsfield tensometer. The load and the corre- 
sponding cross-head displacement were plotted simul- 
taneously to give a continuous load-strain curve. In 
the region of plastic microstrain (<10~%), the tensile 
strain was measured by SR-4 resistance wire strain 
gages attached to the specimens. The accuracy of the 


Measurements of X-ray rocking curve broadening 


strain gage measurements was about +4 


were made using a parallel position double-crystal 
spectrometer in which the specimen was the first 
crystal and the analysing crystal the second crystal. 
A point source of radiation was defined by a collima- 
tor, permitting a beam 2.0 mm wide and 0.25 mm in 


The 


height to impinge on the specimen surface. 
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stress-shear strain curves for 


Shear copper 


single crystals in tension. 


diffracted primary beam was collimated by a slit 
positioned between the specimens and the standard 
crystals, thus restricting the vertical divergence of the 
After diffracting 
from the standard crystal, the beam passed through 


primary beam to about 10~% rad. 
another slit which also limited the vertical divergence 
to about 10-3 
These slits were adjusted to be 0.013 mm in height and 


rad before it entered a Geiger tube. 


0.051 mm in width in order to confine the beam to the 


horizontal plane. 

A matched-crystal technique similar to that de- 
cribed by Kaufman and Kulin”®) was used. Carefully 
prepared germanium crystals with {110} and {111} 
faces were used as standard crystals. These orienta- 
tions were chosen because the planar spacings of Ge 
220) and Ge (333) correspond closely to the (111) and 
200) (400) 


spacings in aluminum, respectively. With germanium 


(222) spacings in copper and the and 
crystals positioned to diffract from the (220) orienta- 
tion in the spectrometer, the measured half-maximum 
compared to a 
the 


15.0 see 


for 


rocking curve width was 


theoretical value of I1.: Darwin line 


breadth. 
breadth at half-maximum 


were obtained from rocking curves of the (111) reflec- 


Measurements of line 
tion of copper and the (200) reflection of aluminum, in 
the annealed and deformed conditions, using Mok,, 
CukK,, CoK, and Cr radiations. In addition, the Cu 
(222) and Al (400) reflections were obtained for the 
after 


plastic deformation the second order reflection peaks 


annealed specimens using CuK, radiation; 
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RAIN 
Shear shear strain curves for aluminum 


stress 
single crystals in tension 

were too diffuse and too low in intensity to be measured 
accurately. In these cases, the slit between the analys 
ing and specimen crystals was positioned so as to 
eliminate the K., reflection from the primary reflec- 
tion beam. In all cases, the diffraction peaks were 
continuously recorded on a strip chart as the specimen 
through the diffraction 


was automatically rocked 


angle. The apparatus had a resolution of about 11 see. 


4. RESULTS AND DISCUSSION 

The resolved shear stress—shear strain curves were 
computed after the manner of Blewitt". Tensile 
stress-strain data for copper and aluminum crystals 
of varying orientation are shown in Figs. 2 and 3. 
Values obtained for the critical resolved shear stress 
7, were about 75-100 g/mm* for copper and 77—90 
g/mm* for aluminum, in agreement with the generally 
reported values.“ Easy glide (Stage I of the single 
cry stal tensile curve) was observed for both copper and 
aluminum in the microstrain range as shown by the 
appropriate curves in Figs. 2 and 3. These microstrain 
curves were obtained by measurements of residual 
strain after repeated unloading from increasing stress 
levels. It is evident that upon reloading after small 
amounts of plastic deformation, 7, markedly increased 
in the case of copper. After larger plastic strains 
however, interrupted loading did not seem to affect 
Stage | 


the yield stress appreciably. deformation 


continued in copper for strains up to 5 10 


rapid strain hardening was 


whereas, in aluminum 


observed after the plastic strain exceeded 5 
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TABLE 


Cuk, (111) 
(mun) 


Shear strain Mok, (111) 
(+) (min) 


0 2. 2.99 
26 lo 2.96 
160 3.84 

1033 10-8 4.88 

2060 10-6 5.48 
0.0106 6.23 
0.0219 7.98 
0.062 12.25 
0.102 16.25 
0.244 


22.9 
0.447 44.7 
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X-ray line breadths for copper single crystals 


CuK, (222) 


(min) 


CoK, (111) 
(min) 


CrK, (111) 
(min) 
3.61 


3.00 3.12 


TABLE 2. X-ray line breadths for aluminum single crystals 


(200) 


MoK, (200) 
(min) 


strain 


2.87 2.97 
2.90 
3.06 
3.97 
1.69 

O.OLL35 

0.069 

O.115 

0.220 


0.421 


With increasing deformation, linear strain hardening 
(Stage Il) occurred in the case of copper; however, in 
aluminum, Stage II deformation could not be detected. 
In agreement with general observations of room tem- 
perature tensile tests for aluminum, Stage II is almost 
completely suppressed by the occurrence of dynamical 
recovery (Stage III). Stage III hardening in aluminum 


was observed metallographically and extensive cross 


slip and slip band formation on the (100) faces of 


deformed aluminum were seen. On the other hand, 
the slip traces observed in copper were quite short and 
not well defined; very little cross slip was observed. 

breadth at half- 


maximum were obtained for the (111) diffraction peak 


Measurements of rocking curve 
of copper and the (200) peak of aluminum using four 
different characteristic radiations. Crystals with shear 
strains up to 0.5 were investigated. In addition, line 
breadths were obtained in the case of annealed crys- 
tals for the second order peaks Cu (222) and Al (400) 
using CuK, radiation. For crystals strained less than 
0.1, only the Cu (111), Cu (222) and Al (200), Al (400) 
reflections were measured, using CuK, radiation. The 
rocking curve half-width data are given in Tables | 
and 2, for copper and aluminum respectively. The 
data show that both metals exhibited very similar 
characteristics at low plastic strains; however, copper 


showed significantly greater line broadening at high 


Cuk, (400) 
(min) 


CrKy (200) 
(min) 


CoK, (200) 
(min) 


3.69 


3.77 


3.02 


10.00 
16.45 


(0.4—0.5). 
partial recovery of line breadth occurred for severely 


residual strain levels It is possible that 
strained aluminum during room temperature measure- 
ments, although Lutts and Beck”® reported that de- 
formed aluminum stored at 5°C showed very little 
X-ray line breadth recovery over a period of about 90 
days. 

Since the matched crystal technique introduces a 
finite non-parallelism in diffraction conditions, the line 
broadening data must be corrected for vertical disper- 
sion. The additional dispersional broadening Af ,, has 


been given as (1%) 


0.40 | 


(min) (22) 


AB d 

where Ad/d is the relative change in planar spacing, 
AA/A is the fractional primary dispersion and @ is the 
vertical divergence of the primary beam. Taking the 
computed value of Ad/d as 0.04 and AJ/Z as 2 « 10%, 
the maximum value of Af,, was 0.15 min for the 
measured value of g 10-3 rad. For annealed crystals 
with /,, of the order of 3 min, the maximum error 
was thus about 5 per cent; for deformed crystals 
with /,, of the order of 20-50 min, the error was less 
than | per cent. Under these conditions, dispersional 
broadening was considered negligible. 

the broadening 


From the data in Tables | and 2. 
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shown in the inset 


Fie. 5. 
Values in the microstrain range are 
high kK, 
for strains up to 0.1 and then also 
kK, 


with strain and was always quite small. 


markedly at strains; was 


rapidly increased in value; 


constants A,, A,, AK, and K, were calculated from a but increased 


matrix of four equations of the type: smaller than 
varied nearly linearly 
kK, K, tan* 6, (23) 
‘sin® 20 sin? 

i For plastic shear strains less than 0.01 the insets of 


Since f/f, is about 3 Figs. 4 and 5 show that A, and K, increased markedly 
but the rate of 


It 


B min for an 


annealed crystal and 


where /, 
with initial shear strain increments: 
at 


fy is about 0.3 min for copper 
and aluminum, f,” is about 0.01 8,,2 and can be change declined noticeably larger strains. is 
vo VM 


neglected. The results are shown in Figs. 4 and 5 for interesting to compare the behavior of A, and K, after 


copper and aluminum. It is apparent that in the 
macrostrain range A, varied almost linearily with 


shear strain: K,, was linear for strains less than 0.2 


initial plastic flow with the behavior of the shear 


stress-strain curve in the same region (Figs. 2 and 3). 


Evidently a rapid rate of dislocation production 
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occurred with initial plastic deformation resulting in 
an increased critical shear stress necessary for further 
slip and in a substantial increase in the rocking curve 
broadening. After further deformation, however, dis- 
location sources appeared to be more restricted by 
obstacles. Since the slope dK,/dy was very nearly 
constant for shear strains (y) less than 0.2, the values 
of A, in the microstrain region shown in the insets of 
Figs. 4 and 5 were assumed to be linear interpolations 
of the measured values at y QO and y 0.1. Since 
dk ,/dy was not large in this region, this assumption 
is reasonably accurate. 

0) the 


analysis can be simplified since both A, and K, were 


For the special case of annealed crystals (y 


almost nil. Equation (23) then becomes £7 = K, 
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Fic. 6. Variation of rocking curve half-width with 

tan* § for annealed crystals of copper and aluminum. 

Ky is given by the intercepts of the curves at tan? 4 
0; Ke is given by the slopes. 
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Fic. 8. Variation of dislocation 
resolved shear strain for aluminum. 
minimum and maximum estimates of N, 
average dislocation spacing in a random array. Ne 
assumes a piled up distribution of average strength n. 
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K, tan? @,. Hence varies linearly with tan?@; 
0 giving A, directly and 


with the intercept at tan? 6 ' 
the slope df ,,*/d(tan® @) giving K,. These results are 
shown in Fig. 6 for annealed copper and aluminum 
9 min? and 


crystals. In these experiments AK, = 7 


K, = 3-4 min”, hence K,/K, is about 2 at y = 0 
contrast to a value of about | reported by Kaufman 
and Kulin“* for copper. 

Following the theory outlined above, the broadening 
constants may be related to dislocation den vy, using 
the appropriate assumptions as to their arrangement 
in the crystal. For annealed crystals and for crysta!s 
plastically strained to 5 « 10-% for copper and about 
| x 10-8 for aluminum, calculations of particle size L 
(shown in Figs. 7 and 8) derived from values of Ky, 
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indicated that L was greater than h where h is the 
average random dislocation spacing. Hence the dis- 
locations were conceived to be distributed mainly in 
subboundary walls with a particle size of about 10-4 
Hirsch et al.“7), 


10-3, L was about equal to h; 


cm in agreement with For shear 
strains greater than 5 
hence deformation was considered to disrupt the 
original subboundaries and to have formed a substruc- 
ture with a high density of dislocations. With severe 
deformation (y ~ 0.5), extensive strain hardening 
occurred and some degree of pile-up might be expected. 


Estimates of dislocation density based on these 


assumptions gave rise to the curves shown in Figs. 7 


and 8 in which the variation of dislocation density and 
subgrain size L with residual shear strain is shown for 
The 


several methods gave rise to a band of values, the 


copper and aluminum. calculation of N by 
upper and lower limits arising from estimates of NV 
from lattice strain and lattice tilting broadening re- 
3 the 


band limits were taken as the values of V,’ and N,’, 


spectively. For shear strains less than 5 « 10 
for strains greater than 
and N,, 


For severely strained 


assuming a substructure; 
5 « 10-3, the band limits were taken as JN, 
assuming a random structure. 
specimens, the most probable value of N was taken as 
N,, assuming random pile-ups of n dislocations. 

The results show that a dislocation density of about 
108/em? was obtained for annealed copper and alumi- 
num single crystals with a subgrain size of 10-4 cm; 
the initially high dislocation concentration probably 
resulted from incomplete annealing in order to avoid 
excessive polygonization. Dislocation density in- 
creased relatively slowly in the Stage I strain region 


and then increased rapidly in the work hardening 


strain range (Stages II and III), reaching a value of 


approximately 8 » 10!°/em? at 0.5 shear strain with a 
calculated subgrain size of about 2 em. Al- 


though the limiting particle size in deformed alumi- 


num has generally been reported to be of the order of 


10-4 em, Hirsch"® has noted that particle size param- 


eters obtained from line broadening data from 
plastically deformed materials are generally about an 
order of magnitude smaller than values obtained by 
microbeam Laue or other methods, due probably to the 
finite width of a dislocation subboundary (as in copper) 
and to dislocations contained within the subgrains. 
The results also show that only small dislocation pile- 
ups (x = 4-6) may be expected in severely deformed 


copper and aluminum. 


5. CONCLUSIONS 
The X-ray rocking curve analysis of imperfect 
crystals has been extended in this study to provide 
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some indication of the overall dislocation distribution 
as well as the dislocation density. An internal test of 
the X-ray theory is provided by a comparison of the 
density, V,, derived from the analysis of the disloca- 
tion strains with the density, N_, derived from the 
dislocation tilts. Since the same dislocations are re- 
sponsible for the strains and the tilts these densities 
should be identical. Comparisons in the annealed 
crystals where the analysis is simplest indicate good 
agreement between the strain and the tilt values, i.e. 
factor of 2. 
agreement is not as good, and the basic assumption 
that the tilts for 
independent of the dislocation density and the array 


fulfilled. Nevertheless, 


provides a useful average picture which can be related 


within a After large deformations the 


strains and each dislocation are 


is not the X-ray technique 
to the macroscopic mechanical properties, 

The annealed crystals of copper and aluminum used 
in this study contained a dislocation density of about 
108/em*, with most of the dislocations arranged in 
subboundaries corresponding to a crystalline size of 
about 10-4 em. The dislocation density and the distri 
bution remained essentially unchanged in the easy 
glide range, corresponding to shear strains of less than 


10-3, With the the 


dislocation density increased rapidly, reaching values 


onset of strain hardening 
of approximately 10''/cm®* at strains in the vicinity of 
0.5. In this region there is little distinction between 
describing the dislocation distribution as approaching 
randomness or as consisting of subboundaries with a 
small particle size since the average particle size 


approaches the average distance bet ween dislocations. 
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PRECISION DENSITY MEASUREMENTS ON DEFORMED COPPER 
AND ALUMINUM SINGLE CRYSTALS* 


M. J. HORDON? and B. L. AVERBACH? 

Measurements of the fractional decrease of density were used to estimate the number of dislocations 
in annealed and plastically strained single crystals of high-purity copper and aluminum. An almost 
linear increase in dislocation density with shear strain was observed. Dislocation concentrations of the 
order of 10'°/em? after shear strains in the range 0.1—0.5 were calculated from precision density deter 
minations, in good agreement with values obtained from X-ray measurements. 


DES MONOCRISTAUX DEFORMES 


ALUMINIUM 


PRECISES DE DENSITE 
DE CUIVRE ET 


MESURES 


Des mesures de la diminution fractionnée de densité ont été employées pour évaluer le nombre de dis 
locations dans des monocristaux trés purs de cuivre et d’aluminium qui ont subi un traitement de revenu 
et une déformation plastique. On a observé une augmentation de la densité des dislocations qui était pres 
que linéaire avec la déformation de cisaillement. Des concentrations de dislocations de ordre de grandeut 
de 10!°/em? ont été calculés aprés des déformations de cisaillement de 0,1—0,5 a partir de mesures précises 


de densité, ce qui a été en bon accord avec les valeurs obtenues par rayons X 
PRAZISIONSDICHTEMESSUNGEN AN VERFORMTEN EINKRISTALLEN AUS 
KUPFER UND ALUMINIUM 


Aus Messungen der relativen Dichteabnahme wurde die Zahl der Versetzungen in ausgegliihten un 


plastisch gedehnten Einkristallen aus Kupfer und Aluminium hoher Reinheit abgeschatzt 


fast lineare Zunahme der Versetzungsdichte mit der 


Es wurde eine 


Abgleitung beobachtet. Nach Abgleitungen im 


Bereich von 0.1 bis 0.5 wurden aus Prazisionsdichtebestimmungen Versetzungsdichten von der GréBen 


ordnung 10!°/em? berechnet, die gut mit den Ergebnissen von réntgenographischen Messungen tiberein 


stimmen. 


1, INTRODUCTION 
A wide variety of experimental techniques has been 
available for the study of dislocation densities and 


spatial distributions in both annealed and in plastically 


strained crystals. In a previous paper” (hereafter 
called Ref. 1), estimates of dislocation density as a 
function of plastic strain were derived from double- 
crystal X-ray rocking curve broadening for high- 
The 


present paper reports the results of precision hydro- 


purity copper and aluminum single crystals. 


static density measurements on the same crystals in an 
effort to provide independent estimates of the dis- 
location density for comparison. Since the deforma- 
tion was carried out at room temperature, the only 
defects considered stable enough to remain were line 


defects such as edge and screw dislocations. 


2. EXPERIMENTAL PROCEDURE 


Cylindrical single crystals, 5 in. long by 5/8 in. 


diameter, of high-purity copper and aluminum were 


* This paper is taken from a thesis submitted by M. J. 
Hordon in partial fulfillment of the requirements for the Se.D 
Metallurgy at the Massachusetts Institute of 


degree in 
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grown from the melt by the Bridgman technique. 
Flat tensile specimens with dimensions 1|.5—2.5 in. in 
width 0.080—0.100 in. in 
thickness in the gage section were prepared from these 

of the 


{111} and {100} planes for copper and the {100} plane 


length, 0.375 in. in and 


crystals with surfaces parallel to within +5 
for aluminum, as reported in Ref. (1). Changes in 
density after plastic deformation were measured by a 
differential hydrostatic 
to that of Bell®. 


semimicro balance with a sensitivity of | 


weighing technique similar 


The apparatus consisted of a 


Specimen and standard crystals were suspended by 


platinum wires from the balance arms and were 


immersed in a weighing liquid of 1-2 dibromopropane 
bath 
The temperature was 
both 


(p 1960 g/ml) in turn contained in a water 


maintained at 25°C 0.01°C 


controlled by a mercury thermoregulator and 
weighing liquid and water bath were continuously 
stirred to ensure equilibrium heat distribution. 
Density changes were determined by a differential 
technique which involved weighing the test specimen 
as annealed and after deformation against an annealed 


The ad- 


vantages of this method were that the temperature and 


standard in air and in the weighing liquid. 


variation of density with temperature of the weighing 
liquid did not have to be determined as long as the 


temperature was everywhere uniform, and errors due 
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Resolved shear stress (kg/mm) 


1.0 2.0 


3.0 40 
| 


Resolved shear 
0.1 02 


strain y 


| 


| 


0.3 
| 


| 


Fic. 1. 


shear strain on 


Influence of applied shear stress and_ prior 
hydrostatic density of 


copper and 


aluminum single crystals. 


to a change in depth of immersion of suspension wires 
and changes in surface tension of the weighing liquid 
were cancelled out. 

For this technique, the differential density change 


of the test specimen has been given as ‘©? 


Ap 1 
p 


(W, 


p W, W, 
M 


where p is the absolute specimen density, WM is the 


specimen weight, d, is the density of the weighing 
liquid, a, is the density of air, and W,,”, W,,* denote the 
sequential weighing steps before and after straining, 


d,, equation (1) can 


in liquid and air, respectively. Because (W, 
is negligible in this case, and a, 
be simplified : 

Ap 


To reduce errors, M should be large in order to maxi- 
mize the weight difference (W, — W,)“, and the speci- 
men and standard crystal weights should be closely 
matched to minimize volume differences. In the 
present case, the crystals weighed about 10 g and were 


prepared by etching to have a weight difference : 


50mg. The accuracy of the relative density change 


was about +1 10-9, 


3. RESULTS AND DISCUSSION 

Measurements of the density of copper and alumi- 
num crystals by the differential hydrostatic weighing 
technique were made after plastic deformation in the 
shear strain range 0.1-0.5. The results are shown in 
Fig. 1 in which the fractional density change Ap/p is 
plotted against residual shear strain and applied shear 
stress. Resolved shear stress and shear strain values 
were computed from tensile data in a manner reported 
in Ref. (1). As Fig. 1 shows, the density was found to 
decrease nearly linearly as a function of shear stress 
and strain, and in the strain range studied, copper and 
aluminum showed the same variation of Ap/p with 
resolved shear strain. Extrapolation of the curve in 
Fig. | to a shear strain y of 0.6 (tensile strain e ~ 0.3) 
4 


Ap/pa value of about | 10-4, in very good 


10-4 reported by 


gave 
agreement with the value of 0.9 
Clarebrough et al. for copper deformed 30 per cent in 
compression. 

Estimates of dislocation concentration N were de- 
rived from the decrease in crystalline density following 


the analysis of Stehle and Seeger™ using the expression 


Ap 


2b? 


N (3) 
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Dislocation density (10'° cm=?) 


0.1 0.2 0.3 
Resolved shear strain 


0.4 0.5 


Fic. 2. Dislocation densities calculated 


static density measurements. 


from hydro 


where 6 is the The 
assumes that the screw and edge components of the 
The of other 
defects such as vacancies can be reasonably discounted 


3urger’s vector. expression 


dislocations are equal. volume effect 
since vacancies would be expected to anneal out 
rapidly after room temperature deformation of high- 
purity copper and aluminum. 

The resulting variation of dislocation density with 
residual shear strain is shown in Fig. 2. It is apparent 
that N varied linearly for copper in the linear harden- 
ing strain range (Stage II of the single crystal tensile 


curve) whereas the curve for aluminum departed from 


linearity in the strain range above 0.2 corresponding 


to the region where cross slip occurred (Stage IL1) see 
Ref. (1). 


by the expression 


The linear portion of the curve is described 


Ky (4) 


/em? 


These 


where the constant A is approximately | 


for copper and 0.8 > 10'!/em? for aluminum. 


PRECISION 


DENSITY MEASUREMENT 
values are in good agreement with the value of 1.1] 
/em? the 


et al) for deformed cooper. 


calculated from data of 


Clarebrough 
4. CORRELATION OF RESULTS 
Estimates of dislocation density calculated from 


strained 
copper and aluminum are compared in Table | along 


changes in crystal density for plastically 
with values derived from X-ray rocking curve broad- 
ening measurements reported in Ref. (1). It 
that the X-ray 
within a factor of 2: 


dislocation 


can be 


seen 


and density methods 


agreed 
thus the assumptions involved 


in calculating densities 


appear fairly 


reasonable. 
TABLE 1 Density of dislocations in cold worked copper 
and aluminum singk 


crystals 


Shear strain Dislocation density N (em 


Density X-ray* 


oppel 


3 10 


5 
Aluminum 


1a? 

pate 

0.421 10 
* X ray taken 


values of dislocation densit 
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GUINIER-PRESTON ZONES IN AN ALUMINIUM-SILVER ALLOY* 
E. J. FREISE,t A. KELLY? and R. B. NICHOLSON? 


X-ray small angle scattering measurements and electron microscope transmission studies have been 
carried out on the same specimen of an aluminium-—silver alloy containing 4.4 at.%, silver, quenched and 
125°C. 
vields values of the average cluster size in excess of those found in the electron microscope examination 
A and 
The average composition of these clusters is greater than 90 per cent silver and they are sur- 
Only 


aged at The purpose has been to compare the two methods of examination. The X-ray method 


by a factor of about There are 2 10"? clusters/em*, with diameters varying between 20 


60 A, 
rounded by a shell containing very little silver. ~10 per cent of the alloy undergoes this seg 
regation, 

LES ZONES GUINIER—-PRESTON DANS UN ALLIAGE ALUMINIUM-ARGENT 
Des mesures de diffraction de rayons Xa petit angle et des études de transmission au microscope élec 


4.4% 
Le but était de comparer ces deux méthodes, La 


tronique ont été effectuées sur le méme échantillon d’un alliage aluminium—argent contenant 
atomique d’argent qui a été trempé et vieilli a 125°C, 
methode par rayons X donne des valeurs de la dimension moyenne des ségregations doubles de celles qui 
Ona2 


La composition moyenne de ces ségregations dépasse 90 pour cent d’argent et elles 


ont été prouvées par microscopie électronique. 10"? ségregations/cm®, ayant des diamétres variant 


A et 60 A, 


sont entourées d'une couche contenant trés peu d’argent. Seulement ~10 pour cent de l’alliage subissent 


enter 20 


une telle ségrégation., 


PRESTON-ZONEN IN EINER ALUMINIUM-SILBER-LEGIERUNG 


Silber, die abge 


GUINIER 
Atom ° 


An einer und derselben Probe einer Aluminium-—NSilber-Legierung mit 4.4 
schreckt und bei 125°C gealtert worden war, wurden Messungen der Réntgen-Kleinwinkelstreuung und 
elektronenmikroskopische Durchstrahlungsuntersuchungen ausgefiihrt, um die beiden Untersuchungs 


methoden zu vergleichen, Die Réntgenmethode ergibt fiir die mittlere GroBe der Zonen Werte, die etwa 


um den Faktor 2 gré6Ber sind als die bei der elektronenmikroskopischen Untersuchung gefundenen. Es 


waren 2 10'7 Zonen pro em®, der Durchmesser variierte zwischen 20 A und 60 A. Die Zonen enthalten 


im Durchschnitt mehr als 90% 
Nur bei etwa 10°, det 


Legierung tritt diese 


Silber und sind von einer Schale umgeben, die sehr wenig Silber enthalt. 


Entmischung auf. 


1. INTRODUCTION 

of the 
decomposition of quenched Al—Ag alloys containing 
up to 16 at.° 


pally by Guinier and co-workers 


Recently many studies have been made 


silver. X-ray diffraction studies princi- 


(1,2) 


and by Gerold®) 
have shown that the initial decomposition produces 
approximately spherical, silver rich clusters dis- 
the 
situated at the lattice points of a face-centered cubic 
lattice. 


have confirmed these results and the average size and 


tributed throughout matrix. All the atoms are 


Transmission electron microscope studies" 


number of clusters have been directly determined. 
This paper describes X-ray small angle scattering 
measurements and electron micrographs taken from 
the same specimen of one alloy. The experiments had 
a two-fold purpose. Firstly, X-ray small angle scatter- 
ing has been used extensively in the past to study the 
solid solutions. 


decom pe sition of super-saturated 


Following recent advances in technique, this pheno- 


menon can also be studied by transmission electron 
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microscopy. Since the latter method yields a more 
direct picture of the microstructure of an alloy, it 
seems likely to replace X-ray small angle scattering 
in some cases. Therefore a simple comparison of the 
two methods is of considerable interest. Secondly the 
use of both techniques makes it possible to test the 
quantitative validity of models of the alloy deduced 
from X-ray studies. 


2. EXPERIMENTAL DETAILS 
Sheet specimens of a 15.6 wt.°, Ag alloy were pre- 
pared by cold rolling a high purity ingot to a thickness 
of ~125 uw. The specimens were homogenized for 12 
hr at 520°C, quenched into water at room temperature 
This 


heat treatment was chosen for the following reason. 


and aged for 66 hr in a silicone oil bath at 125°C. 


X-ray small-angle scattering measurements are most 
easily performed on specimens containing clusters of 
~20A. Such 
detected with the electron microscope and it was 


diameter clusters are not readily 
necessary in these experiments to work with specimens 
in which the cluster size could be measured with both 
techniques. After a survey of the electron microscope 


observations the above ageing treatment was found to 
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give the smallest cluster diameter which could be 
accurately measured with the microscope. 

Thin foils were prepared from a specimen by the 
electropolishing technique of Nicholson et al.©, and 
were subsequently examined by transmission in the 
electron microscope. 

The X-ray examination was carried out on an 
unthinned portion of the same specimen. A General 
Electric XRD-5 diffractometer was set up for small 
angle scattering by replacing the normal collimating 
slit by one with a horizontal divergence of 0.1° and 
making provision for rotation of the counter whilst 
keeping the specimen stationary. Intensity measure- 
in 20. 
filters of cobalt oxide and nickel were used to obtain 


ments were made over the range 0°—7 Balanced 


monochromatic radiation. Following Kratky et al.“ 
the air scatter was reduced by placing an 0.5 mm 
thick copper foil midway between the specimen and 
the counter. This produced a reduction in air scatter 
which was sufficient to allow reliable intensity readings 
to be within 30° of the The 


intensity readings were always corrected for parasitic 


made direct beam. 
scattering and were placed on an absolute scale by 


measuring the intensity of the direct beam after 


suitable reduction by copper foil. 


3. ELECTRON MICROSCOPE RESULTS 
A detailed electron microscope study of precipitation 
In the 


present work the object was to obtain an accurate 


in this alloy has already been carried out. 


value of the cluster size and the number of clusters per 
unit volume. The latter quantity can only be calcu- 
lated if the foil thickness is accurately known. There 
If the 


compressive stresses caused by local heating from the 


are two possible methods of measuring this. 


electron beam are large enough, dislocation movement 
can be produced and the foil thickness measured from 


the projected width of the slip traces. In the present 


experiment this was not possible due to the high flow 


stress of the alloy. An alternative method is to 
measure the projected width of some one or two- 
dimensional discontinuity such as a precipitate plate 
which is lying on a known crystallographic plane. 
When Al-Ag alloys are quenched from the solution 
the 
migrate to screw dislocations and form helical dis- 
4) L1O 


directions and remain largely unchanged during the 


heat treatment temperature excess vacancies 


locations. ' These helices always lie along 


formation of G.P. zones. Since the orientation of the 
foil is known from the electron diffraction pattern, the 
projected length of the helix, truncated by inter- 
section with the two surfaces of the foil, can be used to 
obtain an accurate measurement of foil thickness. 


6a—(4 pp.) 
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Transmission electron micrograph 


clusters 320,000 


Figure | is a typical high magnification micrograph 
of silver rich clusters in a specimen aged for 66 hr at 
125°C. The mean cluster diameter is 30 A. Fig. 2 is a 
low magnification micrograph containing the region 
shown in Fig. | and several helical dislocations can be 
The measured foil thickness is 925 A and this 
The 
average density of clusters calculated from several pairs 


10!7 em 


seen. 


figure is probably accurate to 10 per cent 


of micrographs such as Figs. | and 2 is 2.0 


Fic. 2. Transmission electron micrograph containing 


the area illustrated in Fig. | and showing the truncated 


helical dislocations used to determine the thickness olf 


the foil. 80.000 
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The probable accuracy of this figure is +15 per 
cent. 
The measurements of cluster diameter were made 


with a graduated magnifying eye piece on magnified 


transparencies of the original microscope plates. Since 


there is no elastic strain around the clusters the con- 
trast in electron micrographs depends on the number 
of silver atoms in the path of the electron beam. Hence 
the centre of the cluster generally shows good contrast 
but the periphery of the sphere may give such poor 
contrast that it 
Therefore the edge of the cluster is poorly defined and 


is below the visual detection limit. 
the accuracy of each visual measurement is probably 
LO per cent. 
In addition to the random error there may be a 
This 


making a densitometer trace over a number of clusters 


svstematic visual error. was investigated by 


on a transparency. The trace diameter of individual 
clusters was then compared with visual measurements. 
that 


were always larger than visual measurements by 


It was found the densitometer measurements 
amounts varving from 2 to 25 per cent and averaging 
~15 per cent. However, interpretation of the densi- 
tometer trace was difficult owing to the reproduction of 
the 


These variations. which take the form of a ripple 


small variations in contrast on transparency. 
structure, are caused by carbon contamination on the 
specimen. Another source of error in the densitometer 
measurements is the finite spot size which exaggerates 
the cluster diameter. In view of these possible errors 
it is difficult to decide which method of measurement 


The 


visual measurements are more reproducible and it was 


gives a more accurate value of cluster diameter. 


decided to accept these while bearing in mind that 
there may be a systematic underestimate of ~10—-15 
per cent, 

Figure 3 is a histogram of a large number of visual 
The arithmetic 


measurements of cluster diameter. 


mean of these readings is 30 A and nearly three- 
quarters of the clusters have a diameter within 5 A of 
this figure. However ~10 per cent of the clusters have 


diameters in the range 40—50 A. 


4. X-RAY RESULTS 
Measurements of the X-ray small angle scattering 
were made on an unthinned portion of the foil from 
which Figs. | and 2 were obtained. The scattering is 
circularly symmetric with respect to the primary beam 
and a plot of the observed intensity in absolute units 
The 


peak of the curve occurs at an angle of approxi- 


vs. the angle of scattering is shown in Fig. 4. 


mately | 


We take the following model for the microstructure 
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35 


Number of clusters, 


9 22 25 28 3!i 35 38 4 44 47 
Cluster diameter, A 


3. Histogram of cluster diameters measured on 
electron micrographs. 


of the alloy, suggested from previous X-ray work“!.?) 
and confirmed by electron microscope observations.) 
The alloy consists of a set of NV, clusters, each of which 
is spherical in shape and has an average fractional 
the 


We designate the average radius of 


atomic concentration m, of silver, remainder 
being aluminium. 
the clusters R, and the average composition of the 


4 


electrons 


&(24) 


Fic. 4. Theoretical and experimental determinations 
circles of intensity vs. scattering angle. Full and open 
represent experimental points, 
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alloy m,,. The excess silver in each cluster is assumed 
to have migrated thence from within a spherical 
region of radius R,, measured from the centre of the 
cluster. The average concentration of silver in the 
region between the radii R, and R, is m,. From this 
we define: 


m 
\g 
(1) 


We designate each cluster and its surrounding shell 


Moy My 


as a zone and assume that the V, zones scatter inde- 

pendently and that the silver rich cluster and impover- 

ished shell scatter coherently. Then following James” 

we have for the diffuse scattering in electron units, at 

small angles of scattering: 

| Aor 
(Jas 


Ry) 


2 
Jai) (Mag my) 


G(s R, ) |? 


(2) 


sin 
where 


3(sin x xr cos x) 
atomic scattering factor for Ag 
atomic scattering factor for Al 
v = atomic volume. 

This expression gives a variation of scattered intensity 
with angle which is very similar to that observed. The 
angular position of the maximum in the curve depends 
on the value of «,. The height of the maximum de- 
pends on the value of the angular dependent term at 
the maximum and on the values of N,, (my, — m,) 
and the sixth power of R,. For small values of x, the 
quantity g(x) can be approximated by 


The variation of scattered intensity at angles greater 


q 


than that corresponding to the peak value is given very 
closely by the variation of the quantity [q(s«,R,)|*. 
Using the approximation (3), a plot of In J, against s? 
R,, i.e. 


the radius of the cluster. Such a plot for the experi- 


vields values of the quantity x, R, values of 
mental data shown in Fig. 4 is given in Fig. 5 where 
¢ = 26. The plot is linear over a range corresponding 
to a change in intensity of one order of magnitude. 
The value of R, obtained from several independent 
measurements is 28 A. 

Using the approximation (3), the maximum value 
of the scattered intensity given by equation (1) will 
occur at a value of s given by 


(sR,)* 20 In x. 


(XK 


GUINIER 


PRESTON ZONES 


Plot of 2? showing linearity of 


Intensity vs 


t\ pe ¢ quation 


been made of the variation of the right 


with 


A plot has 


hand side of equation From the observed 


value of the maximum in the diffuse scattering curve 
and the known value of R, we can find the value of «,. 
This is equal to 0.36 giving a value for R, of 78 A 
From the value of LK thus deduced we can express the 
the terms of the 
How- 


ever, no further results can be obtained since the latter 


silver concentration in cluster in 


silver concentration in the impoverished shell 


quantity is unknown 

The determined 
electron that 
X-ray diffraction differ by a factor of 2 


visual examination of the electron 


average cluster radius from the 


microscope results and obtained from 
It has been 
shown above that 
micrographs possibly underestimates the average clus 


The X-ray 


method always overestimates the average size for two 


ter size by 10-15 per cent diffraction 
reasons. The first involves the exponential approxima 


tion (equation 3) for finding R,. This approximation 
becomes increasingly worse beyond the peak value of 
equation (2) and will always tend to give a value for 
R, which is larger than the true value. In this experi 
ment this error appears to be small since the experi 
mental curve is linear up to the peak. The second 
error arises from the fact that the intensity scattered 
by a single cluster is proportional to the sixth power 
of the cluster radius.” If only 10 per cent of the zones 


have the radius R,, the remainder having a radius 
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R,/2, 85 per cent of the total intensity in the region of 
the peak will be due to the large clusters. Thus, the 
radius determined by X-ray diffraction will be that 
of the largest clusters present and may be considerably 
larger than the mean cluster radius. 

In this connection it should be emphasized that a 
compromise has to be made when measurements of the 
same quantities are to be made with the two tech- 
niques. With the electron microscope the best resolu- 
tion is obtained when the average cluster diameter is 

50 A, while the X-ray method is most accurate for 
cluster diameters of = 20 A, and measurements have 
to be made at inconveniently small angles when the 
cluster diameter exceeds 60 A. 

If we assume that NV, in equation (2) can be identi- 
fied with the number of clusters determined by electron 
metallography, we can then evaluate the quantity 
With Lic 
the angular dependent term in equation (2) is 0.59. 
Taking R, = 78 A, N, = 2 = 10'%em~3 and the maxi- 
mum value of the scattered intensity as 400 1(?4 
3. m,) equal to 0.014 


measured 


(Mag 0.36 the maximum value of 


we obtain (m 
0.03. 


electrons-cm \g 


and hence m, From the value of 


we obtain finally: 


my 0.03 Ms 0.33. 


This value of m, represents a lower limit of the con- 
the 


curve calculated from the above values is shown as 


centration of silver in clusters. The intensity 
curve (1) in Fig. 4. 

However, the X-ray value of cluster diameter differs 
from the electron microscope value by a factor of 2, 
and thus it is not justifiable to assume that N, refers 

The histo- 
gram of cluster diameters (Fig. 3) indicates that ~10 
If the 
average cluster radius of this 10 per cent is identified 
the 
remaining 90 per cent having a radius of 14 A—(m 


to the number of clusters of radius 28 A. 
per cent of the clusters have a diameter 240 A. 


with the radius determined by X-ray diffraction 
Ag 

m,) can be re-calculated providing it is assumed that 
z,;- is the same for both cluster sizes. Substituting the 
values in equation (2) we obtain the following result 
for both cluster sizes: 


my 0 Ms 0.94. 


The intensity curve for these figures is shown as curve 
(2) in Fig. 4. 

If we compare the two theoretical scattering curves 
in Fig. 4 with the experimental points, we find the 
gives 
Both 
theoretical curves fail to reproduce the experimental 


curve corresponding to a distribution of sizes 


better agreement at the larger scattering angles. 


results at smaller angles than that of the peak. 
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However, by choosing a particular distribution of 
cluster sizes it would be possible to account for the 
experimental curve completely. This has not been 
considered worthwhile in the present experiment since 
it would involve the assumption that x, is independent 
of cluster size. 
5. DISCUSSION 

It is clear from the electron microscope results that 
only a small fraction of the silver in the alloy is con- 
If there are 
10!7 clusters per unit volume each of radius 15 A, 
The 
therefore only a small proportion of the silver could be 


centrated in the center of the clusters. 
they occupy a total volume of 2.8 « 10-3 em®. 
atom fraction of silver in the alloy is 4.4 


present in the clusters. If we assume that all zones of 
0.36 and evaluate the total 
the the 


we obtain a value of 


segregation have a, 


volume fraction of zones in material from 


distribution shown in Fig. 3 


~0.07. This figure is in fair agreement with that of 
Gerold® (0.18) for an alloy of slightly higher silver 
content aged to maximum cold hardness at 140°C. 
We have shown that the minimum value of the 
average silver concentration in the clusters is 0.33. 
However, in order to account for the observed varia- 
tion of scattered intensity it is necessary to consider 
the variation in cluster size. In the previous section 
we showed that the use of a very simple distribution 
of cluster sizes gives a figure of ~0.94 for the concen- 
tration of silver in the clusters. It will now be shown 
that this figure is close to the true value. Following 
Walker and Guinier“ we use Cowley’s) theory of the 
scattering from a binary alloy. The diffuse scattering 


in electron units is given in Cowley’s notation by 


> z,,exp ((AS-r 


= Nm ij) () 


2 sin 6, K 
refers to the ith atom in the jth shell with respect to a 


where |S 27/2 and the sum over ¢j 


given atom. « 


a) 


is the short range order parameter. 
N is the number of atoms irradiated. 

Since in the present case the X-ray scattering de- 
pends only on the magnitude of S we can perform the 
sum over i and obtain 

sin KSr, 
1)” - (6) 
V4 


Vin ,mpl f 
dD A B\ JB 
kK ST; 


j 


where C; is the number of atoms in the jth shell. Then 
by a Fourier transformation we have 
[ph sin 2arh 


. 
Nm frp 


where h = 2 sin 6/0, n is the number of atoms per unit 
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Fia. 6. 
equations (7) 


Plot of P , against radius (r) obtained from 
Ag-Ag 

and (8) Walker Guinier 's 

method of normalizing. 


using and 


volume and «(r) is given by 
(3) 


where P,, 4, (r) is the probability of finding a silver 
atom at a distance 7 from another silver atom, aver- 
aged over all silver atoms. Equation (7) can be used 
to obtain values of x(r) and hence of P,, ,,(r) from 


Walker and 


Guinier™ did not place their intensities on an absolute 


measurements of J, as a function of A. 


scale but assumed x(0) 1 and hence could eliminate 


the quantity »Nm ,mp( fy —f4)* in equation (7 


Following such a procedure in the present case we 


obtain the curve shown in Fig. 6. Gerold® has 


pointed out that this procedure is only correct if the 


diffuse scattering becomes zero at very small distances 
from each reciprocal lattice point, a condition which 
is difficult to ascertain. If Walker and Guinier’s pro- 
cedure is used, large values of the quantity P.. \g are 
obtained at a distance corresponding to first nearest 
In the present case we calculate a value 
- 0.96. On the other hand, 


neighbours. 
2 
of ag 


measured value of scattered intensity in 


if we use the 
absolute 
units and apply equation (7) directly, a value of only 
0.1 is obtained. This low figure is due to the fact that 
only a fraction of less than one tenth of the alloy is in 


GUINIER 


PRESTON ZONES 


the form of segregated zones. If the Intensity is 
placed on an absolute scale, then in order to derive the 
value of P,, ,, we must take N in equation (7) as 
equal to AN where K is the volume fraction of the 
alloy in the form of segregated zones. We found above 
that A is ~0.1 and hence the value of P,, ,, at the 


nearest neighbour distance again approaches unity. 


6. CONCLUSIONS 

We draw the following conclusions from a study of 
this alloy using the electron microscope and X-ray 
diffraction. 

(1) About one tenth of the alloy is segregated into 
G.P. zones. 

(2) The zones consist of clusters of practically pure 
silver surrounded by a shell denuded in silver. 

(3) The radius of the clusters varies between 10 and 
30 A with a most probable value of 14 A. 

(4) This model is in excellent agreement with pre 
vious results.“~%) 

(5) The detailed shape of the scattering curve can be 
explained by the variation in cluster size 

(6) Since the volume fraction of clusters in the alloy 
with Webb™ that inter 


taken 


is small it is difficult to agree 
cluster interference effects must be into con 
sideration to account for the observed X-ray scattering 
curve, 
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LETTER TO THE EDITOR 


Estimation of equilibrium vacancy concentration 
in solid metals* 


It is now common knowledge that data on the 
equilibrium concentration of vacancies in solid metals 
is important in many ways. Experimental determina- 
tion of these concentrations has in recent years been 
accomplished by measurement of changes in lattice 


parameter and of volume”) and especially by 


measurement of electrical resistance as a function of 


the temperatures from which thoroughly annealed and 
wire samples are quenched," 


and the enthalpy, AH”, 


thus equilibrated 
vielding the entropy, AS’, 
for vacancy formation. 
AH 


are all of the order of 2 


are listed in Table 1. The entropies of formation 
4 cal/mole°K and are therefore 
not given in the table. Theoretical estimates of AS 
and AH The experimental AS”- 
value is in reasonable agreement with the theoretical 


AH” in 


metals. 


have been made. 


estimate.-® Huntington’ has calculated 


copper from theoretical wave functions for 
Fumi" has derived a relationship between AH® and 
the Fermi energy. Such calculations are considered 


as only very approximate. Several semi-empirical 
correlations have not been fruitful. 

This 
correlation, a rule relating AH 
fusion, AH, and the solidification shrinkage AV/V. 


In the absence of a completely satisfactory theory 


communication proposes a semi-empirical 


of melting™ it is assumed (as others have) that a 


small, constant fraction 6 of the expansion on melting 


* Received July 27, 1960; revised October 17, 1960. 


TABLE 


Enthalp 
Solidification 


shrinkage 


AV/V 


of fusion 
AH; 


(keal/mole 


0.06008 2 
0.041509 3.11 
0.05108 8.0001 
0.02509 0.62209 
0.025508 0.55409 


\verage 


Fe(b.c.c.) 0.08 0.005"! 

Ni 0.0622 

Ag 0.0880 2 
Pb 0.03509 1.14¢24 
1961 
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The experimental values of 


to the enthalpy of 


Exper. enthalpy 


17.5 


99 9 


results from the creation of vacant lattice sites, and 
that the number of moles, n,;, of these vacancies per 
mole of metal is related to the expansion by 
Ny bAV/V. 
It is further assumed that n,AH 
constant fraction g of AH, so that 
n gAH 
From equations (1) and (2). 
AH gVAH ,/bAV AH ,/AV. 


Values for x = g/b for which experimental data are 


(1) 


comprises some 


available are listed in Table 1. It is seen that a value 
0.40 describes the experimental data for AH 


to within the experimental error 


of 
cent). 


(~I10 per 
0.40 for other close-packed metals, the 


for Fe, Ni, Ag and 


Taking « 
predicted values of AH 
listed in the table. 

the 
metals at the melting point is of the order of only 
about 107%, 
believed to be approached sufficiently closely that the 


Accord- 


Pb are 


Inasmuch as vacancy concentration in solid 


the standard state of infinite dilution is 


activity coefficients may be taken as unity. 


ingly, the proposed relationship for vacancy con- 


centration in fairly close-packed solid metals in terms 


of mole fraction is: 


exp (AS°/R) exp RT) 


AH°/RT) (4) 


~ 5 exp | 


0.40. 
cannot be so easily obtained 
the of 


where AH” is given by equation (3) with z 
One notes that AS 


from fusion data because entropy fusion 


Experimental and calculated enthalpy of formation of vacancies in solid metals 


Calculated 
enthalpy of 
formation 
of vacancies 
H 40 
AH A ( AP 


(keal/mole) 


of formation 


(keal/mole) 


0.302 14 
24 to 30)'5,16 


0.405 17.3 
.32—0.40) 30 

0.38 23.5 
0.36 
0.41 
0.40 


S.4 
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c= 
——$ 
Metal 
\l 
Au 0.47.18 
Na 9.0 
K 9.0 
19 
2S 
30 
13 
256 


LETTERS TO THE EDITOR 


contains a positional term which is a function of the References 

1. R. FepER and A. Nowicxk, Phys. Rev. 109, 1959 (1958 

2. R. Simmons and R. Batiurri, J. Appl. Phys. 30, 1250 
Accordingly, it seems most expedient, and sufficiently (1959). 

3. P. JONGENBURGER, Appl. Sci. Res. B8, 237 (1953 

F. A BEI ES, Jf Ph {8 Radium. 16, 345 1955) 

data of AS 3 for use in equation (4) above. The 5. A. Le Cuarre, Acta Met. 1, 488 (1953 


concentration of vacancies introduced on fusion. 
precise, to take the mean value from the experimental 


H. B. Huntineton, G. A. Surrn and BE. 8. Waspa. Phys 
Rev. 99, LOS8S5 (1955). 
less than 50 per cent. . H. B. Huntinetron, Phys. Rev. 61, 325 (1942 

In view of the fact that the maximum departure of 4 
. Frost, Progr. Met , 96 (1954 
the AH® calculated by equation (3) from the observed . O. Kusascuewsk1, Trans. Faraday Soc. 45, 931 (1949) 
AH? is 10 per cent, as shown in Table 1, it is believed Nat. Bur. Stand. Cire. No. 500 (1952) 

F. BRADSHAW and Pearson, Phil. Mag. 2, 570 (1957 
that equation (4) should prove useful in estimating 3. FepEericHi and Garro, reported at 43rd Congr. Ital 
Phys. SOC L957 
i W. De Sorso and D. TuRNBULL, Acta Met. 7, 
packed solid metals to within an order of magnitude. 5. G. Arroupr, G. BaccHELLA and F. GERMAGNOLI 

One of the authors, G. M. P., gratefully acknow- Rev, Letters 2, 145 (1959) 
‘albri > B. HorrMann, unpublished research 
ledges the assistance of a Fulbright Research Grant 7. J. BAuRLE and K. Koru.er, Phys. Rev. 107, 1493 
F. BRADSHAW and 8. Pearson, Phil. Mag. 2, 379 
Thermodynamic Properties of the Elements Amer 
Metals Research Laboratory . F. Meuit Soc. (1956) 
Carnegie Institute of Technology M. SwWANSON Physical Society, London (1955 
G. M. Pounpt 21. U. Svorr and J. RENDALL, J. Jron St 
Nat. Bur. Stand. Cire. No. 592 (1958 
: K. K. Keviey, Bull. US Bur. Mines Bull. No. 476 (1949 
7 Currently: U.S. Steel Corporation, Zurich, Switzerland. 24. U.S. Atomic Eneraqy Commission Re port AN L 5750 (1958 
¢ Currently: Metallurgy Department, The University of 
Sheffield, Sheffield, England. 


error in ¢ incurred by this approximation is probably 


equilibrium vacancy concentrations in fairly close- 


and a John Simon Guggenheim Fellowship. 


Pittsburgh. Pennsylvania 


ol. 9 
961 


BLANK 
PAGE 


THE EFFECT OF GRAIN SIZE ON THE STRESS-STRAIN CURVE OF a-IRON AND 
THE CONNECTION WITH THE PLASTIC DEFORMATION 
OF THE GRAIN BOUNDARIES* 


H. H. TJERKSTRAT 


It has been widely accepted that the grain size dependence of the lower yield point of mild steel is 
caused by the relaxation of the shear stress along the slip bands and by the ensuing concentration of 
this stress at the grain boundaries, which latter form an obstacle to slip. As is well known the grain size 
influences not only the lower yield point, but also the complete stress—strain curve i.e. the yield stress of 
the hardened material. Because of the strong similarity of the above size phenomena, it seems likely that 
also in the case of strain hardened material the effect is due to the influence of the slip bands and the 
grain boundaries, as mentioned above. In the present paper experimental data will be given with respect 
to the grain size dependence of the yield stress of decarburized (and denitrided) mild steel under uniaxial 
load. From the above data and with the aid of dislocation theory an estimate has been made of the 
grain boundary stresses. The magnitude of these stresses suggests that during plastic deformation 
dislocations do not stop at a grain boundary but slip across it into the adjacent grain. A comparison 
of the boundary stress which occurs at a low value of the strain in the case of decarburized a-iron with 
the lower yield point in the case of mild steel (Hall) suggests that the presence of carbon and nitrogen 
may considerably enhance the strength of the grain boundaries. 


EFFET DE LA DIMENSION DES GRAINS SUR LA COURBE DE TRACTION DU FER «a 
ET SUR LA DEFORMATION PLASTIQUE DES JOINTS DE GRAINS 

On admet généralement que l’influence de la grosseur du grain sur la limite élastique inférieure de 
lacier doux est due 4 la relaxation de la tension de cisaillement te long des bandes de glissement et de la 
concentration résultante de cette tension aux joints des grains, qui provoque alors un obstacle au glisse- 
ment. I] est bien connu que la dimension des grains n’influence pas seulement la limite élastique inféri 
eure mais bien toute la courbe de traction. Par suite de la grande similitude de ces effets de taille, il 
apparait que dans le cas d’un alliage durci par déformation, cet effet est di également 4 l’influence des 
bandes de glissement et des joints de grain. Dans la présente étude, l’auteur public les résultats 
expérimentaux relatifs 4 l’influence de la grosseur du grain sur la limite élastique d’un acier doux décar- 
buré et dénitruré soumis & l’action d’une tension uniaxiale. En partant de ces résultats et a l’aide de la 
théorie des dislocations, il estime la valeur des tensions aux joints des grains. L’importance de ces ten- 
sions suggére qu’au cours de la déformation plastique, les dislocations ne s’arrétent pas aux joints de 
grain mais les traversent. Une comparison de la tension au joint qui apparait pour une faible valeur de la 
déformation dans le cas d’un fer & décarburé et de celle correspondant & la limite élastique inférieure de 
l’acier doux (Hall) semble indiquer que la présence de carbone et d’azote peut accroitre considéravlement 


la résistance des joints de grain. 


DER EINFLU8 DER KORNGROBE AUF DIE VERFESTIGUNGSKURVE VON 
a-EISEN UND IHR ZUSAMMENHANG MIT DER PLASTISCHEN VERFORMUNG 
DER KORNGRENZEN 

Man nimmt allgemein an, daB die KorngréBenabhangigkeit der unteren Streckgrenze von niedrig 
legiertem Stahl durch die Relaxation der Schubspannung lings der Gleitbander verursacht wird und 
durch die sich daraus ergebende Konzentration dieser Spannung an den Korngrenzen, welche fiir die 
Gleitung ein Hindernis darstellen. Bekanntlich beeinfluBt die KorngréBe nicht nur die untere Streck- 
grenze, sondern auch die gesamte Spannungs-Dehnungskurve, d. h. die Flie8spannung des verfestigten 
Materials. Wegen der starken Ahnlichkeit der obigen KorngréBenphanomene scheint es wahrscheinlich, 
daB auch im Fall des verfestigten Materials der Effekt von dem Einfiu8 der Gleitbander und der Korn- 
grenzen herriihrt, wie oben erwaihnt. In der vorliegenden Arbeit werden experimentelle Ergebnisse 
mitgeteilt zur KorngréBenabhangigkeit der FlieBspannung von niedrig legiertem Stahl, dem Kohlen 
stoff (und Stickstoff) entzogen worden war, unter einachsiger Belastung. Aus diesen Ergebnissen und 
mit Hilfe der Versetzungstheorie wurden die Korngrenzenspannungen abgeschatzt. Die GréBe dieser 
Spannungen 1la8t vermuten, da8B die Versetzungen wahrend der plastischen Verformung nicht an den 
Korngrenzen anhalten, sondern weiter in das angrenzende Korn gleiten. Ein Vergleich der Korngrenzen- 
spannung, die bei niederen Dehnungswerten in entkohltem «-Eisen auftritt, mit der unteren Streck- 
grenze von niedrig legiertem Stahl (Hall) fiihrt zu der Annahme, da8 die Anwesenheit von Kohlenstoff 
und Stickstoff die Festigkeit der Korngrenzen betrachtlich verstarken kann. 


* Received February 23, 1960. 
+ Koninklijke Nederlandsche Hoogovens en Staalfabriken, N.V., Ijmuiden, Holland. 
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As is well known the upper and the lower yield 
point of mild steel (i.e. «-iron containing carbon and 
nitrogen in solid solution) depends on the average 
grain diameter. In the case of the lower yield point 
oy where a large number of data are available, the 
above dependence can in close agreement with 


experiment be represented by 
Oy dy + kL (la) 


where the constant o, is the critical tensile stress in 
the case of a very large crystal, L is the average grain 
diameter and k is proportional to the square root of 
the stress concentration factor which, in the average, 
pertains toa slip band. According to a widely accepted 
interpretation™.® the grain size effect is due to the 
following causes: (a) a grain boundary forms an 
obstacle to slip, and extensive slip in a polycrystalline 
specimen occurs only when a certain (microscopical) 
threshold stress at the boundary is exceeded; (b) 
along the slip bands the shear component of the 
applied stress is relaxed by dislocation glide down to 
an amount o,. With respect to (a) one can remark 
that the crystals forming a given boundary must 
deform along differently oriented slip systems without 
separating along the boundary surfaces. The latter 
condition could to a large extent be fulfilled if the 
dislocations would either stop immediately before 
the boundary or would pass through the boundary 
into the adjacent grain; this latter process, however, 
can be expected to involve comparatively large 
stresses. Therefore it is often assumed that the 
propagation of slip does not require the crossing of 
the grain boundary by the dislocations and that a 
sufficient condition is that the boundary stress be 
large enough to activate the Frank—Read sources in 
the neighbouring grain. As will be argued later, how- 
ever, the above hypothesis would lead one to expect 
a much larger increase of the yield stress with in- 
creasing strain than is actually observed. As a 
consequence of (a) and (b), dislocations will pile up 
against a boundary and cause a stress of the order 
n(Oy Oo) when n is the number of dislocations in 
a pile-up.” On equating this stress to the threshold 
stress mentioned above, one obtains the condition 
for the occurrence of extensive slip and it can be 
shown that formula (1) follows. 

Apart from the effect of grain size on the lower 
yield point there has been observed a similar effect 
with respect to the yield stress o of strain hardened 
material, for the entire stress-strain curve can be 
shifted to higher respectively lower stresses by 


suitably varying the grain size. The latter effect has 


been shown in Fig. 1 where we have plotted: 


45 


10" 

Fic. 1. Influence of grain size on the stress-strain curve 

of w-iron: (a) 20.4 uw, (ay) 19.0 (b,) 136 (b,) 127 
(c,) 394 (c,) 418 uw; (d) 20m. 
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TJERKSTRA: 


(a) The stress-strain curve of a soft steel from 
which carbon and nitrogen were eliminated by treating 
the specimen in a wet hydrogen atmosphere for 
several hours at a temperature of 710°C. The original 
composition (in wt.°,) was: 

C 0.03, Si Mn 0.24, P 
Cu 0.08, Ni 0.03, Sn <0.01, Mo - 


The grain size was 20 uw and 19 y, respectively. 


<0.02, 0.014, S 0.016 


0.01. 


(b) As above, but with grain size 127 uw and 136 yu, 
respectively. 

(c) As above, but with grain size 418 uw and 394 yw, 
respectively. 

(d) Mild steel, with the same composition as above 
and the original content of carbon and nitrogen 
preserved; the specimen was annealed after which 
the average grain size was found to be 20 wu. 

The o,(e)-curve, which can also be seen in Fig. 1, 
has been obtained by plotting the points of inter- 
section of the graphs in Fig. 2 (see below) with the 
ordinate axis as a function of the strain e. 

The variation of the grain diameter of our speci- 


mens was obtained by applying varying amounts of 


strain followed by recrystallization in a hydrogen 
atmosphere at about 850°C. The gauge length was 
700 mm and the strain velocity 0.016 sec". 

In Fig. 2 the tensile yield stress o(¢) is plotted as a 
function of grain size for different amounts of strain. 
The similarity of the graphs corresponding with the 
above deformations and the graph pertaining to the 
lower yield point (Hall) suggests that equation (la) 
may, in good agreement with the experimental data, 
be extended as follows: 


a(e) (1b) 
where o(€), o,(¢) and k(e) now may depend on the 
strain e. 

From the above experimental data the grain 
boundary stress can be estimated as follows: assume 
that 
dislocations are generated (or pairs of already present 


among other lattice defects, pairs of edge 
dislocations are set in motion) inside the grains as 
soon as the shear stress becomes of the order of 
3(o — o,). Under influence of the stress, dislocations 


of unlike sign will separate and glide along the slip 


plane in opposite directions until pile-ups are formed 


which extend from the grain boundary at opposite 
ends of the slip plane toward the middle. The number 
n of edge dislocations which pile up against an 
obstacle under the influence of a shear stress 7 on a 
length / of slip band is approximately given by 


mlr(1 — a) 
Gb 


STRESS STRAIN 


CURVE OF IRON 


> 6 kg/cm? 
nN 


3 


8 10 
mm 


hardened x nm 
From top to bottom 


Fic. 2. Yield 
function of the grain diameter 
the amounts of strain ¢« orresponding with the figure are 
0.20; 0.15; O.10; 0.05; 0.01 


stress ol strain 


é 0.25; 


where « is Poissons constant, G is the shear modulus 
and 6 is the Burgers vector. If it be supposed that in 
the 


considered uniaxial, so + 4(o — o,), and that the 


our case stress distribution may roughly be 


average length of the slip planes is of the order of the 


grain size, / iL, then one gets 


aLio 
(2b) 


The boundary shear stress 7, at the front of the pile 


0 
up is approximately rt, . On multi- 


ylicating both sides of equation (2b) with 
| 0 
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and putting (o — o,)* = k/L according to equation 
(1b) one obtains: 


k?(1 — a) 
8Gb 


If we consider for instance the yield stress pertaining 
to a low value of the strain, (see the first graph from 
below in Fig. 2), it is found on substituting the value 
of k=14+0.1, G=8 x 10° (kg/mm?), b = 3 x 
10-7 (mm) that n ~ 50 and rp 175 kg/mm. 

It is difficult to see how the above comparatively 
large stress could be accounted for if the propagation 
of slip would merely involve the activation of slip 
sources in a neighbouring grain, even if that grain 
would be unfavourably oriented, for in the case of 
«-iron the number of slip systems is large. We are 
thus led to the view that the large value of 7, arises 
in connection with the plastic deformation of the 
boundary material itself, i.e. the crossing of the 
dislocations from one grain into an adjacent one. 
This view seems to be confirmed by an estimate of 
the number JN of dislocations per slip band which 
pass through the boundary when the grain is strained 
an amount ¢ (see equation 5). In the latter case the 
relative displacement of two adjacent glide lamellae 
will be of the order of magnitude se, where s is the 
thickness of a lamella. In order to produce the dis- 
placement, at least se/b dislocations of like sign would 
have to move along the “‘slip band”’ over an average 
distance equal to half the grain diameter. In this 
reasoning however, no account has been taken of the 
mutual repulsion; this repulsion may be expected to 
interfere with the relative motion of the dislocations 
because an increase of the density of the latter on a 
slip plane requires an increase of the applied stress. 
On considering that in a pile-up the distance of the 
ith from the at the front is 
approximately? 


dislocation obstacle 


8 3 

Lio — — a)? (9) 
and supposing, for the moment, that no dislocations 
can leave the grain, one finds that a displacement se 
on a slip band is related to the necessary increment 
A(o — o,) of the applied stress as follows, 


dx 
sé = A 
2, d(o — a4) 


A(o — L(l — a) 


6 G 8 
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On substitution, in a typical case of L = 20 x 10°% 
(mm), s = 10-* (mm), G = 8 x 10° kg/mm?, = 0.01, 
one finds A(o — o,) = 8 kg/mm*. The latter increase 
corresponding with a strain increment of no more than 
l percent is incomparable with the experimental 
data. 

Proceeding with the estimate of N, we note that, 
account being taken of the variation of the applied 
stress during deformation, a strain increment A(o — 
6,) depends on AN as follows: 


Ao d, 


b AN 
Alo 


Ae = . (4) 


8}L n=id(a — ap) 8 


The first term on the right hand side corresponds 
with the elastic part of the deformation, the second 
term again represents the strain which results from 
the variation of x, and n under the influence of the 
stress increment A(o — o,), and the third term is 
due to the exit of dislocations from the grain. Relating 
the terms in equation (4) to the unit strain one obtains 
dN a — a)dk(s) b 
de 6 des ©) 


where the elastic strain has been neglected and 
equation (lb) has been taken into account. On 
substituting s = 10-* (mm), b = 3 x 10-7 (mm), G = 
8 x 10° kg/mm?, it is found that in the case of widely 
different grain sizes and strains dN/de ~ 3 x 107. 

If the slopes of the graphs in Fig. 2 are compared 
with each other, it is found that k does not vary 
appreciably with the strain, and so the first term on 
the right hand side of equation (5) remains small, of 
the order of a few per cent. We may now consider 
the possibility that at the border of the slip plane 
there appear dislocations which in an “indirect way”’, 
as a result of dissociation of “‘imported”’ dislocations, 
are produced by slip in neighbouring grains. In the 
latter case N will still represent the total number of 
dislocations that crosses the boundary in both 
directions but the “imported”’ dislocations will be of 
different sign and will annihilate a corresponding 
number of the original dislocations. Because disloca- 
tions which originate in one grain will generally not 
have the right orientation for slip in an adjacent 
grain the deformation of the grain boundary in the 
above manner can be expected to involve stresses 
which are comparatively large; in the present case 
there is a difference of only one order of magnitude 
as compared to the shear modulus. According to the 
above picture one might expect different values of k 
to pertain to decarburized «a-iron and to a-iron 
containing carbon and nitrogen segregations at the 
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CRYSTAL STRUCTURES AND PHASE TRANSITIONS OF THE 
GOLD-RICH GOLD-CADMIUM ALLOY* 
and S. OGAWA?T 


M. HIRABAYASHI*? 


The gold—cadmium alloys in the composition range between 23 and 29 at.% cadmium were studied by 
X-ray diffraction and by measurements of specific heat and electrical resistance. By means of an X-ray 
single crystal diffraction method, it was confirmed that the ordered alloy Au,Cd (x, phase) has a one- 
dimensional anti-phase domain structure of the Ag,Mg type exhibiting a face-centered tetragonal 
fundamental cell a 4.116 A, 1.005 (24.6 per cent Cd). It was also established that a regular 
arrangement of stacking faults exists in the hexagonal «, phase of the 25.5% Cd alloy. 
specific heat and electrical resistance due to the order—disorder transition of the alloy Au,Cd as well as 
The results are 


c/a 


Changes of 
lattice transition from hexagonal («,) to cubie (x) were measured. 


those due to the 
qualitatively discussed in connection with the structures of these phases. 


ET TRANSFORMATION DE PHASES D’UN ALLIAGE 


CADMIUM RICHE EN OR 


STALLINES 
OR 


STRUCTI 


RES CR 


entre 2¢ 


Les alliages or—cadmium dont la teneur en cadmium varie Set 29° at. ont été étudiés par une 
méthode de diffraction des rayons X et par des mesures de chaleur specifiique et de résistance électrique. 
Au moyen d'une méthode de diffraction des rayons X 
lalliage ordonné Au,Cd (phase «,) possede une structure de domaine d’antiphase 4 une dimension du 
Ag.Mg; la te 4.116 A, 1.005 
24.6 pour cent Cd 

Les auteurs montrent également qu'une distribution réguli¢re des fautes d’empilement existe 
bY, Cd. 


sur monocristal, les auteurs ont confirmé que 


type maille fondamentale est tragonale a faces centrées avec a cla 


dans la 


ae Valliage a 25,! Ils ont inesuré les modifications de la chaleur spécifique et 


phase hexagonale « 
de la résistance électrique dues & la formation de ordre dans l’alliage Au,Cd ainsi que les modifications 
a la phase cubique x. Les resultats 


dues @ la transformation du réseau passant de la face hexagonale x, 


obtenus sont discutés qualitativement en tenant compte des structures de ces phases. 


ND PHASENUMWANDLUNGEN GOLDREICHER 
KADMIUM-LEGIERUNGEN 
Atom, 


und des elektrischen 


KTUREN | 


GOLD 


KRISTALLSTRI 


23 Kadmium wurden mit Réntgenmethoden und 
Widerstandes untersucht. Mit Hilfe 


geordnete Legierung Au,Cd 


Gold—Kadmium-Legierungen mit bis 29 


mittels Messunygen der spezifischen Warme 


einer Einkristall-ROntgen-Beugungsmethode lieB sich bestatigen, daB die 
(a,-Phase) eine eindimensionale Anti-Phasen-Bereichs-Struktur vom Typ Ag,Mg hat; 
4,116 A, 1.005 (bei 24.6% Cd). 


agoualen «,-Phase der 25.5%, Cd-Legierung eine regelmaBige Anordnung von 


sie besitzt eine 


tetragonal-flachenzentrierte Grundzelle mit a cla Es wurde auch 


nachgewiesen, daB in der hex 
Die Anderungen der spezifischen Warme und des elektrischen Widerstandes 


Stapelfehlern besteht. 
%»)-kubisch 


ys geordnet—ungeordnet sowie intolge der Gitterumwandlung hexagonal 


Eine qualitative Diskussion stellt den Zusammenhang mit den Strukturen dieser 


infolge des Ubergan 


(x) wurden gemessen 


Phasen het 


1. INTRODUCTION 


superlattice reflections were observed in any of these 


The 
has 


Roberts” studied in detail the gold-rich alloys of this 


gold-rich portion of the gold-cadmium system phases. On the other hand, an ordered structure for 


been studied by several workers. Owen and the Ly phase (Au,Cd) was suggested by measurements 


of resistivity and elastic moduli® as well as by the 


X-ray powder diffraction method, and X-ray diffraction work.®) Bystrém and Almin“) also 


As 


system by 


determined the phase diagram as given in Fig. 1. 
seen in this figure, there exist three solid solutions ~, 
z, and a, which possess the face-centered cubic, face- 


centered tetragonal§ and close-packed hexagonal 


structure, respectively. According to these authors, no 


* Received February 16, 1960; revised August 1, 1960. 
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Tohoku University, Sendai, Japan 

t Now at the Materials Research Laboratory, 
Engineering, Rutgers—The State New 
New Jersey, U.S.A. 

S The ‘“‘face-centered tetragonal” structure is 
as u crystallographic term, but is used here in reference to the 
disordered face-centered cubic solid solution. 
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observed superlattice lines in the x, region, but they 
proposed a phase diagram which in some points was 
different from Fig. 1. 

The atomic arrangement of the superlattice Au,Cd 
had never been determined prior to the excellent work 
of Schubert and his co-workers.'®) These authors found 
that the ordered alloy Au,Cd possesses a one-dimen- 
sional anti-phase domain structure which is isomor- 
phous with the superstructure of the alloy Ag,Mg or 
Au,Zn [H]. 
Schubert observed the stacking faults existing in the 


3ystr6m and Almin and Wegst and 


hexagonal «, phase by X-ray powder diffraction. 
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Temperature, 


at % Cd 


Gold-rich portion of the phase-diagram of gold 
and cadmium system. 


Wegst and Schubert observed also the superlattice 
lines in the x phase, but did not determine the atomic 
arrangement of the superlattice. 

The present work had two principal aims. The first 
was to investigate the structure of the «, and «, phases 
by means of an X-ray single crystal diffraction method 
(Section 2). 
formation from x, (ordered) to «, (disordered) as well 


The second was to study the phase trans- 


as the lattice transformation from %, (hexagonal) to 
« (cubic). To achieve this aim, measurements have 
been carried out on specific heat and electrical resisti- 
vity as a function of temperature for several alloys in 
the composition range from 23 to 29 per cent!! (Section 
3). 


mental 


There seems to be a definite need for more experi- 


results, in order to understand the nature 


TABLE |. Lattice constants 


x 
quenched from 
600°C 


Composition Ly 


at.% Cd slowly 


* Single crystal. + Two phases, « Oy. 


TRANSITIONS 


of Au—Cd alloy 


OF GOLD-CADMIUM ALLOY 265 
of the ordered alloys with long-period anti-phase 


domain structures. Since this type of study has 
recently drawn considerable attention and aroused 
interest, the crystal structure as well as the transfor- 
mation from the ordered «, to the disordered « phase 
in the vicinity of composition Au,Cd were studied in 
detail. The experimental results of this study will be 
presented and discussed with reference to other studies, 
which were carried out on alloys of the A,B type with 
Ag,Mg" and 


long-period superlattices viz. Cu.Pd,’ 
3 


Au,Zn.") 


2. X-RAY DIFFRACTION STUDY 


A. Experimental procedures 

Both single crystals and polycrystals were studied. 
Single crystals were grown by the moving-furnace 
method from the melt in an argon atmosphere, and the 
powder specimens were prepared by filing. The com- 
positions were determined by chemical analysis before 
the crystal growth. All photographs were taken with 
copper radiation. For the annealing and quenching 
treatments each specimen was sealed in a thin glass 
tube filled with argon 


vas. 


B. Expe rimental results 

1. Lattice constants Lattice constants of the alloys 
were determined for different heat treatments and are 
These values were obtained 
The 


X-ray wave-length value used was 1.5405 A for Cu 


summarized in Table | 
by using the Nelson—Riley graphical plotting 


Kx, radiation. The experimental error was less than 


0.1 per cent. The ty and Ae phases have rather compli- 


cated structures, but their basic cell is thought of in 
terms of a face centered tetragonal and close pac ked 
Therefore, the 
lattice constants of the x, and a, phases in Table | 


The 


present results are in better agreement with those of 


hexagonal structure, respectively. 


correspond to those of their fundamental cells. 


Ss in \ 


units 


Phase 


cooled 


1,005 


L.OO4, 
2 G10 
2.910 


2.911 


t Two phases, « Oe. 


|| In the present paper, “‘per cent”’ is used in place of ‘‘atomic per cent of cadmium 


Jf 
600 
4/ 
° | a 
500} 
@2 
| 
400 } + + 4 
| 
300 
} 
| | 
01. 9 10 20 30 40 
961 Au 
a a , cla 
23.2 4.119 $.111 4.133 
24.4 4.119 i 
24.6* 4.112 $.116 4.135 
25.5* 4.123 1.779 1.642 
28.3* 1.784 1.643 
28.6 4.130 4.782 1.643 
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[tio] 
Oscillation oxis 


(b) 
Fic. 2. (a) Portion of an oscillation photograph of the 
25.5 per cent ordered alloy. (b) Schematic illustration 
of (a). 


Owen and Roberts rather than with those of Bystrém 
and Almin. 

2. Superstructure of the a, phase (Au,Cd). Two 
single crystals of 24.6 and 25.5 per cent were used to 
study the structure of the ordered alloy Au,Cd. 

(a) 25.5 per cent alloy: Fig. 2(a) is a portion of an 
oscillation photograph of the 25.5 per cent alloy, 
which was slowly cooled from 380° to 150°C in 4 days. 
The intensity distribution in reciprocal space corre- 
sponding to Fig. 2(a) is given in Fig. 2(b). Three split 
superlattice reflections (100), (010) and (110) are 
clearly shown.* One may see from this figure that the 
ordered alloy Au,Cd has the one-dimensional anti- 


* Miller’s indices are used in terms of the disordered cubic 
lattice. 
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phase domain structure depicted in Fig. 3(a).‘*»® The 
‘“Unterstruktur” of this lattice is a face-centered 
tetragonal cell, and the step shift represented by a 
translation vector (a, + &,)/2 takes place periodically 
along the tetragonal axis, where @,, a and a, represent 
the three fundamental vectors of the ‘‘Unterstruktur’’, 
the tetragonal axis being a,. The out-of-step period, 
M, measured by the atomic distance za,, can be 
calculated from the separation of the split super- 
lattice spots and is exactly 2.0. Fig. 3(b) shows the 
intensity distribution in reciprocal space given by the 
structure of Fig. 3(a). As noted in our previous 
papers,'’»®) a pattern such as the one shown in Fig. 
2(a) is explained by the orientation distribution of the 
tetragonal axis along the three original cubic axes. 
With regard to Fig. 2, it should be remarked, however, 
that the two pairs of split superlattice spots (110) are 
not identical in intensity, the pair parallel to [010] 
being more intense than the other pair parallel to 
[100]. This observation implies that the relative 
volume of the anti-phase domain region having the 
tetragonal axis along one of the cubic axes is pre- 
dominant in comparison with the domain region 
having the tetragonal axis along the other cubic axes. 
Similar phenomena have been observed in other 
alloys such as Cu,Pd,‘”) Au,Zn"® and 

(b) 24.6 per cent alloy: Fig. 4 shows a portion of an 
oscillation photograph of this alloy, which was pre- 
viously cooled from 380° to 150°C in 4 days. It is 


clearly seen that M equals also 2.0, and that unlike in 


the case of the 25.5 per cent alloy, which was sub- 
mitted to the same ordering treatment, there is no 
splitting of the superlattice spots parallel to [100]. 
This implies that all the tetragonal axes are directed 
along two of the cubic axes, while none of them is 
It should be noted, 
incidentally, that in view of the superposition of anti- 
with orientations 


along the third cubic axes. 


phase domain regions various 
described above, the term 
strictly the 
However more recently we have obtained a true 
single crystal of the anti-phase domain superlattice 
of the Au,Zn [H] alloy.‘ 

When the 24.6 per cent alloy was water quenched 
from the disordered face-centered cubic region, very 
weak but sharply split superlattice reflections were 
clearly observed (Fig. 5a). The pattern seems to be 
similar to Fig. 2(a), and M is also 2.0. Referring to 
Fig. 5(a), it should be remarked that the split spots 
on the low-diffraction angle side of the superlattice 
reflection (110) are weaker than those on the high- 
angle side. Such an asymmetry has already been 
observed in other ordered alloys such as Cu,Pd“” and 


“single crystal” is not 


applicable to specimens examined. 
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e--+---e 


Fic. 3. 


(a) One dimensional anti-phase domain structure of Au,Cd. 


000 
(b) 


(b) Intensity 


distribution in reciprocal lattice corresponding to (a). 


Fig. 4. A portion of an oscillation photograph of the 
24.6 per cent ordered alloy. 


Au,Cu,") and was qualitatively explained by occur- 
rence of synchronized modulations of the lattice 
spacing and the structure amplitude with the same 
period as that of the step shift. 

On the other hand, the fundamental reflections in 
the quenched state show no observable sharp split due 
to the tetragonality. As an example, Fig. 5(b) shows 


the reflections {333} and {511} of the quenched alloy. 
In this pattern it is noted that the latter spots are 
somewhat broader than the former. This implies that 
although the lattice tends to transform from the cubic 
to the tetragonal structure, the formation of the anti- 
phase domain structure with its definite period (MZ = 2) 
takes place very rapidly. 

3. Structure of the hexagonal a, phase. Two single 
crystals of 25.5 and 28.3 per cent were used to study 
the crystal structure of the a, phase. 

(a) 25.5 per cent alloy: The a, phase coexisting with 
the a phase could be obtained by water quenching the 
25.5 per cent crystal from 450°C. The quenched 
specimen was not a single crystal of a, but it con- 
tained at least three hexagonal crystals and two cubic 
crystals. However the crystals were so large that we 
were able to take oscillation photographs by keeping 
the a or c axis of one of the hexagonal «a, crystals 
perpendicular to the X-ray beam. A portion of the 
oscillation photograph is shown in Fig. 6. The 
reciprocal lattice of the «, phase coexisting with the « 
phase is shown in Fig. 7. The following results are 


obtained from this figure: 


267 
|B: | | 
BaF! 
) | \ > 
3 
(a) 
? 
ol. 9 
961 
| 
e h 
—@ 
200 
k 
| 
\ 


ACTA METALLURGICA, VOL. 9, 


{511} 


AX, 


Fia. 5. 

quenched from 550°C. (a) 

photograph showing superlattice reflection (110). [110] 

is perpendicular to the incident X-ray beam. (b) Por 

tion of a rotation photograph showing the fundamental 

reflections (333) and (511). Rotation axis is nearly, but 
not precisely, parallel to [110]. 


Diffraction patterns of the 24.6 per cent alloy 
Portion of an oscillation 


(i) The crystallographic relation between the hexa- 
gonal lattice of «, and the cubic lattice of « is as 
follows: 

},// 
and 
[1010], // [112]... 


These orientations are those which should be expected 
from the similar atomic arrangement of the two lat- 
tices, as was previously shown by Shoji®* and Nishi- 


yama"*) in the case of the analogous transformation of 


cobalt. Hence, the relation, {0001}, // {100}, 
posed by Owen and Roberts should be corrected in the 


pro- 


light of these results. 
(ii) The cubic crystals of the « phase contain 
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twinned lattices formed by twinning on a (111), plane. 

(iii) The reciprocal lattice points of «, with h—k not 
divisible by three are lined up along the / direction 
whereby half a period corresponds to that of the close- 
packed hexagonal cell and thus makes the c-axis of the 
unit cell of « twice as long as the basic (c.p.hex.) unit 
cell. The a-axis remains the same. The lattice con- 
stants were found to be a = 2.910 A andc = 9.558 A. 
The intensity distribution of reciprocal lattice for «, is 
explained by the model of Fig. 8. The space group is 
Dj, —F and the unit cell contains four atoms at 


the positions 


63/mmc 


2a: 000, 004 
2c: 

which are randomly occupied by gold and cadmium 
atoms. Structure amplitudes calculated from this 
model are summarized in Table 2, in which f equals 
1(3fau + fea), fay and fog being the atomic scattering 
factors of gold and cadmium, respectively. Observed 
relative intensities for certain reflections agree fairly 
well with the calculated values of | F|?, as seen in Table 
3. Although each lattice point of this model was 
assumed to be randomly occupied by gold and cad- 
mium atoms, some short-range order may exist in the 
crystal, as will be noted later. 

(iv) The reflections with h—-k divisible by three are 
relatively sharp, while those with h—-k not divisible by 
three are drawn out into long streaks parallel to the 
[0001] rel-axis. The integral breadths along this axis 
of certain reflections were measured photometrically, 
and are also given in Table 3 as a fraction of the re- 
ciprocal lattice constant c*. The occurrence of the 
streaks are analogous to cobalt) and can be explained 
as follows: 

The atomic arrangement of the «, phase in Fig. 8 is 
interpreted as a structure in which stacking faults 
appear regularly in the ¢ direction, after each two 
close-packed planes of atoms. Hence this hexagonal 
structure corresponds to a sequence of planes given by 

ABACABACABAC , where the 
arrows indicate the positions of stacking faults. If 
there 
would be no reason why line broadening of the reflec- 


were a regular arrangement of faults, there 


tions should be observed. In the real crystal, however, 
stacking faults may not occur regularly after each two 
atomic planes, but may take place with some irregu- 
larity. Assuming such irregular period of faults in the 
hexagonal crystal, it is easily understood on the basis 
of Wilson’s theory"® that the streaks parallel to the 
[0001] rel-axis are only visible for the reflections with 
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2021 


Cub. hex. 


me 


Fia. 6. 
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Portion of an oscillation photograph of the 


GOLD-CADMIUM ALLOY 


2131 hex, 

420 


Cub. 


33) Twin 


420 Twin 


25.5 per cent alloy quenched 


from 450°C. [0001] is vertical to the X-ray beam 


Fie. 7. 

@ denotes hexagonal «, phase; 

h-k not divisible by three. The presence of stacking 

faults in the coexisting cubic « phase also concluded 

from the occurrence of streaks associated with the 
reflection spots of the « phase. 

(b) 28.3 per cent alloy: The crystal was so imperfect 


Intensity distribution in reciprocal lattice of the 25.5 per 
denotes cubic « phase; 


Limiting sphere for Cu Ka 


radiatior 


(b) 


cent alloy quenched from 450°C 


is common to a, and a. 


that satisfactory results could not be obtained. It 
seems however, that the «a, phase in this region 
possesses a hexagonal structure having some regular 
arrangement of stacking faults different from that of 
the 25.5 per cent alloy described above. 
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Fic. 8. Unit cell of the «, phase coexisting with the 
a phase in the 25.5 per cent alloy quenched from 450°C. 


Structure amplitude calculated from the model of 
Fig. 8 


TABLE 2. 


Index 
Structure amplitude, F 


] 
odd 


even 


+ ] 
odd 


even 


m,n = integer 


3. TRANSITIONS AMONG THE PHASES 
a, a, AND a, 
A. Specific heat 
A series of calorimetric measurements was carried 
out on five specimens with compositions of 23.2, 
24.4, 26.0, 26.9 and 28.6 per cent. The experimental 
the 


work.) The specimen was initially well annealed 


method is same as used in our previous 
and cooled slowly from 550°C to room temperature 
in one or two weeks. In Fig. 9, the 23.2 per cent alloy 
shows a A-type peak (A) of the specific heat curve. 
Fig. 10 shows, however, that the transition in the 
24.4 per cent alloy occurring at 412°C is a first-order 
one with a latent heat of about 110 cal/mole. No 
latent heat was observed for the 26.9 per cent alloy, 
as shown in Fig. 11. In Figs. 10 and 11, small peaks 
(B) are seen at about 500° and 550°C, respectively. 
On the basis of our X-ray study, we interpret the 
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TABLE 3. Observed and calculated intensity and integral 
breadth of the hexagonal «, phase of the 25.5 per cent alloy 


Relative intensity 
Index 


obs. I/Ii=o 


* Observed intensity is omitted, because these reflections 
are superposed on those of the coexisting cubic crystals. 
anomalous changes of the specific heat shown in these 
figures by the following phase transitions, respectively, 

for 23.2 per cent: « + a, — a (at 406°C), 

for 24.4 per cent: a + a, >a + a, (at 412°C) + « 

(at 500°C), 

for 26.9 per cent: «, + a —> a, (at 407°C) > 

(at 550°C). 

As seen in Figs. 10 and 11, the specific heat between 

point A and B is higher than the base value given by 

the dotted line. This excess specific heat is mainly due 

to a change in the relative amounts of the two coexist- 

ing phases, and partly due to the existence of short- 
range order. 

The critical temperatures determined from the 
specific heat measurements are summarized in Fig. 12. 
The peritectoid reaction «, « + a, takes place at 
412 + 1°C. This temperature is in good agreement 
with the result of Késter and Schneider (415°C), but is 
lower than that of Owen and Roberts (425°C). 

The configurational energy change due to the phase 
transitions is plotted against composition in Fig. 13. 
In this figure, open circles correspond to the excess 
heat absorption in the range between room tempera- 
ture and just above the critical point of peak A in the 
specific heat curve. The value obtained for the 24.4 
per cent alloy is 680 + 30 cal/mole, and it is mainly 
due to the disordering of the superlattice Au,Cd but 
it contains the formation heat of «, phase at the 
These two factors could not be 
On the other hand, the 
values marked by closed circles correspond to the 


peritectoid point. 
experimentally separated. 


energy change in the range between just above the 
critical point A and just above the point B. These 
values are also made up of two unseparable factors. 
As mentioned above, one is due to the transition 
energy from the hexagonal to the cubic phase, and the 
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Fic. 9. Specific heat-vs.-temperature curve of the 23.2 per cent alloy. 
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cal/mol. deg. 


Specific heat, 


Temperature, 


. 10. Specific heat-vs.-temperature curve of the 


cal/mol.deg 


Specific heat, 


24.4 per cent alloy. 


Temperature, 


Fig. 11. 


other is due to the excess energy associated with the 
presence of the short-range order. 


B. Electrical resistance 


Wires of about 0.4 mm in diameter were used to 
measure the electrical resistance. Fig. 14represents the 
result for the 23.2 per cent alloy on heating. Curve (a) 


Specific heat-vs.-temperature curve of the 26.9 per cent alloy 


shows that the transition « 4, —> « is accompanied 


by a continuous increase of resistance. On reheating 
the alloy quenched from 550°C, the temperature coeffi- 
cient of the resistance begins to decrease near 100°C 
due to ordering (curve b). 

It is interesting to note that the resistance-vs.- 


temperature curves for the 26.0 per cent alloy given in 
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Temperature , 


e----e---- 


Composition. at. %, Cd 
. 12. Phase boundaries of the gold—cadmium alloy 
near 25 per cent cadmium. 
Transition point determined from calorimetry 


Transition point determined from resistometry on 


heating and cooling 
Single phase | determined from the present X-ray 
Two phases | study 

@ Phase boundary determined by Owen and Roberts 


cal/ mol 
x 10°22 


Configurctional energy, 
Electrical resistance, 


22.5 25 100 200 300. 400 500. 600 


Composition, at. °%, Cd Temperature, °C 


Fic. 13. Configurational energy-vs.-composition curves. Fic. 14. Resistance-vs.-temperature curves of the 
23.2 per cent alloy. Curves (a) and (b) correspond to the 
heating runs at the rate of about 2 deg/min from the 
states slowly cooled or quenched from 550°C, respec- 

tively. 
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300 
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Fic. 15. Resistance-vs-temperature curves of the 26.0 per cent alloy 
(a), (b) and (c) correspond to the heating runs from the 
quenched from 440°C or quenched from 550°C, respectively. Curve (d), 
with crosses, is a cooling run from 550°C 


Curves 
states well annealed, 
marked 


The heating and cooling rate is about 


2 deg/min. 


. 


Electrical resistance, 


20 40 
Annealing time, hr 
Fic. 16. Isothermal change of resistance of the 26.0 
per cent alloy at 290°C after water quenching from 
440°C (curve a) and from 550°C (curve b). 
Fig. 15 appear to be analogous to those obtained by 


Késter and Schneider. As shown by curve (a), the 
transition %, + % —> % is accompanied by an increase 
of the the i 


accompanied by a fairly drastic decrease. The lattice 


resistance, while other one, «,—«, is 


transition from «, to « exhibits a thermal hysteresis of 


The 


resistance 


about 30° between heating and cooling runs. 


critical temperatures determined from 

measurements were also plotted in Fig. 12. 
When the 26.0 per cent quenched from 440°C is re- 

heated, the resistance begins to increase slightly below 


100°C and then turns to decrease at about 250°C, as 


shown by curve (b) in Fig. 15. Such a behaviour is 
analogous to the case of the Ag,Mg alloy, and it 
implies that ordering may occur by more than one 
process. On the other hand, the resistance of the alloy 
quenched from 550°C is lower than that of the well 
annealed state near room temperature, and, as shown 
by curve (c), the difference becomes more pronounced 
as the temperature increases to about 300°C. 

We also measured the isothermal changes of resis- 
tance of the quenched 26.0 per cent alloy at elevated 
temperatures. Fig. 16 is an example of the results 
obtained, showing the resistance changes due to an- 
nealing at 290°C after water quenching from 440°C and 
from 550°C. The alloy quenched from 440°C (curve a) 
gives rise to only a monotonous decrease of resistance 
with annealing time, corresponding to the formation 
of the ordered x, phase from the hexagonal «, phase. 
On the other hand, the resistance of the alloy quenched 
(curve b) decreases during the initial 


from 550°C 


period of annealing, but upon reaching a minimum 
after about 4 hr it increases again and approaches 
gradually the equilibrium value. The initial decrease 
may be associated with the ordering of the quenched- 
in face-centered cubic structure, and the subsequent 
increase may be due to the formation of the hexagonal 
phase. 
4. CONCLUSIONS 

(1) The present X-ray diffraction study confirmed 
the fact that the ordered Au,Cd alloy has a one-di- 
mensional anti-phase domain structure of the Ag,Mg 
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TABLE 4. Comparison of calorimetric data 


Experiment 


Composition 
(at.%) 
Critical point 

Configurational energy 
E (cal/mole) 


Configurational entropy 


® (cal/mole deg) 


+ 0.05 


Latent heat 110 + 10 
Q (cal/mole) 


2.00 + 0.08 


RT.JE 


0.52 + 0.03 


12.3 + 1.3 


* As noted in Section 3, the observed state of this alloy are considered to be effected by ‘the peritectoid reaction in addition 


to the order—disorder transition. 


type with a face-centered tetragonal fundamental cell. 
The out-of-step period, M, is 2.0 for both 24.6 and 
25.5 per cent alloys and, consequently, seems to be 
independent of the concentration of cadmium, as has 
already been postulated by Schubert et al. For both 
the alloys, the distribution of the tetragonal axes in a 
crystal does not occur equally along the three original 
cubic axes. 

(2) A perfectly disordered state of the Au,Cd alloy 
can not be obtained at room temperature by water 
quenching from the cubic phase. Instead, the quenched 
alloy exhibits an anti-phase domain structure in a 
partially ordered state. 

(3) The a phase coexisting with the cubic « phase 
in the quenched 25.5 per cent alloy has a hexagonal 
structure in which the stacking faults occur' almost 
regularly after each two close-packed planes. 

(4) The results of calorimetric measurements for the 
alloy Au,Cd are summarized in Table 4, and are com- 
pared with those of the Ag,Mg“) and Cu,Au"”) alloys 
and the calculated from Bragg—Williams 
theory. No remarkable difference was found between 
the Au,Cd and the Ag,Mg and Cu,Au alloys. 


values 
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TEXTURE AND EARING IN DEEP DRAWING OF ALUMINIUM* 


G. E. G. TUCKERT 


A survey of earlier work has revealed that no satisfactory explanation of the relation between texture 
and earing in face-centred cubic metals has so far been advanced. 


A simple theoretical approach using the maximum resolved shear stress criterion for slip on {111} 


110) 


systems is described which enables all the important features of the earing of cups pressed from single 


crystals to be predicted. 


Good agreement between the predictions and experimental measurements on 


cups pressed from aluminium single crystals has been obtained. 
Extension of the theory to polycrystalline material is discussed briefly and it is concluded that the 
predictions are completely consistent with practical observations. 


TEXTURE ET “CORNES” DANS L’EMBOUTISSAGE 


PROFOND DE L’ALUMINIUM 


L’Auteur donne un apergu général des travaux antérieurs et observe qu’il n’y a pas d’explication 
satisfaisante de la relation entre la texture et les ‘‘cornes’’ d’emboutissage, dans les cristaux cubiques & 
face centrée, comme on l’avait supposé préalablement. 


Il décrit une simple théorie d’approche en utilisant le critére de la tension de cisaillement résolue au 


maximum pour le systéme de glissement {111} (110), théorie qui est capable de prévoir toutes les 


caractéristiques des ‘‘cornes’’ d’emboutissage d’une coupelle emboutie d’un monocristal. 


I] a obtenu on bon accord entre les hypothéses formulées et les mesures expérimentales sur des coupelles 


embouties d’un monocristal d’aluminium. 


Ensuite, il examine briévement l’extension de cette théorie 


ces matériaux polycristallins et conclut que les hypothéses sont en accord total avec les observations 


pratiques. 


TEXTUR UND ZIPFELBILDUNG 


BEI 


TIEFZIEHEN VON ALUMINIUM 


Die Durchsicht friiherer Arbeiten hat ergeben, daB es bis jetzt keine befriedigende Erklarung der 
Beziehung zwischen Textur und Zipfelbildung kubisch-flachenzentrierter Metalle gibt. 
Es wird eine einfache theoretische Behandlung beschrieben, die das Kriterium maximaler wirksamer 


Schubspannung fiir Gleitung im System {111} (110 
Zipfelbildung beim Pressen von Napfen aus Einkristallen vorherzusagen. 


benutzt. Sie gestattet, alle wichtigen Ziige der 


Es ergab sich gute Uberein- 


stimmung zwischen den Vorhersagen und experimentellen Messungen an Napfen, die aus Aluminium- 
I 


Einkristallen gepreBt wurden. 


Die Erweiterung der Theorie auf polykristallines Material wird Kurz diskutiert; 


es wird geschk ssen, 


daB die Vorhersagen sich in vélliger Ubereinstimmung mit praktischen Beobachtungen befinden. 


INTRODUCTION AND PREVIOUS WORK 

When a cylindrical cup is drawn from a circular 
blank of most metals, the rim of this cup, instead of 
being level as would be the case with an ideal isotropic 
material, is usually undulating with a number of 
distinct high points, commonly called ears, and an 
The 
number of ears is usually four for commercially pro- 


equal number of low points, called troughs. 


duced sheet in a face-centred cubic metal, and these 
are usually situated either at the four positions 45° 


from the rolling direction or at the four positions 0° 


and 90° from the rolling direction. These two cases 
are conventionally described as 45° and 90° earing, 
respectively. More complicated earing patterns with 
larger numbers of ears have also been reported." 
Earing, as described above, is usually attributed to 
a preferred orientation of the crystals of the original 
sheet (see Richards‘) for a general review), this pre- 
ferred orientation arising from the deformation and 


* Received May 3, 1960. 
¢ Aluminium Laboratories Limited, Banbury, England. 
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annealing inherent in the production of sheet for deep 
drawing. Many investigators, for example Richards, 
Calnan and Clews™), and Calnan"™), have studied the 
development of deformation textures, and while this 
phenomenon cannot be claimed to be completely 
understood there is no doubt that the basic factor is 
the inhomogeneity of deformation of the individual 
crystals due to the existence of only a limited number 
of deformation modes. In the face-centred cubic case 
these modes are slip, i.e. shear, on {111} planes in (110) 
directions, at least for normal temperatures and 
strains. 

On the other hand, little work seems to have been 
carried out on the precise relationship between texture 
and earing. Certain general features are known, e.g. 
it is commonly accepted that the “cube texture” —i.e. 
(100) parallel to the rolling plane, [001] parallel to the 
rolling direction—gives rise to 90° earing (see for 
example Aust and Morral) and Richards’) but even 
in this case no convincing explanation of the relation- 


ship has been advanced. 
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Very recently, Siebel has studied earing on cups 
Unfortu- 


nately the orientations of the crystals used were not 


drawn from single crystals of aluminium. 


deliberately controlled, and the results were over- 
simplified by assuming that in almost all cases only 
four ears occurred. No attempt was made to explain 
theoretically the results obtained. 

Most other workers have been content to attempt a 
correlation between earing and some other mechanical 
property which can be measured at various angles to 
the rolling direction, but even in these cases no con- 
sistent relationship has been found. The 
Wilson and Brick), and of Bourne and Hill falls in 
this category. A more general theory, due to Bourne 
and Hill), and Hill®, leads to the conclusion that 45 
and 90° earing are the only types possible, which is 


obviously incorrect when single crystals are considered. 


The conclusions most relevant to the effect of tex- 


ture on earing are those of Wilson and Brick"), and 
Burghoff and Bohlen", both investigations indicating 
that ears occur in directions remote from those corres- 
ponding to peripheral concentrations of {111} poles 
in a pole figure projected on to the sheet surface. This 
will not serve for many single crystal orientations, 
however, when there may be no such peripheral 
concentrations. 

The only work attempting to predict earing directly 
for an arbitrary texture is that of McEvily"*. In this 
work, however, it has been assumed that circumferen- 
tial strain does not vary with position around the 
drawn cup, an assumption which is invalidated by the 
results of Baldwin et al.“ and of Zaat“®. In addition 
McEvily concluded that the radial strains along certain 
directions were discontinuously greater or smaller 
than those in neighbouring directions immediately 
on either side of those considered. Even if such a 
tendency existed it seems very likely that the neigh- 
bouring regions would constrain the material so as to 
suppress completely such infinitesimally narrow ears 
or troughs. 

In the present paper an attempt has been made to 
provide a simplified theoretical relationship between 
texture and earing in such a way as to avoid objection- 
able features of earlier work. The results have been 
compared with the earing actually obtained on cups 


pressed from sheet aluminium single crystals of 


various orientations. The method applies specifically 
to single crystals, but the application to polycrystalline 
material is discussed. 

ASSUMPTIONS MADE IN THEORY 
(1) Stresses operating 


At any stage during the deep drawing operation 
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there will be at any point in the blank which has not 
passed over the rim of the die a tensile stress radially, 
a compressive stress circumferentially, and a small 
stress normal to the sheet surface (provided excessive 
blankholder pressure is avoided). Chung and Swift 
have shown analytically for a drawing ratio of 2 that 
the ratio of the radial stress to the circumferential 
stress varies from 0 at the rim of the blank to 2.3 just 
before the rim of the die, while the thickness stress can 
be neglected. Since the total radial strain in the fully 
drawn cup is made up of the strains in individual 
elements at all positions up the cup wall, and since the 
ratio of tensile to compressive stress on these elements 
varies from 0 to about 2 along each radius, it has been 
assumed as a first approximation that the total strain 
is equivalent to that which would be obtained if the 
radial and circumferential stresses were equal in 
magnitude at all points in the blank and the stress 
normal to these two were zero. It will be noted that 
this stress system corresponds to plane strain deforma- 
tion (i.e. no change in thickness) which is a little 
unrealistic, but as is indicated later in the paper the 
predicted deformation is not very sensitive to the 
relative magnitudes of the principal stresses. 


(2) Deformation modes operating 
It has been assumed that only the particular {111} 
110) slip system with the highest resolved shear stress 


is operating at any point. 


(3) Orientation 

The orientation has been assumed constant over the 
blank, i.e. as in a single crystal, and the orientation 
change which must occur during drawing has been 
ignored as far as calculation of shear stresses is con- 
cerned, but taken into account in resolving strains. 


(4) Stress—strain relationship 


The shear strain 
assumed to be parabolic, i.e. the strain has been 
taken as proportional to the square of the stress. 


stress—shear curve been 


THEORY 

(1) General 

Consider the drawing of a circular single crystal 
blank of known orientation. The directions of the 
principal stresses at any point relative to the cubic 
axes of the crystal may be expressed in terms of the 
single variable 6, the angle between the radius of the 
blank passing through the point and some arbitrary 
reference direction lying in the plane of the blank; 
the reference direction may be related to the orienta- 
tion of the crystal in any convenient manner. Thus, 
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in a crystal with a {100} plane parallel to the sheet 
surface it is convenient to take a (100) direction for 
reference. It is then possible to calculate the direction 
cosines of all the {111} planes and (110) directions of 
the crystal relative to a set of axes: 

a, parallel to the compressive stress 

a, parallel to the tensile stress 

a, normal to these two. 
If, relative to the directions of principal stress, the 
direction cosines of some particular {111} plane are 
(abc) and those of some particular (110 
lying in this plane are [def] then the resolved shear 
stress on this system is given by: 


direction 


= o(ad — be) 


where g is the numerical value of the compressive and 
tensile stresses. 

The resolved shear stress may thus be calculated 
for each of the twelve possible slip systems in terms of 
6. From this the range of values of 6 over which any 
particular slip system has the maximum resolved 
shear stress (ignoring sign), and consequently the slip 
system operating at any point, may be determined. 

In general there will only be a finite number of 
discrete values of 6 at which more than one slip 
system is operating, but with some simple orientations 
there may be continuous ranges of over which more 
than one system operates. 

Consider now only the operating systems. The shear 
stress is known in terms of 6 and by applying the 
parabolic stress-strain relationship the shear strain 
is known in terms of 6. If an element of material of 
unit length in the radial direction is subjected to a 
shear strain y 
angle of ¢ with the radial direction and in a direction 
making an angle 4 with the radial direction, then the 
final length (L) of the element in the radial direction 
(after allowing for orientation change) will be: 


on a plane whose normal makes an 


L= 2y be| 


where cos ¢ = b and cos A = e as defined earlier in this 
section. 

Since absolute values of y are not known it is not 
possible to calculate relative values of L precisely, but 
two limiting cases are of interest. If y is small L ~ | 


-+- y|be| which is the actual strain in the radial direction 


without reorientation, as would be expected because 
the orientation change is small if y is small. If y is 
large L ~ 1 + yd}. 

A priori considerations suggest that y will in fact be 
large in normal drawing operations; accordingly it has 
been assumed that the relative radial strain may be 


obtained by multiplying the shear strain by |b). 
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Thus we arrive finally at an expression giving the 
radial strain as proportional to a known function of 0, 
the constant of proportionality depending on the 
stress-strain curve and o. 

At values of @ representing a change from one slip 
system to another the calculated radial strains due to 
the two systems separately will not usually be equal, 
since although by definition the resolved shear stresses 
are equal at such positions, the crystal orientation will 
not usually be such as to make 


9 


where the subscripts refer to the two slip systems 
concerned. Thus a strain discontinuity is predicted at 
When 


operating over a continuous range of values of @ the 


these positions. more than one system is 
radial strain is taken as the average of the strains 
calculated for each system separately. 

The calculations are given in detail in the next 


As 


shown below it is never necessary to calculate the 


section, and are illustrated by a specific example. 


radial strain for more than half the cup, and with 
simple orientations symmetry may reduce the amount 


of calculation necessary still further. 


(2) Detailed calculations 

All variable Miller indices used in this section are to 
be regarded as reduced to direction cosines, that is 
h? + k? + I? l, 
crystal with flat face (hkl) and a reference direction 
Let: 6 be the 
direction [xyz] which completes the orthogonal set 


[Akl], [uvw], [ayz 


etc. Consider the general case of a 


[uvw |. measured positive towards 


, given by 


i.e. [xyz] lies in (hkl) perpendicular to [uvw]. 
Then the circumferential, radial, and normal direc- 


tions are 


[x cos usin @: y cos v sin 


= cos w sin 


fu cos + xsin 6; vcos + ysin 6; 


w cos @ sin @] 


[Akl}. 


The relevant direction cosines of the slip planes 
fabc} and slip directions (def) referred to these axes 
are given in Table 1. 

The resolved shear stresses on the twelve slip sys- 


tems are then given by o(ad — be) for each possible 


ol. 9 
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(a) Slip planes 


Slip planes avV/3 b/3 
(111) y +2) cos 6 + sin 6 +» + w)cos@ 
(111) xz + +. z) cos 8 +» + w)sin 6 ( t» + w) cos 6 
(111) x z) cos 8 » + sin 6 » + w) cos 6 
(111) z) cos 6 sin 6 + w) cos 


(b) Slip directions 
Slip direction d/2 evV/2 


(110) x + y) cos 6 v) sin 6 + v)cos@ + x + y)sin 
{LOL} cos w) sin + w) cos 6 4 x + 2z)sin 
[O11] 2) cos w) sin » + w)cosé 4 sin 8 
110) x y) cos v) sin 6 v)cos@ + x + y)sin@ 
[101] x +z) cos w) sin w) cos +4 x +2z)sin 
O11} y + z)cos@ ) w) sin 6 » + w) cos @ 4 y + z) sin 6 


TABLE 2 


Slip system (ad be) +/6 Slip system (ad be) 1/6 


2 cos 26 C7; (111) [110] 2 cos (260 
‘os (26 (111) [011] 2 cos (26 
os (20 3: Cs (111) {101} 2 cos (26 
26 D, (111) {101} 2 cos (2 
B, (11 101] 2 cos (2 6 é D, (111) [O11] 2 cos (2 0 
B, (111) [OT] 2 cos (2 0 3: Dy (111) [110] 2 cos 26 


combination of slip plane and slip direction lying init. where A, B, C, D and « are defined earlier in this 
It will be noted that ad — be is always of the form section, and k contains o? and the proportionality 
constant from the stress-strain curve. 
(A cos 6 — B sin cos 6 — D sin 6) 
\ | (3) Example: Crystal with flat face (001) 
(B cos 6 + A sin 6)(D cos 6 + C sin 6)] The crystallographic symmetry of this orientation 
implies that it is only necessary to calculate strain for 
where A, B, C, D are linear functions of u,v, w,2,y,2- 0 < § < 45° if a (100) or (110) direction is taken for 
This may be simplified to: reference. Taking [100], let 6 be measured positive 
ps towards [010], then the axes of reference are: 


cos (29 4 
sin cos @ 0] 


where tan « = (AD + BC)/(AC — BD), and sin « has 2 [cos 6 sin@ 0] 
the same sign as (AD BC). 

This expression is unaltered by substituting (6 
The relevant direction cosines are calculated as in 
operating at diametrically ite points i » blank 

BR mpegs trically opposite pou in th . ank, rable 1 and the values of ad — be obtained are given 
and since |b| is also unaltered by this substitution it in Table 2 


follows that the radial strains at diametrically opposite 1 . . 

[he systems which have the maximum value of 
0InNts are equal. 

lial |ad — be|, and hence resolved shear stress, in the range 

1e final expression for radial strain due to one slip ~c 

in pression for ra strain due to one slip 4 < 

system is then 
A,, B,, C,, Ds 


6 3 


(A? + B*)(C? + D*) - cos* (20 + a): Ag, Bo, Cy, Ds 


|(B cos 6 A sin 6)| A,, Cy, D,; 


(x +y + 2z)sin8 
(—z +y+2z)sin@ 
(x —y +2z)sin®@ 
(x+y z) sin 8 
Vol. 
1961 
135°) 
45°) 
135°) 
45°) 
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The radial strain is then given by 
9 
cos” 26 - cos 
34/3 
cos? (26 — 45°) - cos 6 224° << 6 <45° 


34 3 


This particular result is plotted in the upper curve of 
Fig. 3. 
EXPERIMENTAL WORK 

Single crystals of various orientations were grown 
by the strain anneal method in 0.032 in. thick 
commercial-purity aluminium sheet and circles were 
blanked from these and pressed into cups on an 
experimental cupping press, details of which are given 
in Table 3. 


TABLE 3. Details of cupping geometry 
Blank diameter (s) 3.11 in. 
Punch diameter (p) 1.625 in. 
Punch profile radius 0.180 in. 
Die diameter 1.735 in. 
Die profile radius 0.200 in. 
Sheet thickness (t) 0.032 in. 
Drawing ratio (s/p) 1.91 


The orientations of the crystals, identified A—G, are 
shown in Fig. 1, the plane of the sheet being (001), 
(011), (111), (012), (122) or (123). 
were determined by the X-ray back reflection Laue 


The orientations 


method and were all within 2° of the nominal positions. 
The reference direction, which was marked before 
pressing the cups, was [100], [100], [110], [100], [110], 
[O11] or [111], respectively. A general view of the 
cups arranged according to orientation on a stereo- 
graphic projection of a unit triangle is shown in Fig. 2. 
The wall height of each drawn cup was measured from 
the underside of the base at 5° intervals around the 
cup and from these measurements the cup profile was 
plotted as in Figs. 3-9. In each case the theoretical 
profile, calculated according to the method described 
earlier in this paper, is shown above the corresponding 
The values of 6 at which a 


change of slip system is predicted are marked along 


experimental profile. 


the abscissae immediately below the theoretical pro- 
files in these figures. It must be noted here that the 
theoretical profiles are in arbitrary units due to the 
presence of the proportionality constant k and that no 
attempt has been made to adjust the scale to give the 
best agreement with the experimental results. All the 
profiles are plotted with the same scale and the hori- 
zontal broken line in the experimental profiles shows 
the cup height, 0.827 in. calculated as [2(s — p) 

(4 — m)(2r + t)]/4 (see Table 3), which would be 
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obtained if the radial strain were zero. Thus the pro- 

files should be compared using this datum for the 

experimental results. 
DISCUSSION OF RESULTS 

(1) Single crystals 

The experimental cup profiles, with the exception 
of that of the (001) cup shown in Fig. 3, are much more 
complicated than has customarily been assumed in the 
past, and even in the (001) case the profile does not 
have the simple sinusoidal shape often assumed. The 
various orientations have given rise to cups with four, 
six or eight ears not necessarily equally spaced or of 
equal heights. 

It can be seen that all the principal features of the 
experimental cups, such as number, positions and 
heights of ears, are predicted by the theoretical curves, 
although certain of the predicted features, notably the 
strain discontinuities, do not appear in the experi- 
mental profiles. This is not difficult to explain as it is 
more reasonable to suppose that additional slip sys- 
tems would operate in the neighbourhood of such 
points than that actual shear failure of the material 
would occur. Some evidence of this is provided by the 
cup profiles, which exhibit slight cusps at many of 
these points, and by surface markings which appear 
on the cups at the same points. An example is shown 
in Fig. 10 where surface markings have appeared at 
positions corresponding to predicted strain discon- 
tinuities. 

It will be noted that these lines are not vertical, 
indicating that the relative circumferential strain is 
not constant up the cup wall. This effect is also shown 
in the work of Baldwin et al.“*) and Zaat"*) and is 
partly a consequence of the non-uniformity of the 
stress distribution around the rim of the blank once 
ears have started to develop. The material in the ears 
is not constrained laterally to the same extent as that 
immediately below the troughs, allowing a spreading 
that 11] 
directions lie in or near the plane of the blank then 
troughs are predicted in these directions. Thus the 
observations of Wilson and Brick" and Burghoff and 


Bohlen” that ears occur at positions remote from 


to occur. It will also be noted where 


peripheral concentrations of {111} poles are confirmed. 

If the the 
assumptions made in deriving the theoretical profiles 
it may be that the 
theory and practice is perhaps rather better than could 


results are considered in relation to 


remarked agreement between 


have been anticipated. This implies either that the 
assumptions are not seriously in error, or that the 
theoretical results are not very sensitive to the assump- 


An that the latter statement is 


tions. indication 
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@ PLANE PARALLEL TO SHEET SURFACE 


@ REFERENCE DIRECTION 


100 


:. 1. Orientations of single crystals used for cupping tests. 


Fic. 2. Cups pressed from single crystals arranged on stereographic projection of unit triangle. 
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. 3. Theoretical and experimental profiles of cup pressed from single crystal A. Orientation (001) 
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Fic. 4. Theoretical and experimental profiles of cup pressed from single crystal B. Orientation (011). 
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). Theoretical and experimental profiles of cup pressed from single crystal C. Orientation (111). 
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. Theoretical and experimental profiles of cup pressed from single crystal D. Orientation (012). 
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Fic. 7. Theoretical and experimental profiles of cup pressed from single crystal E. Orientation (112). 
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Fic. 8. Theoretical and experimental profiles of cup pressed from single crystal F. Orientation (122). 
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Fic, 9. Theoretical and experimental profiles of cup pressed from single crystal G. Orientation (123). 


Fic. 10. Cup pressed from crystal @G (123) showing “‘strain 
discontinuity”’ markings. 
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correct was obtained by a few isolated calculations 
using different assumed stress systems and different 
assumed stress-strain relationships. The effect of these 
changes was largely to introduce a scale factor into 
the predicted profiles. 

It has been noted that an unknown constant of 
proportionality is present in the calculated radial 
strain function. 
pected a priori that theoretical profiles would enable 
the relative heights of ears in cups pressed from blanks 
of different orientations to be compared. However, it 
will be seen in Figs. 3-9 that with the exception of the 
(001) and to a lesser extent the (011) cup, this com- 
parison is in fact satisfactory. It may be significant 
that in the (001) case four slip systems are predicted 
to operate simultaneously at every point, in the (011) 


Consequently, it could not be ex- 


case two operating slip systems are predicted at each 
point, and in all other cases only a single operating 
slip system is predicted at each point. In consequence, 
the stress-strain curve is probably different in the 
first two cases and the change of orientation on press- 
ing is also different. No attempt has been made 
correct for these effects but it is possible that relative 
values of the proportionality constants could be 


to 


determined to satisfy some additional constraint, such 
as constant total circumferential strain, and that this 
would “correct” the (001) and (011) profiles to heights 
consistent with those for other orientations. 


(2) Polycrystalline material 


The application of the above results to the earing of 
polycrystalline sheet is of considerable practical impor- 
tance. Rolling is a method of deformation character- 
ized by a high degree of symmetry, in consequence of 
which orientations which are related by reflection in 
the rolling plane, in the plane normal to the rolling 
direction or in the plane normal to these two, are 
equivalent. Hence, provided that the preferred orien- 
tation before rolling is not asymmetrical then the pre- 
ferred orientation developed by rolling will have the 
type of symmetry described above. Furthermore, 
provided that some relationship exists between orien- 
tations of recrystallized grains and that of the matrix 
in which they grow, annealed sheet also will have a 
preferred orientation characterized by the same type 
of symmetry. 

It is reasonable to assume as a first approximation 
that the radial strain in cupping polycrystalline sheet 
is given by the average of the radial strains for each 
component orientation present, weighted according to 
the proportion of the material in each orientation. In 


practice this simple picture would require some modifi- 


cation because coherency restrictions would require 
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the operation of additional slip systems near the grain 
boundaries. This factor should not, however, affect 
the qualitative results appreciably provided the grain 
size is not too small and provided that each orientation 
component considered is present to a significant 
extent. 

Since the radial strains at diametrically opposite 
points of a single crystal cup are identical it follows 
that the four equivalent orientations of any one crys- 
tallographic type produced by rolling will give rise to 
only two different earing patterns, one being the 
mirror image of the other in a plane normal to the 
sheet surface and parallel to the rolling direction. If 
the orientations usually quoted to describe the rolling 
texture of aluminium, namely {112} (111) and approxi- 


mately {123} (312 


‘ 


, are considered it can be seen from 
Figs. 7 and 9 that in both cases a cup drawn from sheet 
possessing equal proportions of all possible equivalent 
components would show predominantly four ears at 
Sheet 
consisting only of the cube texture, {100} (001), would 
and 90 A 


preferred orientation comprising a mixture of these 


approximately 45° to the rolling direction. 


give ears at 0 to the rolling direction. 
two types of orientations would show 45° earing, 90° 
earing or eight ears (possibly no earing if sufficient 
scatter existed in the orientations) according to the 
All 


features are commonly observed in commercially pro- 


proportions of the various orientations. these 


duced aluminium sheet. 


CONCLUSIONS 

It has been found possible to predict satisfactorily 
the number, positions and heights of ears formed on 
cups pressed from aluminium single crystal blanks in 
terms of the crystallographic orientations of the 
materials. 

A simple extension of the results to polycrystalline 
materials accounts for the types of earing most 
commonly observed on commercially produced alumi- 
nium sheet. 
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THE DEPENDENCE OF THE FLOW STRESS OF Fe,Al 
ON CRYSTALLOGRAPHIC ORDER* 


A. LAWLEY,? E. A. VIDOZ? and R. W. CAHNS 

Polycrystalline tensile samples of iron alloys containing 24.8, 25.5 and 27.8 at.°4 aluminium were 
equilibrated and quenched from various temperatures into oil or water, and the flow stress determined 
A single sample was used for a complete series of tests; by using small strains and giving an appropriate 
recovery treatment, the effect of each tensile strain was removed before the next treatment. Maxima in 
the flow stress were in each case found for quenching temperatures at or near the critical ordering 
temperature. In another series of tests on the 24.8 per cent alloy, the flow stress was measured as a 
function of isothermal annealing time at 440°C for the initially disordered alloy, and a peak flow stress 
was found for annealing times of about 5 min. Some exploratory experiments are also reported on the 
hardness of a short range ordering alloy containing 19.4 at.°% aluminium. Existing theories of order 
hardening are reviewed and their applicability to the present results is discussed. 


INFLUENCE DE L’ORDRE CRISTALLOGRAPHIQUE SUR LA LIMITE ELASTIQUE 


Les auteurs ont mesuré la limite élastique d’éprouvettes de traction polycristallines d’alliages de fer 
contenant respectivement 24,8, en 25,5 et 27,8% at. aluminium. Ceux-ci avaient été préalablement 
homogénéisés et trempés, soit & l'eau soit lhuile a partir de différentes températures. On n’utilise qu’un 
seul échantillon pour une série compléte d’essais, par l’application de petites déformations suivies d’un 
traitement de restauration adéquat. L’effet de chaque déformation de traction peut ainsi étre détruit a 
avant le traitement suivant. 

Des maximum de la limite élastique sont observés dans chaque cas pour des températures de trempe 
proches de la température critique d’ordre. Dans une autre série d’essais sur l’alliage A 24,8°%% at. Al, la 
limite élastique a été mesurée en fonction du temps de recuit isotherme A 440°( pour l’alliage initiale 
ment désordonné. 

Un maximum de la limite élastique est observé pour des temps de recuit voisins de 5 min 

Les auteurs rapportent également quelques expériences effectuées en mesurant la dureté d’un alliage 
contenant 19,4 % at. aluminium et présentant un ordere & petite distance 

Enfin, les auteurs résument les théories existantes relatives au durcissement dai a l’ordre et discuent dé 


leur application aux présents résultats. 
DIE ABHANGIGKEIT DER FLIESBSPANNUNG VON Fe,Al VON 
KRISTALLOGRAPHISCHEN ORDNUNG 


Vielkristalline Zugproben aus Eisen mit 24,8, 25,5 und 27,8 At% Aluminium wurden homogenisiert 
und von verschiedenen Temperaturen in Ol oder Wasser abgeschreckt. Darauf wurde dic FlieBspannung 
bestimmt. Eine einzige Probe wurde fiir eine vollstandige Versuchsreihe verwendet, durch nur kleine 
Verformung und angemessene Erholungsbehandlung wurde der EinfluB einer jeden Verformung auf 
den nachsten Versuch beseitigt. In jedem Fall traten bei Abschrecktemperaturen nahe der kritischen 
Ordnungstemperatur Maxima der FlieBspannung auf. In einer anderen Versuchsreihe mit der 24,8% 
Legierung wurde die FlieBspannung der urspriinglich ungeordneten Legierung als Funktion der i 
thermen Gliizeit bei 440°C gemessen und eine FlieBspannungsspitze nach einer AnlaBzeit von etwa 5 


Minuten gefunden. Weiterhin wird iiber orientierende Forschungen zur Harte einer 19,4 At®, Aluminium 
durch 


enthaltenden Legierung mit Nahordnung berichtet. Die bestehenden Theorien der Aushartung 
Ordnung werden besprochen und ihre Anwendbarkeit auf die vorliegenden Ergebnisse wird diskutiert 


1. INTRODUCTION domain size, or the degree of short range order. Less 


The systematic investigations that have been pub- detailed studies were published by Biggs and Broom™, 


lished of the relation between the mechanical proper- 
ties of ordering alloys and their state of order have 


and by Kuczynski et al.). This recent work is 
reviewed in some detail by Westbrook™ while earlier 


papers are cited by Ardley”, The main conclusions 


mostly been concerned with Cu,Au and #-CuZn. 


Ardley has carried out the most recent and most that can be drawn are: 
thorough series of experiments on Cu,Au. He used (i) As the order parameter S decreases from the 
single crystals and examined separately the conse- ™aximum attainable in Cu,Au (0.95) to the mini- 
quences of varying the order parameter, the antiphase ™mum (0.78), the domain size being kept large, the 
flow stress increases considerably. Unfortunately the 


* Received June 4, 1960. accessible range of S is quite limited. 


t Department of Metallurgical Engineering, University of (ii) Immediately above the critical temperature 7’, 
Pennsylvania, Philadelphia, U.S.A. Formerly at Birmingham. ‘ ; 
¢ Instituto de Fisica, Bariloche, Argentina. Formerly at 
Birmingham. . falls sharply, but rises again at higher temperatures to 
§ Department of Physical Metallurgy, University of ' 
Birmingham, Birmingham 15, U.K. 
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at which long range order disappears, the flow stress 


reach a maximum between 500 and 600°C. There is 
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some evidence that this maximum is due to some 
form of strain ageing associated with the presence 
of short range order. 

(iii) When the domain size is gradually increased, 
the room temperature flow stress passes through a 
maximum for a domain diameter of 20-30 A. 

Conclusion (i) remains true if the flow stress is 
measured at room temperature, using single crystal 
samples quenched from different temperatures, so 
that varying degrees of order are quenched-in. For 
polycrystalline specimens, Kuczynski et al.) find a 
poorly defined trend in the dpposite direction. 

Brown and co-workers carried out a series of studies 
on f-brass. Here a maximum in the flow stress is 
found well below 7’, and Brown) has accounted for 
this by a novel theory, summarized in Section 4.2. 
Moreover, Bebrass quenched from different tempera- 
tures and tested at room temperatures has a maximum 
hardness for a quenching temperature slightly below 
T .,© but Brown has recently adduced evidence that 
this is due to a form of vacancy hardening, only 
indirectly connected with the presence of order. 

No other systematic work has been published on the 
mechanical properties of ordered alloys, other than 
some studies'’:®) on alloys in which the crystal sym- 
metry changes on ordering. Here, ordering is 
necessarily accompanied by the creation of internal 
strains, and the associated hardening is akin to that 
engendered by precipitation. This is distinct from 
hardening produced in alloys such as Cu,Au and 


B-CuZn where there is no symmetry change and there- 
fore no distortion of the unit cell. We are concerned 
here only with this latter type of alloy. 

The present work is concerned with iron—aluminium 
alloys near the stoichiometric composition Fe,Al. The 
special interest of these alloys, in the present connec- 
tion, lies in the fact that order can be varied continu- 
ously between a high degree of order and complete 
disorder; there is no discontinuous change in order 
at 7’, such as there is in Cu,Au. In Fig. 1, S is plot- 
ted against temperature for two of the alloys 
used.")* Fe,Al has the advantage over f-CuZn that 
various degrees of order can be quenched-out, enabling 
the effect on flow stress of widely varying degrees of 
order to be evaluated at fixed temperature. This was 
the aim of the present experiments; in this way it was 
hoped to exclude the intrinsic variation of strength 
with temperature and to detect any variations in 
strength caused purely by changes in atomic 
configuration. 

The mechanical properties of iron—aluminium alloys 
were studied by Justusson et al.” and indications 
were found of small differences in flow stress and 
elongation between quenched and_slowly-cooled 
alloys. More recently, unpublished work by Kayser™” 


* Figure 1 refers to the long range order characteristic of 
the ‘‘Fe-Al’” or DO, superlattice. A very imperfect $-brass 
type superlattice remains above 7’, in alloys containing more 
than 25 at.% aluminium. Whether more dilute alloys do so 
is uncertain.‘®) 
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Fic. 1. Order parameter S of two iron—aluminium alloys as a function of 
temperature, from high temperature diffractometer data.‘ 
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LAWLEY, AND 
revealed that at the critical temperature 7’,, there is 
a local maximum in the flow stress of Fe,Al, measured 
as a function of temperature. Lihl and Stickler“*? 
recently published data on the mechanical properties 
of the alloys, but these unfortunately stop short of 7'., 
which is at 540°C. 


2. EXPERIMENTAL METHODS 

Three alloys were examined, containing (A) 24.8, 
(B) 25.5 and (C) 27.8 at.®% aluminium. All were cast 
in vacuo and were of high purity. The carbon content 
did not exceed 0.03 wt.°%. The ingots were hot- 
rolled, homogenized in vacuo at 800°C and cold-rolled 
into 1 mm sheet. Tensile samples were milled from the 
sheet and subsequently recrystallized at 800°C in 
vacuo. The mean grain diameter after recrystallization 
in the three alloys was in the range 0.11—0.15 mm 

Tensile tests were carried out on a self-recording 
tensile machine. Stress was chart-recorded by means 
of a circuit of strain gauges fixed to a steel beam, and 
the strain rate (elastic plus plastic strain) was held 
accurately constant at 0.6 per cent/min by means of a 
In no case was there 


servo-controlled crosshead drive. 
any hint of discontinuous yield, and therefore the flow 
stress was taken as that stress which produced 0.02 


per cent plastic strain (i.e. a “0.02 per cent proof 


stress’). 

Since it was intended to quench from many different 
temperatures so as to obtain a wide range of states of 
order, an excessive number of specimens would have 
been required if a separate one had been used for each 
test. Accordingly, tests were performed to find out 
whether a single specimen could be used repeatedly. 
A sample was quenched from 800°C and strained 
plastically by 0.15 per cent (which led to about 15 per 
cent increase of flow stress due to work-hardening), It 
was then re-annealed 2 hr at 800°C, quenched and 
stretched again to 0.15 per cent strain. This sequence 
was repeated several times. Within the measuring 
error of +1 per cent, the flow stress was the same and 
the stress-strain curves were all accurately super- 
posable. Further tests* showed that substantially 
complete recovery of flow stress could be achieved 
after prestrains as large as 2 per cent, by annealing at 
800°C. Apart from some results with Mg—Li alloys 
(J. E. 
amples are known of the complete recovery of a cold- 
worked polycrystal, and this is highly unexpected in 
terms of dislocation theory. Mg—Li alloys possess 
substantial short range order, and it is conceivable 


Dorn, private communication), no other ex- 


* We are indebted to Messrs. K. H. G. Ashbee and J. C. 


Terry for performing these experiments. 
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that this phenomenon of total recovery is linked in 
some way with the presence of order. 

In view of these satisfactory results, a single speci- 
men was used for each series of tests, and a 1-2 hr 
recovery anneal at 800°C was given after each indi- 
vidual test. The plastic strain imparted during each 
test was 0.15 per cent (alloys A and C) or 0.05 ver cent 
(alloy B). 


cross-section so as to derive true stresses. 


Corrections were applied for changes in 


Three distinct types of annealing programme were 
applied to the specimens 
(1) Alloys A and C. 


recovery anneal in vacuo, the temperature was then 


The sample was given a 


reduced to T9 at which it was desired to equilibrate 
still in vacuo, the 


sample was quenched into silicone oil. This 
which 


the sample, and after 3 hr at 7 
whole 
sequence was repeated for different To, were 
chosen in a random sequence. 

(2) Alloy A. 


anneal in vacuo, oil quenched, immersed in a salt bath 


The sample was given a recovery 


at 440°C for a time ¢t, and water quenched; the flow 
stress was then determined. This was repeated for 
different ¢ between 0 and 60 min, in random sequence, 
a recovery anneal being interpolated between succes- 
bath 


gramme was to investigate the effect of isothermal 


ive salt treatments. The purpose of this pro- 
domain growth. 

(3) Alloy B. 
elaborate heat treatment shown schematically in Fig. 
2. A sojourn of 1 hr at 500°C, just below 7’, 


The sample was given the more 


was 


included to ensure sufficient growth of antiphase 
domains so that their dimensions would not play any 
role in determining the flow stress. The subsequent 
heat treatment (here illustrated for T'9 300°C) was 
the degree of order 
After heat 


vacuum 


so arranged as to ensure that 


characteristic of 7’, was fully attained. 


Q 
treatment, which took place in a vertical 


furnace sealed at its base by a thin sheet of tough 
plastic, the sample was quenched through the plastic 
sheet into water. This was done since X ray diffraction 
data had shown that oil quenching was not fast enough 
to preserve the high temperature structure exactly. 
Here again, quenching temperatures were chos¢a in 
random sequence and some were repeated; in this 


way, any cumulative inadequacy in the recovery 


anneals would have been detected. 
Some exploratory experiments were also performed 
on the Vickers hardness of an alloy containing 19.4 


at.°{ aluminium, in which only short range order is 


formed.) 
3. EXPERIMENTAL RESULTS 
Figure 3 shows the flow stresses of two samples of 


alloy A, treated according to programme (1); the 
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treatment 


Temperature, 


Heat treatment:case of 
quenching temperature 300 °C 


1961 


Equilibrium order 
|treatment 


Time, hr 


10 


Fic. 2. Typical heat treatment programme for alloy B. 


samples received all heat treatments together. The 
close agreement of the curves shows that any variation 
in composition or structure as between different parts 
of the rolled ingot had negligible effect on the flow 
stress. The vertical lines indicate the estimated ran- 
dom error in determining the flow stress. The varia- 
tion of flow stress with quenching temperature is not 


great (note the depressed zero on the ordinate), but 
the reproducibility of points which were repeated, 
and the smoothness of the curves connecting the 


points, are excellent. 


A peak flow stress occurs for T'g = 540°C = T,,, 
the critical temperature for the onset of ordering. 
However, X-ray diffraction measurements (cf. Fig. 17 
of Ref. 9) show that, after quenching from 7’,, alloy 
A is not entirely disordered. If the massive sample 
behaves like a sample compacted from filings such as 
was used for the X-ray work, the alloy A, quenched 
from = has an order parameter S = 0.40.5. 

Figure 4 shows similar data for three samples of 
according to programme 


alloy C, heat treated 


Figures indicate order 
of testing 


0.02% proof stress, 


Specimen 
Specimen 


Grain size O 


Quenching temperature, °C 


Fic, 3. Flow stress as a function of quenching temperature, alloy A. 
Oil quenches. 
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p.S.i. 


proof stress, 


35,000 


Figures indicate 
Grain size 0.14 mm 


0.02 % 


Li- 


order of 


02% proof stress, 


ry 
VU 


test o Specimen | 
@ Specimen 2 


Specimen 3 


500 


600 
Quenching temperature, 


or 


Fic. 4. Flow stress as a function of quenching temperature, alloy C. 
Oil quenches. 


Strain rate 


o 
@ 
° 
= 
a 
° 
O 


0.006/min 


Nh 


Quenching temperature, 


Flow stress as a function of quenching temperature, alloy 
Water quenches 


Again mutual agreement is excellent. No information 
is available on the adequacy of oil quenching of this 
alloy, and no structural discontinuity is known which 
might correspond with the step at 800°C. Fig. 5 shows 
the result of the more careful heat treatment imparted 
to alloy B. Unlike Fig. 3, the sharp maximum in flow 
stress is at a temperature slightly above 7’... Another 
difference from Fig. 3 is the rising form of the curve 
well below 7’ 

For comparison with Figs. 3 and 5, Fig. 6 shows flow 
stresses determined by Kayser" in tensile tests, at 
temperature, of an alloy identical in solute content to 
our alloy A. Kayser’s data for an alloy of the same 
composition as alloy C gave a plot similar to Fig. 6. 

Figure 7 shows triplicate results obtained by iso- 
thermal anneals of various duration at 440°C (pro- 


3 


gramme 2), and the expected maxima in flow stress 
are observed for quite short annealing periods, 
Figure 8 shows the results of the exploratory experi- 
ments on the 19.4 at alloy.* According to diffuse 
X-ray scattering experiments, the degree and range 
of short range order of this alloy increase with de- 
creasing annealing temperature. Formally, this order 
can be regarded as an imperfect long range order with 
minute antiphase domains, whose mean size may be 


X-ray short 


order peak. The domain size so determined, and the 


estimated from the width of the range 


hardness, are plotted in Fig. 8 as a function of the 


equilibration temperatures from which the alloy 


samples were quenched. As might be expected in 


* This work was performed by Dr. R. G. Davies 
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Strain rate =O.02/min 


Flow stress as a function of test temperature, alloy containing 


24.8 at.% Al, 


psi 


0.04 at.% C. 


Figures indicate order of test 


size 


(After Kay ser !)) 


0.12 mm 
Specimen | 


Specimen 2 
Specimen 3 


SP 
70,000 


° 
Q 

O 
O 


40 50 


Time of anneal at 440°C, min 


+. 7. Flow stress as a function of annealing time at 440°C, 


alloy A. 


view of the earlier work on Cu,Au,")?) hardness 
increases with size of the domains when these are only 


a few lattice parameters in extent. 


4. GENERAL DISCUSSION 
We shall summarize the various physical processes 
that have been proposed as determining the flow stress 


of cubic ordered alloys, and then examine which of 


these may be relevant to the present results. 


4.1 Antiphase domain siz 
Cottrell" first pointed out that domain size should 


affect the flow stress in two ways: (a) the smaller the 


Water quenches. 


domain size, the more quickly does the alloy disorder 
at the beginning of slip, therefore the harder it is 
to begin slip, and (b) the smaller the domain size, the 
nearer the alloy is to being disordered before slip 
begins, and therefore the softer the alloy should be. 
The counterbalance of these two effects leads to the 
prediction of a maximum flow stress for a particular, 
small domain diameter. The calculation, as Logie“ 
showed, is sensitive to the effective thickness assumed 
for the disordered layer at a domain boundary. 
Strictly speaking, the order parameter within the 
domains is another relevant 


parameter; however, 


there is no way of controlling this independently of the 
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or 


Temperoture, C 


Fic. 8. Microdomain size and associated Vickers hard- 
ness of alloy containing 19.4 at.% Al, as a function of 
quenching temperature. 


domain size for very small domain diameters, and in 


any case the order parameter has no well-defined 


meaning so long as domains are only a few atoms 
across. 

Flinn“® has recently derived a formula according 
to which the flow stress varies inversely as the domain 
diameter, once the domains have grown beyond the 
size corresponding to peak flow stress, and for a given 
degree of order within the domains. 


4.2. Thickness of domain boundaries attached to 
dislocations 

Brown has drawn attention to the fact that in a 
highly ordered superlattice, dislocations must move 
in pairs joined by a ribbon of domain boundary (a 
“superdislocation’’), and that the equilibrium thick- 
ness of such a boundary (i.e. the thickness of dis- 
ordered alloy either side of the boundary plane) must, 
for thermodynamic reasons, increase with temperature. 
If an alloy, therefore, is equilibrated at an elevated 
temperature and then mechanically tested, the dis- 
locations glide together with their domain boundary 
ribbons and the thickness of the latter then decreases 
becau~. (it is postulated) there is not time for diffusion 
to re-arrange the atom pairs lying in or near the 
constantly changing positions of the domain boundary 
ribbons. This process results in an effective restraining 
The effect 
is approached, it 


force on the dislocations. increases with 
increasing temperature until, as 7’, 
decreases again because the alloy is then nearly dis- 
ordered throughout, so that the order in the boundary 
ribbon cannot differ much from that within the do- 


mains. Also, at high temperatures the assumption 
concerning relative slowness of diffusion breaks down. 
In terms of this theory, Brown explains the maximum 
observed in the flow stress of f-brass measured as a 
which at a 


function of temperature, and comes 


temperature at which S > 0.9. 

By extension, a similar maximum should be found 
if the room temperature flow stress is measured of 
alloy samples quenched from various temperatures, 
always assuming that the state of order and domain 
boundary structure characteristic of high temperature 
is adequately quenched-in. If this condition is met, 
the 
pronounced in the quenched alloys than in those 


maximum in the flow stress should be more 


tested at temperature, since the postulate of slow 


diffusion is much better satisfied at room temperature. 


4.3. Dislocation climb in an ordered lattice 


Flinn”’® has proposed an alternative explanation 


for a maximum in the flow stress at 
below 
of 


climb, dragging domain boundary 


a temperature 
As the temperature rises, an 
to 


somewhat 


increasing rate diffusion allows dislocations 


with them, and 
leading to geometrical inhibition of slip. Further rise 
of temperature makes diffusion so fast that atomic 
re-arrangement can keep pace w ith dislocation motion, 
enabling the associated domain boundaries to migrate 
more easily through the lattice. Evidently, a maxi- 
mum flow stress due to this effect should vanish when 
tests at 


quenched from various temperatures, since there will 


are done room temperature on samples 


be little or no diffusion and hence no climb. 
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4.4. Ordering in the stress field of a dislocation (Sumino) 


Stress-induced alignment of pairs of solute atoms 
of the that 
torsion pendulum experiments, can take place in the 


kind gives rise to internal friction in 


stress field surrounding an edge dislocation. Recent 
experiments"? and computations"®) leave little doubt 


that such alignment of carbon atoms is indeed re- 


sponsible for part of the yield point increment after 


strain-ageing of mild steel. Sumino™® has considered 
this effect for the case of concentrated substitutional 
the 


oriented short range order,must replace the simpler 


solid solutions (though here concept of an 
concept of oriented atom pairs), and he also con- 
siders the complications introduced by the onset of 
spontaneous long range order below some critical 
temperature 7',. Long range order will evidently 
interfere with,the development of oriented short range 
order in the stress fields of dislocations, and accord- 
ingly Sumino’s caléulations predict a maximum in 
the dislocation locking force, at 7... This maximum 
is sharp towards lower temperatures, and more gradual 
on the high temperature side, where the effect discuss- 
ed under Section 4.5. below takes over control. There 
seems to be no reason why this mechanism should 
not operate equally in the case of an alloy quenched 
from a temperature near 7'.. 

A probable consequence of this kind of locking 
would appear to be a stress drop following yield, or at 
least a sharp yield point, such as was for instance 
observed by Ardley" when testing Cu,Au crystals 


near 


.5. Short range order hardening 


This concept, due to Fisher), has frequently been 
invoked. It is based on the effective restraining force 
exercised upon a dislocation moving through a short 
range ordered alloy by the creation of an excess of 
“wrong” over “right”? atom pairs across the plane 
swept by a moving dislocation. The higher the degree 
of short range order, the higher the restoring force and 
the flow stress. There is no reason why this type of 
process should be associated with a sharp yield point. 

As Ardley” points out, a superdislocation moving 
through an almost perfect superlattice is restrained by 
the wrong bonds created by its passage, in just the 
same way as a simple dislocation moving through a 
short range ordered lattice. The flow stress will in- 
crease, in the first case as the disorder increases, in the 
second case as the short range order increases. A 
intermediate 
0.5. 


maximum should be found for an 


degree of long range order, somewhere near S 
(Brown’s®) experimental results on f-brass, with a 
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maximum flow stress for S > 0.9, could not be ex- 


plained on this basis.) 


5. DISCUSSION OF IRON-ALUMINIUM ALLOYS 


The interpretation of the results obtained in this 
investigation is complicated by the following con- 
siderations: 

Oil quenching does not fully retain the high tempera- 
ture structure. Water quenching is better in this 
respect, but even then some order of the Fe,Al type 
is created during a quench from above 7',, according 
to recent X-ray and magnetic evidence..?1,22) 

Alloys containing more than 25 at.°{ aluminium, 
and probably also those containing slightly less, 
retain a much reduced form of order (according to the 
Where the Fe,Al super- 
lattice disappears. This complication is added to that 
noted in the preceding paragraph, and will tend to 
increase the amount of order in a sample quenched 
from 7’, or higher. 

The above considerations leave no doubt that the 
heat treatments resulting in peak flow stress in Figs. 


3 and 5, namely quenches from temperatures near T7',, 


f-brass pattern) above 7’ 


leave an appreciable degree of long range order in the 
alloys, which may approach S = 0.4 in the case of 
alloy A. 

Kayser’s high temperature flow stress data (Fig. 6) 
also show a maximum strength exactly at 7',, and 
moreover the effective height of the maximum (Ao/¢o 
in Fig. 6) is, unexpectedly, much greater in Fig. 6 than 
it is in Figs. 3 and 5. This suggests that the flow stress 
at temperature is not determiried by exactly the 
same physical factors as that in the quenched 
alloys. 

Referring to the processes set forth in Section 4 
above, Flinn’s dislocation climb criterion may contri- 
bute to fixing the flow stress at temperature. Of all 
the processes listed, only this one would be effective 
at temperature but not in quenched alloys. However, 
if this process does play a part, it is a mere coincidence 
that the peak flow stress should come so close to T',. 
Process (4.3.) certainly cannot be the principal deter- 
mining factor, since it cannot account at all for the 
peak flow stress found in the quenched alloys. 

The operation of Sumino’s process, ordering in the 
stress fields of dislocations, can neatly account for the 
near coincidence of peak flow stress with 7’, in Figs. 3, 
5 and 6, and in particular for the remarkable sharpness 
of the peaks. The tendency to form oriented short 
range order in a stress field is pronounced in iron— 
aluminium alloys,“*.?%) and the dislocation locking 
process suggested by Sumino is therefore quite feasible. 
The strength of the locking would be primarily 
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determined by the state of long range order at tem- 
perature before quenching, but some additional order- 
ing during quenching could reduce the firmness of the 
locking. As the quenching temperature is raised above 
T’., less additional ordering occurs during quenching; 
in this way, we could interpret the fact that the peak 
flow stress for alloy B is found for a 79 slightly 
greater than 7’... The fact that Ao/o is higher at 
temperature than for the quenched alloys, and the 
absence of a sharp yield point, are not readily ex- 
plained in terms of Sumino’s model. However, while 
the locking of individual dislocations by an impurity 
atmosphere or by short range order is a necessary 
condition, it is not a sufficient condition for an ava- 
lanche of dislocations to be released all at once.) It 
is not safe, therefore, to draw conclusions from the 
absence of a sharp yield point. 

Brown’s process (Section 4.2.) is also a possible 
interpretation of the results, although it must be 
pointed out that the order parameter for peak 
strength in £-brass, for which Brown originally de- 
veloped his model, is more than 0.9. which much 
exceeds the degree of order present at peak flow stress 
in our alloys. Also, in terms of Brown’s model, again 
Aa/o should be considerably greater in the quenched 
alloys than when measurements are made at tempera- 
ture. This process can with fair confidence be ex- 
cluded. 

Fisher's short range order hardening, as adapted for 
the case of imperfect long range order, could adequate- 
ly account for all the results obtained for alloys A 
and B, although the sharpness of the peaks in Figs. 3, 
5 and 6 are unexpected on this basis.* We suggest that 
the flow stress of these alloys is probably determined by 
a combination of the Sumino and Fisher mechanisms, 
the latter predominating for T, > T.. 

The data relating to the more concentrated alloy C, 
shown in Fig. 4, show a slight maximum in flow stress 
distinctly below 7',, with a steep drop towards lower 
quenching temperatures. Brown’s process could well 
be operative in this case, whereas Sumino’s probably 
is not. The when 7'9 
exceeds 800°C is difficult to explain. There is at this 


sudden rise in flow stress 


composition a slight dilatometric singularity at about 
900°C,'25) believed due to the final disappearance of 


order, but there is no evidence for any discontinuity 
specifically at 800°C. Similar sudden changes in flow 
stress as a function of quenching temperature were 


* On the basis of Fisher’s model, a sharp maximum of the 
flow stress near 7’, might be related to the clustered distri 
bution of ‘‘wrong”’ atoms at temperatures just below 7’, ia 
(This is the type of structure which is sometimes, rather 
confusingly, termed ‘‘partial long range order with super 
imposed short range order’’). 
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found for Cu,Au quenched from the short range order 
region,’®) and here again no convincing explanation 
A sharp change in the con- 
defects 


responsible for the 800°C step in Fig. 4, or perhaps 


has been forthcoming 


centration of quenched-in point may be 
vacancies are generated during the quench as proposed 
by Brown). An alternative possibility is that there 
is a brusque reduction in the size of the antiphase 
domains (ordered according to the f-brass pattern) 
near 800°C. 


(21) 


A remark on p. 25 of Taylor and Jones’ 
paper,‘*)) concerning the fairly sudden broadening of 
superlattice lines with increasing temperature, is in 
accord with this interpretation. This appears a more 
reasonable interpretation of a sudden change in the 
flow stress than any explanation in terms of the 
quenched-in vacancy concentration 
The isothermal annealing results of Fig. 

general accord with similar findings for Cu,Au, and 
Cottrell’s Section 
4.1. above. X-ray measurements of the kinetics of the 
that the 


with mechanism discussed under 


establishment of long range order show 
annealing times required to give maximum flow stress 
in Fig. 7 do not suffice to attain the equilibrium order 
These 


with some critical combination of domain 


parameter. maxima are therefore associated 
size and 
transient order. The flow stress levels off for longer 
annealing times, and there is no sign of the continued 
variation of flow stress with domain size proposed by 
Flinn. The hardness results for the dilute alloy (Fig. 
8) so far as they go, are again consistent with the 


operation of Cottrell’s mechanism. 
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THE FORMATION OF SHORT RANGE ORDER 
IN QUENCHED GOLD-COPPER ALLOYS* 


B. M. KOREVAAR?t 
The effect of quenching and annealing on the short range order-induced resistivity of five gold—copper 


alloys with 1.5, 4.6, 7.5, 14 and 25.4 at.% copper was determined. The movement of lattice defects 
during annealing results in the formation of short range order, which causes an increase of the resistivity 
in gold—copper alloys. The equilibrium value of the order, as given by the resistivity change, increases 
with increasing Copper content of the alloys and for a given alloy decreases with increasing temperature 
Using a method given by Gibson the resistivity change caused by the ordering was calculated from the 
values of Cowley’s short range order parameters. The agreement between the experimentally determined 
and the calculated change of the order-induced resistivity with temperature proved to be reasonably 
good. From the resistivity increase during annealing, energies of formation and movement of the lattice 
defects operating during the annealing process were determined. The formation of short range order 
appears to be caused by the movement of single vacancies. 

DANS LES ALLIAGES D’OR-CUIVRE 


PETITE DISTANCE 


TREMPES 


LA FORMATION D’ORDRE A 


Les auteurs ont déterminé par des mesures de résistivité l’effet de la trempe et du revenu sur la forma 


tion d’ordre a petite distance dans des alliages d’or et de cuivre a 1,5, 4,6, 7,5, 14 et 25,4% atomiques de 
cuivre. Le mouvement des défauts du réseau durant le revenu a pour effet la formation d’un ordre a petite 
distance, qui a pour effet une augmentation de la résistivité des alliages or—cuivre, La valeur d’équilibre 


de l’ordre, ainsi qu’elle est donnée par les variations de résistivité, augmente avec des teneurs croissantes 
de la teneur en cuivre de l’alliage et, par un alliage déterminé, décroit pour des températures croissantes 
En utilisant une méthode indiquée par Gibson, la variation de résistivité oecasionnée par le vide a été 
calculée en se basant sur les valeurs des paramétres de Cowley de l’ordre & petite distance 

La concordance avec les résultats expérimentaux et la variation calculée de la résistivité en fonction 
de lordre avec la température est raisonnablement bonne. A partir de l’augmentation de résistivité au 
cours du revenu, les auteurs ont déterminé les énergies de formation et de déplacement des défauts du 
réseau intéress durant le revenu. La formation d’ord d’ordre a petite distance semble étre causée par le 


mouvement de simples lacunes. 


NAHORDNUNG IN ABGESCHRECKTEN 
KU PFER-LEGIERUNGEN 


DER 
GOLD 


EINSTELLUNG 


Der EinfluB von Abschrecken und Gliithen auf den Widerstand, der von der Nahordnung herriihrt, 
14 und 25.4 Atom% Kupfer bestimmt. Die 
bei Gold 


Ordnung 


wurde bei fiinf Gold—Kupfer-Legierungen mit 1.5, 4.6, 7.5, 
Bewegung der Gitterfehler wahrend des Gliihens fiihrt zur Einstellung der Nahordnung, die 
Der 
nimmt bei zunehmendem Kupfergehalt der Legierungen zu 
Hilfe Methode von 


Gibson wurde die Widerstandsaénderung infolge der Ordnungseinstellung aus den Werten von Cowleys 


Kupfer-Legierungen eine Widerstandszunahme bewirkt Gleichgewichtswert det 
gegeben durch die Widerstandsanderung 
und nimmt bei einer festen Legierung mit zunehmender Temperatur ab. Mit einer 
Nahordnungs-Parametern berechnet. Die Ubereinstimmung zwischen der experimentell bestimmten und 
der berechneten Temperaturabhangigkeit des von der Ordnung herriihrenden Widerstandes erwies sich 
Aus der 


Wanderungsenergie der Gitterfehler, die wahrend des Gliihens wirksam sind 


als einigermaBen gut. Widerstandszunahme wahrend des Gliihens wurden Bildungs- und 


bestimmt. Die Einstellung 


der Nahordnung scheint durch die Bewegung von Einzelleerstellen hervorgerufen zu sein 


1. INTRODUCTION range order. In the Au,Cu alloy prolonged annealing 


In two earlier papers the results were given of at temperatures below 200°C caused a decrease of the 


resistivity owing to the formation of long range order. 


quenching and annealing experiments on two gold 


‘copper alloys containing about 7.5 at.°, Cut and The ordering was brought about by the movement 


25.4 at.% 


Cu respectively. In these experiments of vacancies, which were trapped in the lattice during 


wires with a diameter of 0.25 mm were quenched in 
water from different initial temperatures and annealed 
afterwards. The influence of these processes on the 
electrical resistivity was determined. 

increased 


In both alloys the resistivity initially 


during annealing as a result of the formation of short 


* Received June 20, 1960. 
+ Laboratory for Technical Physics, Delft, Netherlands. 
+ The copper content of this alloy was erroneously given as 
7 at.% in the earlier paper. 
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quenching. The equilibrium value of the short range 
order decreased regularly with increasing temperature 
150°C. Above this the 


equilibrium of the order ( ould ho longer be determined, 


up to about temperature 
because of additional ordering during cooling to room 
tem perature. From the dependence of the rate of the 


resistivity increase, during annealing at constant 


temperature, on the quenching temperature the for- 
mation energy of vacancies could be determined. 


The activation energy for movement of the vacancies 
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was found from the velocity of the resistivity in- 
crease in wires which were quenched from the same 
temperature and then annealed at different tempera- 
tures. 

In this paper the results are given of similar 
experiments on three other gold—copper alloys con- 
taining respectively 1.5, 4.6 and 14 at.% copper. To 
compare the results of the earlier experiments with 
those presented in this paper some of the earlier 


results are again included. 


2. EXPERIMENTAL METHODS 

The experimental methods used in this investigation 
have been described in one of the earlier papers.‘® 
The wires were heated electrically to the quenching 
temperature in a protective atmosphere of purified 
nitrogen. Quenching was effected by bringing the 
wires in a Horizontal position into water of 5°C. All 
resistivity measurements were carried out in a liquid 
nitrogen bath with a five-decade Diesselhorst potenti- 
ometer. Annealing temperatures ranged from 0-300°C, 


3. MATERIALS 
The compositions of the alloys used in these and in 
the earlier investigations are listed in Table 1. 
A spectrographical analysis of the impurities in 
these alloys gave the following results: 


Ag: 0.5%, 
Si: 0.05° 
00 


Fe: 0.02° 


00 


Mg: < 0.02% 


materials were drawn (through dies) from an 


The 


initial diameter of 0.5 mm to 0.25 mm. The wires 


obtained in this way were vacuum annealed for about 
3 hr at temperatures of 100°C below the melting 
points of the alloys. After annealing the wires were 
slowly cooled in the furnace. The grain size after this 
treatment was of the order of the wire diameter. All 
materials were partly (short range) ordered after 
cooling. 
4. EXPERIMENTAL RESULTS 

4.1. Quenching experiments 

For the determination of the quenching temperature 


the resistivities of all alloys were measured as a 
TABLE | 


Composition (at. 
Alloy 

Gold Copper 
98.47 
95.36 
92.44 
85.83 
74.60 


Au-1.5 at.% Cu 
Au—4.6 at.% Cu 
Au-—7.5 at.% Cu 
Au-14 at.% Cu 
Au,Cu 
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Initial resistivities of the alloys 
at 195°C and 20°C 


TABLE 2. 


Resistivities (4402 em)* 
Alloy 

195°C 20°C 
1.13 
2.30 


Au-1.5 at.% Cu 8 
3.30 


Au-—4.6 at.% Cu 
Au-7.5 at.% Cu 
Au-14 at.% Cu 
Au,Cu 


5.80 
9.20 


* The accuracy of these values is +0.1 “Q cm. 


function of temperature. The resistivities in the initial 
—195°C (liquid 


In Fig. 1 the 
195°C as a function of the copper 


(furnace cooled) state measured at 
nitrogen) and 20°C are given in Table 2. 
resistivity at 
content of the alloys is given. The change of the 
resistivity at 195°C, caused by quenching from 
successively higher temperatures, is qualitatively the 
same in all alloys. Up to a temperature of 150°C the 
resistivity remains nearly constant, from 150°C up to 
about 450°C a gradual decrease of the resistivity takes 
place, because of the disappearance of short range 
order. Above 450°C the resistivity after quenching 
again shows an increase. 

The decrease in the resistivity between 150 and 
450°C 
copper content of the alloys. The resistivity increase 


becomes more pronounced with increasing 
on quenching from temperatures above 450°C is, to 
some extent, caused by trapped vacancies, it is further 
attributed to the renewed formation of short range 


order by the movementof vacancies during the quench. 


4.2. Annealing experiments after quenching 


Three series of annealing experiments were made 

with all alloys. 

(1) Annealing experiments at different tempera- 
tures between 0 and 300°C after quenching from 
about 450°C. 

(2) Annealing experiments at different tempera- 
tures between 0 and 300°C after quenching 
from about 900°C. 

(3) Annealing experiments at 40°C after quenching 
from different temperatures. 

After quenching from 450°C only an increase of the 
resistivity is found during annealing. After quenching 
from 900°C this increase is followed by a decrease of 
the resistivity. The resistivity increase is explained 
by the recovery of the short range order, the following 
decrease by the annihilation of the vacancies remain- 
ing in the lattice after the equilibrium value of the 
short range order has been reached. (An insufficient 


number of vacancies is present after quenching from 
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Resistivity at_195°C in uNcm 


RANGE 


ORDER IN Au-Cu ALLOYS 


1 | 


10 


Fic. 1. Change of the resistivity at 


i 
20, 22 24 26 


Atomicpercent Cu 


195°C as a function of the copper content of 


the alloys. The dotted curve gives the resistivity after quenching from 450°C, 


450°C to give a measurable resistivity decrease after 
completed ordering.) For the behaviour of the resis- 
tivity of the Au,Cu alloy the above description only 
holds good above the critical temperature for long 
range order.) The resistivity increase of the alloys 
during annealing, given in per cent of the resistivity 
after with 
copper the 
short range order. The absolute value of the resistivity 


quenching, becomes larger increasing 


content in accordance with increasing 
decrease is nearly independent of the copper content, 
which means that the vacancy concentration after 
quenching is about the same in all alloys. 

From the results of the annealing experiments the 
change with temperature of the resistivity increase, 
caused by the equilibrium value of the short range 
order, has been determined up to 450°C. The results 
of these determinations are given in Fig. 2 (full 
curves). In this figure the resistivity increase of an 
alloy is given in per cent of its resistivity after 
quenching from 450°C. To determine the absolute 
value of the resistivity increase caused by the short 
range order, the relative increase given in Fig. 2 has 
to be multiplied with the resistivity of the alloy as 
given in Fig. 1. 

After quenching from 900°C as well as from 450°C 
the activation energy for movement of vacancies was 
determined from the temperature dependence of the 
velocity of the resistivity increase during annealing 
on the assumption that the jump frequency of the 


vacancies is directly proportional to this velocity. 

For the alloy Au-1.5 at. ° 
could not be obtained in this way after quenching 
from 900°C, as the 


appears in this alloy is partly eclipsed by the following 


, Cu the activation energy 
small) resistivity increase which 
resistivity decrease, which is large in proportion to 


the this 
however, an (inaccurate) value of the activation energy 


increase caused by the ordering. In case, 
was determined from the resistivity decrease caused 
by the disappearance of the vacancies. 

The third series of annealing experiments was used 
formation energy of 


for the determination of the 


vacancies. This formation energy could not be ob- 
tained in the way currently used for pure metals, as 
the resistivity increase in the alloys after quenching 
high partly caused by the 


from temperatures 1s 


formation of short range order during quenching. 
Assuming that the initial velocity of the resistivity 
increase during annealing at 40°C is proportional to 
the number of vacancies trapped by quenching, the 
formation energy of vacancies could be determined 
from the slope of the graph of log initial velocity 
The for the 


Cu alloy is 


against 1/7’. value found in this way 


inaccurate because of the in- 


accurate determination of the ordering velocities in 
this case. 
The different 


have been collected in 


movement and formation 


Table 3. 


given the formation energy and activation energy for 


energies 


In this table are also 
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—————=— Increase in the resistivity in % 


500 
Temperature in°C 


Fic. 2. Change of the resistivity at 195°C caused by the change of the equilibrium 
value of the short range order as a function of temperature. The full curves 


were experimentally determined. 
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The dotted curves were calculated. 


1 


16 20 22 24 26 


Atomicpercent Cu 


Fic. 3. Experimentally determined (full curves) and corrected (dotted curves) 
formation energies (Qr) and movement energies (Q,,) of gold—copper alloys 
as a function of the copper content. 


movement of vacancies in pure gold, the determina- 
tion of which have been described elsewhere.“ 

In Fig. 3 the energy values of Table 3 are presented 
by the full curves as functions of the copper content 
of the alloys. 


5. DISCUSSION 
5.1. Effect of short range order on the resistivity 
The effect of short range order on the residual 
resistivity of Au-—Cu alloys has been treated by 
Gibson). Gibson derived a formula for the scattering 
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TABLE 3. Energies of formation and movement of zero order when %, 0 if i>O and Xp 1. For 
vacancies in gold and gold—copper alloys _ 
values of i > 2, F(y;,) is too small to make an impor- 


Energy of | nergy of movement (in tant contribution to the residual resistivity, the more 
eV) after quenching from 2 
Alloy formation so as the «, rapidly approach zero if i > 2. 
(eV) m 
, ca. 450°C ca. 900°C lhe calculation of the short range order parameters 
a, and a, by the method developed by Cowley has 


Au .94 + 0.06 0.66 + 0.03 
Au-1.5 at.% Cu 85 + 0.10 | 0.66 + 0.03 0.60 + 0.05 
Au-4.6 at.% Cu 89 + 0.05 | 0.65 + 0.03 0.63 + 0.03 gies necessary for these calculations were evaluated 
Au-7.5 at.% Cu .84 + 0.05 | 0.67 + 0.03 0.67 + 0.03 
Au-l4 at.% Cu 78 + 0.05 | 0.69 + 0.03 0.70 40.03 from the experimentally determined value for Au,Cu 

Au,Cu .74 + 0.05 | 0.78 + 0.03 under the assumption that the configurational energy 


been described elsewhere.) The configurational ener- 


2) 


V, is inversely proportional to the sixth power of the 
of electrons caused by short range order. After a average nearest neighbour distance of the atoms. The 
nearest neighbour distances used were taken from the 
work of Van Arkel and Basart". 

The results of the calculations of the short range 


p(:) a¢,Fly,) 
F order parameters and of the resistivity changes caused 


number of approximating simplifications this formula 


was reduced to the resistivity 


? , by the short range order are given in Table 4 for all 
where «, is Cowley’s short range order parameter) : 
for the shell around the origin and c, the number 
of the residual resistivities of the disordered alloys. 
of atoms in this shell. The summation must be taken : wae 
ie 2 : From Table 4 it appears that short range order per- 
over all shells around the origin until all atoms of the 450°C wi 
sists up to quite high temperatures. At 450 where 
lattice are accounted for. The function F(y,;) was E 
evaluated by Gibson who found for 7 ranging from 0 


alloys. The resistivity changes are given in per cent 


the resistivity after quenching shows a minimum, an 
to 5 appreciable amount of short range order still exists. 

It further appears that the order parameters decrease 

F(y,) = +0.8611 F 0.0023 

0 ¥3 

F(y,) = —0.0465 F(y,) = —0.0035 

F 0.0625 F (ys) 0.0002. 


regularly with increasing temperatures and decreasing 
copper content. Parameter «, shows a faster decrease 
than «, which means that the size of the ordered 


The formula for the resistivity also holds good for regions decreases. 


TABLE 4. Increase of the residual resistivity caused by short range order as calculated from the order parameters 


Nearest ; Temperature Increase of 
Alloy neighbour 
distance (A) 


residual res 


200 0.17 0.23 
250 0.14, 0.16, 
300 0.13, 0.14 
400 0.11. 0.10 


600 0.09 0.06 


Au,Cu 2.811 


Au-14 at.% Cu 2.842 257.k 60 0.11, 0.15 
100 0.10, 0.11 


200 0.09 0.07 
400 0.06, 0.03 


2.860 60 0.05, 0.04 
100 0.05 0.03 
200 0.04, 0.02. 
400 0.03. 0.01 


3 


60 0.03 0.01, 
100 0.03, 0.01, 
200 0.02, + 0.01, 
400 0.02, 0.00, 


Au-4.6 at.% Cu 


60 0.01, 0.00, 
100 0.01, 0.005 
200 0.01, 0.00, 
400 0.008 0.00, 


1.5 at.% Cu 


Boltzmann constant 


ol. 9 
961 

274.k* 21.0 
16.8 
14.7 
11.7 
8.4 
14.0 
11.6 
Au-—7.5 at.% Cu ».63 
2.867 244.k 3.05 
2.79 
2.31 
1.75 
Au- 2.875 240.k 0.95 
0.73 
0.61 

ton 

N 
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To compare the results of the resistivity calcula- 
tions with the experiments, the difference between the 
resistivity at —195°C and the residual resistivity must 
be taken into account. The residual resistivity can be 


The 


approximately computed with the aid of Fig. 1. 


dotted curves in Fig. 2 give the calculated changes in 


195 
the equilibrium value of the short range order above 
the value of 450°C. 
considering the approximational character of the 


the resistivities at caused by the increase of 


From Fig. 2 it appears that, 


calculations, a reasonably good agreement exists with 
the experimental results, especially for the alloys with 
the higher copper contents. 

In the alloy Au,Cu the decrease of the resistivity 
above 200°C, caused by the disappearance of the 
short range order is initially the same as the calculated 
value. Above 300°C, however, the experimental de- 
crease becomes less, which is probably caused by 
additional ordering during quenching from these tem- 
peratures, so that the true equilibrium value of the 
order cannot In the alloy Au-—14 at.% 
Cu there is also a disagreement at higher temperatures 
In the 7.5 at.° Cu 
In the alloys with 


be obtained. 


probably for the same reason. 
alloy the agreement is very good. 
1.5 and 4.6 at. °{ Cu the agreement is only qualitative, 
which is not very surprising considering the small 


copper contents of these alloys. 


5.2. Energies of formation and movement of vacancies 

The determination of the energy values given in 
Table 3 was based on the assumption that the in- 
crease of the resistivity during annealing is directly 
proportional to the number of vacancy jumps, that 
is to the product of the number of vacancies and the 
jump frequency. In this way a number of factors are 
neglected, which may be the cause of errors in the 
energy determination. These factors are: 

(a) Ignorance of the course of the order formation. 
Although the equilibrium values of the order param- 
eters may be calculated, nothing is known about the 
So it 


cannot be proved that the same resistivity increases 


way in which the equilibrium is approached. 


at different temperatures are equivalent with regards 
to the order formation. Nevertheless this is assumed 
to be true if the initial condition is the same and the 
temperatures are not too far apart. 

(b) The mean effect of a vacancy jump on the order 
This effect 


will be determined by the change of the free energy 


formation under different circumstances. 


when a vacancy jump causes a change of the order. 
This free energy change decreases with increasing 
order and temperature and becomes zero on the curve 
representing the equilibrium of the order as a function 
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of temperature (Fig. 2). An estimation of the error 
made by neglecting this effect in the energy determina- 
The 
energy for movement of a vacancy as given in Table 
3 is too low, the error being less than 0.06 eV. The 
maximum corrected values of the movement energy 
The formation 


tions was made™) with the following results. 


are given by a dotted line in Fig. 3. 
energies are also too low, the corrections being zero 
for the alloys Au-1.5 at.°, Cu and Au-4.6 at. Cu, 
0.05 eV for the 7.5 at.°% Cu alloy, 0.08 eV for the 
alloy with 14 at. °% Cu and 0.15—0.20 eV for Au,Cu. The 
corrected values are also given by a dotted line in 
Fig. 3. 

(c) Formation of double vacancies. 
theories given by Koehler et al. and by Kimura et 
al.) the formation of double and multiple vacancies 


According to 


during the quenching process and possibly also during 
the annealing process must be expected. According 
to the calculations of Dienes and _ co-workers‘*:!® 
double vacancies have a smaller activation energy for 
movement than single vacancies, while multiple vacan- 
The formation of 


double vacancies on quenching from 450°C must be 


cies are practically immovable. 


considered highly improbable, so the movement energy 
found after quenching from 450°C has to be attributed 
to single vacancies. After quenching from 900°C, 
where the formation of double vacancies must be 
expected, the same activation energy is found as after 
quenching from 450°C, so it may be assumed that the 
same lattice defects are responsible for the resistivity 
inctease during annealing in both Another 
proof that these cannot be double vacancies is found 
in the low value of the energy of formation of the 
defects. If double vacancies were the cause of the 
resistivity increase, the formation energy ought to 
From the 


arguments mentioned above it must be concluded 


have about twice the value actually found. 


that double vacancies either are not formed or do 
not influence the order formation. 


5.3. Lattice defects responsible for the resistivity changes 
during quenching and annealing 

In the last section the conclusion was arrived at 
that double vacancies not 
(greatly) affect the order formation in the alloys. The 
first assumption is in disagreement with the theories 
of Koehler et al. and Kimura et al. The activation 
energies for movement of single vacancies found in our 


are not formed or do 


experiments are lower than the movement energy as 
determined by Bauerle for pure gold“! on which the 
above theories were based. From a rough estimation 
of the vacancy concentrations in the alloys it follows 
that these certainly are not less than in pure gold. 


Vol. 9 
1961 


KOREVAAR: 


As, especially for the alloys with small copper contents, 
it does not seem likely that the binding energy of 
double vacancies will be very different from the bind- 
ing energy in pure gold, it must be concluded that the 
formation of double vacancies in the alloys is just as 
likely as in pure gold. The second assumption leaves 
room for two possibilities. First, double vacancies may 
not affect the order when moving through the lattice 
and, secondly, double vacancies may not move during 
annealing. 

The first possibility does not seem likely, although 
owing to the restricted movableness of a double 
vacancy (only the four mutual nearest neighbours of 
the combined vacancies can jump into the double 
vacancy) the order formation by the movement of a 
double vacancy must be less than by the movement 
of a single vacancy. 

The second possibility means that either the move- 
ment energy for a double vacancy is very much 
smaller or is larger than for single vacancies. If the 
very energy for 


have a small 


double vacancies 
movement—e.g. 0.3 or 0.4 eV, as has been calculated 
by Bartlett and Dienes“’—they will have all been 
annihilated by the time the first resistivity measure- 
ment after quenching takes place, in which case only 
single and multiple vacancies can appear in the 


annealing process. 

A larger movement energy of the double vacancies 
is not in agreement with the expectations of Bartlett 
and Dienes. However, it must be deemed possible 
that a certain interaction exists in the alloys between 
copper atoms and double vacancies, which causes a 
relative increase of the movement energy of the double 
vacancies. In this case the theory of Kimura et al.‘®) 
of the quenching process can be mainteined. A 
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difficulty is only the movement energy of single 
vacancies in pure gold found by extrapolation of the 
energy values of the alloys (Fig. 3). This value (0.70 
eV) is lower than the value of Bauerle and Koehler 
(0.80 eV). 
extrapolation is justified. 


It must be doubted, however, whether this 
It is entirely possible that 
in pure material the movement energy increases again. 

The other suppositions lead to far greater difficulties 
with the explanation of the effects appearing during 


quenching and annealing of metals and alloys. 
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ENERGY CHANGES AND KINETICS OF ISOTHERMAL ORDERING IN Au,Cu* 


F. M. d’7HEURLE? and P. GORDON? 


Energy changes during the isothermal ordering of Au,Cu have been studied by means of microcalori- 
metry at temperatures ranging from 70 to 230°C. The kinetics of heat evolution were correlated with the 
formation of superlattice lines in a sample annealed below the critical temperature. For an alloy contain- 
ing 72.5 at.% gold the critical temperature was determined to be 212 1°C. The absence of a latent 
heat at the critical temperature is discussed together with the thermodynamic degree of the transforma- 
tion. From the heats experimentally observed the difference of internal energy between an ideally 
disordered and a perfectly ordered sample is calculated. 

In quenched samples, ordering occurs rapidly during annealing at temperatures of 100°C or lower. 
It is believed that the high rates of ordering observed at such low temperatures are due to the presence of 


quenched-in vacancies. 


VARIATION D’ENERGIE ET CINETIQUE DE MISE EN ORDRE ISOTHERME DANS Au,Cu 

La mise en ordre isotherme par la microcalorimétrie est étudiée dans Au,Cu a des températures variant 
entre 70 et 230°C. La cinétique de l’évolution de chaleur est mise en corrélation avec la formation de 
lignes de surstructures dans un échantillon recuit en dessous de la température critique. Pour un alliage 
tenant 72,5% at. d’or, la température critique est de 212 1°C. L’absence de chaleur latente a la 
temperature critique est discutée ainsi que le degré thermodynamique de la transformation. La différ- 
ence d’énergie interne entre un échantillon idéalement désordonné et un échantillon parfaitement 
ordonné est calculée & partir des chaleurs observées expérimentalement. 

Dans des échantillons trempés, l’ordre a lieu rapidement au cours d’un recuit & une température inféri- 
eure ou égale a 100°C. Il est supposé que les vitesses élevées de mise en ordre observées & ces basses tem- 
pératures sont dues & des lacunes retenues lors de la trempe. 
ISOTHERMER ORDNUNG VON 


ENERGIEANDERUNGEN UND KINETIK BEI Au,Cu 


Die Energieanderungen bei isothermer Ordnung von Au,Cu wurden mit Hilfe von Mikrokalorimetrie 
im Temperaturbereich 70° bis 230°C studiert. Bei einer Probe, die unterhalb der kritischen Temperaur 
gegliiht wurde, lieB sich die Kinetik der Warmeentwicklung in Beziehung setzen zum Auftreten von 
Fiir eine Legierung mit 72.5 Atom% Gold wurde die kritische Temperatur zu 
Das Fehlen einer latenten Warme bei der kritischen Temperatur wird zusammen 
Aus den experimentell beobach- 


Uberstruktur-Linien. 
212 + 1°C bestimmt. 
mit der thermodynamischen Ordnung der Umwandlung diskutiert. 
teten Warmen wird der Unterschied der inneren Energie zwischen einer ideal ungeordneten und einer 
vollstandig geordneten Probe berechnet. 

Bei abgeschreckten Proben verlauft die Ordnungseinstellung schon bei Gliihen bei oder unterhalb 
100°C schnell. Es wird vermutet, daB die hohen Ordnungsgeschwindigkeiten, die man bei so tiefen 
Temperaturen beobachtet, durch die eingefrorenen Leerstellen bedingt sind. 


1. INTRODUCTION below, whereas at higher temperatures only short 


Interest in the alloy system Au—Cu as a prototype range order is produced. Little is known about the 


for order—disorder transformations has led to a great 
deal of research on the compositions AuCu, and AuCu. 
Only a few relatively recent systematic studies“ 
have been made, however, on alloys corresponding 
to the composition Au,Cu. This has presumably been 
due to the low critical temperature for Au,Cu (just 
above 200°C) and the resulting sluggishness of the 
ordering reaction. X-ray evidence published by 
Batterman™) has indicated that this alloy can be 
annealed to a state of long range order at 198°C and 


* Part of a thesis submitted to the Illinois Institute of 
Technology by F. M. d’Heurle in partial fulfillment of the 
requirements for the Ph.D. degree. Sponsored by the Office of 
Naval Research. Received December 30, 1959; revised July 
5, 1960. 

+ Formerly at Illinois Institute of Technology; present 
address: IBM Research Center, Yorktown Heights, N.Y. 

t Illinois Institute of Technology, Chicago, Illinois. 
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kinetics of the ordering transformation, and data on 
the difference in internal energy between the ordered 
and disordered states is available only from the work 
of one investigator.“.*) The present study, largely by 
means of isothermal-jacket calorimetry and X-ray 
observations, was undertaken in an effort to provide 


more complete thermodynamic and kinetic data on 


the ordering of Au,Cu. 


2. EXPERIMENTAL DETAILS 
According to published results,” ordering of an 
Au-Cu alloy containing 75 at.% gold is extremely 
slow, while alloys with greater gold content will order, 
if at all, only in impractically long times. This is 
partly due to the decrease of the critical temperature 


with increasing gold content. In order to facilitate 


304 


Vol. 9 
1961 


D’HEURLE GORDON: ENERGY 


AND 


TO VACUUM 


CHANGES AND 


KINETICS OF ORDERING 


|TO GAS CYLINDER 


WATER COOLED CONDENSER 


To 
MERCURY MANOMETER | 


~ 


EXPANSION 


THERMOPILE 


- 


VERMICULITE 
/ INSULATION 
GLASS HELICES 


GOLD WIRE SEAL 


TO VACUUM PUMP 


Fie. 1. 


the experimental work in the present research a 
composition of 72.5 at.°% gold rather than the exact 


stoichiometric composition Au,Cu was selected for 


study. Samples were prepared by vacuum melting 
of gold and copper both of which were indicated by the 
suppliers to be of a purity better than 99.999 °%.* 
Checks by both X-ray and chemical means revealed 
+-0.5 at. 


The samples used for 


the samples to be homogeneous and within 
of the nominal composition. 
calorimetric measurements were bullet-shaped cylin- 
ders 1.5 in. long, either 0.370 in. or 0.250 in. in dia- 
meter, with a longitudinal hole 1 in. long, 0.080 in. in 


* The gold was obtained from the Sigmund Cohn Corpora- 
tion, Mount Vernon, N.Y.; the copper from the American 
Smelting and Refining Company, South Plainfield, N.J. 
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General diagram of calorimeter. 


diameter, extending from the bottom up. For the 
X-ray studies on a North-American Philips diffractom- 
eter the sample is a solid disc | in. in diameter, 
0.040 in. thick. 

Calorimetric carried out in 
the 


elements of which are shown schematically in Fig. 1. 


experiments were 


isothermal-jacket microcalorimeters, principal 
Except for minor changes this equipment is identical 
with that described previously by one of the present 
writers."*) Briefly, the method consists of measuring 
as a function of time the small temperature difference 
between a sample undergoing transformation and a 
The 


temperature is provided by a jacket filled with a 


constant temperature env ironment. constant 


vapor-liquid mixture in equilibrium at constant 
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pressure above a boiling liquid bath. For measure- 
ments at about 200°C the liquid used was purified 
normal hendecane (C,,H,,), whereas at about 100°C 
toluene (C,H;-CH,) proved satisfactory. Control of 
the nitrogen pressure in the expansion tank and above 
the vapor level in the condenser (see Fig. 1) allowed 
the selection, within limits, of the operating tempera- 
ture ofa calorimeter without changing the boiling liquid. 

Measurement of the temperature difference between 
sample and surrounding is obtained by means of a 
twenty couple differential thermopile connected to a 
sensitive galvanometer. A shget of photographic paper 
mounted on a rotating drum registers the positions 
of a beam of light deflected by the galvanometer 
mirror. This provides a continuous and permanent 
record of the small (at the most 1°C) changes of 
temperature ymdergone by the sample in the course of 
Each experiment is calibrated 


a transformation. 
5 

individually after the sample has reached thermal 
equilibrium with its environment. Passage of a small 


current through a thermocouple junction located at 
the center of the sample causes a known evolution of 
heat due to the Peltier effect. 
deflection thus obtained enables one to compute the 
heat generated by the transformation from the de- 
flections registered during the preceding experiment. 


The galvanometer 


The thermocouple used for calibration supports the 
sample inside the calorimeter and measures the sample 
temperature. The physical constants of the calori- 
metric equipment and electrical circuits are such that, 
at maximum sensitivity, a recorded deflection of 1 mm 
corresponds to a heat evolution of 0.002 cal/hr at 100°C 
and 0.004 cal/hr at 200°C. 

In isothermal experiments the time necessary to 
varry the sample to the experimental temperature 
must be as short as possible. To achieve this aim, the 
sample is first placed for a period of approximately 
15min in an aluminum block of large thermal 
inertia heated to a predetermined temperature. It is 
then quickly raised into the calorimeter by means of 
a smoothly operating rack and pinion assembly. Thus, 
significant records of heat evolutions are obtained 
within 6—10 min after the beginning of an experiment. 
In order to limit spurious heat effects due to oxidation 
of the sample during the runs, the specimen chamber 
of the calorimeter is evacuated and filled with argon 
at atmospheric pressure prior to each experiment. 
During the short time when the specimen chamber is 
open for introducing the sample a slight positive 
pressure of argon is maintained in the chamber. This 
procedure keeps the specimen chamber sufficiently 
inert so that oxidation of a dummy copper specimen 
could not be detected. 
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The total heat effect during an experiment, AH,* is 
obtained by integration of the rate of heat evolution 
vs. time curves. For each run the heat evolution 
taking place during the initial period required to 
introduce the sample in the calorimeter and bring it 
to temperature is obtained by extrapolation. The 
experimentally determined rate of heat evolution vs. 
time curve is plotted on log-log chart paper, as in 
Fig. 2, and extrapolated towards zero time. The rate 
of heat evolution at time ¢ = 0.06 hr obtained from 
such an extrapolation is assumed to represent the 
average rate of heat evolution for the first tenth of an 
hour. The error resulting from this procedure is 
estimated to be less than +10 cal/mole for a total 
heat effect of 300 cal/mole and proportionally less for 
smaller heat effects. Similarly, the heat effects at the 
end of each run after the rate of heat evolution has 
fallen below the sensitivity of the calorimetric equip- 
ment are also approximated by extrapolation. This 
terminal correction was generally small as a result of 
the sharply dropping rate of heat evolution at long 
times, as illustrated in Fig. 2. 

The calorimetric experiments were supplemented 
by X-ray diffraction studies of the widths and intensi- 
ties of superlattice line reflections as measured by a 
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Heat evolution curves during ordering at temp- 
eratures near the critical temperature. 


* Since the change in heat content, AH, and in internal 
energy, AE, are nearly equal, the measured heat evolutions are 
designated AH but referred to as internal energy changes 
throughout this paper. 
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Geiger counter diffractometer. The techniques used 
were quite standard and thus need not be described 
further. 

3. RESULTS 

Both the ordering of the Au,Cu samples after 
disordering anneals and the disordering of previously 
ordered samples were studied. The ordering experi- 
ments will be discussed. first. 

The procedure adopted for the first series of ordering 
runs, designated as type a, consisted of disordering 
the sample by 6 hr anneal at a temperature above the 
critical temperature, usually 500°C in an evacuated 
Pyrex capsule, breaking the capsule and cooling the 
sample directly to the ordering temperature. In a 
second series of ordering runs, type 6, the samples in a 
disordered state were quenched in water at room 
temperature and subsequently reheated to the order- 
ing temperature. 

Figure 2 presents three heat evolution curves (type 
a runs) characteristic of ordering temperatures near 
the critical temperature. It may be noted that the 
curve for 212.0°C can be described as consisting of two 
stages, the first stage being typified on the log—log 
plot of power vs. time by a straight line with a slope 
of approximately —1, and the second by a gradually 
increasing (negatively) slope. These kinetics were 
found for all ordering curves at 211.3°C and above. 
The two curves for 202.2° and 194.0°C in Fig. 2 show, 
on the other hand, three stages—the first and third 
stages being separated by a second stage during 
which the log-log heat evolution-time curve flattens 
out. All ordering curves between 210.8°C and 189°C 
inclusive revealed the three stages. The second stage 
of three-stage curves becomes increasingly less evident 
as the ordering temperature approaches 210.8°C. All 
the curves obtained for ordering above that tempera- 
ture were similar to the 212°C curve characterized by 
two steps only. 

The results of type a and b procedures are presented 
in Table 1 and plotted in Fig. 3. The high temperature 
data are also found on an enlarged scale in Fig. 4. The 
total heat effect, AH, increased with decreasing 
ordering temperature 10-30 
cal/mole at temperatures around 220°C to 320 cal/ 
mole at 77.8°C. Type a and b procedures did actually 
lead to significantly different results in one respect. 
At a given ordering temperature type a runs always 
produced a somewhat greater total heat evolution 
during ordering than did type 6 runs—usually about 
25-35 cal/mole greater. On the other hand, for all 
ordering temperatures where both types of runs were 
made (type a runs were limited to temperatures near 
the critical temperatures for reasons discussed later) 


from approximately 
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TABLE 1. Calorimetric data—ordering 
Heat evolution 


(cal/mole) 


Quenching 
temp. (“C) 


Ordering 
temp. (°C) 


Experiment 
type* 


7.8 500 
8 500 
350 
38 300 

500 
500 


500 


500 
500 


500 
500 
500 


500 
500 


500 
500 


500 
500 


500 
500 


500 


* The letters a and b, as indicated in text, refer respectively 
to a sample which has been quenched and reheated, and to one 
which has been cooled directly, to the ordering temperature. 
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Fic. 3. Enthalpy change during isothermal ordering 


as a function of ordering temperature. 


the kinetics of the heat evolution were not affected 
by the difference in procedures. The shapes of the 
isothermal heat evolution vs. time curves are similar, 
and the times at which the heat evolutions ended 
were approximately equal in both types of runs 

At temperatures in the vicinity of 100°C ordering 


of samples quenched in water from 500°C, type b 


307 
307 
7 b 320 
10 b 277 
10 b 272 
10 b 36 
. 13 b 274 
16 a 9210 
189.0 138 
194.0 || a 137 
195.3 b 106 
202.0 b 65 
202.0 | a 104 
202.3 b 60 
207.3 b 38 
207.8 
210.8 a a 50 
211.3 b 16 
212.0 a b 18 
212.8 a 41 
216.3 b 
216.5 a 31 
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Fic. 4. Enthalpy change during isothermal ordering as 
a function of temperature near the critical temperature. 


procedure, progressed remarkably fast. Indeed as 
shown in Fig. 5 the initial rate of ordering at 77.8° 
or 101.8°C was higher, and the total heat effects 
larger, than in the 194°C experiments. However the 
kinetics were quite different from those observed at 


higher temperatures, there being no distinctly separate 
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. 5. Heat evolution curves during ordering at 101.8 
and 77.8°C following quench from 500°C. 
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stages. This indicates that the ordering process at 
the lower temperatures is not the same as that which 
This 


difference of ordering processes leads to different end 


controls ordering at the higher temperatures. 


products. X-ray diffraction measurements were made 
on a sample quenched in water and annealed for 2 
months (about 1400 hr) at 100°C; no superlattice 
lines were detected after this extended treatment, 
whereas superlattice lines could be observed after only 
a few hours at 194°C. 

With the aim of checking whether quenched-in 
defects, presumably vacancies, could account for the 
abnormally fast kinetics at the low temperatures, two 
samples were ordered in the calorimeter at 101.8°C 
after being quenched from 350 and 300°C, respectively, 
rather than from the usual 500°C. The lower quench- 
ing temperatures would be expected to decrease 
sharply the concentration of quenched-in defects and 
thus lower the rate of transformation at 101.8°C if 
excess defects are responsible for the high rates. The 
heat curves resulting from these two experiments are 
shown in Fig. 6. It may be seen that the initial rate 
of heat evolution for the 350°C quench was somewhat 
lower than for a 500°C quench and that for the 300°C 
quench considerably lower. The kinetics of the 350°C 
and the 500°C curve were quite similar, but the 
300°C quench produced a curve with a marked up- 
ward change in slope after an initial straight line 
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Fic. 6. Heat evolution® curves during ordering at 
101.8°C following quench from 500, 350 and 300°C. 
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TABLE 2. Calorimetric data—disordering 
Heat evolution 


(cal/mole) 


Previous ordering 
temp. (°C) 


Disordering 
temp. (°C) 
202.5 
208.0 
210.5 


194.0 47 
202.5 45 


208.0 11 


portion—a change which may be indicative of the 
onset of long range ordering. No X-ray check of such 
long range ordering was attempted because it was 
estimated that it would require an anneal of several 
months to carry the reaction to a suitable degree of 
long range order at this temperature. The general 
characteristics of the three curves in Fig. 4 have been 
interpreted as indicative of quenched-in vacancies; 
this point is elaborated in the discussion section later 
in the paper. 

Experiments in which previously ordered samples 
were disordered in the calorimeter were also carried 
out. The results of the disordering experiments are 
represented in Fig. 4 by the filled data points and are 
listed in Table 2. 


the disordering data were obtained in the following 


As indicated by the arrows in Fig. 4, 


way: The sample ordered at 194.0°C was cooled to 
room temperature and then reintroduced into the 
calorimeter at 202.5°C for disordering, the resulting 
change in internal energy thus being plotted down- 
ward from the 194.0°C ordering point in Fig. 4; the 
sample was then again cooled to room temperature 
(to allow time for changing the calorimeter tempera- 
ture) and reintroduced into the calorimeter at 208.0°C 
for further disordering, and so on. The disordering 
data points should, therefore, fall on the line repre- 
senting ordering by the type a (cooled directly to 
temperature) procedure, they actually fall slightly 
below this line. 

The X-ray measurements referred to above were 
obtained on a flat polycrystalline sample which was 
quenched in water from 500°C prior to being annealed 
at 194°C. 
calculated from the comparison of the integrated 


The long range order parameter S was 


intensity of superlattice lines with the intensity of the 
fundamental lines. After 40 days (960 hr) at 194°C 
the sample was observed to have reached a state of 
0.02 for the 
long range order parameter, S, as compared to a value 
of 0.71 + 0.01 after 192 hr and 0.68 + 0.03 after 547 
hr. It appears, therefore, that the alloy had reached 
194°C. 
0.02 is a somewhat lower value 


order characterized by a value of 0.71 


the maximum state of order obtainable at 
Although S = 0.71 4 
than that obtained by Batterman"’, observations of 
line width and line shape agree quite well with his 
results. The (100) superlattice line was found to have 
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a normal shape but the (110) line was remarkably 
flat-topped. The (210) and (211) superlattice lines 
appeared but were too diffuse to be of use in the 
The (100) 


superlattice line sharpened during the course of 


calculation of long range order coefficient. 
ordering to an integral width of 0.7°; on the contrary, 
the integral width of the (110) superlattice line re- 


mained approximately constant and equal to 2 


from 
the moment it first became detectable to the end of the 
experiment. For comparison, the integral widths of 
the (111) and (200) fundamental lines were both 0.18°. 
Some measurements of lattice parameters were also 
made using a back reflection focusing camera on 
powder samples. The lattice parameter of the dis- 
ordered material as quenched from 500°C is 3.9763 A. 
This value decreases after ordering to 3.9745 following 
an anneal of seven weeks at 194°C and 3.9730 follow- 
ing a step annealing of twenty weeks starting at 
197°C and ending with eight weeks at 170°C 


4. DISCUSSION 


According to Wilson"®) the particular configuration 
of the superlattice lines observed during the X-ray 
diffraction studies is due to the distribution of anti- 
phase domains in the ordered alloy. To account for 
the shape of the superlattice lines the domains must 
be limited in the [100] direction by (100) type planes 
such that nearest neighbors remain correctly paired, 
that is to say, each A and B atom in the boundary 
conserves the correct number of A and B neighbors. 
In directions other than [100] the domains are limited 
by higher energy boundaries which do not conserve 
the number of correct neighbors surrounding each 
atom. the Wilson 


between superlattice line width and domain size it 


From relations established by 
may be calculated that in Au,Cu the final domain 


50 A. In 


AuCu, the superlattice lines have been observed“ to 


size attained at 194°C is approximately 
have the same general characteristics as those ob- 
tained in Au,Cu although in the case of AuCu, the 
domains can grow much larger and the superlattice 
lines consequently become much sharper. 

As observed by X-ray diffraction, ordering of Au,Cu 
at 194°C is characterized by three periods. During 
the first period no X-ray changes were observed, 
although the time involved was such that at the end 
of this period the heat evolution amounted to about 
one third of the total heat evolution observed at that 
temperature. The appearance of superlattice lines 
mark the beginning of the second period, during which 
increasing long range order occurs concurrently with 
domain growth as evidenced by the fact that the 


superlattice lines become sharper and more intense at 


ol. 9 
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the same time. During the third period some domain 
growth occurs without any significant increase in the 
degree of long range order. The superlattice lines 


become observable when the ordered domains have 


reached a size of approximately 25 A and the long 


range order parameter, S, a value of approximately 
0.5. 

In the calorimetric experiments, although the order- 
ing kinetics observed with both type a and b procedure 
were essentially similar the total heats AH obtained 
were greater by an amount of 30 cal/mole for the type 
a procedure. This has been ascribed to the fact that 
some ordering inevitably fakes place during the 
approach to the isothermal ordering temperature. The 
associated heat effect is not included in the measured 
evolution. It is hypothesized that the amount of heat 
evolution thus missed is greater in the quenched and 
reheated samples than in the directly cooled ones 
largely because of the, presence of quenched-in defects 
in the former. The possibility that quenching stresses 
could be responsible for the differences between a and b 
runs can be discounted since quenching stresses would 
be expected, if anything, to increase the heat effects 
of the type 6 rather than of the type a runs and also to 
increase the rate of the type 6 evolutions. 

Examination of the kinetics curves on Fig. 2 shows 
that the second stage of the three-stage curves be- 
the 
temperature approaches 210.8°C; thus the transition, 


comes increasingly less evident as ordering 


as a function of temperature, from three-stage to 
two-stage curves is smooth. X-ray diffraction studies 
of a sample ordered at 194°C have shown that super- 
lattice lines become observable at a time (approxi- 
mately 5 hr) which coincides with the beginning of the 
of the calorimetric ordering curve 


second stage 


TEMPERATURE 
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characteristic of this temperature. This fact and the 
disappearance of the second stage at higher ordering 
temperatures suggest that the second stage of the 
three-stage ordering curves reveals the formation of 
long range order. On this basis the critical tempera- 
ture, 7',, of the alloy can tentatively be fixed in the 
vicinity of 211-212°C. The first stage of both the 
three- and two-stage curves, respectively below and 
above the critical temperature, would thus correspond 
to short range ordering. 

Although kinetics do not yield any conclusive evi- 
dence regarding the thermodynamic classification of a 
transformation into first and higher degree trans- 
formation it can be observed that on two counts the 
kinetics of ordering in Au,Cu do not appear to be 
compatible with a first degree transformation. (a) 
The smooth transition which has been observed near 
the critical temperature from long range to short 
range order kinetics is not expected for a first degree 
transformation. (b) First degree ordering transforma- 
tions in AuCu™®) and Cu,Au"® have been observed to 
take place by a nucleation and growth process with 
rates that increase with decreasing temperatures just 
below the critical temperature. The contrary can be 
seen to be true for Au,Cu by examination of the curve 
in Fig. 7 which represents the time required to com- 
plete half the transformation at a given ordering 
temperature. Half the transformations here defined 
as that state in which the energy already evolved is 
half of that which would ultimately be evolved at the 
given temperature. 

The interpretation that excess defects, presumably 
racancies, are quenched-in by the type a procedure 
(quenching and reheating) for ordering used in this 
research is strongly supported by the results of the 
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ordering experiments at low —near 


100°C. Assuming an activation energy for the order- 


temperatures 
ing process of approximately 40 kcal/mole—a value 
suggested by results related to diffusion in gold, 
copper and AuCu,—ordering rates for an experiment 
at 77.8°C may be estimated on the basis of the rates 
obtained at 194°C. 
than 10,000 times smaller than those actually observed 
at 77.8°C. 
77.8°C following a quench from 500°C an activation 


Such estimated rates are more 
From the three runs at 130.0, 101.8 and 


energy for motion (of the presumed excess defects) of 
16 kcal/mole can be estimated. This value was ob- 
tained from the rate of heat evolution and the time 
The 
data are too limited to consider this figure more than 


taken for 50 and 75 per cent transformation. 


semi-quantitative; the value is, nevertheless, com- 
patible with an interpretation based on vacancies, as 
are the lower initial rates of heat evolution during 
ordering at 101.8°C when the quenching temperature 
is decreased from 500 to 350 and 300°C (cf. Fig. 6). 
In view of the fast kinetics and large heat evolutions 
at low temperatures, it may, perhaps, be surprising 
that the final state is one in which superlattice lines 
cannot be detected—contrary to what is expected 
below the critical temperature. This circumstance 
must mean either that long range order exists with 
domains of a size too small to produce visible super- 
lattice lines or that for some reason the order present 
is of the short range order type wherein the tendency 
for atoms to be in correct positions extends only to the 
neighbors of a given atom. The minimum size of 
domains which would give detectable superlattice lines 
at 100°C may be estimated on the basis that: (a) peak 
intensity should determine whether a line is detectable, 
(b) for a given integrated intensity peak intensity and 
line width are inversely proportional, (c) for broad 
diffraction lines line width is inversely proportional 
to domain size. Thus, if a (100) superlattice line with 
an integrated intensity equal to J and a width 
characteristic of a domain size equal to m is detected 
the same superlattice line with an integrated intensity 
equal to 4/ and a width characteristic of a domain 
size equal to m/4 should be detectable. In a sample 
ordered at 194°C superlattice lines become detectable 
when the domain size is approximately 25 A and the 
heat evolution somewhere in the vicinity of 75 cal/ 
mole. In a sample ordered at 100°C superlattice lines 
were not detectable at the end of the transformation 
after a heat evolution of 320 cal/mole. Since both the 
integrated intensity of a superlattice line and the 
internal energy of the corresponding sample vary as 
S? one may conclude from the previous considerations 
regarding the detection of diffraction lines that the 
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domain size at the end of the 100°C anneal is less than 
6 A. 


been of a linear dimension smaller than 


Thus, any domains present at 100°C must have 
a few atom 


distances and would be in the size range where a 
distinction between long- and short-range order ceases 
to have meaning. 

The mechanism of formation of these small domains 
When the alloy is 


quenched it may be supposed to contain an approxi- 


is hypothesized to be as follows: 
mately random distribution of vacancies. During 
annealing in the process of disappearing at sinks the 
behind 


material. These regions which initially, at least, were 


vacancies leave them regions of ordered 


each other 


Since the 


formed in complete independence of 
constitute small out-of-phase domains. 
interfacial energy between domains is small, probably 
of the order of 6 to 10 ergs/em* and much lower for the 
(100) low energy boundaries, domain growth at low 
temperatures does not occur once the sample is 
completely, or almost completely, ordered so that 
recognizable long range order does not develop. On 
the contrary, if the number of quenched-in vacancies 
is too small to allow for virtually complete ordering 
of the sample prior to the annealing-out of the 
vacancies, the relatively few domains formed can 
ultimately grow at the expense of the disordered 
matrix. This appears to have been the case of the 
sample quenched from 300°C and annealed at 101.8°C. 
At such a low temperature, however, the mobility is 
so small that the rate of growth is too slow to allow 
the experimental verification of the formation of long 
range order. The contribution of the quenched-in 
vacancies is therefore twofold; they make it possible 
to obtain almost complete ordering at temperatures 
so low that no ordering could normally occur in 
practicable times, and at the same time they cause 
the nature of this ordering to be such that the usual 
X-ray superlattice lines are not developed. 

The disordering experiments demonstrate that the 
transformation is essentially reversible. The discrep- 
ancy between the ordering and disordering data points 
on Fig. 4 can be largely accounted for by two kinds 
of experimental errors. First, prior to disordering at 
202.5°C the sample was ordered at 194°C for a total 
time of 48 days, about one month more than the time 
at which the heat evolution during the 194°C ordering 
experiment became undetectable. As a result, at the 
beginning of the disordering experiments the sample 
may have actually been in a state of slightly greater 
order than that corresponding to the total heat effect 
of the 194°C ordering run used as a reference for the 
disordering runs. Secondly, in calculating the heat 
evolved during the disordering runs no correction was 
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made for the small amount of ordering which un- 
doubtedly took place when the sample was being 


room tem- 


cooled from the ordering temperature to 
perature (approximately 30 sec were needed to bring 


the sample from the calorimeter to room temperature) 
and then reheated to the disordering temperature. 
Several parallel theoretical treatments"? 18,19,2 of 
order disorder kinetics in AB, alloys consider the 
change of long range order parameter only in domains 
of constant size. Such restrictions do not apply to the 
ordering experiments but could apply to the disorder- 
ing experiments carried out in this research. The heat 
absorption curve for the annealing at 208.0°C of a 
sample which had previously reached equilibrium at 
202.5°C is shown in Fig. 8. This curve and those for 
the two runs at 202.5 and 210.5°C only fit very imper- 
fectly the equation developed by theory, namely, 


tanh (at 


where P is a quantity proportional to S, P, is the value 
assumed by P under conditions of complete order, P, 
is the final value of the quantity under equilibrium 
conditions at the temperature of the experiment, ¢ is 
time and « and f are constants determined by fitting 
the curve to the data. 
transformations to follow the theoretical equation may 


Failure of the disordering 


be due to three causes, (a) domains may grow when the 
specimen is annealed at a temperature higher than 


CALORIES /MOLE /HOUR 
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Fic. 8. Heat absorption during disordering at 208.0°C 
after ordering at 202.5°C. 
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that at which the initial domains formed; (b) small 
domains may become unstable and disorder as the 
temperature is raised; (c) Au,Cu may not have the 
usual characteristics of AB, type alloys for which the 
equations were developed. It seems that this last 
cause must be an important contribution to the im- 
possibility of fitting disordering data to the theoreti- 
cally derived curves. 

A critical temperature, 7',, for the 72.4 at.°{ Au-Cu 
alloy has been indicated in two ways by the present 
data. The positive change of slope at high tempera- 
tures in the curves of Figs. 5 and 6 is attributable to 
the disappearance of long range order and, accord- 
ingly, indicates 7’, to be between 212 and 213°C. 
Consideration of the kinetics curves illustrated in Fig. 
2 and 5 gives 7’, 211°C. 
comparable to the value of 209°C which can be inter- 
polated from Batterman’s data” for an alloy of this 
composition. The near identity of the two values for 


Both these values are 


T, determined in the present work gives support to 
the interpretation of the kinetics curves presented in 
Figs. 2 and 5. Specifically, two-stage curves appear to 
be characteristic of short range ordering and three- 
stage curves of long range ordering. At the beginning, 
before the appearance of superlattice lines, the long 
range ordering process has characteristics like that of 
short range ordering. Similar observations have been 
made by other investigators, e.g. Burns and Quimby) 
for the ordering of AuCug. 

In accordance with theories of ordering it would be 
predicted that the Au,Cu transformation should be at 
least partially a first degree transformation. Yet a 
series of experimental facts are in opposition to such a 
prediction. The lack of AH discontinuity in Figs. 3 and 
4 means that for Au,Cu there is no latent heat of any 
significant magnitude. The disordering experiments, 
as well, emphasize this absence of a latent heat. In 
contrast, Sykes and Jones‘*”) found a latent heat of 
0.093 RT in AuCu,. Theories predict latent heats of 
0.220 RT, (Cowley) or 0.268 RT’, (Yang). If the 
Au,Cu transformation was a first degree transforma- 
tion it would be expected) that for alloys that do not 
correspond exactly to the stoichiometric composition 
a two-phase region would exist in the vicinity of the 
critical temperature. Yet although the alloy used in 
this investigation contained only 72.5 at.% gold no 
evidence of two coexisting phases was revealed in the 
course of the X-ray measurements. Batterman') also 
did not detect the presence of two coexisting phases in 
a series of alloys covering the range from 67 to 75 
at.% gold. 

Whether the evidence just mentioned makes it 
imperative to classify the transformation as a second 
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or third degree transition is a matter for discussion. 
The results of the disordering experiments indicate 
that the transformation is reversible. If this is con- 
sidered final the conclusion must be drawn that the 
first 


Alternatively one may try to rationalize the observa- 


transformation is not a degree transition. 
tions without postulating a transformation of a higher 
degree in opposition to theoretical predictions. One 
way to account for the experimental facts is to assume 
that equilibrium ordered states cannot be reached in 
this alloy because of the extremely slow diffusion rates 
at temperatures below 7’... As a result, the experi- 
mental data cannot uniquely place the transformation 
in the first degree or second degree classification, and, 
barring measurements made after impractically long 
annealing periods, it would be meaningless to attempt 
such a classification for this alloy. 

This does not constitute the first reported case 
where ‘“‘true” equilibrium conditions are not reached 
in ordering transformations of an AB, type alloy. 
Moore and Raynor'”®) have shown in an extensive study 
that equilibrium conditions do not obtain with respect 
to the ordering of Mg,Cd. The low critical tempera- 
tures of both Mg,Cd and Au,Cu as well as the increase 
in the critical temperatures as the composition varies 
from A,B to AB suggests that these two alloys may 
behave similarly. It is well known that under con- 
ditions of low atomic mobility many transformations 
that should be first degree transformations do not take 
place in a normal way. The case of quartz and most 
Like 


glasses are examples of such transformations. 


the order—disorder transformations of Au,Cu, some of 


the glass transformations through the true melting 
temperature appear to be reversible. Glasses re- 
present states of small domains and short range order 
below the critical temperature, those conditions are 
also found in Au,Cu. 

For A,B type alloys the difference in internal 
energy, AH,,, between a completely disordered and 
completely ordered sample is given by 

AH,, 

0.50 according to Cowley‘? 

RT. 

0.46 according to Bragg and Williams‘27) 
5 according to Peierls‘?®) 


according to McGlashan"), 


Because it was not possible to observe the change of 
internal energy between a completely disordered and 
a completely ordered sample, AH,, cannot be read 
directly from the energy curves presented here. It 
can, however, be estimated in the following way: 
According to the assumption of nearest neighbor 
interaction the lowering of internal energy, AH, is 
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proportional to o, the short range order parameter, 
and therefore 

AH, 


AH,, 
Ao, 


where AH is the change in internal 


sponding to the change from an initial state of short 


energy corre- 


range order, o,, to a final state of short range order, ay. 
Where the final state is one of long range order Gy 


must be replaced by S,*. The short range order 


coefficient o is equal to three times the parameter a," 


which was defined by Cowley’) and subsequently used 
by workers in X-ray diffraction. Batterman has given 
S, = 0.87 
below 


value of S, 


0.04 for Au,Cu at temperatures not far 
as compared with the presently measured 

0.71 after an anneal of 40 days at 194°C. 
From Batterman’s data a value of oa, 0.3 can be 
assumed to be a good estimate of the degree of short 
range order which existed in the 194°C (type a pro- 
cedure) calorimetric sample just at the beginning of 
the anneal in the calorimeter. Taking an average of 


the above two values of S, we obtain 
137 


400 cal/mole 
(O.3)* 


0.3 


AH,, 
RT 


0.41. 


A second estimate of AH, can be derived from the 
320 cal/mole evolved during ordering at 77.8°C (type 
b procedure), the lowest temperature used. In this 
case, although the final state reached was not one of 
true long range order, most of the nearest neighbor 
atoms must have been correctly paired and thus ga, 


Taking o, ~ 


0.95, therefore, and assuming that the rapid quench 


was undoubtedly nearly equal to 1.0. 


from 500°C to room temperature plus the reheating 
to 77.8°C would produce a 0; of close to zero 
0.10—it follows that 


say 


320 


AH 


m 


- 380 cal/mole 
0.95 


AH,, 
RT. 


0.38 


Since work on Au,Cu was initiated by Cowley’s 
correct prediction™ of the critical temperature of this 
alloy from that of AuCu, some further comparison 
between the two compositions appears to be worth- 


while. Interest in the symmetry of the gold—copper 


a, l (n4/z m4) where ny is the number of A atoms 


around a B atom, z is the co-ordination number and m, the 
fraction of A atoms in the alloy. 


S,? 0; 
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system, as well, justifies such comparison. Cowley’s 


prediction is based on the possibly questionable 
assumption that the ordering energy varies as the 
inverse of the sixth power of the interatomic distance. 
From a value of AH,, >640cal/mole for AuCu,‘*® 
this assumption yields a value of AH,, for Au,Cu 
equal to 470 cal/mole. A comparison between the two 
alloys based on perhaps better ground can be made 
from a consideration of the measured heat of forma- 
tion of the two. As a result of the usual assumption 
of nearest neighbor interaction the ratio of the total 
heat of ordering, AH,,,, to the heat of formation of a 
disordered alloy should be a constant for all A B, type 
alloys. Thus, starting with a value of AH,, > 640 
cal/mole for AuCu, and Orr’s'*® values of 1065 and 
710 cal/mole respectively for the heats of formation 
of disordered AuCu, and Au,Cu at 450°C a value of 
AH, > 415 cal/mole Au,Cu. Both 
these figures are close to the experimentally estimated 


is obtained for 
values given above. 


5. CONCLUSIONS 


The order-disorder transformation in Au,Cu is a 
reversible transformation with a critical temperature 
of 212 + 
investigation. 


1°C for the 72.5 at.% gold alloy used in this 
Long range order formation below the 
critical temperature has been observed to have three- 
stage isothermal kinetics and short range order forma- 
tion above the critical temperature two-stage kinetics. 
The first stage of long range ordering appear to have 
kinetics similar to the first stage of long range order- 
ing, indicating that initially the mechanism of the 
reactions are alike. A gradual transition from three- 
stage to two-stage kinetics takes place as the tempera- 
ture of isothermal ordering is raised through the 
critical temperature. Contrary to theoretical expecta- 
tions for AB, type alloys no latent heat was found 
at the critical temperature. The apparent lack of 
agreement with theory, together with the degree of 
the transition has been discussed. 

From the experimentally measured changes in 
internal energy during ordering, a total internal energy 


change of approximately 390 cal/mole between a 


1961 


completely disordered and completely ordered sample 
has been estimated. 

In quenched samples the rates of ordering at low 
temperatures have been revealed to be surprisingly 
fast. The rates found in such samples at about 100°C 
were more than 10,000 times greater than would be 
expected from the near 190°C. It 
appears safe to conclude that this phenomenon is due 
presumably 


rates observed 
to the quenching-in of lattice defects, 
vacancies as suggested by a measure of the energy of 
motion of these defects. 
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THE DEFORMATION OF A TILT BOUNDARY UNDER APPLIED FORCES* 


A. N. STROHt 


The equilibrium positions of the dislocations forming a tilt boundary are found when they are acted on 


by applied forces varying both periodically and aperiodically along the boundary 


Explicit expressions 


are obtained for the displacements when these are small; large displacements may be determined by 
using a relaxation technique. The method is illustrated by a consideration of the maximum force on a 


pinned dislocation in the boundary. 


DEFORMATION D’UN JOINT DE 


FLEXION SOUS 


L’ACTION DE FORCES APPLIQUEES 


L’auteur a trouvé que les positions d’équilibre des dislocations formant un joint de flexion lorsqu’elles 


étaient soumises & une force appliquée variant d’une facon périodique ou non périodique le long du joint. 


Il a obtenu des expressions explicites pour des faibles déplacements 
ments plus grands par une technique de relaxation. I] donne une illustration de cette méthode en consi 


Il a pu déterminer des déplace- 


dérant l’application d’une force maximum sur une dislocation ancrée dans le joint. 


DEFORMATION 


EINER NEIGUNGS-KORNGRENZE 


BEI ANGREIFEN 


EINER KRAFT 


Die Gleichgewichtslage der Versetzungen, die eine Neigungs-Korngrenze bilden werden fiir den Fall 


bestimmt, daB Krafte angreifen, die langs der Grenze periodisch oder aperiodisch variieren. 
Ausdriicke fiir die Verschiebungen ergeben sich, wenn diese klein sind; 


Explizite 
groBe Verschiebungen lassen 


sich durch eine Relaxationsmethode bestimmen. Zur Erlauterung der Methode wird die maximale Kraft 


berechnet, die auf eine verankerte Versetzung in der Grenze wirken kann. 


1. INTRODUCTION 

Recently Vreeland™ has considered the equilibrium, 
under an applied stress, of a tilt boundary in which 
some of the dislocations have become pinned. The 
present treatment of this problem may, perhaps, also 
be of interest as it avoids two limitations to which 
Vreeland’s method is subject. First he considers only 
the case in which the dislocation configuration is 
periodic, repeating itself every N _ dislocations. 
Secondly, he obtains equations expressing the forces 
on the dislocations as functions of their positions; 
when the forces are given these equations have to be 
solved numerically to find the dislocation positions, 
and the solution of N simultaneous equations can be 
laborious if N is large. These two points are not 
unrelated, since if we can find explicit expressions for 
the dislocation positions, we have only to let the 
period N tend to infinity to obtain the general de- 
formation of a boundary. 

2. PERIODIC DEFORMATION 

Consider a tilt boundary consisting of parallel edge 
dislocations, each with Burgers vector b, and spaced 
a distance h apart. As long as no external forces are 
acting the system is in stable equilibrium with all the 
dislocations lying in a single plane; we take this to be 
the plane x = 0, with y axis in this plane perpendicular 
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to the dislocation lines. If now external forces are 
applied to some, or all, of the dislocations they will be 
displaced from the plane x 0: forces of interaction 
between the dislocations will arise tending to pull the 
dislocations back into the plane. 
tion of equilibrium will be established where these 
restoring forces just balance the applied forces. We 
shall assume that in this configuration the relative 
displacements of the dislocations are small, so that the 


Hence a new posi- 


line joining any two dislocations makes a small angle 
with the y axis. This is likely to be the case except 
possibly at a few special points in the boundary; 
these can however, be treated separately, and will be 
considered in Section 4. 

If the material is isotropic, a single dislocation 
passing through the origin produces at the point (z, y) 
(2 < y) a shear stress 
y?)2 


9 9 
y?)/ (x 


+ 3D (1) 
where D depends on the Burgers vector and the 
For an anisotropic material the 
stress may still be written — D z/y*. with the neglect 
of terms smaller by a factor of order x*/y*, provided 
either the x or the y axis is a two-fold symmetry axis 
of the material; this is so in a number of important 
crystal structures. In_ the anisotropic 
material, however, the stress will be of the form 


Cly + +...; 


Dz/y* 


elastic constants. 


general 


ol. 9 
961 
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the term C/y, independent of x, would produce a 
force between the dislocations even in their undis- 
placed positions, but is cancelled by the image forces 
which arise because the surface of the solid is stress 
free.) We may, therefore, still take the stress, for 
small values of x, to be — D x/y” though the approxi- 
mation will now be rather worse as the terms neglected 
are smaller by a factor of order only x/y and not x?/y?. 

The simple expression —D x/y* for the force has 
the great advantage of making the forces between the 
dislocations depend linearly on their displacements z, 
so that we can regard the general configuration as 
being formed by the superposition of various special 
configurations. 

When the x" dislocation in the boundary is dis- 
placed a distance x, there will be a force on it, due to 
the m™ dislocation, of Db (x, m)h}*. 
If there is alsg?an applied force F,, on this dislocation 
the condition for equilibrium is 

(Db/h?) (x,, 


m 


m) 

where the summation extends over all dislocations of 

the boundary except for m = n. We have 
x 

F (Db/h?) S f(a 
n — 
{=} 


n 


and this equation holds provided the displacements 


x,, satisfy the relation 


m 


Now consider the particular displacement 
,ikn. 
2 é 
the force becomes 
F 2 Db/h2)e**" (1 
n 
fun] 


(Db/2h?)e*" k) (0 k 


cos kl)/I? 


27), (4) 


on using the Fourier series expansion of k(27 k). 
The most general periodic displacement, with period 
N dislocations, can be written 
N-1 
> a, exp (2aripn/N). (5) 
p=0 
A comparison of equations (3) and (5) shows we must 
take k 
necessary to maintain the displacement (5) is 
N-1 
F (272. Db/N2h?) Sa p(N 


n 


2rp/N; then from equation (4) the force 


p) exp (27ipn/N). 
Hence 


— p). 


N-1 
> exp (—2z7ipn/N) 
n=0 


If p 


0 this gives 
l 


Nh? 
> F,, exp ( 
0 


(6 
Db p(N — p) n mipn/N). (6) 
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When p 


instead have the relation 


0 we do not obtain an equation for ay, but 


=F, = 0, (7) 


which just states that the applied forces must be in 
equilibrium among themselves. From equation (5) we 
see that a, represents a uniform translation of all the 
clearly such a translation will not affect 
= (). 


dislocations ; 
the equilibrium, and we may therefore take a, 
Then from equations (5) and (6) we obtain 
Db g=t p(N Pp) 
m)p/N]; 


exp [27i(n 


N=] 
Db) > C.F, 
i=0 


+? 


where 
N-1 
iN > : exp (27ilp/N) 
p=1 p(N P) 
N-1 
> cos (27lp/N). (9) 
p=1 
Provided N is not too large, the coefficients C, are 
readily evaluated so that equation (8) gives the dis- 
location displacements produced by an arbitrary set 
of periodic forces. 
From the first expression for C, in equation (9) we 


obtain 


(10) 


are given as = 


n 


Now suppose that the forces F,, 
F | F’ 


same for all the dislocations has been separated out; 


,» Where a part of F of the force which is the 


then from equations (8) and (10) we see that F gives 
no contribution to the displacements and so may be 
neglected. 

As an example, consider Vreeland’s problem” in 
N, 0, N, 2N, 
pinned and a uniform shear stress o is applied. Since 


which the dislocations . are 
the force o b due to the applied stress is the same for 
all the dislocations, it will not effect their displace- 
ments; we need, therefore, consider only the pinning 
force. From the equilibrium equation (7), this is 
F,, = —Nob, and substituting this in equation (8) we 
have the displacements 

CU 


nm n 


Noh?/xz?D 


where C,, is given by equation (9). To these displace- 
ments may be added any uniform displacement; this 
may be chosen, for instance, to make x, = 0 so that 


the pinned dislocations are not moved. 


or 
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N-1 
(3) 
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3. NON-PERIODIC DEFORMATIONS 
The form of the general (i.e. not periodically de- 
formed) boundary is to be obtained from the results 
of the previous section by letting the period N in- 
crease indefinitely. However, if we merely let N tend 
to infinity in equation (9), we find that the expressions 
for the coefficients C, do not converge. This difficulty 
can be avoided by first writing equation (8) in the 
form 
N-1 N-1 
(h?/x? Db) > > (1 
1=0 p=1 


cos 27lp/N)p, 
which is permissible since the added terms are zero by 
equation (7). Now when WN tends to infinity 

cos 2nlp/N)/p | (] 


N-1 

lim ¥ (1 
— 
p=1 


cos t) dt/t; 
when / = 0, the integral is zero, while when / 


cos t) dt/t 


(1 — cos t) dt/t - cos t dt/t 


2 nl 
dt/t T [ 


J 2nl 


cos t dt/t 


log + 0), 


where the sum of the first two integrals is C = y 
log 27 = 2.4151, (y is here Euler’s constant) and 


(* 
cos t dt/t 
J2nl 
l! 3! 5! 
(2nl)* (2 l)8 
asymptotically. Values of 6, are given in Table | 
which shows that 6, is always small and may even be 
neglected entirely without causing any great error. 
When 64, is not neglected, it is convenient to define 
= 6,. 
Hence the displacement zx, of the n™ dislocation 


when an arbitrary set of forces F,, is applied is 


-(h?/z?Db) > F,,,, (C (11) 


140 


log |l| 0,). 
x, may conveniently be regarded as the sum of the 
displacements produced by the separate forces, accord- 


ing to the relation that a force F, applied to the m™ 


m 


dislocation produces a displacement 


( Fh? Db)(C 


log |n 


0)) 


0 0)| 


Equation (12) has one unexpected feature, namely 


OF A TILT BOUNDARY 


TABLE 1 
y < 


0, 0.0216) 0.0055 | 0.0025 0.0014 0.0010 0.0008 0.0005 


that the further we go from the point of application 
of the force the greater the displacements it produces 
become. In itself this is of no importance as absolute 
displacements are not determined and we can always 
add a uniform translation to all the dislocations. It 
remains true however that the difference in displace- 
ment can be arbitrarily large for dislocations a suffi- 
ciently great distance apart. This is directly related 
to the fact that the applied forces no longer form an 
equilibrium system. For suppose we have a set of 
forces which are applied to a finite region of the 
boundary, say —l, <1 <1,; the displacement of the 


n” dislocation (n > I,) is then proportional to 


0/ 


log (C + log n) 


n SIF, 


not neglecting 6,. If the forces are in equilibrium the 
first term vanishes and the displacements decrease as 
The coefficient of the second term 


sents the moment of the forces and if this also is zero 


repre- 
the displacements will decrease as n~*. However, 
couples do not have such meaning in the present case, 
since the displacements are in one dimension only and 
no rotations are possible; it is better to regard the 
relation LIF, 


on the forces. 


0 as expressing a symmetry condition 
Whether this last condition holds or not, 
we see that a localized set of forces in equilibrium will 


produce only a local disturbance to the boundary. 


4. LARGE DISPLACEMENTS 

The preceding sections have been based upon the 
approximate expression —)Dzx/y* for the force be- 
tween two dislocations which is valid only if the dis- 
placements are sufficiently small to satisfy condition 
(2). It is, however, worth noting that this is the only 
occasion that any restriction on the magnitude of the 
displacements has been imposed, so that if we can 
correct for the forces our results will hold for any 
displacements. This suggests using a relaxation pro- 
cedure when condition (2) is not satisfied. Suppose 
we have a boundary deformed under a given set of 
forces and let us calculate the displacements according 
to equation (12). Since these are not the true equili- 
brium displacements, the forces on the dislocations in 
these positions will in general not be zero, and using 
the exact expressions for the dislocation interactions, 
we can calculate these residual forces; this need be 
done only for those dislocations which undergo a large 
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displacement relative to their neighbors. Choosing the 
largest of these residuals, we add forces sufficient to 
reduce it to zero, and calculate the additional dis- 
placements produced according to equation (12). Since 
the equations are linear in 2, these may be added 
directly to the previous displacements. The process 
is then repeated until sufficient accuracy is obtained. 


5. THE FORCE ON A PINNED DISLOCATION 
The problem of tilt boundary which is acted on by 
an applied stress and in which one dislocation is 
pinned will serve to illustrate the method of the last 
section and is in addition of some intrinsic interest. 
It is convenient to choose A as unit of length and Db/h 
as unit of force; then equation (12) becomes 
log |n| (13) 


n 


If the applied? stress tends to move the dislocations in 
the positive direction the pinning force is negative, 
we therefore take it to be — F,, and suppose it acts on 
the dislocation 0. As in Section 2, the applied stress 
will produce no displacement directly since it acts 
equally on all the dislocations. Then from equation 
(13) the displacements are, to the first approximation 

F(C 


log |n| + 6,). (14) 


The largest relative displacements occur between the 
dislocations 0 and +1; we therefore consider the 
interactions between these dislocations. 

Suppose that f(x) is the force, taken positive when 
attractive, between two adjacent dislocations which 
have a relative displacement x. In our present units, 
the approximation to f(x), we have used in obtaining 
the displacements (14) is just x. We have, therefore, 
to add a force x — f(x) to each of the dislocations +1, 
and a force —2[x — f(x)] to the dislocation 0 where 
We note that these forces have 
zero resultant and zero moment, and so by Section 3 


now 2 = 2, — 2p. 


will produce a displacement of the n™ dislocation of 


order n~*; thus they will affect the positions of the 
dislocations near the pinned dislocation only. We now 
obtain from equation (13) the displacements 


—2[a — f(x)|(C + 4,), 


F(C + 6,) + [x — f(x)J[2(C + 4,) 
—(C + log 2 


2 
Xo 


or on subtracting these 


(C + 6,)F = —[x — f(z)] 


(3C log 2+ 4 é, — 0»), 
from which 


F = 1.3292 + 2.721 f(z). 


If F is known, this is an equation for x; having solved 


(15) 
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it we can find the added forces x — f(x) and hence 
the displacements of all the dislocations in the 
boundary. 

It is more interesting, however, to consider the 
maximum possible value of F. As we shall need the 
the explicit form of the function f(x), we must specify 
the nature of the material; we assume an isotropic 
material when 


f(z) - 


Inserting this in equation (15) we find that F is a 
0.666; the 
sponding value of F is 1.368, and the value of the 


a(l — x)/(1 + 


maximum when zx = 2, — 2% corre- 
correction force x — f(x) = 0.488. The biggest residual 
is that the 


tween dislocations 0 and +2. To estimate this it is 


that remains due to interaction be- 
sufficient to use the second term in the series expansion 
of equation (1) which becomes 335(2, — 2x9)’. Using the 
forces just found and equation (13) we obtain x, — x, 
The force 


on the dislocation 0 has been overestimated by twice 


0.685, and so a residual force of 0.060. 
this amount and so F becomes 1.248. Further relaxa- 
tions introduce little change and we obtain finally 
F = 1.26 or in ordinary units F = 1.26 Db/h. 

It is interesting to note how rapidly the relative 
displacements of adjacent dislocations decrease on 
going away from the pinned dislocation; when break- 
away is just about to occur x, — r) = 0.58h and x, — 
x, = 0.046h. Thus condition (2) is satisfied almost 
everywhere in the boundary justifying the approxima- 
tion used in obtaining equation (12). 

The value F = 1.28 Db/h for the maximum force 
may be compared with that obtained in various other 
situations. If all the dislocations except one are 
pinned (so that the boundary is constrained to remain 
plane) the maximum force exerted in removing the 
single free dislocation from the boundary is 1.10 Db/h; 
thus allowing the wall to deform does not greatly 
change the force needed to remove a dislocation from 
it. Some idea of the effects resulting when a number 
of dislocations are pinned can be gained by a considera- 
tion of the periodic case, which may be treated by the 
same methods. When every sixth dislocation is pinned 
we find that the maximum force on each is 1.31 Db/h; 
the small difference between this and the value 1.28 
Db/h obtained above shows that the force will be 
rather insensitive to the density of pinned dislocations 
provided it is not too large. For higher densities the 
force rises and when each alternate dislocation is 
pinned becomes 1.41 Db/h. 

If the mechanism responsible for pinning the dis- 
locations can withstand a force greater than the 
maximum force found above, then as the boundary 
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moves through the material the pinned dislocations 
will be left behind; if it cannot, the pinned dislocations 
will break free and move with the boundary. If we 
neglect the small variation due to the density of 
pinned dislocations, the maximum force depends only 
on the misorientation 6/h across the boundary and 
constants of the material. Hence boundaries having 
misorientations less than some critical value should 
lose pinned dislocations on moving through the ma- 
terial, but not boundaries whose misorientations exceed 
An experimental observation of such a 


this value. 
critical misorientation might provide a means of 
determining the strength of the dislocation pinning. 
The stress required to move the boundary depends 
directly on the density of pinned dislocations. If the 
pinned dislocations are regularly spaced, each N‘ 


dislocation being pinned, then a stress o must be 
applied to pull the boundary free, where, from the 
equilibrium condition (7), 


Nbo = F 


m 


(16) 


and F,,, is the maximum force on a pinned dislocation ; 


OF A TILT BOUNDARY 319 
o is to be taken as the part of the applied stress 
the actual 
When the 


spacing of the dislocation is not uniform it is simplest 


available to move the dislocations, i.e. 
applied stress less the Peierls force. etc. 


to assume that each pinned dislocation holds up half 
the dislocations in the part of the boundary between 
the nearest pinned dislocations on either side of it, 
and to take this number as N in equation (16). The 
stress needed to move the boundary then depends on 
the largest value of N since freeing the boundary from 
one pinned dislocation will make it easier to free it 
from neighboring pinned dislocations. The statistical 
problem.of estimating the maximum spacing between 
pinning points for a given mean spacing is one which 
has already been considered“) in connection with the 
motion of a single dislocation pinned at various points 
along its length. 
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UNLOADING EFFECTS IN CRYSTALS—I 
THE UNLOADING YIELD POINT EFFECT* 


H. K. BIRNBAUM? 


The orientation dependence of the ‘‘unloading yield effect’’ in copper single crystals was investigated. 
The maximum relative increase in flow stress due to unloading was observed to be orientation independ- 
ent. An orientation dependence of the variation of the unloading yield with prestrain was observed. 

The role of secondary slip systems in establishing the unloading yield effect was investigated utilizing 


combined tensile—torsion deformation. 


A mechanism for the establishment of the unloading yield effect based on a forest dislocation inter- 


action 1s prope sed, 


EFFET DE L’INTRRRUPTION DE 
EFFET DE L’INTERRUPTION 
LE CROCHET 


L’auteur a étudié influence « 


L’ESSAI 


CRISTAUX 
SUR 


DANS LES 


TRACTION 


DE TRACTION 
L’ESSAI DE 


DE TRACTION 


le orientation sur le crochet de traction de monocristaux de cuivre aprés 


interruption de l’essai de traction dans la région des déformations plastiques et remise en charge immé- 
diate. Jl a observé que l’accroissement maximum relatif de la limite élastique était, dans ce cas, indépen- 


danttde |’orientation. 


Par contre, la variation du crochet de traction en fonction d’une déformation initiale dépend de l’orien- 


tation. 


L’auteur a déterminé le réle d’un systéme de glissement secondaire en utilisant une déformation com- 


binée par traction et torsion. I] propose une interprétation basée sur l’interaction de foréts de dislocations. 


ENTLASTUNGSEFFEKTE 
NACH 


DIE STRECKGRENZE 


Die Orientierungsabhangigkeit der 
wurde untersucht. 
als orientierungsunabhangig. 
grenze mit der Vorverformung wurde beobachtet. 


““Streckgrenze 
Die maximale relative Zunahme der FlieBspannung nach dem Entlasten ergab sich 


Eine Orientierungsabhangigkeit der 


KRISTALLEN—I 
DEM ENTLASTEN 


BEI 


nach dem Entlasten’’ von Kupfereinkristallen 


Variation der Entlastungsstreck- 


Die Rolle sekundarer Gleitsysteme beim Zustandekommen der Entlastungsstreckgrenze wurde mit 
Hilfe von kombinierten Zug- und Torsionsverformungen untersucht. 
Fiir das Zustandekommen der Entlastungsstreckgrenze wird ein Mechanismus vorgeschlagen, dem 


eine Wechselwirkung mit Waldversetzungen zugrunde liegt. 


1. INTRODUCTION 
Considerable attention has been recently devoted to 
a class of phenomena which may be termed “unloading 
effects” in plastic deformation. The yield effect(— 


produced in f.c.c. metals by simply unloading and 


reloading during plastic deformation is one such effect. 
Haasen and Kelly?) and Makin™ proposed models 
the Lomer-—Cottrell sessile 
dislocations during unloading to account for the 
In addition to the yield 


based on formation of 
experimental observations. 
effect ascribed to dislocation interactions, Westwood 
and Broom") observed a low temperature strain aging 
effect in Al and Al—Mg alloys identified with a highly 
mobile point defect generated by plastic deformation. 
The interaction of the unloading yield effect with 
yield effects due to strain aging was examined by 
Bolling who also established that the unloading 
effect was a general phenomenon in single and poly- 


crystalline face-centered cubic metals and alloys. 
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The present paper describes part of an investigation 
of the nature of the dislocation interactions during 
unloading in f.c.c. and h.c.p. metals. In particular, 
the role of specimen orientation and forest dislocations 


in establishing the unloading yield effect was examined. 


2. EXPERIMENTAL PROCEDURE 

Tensile tests were performed in a pendulum type 
Tinius Olsen tensile instrument at strain rates of 10-4 
to 10-5 sec~! using grips which allowed immersion of the 
specimen in baths at temperatures from 20 to 300°K. 
The load-extension data were autographically re- 
corded. 

The testing procedure (shown schematically in Fig. 1) 
was to strain the specimen in tension, smoothly 
decrease the applied stress to a value of about 10 per 
cent of the flow stress and then to reapply the stress. 
(The unloading cycle required about two minutes.) It 
and 293°K 


negligible increases in flow stress resulted from strain 


was determined that during tests at 77 


aging in the absence of a reduction in load for aging 


times of the order of the unloading time. The flow 
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Unload — Load 
(a) 


Extension 


Unload—Twist— Load 
(b) 


Schematic load—extension curves showing test 


Fic. 1. 


parameters. 


stress on reloading was increased by an amount o, 
o, over that expected from an extrapolation of the 
flow curve prior to unloading. This unloading proced- 


ure was carried out at small strain increments to 


obtain the ratio o,/c, as a function of ¢,. Torsional 
deformation, when desired, was applied to the speci- 
men in the unloaded condition by means of a torsion 
head mounted on the tensile unit. On reloading after 
torsional deformation (Fig. 1b) the flow stress was 
increased by o,' — o, due to torsional deformation 
a,’ due to the unloading effect. Determina- 
t 


and o, 
tion of o,' by extrapolation of the flow curve back- 
wards, while somewhat arbitrary, may be justified on 
the basis of results to be discussed. 

Copper single crystals approximately 12 in. long 
and 0.088 in. in diameter were grown from the melt by 
the Bridgman technique under high vacuum in pure 
alumina crucibles. AS and R copper having nominal 
purity of 99.999 per cent was used. Analysis after 
growth indicated a purity of the order of 99.99 per 
cent. Specimen orientations were determined by the 
back reflection Laue technique and the crystals were 
cut into 3 in. specimens using an acid saw. Specimens 
were chemically polished and annealed at 900°C 
Small steel 


soldered onto the ends of the specimen for gripping and 


followed by furnace cooling. balls were 


the completed specimens were given a final chemical 


polish. 
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Zinc and magnesium single crystals were grown 
from the melt by the Bridgman technique in graphite 
crucibles under an argon atmosphere. High purity 
Zn (99.99 per cent) and Mg (99.88 per cent) were used. 


3. EXPERIMENTAL RESULTS— 
COPPER CRYSTALS 
(a) Orventation effects 
The unloading yield effect was observed for a wide 


range of orientations shown in Fig. 2. 


For all orienta- 
tions, the increase in flow stress produced by unloading 
was a transient effect, i.e. after an initial low rate of 
strain hardening the flow curve was identical to that 
obtained by extrapolation of the curve prior to unload- 
ing. With the exception of the yield effect, the flow 
curve obtained with repeating unloading was the same, 
within experimental error, as the flow curve obtained 
by continuous deformation of a crystal of identical 
orientation; again indicating the transient nature of 
the yield effect in all orientations. 

The yield effect was not observed during the 
of the 


having no “easy 


easy 
tested. 
the 
In the linear and 


glide” region in any orientations 


Orientations glide’”’ exhibited 
yield effect at very small strains. 
parabolic hardening regions of the flow curve two 
types of behavior were observed depending on crystal 
orientation. During tests at 77 and 293°K crystals 
having orientations towards the center of the stereo- 
graphic triangle (type I), exhibited a decrease in o,/o, 
followed by a of constant a, 0, 
the 


type 


with strain region 


‘ 


(Fig. 3). For crystals having orientations near 


edges and corners of the stereographic triangle 


a,/o, decreased to a broad minimum and then 


increased towards a value of | as the strain was in- 


creased (Fig. 3). At both 77 and 293°K the flow stress 
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increase due to unloading, , Was observed to 
decrease in the type II orientations after large strains. 


— 


The decrease in the unloading yield effect was often 
observed in the type I'orientations during the last few 
per cent strain prior to necking and fracture. Mini- 
mum values of ¢,/0, observed at 77°K for the orienta- 
tions examined are shown in Fig. 2. The maximum 
unloading yield effect (minimum ¢g,/0,) did not exhibit 
a significant orientation dependence. The maximum 
unloading yield effect observed during tests at 293°K 


again did not exhibit any orientation dependence and 


was of the same magnitude as that observed at 77°K. 


(b) Effect of torsional deformation 

The results of the previous section seem to indicate 
that slip on secondary slip systems is significant in 
establishing the. yield effect. The extent of secondary 
slip was altered by combining torsional and tensile 
deformation at 293°K. As shown by Holt), torsional 
deformation during an interrupted tensile stress-strain 
curve can result in either (1) an increase in rate of 
strain hardening or (2) an increase in flow stress and 
an increased rate of hardening; depending on the 
orientation and amount of torsional strain. 
hardening of the first kind, i.e. no increase in flow 
stress, had no effect on the unloading yield (Fig. 4), 


Torsional 


i.e. o,'/o, after torsional strain was equal to o,/0, 
for crystals of the same orientation tested in tension 
only. The second type of torsional hardening resulted 
in a large increase in flow stress, ¢,/o,'< 1, and a 
correspondingly large increase in the unloading yield, 
o,'/0, < 1 as compared to crystals of identical orienta- 
tion strained in tension only (Fig. 5). With continued 
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tensile strain, o,/0,' and o,‘/o, increased, approaching 


a value of | at high strains. 


(c) Etching effects 

Conflicting observations of the effect of removal 
of a surface layer on the yield effect in aluminum 
crystals have been reported. Haasen and Kelly‘? 
reported that electropolishing had no effect on the 
unloading yield while Holt reported that electro- 
polishing or etching removed the effect. In the present 
work the role of the surface was investigated by 
etching* in situ keeping a small tensile load on the 
specimen to maintain alignment. Removal of the 
surface by etching had no effect on the value of o,/o, 
if the etching was uniform along the gage length. 
However, a slight nonuniformity in etch rate caused 
premature yielding in the thinned sections and re- 
moved the yield effect. It was therefore concluded 
that the unloading yield phenomena was not affected 
by removal of the surface layer of the copper crystals. 


4. EXPERIMENTAL RESULTS— 
MAGNESIUM AND ZINC 
Tensile unloading experiments were performed on 
magnesium and zinc single crystals oriented for basal 
77-293°K. At all 


temperatures where recovery did not occur during the 


slip in the temperature range 


unloading cycle the flow curve after unloading was a 
No 


evidence of an unloading yield effect was obtained. 


continuation of the curve prior to unloading. 


Surface hardening of magnesium crystals by means of 


* The etchant used was 1 part H,O, 1 part NH,OH, 2 parts 
2.5% solution of (NH,),S,O, in H,O. 


1,00 


Fia. 3. 
orientations. 


Variation of o,/0, with o, for type I and II 
type I orientation; 


type 


II orientation. Crystal orientation shown in stereo- 
graphic projection. Test temperature: 77°K. 
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Fic. 4. Effect of intermediate torsional strain on unloading yield effect 


t/ 


tensile deformation only; 
Test temperature: 293°K. 
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Fic. 5. Effect of intermediate torsional strain on unloading yield effect. 


A 


tensile deformation only; 


0,/0,'; 


Test temperature: 293°K. 


oxide coatings (produced by anodizing) and by diffu- 
sion of zinc into the surface resulted in increased rates 
of work hardening but did not produce an unloading 
yield effect. 

Polycrystalline Mg and Mg-3 wt. % Al alloys tested 
in tension exhibited the unloading yield effect at 273 
at 77°K.* At 77°K the polycrystalline pure mag- 


and 


* The unloading yield effect in polycrystalline magnesium 
alloys was first observed by L. Couling of the Dow Chemical 
Company. 


5 


nesium specimens exhibited an increased flow stress 
subsequent to unloading. However, the strengthening 
was not transient and the flow curve remained above 
that obtained by extrapolation of the curve prior to 


unloading. 
5. DISCUSSION 


Experimental evidence indicates that observations 
of the unloading yield effect may involve two phe- 


nomena; (1) a dislocation—dislocation interaction dur- 


ing unloading’) and (2) a strain aging effect due to a 
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[orT] 
(b) 
(111) [101] 


conjugate slip 
after inter- 


dislocation interaction. 

(111) [011] 
interaction, (b) 
action. 


Fic. 6. Forest 
primary slip 
system. (a) 


system; 
before 


mobile defect generated during the deformation.” 
The present results concern the dislocation—dislocation 
interaction, as it may be deduced“ that little strain 
aging would occur under the present experimental 
conditions. 

One possible mechanism for the dislocation—disloca- 
tion interaction, based on formation of Lomer—Cottrell 
sessile dislocations during unloading, has been dis- 
cussed by Makin™). Hardening due to formation of 
additional Lomer—Cottrell sessile dislocations should 
exhibit an orientation dependence similar to that 
observed for work hardening. Friedel‘) has shown 
that edge dislocations on the primary slip system 
(111) [101]can react to form sessile locks of the Lomer— 
Cottrell type* with edge dislocations on the systems 
(111) (111) [110], (111) [101] and (171) 
The first two have attractive long range interactions 
with (111) [101] while the latter two have neutral long 
range and attractive short range interactions.f All 


* These are considered to be barriers which result from 
interactions between dislocations lying parallel to the inter- 
section of their slip planes. 

+ The attractive short range interactions arise from the 
splitting of the dislocations into partials. Half of the possible 
interactions between the partials of the (111) [101] and the 
(111) [101] and (111) [101] slip systems are attractive and 
result in sessile barriers. 
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combinations of the (111) [101] involving other slip 
systems or screw dislocations are unlikely due to 
repulsive interactions. Other Lomer-Cottrell locks 
may form by interaction of dislocations on two slip 
systems other than the primary system. Such barriers 
would have to form on or close to the primary slip 
planes to be effective and are unlikely to affect the 
unloading behavior. Due to the above considerations, 
mechanisms based on Lomer-—Cottrell lock formation 
should result in an enhanced unloading yield effect for 
orientations near the [001]-[111] boundary and near 
the [011] particularly in the early stages of deforma- 
tion. Experimentally the magnitude of the unloading 
yield was observed to be independent of crystal 
orientation. In addition, a mechanism based on 
Lomer—Cottrell locks cannot explain the effect in the 
polycrystalline Mg and Mg—Al specimens as this type 
of barrier should not form in the hexagonal crystal 
systems. 

The lack of orientation dependence and the behavior 
under combined tensile-torsion deformation indicate 
that an interaction involving forest dislocations may 
be significant. To account for the lack of large plastic 
recovery during unloading, a locking mechanism pre- 
venting collapse of piled up dislocations must be 
postulated. One such mechanism may be a strong 
interaction with the forest dislocations which would 
limit the dislocation motion back towards sources to 
a distance of the order of the mean forest dislocation 


spacing. As all secondaryslip systems provide effective 
forest dislocations there would be little orientation 


dependence. If such an interaction leads to an in- 
creased frequency of forest dislocation intersection 
during unloading, a yield effect, as observed experi- 
mentally, can be expected. 

The interaction of intersecting dislocations has been 
examined in detail by Hirsch), Whelan and Basin- 
ski"), In the model of work hardening qualitatively 
described by Hirsch the forest 
schematically in Fig. 6 is the source of both the 
temperature dependent and temperature independent 


interaction shown 


hardening. Decreasing the applied stress allows dis- 
locations piled up behind particularly strong forest 
dislocation obstacles to move back towards their 
source until they encounter a forest dislocation with 
which they can react. The relatively long unpinned 
segments of dislocations which have reacted during 
deformation may also have sufficient flexibility to 
interact with additional forest dislocations during 
unloading. Additional interactions may occur during 
unloading between dislocation combinations having 
Burgers vectors such that the applied stress moved 


them away from their point of intersection. 
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An estimate of the hardening due to the above 
mechanism can be obtained. The work done by the 
applied stress o in freeing a slip dislocation from the 
forest dislocations is of the order of obll’ (where 1 is the 
forest dislocation separation and lI’ is the length over 
The interaction energy 
The stress 
required to overcome the elastic interaction is of the 
Therefore, Ac/o = —Al/l is the 


relative increase in flow stress due to an increase in 


which combination occurs). 
of the dislocations is of the order 0.56’. 


order of o = 0.5yb/l. 


frequency of forest interactions on unloading. Experi- 
mental data indicate a maximum value of ~ 0.015 
for Aa/o during unloading. The increase in Ao/o with 
strain as the crystals were deformed in the linear 
hardening region may be ascribed to an increasing 
amount of slip on secondary systems. As Al/l depends 
on the relative change in forest interactions, disloca- 
tions on all slip systems are effective and the yield 
effect should be insensitive to the crystal orientation. 
The transient nature of the hardening produced by 
unloading is reasonable on this model since after 
dissociation of the additional forest interactions by the 
reapplied stress the dislocation configuration is essen- 
tially identical to that prior to unloading. 

Most of the forest interactions formed during un- 
loading should result from relaxation of dislocations 
in a direction opposite to their motion under stress. 
On reapplying the stress these interactions will be 
overcome without actual of the 
dislocations and therefore without formation of jogs 
Ao results from the elastic interaction 


intersection two 
or vacancies. 
and should be insensitive to temperature. The unload- 
ing yield was observed to be relatively independent 
of temperature’:®) in experiments in which un- 
loading and re-testing (with no intermediate anneal) 
was performed at the same temperature. 

If additional 
during unloading, as in combined tension—torsion 


forest dislocations are introduced 
deformation, a large decrease in / and increase in Ac 
is expected. Experimentally, large torsional strains 
increased the tensile flow stress by an amount a, 

o, ascribed to a permanent hardening process and by 
o, — o,' ascribed to a transient hardening process. 
Permanent hardening has been attributed to the in- 
creased forest density which must be cut during ten- 
sile deformation.) 
due to an increase of forest interactions of the type 


Transient hardening may be 


described above which leave no jogs or other defects 
in the dislocation lines once they have been separated. 
At high forest dislocation densities the amount of 
dislocation rearrangement on unloading should de- 
crease as a result of the increased frequency of inter- 
sections which form during deformation and the 
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limited “‘flexibility’’ of the dislocation lines. This 
decrease in Al/l on unloading may account for the 
behavior of the type II orientations at high strains 
and for the decrease of o, — a,‘ with strain in the 
tension—torsion experiments. 

Due to the high c.r.s.s. for slip on the prismatic and 
pyramidal planes, tensile deformation of magnesium 
or zine single crystals oriented for basal slip should 
not significantly increase the forest dislocation density. 
Little additional interaction with the forest disloca- 
tions should occur during unloading and no unloading 
yield effect is expected. The frequency of prismatic 
and pyramidal slip is expected to be greatly increased 
in a polycrystalline aggregate and leads to an in- 
creased density of forest dislocation having the [1120] 
Burgers vector. Interactions of the type described 
above between dislocations on various planes would 
be particularly effective in increasing the flow stress 
since in many cases they would lead to annihilation 
of the dislocations in the reacted segments of the slip 
The the 


hexagonal metals are therefore consistent with the 


and forest dislocations. observations on 
forest dislocation mechanism. 

Results of Haasen and Kelly and Makin“ on the 
enhancement of the yield effect measured at 77°K 
by intermediate anneals at higher temperatures are 
difficult to account for on the basis of forest inter- 
actions alone. The possibility of an interaction between 
the dislocations and a mobile point defect generated 
during plastic deformation, as was observed in Al and 
Al—Mg") must be considered. Evidence for this inter- 
action in copper was given by Conrad”) who reported 
a yield effect during plastic deformation when the 
temperature was decreased from 170 to 90°K without 
decreasing the applied stress and by Westwood and 
Broom “who reported strain aging in polycrystalline 
OFHC copper similar to that observed in Al and Al- 
Mg alloys. Preliminary results have indicated that 
this strain aging effect is significant in the low tempera- 
ture deformation of copper. Interrupted tensile de- 
formation of copper crystals strained at 77°K and 
at 
indicated 


constant stress (without unloading) 
that (1) 
similar in appearance to the unloading yield effect is 
at 


the aging temperature accelerates the strain aging; 


maintained 


have an increase in flow stress 


observed on strain aging (2) increasing 


(3) the magnitude of the stress increase on aging 
increases with the amount of prior deformation. The 


value of o,/¢, obtained at 77°K after deformation at 
77°K and aging for 23 min at 293°K was of the order 
of 0.98. (The stress was decreased by an amount just 
sufficient to prevent deformation as the temperature 
This should have resulted in a value of 


was raised. 
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o,/0, ~ 0.997 due to the unloading yield effect.) 
This type of interaction will be discussed in greater 


detail in a subsequent paper. 
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TWINNING IN ZIRCONIUM? 
D. G. WESTLAKE? 


Two of the observed 


Twinning in zirconium may, or may not occur by a dislocation mechanism. 
For a third mode, 


twinning modes can be explained by the use of relatively simple dislocation models 
however, the model is very complex. 


MACLAGE DANS LE ZIRCONIUM 
Le maclage dans le zirconium peut avoir lieu ou ne avoir lieu par un mécanisme de dislocations. Deux 
des modes de maclage observés peuvent étre examinés au moyen de modéles relativement simples de 
dislocations. Cependant pour un troisiéme mode, le modéle est trés complexe. 


ZWILLINGSBILDUNG IN ZIRKON 


Zwillinge kénnen sich in Zirkon méglicherweise durch einen Versetzungsmechanismus bilden. Zwei 
der beobachteten Bildungsarten von Zwillingen kénnen mit Hilfe eines verhaltnismaBig einfachen 
Versetzungsmodells erklart werden. Fiir eine dritte Bildungsart ist das Modell jedoch sehr kompliziert 


1. INTRODUCTION 


One of the strong arguments for the dislocation 
theory of slip in metals is that the observed elastic limit 
is orders of magnitude less than that calculated for a 
perfect lattice. The same argument is valid for defor- 
mation by twinning. Cottrell and Bilby” and Thomp- 
son and Millard’ have independently suggested 
similar mechanisms by which the motion of partial 
dislocations could produce twinning. The first paper 
deals primarily with twinning in body-centered cubic 
metals where twinning occurs on {112} planes by 
homogeneous shear. Thompson and Millard dealt with 
the more complex twinning in hexagonal metals. 
Specifically, they have tried to explain the nature of 
the partial dislocations necessary to produce twinning 
on the (10-2) planes of cadmium, where only half of 
the atoms participate in homogeneous shear. 

Rapperport and Hartley® have studied deforma- 
tion in the hexagonal metal zirconium. The only slip 
system observed was (10-0)[010],§ but twinning was 
detected on four planes in samples deformed in com- 
pression at 300°K. The (11-1) twinning plane was 
observed most frequently, and it was followed by 
(10-2), (11-2) and (11-3) in that order. Those elements 
which they were able to determine are given in Table 1. 
The data are not in accord with Cahn’s observation 
that the average thickness of a family of twins de- 
creases as the shear strain increases. ‘®) 

It is the purpose of this paper to propose models for 
twinning in zirconium which satisfy three criteria. (1) 


t+ Received July 7, 1960. 

t+ Metallurgy Division, Argonne National Laboratory, 
operated by The University of Chicago, 9700 South Cass 
Avenue, Argonne, Illinois. 

§ Directions have been expressed in terms of the three basic 
vectors a,, a, and c because of the simplification this produces 
in the expressions for the Burgers vectors of dislocations in the 
hexagonal lattice. 
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TABLE l. 
and thicknesses" 
Sample deformed in compression at 300°K 


Experimentally determined twin elements 
for various twin modes in zirconium. 


Thick 
kK, 2 ‘ ness 


(44) 


(10-2) 0.167 30 
(11-2) 221) 0.225 10 
(11-1) (11-16) 0.216 

(11-3) 


K, is the twin plane 

K, is the second undistorted plane 

n, 1s the direction in K, perpendicular to the intersection of 
K, and Kg. 

N, is the direction in K, perpendicular to the intersection of 
K, and K,. 


S is the macroscopic shear strain of the twinned volume. 
accord with the dislocation theory of 
twinning as Cottrell Bilby 
Thompson and Millard; (2) they agree with experi- 
mental data; and (3) they satisfy Cahn’s rule relating 


twin thickness and shear strain. The presentation is 


They are in 


given by and and by 


speculative and is not an attempt to prove the theory. 


2. TWINNING ON (10:2) PLANES 

A model of the atom movements involved in the 
twinning of cadmium is given in Fig. 1. Thompson 
and Millard have suggested that a major dislocation 
[001] could split into two twinning dislocations plus a 
dislocation whose Burgers vector is [210]*. This dis- 
location could split into two minor dislocations, [100]* 
and [110]* in the twin. The fact that homogeneous 
shear occurs on only every second plane seems to 
indicate not two twinning dislocations, but one zonal 
twinning dislocation.t+ Since the [001] dislocation has 


* The asterisk is used to indicate that the indices refer to the 
twin lattice. 

tt Unit zonal dislocations in # uranium have been discussed 
by Kronberg‘* and he has suggested the possibility of the 
existence of zonal partial dislocations. 


| 
» 
» 
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BURGERS VECTOR OF THE 
TWINNING j DISLOCATION 


TWINNED 
MATERIAL 
[ait] 


[ool] 
DIRECTION 


[oo1] * 
DIRECTION 


DIRECTION 


UNTWINNED 
MATERIAL 


Fie. 1. 
lattice on the (12-0) plane. 
are in a parallel plane. 


a component perpendicular to the composition plane 
equal in magnitude to the distance between composi- 
tion planes, the zonal twinning dislocation would 
climb one composition plane with each revolution. 
This is in accord with the criterion given by Cottrell 
and Bilby™ for twinning by a dislocation mechanism. 
Equation (1) expresses this dissociation of a major 
dislocation as it is shown in Fig. 1. 

a)? 
a)? 
> [100]* + [110]*. 


211 210]* 
— (211) + 210]* (1) 


(¢ 
[OOL} > 
( 


[210]* 
A similar model for (10-2)[211] twinning in zir- 
conium is presented in Fig. 2. The shift to the opposite 
twinning direction is predicted by the coefficient of the 
Burgers vector of the twinning dislocation in equation 
(1). This coefficient becomes negative for zirconium 
because (c/a) = 1.593 < 1/3. 
The distance between (10-2) composition planes is 


Twinning on (10-2) planes in cadmium. 
Circles are in the plane of the paper. Squares 
Solid symbols indicate atom positions in the twin. 


Projection of the cadmium 


\/ 3c/(c?/a? +- The expression a(3 — c?/a®)/+/3c 
equals the magnitude of the shear strain given in 
Table 1. 

An important difference does exist, however, be- 
tween the dissociation of major dislocations shown in 
Figs. 1 and 2. Frank‘ states that a dislocation can 
dissociate into partial dislocations if the sum of the 
squares of the Burgers vectors of the resulting partial 
dislocations is less than the square of the Burgers 
vector of the original dislocation. This criterion is 
satisfied in equation (1) when c/a > 4/3 but not when 
cla < 4/3. Therefore, if the same mechanism produces 
(10-2) twinning in all hexagonal metals, the energy 
necessary to cause the dissociation of the unit disloca- 
tion must be provided by the applied stress when the 
c/a ratio is less than 1/3. This could be a factor in 
determining whether this mode of twinning would be 
active at a given stress. 

On the other hand, a different mechanism may 


BURGERS VECTOR OF THE 
TWINNING DISLOCATION 


TWINNED 
MATERIAL 


UNTWINNED 
MATERIAL 


Fic. 2. 


“DIRECTION 


Twinning on (10-2) planes in zirconium. Projection of the 


zirconium lattice on the (12-0) plane. Circles are in the plane of the 
paper. Squares are in a parallel plane. Solid symbols indicate atom 
positions in the twin. 
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operate when c/a < 1/3. 
sociation represented in the following equation and 
illustrated in Fig. 2 might occur: 


The interaction and dis- 


1] + [001}*. 


[100] + [110] [210] >‘ 


This dissociation would be spontaneous, according to 
Frank’s rule. But the ‘twinning dislocation could not 
exist until two minor dislocations had interacted. The 
interaction might occur in dislocation pile-ups pro- 
duced by slip. Indeed, at 575°K, (10-2) twins were 
found only after severe deformation. 

The motion of individual atoms during (10-2) 
twinning has been considered by several workers.*~! 
Both Figs. 1 and 2 show that all atom movements 
during this type of twinning are in the (12-0) plane. 
Half the atoms in the composition plane must assume 
compromise positions which do not quite satisfy the 
lattices of the twinned or the untwinned material. 
This will be discussed at greater length in Section 5. 
There is little doubt that the atoms between composi- 
tion planes would have to move as indicated. One 
cannot be certain of the motion of these atoms in the 
other two modes of twinning which will be considered. 


3. TWINNING OWN (11:2) PLANES 


The model of atom movements shown in Fig. 3 
agrees with all the twin elements given by Rapper- 
port), The movement of atoms in the two planes 
between composition planes is not certain but motion 
out of the (11-0) plane is strongly indicated. Homo- 
geneous shear occurs on every third plane. 

The combination of a major dislocation and a 
minor dislocation could disssociate into a twinning 
dislocation, leaving two minor dislocations in the 
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twin. This is expressed by equation (2) and illustrated 
in Fig. 3 


[100] + [001] [101] > (210]* 


2) 


(c“/a* 


[210]* — [110]* [100]*. 


The dissociation of the combination is energetically 
probable according to Frank’s rule.’ The component 
of [101] which is perpendicular to the composition 
plane is equal to 3¢/2(c?/a? 1)!/2. the distance be- 
tween composition planes, satisfying the Cottrell- 
Bilby criterion. The shear produced at each composi- 
which agrees with 


tion plane is a(c?/a? 2)/(c?/a? Therefore, the 


shear strain is (2a/3c)(c?/a? — 2), 
Rapperport’s experimental value in Table 1. 

The interaction of a major and a minor dislocation 
might indicate a pile-up of dislocations has occurred 
as a result of prior slip. Indeed, when zirconium was 
tested at 575°K, (11-2) twinning was found only after 
deformation to fracture. 


4. TWINNING ON (11:1) PLANES 

Rapperport™ has concluded that every seventeenth 
plane shears homogeneously during (11-1) twinning. 
Several combinations of unit and partial dislocations 
can, by geometry, dissociate into a twinning dis- 
location and an array of unit and partial dislocations 
in the twin. Possibly the most likely of these would 
be the combination given in equation (3), 


223] > 


+ [200] + [228] > 


3{(110]*} 


[OO1]* + [100]* 


The indicated dissociation would be possible energeti- 
cally. The shear strain produced would be 4a(4 — c? 


BURGERS VECTOR OF THE 
TWINNING DISLOCATION 


TWINNED MATERIAL 


[oot] 
DIRECTION 


* 
DIRECTION 


° 
UNTWINNED MATERIAL 


° 
Fic. 3. 


Twinning on (11-2) planes in zirconium. 
lattice on the (11-0) plane. Circles are in the plane of the paper 


> [ii] 


DIRECTION 


4 


Projection of the zirconium 
Squares, dia- 


monds and triangles are in the first, second and third planes below the paper. 
Solid symbols indicate atom positions in the twin. 


(c2/a2 
2 
3 + (c/a) (2) 
2c*/a* 
(112) 
4c“/a* 
) 
2) 
— 
0 
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/a?)/17c, which would be 0.216 for zirconium. The 
occurrence of a 1/6[223] dislocation could be explained 
by the dissociation of a major dislocation indicated by 


equation (4), 


[001] — — [223] + — [223]. (4) 
6 6 


The zonal twinning dislocation in equation (3) would 


have a thickness of 17/2 c/(1 4c?/a?)/2, or about 


5c/2. This should be compared with thicknesses of 
approximately 3c/4 for the twinning dislocations pro- 
posed for (10-2) and (11-2) twinning. One of the pos- 
sible ways for the zonal twinning dislocation to split 
into narrower dislocations is represented by equation 


(5) and illustrated in Fig. 4, 


9 0.2 9 

we iG” 

: 


l 


[112] 


6( -f112]). (5) 
l +- 


The first dislocation on the right side of equation (4) 
would be five planes thick and would cause shear in 
the [112] direction, while the six other dislocations 
would each be two planes thick and would cause shear 
in the observed twinning direction. The shear strains 
produced by the passage of these two types of dis- 
locations would be 4a/5c(c?/a — 1) and a/c, or approxi- 
mately 0.77 and 0.63, respectively, for zirconium. 
The shear strain-thickness data given in Table | are 


SHEAR 


[ool] 
DIRECTION 
foot] 


DIRECTION 


TWINNED MATERIAL 
UNTWINNED MATERIAL 


o—> [112] DIRECTION 


4 a 


Fic. 4. Twinning on (11-1) planes in zirconium. Pro- 

jection of the zirconium lattice on the (11-0) plane. 

Circles are in the plane of the paper. Squares, diamonds 

and triangles are in first, second and third planes below 

the paper. Solid symbols indicate atom positions in 
the twin. 
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not in accord with Cahn’s rule. Substituting a value 
between 0.77 and 0.63 for the observed shear strain 
for (11-1) twinning would satisfy the rule. 


5. CRITICAL RESOLVED SHEAR STRESS 
FOR TWINNING 

There may be as many as four factors which deter- 
mine whether a twinning mode will be operative at a 
given stress, if twinning is, in fact, produced by a 
Cottrell-Bilby mechanism. 

(1) The possibility that energy might have to be 
supplied by the applied stress to cause a unit disloca- 
tion to dissociate was mentioned in Section 2. Even 
the dissociations in body-centered cubic and face- 
centered cubic metals may require an applied stress. 

(2) If dislocation pile-ups are necessary to the for- 
mation of a twinning dislocation, then a stress must be 
attained which will cause the required amount of slip. 
This discussion predicts that prior slip would be 
essential to every mode of twinning discussed except 
> 4/3. 

(3) Energy must be supplied by the applied stress 


(10-2) twinning in metals where c/a 


during the first complete revolution of the twinning 
dislocation because distances to neighboring atoms 
along the twin interface are altered. This interfacial 
energy may be very important in determining which 
modes are operative. One of the factors influencing 
the magnitude of this energy would be the number of 
bonding electrons. Rapperport and Hartley have 
tabulated data which show that yttrium, in group IIT 
of the periodic table of the elements, and titanium and 
zirconium, in group IV, all twin on (10-2), (11-1) and 
(11-2) planes. Beryllium, magnesium, zine and cad- 
mium in group II, twin on (10-2) planes, but not on 
(11-1) or (11-2) planes. 

(4) There must be a resolved shear stress equal to 
the Peierls—Nabarro force in order to keep the twinning 
dislocation in motion, once it has started. 

The first three stresses are associated with the initia- 
tion of twinning. None are essential after the first 
revolution of the twinning dislocation. This type of 
phenomenon could explain the serrations in stress— 
attributed to 
deformation by twinning. The nucleation of twinning 


strain diagrams which have _ been 
at stress concentrations would also explain the fact 
that no one has yet obtained a critical resolved shear 


stress for twinning. 
6. CONCLUSION 
Models have been presented for the dislocation 
For (10-2) and 
(11-2) twinning the models are simple, but for (11-1) 


mechanism of twinning in zirconium. 


twinning, the model is complex enough to be question- 


able. 


— 
Vol.9 
1961 
a--\- ----4------ 
— — 
----—-— 
——— — — 4-- - - > 8 - - 
On 
oe 
o 
° 
Oo a 
° 


WESTLAKE: TWINNING 


Twinning, by a dislocation mechanism, would be 
nucleated at stress concentrations. The macroscopic 


applied stress would not be a measure of the nucleation 


stress and therefore, critical resolved shear stresses 
could not be obtained for twinning. 
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THE METALLOGRAPHY OF PRECIPITATION IN AN AI-16°, Ag ALLOY* 
R. B. NICHOLSON and J. NUTTING? 
The thin foil transmission electron microscope technique has been used to study precipitation in a 


16% Ag alloy. In the 
stages complications are introduced by the tendency for ordering in the silver-rich 


supersaturated \] The basic sequence of decomposition is G.P. zones > >y. 


G.P. zones and y 
The transformation yy’ —» y occurs by discontinuous precipitation involving a grain growth 
Silver in solid solution reduces the stacking fault energy of aluminium therefore stacking 


Helical dislocations, also introduced by quenching, absorb 


phases, 
mechanism, 
fault defects are found in the quenched alloy 
silver and degenerate into long narrow stacking faults on {111} planes. The stacking faults then form 
nuclei for y 

No elastic strain fields have been found in the alloy at any stage of ageing. The increase in flow stress 
effect 


precipitates, 


during ageing is largely a “‘chemical’ 


ETUDE METALLOGRAPHIQUE DE LA PRECIPITATION DANS UN ALLIAGE AL-16% Ag 


La technique des pellicules minces en microscopie électronique est appliquée a l'étude de la précipi- 
tation dans un alliage sursaturé Al-16° Ag. Le mécanisme fondamental de la décomposition consiste en 


la formation de zones de Guinier —Preston —> y’ — 3 


Pour les zones de Guinier—Preston et pour la phase y!, des difficultés d’interprétation proviennent de la 


La transformation y! — y 


tendance a l’apparition d’un ordre dans les phases riches en Argent. résulte 
dune précipitation discontinue, ce qui fait intervenir un mécanisme de croissance. 

L’argent en solution solide réduit l’énergie de faute d’empilement de l’aluminium et dés lors, on observe 
des fautes d’empilement dans l’alliage trempé. Des dislocations hélicoidales provenant également de la 
trempe absorbent l’argent et se transforment en fautes d’empilement étroites et allongées disposées sur 
les plans {111 Ces fautes d’empilement forment alors des germes pour la précipitation de y'. 

Les auteurs n’ont pas observé les champs de déformation élastique dans l’alliage & quelque stade de 
vieillissement que ce soit. 

L’accroissement de la limite élastique au cours du vieillissement provient principalement d’un effet 
“chimique.” 

DER AUSSCHEIDUNG IN EINER 


\g-LEGIERUNG 


METALLOGRAPHIE 
Al-—16° 


Die elektronenmikroskopische Durchstrahlung diinner Folien wurde verwendet, um die Ausscheidung 
Die grundlegende Umwandlungsreihe ist: 


DIE 


Ag-Legierung zu untersuchen. 
Stufen treten durch die Tendenz zur Ordnungsbildung 


in einer iibersattigten Al—-16% 
G.P.-Zonen — y’ — y. In den G.P.-Zonen und y 
in den silberreichen Phasen Komplikationen auf. 


Die Umwandlung y’ — y geschieht durch diskon- 


tinuierliche Ausscheidung zusammen mit einem Kornwachstumsmechanismus. Silber in fester Lésung 
erniedrigt die Stapelfehlerenergie von Aluminium, deshalb findet man Stapelfehler in abgeschreckten 
Legierungen. Versetzungsspiralen, die ebenfalls durch Abschrecken erzeugt werden, absorbieren Silber 
und entarten zu langen schmalen Stapelfehlern auf {111}-Ebenen. Die Stapelfehler bilden Keime fiir y’ 
Ausscheidungen. 

Es wurden keine elastischen Verzerrungsfelder nach den verschiedenen Auslagerungsstufen gefunden. 


Die Zunahme der FlieBspannung wahrend des Auslagerns ist zum groBen Teil ein ‘‘chemischer”’ Effekt. 


1. INTRODUCTION zones (possibly ordered ®)) plates (formed on 


Precipitation in Al-Ag alloys has been studied 
chiefly by Guinier, Geisler and Koster and _ their 
various collaborators. Much of their work was com- 
prehensively reviewed by Hardy and Heal in 1954 
and since that date the most important papers have 
been those of Gerold’), Belbeoch and Guinier®), and 
Webb™ (all using the X-ray small-angle scattering 
technique), Damask and Nowick") (internal friction), 
Beton and Rollason“® (hardness reversion), and Kelly 
et al. (plastic deformation of single crystals). 

The published results are frequently contradictory 
but Hardy and Heal" have suggested that the most 
probable sequence of precipitation is: Spherical G.P. 


* Received April 28, 1960. 
+ Department of Metallurgy, The University of Cambridge, 
Cambridge, England. 
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stacking faults or faulted during growth"®)) + y 
(formed by discontinuous precipitation®”). Geisler 
and Hill"), Elistratov et al.“*) claim to have 
detected a “‘stringlet’’ stage which precedes the for- 
The crystal 


and 


of two-dimensional y’ plates. 


structure of the y’ and y phases is close packed hexa- 


mation 


gonal and these phases precipitate from the face- 
centred cubic aluminum rich matrix with the following 
orientation relationship : 

matrix’ 


(0001), //(111) [1120], //[1 10) 


matrix? 

Most Al-Ag alloys aged in the temperature range 
100-200°C have hardness—time curves which exhibit 
clear double peaks and Késter and Braumann"*) and 
Belbeoch and Guinier® have shown that the two 
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peaks are associated with the successive precipitation 
of G.P. zones and y’. 

The strengthening effect of the G.P. zones cannot 
be due to internal strains since the solution of silver 


has very little effect on the lattice parameter of 


aluminum. The most likely explanation of the 
hardening has been put forward by Kelly“, who 
suggested that the passage of a dislocation through a 
silver-rich zone would increase the number of Al-Ag 
bonds, thus increasing the energy of the zone. Kelly 
found that the flow stress calculated from this model 
was in good agreement with observed values. 

The high strength of alloys containing y’ has not 
been studied so thoroughly but Geisler“® has suggested 
that the hardening is due to coherency strain fields 
around the precipitates. 


2. EXPERIMENTAL DETAILS 

The alloy was prepared from super-pure aluminium 
and Johnson and Matthey “‘spectroscopically pure’’ 
silver. Chemical analysis showed that the alloy con- 
tained 15-6% Ag by weight.* Part of the ingot was 
cold rolled into strip ~150 yu thick and specimens cut 
from this strip were homogenized for 12 hr at 520°C, 
quenched into water at room temperature and aged 
for various times at 150°C in a silicone oil bath. 

Some thicker specimens were also prepared from the 
same ingot and given the same heat treatment as the 


strip. These were used for hardness tests the results 


of which are shown in Fig. 1. A clear double peak was 


found and the curve is consistent with previous 
results. 

Thin foils were prepared from the strip specimens 
using the electropolishing method devised by Nichol- 


son et al.” and the electrolytes listed by Kelly and 


ite) 


Vickers Pyramid Hardness 


7° 4 4 
Ageing Time (Days) 
Variation of hardness with time for an . 
Ag alloy aged at 160°C. 


Fie. 1. 


* We are indebted to Miss M. K. B. Day of British Alumi- 
nium Company Research Laboratories for this analysis. 


PRECIPITATION IN 


Fic. 2. Water from 520°C Dislocation 
loops are lying on a plane nearly parallel to the plane 
of the foil at A and perpendic« ular to the plane of the 


foil at B. 20.000 


quenched 


Nutting"®. The foils were then examined by trans- 


mission in the electron microscope. 


3. RESULTS 
(a) The structure of the supe rsaturated solid solution 
Several types of defect are present in quenched 
Al-Ag alloys. 


they are generally rather ragged (Fig 


Helical dislocations are observed but 


2) compared 


with those found in quenched Al-4°% Cu by Thomas 


and Whelan“), After ageing at room temperature or 
for a short time at high temperature the helices 
become more regular and assume the equilibrium form 
where the pitch of the helix is equal to the radius. 
Fig. 3. 


which have annealed out can be calculated from this 


This is shown in The number of vacancies 


160°C showing helical dis 
25,000 


Aged for lhr at 
locations. 


Fic. 3. 


Al Ac ALLOY 333 
1. 9 
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100 
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a. 
— 


dislocation 
25,000 


Fi +. Water quen hed from 520°C. The 


loop at ¢ hows stacking fault contrast. 


micrograph and the concentration is ~1 in 104. The 
uneven form of the helices in the quenched specimens 
is probably due to the fact that there is a non-uniform 
flux of vacancies arriving at the original dislocations 
influenced by the 
probable that the 
smooth Al-Cu alloys by 
Thomas and Whelan” and in Al-Ag alloys after 


diffusion of vacancies along 


distribution is 
It is 


found in 


since the vacancy 
presence of nearby defects. 
perfect helices 
ageing are formed by 
uneven helical dislocations. 

Another ty pe of defect, which is frequently observed 
in quenched Al—Ag alloys, is shown in Fig. 2 at A. 
This defect is interpreted as a dislocation ring formed 
by the collapse of a disk of aggregated vacancies. The 
short straight lines at B are similar rings which lie on 
The 


contrast inside the dislocation rings is different from 


planes perpendicular to the plane of the foil. 


that observed by Hirsch et al." in thin foils prepared 
from quenched aluminium where prismatic dislocation 
loops of Burgers vector $a[110] are formed. Careful 
tilting experiments on the Al—Ag foils have shown 
that the contrast may take the form of stacking fault 
fringes as shown at C in Fig. 4. It is concluded there- 
fore that many of the dislocation rings observed in 
quenched Al-Ag alloys enclose regions of stacking 
fault and are Frank sessile dislocations of Burgers 
vector 4a{111]. 

Now Kuhlmann-Wilsdorf‘*”) has considered the for- 
mation of defects by the collapse of disks of aggregated 
vacancies and has shown that if the stacking fault 
energy is high, the resulting fault will be removed by 
the nucleation of a Shockley partial dislocation. The 
resultant dislocation will be of the prismatic 110] 


type and such dislocations have been observed by 
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Hirsch et al.) in pure aluminium. In metals of low 
stacking fault energy, Kuhlmann-Wilsdorf predicted 
that the Frank sessile dislocation would be stable. 
However Silcox and Hirsch) found that the defects 
in quenched gold took the form of tetrahedra of 
stacking faults and showed that this defect could be 
formed from a Frank sessile dislocation with a net 
loss of energy. 

It is necessary therefore to consider why quenched 
Al-Ag alloys contain defects which so far have not 
been found in any other pure metal or alloy. 

Barrett) obtained X-ray evidence of stacking 
faults in deformed supersaturated Cu-Si alloys and 
later proposed that faulting was likely in alloys where 
a face-centred cubic phase was super saturated with 
respect to a hexagonal close-packed phase, or vice 
versa, providing the relevant lattice parameters of the 
two phases were similar. Later Spreadborough'® 
gave some theoretical justification for this argument. 


0 


In a quenched Al-16% Ag alloy the 6 phase (f.c.c.) is 
supersaturated with respect to the y phase (h.c.p.) and 
the lattice parameters of the two phases differ by only 
~l1 per cent. Consequently this alloy might be 
expected to have a low stacking fault energy and the 
observation of Frank sessile dislocations is not sur- 
prising. However it is still necessary to explain why 
these faults do not revert to the low energy tetrahedra 
found in quenched gold and further to balance this 
evidence of low stacking fault energy with previous 
evidence of a stacking fault energy similar to that of 
pure aluminium. Thomas and Nutting‘? deformed 
quenched Al—Ag alloys and found that the slip line 
characteristics were virtually identical with those of 
pure aluminium, whilst Kelly et al. deformed single 
crystals of the same alloys and showed that the rate of 
work hardening was similar to that of pure aluminium. 

These apparently contradictory results can be inter- 
preted satisfactorily by reference to the work of 
Passari®) and Turnbull et 


These workers have investigated the change in electri- 


Federighi and 


cal resistivity of Al-Ag alloys immediately after 
quenching and have interpreted their results as indi- 
cating a very rapid clustering of the silver atoms to 
form small spherical zones. These grow on subsequent 
annealing at room or higher temperatures until they 
can be detected by X-ray small angle scattering 
techniques. Thus, after quenching, the alloy is no 
longer a supersaturated solid solution of silver in 
aluminium; it is largely a dispersion of silver-rich 
particles in a matrix of aluminium. Hence the stacking 
fault energy is near that of aluminium except inside 
the clusters where it may be considerably lower. 
Consequently Al—Ag alloys have a low stacking fault 
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energy during quenching to room temperature through 
the two phase region of the equilibrium diagram but 
the stacking fault energy reverts to that of aluminium 
This hypothesis ex- 


immediately after quenching. 
plains the presence of stacking faults in the quenched 


alloy and its subsequent behaviour as an alloy of high 
stacking fault energy. 
On ageing at room temperature many of the original 


faults are not removed by the Kuhlmann-Wilsdorf 


reaction and must be stabilized in some way. Suzuki"! 
and Cottrell'*?) have suggested that there is a chemical 
interaction between solute atoms and stacking faults 
since the solubility of the solute is not the same in 
f.c.c. and h.c.p. lattices. Since the hexagonal phase in 
Al-Ag alloys (y) has a composition near Ag,Al it is 
probable that silver atoms diffuse to stacking faults 
in the f.c.c. aluminium-rich alloys. Then the relatively 
high local concentration of silver prevents the stacking 
fault energy from rising during clustering and this 
stabilizes the faults. elevated 
temperature some of the faults become unstable and 


During ageing at 
revert to prismatic dislocation rings whilst others 
attract more silver and act as nuclei for y’ precipitates. 

There are two possible explanantions for the forma- 
tion of Frank sessile dislocations instead of the tetra- 
hedra of stacking faults found in quenched gold.‘ 
The stacking fault energy rises so quickly after 
quenching that it may no longer be favourable for the 
Frank sessile dislocation to dissociate into a Shockley 
partial dislocation and a low energy “‘stair-rod”’ dis- 
location. 
the tetrahedra.) Alternatively the size of the Frank 
sessile dislocation may be too large for it to be 
energetically favourable to form a tetrahedron. Silcox 
and Hirsch’) showed that in quenched gold tetra- 
hedra would only be formed if the diameter of the 
The 


2 and 3 is 


Frank sessile dislocation was less than ~430 A. 
diameter of the stacking faults in Fig. 
~1000 A. Therefore the stacking fault energy of the 
supersaturated Al—-Ag alloy would have to be less 
than ~5 ergs/cm? for it to be energetically favourable 
for loops of this size to become tetrahedra. 


(b) G.P. zones 

Guinier‘*.!,33) has detected small spherical silver- 
rich G.P. zones in quenched Al—Ag alloys. The dia- 
meter of the zones was initially ~16 A and increased 
rapidly during ageing. In the present experiments the 
smallest zones which have been detected were 30 A in 
diameter and these were found after ageing for 15 min 
at 160°C, a result which is consistent with the X-ray 
observations. Failure to detect 
probably due to there being insufficient contrast 


smaller zones was 
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the foil 


magnitude 


the and the matrix when 


was 


between zones 


thickness more than an order of 
greater than the zone diameter. Lack of contrast may 
also account for the failure to observe the aluminium- 


shell Walker and (34) 


exist round each silver-rich zone. 


rich which Guinier believe to 


zones when 


it is difficult 


The density of precipitation of G.P. 
first detected was ~2 10!7/em. Since 
to estimate the proportion of silver which remains in 
solution it is not possible to calculate the composition 
of the zones directly from the electron micrograph. 

However Friese et al.) have devised an experiment 
whereby X-ray small angle scattering patterns and 
transmission electron micrographs are taken from the 
same specimen. It is then possible to calculate the 
average composition of the G.P. zones unambiguously. 
The average composition of zones in a specimen aged 
15 min for 160°C is ~ 90 per cent silver. 

G.P. zones continued to grow rapidly even during 
the formation of y’ and after ageing 5 days at 160°C 
the average zone diameter was ~90 A (Fig. 5). It 
has not been possible to detect any ordering in the 
G.P. zones from either the micrographs or the electron 


diffraction patterns. 


The precipitate 
Before the 


growth of the y’ precipitate it is necessary to outline 


considering mode of nucleation and 
the contrast which might be expected in electron 
micrographs of thin foils containing this precipitate. 
The y’ 
which can be considered as a face-centred cubic lattice 


other (111) 


Consequently a thin foil prepared from a specimen 


phase has a hexagonal close-packed lattice 


growth fault on plane. 


with a every 


160°C. Silver-rich 
200,000 


Aged for 
zones have 


7) day s at 
formed 


| 
‘ere 
“ace ..* 


METALLURGICA, 


, 


Aged for 5 days at 160°C. precipitates have 
The particle at D is lenticular and shows 
< 25,000 


Fic. 6. 
formed. 
unusual contrast. 


containing y’ precipitates in a f.c.c. matrix is similar 
to a foil of f.c.c. 


lapping stacking faults. Therefore the characteristic 


crystal containing a number of over- 


fringe contrast™® shown in Fig. 6 is found. The fringe 
contrast is not always as marked as in Fig. 6, and when 
no strong Bragg reflection is operating, the fringes 
degenerate into a uniform dark contrast (Fig. 10). 


There is an interesting feature at D in Fig. 6. This 


precipitate shows strong fringe contrast at either end 


of the plate but no contrast in the centre. This can be 
explained if the total number of overlapping faults in 
the centre of the precipitate is 3, 6, 9, ete. Whelan and 
Hirsch” have shown that under these conditions the 
total lattice shear is zero and no contrast should be 
observed. Hence the shape of the precipitate D must 
be lenticular and thicker in the centre than at the edge 
by one unit cell. The fringes observed in these micro- 
graphs of Al—Ag alloys are essentially similar to those 
observed by Fukano and Ogawa*) in evaporated foils 
of Al-Ag alloys. 

Nucleation of the y’ precipitate occurs at two sites: 
isolated stacking faults associated with Frank sessile 
dislocations formed during quenching, and at helical 
dislocations. Guinier has suggested that nucleation 
may also occur inside G.P. zones, but there is no 
evidence from the present investigation to support 
this view. Most y’ is nucleated at the helical dis- 
locations. 

The first change in the structure occurs when the 
helices lose their shape and become rather featureless 
dark bands. This is shown in Fig. 7 which should be 
compared with Fig. 3 showing the helices before 
precipitation has begun. The bands, like the helices, 
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Aged for 1 day at 160°C. is nucleated 


on helical dislocations. 


The y’ 
< 9000 


110 
(Fig. 8) can be resolved to show precipitates of several 


run in directions, and at higher magnification 
orientations and a few remnants of helical dislocations, 
e.g. at #. Electron diffraction patterns from the 
helices at this stage show faint streaks in (111) direc- 
tions with slight maxima at positions corresponding 
lattice. This 
pattern is qualitatively similar to the X-ray diffraction 
patterns obtained by Glocker et al.) from Al-Ag 
specimens aged for short times. Ziegler‘) made quanti- 


to reflections from the hexagonal y’ 


tative measurements of the intensity distribution 
along the streaks and interpreted the curve in terms 
of & structure consisting of a number of h.c.p. lamellae, 
six atomic layers thick, randomly distributed in the 
f.c.c. 


observed intensity distribution and that calculated 


crystal. He found good agreement between the 


Part of the original helical dis- 
60,000 


As Fig. 7. 
location can be seen at Z. 
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Fic. 9. Aged for 2 days at 160°C. The y’ 

at F lie on a plane containing the axis of the original 

helical dislocation while those at G lie on a plane which 
does not contain this direction. < 8000 


precipitates 


from this model. Ziegler remarks that a better agree- 
ment would probably be obtained if a statistical 


distribution of lamellar thicknesses about a mean of 


six atomic layers were assumed. It is not possible to 
analyse the intensity distribution along streaks in 
electron diffraction patterns in such detail because of 
the uncertainties introduced by double diffraction. 


Consequently Ziegler’s model will be accepted and its 


use wil] be justified later. 

After longer ageing times (2 days at 160°C) electron 
diffraction patterns show clear y’ spots whilst long 
bands of y’ precipitates are observed in the micro- 
graphs (e.g. Fig. 9). The structure between the bands 
of »’ The 


structure of an over-aged alloy is shown in Fig. 10 


consists of G.P. zones as shown in Fig. 5. 


and now the y’ precipitates have grown so large that 
the original band structure is hard to detect. Some 
areas continuing G.P. zones of 200 A diameter are 
still visible at H. The sequence of micrographs (Figs. 
7-10) shows the importance of the nucleation of y’ at 
helical dislocations and the mechanism by which this 
occurs will now be discussed. As the activation energy 
for the diffusion of silver in aluminium is considerably 
less than the activation energy for diffusion in pure 
aluminium, Borelius and Larsson suggested that 
there was a binding energy between a vacancy and a 
silver atom. The attraction cannot be due to elastic 
forces because the atomic diameters of silver and 
aluminium are nearly the same but there may be an 
electrical interaction of the type proposed by Cottrell 
et al.4), Therefore it is reasonable to suppose that 
during the formation of a helical dislocation by the 
annihilation of vacancies at a screw dislocation, the 
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local concentration of Ag atoms must be gradually 
Thus a helical dislocation is a favourable site 
Fig. 9 


raised. 
for the precipitation of a silver rich phase. 
shows arrays of y’ precipitates which have formed on 
dislocations. There are some precipitates 
Fig. 9) 


containing the axis of the original helix and some 


helical 


(marked F in which lie on a {111} plane 
(marked G in Fig. 9) which lie at some angle to this 
axis. Only G-type precipitates are found in micro- 
graphs of preferential precipitation in Al-Cu alloys 
and their occurrence is thought to be due to the relief 
of strain energy of the dislocation. However this 
explanation is not valid for F-type precipitates where 
the 


the plane of the precipitate plate. An 


3urgers vector of the dislocation is contained in 
alternative 
explanation can be made which is similar to that 
devised by Heidenreich to explain the formation of 
anomalous hexagonal precipitates in deformed Pb—Ag 
alloys. 

The increased concentration of silver at the helical 
dislocations will lower the stacking fault energy but 
it is not possible for the dislocation to split into its two 
partial components unless it lies on a {111} plane. 
Consequently the dislocation will climb so that succes- 
sive segments lie on each {111} plane and the partial 
dislocations will then separate to form a narrow ribbon 
of stacking fault. This process is only possible on the 
two {111} planes, e.g. (111) and (111), which contain 
the Burgers vector of the helical dislocation 110}. 
Stacking faults could be formed on (111) and (111 )by 


the reverse of the Kuhlmann-Wilsdorf‘22) reaction: 


] ‘ . 
= Ja{T11] + (1) 


Fic. 10. Aged for 100 days at 160°C. Further growth 
of y’ has occurred but large G.P. zones are still present 


at H. 4500 


te: 
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Fic. 11. Aged for 2 days at 160°C. Regularly spaced 


’ precipitates. 31,000 


producing a Frank sessile dislocation and a stacking 
fault on (111). This reaction is not normally energeti- 
cally favourable in face-centred cubic metals but in 
this case it could proceed with a net loss of energy 
since it involves the production of a thin lamella of the 
stable hexagonal phase from the supersaturated face- 
centred cubic matrix. This accounts for the observa- 
tion of precipitates on matrix planes which do not 
contain the axis of the helical dislocation (G in Fig. 9). 

During ageing the stacking faults will become fur- 
ther enriched as silver atoms are absorbed by the 
Suzuki®” mechanism. It is not possible to say when 
this silver-enriched stacking fault becomes a thin y’ 
precipitate since the change is virtually continuous but 
eventually the hexagonal region will grow in thickness 
as well as in width, and the helical dislocation then 
becomes a continuous string of y’ precipitates.* The 
advantage of the mechanism proposed is that it does 
not distinguish between the edge and screw compo- 
nents of the helix since the Suzuki attraction is almost 
The 


mechanism also justifies the empirical model chosen by 


independent of the nature of the dislocation. 


Ziegler to explain the intensity distribution along 
The 


change from dislocation to precipitate will be gradual 


the streaks in his X-ray diffraction patterns. 


and non-uniform for at any one time there will be 
present hexagonal lamellae of various thicknesses and 
various silver contents. Hence a statistical distri- 


bution about a mean lamellar thickness of six atomic 


* Note added in proof: This interpretation is further 
supported by a recent paper by Y. Fukano and S. Ogawa 
(J. Phys. Soc. Japan 14, 1671 (1959)) who examined evaporated 
films of Al—Ag alloys and found that during ageing the 
hexagonal ratio of the y’ precipitate decreased from 1.63 (the 
value for a close-packed structure) to 1.59 (the value for y’). 
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Fic. 12. Aged for 1 day at 160°C. The y’ precipitate 

at J has the form of a plate which extends to both 

surfaces of the foil while those at J are long narrow rods. 
60,000 


layers is a fair picture of the state of the crystal. A 
possible mechanism for the growth of the hexagonal 
phase is the rotation of a partial dislocation about a 
screw dislocation as proposed by Seeger for the 
allotropic transformation of cobalt. Alternatively 
growth could simply take place by diffusion of atoms 
across the phase boundary. 

There are two further pieces of evidence to support 
the proposed mechanism of nucleation. As it is 
difficult to distinguish on a micrograph between an 
extended dislocation and a thin precipitate on an 
extended dislocation it is not possible to show that the 
original helical dislocation changes its form to straight 
segments on {111} planes before precipitation begins, 
but Fig. 11 does show that the early stages of pre- 
cipitation of y’ are extremely regular. The spacing of 
the precipitates along the helix in this micrograph is 
very similar to the average pitch of the helices calcu- 


lated from the projected pitch measured in Fig. 3, 


i.e. ~600 A suggesting that similar segments on each 
turn of the helix have climbed on to the same {111} 
plane. Secondly the original shape of a y’ precipitate 
nucleated on a helical dislocation will be a rod whose 
width is determined by the separation of the partial 
dislocations and whose length is of the same order of 
magnitude as the pitch of the helix. Thus dimensions 
of 20 A 20 A 


shape of this precipitate would then correspond to the 


500 A are not unreasonable. The 


proposed “‘stringlet’”’ stage of precipitation and give 
rise to the planar reciprocal lattice reflections detected 
by Geisler and Hill"). It appears that the precipitate 
In Fig. 12 the 


fringes at I indicate a y’ plate which is lying on a 


sometimes continues to grow as a rod. 
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plane inclined at an angle to the foil and runs from the 
top surface to the bottom surface of the foil. At J 
there are single parallel fringes which must be caused 
by very narrow, long precipitates. This effect occurs 
far more frequently than would be expected if it 
depended on the chance of a small section of a large 
precipitate being left near one of the surfaces of the 
foil after electropolishing. 

Figures 8-10 illustrate the growth of precipitates 
and no abnormal features can be detected. However 
from the corresponding electron diffraction patterns 
it is clear that the growth is not straightforward. 
When the y’ plates are thin the y’ diffraction spots are 
elongated into streaks along (111 
length at half-peak intensity (B) should be related to 
the precipitate thickness (e) by the equation 


directions whose 


(2) 


where AL is the microscope constant. However it is 
found that in any one pattern, the value of B varies 
according to the crystallographic indices of the set of 
planes which are giving rise to the diffracted beam. 
Frequently equation (2) gives values of ¢ which are 
much less than the precipitate thickness measured on 


the 


anomaly in X-ray diffraction patterns and showed that 


micrograph. Guinier! observed a_ similar 
the effects could be satisfactorily interpreted if there 
were stacking faults in the y’ plates on the (0001) 
plane parallel to the plane of the plate. This type of 
defect only interrupts the periodicity of certain sets 
of planes and consequently the anomalously long 
streaks are confined to certain diffraction spots. The 
streak through the (000) spot is not affected by simple 
faulting and Guinier was able to use the length of this 
streak to find the average precipitate thickness and 
the length of other streaks to calculate the average 
He estimated that 
the faults were spaced by only 10 A in thin precipitates 


distance between stacking faults. 


but thick precipitates appeared to be almost perfect. 

During the present experiments a quantitative 
investigation was made of the change in stacking fault 
frequency with precipitate growth. Selected area 
electron diffraction patterns were obtained of pre- 
cipitates whose thickness could be measured from 
micrographs and in some instances checked by measur- 
ing the length of the streak through the (000) spot. 
An example of an electron diffraction pattern from a 
foil whose surface is (110) is shown in Fig. 13. Streaks 
from precipitates parallel to (111) and (111) are 
present and their lengths at half peak intensity can be 
measured and corrected for instrumental broadening 
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Fic. 13 


aged for 30 days at 


Electron diffraction pattern from a spe 
160°C 110 


imen 


zone 


by using the Scherrer and Zsigmondy“ equation 
h (3) 


where f is the true broadening, B is the measured 
the 


which was measured from the width of the streak. An 


broadening and 6 is instrumental broadening 
error arises from the estimation of the position of half 
peak intensity but it is less important than the un- 
avoidable error present in most measurements where 
the direction of the streak is not quite parallel to the 
plane of the plate. From the measurements, which are 
probably only accurate to +25 per cent, it is possible 
to obtain the mean spacing of the stacking faults and 
the change of stacking fault spacing with precipitate 
thickness is shown in Fig. 14. The dotted line repre- 
sents unfaulted precipitates and the full line has been 


drawn through the experimental points. The curve 


(2) 
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shows that the precipitates are severely faulted during 
the early stages of growth but when they are thicker 
than 80 A the faults are gradually removed, and at a 
thickness of 200 A the precipitates are nearly perfect. 
This trend and the original interfault distance of ~10 
A are in good agreement with Guinier’s results. 

The hexagonal lattice is formed by silver enrich- 
ment of the f.c.c. matrix and subsequent shear of the 
close-packed planes. If there is a mistake in the shear 
process and a thin lamella of f.c.c. crystal is left 
unchanged, it becomes a stacking fault in the hexa- 
gonal precipitate. It is difficult to explain why these 
faults should disappear when the precipitate grows 
larger. A fault in a hexagonal crystal can only be 
removed by a shear process involving the nucleation 
of a series of partial dislocations on successive planes 


on one side of the fault. It is necessary to consider why 


this process Should be energetically favourable when 


the precipitate has wrown to a thickness of 80 A 
although it does not occur immediately after the fault 


has been introduced. 


The arrays of diffraction spots from thin precipitates - 


shown in Fig. 13 are typical of a disordered hexagonal 
lattice i.e. there are no (0001) spots in positions corre- 
sponding to matrix indices of (4, $, 4). However in 
diffraction patterns from almost perfect thick precipi- 
tates, e.g. Fig. 15, strong (0001) spots are visible 
near the centre spot. The structure factor of this 
reflection is zero for a disordered structure but may 
be appreciable for an ordered lattice. The extra spots 
cannot be explained by double diffraction from matrix 
reflections and are thought to be too strong to be due 
to double the 


reflections. 


diffraction from weak precipitate 


Fic. 15. Electron diffraction pattern from a specimen 
aged for 100 days at 160°C. (110) zone axis. 
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Consequently it is probable that the precipitate 
possesses long range order in the c-direction caused by 
a segregation of silver on the basal planes of the 
lattice parallel to the plane of the precipitate. The 
(0001) reflection was not detected in previous X-ray 
investigations by Barrett et and 
However the former used a very small powder camera 
where the detection of low index lines would be ex- 
tremely difficult and Guinier concentrated on speci- 
mens aged for rather short times. Furthermore only 
some of the precipitates show ordering after ageing 
for 100 days at 160°C and it proved impossible to 
detect the (0001) reflection in an X-ray powder pattern 
taken in a 19 cm camera using the same specimen as 
Fig. 15. Barrett et al.) obtained a fair agreement 
between line intensities calculated for a disordered 
hexagonal lattice of axial ratio 1.612 and the intensi- 
ties measured on a powder pattern from a specimen 
containing y’. still 
agreement if the line intensities are calculated for an 


However there is reasonable 
ordered lattice where alternate close-packed planes 
have compositions of Al,Ag and pure Ag. 

The detection of long range order in large perfect 
y’ precipitates can be used to explain the removal of 
the stacking faults during precipitate growth. In the 
early stages of growth order will gradually develop 
between the faults but will be disrupted near them. 
Hence the energy associated with the fault will rise 
and eventually it will be energetically favourable to 
nucleate a series of partial dislocations to remove the 
faults and establish complete order throughout the 
precipitate despite a consequent decrease in entropy. 
The detection of order in y’ precipitates is in agreement 
with the thermodynamical studies of Hillert et al.“ 
who predicted that clustering would occur at the 
aluminium-rich end and ordering at the silver-rich 
end of the Al-Ag system. 

There is one further observation on the y’ precipitate 
which is of some importance. No coherency strain 
fields such as those found in Al-Cu alloys”) have 
been observed near any of the precipitates at any 
stage of ageing. The misfit between the y’ precipitate 
and the aluminium matrix is approximately 1.4 per 
cent in the c-direction compared with a misfit of 
nearly 4 per cent for 9” in Al-Cu alloys. Although the 
misfit is considerably smaller, similar elastic strain 
fields should be observed when the precipitate is 
proportionately larger. However the y’ precipitate is 
never fully coherent with the matrix like @” since 
there is a net of partial dislocations round the periph- 
ery of the plate at the boundary between the h.c.p. 
and f.c.c. phases. Barrett et al.‘4), assuming that y’ 
was a distorted form of y, showed that the stresses 
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Fic. 16. Aged for 4 days at 160°C. The y phase has 

formed at a grain boundary. The areas marked K have 

the same crystallographic orientation and grain growth 

is taking place in the direction indicated by the arrows. 
< 8000 


in the precipitate lay in the basal plane only. Conse- 
quently the misfit can be accommodated by the grid 
of partial dislocations at the periphery of the preci- 
pitate and no long range elastic strains should be 
present in the matrix. Damask and Nowick") assumed 
the existence of coherency strain fields in aged Al-Ag 
alloys to explain their observation of an internal 
friction peak whose position and magnitude remained 
almost unchanged during the formation of G.P. zones 


and y’. As a result of the present experiments this 


explanation is no longer valid and a new interpreta- 
tion of the peak might be made in terms of the ordered 
structure which appears to exist in G.P. zones and y’. 


(d) The y precipitate 

The formation of the equilibrium precipitate y 
(Ag,Al) takes place at the grain boundary by dis- 
continuous precipitation.“” A transmission electron 
micrograph illustrating the start of this reaction is 
shown in Fig. 16; the white regions near the y pre- 
cipitates are due to an etching effect at the interphase 
boundary. Selected area diffraction indicates that the 
two areas, marked K, have the same crystallographic 
orientation and growth is occurring in the direction 
indicated. Thus the process does not involve the 
nucleation of new grains but the growth of selected 
grains by a process of grain boundary migration. A 
similar mechanism for the recrystallization of pure 
silver after small amounts of deformation has been 
found by Bailey). The absence of elastic strains in 
grains containing y’ suggests that the driving force 
for the boundary migration is purely chemical. 


PRECIPITATION IN 


Al-Ag ALLOY 
4. DISCUSSION 

The sequence of precipitation is now established as: 
Spherical silver-rich G.P. zones — partially ordered 
G.P. 


helical dislocations 


zones —> silver-rich stacking faults mainly at 


> one or two dimensional y’ —> y’ 
plates containing stacking faults —> ordered free 


from stacking faults—>y formed by discontinuous 
precipitation at grain boundaries. 

The G.P. zones grow continuously during ageing 
until they dissolve in favour of ay’ precipitate. This 
is in marked contrast to the behaviour of G.P. zones 
in Al-Cu alloys which grow to a certain size and then 
remain unchanged for some time while 6” is pre- 
cipitated.“®) This observation supports the conclusions 
of Turnbull et al. who suggested that the size of 
G.P. zones in Al-Ag alloys was limited for kinetic 
rather than thermodynamic reasons 

The present observations can also be used to support 
Kelly and Fine’s® concept of “chemical” hardening 


in Al-Ag alloys. 1) the X-ray 


angle scattering technique to show that G.P. zones are 


Jan!) has used small 
sheared by dislocations during tensile deformation and 
the present results indicate that y" precipitates behave 
in the same way. An example is shown in Fig. 17 
where the precipitates marked L have been displaced 
as a result of the passage of a number of dislocations. 
Since no strain fields have been observed near G.P. 
zones or y" precipitates the strengthening effect of Ag 
in Al—Ag alloys can be 
effect. 

Kelly“) showed that the increase in flow stress in an 


considered as a ‘“‘chemical’”’ 


alloy containing zones is given by 


deformed 
L have 


Fic. 17. 
5 per cent by rolling. The 
been sheared. 


Aged for 200 days at 160°C and 
: precipitates at 
30,000 
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where f is the volume fraction of zones, 7 is the energy 
of the interface produced when a zone is sheared by 
one interatomic distance, « is a constant depending on 
the shape of the zones and b is the Burgers vector of 
the dislocation. An approximate value for 7 can be 
calculated from the heat of reversion of the alloy and 
substitution in equation (4) gives a value of o of ~7 
kg/mm? which is in good agreement with experimental 
values. Ifa specimen containing G.P. zones is reverted 
i.e. heated for a short time at a high temperature the 
hardness falls to the as-quenched value,*.! but this 
figure is still an order of magnitude greater than 


would be expected if all the silver was in solid solution. 


In fact, unlike reversion in Al—Cu alloys, many of the 
G.P. zones do not dissolve but grow as was first shown 
by Walker and Guinier“). 


thin foils prepared from reverted specimens have 


Electron micrographs of 
confirmed this view. Moreover Gerold® has shown 
that the total 
constant during reversion since the Ag atoms which 


volume fraction of zones remains 
do leave the G.P. zones immediately re-cluster to form 
very small complexes. If these complexes still con- 
tribute to the hardness of the alloy the parameter f in 
equation (4) is constant during reversion yet the value 
of o falls. This result can be explained if the com- 
ponents of the parameter 7 are examined more closely. 
7 can be considered as a sum of two energies: y, the 
energy of the new interface between the zone and the 
matrix, which will be constant in hardened and 
reverted foils and is responsible for the bulk of the 
hardening, and 7, the increase in energy of the sheared 
zone due to the disruption of the order inside it. 
Flinn®) has shown that the disruption of local order 
in relatively concentrated solid solutions has an 
appreciable strengthening effect and Guinier’s®) X-ray 
results indicate that the order in G.P. zones disappears 
if the alloy is heated for a short time at a high tempera- 
ture. Hence the change in the value of 7, during 
reversion could account for the fall in flow stress. This 
hypothesis can also explain the partial hardness rever- 
sion which Késter and Braumann“*) found in alloys 
containing y’. The higher strength of an alloy aged 
to produce y’ may be due partly to an increase in 7p 
since y’ appears to be more highly ordered than G.P. 
zones, and partly to the strength of the partially 
coherent interface between the precipitate and the 
matrix. The latter source of hardening can be con- 
sidered in more detail. A dislocation experiences a 
change in crystal structure as it passes from the matrix 
to the precipitate. The y’ precipitates in Fig. 17 
which are lying on a plane perpendicular to the foil 
surface have been displaced at ZL in a direction not 


contained in the plane of the precipitate plate (0001). 
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Since the operation of the usual slip systems in a 
hexagonal lattice only produces displacements parallel 
to the basal plane, it is apparent that the mode of 
deformation is abnormal. It is most likely that the 
active slip planes in the y’ precipitates are {1101} 
since these planes make angles of only ~8° with the 
{111} planes of the f.c.c. matrix and slip on {1101} has 
been observed during deformation of hexagonal metals 
at high temperatures. It is not possible to predict the 
slip direction inside the precipitate but the Burgers 
vector of the dislocation cannot be the same in both 
lattices. Hence a dislocation which is glissile in the 
matrix will probably dissociate at the precipitate 
matrix interface. One partial dislocation will glide 
through the precipitate and another will be left at the 
interface. A further possibility is that the glissile 
dislocations in the matrix will induce twinning in the 
precipitate. It is concluded that either process. will 
lead to a further increase in the flow stress of the 
alloy. 

Softening during over-ageing is probably caused by 
the rapid growth of the y’ precipitates giving a coarse 
dispersion and making it more favourable for dis- 
locations to avoid the precipitates rather than shear 
them. 

5. CONCLUSIONS 


(1) The basic precipitation sequence: Spherical 


G.P. zones — y’ — y is correct but complications are 
introduced by the tendency for silver-rich phases to 
order and by the silver changing the stacking fault 
energy of aluminium. 

(2) G.P. zones grow continuously unless a y’ plate 
develops near them. 

(3) Silver in solid solution reduces the stacking fault 
energy of aluminium so that Frank sessile dislocations 
are stable immediately after quenching. 

(4) Dislocations existing in the quenched alloy 
become silver-rich by the annihilation of silver- 
vacancy pairs. Narrow stacking faults are formed by 
the separation of partial dislocations or by the forma- 
tion of Frank sessile dislocations and these act as 
nuclei for the y’ precipitate. 

(5) The y’ precipitate grows as a faulted structure 
but after long ageing times the faults are removed and 
the lattice becomes ordered. 

(6) No coherency strain fields are present and the 
strength of the alloy is largely due to chemical 
hardening. 
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ZIGZAG CONFIGURATIONS OF TWINS IN a-IRON* 
A. W. SLEESWYK and J. N. HELLE+ 


A description is given of zigzag configurations of twin bands in «-iron, obtained after a few per cent 
strain in tension or compression at the temperature of liquid O,. It is shown that these configurations 
can be adequately explained by considerations on the geometrical and mechanical compatibility of the 
The mechanical criteria for the formation of the zigzags are 


twelve possible {211 111) twin systems. 


found to be different in tension and in compression. 
LES CONFIGURATIONS ZIGZAG DES MACLES DANS LE FER « 

Les auteurs donnent une description des configurations zigzag des bandes de macles dans le fer « 
apres quelques pour-cent de déformation en tension ou en compression & la température de l’oxygéne 
liquide. Ils montrent que des configurations peuvent étre expliquées de fagon adéquate par des considér- 
ations de compatibilité géométrique et mécanique des douze systémes {211} (111) demaclage possibles. Ils 
trouvent que les critéres mécaniques de formation des zigzag sont différents en tension et en compression. 

ZICKZACK-ANORDNUNGEN VON ZWILLINGEN IN «-EISEN 

Zickzack-Anordnungen von Zwillingsbandern in «-Eisen die nach einigen Prozent Zug- oder Kom- 
pressionsverformung bei der Temperatur des fliissigen 0, auftreten, werden beschrieben. Es wird gezeigt, 
daB diese Anordnungen durch Betrachtungen der geometrischen und mechanischen Kompatibilitat der 


zwolf méglichen {211} (111 


fiir die 


Zwillingssysteme gut erklart werden kénnen. 
Bildung der Zickzack-Anordnungen sind fiir Zug- und Kompressionsverformung verschieden. 


Die mechanischen Kriterien 


1. INTRODUCTION 

The occurrence of zigzag configurations of twin 
bands introduced by deformation at low temperature 
of high-purity iron does not seem to have been 
mentioned in the literature before. It has been found 
that the phenomenon, which seems somewhat puzzling 
at first sight, can be explained without difficulty by 
considering which of the various twin systems in iron 
are compatible with each other, both from the point of 
view of geometry of twinning deformation and from 
that of mechanical conditions of uniaxial stressing. 
Although the phenomenon is of little practical value, 
its elucidation throws light on some of the more 
complex points of deformation by twinning. 


2. EXPERIMENTAL 

The high-purity «-iron used was obtained from Pro- 

fessor Fast of the Philips Laboratories at Eindhoven. 

A description of the method of preparation may be 

found elsewhere.) The amount of impurities is given 
in Table 1. 

The material was received in the form of a bar of 

4 in. diameter, prepared by swaging a 30 mm bar after 

TABLE 1. Impurities of «-iron (wt.%) 


0.002 
0.02 


Aluminum: 

Nickel: 

C, N, Oand§S 
together 


0.04 


less than 0.0001 


* Received June 8, 1960. 
+t Koninklijke/Shell-Laboratorium, Amsterdam. 
Internationale Research Maatschappij N.V.) 
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the iron had been cast in a water-cooled copper mould. 
Specimens to be used either in compression or in 
tension were machined from the swaged stock; the 
diameter of the specimens was 4mm, the effective 
gauge length 10mm. After machining the specimens 
were electropolished in an acetic acid—chromic acid 
solution and annealed. Annealing was performed in a 
high-vacuum furnace: the specimens were lowered 
with a constant speed of about 1 in./hour through a 
14in. long tube furnace in which the maximum 
12°C. 


Vacuum was kept between 10-5-10-§ mm Hg during 


temperature of 960°C was kept constant within 


the operation. This heat treatment results in highly 
reproducible properties of the specimens, as was 
ascertained in other investigations. After annealing 


the specimens were lightly electropolished; the crystal 


grains in the polycrystalline material obtained were 
long and columnar along the specimen axis: the length 
of individual grains was of the order of 1 to2 mm. The 
number of crystal grains over the gauge section was 
estimated at about 100. 

Mechanical testing was carried out with a 5-ton 
Instron tensile tester,'*) a special adaptation permitting 
tensile tests to be performed in liquid oxygen. From 
the micrographs illustrating the phenomena observed 
and information obtained two micrographs have been 
selected for the purpose of this paper: Figs. 1 and 7 
show micrographs of the surface of a specimen that 
was strained a few per cent in tension. The orien- 
tations of the grains were determined from the direc- 


tions of the twin band traces on the surface. Use was 
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Fic. 1. Micrograph of the surface of a specimen after 9.2 per 
cent tensile deformation in liquid oxygen. Electropolished, 

x 90. (Reduced approximately 70% for reproduction.) The 
numbers identify the twin systems in accordance with the 


numbering convention used in Fig. 2. 


made of a method, devised by Mehl and Smith® and 
somewhat simplified by Barrett, involving sim- 
ultaneous rotation of a transparent plot of the traces 
and the specimen axis and of a similar stereographic 
projection of the poles of the possible twin planes and 
the unit triangle relative to each other and to a Wulff’s 
net. The orientation having been determined, the 
twin band traces may be identified and numbered 
according to a convention treated in the next section. 

The form of the zigzag configuration in Fig. 1 indi- 
cates that the parts of twin bands of which the zigzags 
are composed were formed simultaneously in the 
crystal matrix. Otherwise it might be expected that 
the twin formed first would be crossed by the twin 
formed later, and at best ‘““branching” of twin mark- 
ings might be anticipated in that case; both these 
situations are illustrated in Fig. 7. The 
possibilities of crossing twin bands in «-iron have been 
investigated by Smith et al."®). A remarkable feature 
of zigzagged twin bands, which was not observed in 
crossing twins, is that the material in the joint of the 
two twin bands sometimes seems to be an integral part 
of both twins: the joint is massive. This is another 
indication that the twins were created simultaneously. 
In crossing twins the second twin always causes 


various 


twinning or severe plastic deformation in the first 
twin at the junction of the two twin bands. These 
observations have formed the starting point for an 
analysis of the phenomenon. 


3. GEOMETRICAL COMPATIBILITY BETWEEN 
DEFORMATION TWINS 
The available evidence on twinning in «-iron (Smith 
et al.®), Paxton®)) shows that the observed twins are 
exclusively of the {211} (111) type, which is supported 
by recent theoretical considerations by Friedel ef al.‘?). 


9 


The 


between the matrix crystal and the twin bands; for 


{211} twin planes are also boundary planes 


every twin plane two boundary planes are defined. 
The twelve {211} (111 
duododecahedron in the cubic lattice, as shown in 


twin systems thus define a 


Fig. 2. The numbering convention of Schmid and 
Boas‘®) of twin systems has been adopted; also indi- 
cated is the projection of the unit triangle on the (001) 
cube face. Arrows indicate how for each twin system 
the material outside the duododecahedron slips rela- 
tive to the material contained in it during deformation 
twinning. 

As we stated before, the observation that the joints 
between the various straight stretches of the zigzagged 
twin bands are massive gave a clue to the explanation 
of the phenomenon. It was concluded from an 
examination of the micrographs that these parts of the 
twin bands belong to different twin systems. How- 
ever, geometry then requires that the simultaneous 

111) slip movement in two adjoining parts of these 
the 


shear motions of different twin systems are geometri- 


twin bands must be parallel. In other words 
cally compatible with each other if the slip vectors are 
identical. A consequence of this requirement is that 
the compatible twin systems must belong to the same 

111) zone. In Table 2 the twin systems are arranged 
in groups according to the (111) zone to which they 
belong. 

However, even if the twin systems belong to the 
same (111) zone, the demands of geometrical com- 
patibility are not necessarily met. As discussed before, 
each of the twin planes defines two boundary planes. 
It is also a necessity that the slip vectors of adjoining 
boundary planes are matched with each other. Fig. 2 
and Fig. 3 (a) show that the neighbouring {211} planes 
of the same (111) zone of the duododecahedron do not 
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Fic. 2. The {211} twin boundary planes define a duododecahedron relative to the unit cube and the unit 


triangle 


fae) 


duododecahedron in the preceding 
111} plane can be made, 


Fic. 3a. Of the 
figure a cross-section Over a 
such that a regular hexagon results. 
planes 9, 1 and 6, belonging to the[111] zone, such a cut 
made by a (111) plane Arrows pointing 
upward, , or downward, , indicate the directions 
of the shear movement of the material relative to the 


For instance, over 


may be 
twin plane during twinning 


satisfy this condition. It is only after some rearrange- 
ment that a completely consistent position of twin 
boundary planes is reached, as indicated in Fig. 3(b). 
Massive joints between twin bands appear only to be 
the 
This 


explains why such joints are observed in zigzagged 


possible if the angle between the planes is 60 
complementary angle of 120° is excluded. 
twin bands and only in those parts of crossing twin 
bands where the complementary angle could be 
avoided; only halves of twin bands may be massively 


joined. 


The Schmid—Boas numbering convention of twin planes has been followed. 


B 


Fic. 3b. The same planes as in Fig. 3(a) are shown in a 
different arrangement. Obviously, if two twins are to 
be joined the movement of the material on one side 
must be in the same direction for both twins. It may be 
seen that if two twin planes enclose an acute angle this 
condition is fulfilled, whereas if the enclosed angle is 
obtuse (as in Fig. 3a), the condition is not met. 
4. MECHANICAL INCOMPATIBILITY BETWEEN 
DEFORMATION TWINS 

It has been pointed out by Frank and Thompson‘®? 
and Allen et al.“ that deformation twins in z-iron 
obtained by uniaxial stressing of the material may be 
incompatible with each other, because some are acti- 
vated exclusively in tension, other ones only in 


compression. As the above authors have presented 


their conclusions in the form of a mere statement, the 


systematic derivation given in the following might, 


therefore, be useful. 
The unique shear direction prescribed by the twin- 
ning motion (Barrett!) defines four quadrants in 


space, relative to the twin plane for the stress vector 
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Twin systems arranged according to 
111) zones 


No. of 


Zone twin system 


Twin plane 


directions associated with uniaxial stressing, as 
schematically illustrated in Fig. 4. The position of the 
stress vector in one of the quadrants indicates whether 
the twin system may be activated by tension or by 
compression. If the stress vector happens to lie in one 


of the boundary planes between the quadrants, the 


twin system will not be activated at all. In the case of 


ordinary slip the quadrants would define the directions 
of the stress vectors for which the shear motion would 
be reversed. It is the absence of the last possibility 
which gives twinning its peculiar character. 

It is, of course, quite feasible to construct such 


COMPRESSION 


TENSION 


‘TWIN BAND 


Fic. 4. In the left half is shown a cross-section of a 
deformation twin ending on a free boundary. White 
areas indicate the shear movement of the material next 
to the twin band. The right half shows four quadrants, 
determined by the twin plane and a plane perpendicular 
to the shear direction 4 stress of which the 
points to the intersection of the two planes may cause 
twinning only if it is compressive when lying in the 
shaded quadrants, or tensile when in the blank ones. 


vector 
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FIG 5 The 


defines twelve twin 


numbering convention illustrated i 


systems oriented relative to one 
Here the same relative orientations have 
been used to projec t the unit triangle in twelve different 


The 
4, quadrants where the 


unit triangle. 
positions relative to one twin plane shaded areas 
on the cube indicate, as in Fig 
stress vector must be compressive in order to activate 
the twin system. The white areas are regions where the 


stress must be tensile 


quadrants for each of the twelve twin systems and to 
determine how the boundary planes divide the unit 
which either 


triangle in sections in compression or 


tension activates the twinning. However, an alterna 
tive method, in which the position of the unit triangle 
relative to one twin plane is separately indicated for 
the twelve cases was thought to be preferable 

In Fig. 5 it is shown how the quadrants related to a 
twin system divide the surface of the unit cube in 
regions where either tension o1 compression activates 
the twinning. As in Fig. 4, the {211} twin plane itself 
is one dividing plane, the {111} plane perpendicular to 
section of 


Asa 


consequence of our procedure the unit cube is covered 


the slip direction being the other The cTOSS 


the unit cube on this plane is a regular hexagon 
by a regular network of unit triangles: the numbers 
indicate the twin system to which each unit triangle 
belongs. 

From Fig. 5 it can be concluded which twin systems 
other It 


may be seen that twin systems 2,7and8 operate only 


are mechanically incompatible with each 
in tension, and 5) stems 4 4 and 5 only in compression 
The other twin systems may operate either in tension 
or in compression, depending on the orientation 


relative to the dividing line through the unit triangle. 
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3. Twin systems which co-operate to give 
zigzag configurations 


TABLE 


Twin systems operating in 


tension compression 


rhe restrictions imposed by the mechanical incom- 
patibilities further restrict the possibilities of zigzag 
twin configurations discussed in the previous section. 
ofs the 


conditions, 


mechanical and 


the 


combination 


From a geo- 


metrical compatibility following 
conclusions can be drawn. 

(i) System 1 cannot operate simultaneously with 

either © or 6. The latter systems may operate 


together both in tension and in compression. 


Of the geometrically compatible twin systems of 


the other zones one operates in tension only, the 
second one in compression. The third system 
may operate in either of the two conditions, 
depending on the orientation. In Table 3 the 


final results are summarized. 


5. KINETICS OF ZIGZAG FORMATION 

If the question is raised how it is possible for two 
twin bands to join each other during their creation to 
form a zigzag, it is evident that any two-dimensional 
model fails to provide an answer. The chances that in 
a two-dimensional model two growing bands should 
arrive simultaneously at the point of intersection are 
vanishingly small. The difficulty might be solved by 
the assumption that the separate sections of the zig- 
zags are created at the same source. In fact, such a 
variation on the Frank—Read source is entirely feasible 
geometrically and may easily be worked out, in some 
detail. Without denying the possibility of the occur- 
rence of such a mechanism, we prefer to describe in the 
following a three-dimensional model for the creation of 
zigzags which possesses the advantage that no special 
hypotheses are involved and which would seem to have 
a fair chance of occurring in practice. 

In Fig. 6 is indicated the growth sequence of two 
{112'! twin bands of the same (111) zone, such as may 
actually occur. The lines in the planes indicate the 
extent to which the twin bands have grown and are 
numbered in sequential order. Identically numbered 
contours in the twins indicate simultaneity. In 
addition are indicated the cross-sections of the result- 
ing configurations through two planes perpendicular to 
the (111 


space between the two planes is considered. 


zone axis; the growth of the twins in the 


At time 1 only one twin is present in this space. It 
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grows more slowly than the second twin which at time 
2 is also present, and at time 3 the growth of the second 
twin has overtaken that of the first: the two contours 
are joined. Up to this moment the second twin was 
constrained by the first, and the second twin band 
ended in a taper on the first one. At time 3 the growth 
of the twins will be governed by the previously dis- 
cussed geometrical compatibility condition, with the 
consequence that the first twin band continues to 
grow only on the half plane which encloses the angle 
of 60° with the second twin. The growth velocities of 
the two twins may be adjusted to a common value 
without affecting the bulk rate of deformation. 

In Fig. 7 the twin crossing 7B-12 would seem to 
correspond with the twin cross-section projected in the 
lower {111} plane, whereas the massively jointed ‘knee’ 
in the upper plane is very likely equal to the 7-12 
crossing in Fig. 1. It may be observed that the halves 
of the 7B twin in Fig. 7 are not equal in width. If the 
transverse growth of twins is considered, the condition 
of geometrical compatibility will cause cessation of 
transverse growth on those sides of two adjoining twin 
bands of the same (111) zone that enclose an angle of 
120°. 
geometrically compatible and may continue to grow in 


The other sides, enclosing an angle of 60°, are 


the transverse direction. The same explanation may 
be given with respect to the twin crossing 7A-12 in 
Fig. 7. Here the twins very probably crossed each 
other completely in an early stage, when they were 
both very thin. Subsequent growth in the transverse 
direction only took place on the sides of the twins 
enclosing acute angles, resulting in the two thinly 
jointed massive knees of Fig. 7. The imperfection of 
one of the knees in the zigzag of Fig. 1 may be 
explained by non-simultaneous growth of the two 
parts in the transverse direction. 

The frequency with which zigzags and related 
phenomena are observed is low. In the next section it 
will be shown that the mechanical conditions for the 
simultaneous creation of two twin systems of the same 

111) zone are not favourable, even if the crystal grain 
possesses the optimal orientation relative to the stress 


axis. 


6. MECHANICAL CONDITIONS FOR THE 
CREATION OF ZIGZAGS 

From the experiments of Allen et al.“ it has been 
concluded that twinning on a twin plane occurs if the 
shear stress on that plane in the slip direction exceeds a 
critical value. The shear stress 7 in a certain direction 
on a plane in material which is subjected to a uniaxial 
stress o is given by applied mechanics as: 


tT = 0° cos cos A, (1) 
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Fic. 6. A model explaining how the massively jointed 

‘“‘knees”’ of the zigzags may develop. Growth sequences 

are indicated by numbered contours. Originally the 

earlier twin exerts a constraint on the later one, causing 

it to end in an ogive. The initial difference in growth 

velocities finally allows the two twins to grow 
simultaneously. 


SPECIMEN 


AXIS 


— 


Fic. 7. Micrograph of the specimen of Fig. 1 at another grain 

Electropolished, x 350. (Reduced approximately 70% for re 

production.) The twins 7A and 12 crossed each other com 

pletely in an early stage. Later transverse growth took place 

only on those sides of the crossing twins enclosing acute angles 
The twin crossing 7B-12 is a branching crossing. 
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where ¢ is the angle between stress axis and normal to 
slip plane, and A is the angle between stress axis and 
slip direction. 

In the present case, where different planes that have 
the slip direction in common are considered, a more 
convenient expression may be derived. If we define « 
as the angle between the plane in which the stress axis 
and slip direction lie, and the twin plane, it follows 


that cos sin sin or 


o/2 + sin sin 2A. (2) 


From this expression two eqnclusions may be drawn: 
in a given plane 


for 


(i) The maximum value of 7 


through the slip direction is reached 
P| 145 
The maximum value of 7) is simultaneously 
reached ,in two different planes with a common 
slip direction if o lies in the plane that bisects 
the angle between the two given planes. 
These conclusions from formula (2) and the expression 
itself 
values of shear stressreached simultaneously in the two 


have been used to determine the maximum 
different twin planes of a zigzag, and the positions of 
the applied stress vector in the unit triangle for these 
maxima. 


Figure 8 gives the unit cube and three {211} twin 


Fic. 8. Three twin planes of the same zone in the unit 

cube are sketched, with the four projections of the 

unit triangle on the front face. The shaded areas again 

indicate regions where the applied stress must be 

compressive. Points A to F' indicate the most favour- 

able positions of the stress vector in the unit triangle 
for the creation of zigzag twin bands. 
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TABLE 4. Maxima of r/o for the zigzag systems 


Twin zigzag systems in 
Value of 


. At point 
maximum of 


tension compression 
0.236 
0.250 
0.157 
2,10 0.157 
0.250 
0.236 
0.236 
0.236 


8, 11] 
, 12 


planes belonging to the same zone. The four orien- 
tations of the unit triangle on the cube face relative to 
This method of 
representation implies that twin systems of the same 


the twin planes are also shown. 


zone possess the same unit triangle. The twin planes 
are marked so as to indicate to which twin systems 
they belong. 

The planes bisecting the angles between the twin 
planes cut the front face along three lines: two are 
sides of the front square, one is the diagonal. Accord- 
ing to the second of the above-mentioned conclusions 
the maxima of the applied stress vector for equal shear 
stress on twin planes of the same zone must lie on 
these lines. This maximum condition is evidently the 
optimum for the creation of zigzags, because only 
then may the different parts of the zigzags be formed 
with equal probability. According to conclusion (i), 
for the directions of the maxima in the bisecting planes 
must be taken: 4 = +45°. In Fig. 8 only points B 
and C meet this condition: the other maximum points 
indicated belong to twin zigzag systems for which 
A = 45° is not contained in the unit triangle. The 
maximum of r/o for single twin systems is 0.5 both in 
tension and compression; for the creation of zigzags 


E,F 


Fic. 9. The optimum points of Fig. 8 projected in one 
unit triangle, and also the specimen axis relative to the 
orientation of the grains of Figs. 1 and 7. 
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the maximum values of r/o at B and C are precisely 
half this vaiue, owing to the fact that in this case 

= 30°. The results of the calculations of the maxima 
for the various zigzag systems are given in the Table 4. 

In Fig. 9 the optimum points are projected in the 
same unit triangle. The profound asymmetry of the 
optima for the creation of zigzags in tension and in 
that the 
formation of zigzags has a better chance to occur in 


compression is evident. It would seem 


compression. In addition are projected the orien- 
tations of the specimen axes for the crystal grain of 
Fig. 1 (I), and that of Fig. 7 (II) determined by the 
method of Mehl and Smith mentioned before. The 
proximity of these points to the optimum point C may 


be an indication of the validity of the above proposals. 
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THE FORMATION OF FATIGUE CRACKS IN ALUMINUM SINGLE CRYSTALS* 


T. H. ALDEN? and W. A. BACKOFEN? 


Pure aluminum single crystals of a fixed orientation were cycled at constant deflection in reverse pure 
bending and observations made of strain hardening and slip-band formation. 

Initial hardening for the usual strain amplitude of 0.2 per cent was complete within about 50 cycles, 
subsequent plastic strain giving first a zero and then a very low hardening rate. Fine lines from primary 
slip formed in increasing numbers during rapid hardening. Annealing at this stage resoftened the 


crystals; with repeated annealing the fine slip continued through large numbers of cycles. Only after 
hardening to saturation did slip cluster in the way normally associated with fatigue straining. At 
saturation fine, widely spaced lines form on a polished surface. These intensify gradually with cycles 


both by spreading and by forming a notch-peak cross section, at the same time becoming fragmented 
and non-uniform. Material elevated above the original surface level, termed extrusion, develops steadily 
at a rate of about 1-2 uw per 1000 cycles. Fatigue cracks form in the resulting slip bands. 

A thick and unbroken anodic film, applied by electropolishing, prevents completely the formation of 
fatigue cracks. Any break in this film becomes the source of failure, while metal underlying the intact 
film remains uncracked. Removing cracks in the film with a brief polish permits a substantial increase 
in 

Using an anodic film to prevent surface notches, it is shown that fatigue cycling does not internally 
weaken the slip bands. Slip-band cracking is concluded to be the result of active slip in the presence of 
free surface. The hardening behavior and observations of slip-band development are consistent with the 
idea that cross slip is important in establishing conditions suitable for fatigue cracking. 


LA FORMATION DE FISSURES DE FATIGUE DANS DES MONOCRISTAUX D’ALUMINIUM 


Les auteurs ont éffectué sur des monocristaux d’aluminium pur d’orientation déterminée, des cycles de 
flexion pure alternée d’amplitude constante. Ils ont observé le durcissement de déformation et la 
formation de bandes de glissement. 

Le durcissement initial pour les valeurs de déformation habituelles de 0,2 pour cent fut terminé 
endéans environ 50 cycles les déformations plastiques subséquentes conduisant & une vitesse de durcisse- 
ment, d’abord nulle et ensuite trés faible. Durant le durcissement rapide, des lignes fines de glissement 
primaire se formérent en nombre croissant. A ce stade, un recuit radoucit le cristal; par des recuits 
répétés les glissements fins continuérent un grand nombre de cycles. Ce ne fut qu’aprés le durcissement 
jusqu’a saturation que les glissements ségrégent de la fagon normale pour une déformation de fatigue. A 
la fin de la saturation, des lignes largement espacées se forment sur une surface polie. Celles-ci s’intensi- 
fient graduellement au cours des cycles, & la fois par dispersion et par la formation d’une coupe d’entaille et 
pointe et en méme temps se fragmentent et se répartissent de fagon non uniforme. Le matériau élevé au- 
dessus du niveau de la surface originale, appelé extrusion, se développe constamment a une vitesse d’envi- 
ron 1-2 par 1000 cycles. Des fissures de fatigue se forment dans les bandes de glissement qui en résul- 
tant. Un film anodique, épais et incassable, appliqué par polissage électrolytique, empéche compleéte- 
ment la formation de fissures de fatigue. Toute discontinuité dans ce film devient une sorte de cassure, 
alors que le métal se trouvant sur le film intact demeure sans fissure: la suspension des fissures dans le 
film par un polissage court, permet un accroissement substantiel de la durée de vie. En utilisant un film 
anodique pour éviter les entailles de surface, on peut montrer que les cycles de fatigue n’affaiblissent pas 
intérieurement les bandes de glissement. Les auteurs concluent que la fissuration par bande de glisse- 
ment est le résultat de glissement actif en présence de surfaces libres. Le comportement au durcissement 
et des observations du développement des bandes de glissement sont en accord avec l’idée que le glisse- 
ment en travers est important pour |’établissement de conditions favorables pour la fissuration par 


fatigue. 


DIE BILDUNG VON ERMUDUNGSRISSEN IN ALUMINIUM-EINKRISTALLEN 


Reine Aluminium-Einkristalle von fester Orientierung wurden durch reines Biegen und Zuriickbiegen 
mit konstanter Amplitude ermiidet, dabei wurde die Verfestigung und die Gleitbandbildung beobachtet. 

Die anfiangliche Verfestigung war bei den iiblichen Dehnungsamplituden von 0,2 % innerhalb von 
etwa 50 Lastwechseln abgeschlossen, die weitere plastische Dehnung gab zunachst eine verschwindende 
und dann eine sehr geringe Verfestigungszunahme. Feine Gleitlinien des primaren Gleitsystems bildeten 
sich in zunehmender Anzahl wahrend der starken Verfestigung. Eine Erholung machte den Kristall in 
diesem Stadium wieder weich; bei wiederholten Erholungsbehandlungen bildete sich die feine Gleitung 


* This paper is based on a thesis by Thomas H. Alden submitted to the Massachusetts Institute of Technology in partial 
fulfillment of the requirements for the degree of Doctor of Philosophy. Received July 5, 1960. 

+ General Electric Research Laboratory, Schenectady, New York. 

{ Associate Professor, Department of Metallurgy, Metals Processing Laboratory, Massachusetts Institute of Technology, 
Cambridge, Mass. 
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weiterhin wahrend einer groBen Anzahl von Lastwechseln aus. 


FORMATION OF 


FATIGUE CRACKS 


Erst nach Erreichen der Sattigungsver 


festigung trat die Gleitung gebiindelt auf in der Art, die normalerweise mit Ermudungsverformung in 


Zusammenhang gebracht wird. 
mit groBen Abstanden. 


und einen eingekerbten Querschnitt bilden, gleichzeitig werden sie fragmentiert und 
Aus der urspriinglichen Oberflache schiebt sich andauernd mit einer Geschwindigkeit von etwa 1 bis 2 yu 
Extrusions, 


pro 1000 Lastwechsel Material, sogenannte 
entstehenden Gleitbandern. 

Ein dicker zusammenhangender anodischer 
Ermiidungsrissen vollkommen. 


Metall 


Bildung von 


Ermiidungsbruches, wahrend unter dem 


Werden die Risse im Film durch kurze elektrolytische Behandlung « 


erheblich zu. 
Mit Hilfe eines anodischen Films, 


Ermiidung die Gleitbander im Inneren nicht entfestigt werden. Die RiB 
wird fiir das Ergebnis von aktiver Gleitung in der Gegenwart ein 
Verfestigungsverhalten und die Beobachtungen zur Gleitbandentwicklung 
Vorstellung, daB die Quergleitung wichtig ist beim Zustandekommen det 


miidungsbruch fiihren. 


Auf einer polierten Oberflache bildeten sich bei 


Diese werden mit zunehmender Ermiidung starker, 


Film, der elektrolytisch aufgebracht 
Jede 


zusammenhangenden Filn 


der Oberflachenkerben 


Sattigung feine Linien 


indem sie sich ausbreiten 
ungleichmaBig 


empo! Ermiidungsrisse bilder 


diesem Film w eine Quelle des 


Rissen bleibt 


Bruchstelle in 


ntternt Lebensdauer 
verhindert, 

en Gleitbandertr 
r freien rflache gehalten Da 
Einklang mit der 


lingungen, die zum Er 


1. INTRODUCTION 
Important features of the fatigue process have been 
well established in recent papers. It is known that 
hardening under cyclic straining may eventually stop, 


at a level that depends principally on amplitude of 


deformation, temperature and orientation in the case 
of single crystals.“:?) During the period of non- 
hardening plastic strain, broad and intense slip bands 
with an irregular contour appear at the surface.°-* 
Extrusions of thin layers from the bands are often seen 
directly,.® a 


accompanying intrusions.‘’+®) 


section or replica showing 


Details 


taper 
of structure 


differ among bands and depend on the variables of 


orientation, deformation history, temperature and 
material. Continued cycling finally leads to fatigue 
cracks starting at the surface in these slip bands. *.4,®) 
Consistent with the surface origin of cracking, fatigue 
life is affected by manipulation of environment and 
surface condition. In particular, life has been greatly 
prolonged by periodic electropolishing to a depth of a 
few microns®) or by surrounding a specimen with less 
strongly oxidizing atmospheres.‘® 

Various dislocation mechanisms have been proposed 
for developing a notch-peak band topography that 
would lead in turn to slip-plane cracks, a common aim 
being some means for obtaining a “‘ratchet”’ action on 
operative planes in cyclic straining.‘’:1°-!*) In contrast, 
the cracking process has been viewed as simply a 
distributed to-and-fro 


consequence of randomly 


slip.4:14) Many observations suggest the importance of 


cross slip to fatigue-crack formation:"°!”) saturation 
of strain hardening, work softening effects, wavy, 
fragmented slip bands and cracks, temperature de- 
pendence of hardening and slip-band structure,‘ and 
the special resistance to fatigue of materials showing 
difficult cross slip.“?15) Accordingly, several of the 


processes utilize cross slip to provide a circuit for the 


the 
and 


movement of screw dislocations intersecting 


(10,12 through motion. extrusion 


\ point of difference 


surtace; such 
intrusion are imagined to result 
among the various proposals is the rate predicted for 
The experimental fact of rapid 
the 


this surface upheav al 


extrusion, necessarily involving movement of 
many dislocations in each cycle of straining, has led to 
11,16) Tf 


been held that crack growth may be aided by weaken- 


suggestions that sources are active has also 
ing along slip bands due to the continuing to-and-fro 
slip with production of point defects and disturbed 
alone is not 


The latter 


material in general;"*) topography 
regarded as a sufficient cause of cracking 
interpretation has been given to the recent observation 
of preferential etching of fatigue slip bands in alpha 
brass. ‘®) 

with the experiments reported 
the 


Single crystals of aluminum 


It was the intent 


here, to aid in resolving various uncertainties 
about these phenomena 
were regarded as particularly interesting because of 
the high stacking-fault energy facilitating cross slip. 
It was possible to alter strain hardening during fatigue 
by periodic annealing and to modify surface condition 


by the application of anodic films 


2. EXPERIMENTAL PROCEDURES 


Crystal preparation 

Seeded single crystals were grown from the melt, 
starting with polycrystalline material of 99.995 per 
supplied by the Aluminum 
The 


selected to give the maximum resolved shear-stress 


cent purity, kindly 


Company of America axial orientation was 
factor of 0.50n the primary system (Fig. 2). Rotational 
orientation was specified with the primary slip vector 
in the eventual plane of bending so that the largest 
step would appear across the observation surface. By 


growing in a mold of alumina powder, the required final 


= 
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Fic. 1. Single crygtal fatigue specimen (dimension in inches). Slip direction lies in the plane of bending. 


shape (Fig. 1) could be machined into the starting 
material and preserved throughout growth.“”) The 
crystals were annealed for 24 hr at 600°C, furnace 


cooled over a 12-hr period, and finally electropolished 


ina 5:1] sdfution of methanol and perchloric acid (60 V 


at —40°C) leaving a thin oxide film believed to be less 
than 100 A thick.“®) Substructure was not normally 
detectable on back reflection X-ray photographs; the 
critical resolved shear stress in tension was 75 |b/in?. 


Fatigue loading 


A full description of the equipment and its use has 
been published.) Constant deflection in pure bending 
was imposed at 10 c/s. Total surface strain amplitude 
was ().2 per cent (intermediate deflection) in most tests 
with 0.045 per cent and 0.3 per cent being selected fora 
few, when directly specified. The course of strain 
hardening, in these specimens of fixed dimensions, was 
followed by measuring the bending-moment amplitude 
with strain-gauge bridges on the deflection arms of the 


fatigue machine. In one test, hardening was observed 
at 77°K in a crystal cooled) under a continuous 


stream of liquid nitrogen. 


Metallography 

Slip-band formation was observed with the light 
microscope, areas for extended study being marked by 
etch-pit patterns on the surface. With an individual 
crystal it was often convenient to interrupt the test, 
electropolish briefly to obtain a smooth surface and 
then recycle, thus permitting study of the slip associ- 
ated with a particular stage of hardening. Particular 
results were frequently confirmed by tests on two or 
more crystals. 

3. RESULTS 

Hardening and slip band formation 

For each strain amplitude, hardening proceeds 
rapidly but at a decreasing rate until the average rate 
becomes zero (Fig. 2). Both the hardening rate during 
the first few cycles and the saturation bending moment 


Fic. 2. 
tion. 


Variation of moment amplitude, 
Total strain amplitude for each is indicated. 


M, with cycles for three levels of deflec- 


Note that the slope during 


secondary hardening is greatly exaggerated by the logarithmic abscissa. 
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Fic. 3. 


increase with strain amplitude while the number of 
cycles to saturation and total life, defined by a drop in 
moment, decrease. Total life, in order of decreasing 
amplitude, is about 65,000, 175,000 and more than 
400,000 cycles. 
brief and followed by a gradual secondary hardening at 


The period of constant moment is 


a very low but non-zero rate for the remainder of 
life."® The apparently high slope here results from 


the use of a logarithmic abscissa. Broadly similar 


behavior is found at 77°K (Fig. 3). 

Two distinct slip-line patterns appear depending 
upon whether the crystal is hardening at a high or low 
rate; to illustrate these differences as well as other 
details of slip-band formation, the results with crystals 
cycled at the intermediate deflection will be used. 
During the period of initial rapid hardening slip 
appears as fine lines, randomly spaced, much as in 
undirectional straining. Two photographs of the same 
area show that continued cycling leads to additional 
lines while those already present do not seem to change 
(Fig. 4). 


cycling, the average spacing of the lines decreases. 


Thus, as plastic strain accumulates with 


Eventually, as the crystal hardens into saturation 
this pattern is replaced by one of intense regularly 
spaced bundles of slip, called fatigue slip bands, 
separated by regions in which no lines appear (Fig. 5). 
Several photographs show their development on a 
One-half 
additional cycle of bending reveals faint slip lines with 
a characteristic highly regular spacing (Fig. 6). The 
reason for the regularity is not known but it seems 


surface polished smooth after saturation. 


essential that it follow from some interaction between 
neighboring bands. The average separation is about 
3 uw and large relative to spacing of the lines before 
saturation. The lines are slightly wavy and very long. 


7 


Variation of moment amplitude, M, with cycles for 


three test conditions. Strain amplitude 0.2 per cent 
Steps suggestive of cross slip are seen more frequently 
than before saturation 

The topography of the bands may be established 
roughly by observing the shadows produced under 
oblique lighting. With as few as 3 cycles there is clear 
indication of a hill-and-valley contour across these 
regions; bands showing such detail normally appear as 
pairs of lines on a single photograph As eveling con 
tinues, further slip is accommodated in and immedi 
band, causing it to 


ately adjacent to an existing 


intensify (Figs. 7,8). A rather large variation exists in 
the details of growth. Some remain narrow and fairly 
inactive. The more active may spread quickly giving a 
broad, low profile, or in the extreme case, regions with 
very many narrow lines. Examples of both are shown 
On the other hand, active bands may remain 


the 


in Fig. 5 


narrow and the tendency in this case is for 


development of greater depth and elevation. This 
behavior was particularly evident with one crystal 
11) Parts of the band 


called 


abraded lightly before polishing 


become especially prominent and may be 


extrusions 
In all cases the extruded material was observed to 
grow at a more or less constant rate. A stable directed 


behavior characterizes the individual band over a 


begun 
The 
actual rate was strongly dependent upon amplitude 


(Fig. 9) 


large number of cycles; an extrusion once 


apparently continues by a repetitive process 


Slip bands formed on crystals tested at 0.045 


per cent surface strain showed a relatively low rate of 


intensification. From more detailed examination at 


was also found to 


the 


intermediate deflection, it vary 
active, height 


widely among bands; in most 


increased | 2 u per LOOO cycles corresponding to a 


minimum net movement out of the crystal of 3-6 


] 
| 
Thin anod film 
| J 
= | 
| 1. Thick anodic film 
| 
| 
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(b) 


Fic. 4. Fine, primary slip lines formed during rapid 


strain hardening. Area marked by etch pit. Crystal 

polished, then fatigued (a) 0-10 cycles, (b) 0—25 

cycles. Specimen axis is horizontal in all photographs. 
x 1000 


dislocations of one sign per cycle. Clearly, the total 
number of dislocations leaving the surface must be 
considerably greater in order to produce visible lines in 
one-half cycle. 

Another characteristic feature of these fatigue slip 
bands is their non-uniformity. There may be an 
obvious change in contour shown by a change in the 


shadowing along a band of uniform width, or a length 


1961 


Fic. 5. Clustered primary slip or fatigue slip bands 
formed during non-hardening strain. Polished at 
100 cycles, then fatigued 100-150 cycles. x 1000 


| 


Fia. 6. 
surface in one-half cycle during saturation. Note wide, 


Long primary slip lines formed on polished 
regular spacing and wavy nature. x 150 

of band with the narrow extruded aspect will lead 
suddenly into a bundle of fine lines. Also, an abrupt 
sideways shift is frequently observed in the position of 
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Fic. 7. The growth of fatigue slip bands during non 
hardening strain. Slip is added in and next to existing 


bands. To be compared with Fig. 4. 
(a) 60-64 cycles, (b) 60-68 cycles, (c) 60-80 


cycles. 

cycles. 

the band, and sighting along the bands makes it clear 
that they are generally wavy and curved. 

Surface detail in time becomes too coarse for clear 
resolution (Fig. 10). After about 10,000 cycles an 
electropolish, estimated by measuring the total flow of 
charge to remove 4-5 yu, leaves prominent dark lines 
lying along the primary slip-plane trace and having the 
same spacing as the fatigue slip bands (Fig. 11). The 
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OF FATIGUE CRACKS 


Polished at 60 


x 1000 


number and length of the lines grow with the amount 
of cycling until the greatest density appears upon 
polishing after a specimen has failed by formation of 
macroscopic fatigue cracks. Such markings are the 
usual persistent slip bands‘) and regarded simply as 
early cracks. 

Observations on the gradual growth of fatigue slip 
bands can be repeated at any interval during the first 
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Fia, 8. 


50 (a) 50-200 


(c) 


cycles. 


few thousand cycles merely by polishing the crystal 
surface and beginning again. The results obtained will 
not differ from those already described. The most 
active slip planes during a small number of cycles at 
any stage are narrowly confined and these active zones 
shift freely across the band causing it both to widen 
and intensify. 


The effect of periodic annealing 


Previous experiments have shown that annealing 


(c) 


The growth of fatigue slip bands. 
cycles, 
50-1000 cycles. 
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Polished at 
(b) 50-500 cycles, 
x 1000 


treatments, given once or repeatedly following an 
arbitrary number of cycles, do not extend the fatigue 
life by a measurable amount.®.7) However, recent 
single crystal work, both published” and that being 
described, has indicated an association between the 


end of strain hardening and the beginning of slip-band 
cracking. Therefore a basis is immediately suggested 
for testing the role of annealing in altering fatigue 
In searching for marked effects, annealing 
should be performed before full saturation is reached. 


history: 
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Fic. 9. Amplitude dependence of slip band formation 
rate. Low deflection, 0.045 per cent strain amplitude. 


Polished at 10,000 cycles, then 10,000—15,000 cycles. 
To be compared with Fig. 8(c). x 500 


| 


Fic. 10. Coarse slip band structure. Crystal polished, 
then 0—2000 cycles. x 500 


Accordingly, experiments were made at the inter- 
mediate deflection with annealing after every 25 
cycles, or before the constant moment level occurs in 
an initially unstrained crystal. The treatment con- 
sisted of 2 hr at 450°C followed by furnace cooling. 
Large numbers of cycles were added by alternately 
annealing and cycling. Using this technique, all 
cycling was carried out at a significant rate of strain 
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OF FATIGUE CRACKS 


Fic. 11. Persistent mark along trace of primary plane 
following brief electropolish. Fatigued 0—11,000 cycles 
L000 


hardening, none during a period of non-hardening 
strain (Fig. 12) 

One crystal was taken to 200 cycles with periodic 
anneals, then polished to smooth the surface, annealed, 


and given 25 more. The observed random slip pattern 


is not different from that of a new crystal after 0-25 
cycles (Fig. 13a). A crystal cycled the same amount 
without annealing would, as has been shown, display 
widely spaced fatigue slip bands (Fig.5). The influence 
of annealing is particularly marked as larger numbers 
of cycles are accumulated. After a total of 800 cycles, 
there is no sign of the normal band structure of 
grooves and extrusions expected in the absence of 
annealing. Instead there is merely a very intense 
random slip pattern (Fig. 13b) 

It is also possible to modify the slip-band structure 
following saturation by annealing treatment (Fig. 14). 
Two crystals were each taken to various points on the 
hardening curve (200, 1000, 5000 cycles), polished and 
given 50 additional cycles to reveal the current slip 
pattern. One crystal was annealed just prior to the 
50 cycles, the other was not. In each case the former 
random whereas intense bands 


showed fine slip 


developed on the latter Interestingly, the anneal 
became less effective in softening the first crystal as it 
was carried along the hardening curve: the fact was 
reflected in increasingly banded slip following the 


anneal. 


The effect of anodic films 


It is well established that surface films may modify 
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15 


30 35 


N (cycles ) 


}, 12. Strain hardening in an annealed crystal. Numbers beside curves indicate appropriate range of cycles. 


(a) 


(b) 


Fie, 13. Slip lines in an annealed crystal. (a) Polished, 200-225 cycles. Unannealed crystal would look like Fig. 5. (b) Polished, 


2000-2800 cycles with 25 cycle anneals. 


the plastic behavior of metal crystals, for example by 
raising the yield stress or producing special surface 
markings.“®) These effects are due to the blocking of 
slip underneath the film. Because of the importance of 
surface slip bands as sites for fatigue cracks, a barrier 
to slip-step formation might be expected to delay the 
formation of slip-band cracks. 

Crystals were prepared with thick films by polishing 
at 100 V in a solution of 4 parts orthophosphoric acid, 
3.8 parts ethyl alcohol and 2 parts water. An anodic 
film estimated to be about 1000 A thick"® and directly 


Shows absence of intense fatigue slip bands. 


Note contrast to Fig. 8(c). 1000 


visible to the eye is produced. When required, removal 
of the film was done by immersing the crystal briefly 
in a 2 per cent hydrofluoric acid solution followed by 
electropolishing to a depth of about 1 yw using the 
perchloric acid bath. 

For a crystal so treated and fatigued at high 
deflection (0.3 per cent strain amplitude) no slip bands 
were observed after 200 cycles, the only markings 
being widely spaced lines across the center of the speci- 
men (Fig. 15). The distinctive appearance of these 
lines and their direction, normal to the tensile axis 
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. 14. Crystals annealed and unannealed following saturation. 


cycles; 


(b) 0-950 cycles, polished, not annealed, 950—1000 cycles. 
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a 


(a) 0-950 cycles, annealed, polished, 950-1000 
1000 


(b) 


Fic. 15. Surface markings on crystal with heavy anodic 
film. 0-200 cycles at 0.3 per cent strain amplitude. They 


are interpreted to be cracks in the film. 


rather than parallel to primary slip plane traces (which 
deviated slightly from perpendicular) suggested that 
they were cracks in the anodic film. A brief repolish 
left a new, unbroken film on the surface. With further 
cycling, another crack formed immediately and grew 
wider as cycling continued, suggesting that the metal 
underneath was also cracking. Failure occurred at the 
normal life for this strain amplitude (65,000 cycles) by 


1000 


the propagation of a single crack from the site of the 
original single anodic-film crack. 
the 


tinguishable, in fact, from that of a new crystal at high 


The surface away 


from failure was clean and smooth, not dis- 


magnification. This is in direct contrast to the thin- 
film case presented earlier where many smaller cracks 


were seen to accompany the several gross cracks 
leading to failure. 


361 
| 
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362 


The results for intermediate deflection (0.2 per cent 
surface strain) are similar except that now it is 
possible to preserve an unbroken film on the bar. A 
few film cracks may form during the early hardening, 


probably caused by a greater initial surface strain, but 


a du polish removes the cracks and permits about 


75,000 cycles to be added without the formation of any 
more breaks in the surface film. During this period, 
the surface of the crystal becomes wavy on a large 
scale showing that nonreversible slip is occurring. 
The film must be stretched as a result of this slip and 
ultimately the fracture strain is exceeded locally. 
Frequently, the cracks are observed on the side of the 
bar at 45° following primary slip-plane traces. 

By watching the surface carefully during cycling 


(0.2 per cent surface strain), anodic film cracks can be 


detected at an early stage and removed by a brief 


electropolish before the underlying metal becomes 
cracked. Additional cycles may now beadded, the new 
film remaining unbroken for approximately another 
75,000 cycles. Repeating this process, it is possible to 
carry the bar well beyond its normal life, still without 
evidence of surface damage. An example is given of a 
crystal photographed after 200,000 cycles (Fig. 16). 
The experimental procedure was later improved by 
more frequent and brief polishes, to remove only about 
1 uw, before the appearance of film cracks. In this way, 
by polishing after every 50,000 cycles, a crystal was 
taken to 300,000 cycles, or about twice the normal life; 
yet again, except for the shallow rumpling, the surface 


was indistinguishable from that of a new bar. 


Fic. 16. Absence of surface markings on crystal with 

heavy anodic film. 0—200,000 cycles at 0.2 per cent strain 

with three brief intermediate polishes. 
1000 


amplitude 
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Deformation markings on crystal precycled 
with heavy anodic film. 0-—200,000 with heavy film, 
polished, 1500 cycles with thin film. Distorted regions 
may be polygonized. x 150 


Fic. 17. 


To establish whether metal removal, a necessary 
complication, contributed significantly to the delay of 
failure in these experiments” two bars were given 
identical fatigue and polishing treatments except that 
one had the thin surface film (less than 100 A), the 
other the thick film. The former failed at the usual life 
for intermediate (175,000 cycles) the 
polishing having been insufficient to remove the surface 
The latter contained no cracks at the same 


deflection, 


cracks. 
point. 

Although it seemed at first that periodic renewal of 
the anodic film would allow an indefinite extension of 
the life of the test bar, this has not proved to be the 
case. As the total number of cycles is increased, breaks 
in the anodic film appear more frequently until in the 
range 450—500,000 cycles (0.2 per cent surface strain), 
only a few thousand more may be added following a 
polish. The reason may be a gradual subgrain forma- 
tion during cyclic straining. Back reflection X-ray 
photographs show spot fragmentation and subsequent 
formation of Debye rings. The secondary hardening 
may be explained on this basis. Several photographs 
of strain markings were also obtained on a bar given 
200,000 cycles with a heavy anodic film, polished and 
cycled 1500 additional times under a thin film. Much 
of the deformation occurred in zones (Fig. 17) with a 
recrystallized appearance as first observed by Forsythe 
in cold rolled aluminum.*‘® 

4. DISCUSSION 

Hardening and slip-band formation 

The argument for extensive cross slip during cyclic 
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straining’?,!°,12,22) gives a reasonable basis for relating 
certain of these observations, e.g. hardening to satura- 
tion and the formation of fragmented, rapidly broaden- 
ing slip bands. Previous results on under 
similar conditions of testing correlate well with such 
findings.) Differences are broadly consistent with the 
different stacking fault energies of the two materials. 
In particular, aluminum with the higher energy and 


copper 


greater tendency to cross slip reaches saturation at a 


much lower stress (Fig. 2). However, the temperature 
dependence of the saturation moment is not so great as 
might be expected from analogy with the tensile 


hardening.curves'”) (Fig. 3). 


The assumption of saturation at a critical rate of 


cross slip, which increases with plastic strain ampli- 
tude, leads to an explanation of the amplitude 
dependence of the saturation stress. On such a basis 
a continuous variation is to be expected from almost 
no cross slip at very low amplitudes when the imposed 
strain can be accommodated by more or less reversible 
movement of primary dislocations to the much greater 
amounts required for large amplitudes of strain 
From this gradual transition a family of similar 
hardening curves would be expected, depending upon 
amplitude like those observed (Fig. 2). A related point 
is the strongly fragmented slip bands of the present 
moderately high amplitude straining (Figs. 5, 8) in 
contrast to the limited fragmentation observed for low 
amplitude fatigue of similar material.‘ 

Active cross slip alone, however, is not sufficient to 
cause the appearance of fatigue slip bands. The fact is 
clear from the relation between slip-line patterns and 
the hardening curve; it is brought out in particular by 
the results of cycling with periodic interruptions for 
annealing (Fig. 13). Although cross slip is to be 
expected almost from the first cycle, fatigue slip bands 
appear only with the start of non-hardening strain. 
Thus cross slip has at least twoeffects: it acts to depress 
the hardening rate. Then, as hardening stops, the 
deformation becomes unstable and primary slip con- 
centrates in bands; now cross slip is responsible for 
shifting slip in the bands so as to form the character- 
istically irregular topography. 

Annealing before saturation prevents the formation 
of fatigue slip bands, and presumably cracks as well, 
principally because it postpones the onset of non- 
hardening 12). 
continues uniformly throughout the specimen. No 


strain (Fig. By this means, slip 
recovery of fatigue damage, in the usual sense of 
weakened material, is implied. Annealing treatments 
during saturation, used in earlier experiments, 
will briefly relieve unstable slip concentration, but a 


new saturation is soon reached. A few such treatments 
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would not be 
detectable 
was required every 25-50 cycles, this number being 


expected to extend fatigue life by 
amounts. In the present work, annealing 
0.014—0.028 per cent of measured life, and the approxi- 
mate point at which fatigue cracking is believed to 


begin. 


Observations on extrusion 


Many observations on polished surfaces after sat- 
uration is reached have shown that one half cycle will 
The 


production of such lines must be regarded as the unit 


produce long regularly spaced slip lines (Fig. 6) 


process in the formation of a fatigue slip band, long 
slip lines giving the observed long, low extrusions. The 
height of the slip steps will vary with strain amplitude, 
so that lines formed at low amplitudes give visible 
bands only after some cycles have been accumulated. 
On the other hand, high-amplitude deflection may lead 
to the immediateiy obvious lines shown here. There- 
fore 
dependent (Figs. 8c, 9) 
quoted from tests at 0.2 per cent peak strain are not 


extrusion rate must be strongly amplitude 


Clearly, the rates already 


accounted for by mechanisms that would generate this 
topography with cycle-by-cycle movement of single 
dislocations. 9,1?) 

Other data for comparison are the few reported on 
copper cycled at about the same amplitude 11) These 
rates are higher still by about one order of magnitude. 
The explanation may be related to the more complex 
orientations of the copper crystals; with slip less 


uniformly distributed and fewer active zones to 
accommodate the imposed strain, shorter and more 
rapidly forming extrusions would be expected 

On this 


sources and multiple cross slip already proposed for slip 


basis, mechanisms involving dislocation 


band formation under steady loading‘**) ought to 


suffice for generating the notch peak fatigue topo- 
graphy, provided some sources can be given a fairly 
stable, preferred direction of operation (13 Compare, 
for example, the one-half cycle slip lines observed here 
work softening in 


and those found by Kelly’ for 


tension. If, as suggested, non-hardening strain in 
fatigue and work softening are related,“! the cyclic 
deformation simply permits an extension of these same 


Whether 


rapidly or slowly would then depend upon the rate at 


slip processes the topography develops 
which the sources emit loops, or upon the local strain 
amplitude 

At the same time, non-hardening strain requires 
that there be a balance between dislocation generation 
and annihilation. For cyclic loading, direct combina- 
tion between dislocations of opposite sign should occur 


both on the primary and cross slip planes, and may be 
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sufficient. The absence of further hardening once 


saturation occurs is well documented in other 


materials.“.2) In aluminum, however, an additional 
complication is the later secondary hardening (Fig. 2). 
The reason may well be related to sub-grain formation. 
This formation is found experimentally“ (Fig. 17); 
it is also expected from extensive cross slip with edge 
dislocations collecting on the cross-slip plane,‘*”) and it 
may interfere with preserving a balance on these planes. 
Even less clear is the fate of primary edge dislocations 
remaining in the crystal opposite a slip step. These 
cannot be present in the crystals with heavy films yet 
the hardening is essentially unchanged (Fig. 3). 
these dislocations do exist, 
is clearly indicated. The difficulties of interpre- 
tation would seem to be enhanced by the evidence, 


Annihilation, when 


recently obtagned by transmission electron microscopy, 


of tangled dislocation arrays produced by cyclic 


loading. 


Anodic films 

Because slip bands are absent on the surface of 
these heavily anodized crystals (Figs. 15, 16), the 
conclusion must be made that dislocations piling up at 
the surface under conditions of limited amplitude 
straining do not concentrate enough stress to break 
through the thick films. The suppression of fatigue 
cracks also underscores the fact of surface origins for 
these cracks. The effect can hardly be unique to 
bending; a thick and adherent film should act the 
The of crack 


suppression is made particularly clear by noting that 


same in axial-load fatigue. extent 
not a single crack developed with the thick film during 
300,000 cycles, whereas many had appeared after only 
10,000 cycles with the thinner film. 
cracking in the latter case actually started at, about 


If, as is argued, 


50 cycles, the factor of change is at least 6,000. 

Although notches do not form under the thick film, 
hardening is similar for both surface treatments 
(Fig. 3). The unique hardening behavior under cyclic 
loading, and in particular saturation, cannot therefore 
be due to some special stress relieving property of 
surface notches in slip bands.“) Similarly, the later 
slow hardening and sub-grain formation may proceed 
without any fatigue cracking, showing that these 
phenomena may be independent. 

In most respects, crystals with the thick and thin 
films behaved alike except for the absence of surface 
markings on the former. Similarity in hardening was 
most obvious. For this reason, slip processes during 
cyclic straining would seem to be the same in both 
cases. Any of the postulated internal weakening'‘®) 


should progress at the same rate in each case, if such 
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an effect indeed exists. To test the idea, individual 
crystals were pre-cycled with a heavy anodic film to 
preserve a smooth surface. 50,000 cycles were 
imposed on one and 100,000 on the other. A third 
crystal was used without precycling. All were then 
given the thin film treatment, cycled 30,000 times, and 
polished the same amount to reveal the cracks. It 
should be recalled that both 50,000 and 100,000 cycles 
are adequate for extensive cracking in thin-film 
crystals. Thus slip band deterioration, should it occur, 
would be expected after this much precycling and 
ought to aggravate the subsequent cracking. However, 
there were no significant differences observed in crack 
patterns on the three specimens (Fig. 18); the pre- 
cycling apparently has no effect on subsequent 
cracking rates. Such an observation is not in agree- 
ment with the notion of accumulated internal damage 
from repeated slip. 

The same experiment was also tried, without con- 
clusive results, after crystals had been fatigued more 
than 300,000 cycles. Now, the formation of sub-grains 
was sufficiently marked that the relatively simple 
primary slip plane cracking no longer occurred follow- 
ing the removal of the thick film. Instead, the cracks 
were broad and very widely spaced, probably in 
recrystallized zones. It should be noted that Smith 
has recorded easy grain boundary cracking in fatigued 
aluminum. 

5. CONCLUSION 

From these experimental results, it is concluded that 
a fatigue crack originates and grows with the develop- 
ment of unstable slip at a free surface. Cracking begins 
as strain hardening stops and slip becomes concen- 
trated; it progresses with continued cycling as slip 
bands at the surface intensify and an increasingly 
If the 


unstable slip is prevented by periodic annealing to 


irregular notch-peak topography develops. 


maintain work hardening, the cracking is prevented. 
On the other hand, if the surface is blocked and slip 
steps cannot form, as with a thick anodic film, even 
unstable slip cannot cause cracking. 

It is shown further that precycling with the thick 
film does not enhance the rate of subsequent crack 
formation when the film is removed. Growth follows 
only from an active ratchet-type slip occurring as the 
crack advances, not from any weakening of the slip 
It is for this 
reason that cracks penetrate deeply along slip planes. 


band by accumulated plastic strain. 
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Fic. 18. Crack patterns in crystals precycled varying 
amounts with thick anodic film. Precycled with thick 
film, then 30,000 cycles with thin film. Cracks revealed 
by four micron polish. (a) 0 precycles, (b) 50,000 
precycles, (c) 100,000 precycles, < 250 
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ON THE RATE-CONTROLLING MECHANISM FOR PLASTIC FLOW OF Mg 
CRYSTALS AT LOW TEMPERATURESt 


H. CONRAD}, L. HAYS§, G. SCHOECK?t+ and H. WIEDERSICH? 


The plastic flow of a magnesium single crystal was investigated by ‘differential’? type creep and 
constant strain rate tests in the range 78-364°K. The present data and those obtained in a previous 


investigation indicate that the deformation rate y of magnesium crystals is given by the equation 


y v exp [—H(r*)/kT] 


where » is a constant and H is an activation energy which decreases with the effective stress r* given by 
the difference between the applied stress and the internal stress. From the experimental data one obtains 
H, 0.73 eV, vo 6 x 10-'* cm’ and » 105 sec-!, where H, and v, are the values of the activation 
energy and the activation volume respectively at 7* = 0. The form of the above equation and the 
values of the constants indicate that the rate-controlling mechanism is the intersection of dislocations. 
Seeger’s model must, however, be modified to include an effect of stress on the activation volume. 


SUR LE MECANISME DETERMINANT LA VITESSE DE DEFORMATION PLASTIQUE DE 
CRISTAUX DE Mg AUX BASSES TEMPERATURES 

La déformation plastique d’un monocristal de magnésium est étudiée entre 78 et 364°K par fluage du 

type différentiel et par des essais & vitesse de déformation constante. Les résultats de cette étude ainsi 

que ceux d’une recherche antérieure indiquent que la vitesse de déformation y des cristaux de magnésium 


est donnée par l’équation: 
vexp [ —H(r*)/kT} 


ou vy est une constante et H une énergie d’activation qui décroat avec la tension effective 7* donnée par 
la différence entre la tension appliquée et la tension interne. En se basant sur les données expérimentales, 
on obtient: = 0,73 eV, = 6 x cm et » 10° sec-!, ou Hy, et v, sont respectivement les 
valeurs de l’énergie d’activation et du volume d’activation pour r* 0. La forme de l’équation ci-dessus 
et les valeurs des constantes indiquent que le mécanisme déterminant la vitesse est l’intersection des 
dislocations. Donc il faut modifier le modéle de Seeger afin d’inclure un effet de l’effort sur le volume 
d’activation. 


UBER DIE GESCHWINDIGKEITSBESTIMMENDEN MECHANISMEN BEIM 
PLASTISCHEN FLIEBEN VON Mg-KRISTALLEN BEI TIEFEN TEMPERATUREN 
Das plastische FlieBen eines Magnesium-Einkristalls wurde zwischen 78° und 364°K durch ‘“‘differ 
entielles’’ Kriechen und Dehnen mit konstanter Geschwindigkeit untersucht. Die vorliegenden Daten 
und diejenigen einer vorhergehenden Untersuchung zeigen, daB die Verformungsgeschwindigkeit » von 

Magnesiumkristallen durch die Gleichung 


y = vexp (—H(r*)/kT) 


beschrieben wird, wobei vy eine Konstante und H eine Aktivierungsenergie ist. Letztere nimmt ab mit 
der effekten Spannung +r*, welche die Differenz zwischen der angelegten Spannung und der inneren 
Spannung ist. Aus den experimentellen Daten erhalt man H, = 0,73 eV,v, = 6 x 107-'® cm® und » 105 
sec~!, wobei H, und v, die Werte der Aktivierungsenergie beziehungsweise des Aktivierungsvolumens bei 
7* 0 bedeuten. Die Form der obigen Gleichung und die Werte der Konstanten zeigen, daB der 
geschwindigkeitsbestimmende Mechanismus das Durchschneiden von Versetzungen ist. Seeger’s Modell 
muss jedoch abgeaéndert werden, damit der Spannungseffekt auf das Aktivitationsvolumen beriick 


sichtigt werden kann. 


INTRODUCTION where + is the strain rate, v is the frequency factor, and 


Thermally activated glide of metal crystals can be J js the activation energy for the specific deformation 


described by an equation of the form mechanism. At low temperatures two dislocation 
mechanisms have been proposed as rate-controlling for 


vexp (—A/kT) (1) 


metal crystals with a close-packed structure (f.c.c. and 


+ Received August 1, 1960. c.p.h.): the mutual intersection of dislocations" ~-® and 

+ Formerly with Westinghouse Research Laboratories, the overcoming of the Peierls stress.‘7~*®) For the 
now with Atomics International, Box 309, Canoga Park, 
California. 

§ Westinghouse Research Laboratories, Pittsburgh 35, is that the activation energy H depends linearly on the 
Pennsylvania. 

++ Formerly with Westinghouse Research Laboratories, now 
with the Argentina Atomic Energy Commission, Buenos 
Aires, Argentina. H Hy 
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intersection mechanism the most simple assumption? 


acting stress 7*, i.e. 


368 


where H, is the energy for intersection at zero stress 
and vr* is the work done by the stress during the 
intersection. 7* is the effective stress given by the 
difference between the applied stress 7 and the internal 
stress 7,, the latter being proportional to the shear 
modulus uw. The activation volume v = bdl is the 
product of the Burgers vector 5, the intersection width 
d (approximately the sum of the widths of the two 
intersecting dislocations) and the mean spacing 1 
between the dislocations threading the glide plane, 
which are called the “‘forest’’. Modifications of equation 
(2) have been proposed which consider that the 
activation volume may itself depend on the acting 
Generally one may 
expect a spectrum of va. - ; for the intersection energy 
H,, the acting stress r*, and the activation volume v; 


stress'*,® or on the t 


however, the use of average values may be justified if 
this spectrum is not too wide. 

For the Peierls mechanism the activation energy 
depends only weakly (logarithmically) on the acting 
stress." In this case it has been suggested‘’>®) that 
the major effect of stress is on the number of dis- 
locations contributing to the deformation, i.e. the 
stress affects the frequency factor v. 

To differentiate experimentally between the inter- 
secting mechanism and the Peierls mechanism, the 
measurement of the flow parameter B = (0 In 7/07) 
is extremely useful. If we assume for the intersection 
mechanism the simple form of the activation energy 
given by equation (2), it then follows that 


= 
Or 
i.e. B is inversely proportional to the temperature. 


On the other hand for the Peierls mechanism where the 
major effect of stress is on the number of dislocations 


Bin 


contributing to the deformation one obtains 


B- (° In 


= K (3a) 
Or 
where K is independent of temperature. 

Previous investigations'’-".!2) indicated that for 
easy-glide B was practically independent of tempera- 
ture for magnesium crystals from 78 to 364°K and for 
copper crystals from 90 to 170°K. For the intersection 
mechanism this would require that the activation 
volume is proportional to the temperature. An 
increase in activation volume with temperature due to 
an increase in splitting width of the extended dis- 
locations with temperature" is possible, but it does 
not appear likely that this variation in splitting width 
is large enough to account for the constancy of B. On 
the other hand, the constancy of B would be in accord 
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with the Peierls mechanism, but many objections may 
be made against this possibility. First of all, the 
activation energy for the deformation of copper 
crystals?) increased with temperature rather than 
remaining constant as might be expected for a Peierls 
mechanism. Furthermore it is difficult to see how only 
dislocations (or dislocation segments) in close-packed 
directions could control the strain rate. 

There is, however, another possibility which can 
explain the fact that B is apparently independent of 
temperature. If in the intersecting mechanism the 
activation volume depends on the acting stress, we 
obtain 


(3b) 


T 


v(r*) r* Ov 


kT | kT \ar* 


Now if v decreases with increasing 7* then 0v/d7* < 0. 
Furthermore, in order to maintain essentially the same 
strain rate, r* has to be increased as the temperature is 
decreased. Due to these conditions the combination of 
terms in equation 3(b) can give an apparent tempera- 
ture independence of B. 

The object of the present investigation was therefore 
to obtain additional experimental data which might 
aid in the identification of the rate-controlling mecha- 
nism of close-packed metals at low temperatures. 
Especially it was intended to obtain information on a 
possible variation of the activation volume with 
stress. Since a considerable amount of data had 
already been obtained on magnesium crystals it was 
décided to use this material in the present study. 
Further advantage of this material is that below 200°C 
only the basal plane is the active slip plane and there- 
fore the density of the forest which the moving dis- 
intersect will increase with 


location has to not 


deformation. 


EXPERIMENTAL PROCEDURE 
1. General 


In the present investigation the effects of stress, 
strain rate and temperature were determined at a 
constant structure by employing “‘differential’’ tests; 
i.e. tests where the stress, strain rate or temperature 
are changed during the deformation. Both creep and 
constant strain rate tests were conducted to permit a 
comparison between these two types of tests. Also, to 
eliminate the scatter which might occur due to speci- 
men differences, all tests were conducted on one 
crystal, specimen Mg-18. To prevent the use of unduly 
large loads, the crystal was intermittently recovered 
by heating for 16 hr at 200°C in silicone oil or for 1 hr 
at 450°C in air. For the 200°C treatments the crystal 
remained in the test fixture under a small load to 
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maintain axial alignment. For the 450°C treatments 
the crystal was removed from the test fixture and 
placed in a furnace. Following recovery at 450°C, the 
specimen was chemically polished in a 25° volume 
HCl solution before retesting. 

The 200°C treatments did not completely recover 
the specimen, i.e. they did not give the initial value of 
the critical resolved shear stress; however, they 
lowered the yield stress sufficiently to allow a large 
number of tests to be run on the same specimen with- 
out requiring unduly large loads. The 450°C treat- 
ments did give complete recovery, as had been reported 
previously.“4.!2) The number of recovery treatments 
previous to a given test is indicated by a capital letter 
following the specimen number; for example, A 
indicates one recovery, B indicates two, etc., the 
letters A—D represent the 200°C treatments, while E 
and F are for the 450°C treatments. 

The crystal employed for the present investigation 
was approximately 1.0 cm in diameter and 15 cm long. 
It was grown from the same lot of material and in the 
same manner as the crystals employed in the previous 
investigations.“1.12) Also, it was oriented and prepared 
for testing in the manner described previously. Its 
original orientation was 7, = 47° and A, = 51°.t 

All tests were conducted in tension. The load and 
elongation values were converted to resolved shear 
stress and resolved shear strain by the equations given 
by Schmid and Boas"). A summary of the tests con- 
ducted in the present investigation is given in Table | 


2. Creep tests 

The creep machine and strain measuring device has 
been described previously.“!,12) For the present test 
sensitivity of the strain measurements is approximately 
1 x 10~‘ resolved shear strain, while accuracy of the 
stress increments is estimated to be +2 per cent. 


Tt % = angle between specimen axis and basal plane. 
Ao = angle between specimen axis and (100). 
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The test procedure for evaluating the effect of strain 
(0 ln consisted of 


incrementally 


rate on the parameter B 
the following: The specimen was 
loaded (2-5 g/mm?) increments every minute until 
a fairly high strain rate was attained, (~1 min-'). 
Creep was allowed to proceed at this stress for a 
short time, following which small stress increments 
(~1.5 g/mm~*) were added and subtracted as creep 
continued. When the creep rate became so low as 
to make further measurements impractical (or was 
approximately constant at the higher temperatures), 


added 


to again give a high strain rate (~1 min~') and the 


a large stress increment (5-10 g/mm?) was 
stress addition and removal process was repeated. 
For each the value of 
B (In 75/7,)/Ar was calculated from extrapolations 


of the strain rate to the instant the change was made 


increment or decrement, 


(see Figs. 1 and 2). 

After conducting a number of incremental tests at 
one temperature, the temperature of the specimen was 
changed and the testing procedure continued. In this 
way the effect of temperature on B and on the flow 
stress was determined. To make a temperature change, 
the specimen was unloaded (except for a small load to 
maintain the thermal bath 
replaced by another at the desired temperature 
the new temperature had been reached (approximately 


15min were allowed), the load was reapplied in 


alignment) and was 


Once 


increments of 2-5 g/mm* until a sufficiently high 
strain rate was attained so that the procedure of 
adding and subtracting small stress increments along 
the creep curve could again be initiated. To determine 
the effect of temperature on the flow stress, the initial 
flow stress at the new temperature was defined by the 
reloading stress which first produced the same creep 
rate as that existing previous to the temperature 
change. 

Testing temperatures of 78, 193, 300 and 364°K 


were employed for the above mentioned creep tests. 


TABLE 1. Summary of tests 


Previous resolved 


Spec. No. . 
shear strain 


to the test 


18 None 


Recovery treatment 
immediately prior 


Test temp. Tot 


Type of test 
(°K) (g/mm*)} 


‘reep 300 


vreep 364 
364 
300 


18A 16 hr at 200°C 

18B 16 hr at 200°C 

18C 16 hr at 200°C vreep 

18D 16 hr at 200°C Creep 78-300 

18D, 24 yrs. at Const. strain 78-364 
room temp. rate 

18E 1 hr at 450°C Const. strain 78-364 
rate 


18F 1 hr at 450°C Creep 364 60* 


364°K, all others at 300°K. 


tr. = initial flow stress (y ~ 10-* min-'). Values marked with an asterisk were obtained at 


74* 
75* 
R9 
81 
112* 
65* 
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I93°K 
At=+13 g/mm* 
Spec. 


TT 


T 


T 


183.5 g/mm* 


TOT 


| | | 


Effect of adding and removing a small stress 
increment during creep at 193°K. 


Fie. 1. 


1.023 1.027 103) 1.035 1.039 


Shear Strain 


1.019 


They were obtained respectively by immersion in 
liquid nitrogen, a mixture of dry ice and acetone, and a 
bath. They were 


thermometers 


heated and stirred silicone oil 


measured by immersion and were 


constant to +1°C. 
To evaluate the effect of temperature on strain rate, 


| 


2 

18.9 g/mm 300 *K 

5 g/mm* 
Spec 18D 


TOT TTT 
B+1.38 


3S. 


| 


Creep Rote, min 


35 
w 
B=1.42 


g/mm? 


T 


T 


0.907 0.917 0.927 
Sheor Stroin 


0.937 


Fie. 2. Effect of adding and removing a small stress 
increment during creep at 300°K. 


6,440 cal 


H= 


Ya atom 


nm 
A 


H= 14,300 cal/g otom 
wo 
o 
3 
3 


Creep Rate, min”' 


fo) 


2 0144 
Shear Strain 


Effect of a change in temperature on 
the creep rate. 


a few tests were conducted where the temperature was 
changed by a small amount during a creep test. The 
procedure consisted of removing approximately 50 per 
cent of the load, changing the temperature by 10°C and 
then reapplying the load. The value of the activation 
energy was calculated by equation (9a)+ from extrapo- 
lations of the strain rate to the instant the tempera- 
ture was changed (see Fig. 3). 

For the studies on the effect of temperature on 
strain rate, temperatures below room temperature 
were obtained by the method described previously.” 
This method employs a liquid nitrogen spray as the 
refrigerant. For temperatures above room tempera- 
ture, resistance heating elements were mounted in the 
low temperature container. In all cases the tempera- 
ture was measured and controlled by a calibrated 
copper—constantan thermocouple in contact with the 
specimen and connected to an L. and N. Speedomax 
type G recorder—controller with a D.A.T. anticipatory 


+ This equation is given below. It corrects for the change 
in internal stress which results from the change in shear 
modulus with temperature. 
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control. With this system the temperature was 
maintained to within +1°C over the gage length from 
78 to 364°K. Approximately 1-2 min were required to 
make the temperature changes below 200°K, whereas 
3-5 min were required at the higher temperatures. 
However, the specimen was always allowed to remain 
at a new temperature for 15-20 min before the load 
was reapplied, to ensure attainment of equilibrium. 


3. Constant strain rate tests 

An Instron tensile testing machine, model TT-B, 
was employed for the constant strain rate tests. The 
1000 lb SR-4 load cell 
connected to the z-axis of an Instron 2-y recorder 


load was measured with a 


giving a resolved shear stress accuracy of approxi- 
mately 2 per cent. The cross head movement was 
measured by a clip gage employing SR-4 resistance 
wire gages connected to the y-axis of the recorder, 
giving a resolved shear strain sensitivity of approxi- 
mately 5 x 10-°. 
a test was accomplished by a gear shift. 

The temperatures of 78, 193, 300 364°K 
employed for the constant strain rate tests were 
obtained by the method employing a nitrogen spray or 
an electric heating element described above for 
evaluating the effect of temperature on the creep rate. 


A 10 : 1 change in strain rate during 


and 


To make a temperature change, the specimen was first 
unloaded to a stress about 10 per cent of the previous 
flow stress, to prevent creep from occurring during the 
change. 

EXPERIMENTAL RESULTS 
1. General 

The creep curves observed for the initial incremental 
loading (starting from zero stress) were similar to 
those reported previously.‘"!”) For the addition and 
removal of small increments along the creep curve, 
typical behavior at 193 and 300°K is shown in Figs. 1 
and 2. The behavior at 78°K was similar to that at 
193°K, while at 364°K it was similar to that at 300°K. 
Of interest in regard to tests at 300°K (Fig. 2) is that 
the creep rate following the removal of a stress 
increment initially increased with strain. Similar 
behavior was observed at 364°K, but not at 78 and 
193°K. This is probably related to the recovery which 
has been observed for magnesium crystals at 300 and 
364°K1,12) and may be interpreted qualitatively to 
indicate that the rate of recovery is more rapid than 
the rate of strain hardening. 

Figure 4 shows the effect of strain rate on the param- 
eter B= (0ln¥7/0r),. Within the scatter of the 
data, B decreases linearly with the logarithm of the 
mean effective strain rate y, = (7,7’.)"*, where 7, is 
the creep rate immediately preceding the addition of 


8—(20 pp.) 
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ctive Strain Rate, /¥- , min” 


Effect of strain rate on B ln y/ 07 obtained 


by incremental creep tests. 


Fic. 4. 


a stress increment and 7, is the rate immediately 


following. From Fig. 4 we can write 


B= B cln 9) (4) 


0 


where 79 10-4 min-!, B, is the value of 


B for 
The 
Ve 10-4 min The 


values of B, and c given by the dashed lines in Fig. 4 


0 
and c represents the slope 
were obtained by a least squares analysis of the data 
for a given temperature. As will become evident 
subsequently, the decrease in B with strain rate is an 
indirect effect and in reality represents an effect of 
stress on B. 

Of interest in regard to Fig. 4 is that By increased 
with recovery treatments, the most significant increase 
occurring between the virgin crystal and the first 
recovery treatment. On the other hand, the value of c 
was not affected by the recovery treatments. Neglect- 
ing the effect of recovery treatments, the values of B, 
and c were independent of temperature and strain. 

Typical results for the constant strain rate tests are 
given in Fig. 5. The values of B are similar to those 
obtained from the creep tests for the same effective 
strain rate. Again B is independent of strain and 
temperature. The negative strain hardening at 364°K 


is another example where strain hardening is less rapid 


than recovery. 
Representative behavior for tests in which the 


temperature was changed during a creep test are 
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@ 


Mg |8E 


> 
oO 
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Shear Stress, g/mm* 


0.04 0.06 
Shear Strai 


temperature and strain on 


dln y/dr. 


0.02 


Effect of the 


parameter B 


Fic. 5. 


shown in Fig. 3. The activation energies obtained in 
this manner increased with increase in test tempera- 
The of this of the 


activation energy with temperature will be discussed 


ture. significance variation 


in more detail below. 


2. Thermal component of flow stress 

Earlier work™!,!”) indicated that the flow stress 7 for 
deformation of magnesium crystals consists of two 
parts, a thermal component 7* which is independent of 
strain, and an athermal component r,, which increases 
with strain, so that 


T ; (5) 


where 7+, represents the long range internal stress 
which is proportional to the shear modulus uw. The 
value of 7, is given by the sum of the initial internal 


stress of the virgin crystal +, and a contribution due 
0 


to strain where 


hardening 1,,'(y) dy, 
/0 
h = dr/dy is the strain hardening coefficient. 
According to Seeger, 7, can be obtained from the 
relatively constant critical resolved shear stress 7,, at 
high temperatures. For magnesium this occurs at 
temperatures > 330°K for a strain rate of 10-4 min~. 
Hence for the present tests the value of 7, at a 
temperature 7' after a number of tests at different 
temperatures, is given by 


{79(364) 
\ 14(364) 


(6) 
where 7,(364) is the value of the critical resolved shear 
stress at 364°K (62 g/mm? for the present crystal) for a 
strain rate of 10-4 min! and hAy is the strain harden- 
ing observed at each test temperature. 

To aid in the evaluation of the rate-controlling 
mechanism it is desirable to know the variation of r* 
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Fic. 6. Effect of temperature and strain rate on the 
thermal component of the flow stress 7* of magnesium 
crystals, 
with temperature. One means of obtaining this is from 
the change in critical resolved shear stress with 
temperature. This requires testing a number of 
crystals, and the results are always subject to varia- 
tions which may occur from specimen to specimen. 
A better way of obtaining 7* is from measurements of 
the “‘reversible” changet in flow stress which occurs 
with a temperature change, for example the difference 
in stress level at the points a and b shown in Fig. 5. 
The value of 7* as a function of temperature for a 


constant strain rate is then given by 


(75(364) 


*«(T 
\ 


7(T) 

The effect of temperature on +* is shown in Fig. 6. 
For a strain rate of 10-4 min~, 7* was obtained by 
employing equation (7). For the higher strain rates, 
7* was derived from the following relationship 


= r*(10-*) + B(y,) In (. 


where B(j,) was the average value for an effective 
,)"? taken from the data of Fig. 4, 
and ¥,,/7,,,; was always 10. 

Also given in Fig. 6 are the values of r* (for y = 10-4 
min~!) derived from the data of a previous investi- 
gation." It is noted that the curve representing 
these data lies above that for the present results, 
at the This was 


strain rate of (7, 


nt 


especially low temperatures. 


+ A “‘reversible’”’ change in flow stress is obtained when no 
recovery occurs during the temperature change. For mag- 
nesium crystals a reversible change was obtained for an 
increase and decrease in temperature below 200°K. Above 
200°K recovery occurred during an increase in temperature 
and a reversible change was only obtained for a decrease in 
temperature. 

¢ The shear modulus values (C,,) were taken from the 
paper by Slutsky and Garland"*), 
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Fic. 7. Effect of temperature on the activation energy 
H for plastic flow of magnesium single crystals 


surprising, for the present crystal was grown from the 
same material and in the same manner as those used 
previously. The only known differences between these 
crystals are: 

(a) The orientation of the basal plane with regard to 
the direction of crystal growth (i.e. the angle 7,) 
was different. In the former tests, 
generally less than 24° while for the present test 


= 47. 


Xo was 


(b) The present crystal was recovered a number of 


200°C before the tests at the low 
temperatures. 

In this regard, it is significant that the temperature 
dependence of +* derived from the data of Sheely et 
al.“5) is even less than that for the present crystal, 
while the results of Geiselman and Guy"® indicate a 
temperature dependence between that for the present 
crystal and the earlier tests by Conrad and Robert- 
son"), Furthermore, the data by Sheely et al.“® 
show that impurities may have a strong influence on 
the temperature dependence of 7*. 


times at 


DISCUSSION 
Conrad and Wiedersich"’) have evaluated H in 
terms of experimental parameters for the general case 
where H = H(r*, T) 


mechanism is controlling. 


and only one deformation 


importance to the present investigations are: 


H = —BkT? (=) (9) 


H | 7, du) 
ar 


dT} 
+ 


(9a) 


H (9b) 


The equations for H of 


where k is Boltzmann’s constant. These equations 
correct for the change in internal stress due to the 
effect of temperature on shear modulus 

Values of H obtainedt from the slope of the curves 
of Fig. 6 with the aid of equation (9) are shown in Fig. 7. 
Also, given are the values of H obtained with the aid of 
equation (9a) from the change in creep rate associated 
with a temperature change (Fig. 3). It is seen from 
Fig. 7 that there is agreement between the two sets of 
data and also between the two methods for determin- 
ing H. Within the scatter of the data H is proportional 
to the temperature 

Since tests at low temperatures were always con- 
ducted at high stresses and those at high temperatures 
at low stresses, the variation of H with temperature in 
Fig. 7 may represent any one of the following four 
possibilities 

(a) Only a single mechanism is rate-controlling and 

(i) Hisadirect function of temperature alone, or 
(ii) H is a direct function of stress alone, or 
(iii) H is a function of temperature and stress 
(b) A number of parallel mechanisms with different 
activation energies operate over the tempera- 
ture range considered 
To determine the rate-controlling mechanism one 
must determine which of these four possibilities 
represents the deformation behavior. 

Two factors rule out the possibility that the vari- 
ation of H with temperature represents a change in 
mechanism with temperature. 
the 


Fig. 6, 


the rate-controlling 
First, significant, is that 
energy the data of 
equation (9b), is relatively independent of tempera- 


and most activation 


calculated from using 


ture for a constant 7*, see Fig. 8. (The values here are 


+ The values of B employed were 1.35 mm?/g for the present 
data and 0.65 mm?/g for data of Conrad and Robertson” 
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Fic. 8. Effect of temperature on the activation energy 
H for plastic flow of magnesium crystals at a constant 
value of 7*. 


in agreement with those of Fig. 7.) Secondly, if one 
assumes that a number of parallel mechanisms operate 


so that 


(10) 


y = > », exp (—H,/kT) 


where H, is independent of stress, we obtain 


In > »,H, exp (—H,/kT) 
1/7 > exp (—H,/kT) 

Using the experimental values of H given in Fig. 7 and 
assigning four arbitrary values for H,(2, 8, 14 and 
19 kcal/mole) with »; = 1 for H = 2k cal/mole, one 
obtains for v,; values of 10*!, 10“! and 10*> for the 
remaining values of H,. It is difficult to imagine 
deformation mechanisms with such large differences in 
frequency factor. 

In view of the above, it seems reasonable to conclude 
that a single mechanism is controlling over the tem- 
perature range of 78-364°K. Furthermore, the results 
of Fig. 8 indicate that H for this mechanism depends 
on stress, but is relatively independent of the tem- 
perature. Thus, the apparent temperature dependence 
of the activation energy shown in Fig. 7 merely reflects 
the fact that tests at low temperatures were conducted 
at high stresses and vice versa. The deformation 
equation for magnesium crystals is then 

y = vexp[—H(r*)/kT). (12) 

Writing equation (12) in another form we have 

H = kT \n (v/y) 
which predicts that for a given strain rate the measured 
activation energy should be proportional to the 


(13) 


temperature, if v is independent of temperature. 
From Figs. 7 and 8 it is seen that the experimental 
activation energy is proportional to the temperature, 
supporting the temperature independence of v. 

In view of equations (12) and (13) one can obtain H 
as a function of stress by substituting the stress 


obtained from Fig. 6 for the temperature in Fig. 7. 
The variation of H with stress obtained in this manner 
is shown in Fig. 9. It is here seen that the activation 
energy is a sensitive function of the stress. This favors 
the intersection of dislocations as the rate-controlling 
mechanism over the Peierls mechanism. Furthermore, 
the value of H, (16.8 kcal/mole) obtained from Fig. 7 
and 9 is in reasonable agreement with estimates of the 
energy (0.7—1.0 eV) to form a jog in magnesium..1®) 
To aid further in identifying the controlling mechanism 
it is desirable to compare the experimental value of the 
frequency factor v and the forest spacing /, with 
theoretical estimates. Also, an evaluation of the force— 
distance relationship for the deformation mechanism 
would be very desirable. These features will now be 
discussed. 

In general, one expects the force—distance behavior 
for a thermally-activated mechanism to be of the form 
shown in Fig. 10. The total energy required to over- 
come the obstacle to dislocation movement (i.e.the 
energy which must be supplied by thermal fluctuations 


when = 0) is then 


Hy = F (x) dx. (14) 


Upon application of a stress 7*, a dislocation takes the 
position x, given by F(x 9) = 7*bl where 6 is the 
Burgers vector and lis the length of dislocation segment 
involved. The energy which must be supplied by 
thermal fluctuations for the dislocation to surmount 
the obstacle is 


H=| [F(x) —r*bl]dz (15) 


JZ 


which can also be written 


Ho = 16.8 kcal/g atom 


Dota from Conrad and Robertson 
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Fic. 9. Effect of stress on the activation energy 
for plastic flow of magnesium crystals. 
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\ F ( force) 


}F= 


Fic. 10. Schematic of force—distance relationship for 
deformation of magnesium crystals. 


Zz, 
H = (F(x) — r*bl] dx = axo(F)] dF. 


Differentiating equation 15(a) with respect to F and 
making the substitution F = 7*bl we obtain 
= — = v* (16) 


where v* is the activation volume associated with 
the thermal activation. Furthermore, from 
equation (13) 
dln» 
Or* 


since 


(17) 


we obtain 

v* = BkT. 
The variation of v* with stress is then obtained by 
determining v* as a function of temperature by 
equation (18) and substituting the stress taken from 
Fig. 6 for the temperature. A plot of the effect of 7* 
on v* obtained in this manner is given in Fig. 11. It is 
here seen that v* is a sensitive function of the stress. 
In view of the above and referring to Fig. 10, the 
activation energy H(r*) of equation (12) can be 

expanded to either 
H = H* — BkTr* 


(18) 


(19) 
or 
H = H, — vr* (19a) 


where 


0 
H* = F(x) dz; Hy = | F(x)dx; BkT'r* = v*r* 


is the work done by the stress in moving the dis- 
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location from 2, to x9* (i.e. the work done by the stress 
during the thermal activation); and vr* is the total 
reversible work done by the stress in moving the dis- 
location from — oo to 0. Equation (19a) is similar to 
equation (2) with the distinguishing feature that v is a 
function of the stress.t Furthermore, it follows that 
since B is independent of temperature in the range 
78-364°K, the quantity 1/k7' (v + 7* dv/d7r*) must be 
independent of temperature, as cited in the intro- 
duction. This was in fact found to be the case upon 
analysing the experimental data. (For this analysis 
the values of v as a function of r* were obtained by 
equation (19a) from the data of Fig. 9.) Finally, it is 
evident that 


Vp = (BkT,), = v*(r* = 0) = (7 0) (20) 


(distance) Where 7’, is the temperature at which r* = 0; for 


example, in Fig. 6 7, = 335°K for 7 = 10-4 min“. 
Thornton and Hirsch’) have proposed that the 
activation volume for the intersection of dislocations 
in a number of metals is a sensitive function of the 
temperature. They attribute this to an effect of 
temperature on the stacking fault energy and hence on 
the splitting width (see Fig. 12c). Since in the present 
tests B was a function of the strain rate and since the 
activation energy and the activation volume were not 
direct functions of the temperature, Thornton and 
Hirsch’s interpretation does not apply to magnesium 
crystals. Whether actually 
applies to the metals they considered, or whether their 
results also merely reflect the fact that the activation 


their interpretation 
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Robertson 


10 20 30 40 
g/mm? 


Effect of stress on the activation volume v* 
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+ It should be noted that v, as contrasted with v*, does not 
have a real physical significance, except when 7* 0. 
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volume is a function of the stress and that 7* increases 
with decrease in temperature needs to be investigated. 

Assuming that the rate-controlling mechanism is the 
intersection of dislocations, an estimate of the forest 


spacing J, can be obtained from the expression 


(21) 


> 
dyd 2h? 


and d, are the activation volume and inter- 
*—(). Taking the 
3.0 
10-*cm for the present crystal and an average 
(11,12) 

l= 1.5 


These values are in agreement with estimates”! of 


where vy 
section width respectively at 7 


values for v) given in Fig. 11 one obtains |, 
10-4cm for the previous crystals. 
the dislocation densities in metal crystals. 


the of the 


frequency factor v for the intersection of dislocations 


Knowing /, one can estimate value 


which is given by‘) 


y = NAby, exp (S/k) (22) 
where N ~ /,~* is the number of dislocation segments 
per unit volume where activation can take place; 
A w |,* is the area swept out per successful fluctuation, 
=the Burgers vector; v9 is the vibra- 
tional frequency of a dislocation segment of length 21), 
where v9 is the Debye frequency; and S is the entropy 
of activation. Substituting for 1, rv. and 6 into 
equation (22) and assuming the entropy factor is ~1 
the 


gives v ~ 10° sec"! in agreement with value 
obtained from the slope of Fig. 7. 

The evidence thus strongly favors the mutual inter- 
section of dislocations as the rate controlling mecha- 
nism during deformation of magnesium crystals. 
However, previous data‘’".12) and the present results 


require that the simple model of intersection as 
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through its effect on stacking fault energy 


Fic. 12. Possible effects of stress and temperature on 


the activation volume (v dlb) "for intersection of 
dislocations. 
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proposed by Seeger‘?) be modified to include an effect 
of stress on the activation volume. This effect of stress 


can occur in two ways: 


(a) The apparent forest spacing / may decrease with 
stress due to the influence of stress on the 
amount the gliding dislocation bows out in the 
slip plane, as suggested by Friedel, see 

Fig. 12(a). 

The width with 

stress,"® i.e. the force—distance relationship may 

vary along the intersection path, Fig. 10. For 


intersection may decrease 


extended dislocations this may be due in part 
to the pinching of dislocations at the point 
of intersection, for example, see Fig. 12(b). 


Two factors suggest that the forest spacing / does not 
vary significantly with stress for magnesium crystals: 
One, the frequency factor vy was found to be independ- 
ent of temperature (and stress) and agreed with 
theoretical estimates based on a constant value of the 
forest spacing. Two, there is good agreement between 
the two sets of data considered in the present paper 
when 7*v®, which is a measure of the force acting on 
the gliding dislocation, is plotted vs. v*/v® (see Fig. 13). 
Since /, is different for the two sets of data, one would 
expect a significant difference in the curves, if / varied 
significantly with the stress. 

Assuming / is independent of 7* the curves of Fig. 13 
give the form of the force-intersection width relation- 
ship for the intersection of dislocations. They would 
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correspond to the force-distance relation for only two 
special cases: 
(a) The force—distance curve decreases abruptly to 
zero force immediately following F,,,,,. 
(b) The force—distance curve is symmetrical about 
max* 
There is no reason to believe that the force—distance 
relation for the intersection of dislocation has either of 
these special forms. Consequently, the exact form of 
the force—distance curve cannot be deduced from the 
present data. In this regard it is significayt that the 
so-called force—distance curves derived by Basinski‘® 


for the deformation of copper, aluminum and silver- 


crystals are also in reality force—intersection width 
curves. Further, if one subtracts the long range stress 
from Basinski’s curves, their form is similar to those 
of Fig. 13. 

Basinski'® suggests that the forest dislocations in 
f.c.c. metals are responsible for the long range stress r,, 
as well as the short range stress t*. He bases his con- 
clusion mainly on the fact that in Stages I and III 
deformation the ratio of flow stresses for a given 
temperature change remains constant independent ot 
strain. However, the present and previous™!.!”) data 
indicate that for magnesium crystals the flow stress 
difference is a constant independent of strain, when 
corrected for changes in shear modulus with tem- 


perature. This indicates that for magnesium crystals 


the long range stresses are due to dislocations on 
parallel glide planes. It is expected that this is also the 
case for f.c.c crystals, and that the constant ratio of 
stresses represents the fact that the dislocations on a 
given slip plane are both forest for an intersecting 
plane and the long range stress for a parallel plane. 
This follows essentially Adams and Cottrell’s‘?® 
suggestion that the pattern of dislocations remains 
constant during deformation and only the scale 
changes. 

As indicated above the primary difference between 
the present crystal and those tested previously is in 
the dislocation forest spacing /,. This difference in the 
forest spacing could be due to three factors: 

(a) A difference in growth conditions, especially in 
regard to the angle the basal plane makes with 
the growth direction. 

(b) A difference in impurity content. 

(c) An effect of recovery treatments on the value 
of 

Support for an effect of growth orientation is provided 
by the non-symmetrical curve of critical resolved shear 
stress vs. orientation reported by Levine et al.. 
Evidence for the strong effect of impurities on the 
temperature dependence of the critical resolved shear 
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stress is given in another paper by the same authors. 15) 
Further evidence that purityor growth conditions affect 
the temperature dependence of the flow stress of 
magnesium crystals is indicated by the difference in 
the temperature dependence of the critical resolved 
shear stress observed by various investigators. 

An effect of recovery treatments on /, was indicated 
in the present tests, for the value of By increased with 
recovery treatments. This increase in |, could result 
from (a) an annihilation of some of the dislocations on 
redistribution of forest dis- 


non-basal planes, (b) a 


locations to give a more uniform distribution, (c) a 
redistribution of gliding dislocations so that they lie 
preferentially in areas where the forest spacing is large 

Although the above discussion indicates possible 
effects of purity, growth conditions and recovery on 
the forest spacing, a positive identification of the 
factors primarily responsible for the observed difference 
between the present crystal and those used previously 


cannot be made at this time. 


SUMMARY 
(1) The plastic flow of a magnesium crystal was 
investigated by ‘“‘differential” type creep and 
constant strain rate tests in the range 78—364°K 
to determine the rate-controlling mechanism 
The present data and those obtained previously 
of mag- 


indicate that the deformation rate 


nesium crystals is described by the equation 


vy exp [—H(r*)/kT'] 


where vy is a constant and H(r*) is the activation 
energy which decreases with the effective stress 
7* given by the difference between the applied 
stress and the long range internal stress. From 
the present experimental data one obtains 
10° sec}, H, 0.73 eV 


10-!% cm? where H, and v, 


and Up» 6.2 
are the activation 
energy and activation volume, respectively, 
for r* = @ 

The form of the above equation and the values 
of the the 


mutual intersection of dislocations as the rate 


constants are in agreement with 


controlling mechanism However, Seeger’s 


model must be modified to include an effect of 
stress on the activation volume 

A comparison of the present data with those 
obtained by others indicates that the forest 
spacing in magnesium crystals may be influenced 
by purity, by the orientation of the basal plane 
with respect to the direction of crystal growth 
and by recovery at 200°C after deformation at 


lower temperatures. 


ol. 9 
961 


ACTA METALLURGICA, VOL. 9, 


REFERENCES 


. A. H. Corrrety, J. Mech. Phys. Solids 1, 53 (1952-53). 

2. A. SEEGER, Z. Naturf. 9a, 758, 810, 856, (1954). 

3. J. FrrepEL, les Dislocations. Gauthier—Villars, 
(1956). 

. A. SEEGER, in Dislocations and Mechanical Properties of 
Crystals (Ed. by J. C. Fisher, W. A. Jounston, R. THoM- 
son and T. VREELAND). p. 243. John Wiley, New York 
(1957). 

. P. R. THornton and P. B. Hrrscu, Phil. Mag. 3, 738 
(1958). 

3. Z. S. Phil. Mag. 4, 393 (1959). 

. H. Conran, Acta Met. 6, 339 (1958). 

. J. Lyrron, L. SHEPARD and J. Dorn, Trans. Amer. Inst. 
Min. (Metall.) Engrs. 212, 220 (1958). 

. J. WEERTMAN, J. Appl. Phys. 29, 1685 (1958). 

. A. SEEGER, A. Dontu, and F. Prarr, Disc. Faraday Soc. 
23, 19 (1957). 

. H. Conrap and W. D. RosBertson, 
Min (Metall.) Engrs. 209, 503 (1957). 


Paris 


Trans. Amer. Inst. 


12. 


13. 


5. W. F. SHEELY, 


1961 


H. Conrap and W. D. Rosertson, Trans. Amer. Inst. 
Min. (Metall.) Engrs. 212, 536 (1958). 
E. Scumip and W. Boas, Plasticity of Crystals, translated 


by F. A. Hucues & Co. Ltd. London (1950). 


. L. J. Suutsky and C. W. Garutanp, Phys. Rev. 107, 972 


(1957). 
E. D. and R. R. Nasu, Trans. 
Amer. Inst. Min. (Metall.) Engrs. 215, 693 (1959). 


>}. D. GEISELMAN and A. G. Guy, Trans. Amer. Inst. Min. 


(Metall.) Engrs. 215, 814 (1959). 


. H. Conrap and H. WIEepeErsicH, Acta Met. 8, 128 (1960). 
. A. SEEGER in Rep. Bristol Conf. Defects in Crystalline 


Solids p. 328. Phys. Soc., London (1955). 


9. A. H. Corrre 1, Dislocations and Plastic Flow in Crystals 


. E. D. Levine, W. R. SHEELY and R. R. Nasu, 


p. 101-102. Oxford University Press (1956). 


. M. A. Apams and A. H. Corrrety, Phil. Mag. 46, 1187 


(1955). 
Trans. 


Amer. Inst. Min (Metall.) Engrs. 215, 521 (1959). 


378 
|| 
18 
1 
Vol. 9 
1961 


LETTERS TO 


Concerning the mechanism of diffusion 
in liquids* 


In a recent Letter to the Editor, Gordon" criticized 
a theory of liquid metal diffusion proposed by the 
writer.) His criticism was concerned with the fact 
that very small average diffusion jump distances are 
predicted by the theory and as a result very large jump 
frequencies are demanded in order to yield a significant 
diffusion constant. The purpose of this communica- 
tion is to consider this problem further. The writer 
believes that there 
evidence which tend to support the general features 
of the proposed theory. 

The first piece of evidence comes from a study 


are two additional pieces of 


made of the pressure dependence of diffusion by 
Nachtrieb and Petit in which it was found that the 
activation volume for self-diffusion in liquid mercury 
is 0.98 A’. This value is far smaller than the atomic 
volume for mercury of 24.7 A and indicates that very 
small diffusion jumps occur. It is of interest to 
compare this value with the value predicted by the 
theory. Let us suppose that the general picture of the 
geometry of diffusion proposed in Fig. 1(b) of Ref. (2) 
is correct. That is to say, that a local volume fluctua- 
tion occurs and thus permits diffusion into a space 
approximated by a segment of a prolate spheroid. 
The average volume of this segment is V 
where X, is the diameter of a solvent atom and 
(72)! 2 is the r.m.s. jump distance. This value of V 
should correspond approximately with the activation 
Substituting this value into 


volume cited above. 


the above equation yields an experimental r.m.s. 
jump distance (j2)} 2 of 0.17 A. The calculated distance 
obtained by use of equation (14) from Ref. (2) is 0.13 A 
which is in good agreement with experiment. It 
would appear, as a result, that liquid diffusion must 
occur by very small jump distances. 

The second point concerns the predicted value of 
D, and Q for tin by the theory.) The theory pre- 
dicted values of 3.9 x 10-4 cm?/sec and 2.9 kcal/mole, 
respectively, while early experiments performed by 
Careri and Paoletti yielded values of 14 x 10~* 
em?/sec and 4.0 kcal/mole. In more recent work by 
the same group) it was determined that convection 
currents influenced the early data and when this 
factor was eliminated the values of D, and Q were 
found to be 3.2 x 10-4 cm?/sec and 2.8 kcal/mole, 
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respectively. These values are in excellent agreement 
with theory. In this same paper D, and Q values were 
self diffusion. These 
2.6 kcal/mole. 


determined for indium were 
to 3.3 


These also are in good agreement 


found be 10-4 em?/sec and 


with theoretical 


values of 7.4 10-4 em?2/sec and 2.3 kcal/mole. 
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The stored energy of cold work in relation 
to grain size and other variables* 


The energy stored by cold working metals is of 
fundamental significance in its relation both to the 
defects so introduced and to the processes of recovery 
defects 


It is a complex function of 


and recrystallization by which these are 
removed or rearranged. 
numerous variables including the metal and its purity, 
the strain, the temperature of working and the work- 
ing process. Up to the present there are few sets of 
results obtained in different laboratories that can be 
directly compared with each other. 

Williams”, in this journal, discussed a paper by 
Clarebrough et al.') which reported, inter alia, the 
effect of initial grain size on the amount of energy 
stored in commercially pure copper (nominally 99.98 
Cu) 
temperature. 
of Gordon™ obtained with spectroscopically 
copper (99.999* Cu) cold worked by direct extension 


worked by direct compression at room 


He compared these results with those 


cold 


pure 


at room temperature. The form of the curve (straight 
line) that he plotted from the data of Clarebrough et 
al.‘2) and the “‘agreement”’ at low strains between this 
curve and the Williams to 
suggest that the values of the stored energy reported 
by Clarebrough et al.) might be appreciably less 
accurate than those investigators believed, and that 


data of Gordon led 
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20 


ARITHMETICALLY LARGEST PRINCIPAL STRAIN, 


16 
lel = $| 


Ene rgy stored in copper as a function of the arithmetic lly largest value of 


logarithmic strain. (Note that the grain diameter of the copper used by Gordon was 
0.015 mm, not 0.025 mm as cited by Williams").) 


there was possibly no demonstrated dependence of the 
stored energy on grain size. These deductions were 
based on errors of several kinds. 

Firstly, Williams’ conversions to logarithmic strains 
of the 
Clarebrough et al.') were incorrect. 


percentage reductions in height given by 


Correct conver- 
sions produce the dotted curves of Fig. 1. The curves 
are not linear, but flatten at increasing strains. In 
this they follow the 


tendency towards saturation with stored energy. 


what may be called normal 

Secondly, the comparison with the results of Gordon 
was one involving materials subjected to different 
processes of- deformation. Arithmetically equal 
amounts of strain in direct tension and compression 
produce different states of strain, as can be under- 
stood by considering, for example, the respective Mohr 
strain circles. This does not, of course, prohibit 
comparison between the data of Clarebrough et al. 
and Gordon on the basis of plots of stored energy 
strain. 


versus But making such a comparison de- 


mands an answer to the question: what amount of 


squeezing is equivalent to any given amount of 


pulling? There is good evidence that the functional 
relation between stored energy and strain is unique 
for a given process of deformation. 

Thirdly, Williams ignores the distinction between 
the sensitivity and the accuracy of any given method 
of measurement. There is a difference, although per- 
haps there should not be, between comparing two sets 
of results from the same laboratory and comparing a 
set of results from one laboratory with another set 


from a different laboratory. In the first instance it is 


usually the sensitivity that is primarily in question, 
in the second the accuracy. Although this may seem 
an excessively elementary point, it is certainly not 
trivial. It is particularly important in investigations 
of the stored energy of cold work, where the calorim- 
etry must have a high order of sensitivity. For 
example Clarebrough et al.'?) report agreement to +5 
per cent in experiments measuring 0.022 cal/g, i.e. to 
within 0.0011 cal/g; 
measuring an average of 0.040 cal/g agree to +4.8 


similarly Gordon’s experiments 


per cent or 0.0019 cal/g. None of the recent investiga- 
tions, however, reports any data which permit an 
assessment of relative accuracies of the various calori- 
meters that have been used to measure these small 
is difficult 
useful checks on the accuracies of the values of the 


amounts of energy. It in fact to devise 
stored energy. 

This raises a general point of some importance. One 
of the major difficulties in the interpretation of the 
existing literature on the stored energy of cold work 
lies in the big differences between values of the stored 
energy reported by various investigators for similar 
materials similarly treated.) These differences may 
well be real, but at present there is no way of knowing 
this. One way of finding out would be for the various 
investigators currently active in this field to carry out 
measurements on identical samples. 

Several general issues raised by Williams’ letter are 


now discussed in turn. 


(1) Dependence of the stored energy on strain 


When the stored energy is plotted as a function of 
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the arithmetically largest principal logarithmic strain 
the curve is, in general, roughly parabolic in form. The 
increase in stored energy with strain, initially rather 
steep and approximately linear, becomes small at 
large strains. This tendency of the metal to saturation 


with stored energy probably holds for all methods of 


deformation and at all temperatures.) The major 
exceptions are found in the data of various Russian 
investigators, which show no flattening of the curves 
at large strains, and which this writer is disinclined to 
accept; and in the recent investigation of copper by 
Clarebrough et al."*), whose curves both show a hump 
at moderate strains. Among other investigations, only 
Gordon’s®) presents comparable information of the 
same order of sensitivity as that of Clarebrough etal.. 
Although Gordon’s data apply to copper of higher 
purity and to deformation in tension, they also hint at 
the possible existence of a slight hump in the curve. In 
the curve drawn from the data presented by Clare- 
brough et al. in Ref.(6) there is no suggestion of a hump, 
although these earlier investigators used the same 
method of deformation, the same calorimeter, and cop- 
per of the same nominal purity (see Fig. 1) as Clare- 
brough et al. used later.‘?) In the earlier investigation, 
however, the lowest strain at which the stored energy 
was measured was about 0.43, which is practically 
beyond the “hump” in the later curves. 
another kind is raised by the discrepancy between the 
values of the stored energy reported in these two 
almost identical investigations®-® carried out in the 
same laboratory. This discrepancy, which is not dis- 
cussed in the recent paper by Clarebrough ef al., is 
considered further below. 

The stored energy depends on the nature, number 
and disposition of atomic defects introduced by cold 
work. Its relation to strain is therefore indirect. 
Plotting stored energy as a function of strain is a 
convenient way of summarizing results, but is not 
likely to be of fundamental significance except possibly 
in relation to the question of “saturation”. 


(2) Dependence of the stored energy on grain size 
There appear to be only two investigations dealing 


specifically with this problem. Clarebrough et al. 


reported that at low strains the energy stored in 


initially fine-grained copper was distinctly greater than 
sy contrast 
detect 


that stored in coarse-grained copper. 
Bever") 


effect of initial grain size on the energy stored in wires 


Titchener and were unable to any 
of a gold-silver alloy drawn at room temperature. 
These two results are not necessarily contradictory. 
The materials, the methods of working and almost 


The 


certainly the strain rates were all different. 


A difficulty of 
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strains in the gold-silver alloys were larger. Also the 
this 
sensitive than that of Clarebrough et al.'. 


calorimetric method in investigation was less 
In connex- 
ion with the effect of grain size the relationship of 
Gordon’s data to the curves of Clarebrough et al.') is 
not relevant. The effect of grain size on the stored 
energy reported by Clarebrough et al. is of the kind 
that one would predict on the basis of its known 
mechanical and there is no 


effects on properties, 


reason to reject these results. 


(3) De pe ndence of the stored ene rqgy on me thod of working 


That the stored energy of cold work is known to be 
a function of the method of working has already been 
mentioned. The relative effects of direct tension and 
direct compression can be seen from the work of Clare- 
brough et al.’ summarized in Fig .1. (So far as the 
writer is aware the literature contains no other single 
paper in which a similar comparison can be made.) 
Simple extension to a strain of about 0.37 stored about 
30 per cent more energy than simple compression to 
the same arithmetic value of strain. Thus the energy 
stored as a result of different cold working processes 


is related neither to the strain nor to the flow stress. 


(4) Depe ndence of the stored ene rgy on puriy of me tal 


With simple metals containing only small amounts 


of impurities (as distinct from deliberately made 
solid-solution alloys) the stored energy appears to 
increase with increase of impurities. The evidence is 
not clear-cut however, and there has been no investi- 
gation of the dependence of the stored energy on the 
amount of a specific impurity element in a nearly pure 
metal. 

With copper Clarebrough et al.“ found that the 
energy in metal of 99.55 per cent purity arsenical 
copper) was about 30 per cent greater than that stored 
in metal of high purity. In an earlier investigation” 
a decrease in the 


99.96, per cent had little effect on the total amount of 


purity of copper from 99.98, to 
energy stored although the kinetics of the release of 
energy were altered markedly. 

If the absolute values of the stored energy reported 
by Gordon“ and Clarebrough et al.) can be ac cepted, 
Gordon’s results (involving the extension of very high 
purity copper) in relation to those of Clarebrough 
et al.) (involving the compression of copper of lower 
the 


namely that the stored energy 


purity) are qualitatively in accord with two 


statements above; 
increases with increasing impurity content and that 
it is higher for tension than compression. 

If these two statements hold, however, Gordon’s 


results and those of Clarebrough et al. in Ref. (6) are 
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not compatible. The data of Clarebrough, Hargreaves, 
Michell and West?) suggest that the differences in 
purity (which can only be small) between the copper 
used by Clarebrough, Hargreaves and Loretto‘) and 
that used by Clarebrough, Hargreaves and West‘® 
cannot account for the differences between the reported 
stored energies. The suspicion is that the values of the 
energy given in Ref. (6) are not correct, either in re- 
lation to Gordon’s or in relation to those in Ref. (2). 
School of Engineering A. L. TITCHENER 
University of Auckland 


Auckland, New Zealand 
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On the yield stress in b.c.c. metals* 


Ever since the paper of Cottrell and Bilby™ it has 
been generally assumed that the yield-point in b.c.c. 
metals is due to the locking of dislocations by solute 
impurity atoms like carbon or nitrogen in interstitial 
position and that the strong temperature dependence 
of the yield-point is caused by thermally activated 
unlocking of dislocation lines from their impurity 
atmosphere. Several calculations based on this model 
have been made") to account for this temperature 
dependence. However recent experiments seem to 
show that the temperature dependence of the yield- 
point is not due to pinning but is caused by a strong 
frictional stress acting on unpinned dislocations. 

For instance the effect of grain size (diameter d) on 
the lower yield point o, is experimentally found to be 
a, = 0, + kd~* where o; has been interpreted as a 
frictional stress acting on free dislocations and k is 
proportional to the stress to unlock dislocations.® 
Heslop and Petch? have shown that in «-iron the 
frictional stress o, is strongly temperature dependent. 
Furthermore it has been shown that if this interpreta- 
tion of the grain size effect on the yield-stress is 
correct, then the iocking stress in «-iron is practically 
temperature independent, at least between 300 and 
110°K.-®) Therefore at least in this temperature 
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range the temperature dependence of oa, is almost 
exclusively due to the one of o,. Further, it has been 
shown”) that the temperature dependence of the flow 
stress is the same as of the yield stress and that the 
part of the flow stress which depends on temperature 
is independent of strain thus suggesting the existence 

Recently Stein and 
the 


of an intrinsic frictional stress. 


Low™® have also measured stress to move 


unpinned individual dislocations in silicon-iron and 


have found the same temperature dependence as for 
the yield-point. 

These experiments leave the question why pinning, 
which undoubtedly exists, seems not to be responsible 
for the temperature dependence of the yield-point 
and what is the nature of the frictional stress which 
seems to be common to all b.c.c. First of all 
it can be said that all existing calculations on thermally 
activated unlocking of dislocations from impurity 
Whenever a detailed 


metals. 


atmospheres are not realistic. 
model for the process of unpinning is used@~*) it is 
assumed that the locking action is due to a solute 
atom (usually carbon) situated below the extra plane 
of an edge dislocation. However, it has been shown 
that carbon atoms actually prefer to precipitate in the 
glide plane of an edge dislocation. In order to unpin 
the dislocation it would have to move through these 
solute atoms. Hence there exists the possibility that 
either the distance or the energy involved is so large 
that practically all work has to be done by the applied 
stress and thermal activation does not play a major 
role. 

For the frictional stress it has been suggested”) that 
it may be due to a large Peierls force existing in b.c.c. 
metals. Since, however, the Peierls force would act 
only on dislocations lying in close-packed directions, 
this explanation is somewhat improbable. It is 
however possible that this friction stress may be due 
to a very high jog density which should be common to 
all b.c.c. metals. Since in contrast to f.c.c. and 
hexagonal metals dislocations in b.c.c. metals are not 
extended, it is not necessary to form a constriction at 
a jog, and hence the energy of a jog") is of the order 
of EZ; = Gb*Al/10 where G is the shear modulus, b the 
Burgers vector and Al ~ b/2 the increase in dislocation 
length due to the jog. Now we expect that in cooling 
down a crystal the concentration of jogs at about half 
a frozen-in because 
below this temperature self-diffusion is too slow to 
establish thermal equilibrium of jogs within reasonable 
time. We obtain then as jog concentration, at low 
temperatures C; ~ exp (2H,/kT,,,) and with the em- 
pirical relation Gb? ~ 50kT,,, (which holds for b.c.c. 
metals) it follows that C; ~ 2 x 10-°. 


the melting temperature 7',, is 


l 
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Although the exact value depends on the thermal 
history of the sample we may expect that in typical 
cases the distance between jogs is of the order of 
A ~ 50 6. How jogs in dislocations with some screw 
component will have to produce vacancies or inter- 
stitials and thus give rise to a temperature dependent 
frictional stress has been discussed in detail.“%-™ 
The increase in flow stress at 7’ = 0°K due to this 
process should be of the order Ao ~ U,/Ab? where 
U, is the energy to form a vacancy or interstitial 
respectively. With the above value of 4 and U, = 
1.5 eV we obtain Ao ~ 100 kg/mm? which is of the 
correct magnitude of increase in yield-stress at 7’ 
0°K in b.c.c. metals. 

There remains the problem that, since the disloca- 
tions length usually increases during its movement, 
the distance between jogs should increase and there- 
fore their influence should decrease with increasing 
deformation. 

However in addition to thermal jogs we have also 
to consider “‘intrinsic’’ jogs which exist for geometrical 
reasons in the dislocation network of an annealed 
crystal. Their concentration will also depend on 
their energy as the following simple argument 
will show. 

Let DA, DB and DC in Fig. 1 be three dislocation 
lines in the figure plane with their Burgers vectors of 
amount 6 in a glide plane perpendicular to the figure 


B « 


A 


Fie. 1. 


plane. If the central node is at position D all dis- 
In an isotropic 


locations may be without jogs. 
continuum the equilibrium position of the central 
node would be at D’ with DD’/BD’ = sin gy’ = }. 
In a crystal however generally both dislocation 
AD’ and BD’ will contain jogs and hence their line 
energy will increase from a value L, ~ $Gb? to a value 


L(y) » L, + E; sin y/b. A simple calculation shows 


EDITOR 383 
that the equilibrium position D” of the central node 
is then given by sin yp” = 4 — #,/bL,. With the value 
of E, from above we find £,/bL, = 1/10. 


that in b.c.c. metals the jog energy is just too small 


This means 


to influence essentially the number of intrinsic jogs. 
However, with somewhat higher jog energies as in 
f.c.c. the 
reduced and in our case for E,/bL, >} 


metals, number of intrinsic jogs will be 
no intrinsic 
jog would exist. Of course other effects such as the 
elastic interaction between the dislocations and the 
dependence of L, on the orientation of the dislocation 
line with respect to the crystal lattice will also 
influence the equilibrium condition of the network but 
the basic conclusion concerning the concentration of 
intrinsic jogs will be the same. 

In the dislocation segments of the network which 
act as Frank—Read sources we expect therefore also 
a relatively high density of intrinsic jogs in b.c.c. 


The 


increase if a dislocation ring is created and expands, 


metals. average distance between them will 
but in the line segment which returns to the source to 
form the next ring the original number of intrinsic 
jogs will be preserved. Actually even in moving 
dislocation a high amount of jogs can be introduced 
if the screw parts undergo repeated cross-slip on a 
fine scale, a process which occurs also easily in b.c.c. 
structures. 

If as suggested above the frictional force is due to 
a high jog concentration several conclusions can be 
drawn concerning the behaviour of b.c.c. metals. 
For instance the deformation rate should be controlled 
by thermal activation where the activation energy 
should depend on the applied stress. Actually such 
observed(9-15) 


though the subject needs more detailed study. Since 


activation energies have been 
jogs are especially effective in hampering screw dis- 
locations there should be a difference in the mobility 
of edge and screw dislocations. Actually it has been 
observed in silcon—iron that screw dislocations move 
over much smaller distances than edge dislocations.“® 

Furthermore, due to the formation of numerous 
vacancies and interstitials, the change in electrical 
resistivity and volume due to cold work should be 
especially pronounced in b.c.c. metals. Actually 
abnormally large changes in resistivity"”) have been 
observed in some cases. By studying the annealing 
kinetics it should be possible to separate the effect of 
point defects and dislocations. 

G. SCHOECK 

Consejo Nacional de Investigaciones 
Cientificas y Técnicas, Buenos Aires, 
e Instituto de Fisica, S. Carlos de Bariloche, 


Argentina 
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The stress field of an infinite edge 
dislocation wall* 


Amelinckx and Strumane™? have recently discussed 
polygonization in the light of the stress field of an 
infinite edge dislocation wall. The normal stresses as 
given by equations (2) and (3) in the Appendix of 
their paper contain a misprint, namely, the term 
qm sinh *gm which should be gz sinh 297 in each equa- 
tion. The curves showing Oy 0 in Fig. 19(b) are also 
distorted somewhat from those represented by the 
correct equation. In view of possible interest of others 
in studying properties of substructure boundaries, we 
would like to present the following set of equations for 
all the stresses of an infinite edge dislocation wall in a 
slightly different form (« = ma/h, A = my/h): 

sin 2A(cosh 08s 2A + 2a sinh 2a) 


sh 2x 


sin 2A(2« sinh 2x cosh 2¢ 


(cosh 2a cos 21) 


2y sin 21 


cosh 2a COS 2) 
2a(cosh y 


(cosh 2« cos 2A)? 


Q. 


The unit of these stresses is wb/2h(1 — v). The con- 
tours of o,, are shown in Fig. | and that of o,, in Fig. 2. 


» stress field of an infinite edge dislocation 


unit of stress: yb/2h(1 


v). 


+. 2. The stress field of an infinite edge dislocation 


wall, o,,; unit of stress: pb/2h(1 


— 9). 
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The contours for ¢,, can be represented by Fig. 1 of 
Webb’s paper™? if the unit is taken as — uby/h(1 — 1»). 
The contours of o,,, have been given previously.) It is 
seen that all the stresses are concentrated only within 
+h from the wall. 

As pointed out before,“ the stress field of a finite or 
a semi-infinite wall is entirely different from that of an 
infinite wall. It is likely that polygonization is con- 
trolled by the long range stress field of a partially 
polygonized wall rather than by the short range 
stresses of an infinite wall. 

J.C. M. Li 

Edgar C. Bain Laboratory 

for Fundamental Research 
U.S. Steel Corporation Research Center 
Monroeville, Pennsylvania 
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Concerning delayed yielding in body-centered 
cubic metals* 

Introduction 

When a constant stress is applied to a specimen of 
iron or molybdenum, a certain time elapses before 
sharp yielding occurs. This time is known as the delay 
time. The experimental data available in the literature 
concerning delayed yielding experiments"~*) indicates 
that the logarithm of the delay time is linearly pro- 
portional to the stress. Theories by Cottrell and 
Fisher‘), however, predict a more complex stress 
dependence. It will be shown that a linear dependence 
is predicted by the analysis presented in this paper. 

A weak point in Cottrell’s theory is that three param- 
eters must be suitably selected in order to obtain any 
sort of agreement between theory and the data. Some 
of these parameters have been calculated by Cottrell 
and Bilby‘® earlier and according to their results have 
a wide spread in their magnitudes. Although these 
parameters when used in Cottrell’s equations give a 
curve for the logarithm of the delay time as a function 
of stress that falls close to the observed experimental 
points, these same parameters fail to satisfy the func- 
tional dependence of the activation energy, [as obtained 
from the same data,] on stress. 


Theory 
The experimental data clearly indicate that the 
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process of delayed yielding is a thermally activated 
one, so that for a segment of dislocation line its 
jump frequency is 

E/kT) (1) 


where vy, is the Debye frequency, EF the activation 


Vo Exp | 


energy and 7' the absolute temperature. 
Before sharp yielding occurs there is evidence that a 
This 


means that a few dislocation segments have moved 


slight amount of plastic deformation occurs. 


over the potential barrier so that we can write for the 
delay time, 7, that 
] Vo 
exp | 


4 


E/kT) (2) 


where N is the number of segments that have moved 
before sharp yielding occurred. 

Now in body-centered cubic metals there exists a 
strong interaction between dislocations and impurity 
interstitials such as carbon, nitrogen and oxygen. 
This interaction places the dislocations in a potential 
well over which they must climb in order that yielding 
may occur. Under the conditions of no externally 
applied stress, the energy barrier is represented by EZ. 
As the external stress is applied a change occurs in the 
energy barrier. The jump frequency of the dislocation 
in the well increases, i.e. the energy barrier is lowered.t 
The amount by which the barrier energy is lowered can 
be determined as follows: 


E,—E 


Vo FAs 
where E£ is the new barrier energy, F is the force applied 
to the dislocation by the stress and As is the distance 
the dislocation is displaced under the applied force. 
The force/unit length on a dislocation segment is ob 
where o is the applied shear stress and } is Burgers’ 
vector. If the average length of dislocation segment 
affected is s and / is the total distance it moves due to 


the applied stress, one can write that 


E, BE absl 


where 
v bsl. 
The expression for the delay time, 7, then becomes 
] y E va) 


y — [(E, - 


vo)/kT) 
kT 


(4) 


This equation shows that the logarithm of the delay 


time should vary linearly with the reciprocal of the 


+ This means that the potential barrier is distorted allowing 
the dislocation to move more readily than was possible before 


the stress was applied. 


ol. 9 
961 
or 
EK = E, — vo (3) 
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absolute temperature when the stress is constant and 
that the logarithm of the delay time should vary 
linearly with the stress when the temperature is 


constant. 


Comparison with experiment 


Expression (4) fits the experimental data on the 
delayed yielding of mild steel“.®) and molybdenum. 
From these data an activation energy EF can be deter- 
mined by plotting log + against 1/7 with the applied 
stress a constant. This was done by least square 
fitting the data. The energies obtained are plotted in 
Figs. and 2 asa function of stress for ironand molyb- 
denum, respectively. As is readily seen, HE for iron and 
molybdenum is a linear function of stress which agrees 
with equation (3). Fig. 1 also shows Cottrell’s energy 
values for iron as determined from his energy function. 
It is to be noted that his calculation does not yield very 


| 
| 


theory 


Clark ond Wood 


Fic. 1. Energy of activation for the delayed yielding of 
mild steel as a function of stress. (From the data of 
Refs. 1 and 2, see Krafft'?’ and Baron‘”?. 


| 


Arc cost molybdenum 


a, dyn fer’ x0? 


Fic. 2. Energy of activation for the delayed yielding of 
sintered and are cast molybdenum as a function of 
stress. (From the data of Ref. 3.) 


+ Baron'’) reduced the data of Clark and Wood in this 
manner and attempted to fit Cottrell’s energy function to it 
without success. 

¢ Cottrell found a function represented by E = E,(1 
He chooses o, = 310,000 lb/in? and HZ, = 0.9 eV. 


- a/o,)*. 
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close agreement with the activation energies obtained 
from the data. 

From the energy intercepts at o = 0 and the slopes 
of the lines drawn in the figures, ZH, and v can be 
determined. The stress a, is the critical stress necessary 
to move the dislocation from its barrier with no 
thermal assistance, (i.e. 2, — vo = 0) andis calculated 
from 


Table 1 shows the results of the values of Ey, v and a, 
obtained from the figures. 


TABLE | 
Mild steel 


Clark and Wood") Krafft'?) 


0.63 eV 0.33 eV 


101 x 10-%4 36.5 10-24 em? 


9.99 10° dyn/cm? 13.2 x 10° dyn/cm? 


Molybdenum 


Are cast Sintered 


0.9 eV 1.09 eV 


106 x 10-*4 170 x 10-*4 


9.51 10° dyn/cm? 10 x dyn/cm? 


Discussion 


The values of Z, and a, on iron agree very well with 
those calculated. Cottrell and Bilby give EZ, as 0.5 
eV‘®.®) and 7, as 12.5 x 10° dyn/cm? ‘® yielding good 
agreement with the data. The wide spread between 
the data of Clark and Wood, and Krafft is attributable 
to differences in the steel used. 

Assuming that the volume expansion introduced by 
the presence of nitrogen atoms in molybdenum is 
about twice that observed for carbon in iron, a cal- 
culation of Z, and o, according to the expressions of 
Cottrell and Bilby also yields satisfactory agreement 
with the data presented above for molybdenum. 

From the experimental data one can also determine 
N, the number of dislocation segments moving before 
sharp yielding-occurs. This number is of the order of 
10° and 108-104 segments for mild steel and molyb- 
denum, respectively. 

There are certain advantages of this calculation over 
that of Cottrell. None of the parameters need be 
chosen arbitrarily in the present theory. The only 
assumption made is that at constant stress the delay 
time obeys an Arrhenius type of relationship. This 


| 
| 
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| | 
| 
| 
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latter assumption is a reasonable one and Cottrell’s 
treatment uses the same approach. 

Secondly, it has been shown in the present analysis 
that the activation energy obtained from the data is 
linear with stress as predicted. Cottrell’s theory shows 
a deviation from linearity at the higher stress levels 
and in fact does not satisfy the data at any stress level 
(see Fig. 1). 

In summary it should be recognized that the analysis 
presented above satisfies all of the aspects of the data 
on delayed yielding whereas the treatment of Cottrell’s 
does not. The results of this analysis also suggest that 
delayed yielding experiments could be used to evaluate 
some vital physical parameters (HZ, and o,) of interest 
in dislocation theory. 

H. R. Perrrer 
RIAS, 7212 Bellona Avenue 
Baltimore, Maryland 
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Fie. 1. Correlation of log D,,‘ vs. 
T mi in copper. 
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Note on solute diffusion in face-centered cubic 
metals 


In a recent paper Turnbull and Hoffman” proposed 
a correlation among the free energies of activation for 
solute and solvent diffusion at the melting point of the 
pure solvent, the activation energy for self-diffusion in 
the pure solvent and the binding energies of the solute 
and the solvent. By applying the nearest neighbor 
theory they have arrived at a correlation which 


is 
found to be in good agreement with the observed 
values of the free energy difference. 

The correlation can be written in the following way: 


(U, + Ugp)/2 
A “ AT (1) 
A 


= Va 


where Q, and Q, are the activation energies for self- 
diffusion and solute diffusion, respectively, in pure 
solvent A, U, is the binding energy in pure A, and U,, 
This 


equation simply states that the activation energies for 


is the binding energy of the solute atom B in A. 


solute and solvent diffusion are in the exact ratio of 
their average binding energy and the binding energy 
in pure A. 
The 
Qs 


the activation energies AQ 


QV») is given by 


difference in 
U 4p)/2 
A 
which can be interpreted in a similar manner 
In arriving at the correlation Turnbull and Hoffman 
have accepted that the ratio of the energy of motion of 
vacancy £,, and the activation energy Q is equal to 
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0.45. This has been confirmed lately by Simmons and 
Balluffi?. 

On the other hand equation (1) provides a means of 
estimating the binding energy between two unlike 
atoms U,, in the nearest neighbor theory from dif- 
fusion data. The binding energies of the monatomic 
solids U, could be found elsewhere.“ The results 
obtained by this method from available diffusion data 
in copper) agree fairly well with those obtained from 
the partial molar energy of solution. It has also been 
found that the solutes of greater solid solubility have 
larger values of U , 

[t has often been proposed that the observed values 
of diffusion coefficient D are most likely to represent 
true lattice diffusion near the melting point of the 
solvent due to the presence of systematic errors. A 
careful examination of diffusion data in copper“:® 
shows that when the solute diffusion coefficients at the 
melting point of the solvent, D,,‘, are plotted against 


mi? 


the squares of the melting points of the solutes 7’, 


the points fall approximately along a single straight 


line. This is illustrated in Fig. 1 for solute diffusion in 
copper. The least squares line of best fit gives the 
following correlation between D,* and 7 


mt? 


aT’ (3) 


Yo Exp | 


with « = 8.3 x 10-7°K-2and y, = 3.8 x 10-8 cm?/sec. 
Similar correlations have been found also in the cases 
of solute diffusion in nickel'® and silver) with the 
identical values of yo. 
Thanks are due to Dr. A. 


discussions. 


S. Nowick for interesting 


S. OHH 
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Copper precipitation in germanium* 
The precipitation of copper in germanium has been 
extensively studied, principally by Tweet'!-*), and the 


purpose of this note is to describe some experiments 
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carried out on “‘dislocation-free’’ crystals that have 
been quenched from high temperatures. 

The [III] crystals used had been grown from silica 
crucibles by the Dash‘*>) technique for producing 
“‘dislocation-free”’ crystals, i.e. no large etch pits were 
produced by the standard etches. The specimens had 
resistivities of more than 10 Q cm (n-type) and ex- 
hibited the characteristic etching behaviour of “‘dis- 
location-free”’ germanium.‘®) The samples were 2 mm 
thick transverse slices which were copper plated, to a 
thickness of about 10-* cm, in a pyrophosphate bath. 
They were then sealed in a vacuum of about 10-2 mm 
of mercury in either silica or Pyrex, depending on the 
treatment temperature. After heating to the diffusion 
temperature in a vertical furnace, the samples were 
quenched by dropping the phials into water, a pro- 
cedure which gave a quenching time of about | sec. 
This was found to be the most rapid cooling that could 
be given without introducing cracks or dislocations. 
The samples were then etched and ground to remove 
the copper-rich surface layers before measuring the 
resistivity by the four-probe method. Subsequent 
annealing treatments to precipitate the copper were 
carried out on the etched sample. 

It was found that the kinetics of the precipitation 
changed considerably when the diffusion temperature 
exceeded about 750°C. Instead of the process occur- 
ring in two stages, i.e. an induction period followed bya 
diffusion-controlled precipitation, some of the copper 
appeared to be removed by an additional mechanism. 
An example of this three-stage process is shown in 
Fig. 1, where the copper concentration is NV, initially 
and N after time t. 


effect increased as the diffusion temperature rose to 


The magnitude of the stage-1 


850°C, but remained the same for higher temperatures. 
All the results in this note were obtained with samples 
quenched from 850°C. The effect of temperature on 
the precipitation was investigated, and the results are 


shown in Fig. 2. 


In this figure, the times plotted are as 
follows: 
(a) the time for half the 


(b) the duration of stage 2: 


precipitation in stage I; 


(c) the time constant in stage 3. 

In stage 1, the amount, in addition to the rate, of 
precipitation varied with temperature (see Table 1). 

The initial copper concentration in the experiments 
was about 3 1016 atoms em~*; but if this concentra- 
tion was lowered and the sample quenched from the 
same temperature (850°C) the magnitude of the stage-1 
effect was reduced. In addition, if nickel was diffused 
into the germanium, either before or at the same time 
as the copper, stage 1 of the precipitation was not 


present. 
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Precip. temp. (°C) 


No 


500 
480 
440 
400 


Activation energies for the three stages were ob- 


tained, as shown in Fig. 2. In stage 3 the energy is 


approximately 1.6 eV which is the activation energy 


for copper diffusion in germanium. This is somewhat 


higher than that found by Tweet in dislocated material 


mtg Tye | (1.3 eV), and is probably due to the higher vacancy 
COPPER PRECIPITATED | concentration in “‘dislocation-free”’ crystals It is not 
odie “3 possible to give an accurate estimate for the activation 


energy of stage 2, as it is temperature dependent; but 


between 440 and 500°C the value is about 3 eV. This 


| 
| 
| 
| 


PROPORTION OF COPPER ATOMS PRECIPITATED SL 


| will be the sum of the energy of the copper diffusion 


° 


25 and the free energy of formation of the precipitation 


TIME MINUTES nuclei; the latter energy is thus about 1.4 eV, which 
Bs Copper precipitation in ‘“‘dislocation-free”’ appears to be reasonable for the copper supersatura- 
germanium, 


tions involved. 

In stage 1, the copper is probably not precipitating 
as a second phase, but forms complexes which are 
electrically neutral.® From the figures in Table 1 an 
energy of approximately 0.3 eV was found, while from 
Fig. 2 the activation energy of the process was calcula- 
ted to be 1.9eV. The former figure is thought to be the 
binding energy of the complexes, whilst the latter 
figure is the sum of this energy and that due to the 
diffusivity of the copper. 

D. J. D. THomas 
Standard Telecommunication 
Laboratories Ltd., 
London Road, Harlow, Essex 
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TIME MINUTES 


Discussion of ‘“‘Note on the uniqueness of the 
Boltzmann-Matano solution of the diffusion 
equation’’* 


I would like to comment on Kirkaldy’s note™ which 


— } asserts the uniqueness of a solution to the diffusion 
13 1-4 15 1-6 


TEMPERATURE 10°/T °K 


equation, namely the Boltzmann Matano solution. 


Let us consider linear flow in the semi-infinite solid to 
The temperature dependence of the copper 


precipitation. evaluate this construction 
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With c, and c, as boundary concentrations, we may 
identify the solute transport, 7’, passing through 
planes of concentration c in elapsed time ¢ by writing 

T = T(e). 


It follows for = ¢(x/+/t) and = 0, that 


dp 


dx 


D 


x 
+- D'p* 4 = (1) 


where p = dc/dx and D’ 


differential equation with two dependent variables 


dD/dc. This is an ordinary 


since for given t we may write 


For ¢ small, equation (1) applies equally well to the 
solid of finite x. When ¢ be supposed infinite, the flow 
is stationary and we have 


D'p* = 0. 


Considering the final state, 7’, constant, as derived 


c 


from the states which precede it with 7’, variable, we 
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may determine what condition allows the D’p? term 
to vanish in equation (1). 

As Kirkaldy suggests, p is zero for the terminal 
concentration, c,. But a condition for the validity of 
equation (1) is that 7’, also be zero, hence the solution 
for D,, is not determinate. For all c, excluding the 
terminal concentration, both p and 7’, have finite 
values and the term D’p* applies to all values of c 
where D is determinate. Only for the trivial case 
where D’ is zero (or where D is independent of c) may 
we write 


dp 


D (3) 


x dc. (4) 


The Dow Furnace Co. 
12045, Woodbine Ave. 
Detroit 39, Michigan 


F. E. Harris 
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H. M. Orre Acta Met. 8, 892-896 (1960) 


Delete the first paragraph at the top of p. 896, beginning 


“This was done 


” and ending “ 


method.”’ 


x x(c) ax Z 
D = Dic). which allows the solution given by Matano, 
l 
| 
2pt JC, 
dp 1961 
D (2 
7, | ) 


ON THE CRYSTALLOGRAPHY OF MARTENSITE* 
THE ‘“{225!” TRANSFORMATION IN ALLOYS OF IRON 


C. M. WAYMANY?, J. E. HANAFEE? and T. A. READ? 


For an accurate study of the martensite transformation in iron alloys it is necessary that the lattice 


orientation relationship be obtained from a single plate of martensite whose habit plane direction « 


osines 


are already known. Heretofore such observations have not been made for the {225}, type martensite in 


iron alloys, but such an analysis is reported herein for an alloy, Fe—7.90 wt.®, Cr—-1.11 wt.°, C, for which 
a habit plane approximately described by '449 , Was observed. The theories of Bowles—Mackenzi« 


Wechsler—Lieberman—Read, which differ in the interpretation of the {225} transformation, wer 


and 
examined 
with these new experimental results. The WLR theory is in substantial agreement with the results, 
provided that the lattice invariant shear is assumed on the {O11} plane of the martensité The BM 
theory, allowing an isotropic interface dilation, provides an equally good description if the shear occurs 
on a {112}, plane. In each case, the predicted shear direction is near the expected close-packed (111), 
direction. Some microscopic observations suggest that the interface plane may not be » ot zero net 
distortion, as supposed by WLR, and that a dilation in the interface appears reasonabl 1e significance 
of observed martensite side plates is discussed 


SUR LA CRISTALLOGRAPHIE DE LA MARTENSITE 

LA TRANSFORMATION 225 DANS LES ALLIAGES FERREUX 
Pour une étude exacte de la transformation martensitique dans les alliages ferreux, il est nécessaire 
dobtenir la relation d’orientation du réseau d’une seule lamelle de mi osinus du plan 
Whabitat sont déja connus. Des observations antérieures n'ont pas été 
type {225} 4. Les théories de Bowles—Mackenzic de Wechsler—Liebern 
linterprétation de la transformation {225}, sont examinées avec les nouveaux 
La théorie de WLR coincide substantiellement avec les résultats, si le cisaillement invariant d ireseal 
fait sur le plan {011} de la martensite. La théorie de BM permettant une dilatation dint 
fournit une description aussi bonne, si le cisaillement se fait dans un plan {112!,,. Da 
direction du cisaillement prévue, est la direction compacte (111) y & laquelle on peut s atter 
observations microscopiques conduisent a admettre que le plan d interface 
de distorsion nulle, comme WLR Ik suppose, et qu une dilatation a linterfa 


signification de lamelles martensitiques latérales observées est discutcée 


ZUR KRISTALLOGRAPHIE DES MARTENSITS: DItI 
BEI EISEN-LEGIERUNGEN 


Fiir ein sorgfaltiges Studium der Martensit-Transformation bei Eise1 


daB man die Beziehung der Gitterorientierungen am einer einzigen Marte 


die Richtungskosinus der Habitusebene bereits bekannt sind. Bis jetzt wurden solche Beobachtungen 


fiir “*{225},-Martensit bei Eisen-Legierungen nicht gemacht Hier wird ein ntersuchung 
fiir eine Legierung Fe—7.90 Gew.%, Cr—l.11 Gew.°®, berichtet; i e wurde eine Habituseben¢ 
beobachtet, die sich genahert durch {449} , wiedergeben labt Die Theo 

Wechsler—Lieberman—Read., die sich in der Deutung der {2: Trans 

auf Grund dieser neuen experimentellen Ergebnisse gepriift 

lichen mit den Ergebnissen tiberein, vorausgesetzt, daB man fir 

‘Oll!-Ebene des Martensits annimmt. Die Theorie von BM, die eine 

zulaBt, gibt eine ebenso gute Beschreibung. wenn die Scherung 

beiden Fallen ist die vorhergesagte Scherungsrichtung, wie zu erw: 

Richtung. Einige mikroskopische Beobachtungen deuten darauf hit 

weise keine verschwindende Gesamtdistorsion aufweist, wie WLR es 

tation in der Grenzflache annehmbar erscheint Es wird diskutiert 

Seite nplatte n bedeuten 


INTRODUCTION interface or habit planes are approximately {259} , 
Experimental work on the martensite trans- {225!, and {111 


A 


| 4, depending upon the composition of 


formation in iron alloys to date indicates that the the material undergoing transformation.§ In 


\ 


one 


- - instance, 
* This research was supported by the U.S. Air Force Office (oor ‘ ) 
of Scientific No. AF49 (638)-420. Received both (229 | and {259} martensite, the relative 
June 29, 1960. amount of each habit being a function of the 
+ Department of Mining and Metallurgical Engineering, 
University of Illinois, Urbana, Illinois 
t International Nickel Company Research Laboratory, § Subscript A and 
Bayonne, N. J. axes respectivel) 
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it was reported that a given alloy will form 


ol. 9 
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isen-Legierungen ist notwendig 
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temperature at which transformation occurs. In 
general, the habit plane of martensite is irrational, and 
such Miller indices as represent an approxi- 
mation 

In addition to having a parent habit plane, marten- 
site exhibits rather definite lattice orientation relation- 
ships with respect to its parent phase. Although the 


orientation relationships for different iron alloys are 


different, the most sensitive crystallographic feature of 


the transformation is the habit plane. For example, 
the difference in orientation (with respect to austenite) 


between a {225}, and {259} , 


transformation is only a 
few degrees, while the habit plane difference is some 


20) 


One of the puzzling aspects of the crystallography of 


iron martensites is encountered in iron—carbon alloys. 


It is usually reported that the mode of the trans- 


formation changes from {259} , to {225} , as the carbon 


content decreases to a value in the vicinity of 1.4 
wt.°,, although this change in composition produces 


only small changes in the lattice parameters. But, in 


fact, alloys containing between 1.4 and 1.8 wt.° 


carbon have not been examined, and it cannot be 


stated with certainty whether these intermediate 


alloys exhibit the {225} some inter- 
mediate habit plane. 

Workers in the field have attempted to describe 
martensite formation phenomenologically from a 
consideration of the observed cry stallographic features 
of the transformation. Bowles and 
(BM) in Wechsler, 
Lieberman, and Read (WLR): in this country have 
Although the mathe- 


matical formulation of these theories is different, they 


In particular, 


Mackenzie Australia and 


analysed the transformation 


are equivalent, as shown by Christian™. A review of 


existing information on crystallography as well as a 
discussion of the BM and WLR theories can be found 
in a paper by Bilby and Christian 

Despite the reasonably successful theoretical ad- 
vances in the last decade, it remains that the only 
critical experimental work on the crystallography of 
martensite in iron alloys thus far has been the study of 


an Fe-22°, Ni-0.8°, C alloy by Greninger and 
Troiano™.* For a given variant of the habit plane, 
these investigators determined the lattice orientation 
The habit 


approximately 1259 } 


relationship. plane in this case was 


Although reliable habit plane 


determinations have been made for the {225} , 


trans- 
formation,” the applicable orientation relationship 
was determined by the pole figure method"! a 
method less precise than the Laue method which can 


* H. M. Otte has recently informed the authors of some 


recent orientation determinations performed by him 
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record on one film the patterns from both martensite, 
where the variant of the habit plane is known, and the 
surrounding austenite. Insofar as iron alloys are 
concerned, the theories have been based on limited 
experimental data, with the exception of the one 
study just mentioned. As will be discussed in a later 
section of this paper, the major point of disagreement 
hetween BM and WLR comes from the description of 
the 1229 4 
In the work described herein, a complete analysis 
The habit 


transformation 


225} transformation was made. 


plane of a given plate was determined, and for 


of a ‘‘} 
this plate the orientation relationship was observed 
by the Laue method. The results are analysed in terms 
of the BM and WLR theories. 

THE PRESENT STATUS OF THE THEORY 

OF MARTENSITE FORMATION 

Both the BM and WLR theories incorporate a 
lattice deformation and a lattice invariant (or ‘‘in- 
homogeneous’) shear in the description of the 
The lattice 
invariant shear contributes to shape changes but does 
not alter the lattice lattice 


austenite—martensite transformation. 


structure, while the 
deformation brings about the per se change in crystal 
structure 

Following the matrix notation of WLR, a vector X , 
in the austenite is transformed into a vector X ,, in the 
martensite by a “total distortion matrix’, which 
produces an invariant plane strain, i.e. the habit 
plane is undistorted and unrotated. This is represented 
as 


EX, (1) 
The matrix £ is written in the following way 
E ATG 


where ¢ is a rotation matrix, 7’ is a pure lattice dis 
tortion (the Bain distortion), and G is the lattice 
invariant shear (slip, twinning, faulting, etc.) 

Bowles and Mackenzie arrived at a total distortion 


matrix, P,, defined so that 
(3) 


I represents the identity matrix, and 6 is a dilation 
parameter which considers that the interface may 
The factor- 
ization of the matrix P, by BM was done differently 
than the WLR decomposition of their equivalent 


be subjected to an isotropic dilation. 


matrix, E. But the significance of the factorization is 


purely formal. However, BM did introduce a dilation 
parameter, 6, such that the matrix P,/d produces an 
contrast to the WLR 


invariant plane strain, in 


= 

1961 
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treatment where the interface plane is one of zero 
The 
parameter can readily be included in the WLR de- 
E 


average distortion (i.e. no dilation). dilation 


scription noting the equivalence between 
and P,/6. 

In the original WLR paper the martensite structure 
The 
twinning plane was {112},, which was derived from 
4. 
slip on the same plane was also shown 
of the 


same predicted habit 


by 


was supposed to consist of twin related regions. 


The equivalence of twinning on {112},, to 
the 
the 


plane and 


In 


mathematical treatment transformation 


same result (i.e. 


orientation relationship) can be achieved by first 


Kia. Lattices 
Bain distortion that forms 
The 


stems 


structure 


slipping or twinning (shearing) the austenite and then 
subjecting it to the Bain distortion. Since the order of 
matrix multiplication is arbitrary, the order of shear 
distortion and Bain distortion can be interchanged. 
Bowles and Mackenzie adhered to the belief that the 
lattice invariant shear plane in the martensite is a 
The 


not 


{112} ,, twinning plane, or equivalently {O11} , 


possibility was suggested by them, although 


pursued, that the inhomogeneous shear could be less 


restricted and could occur either on a twinning plane 
The the 


observed habit plane and orientation relationship was 


or in a twinning direction variation in 


ascribed to a variation in the interface dilation, and 
hence in the parameter 0. For alloys of iron and 
carbon, 0 was taken to have a value from unity to 
1.013, depending upon whether the habit plane was 


4- 


On the other hand, WLR:!*) hold that different 


R 


corre spond nces 
trie 


are 
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habit planes and orientation relationships result from 
the operation of different lattice invariant shears i.e 
{ (13 
Otte 


suggested that the variation in habit plan 


shear on {112},, o1 has further 


et can 
occur by pencil glide or in general by shear on any 


that there remains an element of adjustment in each 


plane(s) containing the , direction. It is evident 


case, and it may be necessary to consider the variation 
in both the shear system and the interface dilation for 
certain transformations 

The unsettled issue at present is whether or not the 
a variable shear system 


use of a dilation parameter ot 


justified. Christian has supported the Bowles 


b.c.t 


principal distort 


nownh 


i 


Mackenzie 0 the basis of calculations 


The examination of 0 in this paper is made fi 
the WLR treatment the 
the 


on energy 
lowing 
ot 


as 


the 


in which case component 


rather than 


This method was discussed 


distortion become 


Fig. | 


matrix treatment is used 


Bain OY 


shown in The graphical equivalence 
in the original papers by BM, and at a later date 
of WLR of 


method as applied to the cubic to 


an 


account the formulation the graphical 


tetragonal trans 


12 


formation was given by Lieberman 


Referring to the total distortion matrix # 


one 


that it is represented by a rotation matrix @, a shea 


since a 
ot 


le ngth 


Bain distortion matrix 7 
change the length 
Gand T « 


The essence of the graphical analysis 


matrix G, and the 


rotation matrix does not n any 


vector, only the matrices an ettect 


changes Is to 


find a shear distortion (given by a shear plane, a shear 


direction and the amount of shear) which will nullify 


01. 9 
> 
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the effect of the Bain distortion on the interface by 
lengthening the vectors shortened by the Bain dis- 
tortion and vice-versa 

Figure 2 shows the Schmid and Boas") represen- 
tation of simple shear. It will be noted that as a result 
of shear, some vectors are shortened, some are length- 
ened, and some are unchanged in length. In a homo- 
yeneous distortion such as the Bain distortion, one can 
find a locus of vectors which although rotated by the 
This (after 


The loci of vectors 


distortion are unchanged length. 


Lieberman"”?) is shown in Fig. 3. 
unchanged in length by the Bain distortion depend 
the amount of compression and extension 
involved, and hence upon the lattice parameters of the 


(12) 


upon 


two phases. The expressions for the semiapex 


angles of these cones are 


tan B 


tan B,. (5) 


Ne 


tan B, 


If it is now imagined that a single crystal of austenite 
transforms into martensite, the semiapex angles can be 
plotted on a stereographic net oriented so that the 


contraction axis of the Bain distortion is normal to the 


plane of the projection. This is shown in Fig. 4. Note 


that the y-axis is perpendicular to the plane of the 


papel 


>¥g (Shear Direction) 


Fic. 2, The Schmid and Boas analysis of shear. A, is 
the shear plane and g is the shear direction. As a 
result of shear, vectors on plane AK,B are carried into 
vectors on plane Ak, B. These vectors are undistorted 
Vectors lying to the left of plane AK,B 
are shortened because of shear, while those to the right 
All vectors in the shear plane 
In the general case, shear carries 


due to shear. 


are increased in length. 
K, are undistorted. 
vector @ into vector ec 
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Fic. 3. The Bain distortion results in a locus of vectors 
which are undistorted as a result of the transformation 
The B, depend upon the 
amount of compression (distortion). All vectors beyond 
Ox are increased in length by the homogeneous strain 


while all OX are 


semiapex angles B, and 


those within decreased in length. 
The case for a shear of 15° (hypothetical example) * 
(The Bain 


cones were calculated from the lattice parameters of 


on (111), in[/121], is also shown in Fig. 4. 
{ A 


this investigation.) Points at the tips of unit vectors 
a. b. ec, d, go to a’, b’, e’, d’, as a result of shear. The 
length of these vectors remains unchanged due to 
shear because in the Schmid and Boas notation, these 
vectors represent points on the Ky plane being trans- 
formed into points on the A,’ plane as a result of 
shear. Points a’, b’, ec’, d’ go to points a”, b’, d” asa 
result of the Bain distortion. Thus, a, b, e, and d are 
vectors in the parent phase which are unchanged in 
both the 


Two undistorted vectors 


length by shear and the Bain distortion. 


may determine an undis- 
torted plane, and thus, these vectors taken in pairs (ex- 
cluding pairs lying in the A, and A, planes) will deter- 
mine interface planes undistorted by the transforma- 
tion, provided that the shear angle has the appropriate 
value. 

It is that vectors a, ¢ and a, b determine 
possible habit planes (a, @ and a, b are crystallo- 
graphically equivalent to b, d and ¢, d respectively in 
the case here). The trace and normal for habit plane 


seen 


a,c are shown. A further inspection shows that the 


initial vectors a. b. ¢@. d would become final vectors 
a”, b’. ec’, d’. due to shear and the Bain distortion and 


thus any vector does not “‘return’’ to its original 


austenite position. A rotation to insure coincidence of 
vectors a, b, ¢, d, with a”, b”, ce”, d” is necessary. This 
represents a (mathematical) rigid body rotation and 
insures that the habit plane is unrotated as well as 
with the theorem?) 


undistorted. In accordance 


* This example and description are from Ref. 12 
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AND 


Kia. 4, 
martensite transformation by supposing shear on (I11)4 \ 
in [121]4. The predicted habit plane is indicated by \ 
H. In a mathematical sense, shear precedes the Bain | 
distortion. The amount of shear shown is hypothetical 


Stereographic analysis of a f.c.e 


\ 


and for illustrative purposes only. 


which states that if a transformation leaves the length 
of two noncollinear vectors unchanged as well as the 
vectors lie in an 


The 


angle between the vectors. these 


invariant plane (undistorted and unrotated). 


significance of this axis of rotation and the amount of 


rotation (called the “‘orientation rotation’’ by Lie ber- 
man"*)) is that by applying this rotation to a vector in 
the as-Bain-transformed position (which is known 
immediately from the lattice correspondence and 
parameters), the same vector in the martensite as a 
result of the total transformation can be determined, 
and hence the lattice orientation relationship between 
the the 
opposite of this rotation is applied to the habit plane 


austensite and martensite is known. If 
normal (determined by e.g. a and ¢@) a “habit plane”’ 
H', as a the Bain 


involving the rigid body rotation, will be obtained 


result of distortion, but not 


A plane of this nature, given by vectors a” and e” must 


be rotated until it coincides with the plane a, ¢ 
From the known lattice parameters, habit plane and 
orientation relationships, one can recover the lattice 
invariant shear system or “inhomogeneity” involved 
in the transformation. An analysis of this type is 

made for the alloy studied in this investigation 
EXPERIMENTAL PROCEDURE 


The alloy examined was triply vacuum melted, 
chemical 


7.90 wt 


prepared from high purity materials. A 


analysis gave the composition as Fe 


CRYSTAL 


LOGRAPHY OF MARTENSITE 


Cr-1 Because of the stable nature o 


chromium 


ll wt.°,, C 
carbides, it necessary to 


150 hr at 


was found aus 
tenitize this material for approximately 
1230°C.. To produce large cry stals of austenite on the 
to extend austeni 


Heat 


double walled 


order of 2-4 mm it was necessary 


tizing times to some 320 h treating was 


accomplished in evacuated quartz 


capsules. A chemical analysis showed no decrease in 
carbon content due to these lengthy heat treatments 


The M 


that quenching to 


temperature for this alloy was 36°C, so 


room temperature resulted in a 


completely austenitic structure. By careful cooling to 


a slightly lower temperature, as little as 3 per cent 


martensite could be formed, which resulted in a 
specimen that was ideal for habit plane determination 
A micrograph typical of those specimens used for two 
surface analysis of the habit planes is shown in Fig. 5 
For habit plane and orientation relationship deter 

minations, a Hilger microfocus X-ray generator with a 
40 micron focal spot was used. Silver radiation (50k\ 

collimated by means of a 90 uw lead glass capillary was 
directed the The 
technique for precisely locating a small diameter X-ray 
ot a 


elsewhere In 


onto selected areas of specimen 


beam on a preselected area specimen for back 


reflection will be described general 
exposure times were of the order of 16 hr for austenite 
for a 3.0 em specimen-to-film distance 

The orientation relationship for a martensite plate 


whose habit plane had been determined previously 


395 
OO 
= i 
\ 
0.0 \ 
\ 
B 
/ 2 A f 
| 
\ j yo | 
x 
961 
A. 


Laue photograph 
martensite 


C. 


Kr 
austenite 
7.9% Cr-l] 


In 
spots 
most prominent 


inns two 


martensite zones are encircled 


Specimen to-film-distance 3.0 


was obtained by polishing parallel to the plate itself 
as was done by Greninger and Troiano™) for their 
Fe—22°,, Ni-0.80°,.C alloy 
plates in the alloy were on the order of 15 in thick- 
ness, it to lower the tube voltage to 
25 kV to avoid heavy of the X-rays 


At 25 kV, the exposure time for martensite was 74 hr 


Because the martensite 


Was necessary 


penetration 


Austenite reflections were also present on the same 


film. This Laue photograph is shown in Fig. 6 


{ martensite in Fe 


Photomicrograph © 
alloy Loo 


Cr—1.11% ¢ 


All habit planes (from seven different austenite 


grains in three different specimens) were determined 
Angles between 


by means of a two surface analysis 
surfaces could be read with an optical goniometer to 


within 2’ of are. The angle between the martensite 
plate and the edge of the specimen could be deter- 


mined to the nearest 0.5 The length-to-thickness 


ratio of the martensite plates in this alloy (about 1500 


to 15 uw) was such that there was little arbitrariness 
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Combined results of eighteen habit plane pol 
7.90% Cr—-1.11% C alloy 


Fic. 7. 
determinations for an Fe 
involved in determining the direction of a plate. The 
habit plane poles have been combined into one unit 
triangle in Fig. 7. 

Lattice parameters of the austenite and martensite 
were measured by means of a Norelco diffractometer 
using Mok , radiation. Because of the low intensity ot 
reflections from martensite, a hard radiation gave good 
The beta radiation was chosen to eliminate 
doublet After con 


tinuous scanning the slab type specimens (poly- 


results. 
line broadening due to the A, 


crystalline), a given peak could be selected for step- 
scanning in which a given number of quantum counts 
2 interval of 0.01 After each 


specimen was scanned, the calibration of the gonio- 


was recorded in a 


meter was checked by placing annealed gold powder 
(99.999 per cent) on the surface of the specimens 
before they were removed from the specimen holder 
Lattice parameters were measured for three specimens 
which had been cooled with liquid nitrogen following 
a water-quench to room temperature. The specimens 
were etched in alcoholic FeCl, after careful mechanical 
polishing. The retention of some austenite enabled the 
recording of both austenite and martensite peaks on 
the same chart. As a consistency check, one of the 
specimens which had been used previously for a two 
surface analysis was cooled in liquid nitrogen and 


subsequently examined in the diffractometer. 


EXPERIMENTAL RESULTS 


The lattice (at 20°C) for the alloy 


studied were determined to be 


parameters 


a,, (austensite) 3.623 A 


) 


a (martensite) 2.868 A 


c (martensite) 2 965 A 


RYSTALLOGRAPHY Ol 


MARTENSITE 


The results of 18 habit plane determinations are 
7. The best fit 


, although it 


plotted in the unit triangle in Fig 
Miller indices can be represented by {449} 
is emphasized that the direction cosines of the habit 
plane normal give an irrational habit plan 

single 


The orientation relationship for a plate of 


martensite is shown in Fig. 8 for the variant (944) , and 


IS 


(111), 0.5 from (O11) ,, 

Oll], 

110] 


10° from 


This is to be contrasted with the Greninget 


Troiano™? (Laue) relationship for Fe-22°,, Ni-O0.8°, C 


L11), (OLL),, within 


Ol] 95 


from | 111 ],, 


110], from 


and the Kurdjumov-Sachs"" (pole figure) relationship 


for Fe—0.5 to 1.4 C alloys 


(111), 
Ol] 


Ol] 


DISCUSSION AND ANALYSIS OF RESULTS 

The orientation relationship and habit plane for the 
Also in this figure 
O11) 


directions can 


allov studied are plotted in Fig. 8 
are shown the directions [111] ,,-.{111],, and 


be plotted from a knowledge of the lattice parameters 


due to the Bain distortion alone 


and noting that in the plane of the projection, the 


martensite axes are rotated 45> with respect to the 


austenite axes. By finding a rotation which will cause 


(O10) 4, > (O10) (O11) 4, > (O11) ete 


axis u (direction cosines 0.872 


the 


a rotation 


0.371) and amount of rotation (10°) can be 


determined. This can be done by trial and error 


manipulation or by the application of Euler’s formula 
on the stereographic projection 

In Fig. 9, the 
other information which will be 
the WLR theory where 0 1. The Bain cones have 
been plotted (B, B 57.4°). The trace of 
the habit plane, //, is plotted and intersects the B 
cone in two vectors, aand k. If now the 


details of Fig. 8 are shown along with 


discussed in terms of 


inverse of the 
orientation rotation is applied to the habit plane, 
The trace of H 


cone in two directions a” and ¢@ a 


the “habit plane’, //’, is determined 
intersects the B 
and a” are radially related (hence a —> a” as a result of 
the e” and k are not 


the orientation rotation to a” results in a. but carrving 


Jain distortion 


\pplving 


\ 
(112) 7 
/ 
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(010), (O10, 
2010), 


GOI ly 


Pitt), 


(OOl 


(00}), 


the same operation through for e” results in a vector ¢ 
(which is distinct from vector k) which lies on the habit 
plane trace. Thus vectors ¢ and a correspond to the 
two vectors in the parent phase which determine the 
habit plane. From the previous discussion, it is clear 
that vector a must lie in the shear plane. On the other 
hand as a result of shear, vector ¢ is transformed into 
vector e’ which in turn goes to e” as a result of the Bain 
distortion. Since @ is sheared into ¢e’, a great circle 
and ¢ the 
direction (see Fig. 2). The K, plane (see Fig. 2) lies 


containing ¢@ must also contain shear 
half way between the vectors which are unchanged in 
length due to shear. It follows that the shear direction 
must be 90° from a point mid-way between ¢ and ¢’. 
The shear direction is indicated by g, a unit vector on 
the figure. Since g and a must lie in the shear plane, 
the shear plane is determined. Its normal is indicated 
by N in Fig. 9. 

It is observed that the shear direction comes within 


25° of [O11], while the shear plane is 7° from (111) , 


Thus the inhomogeneous shear elements are predicted 


to be approximately (111), [O11] ,. The corresponding 
shear system in martensite is (O11) ,, [L11],,. This is 
the shear system predicted by WLR for the {225} , 
type habit plane. 

[t is interesting to determine the effect of intro- 
ducing the Bowles and Mackenzie dilation parameter, 
), which varies from 1 to approximately 1.013, for the 


When 6 


angles of the Bain cones become smaller and some 


case of carbon steels. the semiapex 
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Fic. 8. Habit plane and orientation relation 

ships for an Fe—7.90%, Cr-1.11% C alloy. The 

primed planes and directions are those resulting 
from the Bain distortion alone. 


(100), 


+ (944), 


10 shows the 
1.02. It is 


interesting consequences result. Fig. 
Bain cones for 0 l, o 1.01 and 6 
observed that as 6 increases above unity, the vector g 
hecomes closer to [O11] ,, being approximately 2° away 
at oO 1.0175. This 
graphically, although it is mentioned that 6 can be 


value of 6 was determined 


calculated. In addition, the intersection of the Bain 
cone with the habit plane trace (vector a) also moves 
closer to [Oll], as 6 increases. For a value of 
ry) 1.0175, the vector a, the vector g and the direction 
[O11], approach triple coincidence. 

As before, the shear plane is determined by the 
great circle that passes through g and a. g and a 
1.0175, 


becomes approximately (O11),, the shear direction 


nearly merge at 0 and the shear plane 


remaining approximately [Ol1],. In the martensite 


lattice this corresponds to shear on (121) in [111]. 
These results are in approximate agreement with the 
predictions of BM, that a {121} ,, shear with some 
the 


dilation in interface can account for a 4522! 


habit. 
It is seen that the experimental results as considered 


so far can be accounted for on the basis of either a 
non-unity value for 6 or an inhomogeneous shear on a 
plane other than {112},,. As a check on the results, 
the graphical problem was worked in a forward 
manner. In each case the appropriate Bain cones 
were calculated and placed on the stereographic 
A delta value of 1.0175 was used for the 


BM analysis, and the shear system was taken to be 


projection. 


898 
sgh (OO), 
(100): 
J 
J 
/ 
j & Oly}, 
/ 
| Oily 
\ 
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Graphical determination of the trans 
formation inhomogeneity from the observed 
ariant of the habit plane and the orientation 
relationship. The determined shear 


direction 
is g and the shear plane normal is \ 


t dilation 
invariant 
1.00, LOL and 1,02 
dicted shear directions g.i 
predicted shear plane 
obtained by takin 


paral 


ter Values ( 


we 


hear 


399 
4 
(100), 
/ 
/ vA 9 \ \ 
/ / \ \ 
[ / 
OK / OlO)y \ \ \ 
oll / | 
/ 
Olly: LH | 
N (Oll),, / 
ol. 9 / 
961 a / 
(OOl), _— 
9 
J 
meter On 
5 the latt f A 
. equal t re considered 
M with tl iormal \ \ 
LOTS Value of L.OL75 
< eH 
iy 
vc A A 
M 
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) 
(OLL) 


(111) {Ol 1 | 1 Both theories gave reasonable agreement 


For the WLR case the shear system Was 


on the orientation relationship and the correct variant 
of the habit plane. In fact, the predicted habit plane 
was three degrees from the experimental one in each 
The use of 0 and the (O11) 


habit 


case. shear predicts 


two which are crystallographically 


‘ and~(944) 4 The WLR 
theory predicts the (944) habit and three additional 


planes 


equivalent; these are ~(944) 


ones, none of which are crystallographically equiva- 
the habit 


predicted by either theory 


lent In general case. four planes are 


Only one non-degenerate 
habit plane results from the (O11), shear 
The 


0 and in 


because of the symmetry of the shear elements 


analyses are shown in Fig. 11 for the BM 
12 for the WLR treatment 


If an interface plane of zero average distortion does 


Fig 


in fact describe the austenite-martensite boundary 
the experimental results are in favorable agreement 
with the WLR theory which allows for an {O11} 4, 
shear in the close-packed direction and predicts a 


1225} , type habit. However, observations on the fine 


structure of martensite through electron microscopy 
do not support an {O11} ,, inhomogeneity. In thin film 


work, Pitsch"®! has observed {112}, twins in both 


Fe—-1.0°,, 


N and Fe-1.0% C 


co-workers in 


Nutting 

hay 
In Japan, Nishiyama ef a/.(9,29) 


inhomogeneity in the Fe—Ni 


martensites. 


and Kngland have observed 


twins in Fe—0.98°,, C 


have observed 
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and 


Predicted habit planes for (OL1), Oll 
1.0175. Two erystallographi 
equivalent habit planes are determined 
ac and a d. The 
between theory and experiment 


sheat 
cally 
by vectors discrepancy 
is seen to be 


about 3 


martensites as well as in martensite formed in a Kovar 
alloy. To date, there have been ho observations of 
,L10},, inhomogeneity in Fe martensites. 

L.O175, 


a 4112} VV inhomogeneity accounts for the observed 


If one permits a dilation parameter of 0 


1 the shear direction also 
It is likely that for 


habit plane. By using 0 
moves closer to , Or | 
any pattern of inhomogeneity, the shear direction 
would be the one corresponding to a close-packed 
direction. 

Another 


martensite plates in this alloy were cracked (see Fig. 


interesting observation is that some 


5). The cracks were essentially normal to the plane of 
the plate. It is clear that either volume restraints o1 


interface constraints are present, and it may be 


interpreted that the presence of cracks offers indirect 
evidence that 6 ~ I. 
dilation parameter, 6, is being studied presently. 


The work of Otte and Read”) shows that (although 


The physical significance of the 


considerable scatter was found) habit planes between 
In this alloy, {449} ; is 
the 


1225}, do exist. 


different 


1259} , and 
from {225}, 


martensite transformation in iron alloys, depending 


distinctly Evidently, 
upon the composit ion of the alloy and other factors as 
well, is represented by a ‘‘scatter band” of habit plane 
poles, rather than discrete habits 

Several other aspects of this work invite attention 
that 


martensite plate contains numerous sideplates which 


Referring to Fig. 5, it will be observed each 


b, 
> >< 
ack 
A . Yad 
4° 
M 
K 
Ha Ho 
expt as expt 
equiv 
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AND 


project from both sides of the main plate. Microscopic 
examination indicated that the sideplates may be 


addition, by examining several plates, it was deter- 


continuous with the major martensite plate. 


mined that in the plane of polish, the sideplates appear 


to be parallel to another crystallographically equiva- 


lent variant of the main plate. If the sideplates are in 


Fic. 12. Predicted habit planes from the WLR 
analysis (0 1.00). Four habit planes are 
determined by vectors a—c, a—d, b-e and b-d 
These habit planes are not crystallographically 
equivalent. The habit plane determined by 
a-—d is seen to be about 3 
mental one. 


from the exper! 


fact secondary habit planes, their continuity might 


suggest that the inhomogeneous shear as well as the 


lattice orientation is common to both types ot plates 


This possibility was examined 

It is reasonable to start with the observed variant 
(944) { for which the orientation relationship is known 
and other exact variants. Variants of the 
form (449) , 
will not intersect the B, cone and hence no solution is 


the WLR 


inhomogeneity will not result in two crystallographi 


assume 
need not be considered since their traces 


possible For case, a single pattern of 


cally equivalent variants of the habit plane. But in the 
BM analysis, one pattern of inhomogeneity will yield 
The 


habit plane 


two cry stallographically equivalent habit planes 
(O11), shear predicts a (944) , and (944) , 

However, although the BM analysis predicts two 
habit 


orientation relationship for each variant is different 


crystallographically equivalent planes, the 


(this is also true for the WLR analy sis). Since the 


crystallographic theories were developed from a con 


CRYSTALLOGRAPHY 


OF MARTENSITE 401 


sideration of observations on single plates it is not 
clear at present exactly how to account for the side 
plates in terms of the theories, especially since the 
The 


morphology of the sideplates is being investigated at 


nature of the sideplates is not understood 


present. 


Several comments will now be made appropriate to 


The 


the previous deductions shear plane normal is 


determined by the great which passes through 


vectors g and a. In the 225}, transformation 


This is 
Thus 


either vector g or vector a magnifies considerably the 


close together also the case 


these vectors 


for the 259} 


are 


, transformation error 1n 


error in the determination of the shear plane normal 


For an exact analysis of the crystallography of 


martensite, the accuracy required is beyond that of 


available Wulff nets and Greninger nets. In addition 


one must also consider that the structure of marten 


site gives rise to diffuse and quite broad Laue spots 


It is impossible to determine relative orientations to 


anv better than 0.1 or 0.2” because of the smeared 


nature of the Laue 


Anothe1 Phe 


alloy studied in the investigation was essentially a | 


spots 


aspect ot interest 1s the following 


carbon alloy with enough Cr (about 8 per cent) to 
lower the 


mately {449} 


to —36°C. The habit plane is approxi 


Greninger and Troiano”®? did a habit 


\ M 
4,0 
WT, 
\ be Uad 
ol. 9 “pd” 0), 
961 | 
A Ds 
ke De® #bd,d M 
ad 
Mexp A A 
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plane determination on a 1°, carbon alloy with enough 
Ni (about 11.5 per cent) to give a comparable M,. This 
Fe-Ni-C alloy had a {259}, habit. In effect, this 
means that the substitution of Ni for Cr causes the 
mode of the habit plane to change. The explanation 
for this is unknown at present. 


This work also points out that a trans- 
formation is not necessarily the result of the formation 
of martensite at a comparatively high temperature. 
Mehl and Van Winkle”? suggested that low tempera- 
ture martensite is of the {259} , type, while martensite 
formed at high temperatures is of the {225}, type. 


According to them, an intermediate temperature 


produces both types of habits simultaneously. 


CONCLUSIONS 
An alloy consisting of Fe—7.9 wt.°,, Cr-1.11 wt.°,C 
transforms into martensite with a habit plane approxi- 
mated by {449} 


work there was little scatter among habit plane poles. 


By comparison to some previous 


The orientation relationship between martensite and 
austenite is very near that determined by the pole 
figure method of Kurdjumov and Sachs for alloys of 
iron and carbon. The application of the phenomeno- 
logical theories of Wechsler, Lieberman and Read, and 
Bowles and Mackenzie, to the experimental quantities 
determined in this investigation revealed that both 
theories can approximately account for the observed 
the 


absence of an isotropic dilation the inhomogeneous 


habit plane and orientation relationships. In 


shear appears to occur on an {O11}, plane. When the 
BM dilation of 1.0175 is included the inhomogeneous 
shear may occur ona {112} ,, plane. To date, only the 
{112} martensite inhomogeneity has been observed for 
iron alloys, and presently the isotropic dilation intro- 
Bowles and Mackenzie 


duced by appears to be 


justified. One aspect of the transformation in the 
alloy investigated, that of secondary or sideplanes of 
This 


work 


martensite is not well understood at present. 
that 


should be devoted to studying the actual austenite 


investigation has made it clear future 


martensite interface and determining the physical 
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nature of a dilation parameter, perhaps in terms of a 


dislocation interface model.* 
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solely from graphical analysis, lacks the 
obtainable by matrix algebra. A matrix analysis is presently 
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which precision 


dilation may not be uniform 
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INTERACTIONS OF INTERSTITIALS WITH DISLOCATIONS IN 


IRON* 


K. KAMBER, D. KEEFER and WERT? 


The interaction between interstitial N and C with dislocations in b.c.« 


of anelastic measurements. 


damping peak. 


for calculation of the strength of the interaction because such methods involve 


Cottrell atmosphere which apparently are unwarranted. 


assumptions can be avoided. By 


estimated to be 0.5 eV per atom 


INTERACTIONS DES ATOMES 


Les auteurs ont étudié, au moyen de mesures anélastiques, [interaction des élém« 


N avec les dislocations dans le fer cubique centre, 


Dans ce but, ils ont utilisé le pic d’amortissement de Snoek et le pic d’an 
Les auteurs pensent que les méthodes qui n’utilisent que lun 
pour calculer la force d’interaction parce que de telles méthodes néce 


fiables au sujet des atmospheres de Cottrell 


Ils proposent une méthode oti certaines de ces hypothéses peuvent étre 


permet d’estimer l’énergie de liaison entre le carbone interstitiel et 


par atome environ 


WECHSELWIRKUNG 
Mit Hilfe 
und C mit 


von anelastischen Messungen wurde dic 


Versetzungen in 


Snoek-Maximum wie das Maximum nach Kaltverformung benutzt. Es 
Methoden, die nur einen Effekt allein benutzen, zur 


Methoden 
Giltigkeit offenbar nicht gesichert ist 
Mit ihrer Hilfe wird dic 
0.5eV pro Atom geschatzt. 


ausreichen; denn solche miissen 
Es wird eine 


vermeidet. 


INTRODUCTION 
There is growing evidence that solid solutions of the 
common interstitial elements in the b.c.c. metals are 


It 


limit of extreme dilution that they are random, but 


not at all random solutions. may be true in the 
departures from this behavior have been observed and 
It the 


purpose of this paper to discuss some of the interac- 


Is 


measured at remarkably small dilution. 
occur to limit randomness and to 
of of 


Since much of the new experimental 


which 
the 


interactions. 


tions can 


describe results measurements these 
work reported here is concerned with the interaction 
between interstitials and dislocations in iron, most of 


How- 


interactions 


the discussion will be centered on this aspect 
of 


have been so successful in some cases that a 


ever, studies interstitial—interstitial 


short 


summary of these studies will be given to point the 


way to similar success in the study of the impurity 


dislocation interaction. 
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the U.S. Army 
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Use has been made of both the Snoek damping peak and the 


It is suggested that methods which depend on use of either effect 


its use the binding energy 


D INSERTION 


VON ZWISCHENGITTE 


kubisch-raumzentriertem 


Annahmen 


Bindungsenergie zwischen inter 


iron has been examined by us 
cold-work 
insufficient 


the 


alone are 


assumptions about 


sted whereby some of these 


\ method is 


between interstitial C and dislocations i 


AVEC LES DISLOCATIONS DANS LE FER 


nts d insertion ( 


ort isse croulssage 


ou lautre ce insuffisantes 


ssitent des 


abandonneées 


elle 


les dislocations 


RATOMEN MIT VI TZUNGEN IN EISEN 


RSI 
Wechselwirkung von Zwischengitteratom« 
Dabei wurck 
Meinung ve 
Wee 


phare 


Kisen untersucht 


wird du rtreten, daB 
Berechnung der Starke der 


dn \tmo 


orgeschlagen, die einige dieser 


hselwirkung nicht 
Cottrell machen, deren 


Annahmet 


setzunge 


iibe 
Methode 


stitiellem C und Ver 


ot 


solutions are characterized by 


solid 
First of 


Interactions interstitial impurities in 
two features 
all, thermodynamical equilibrium must characterize 
the partition of atoms between the isolated atoms in 
the lattice and the other 


This means that in general the 


those that are bound to 
impurities or defects 
vicinity of an impurity or a defect has more or less than 
If the 


equilibrium is such as to produce a more than random 
he 


a random number of interstitials in its vicinity 


number of interstitials, the interaction is said to 


“attractive such a situation is characterized by an 


increase in the free energy when the bound atoms ar 
removed to random sites. This case has been studied 
in detail and the free energies of binding have | 


The other 


een 
obtained for some alloys instance, a less 
than random number of interstitials in certain regions 
in the lattice undoubtedly exists, but has not yet been 
studied experimentally 

interstitial atoms 
local 


diffusion, may be greatly affected by their position in 


the lattice 


of bound 


atomic place ( hange, l 


The second feature 


that 


their rate of 


3ound atoms may make site changes at a 


greater or lesser rate than random atoms It is, 


inh 


$03 


potnesc peu ist 
Son emploi 
961 
wohl da 
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fact. this characteristic of bound atoms which has 
made their study possible by one of several relaxation 
methods. The usefulness of these methods will be 
brought out in the sections which follow. 

The remainder of this paper will consist of three 
parts. First of all, a short section will be presented 
showing the status of the investigations of the self- 
trapping by interstitials; presumably, this results in 
interstitial—interstitial pairs. Secondly, there will be a 


discussion of the use of the Snoek damping peak in an 


attempt to measure the binding energy of C and N to 


dislocations in g-iron. Thirdly, the extra information 


obtained from a study of the “‘cold-work”’ peak in 


deformed iron will be presented, 
INTERSTITIAL INTERSTITIAL INTERACTIONS 
The simplest interaction of all is probably the self- 
That this effect 


probably exists was apparent many years ago from 


interaction of interstitial alloys. 


the first measurement of Ké on the anelasticity of Ta 
and Cb containing O and N.“ He observed that the 
Snoek damping peaks in these alloys were too broad 
for a single relaxation process. He did not pursue the 
subject any farther, however, and it was not until a 
long series of investigations were carried out by 
Powers and Doyle that the true picture of this effect 
became clear. Their work demonstrated that (in O-Ta 
alloys at least) the broadening of the peaks observed 
by Ké was, in reality, a superposition of two separate 
peaks with different relaxation times: one associated 
with atoms in random sites, the other with atoms which 
were paired in some way (a sort of O-O molecule, the 


) Their work on 


geometry of which is not known).@ 
this system culminated in a thermodynamical study 
(via the method of mechanical relaxation) of the 
degree of association as a function of temperature. 
They showed that O—O pairs in Ta are formed in more 
than random numbers and that the free energy of 
binding is about 0.1 eV per pair of O atoms. Further- 
more, the degree of association depends on the total O 
concentration in exact agreement with the law of mass 
action. 
Several other instances of interstitial-interstitial 
interaction and interstitial-substitutional interaction 
have been detected and some quantitative measure- 
ments have been attempted.?.4 They were not done 
with the same completeness as the work of Powers and 


The 


important feature which these studies have pointed 


Doyle, however, and are therefore less certain 


out is that there are too many independent parameters 
for the successful use of one peak alone, say the Snoek 
peak. It has been an essential feature of their success 


that use was made not only of the ordinary peak, i.e. 
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that associated with isolated single atoms, but also of 
the 


the paired or bound atoms. This is the point we wish 


“extraordinary” peak, i.e. that associated with 
to bring into a discussion of the interstitial—-dislocation 


interaction. 


INTERSTITIAL DISLOCATION INTERACTION 

The preceding observations of the pair interaction 
lead one to believe that damping measurements might 
the interaction between 


be useful in observing 


interstitials and dislocations. If such interactions do 
exist, one might expect that there would be, at any 
temperature, equilibrium partitioning of the inter- 
stitial the lattice. 


Measurements then ought to give one data from which 


between dislocation and normal 
both the energy of attraction and the rate of diffusion 
of the interstitial in the vicinity of the dislocation 
might be measured. 

There are two damping effects which one might hope 
to use to examine the interstitial—-dislocation inter- 
action in alloys of Fe with Cand N. One of these is the 
“cold-work”’ 


Snoek peak; the other is the so-called 


peak (°.%) Measurements of both of these effects have 
been reported and interpretations have been made in 


We will 


attempt to give an overall picture of the entire process 


terms of an impurity—dislocation interaction 


using published results along with numerous new data 
obtained by us. 

The two damping peaks just referred to, the Snoek 
peak and the cold-work peak, are illustrated in Fig. 1. 
These peaks were obtained for a sample of iron 
containing a little more than 0.01 wt.°,, C. The Snoek 
peak is seen as it appears in annealed iron or iron 
freshly cold-worked. The cold-work peak appears 
between 200 and 250°C for a frequency of about 1 ¢/s. 
Its position does not depend much on degree of 
deformation; this sample had been deformed 25 per 
cent by drawing and had been aged at 350°C for 30 
min. The two peaks do not commonly appear at the 
same time so they are not shown as a continuous 
curve. The two peak heights do not bear any par- 
ticular relationship in this figure though they are for 


the same specimen 


The Snoek peak 

The Snoek peak has one particular attribute which 
makes its use significant in the present investigation; 
namely, that the magnitude of the peak is proportional 
to the quantity of interstitial present in the normal 
lattice. Hence, this peak is useful in determining both 
the composition of the alloy prior to deformation and 
the partitioning of interstitial which occurs as the 


deformed alloy is annealed. Such an experiment may 
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Cold-work peak 
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Fic. 1. The 


deformed iron containing 
be carried out in the following way. A wire of iron is 
carburized (or nitrided) at elevated temperatures and 
A 
measurement of the Snoek peak for C at 40°C (or at 
24°C for N) for a frequency of 1 c/s enables one to 


quenched to retain the interstitial in solid solution. 


measure the C (or N) present in solid solution. The 
wire is now deformed to introduce dislocations. There 
is no great change in the Snoek peak at once (several 
investigators have suggested to the authors that small 
changes in peak position and peak height do occur, but 
we have never been sure that this is so). If such a 
deformed specimen is held at room temperature or 
above, however, the Snoek peak does decrease as the 
interstitial leaves solid solution. 

There are three aspects of the ageing after defor 
mation (strain ageing) which are important. First, 
there is the question about the nature of the inter 
stitial it There are 
of 


on 


gets to the dislocations 
On the 


mechanical-property experiments he carried 


after 


several papers on this subject. basis 


out 
lightly deformed iron single crystals, Kunz was 
convinced that, after ageing below 100°C, C formed a 
’ At 115°C he felt that the 


segregation changed, perhaps to 


Cottrell atmosphere.” 
of the 


massive precipitate. 


character 


Recent observations with an 
electron microscope by Suzuki and ‘Tomono show that 
precipitates do form in lightly deformed iron—carbon 
at 100°C.) The fact that 


precipitates are readily resolvable at 100°C cast some 


solid solution these 


doubt on the complete reliability of Kunz’ observa 
tions, but the two works are in general agreement at 
the higher temperatures. Secondly, the kinetics of 
isothermal segregation to dislocations is of importance 


0 studied the time 


Harper", and later Koster al. 
dependence of segregation of interstitials in deformed 


This 


iron and found that they left solution as f° 


Snoek peak and the 


old wo 
amount 


small 
two-thirds powel law Was interpreted hy the m to le 
consistent with diffusion of the interstitial down th 
strain field of the dislocation to the core which acts 
Bangert and 


this 


like a line sink 
Hahn” will be 


doubt 


(The papel by Koster 
K BH 


expressed 


referred to as in paper 


this 
( ided. 1] 


Finally, there is the question of the equilibrium which 


has been about 


this 


Recently, 


and issue is. not 


interpretation, 
is finally established between the interstitials in the 
dislocations and those in the free lattice. Fortunately 


this is not directly a function of the kinetics, but it is 

certainly a function of the type of precipitate 
Several measurements of this equilibrium have been 

The first of 


Dijkstra who observed that the 


made for both C and N in deformed iron 
these was made by 
equilibrium solubility was lower in strain aged iron—N 
alloys than in quenched-aged alloys of the same 
(12) Later Leak Thomas 
KBH using N-C 
repeated these measurements in more detail 

ot 


Several pieces of 


composition and using 


iron—N alloys and an iron alloy 


These 


with a number measurements of 
Fig. 2 
First 
ot 
precipitates Fe.N and Fe, 


results. together 


our own are given In infor 


mation are given here there are the solubilities 
N 
N and of C 
(The equations of thes 


the 


in undeformed iron in equilibrium with 


in equilibrium 
with carbide lines 
differ slightly They 


represent the best fit for numerous data taken from 


from those in literature 


the literature together with new unpublished data of 


our own. This compilation of data will be published 


later.) Secondly. there are data from several sources 


on equilibrium in deformed iron 


All these data for deformed iron show a generally 


consistent trend the solubility of the lattice in 


deformed iron is less than the equilibrium with pre 


cipitates which normally form at that temperature 
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The solubility of N and C in iron in equilibrium 
and with 


Fic. 2. 


with the dislocation 


normal precipitates 


precipitate complexes. 


Thus Dijkstra reports that N in deformed iron has 
than that in 


300°C, 


a lattice solubility considerably less 
Fe,N 
Leak find the lattice solubility for 
200°C to be 


equilibrium with above Similarly 


Thomas and 


deformed iron at temperatures below 


than that in equilibrium with Fe,N formed 
below 200°C. The data of Keefer“ and of KBH show, 


that the lattice solubility of C in de- 


lower 


furthermore, 
formed iron is lower than that in equilibrium with the 
carbide formed between 200 and 500°C. This plot, by 
the way, gives good evidence that the iron of KBH 


must not have contained much N, but must have 


contained mostly C. This is so since the agreement of 


their data with that of Keefer, who had only C in his 
iron, is very close. 
Keefer is thought to be on the normal solubility line 
because of the way he carried out his experiment. He 
took his deformed sample to 450°C at once with no 
intermediate anneal. He believes it possible that the 
dislocations annealed out before the C could diffuse to 
them in sufficient quantity to stabilize their geometry. 
K BH on the other hand, heated their specimens more 


The highest datum point of 
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slowly at lower temperatures. Their data, too, jump 
up to higher values at about 550°C. 

Although these data show qualitative consistency, 
If the 


number of dislocation sites for C or N is much larger 


interpreting them in detail is not so easy. 


than the number of C and N atoms, one might expect 
the lattice solubility in deformed iron to obey an 
equation of form 


C OF 


exp (—AH/RT) (1) 
The 


lattice solubility of interstitials in equilibrium with 


where AH is a constant, the binding energy. 


those in dislocations would then be entirely analogous 
with the solubility in equilibrium with precipitates. 
If such were the case, the binding energy for N in 
dislocations would be about 0.35 eV per atom (Thomas 
The 


binding energy for C to dislocations would be less than 


and Leak) to 0.45 eV per atom (Dijkstra). 
this, about 0.2-0.25 eV per atom (Keefer and KBH). 
This is somewhat disturbing since it means that the 
binding energy to dislocations is no greater than the 
heat of solution of the corresponding precipitates 
though the absolute solubility is lower. 


Two attempts have been made to rectify this 


problem. One of these is the method of Thomas and 


Leak"), 


They suppose that the number of trapping 
sites is dependent on temperature and they attempt 
to determine this temperature dependence by fitting 
their data to a mass-action law which they write for 
this situation. When they do this, they are able to get 
self-consistency by assuming that the binding energy 
is about 0.8 eV per N atom; a value which is very 
close to that calculated by Cochardt et al."®. If such 
a method be applied to the data of Keefer for C, it is 
again possible to derive a higher binding energy; a 
of 0.75 eV 


there is no independent way of deciding the merits of 


value can be obtained. Unfortunately, 
this method except that it does yield a value more 
the 


explain at all the sharp discrepancy between the 


consistent with calculated value. It does not 
solubility levels of Dijkstra and those of Leak and 
Thomas (a discrepancy not mentioned by the latter 
in their analysis). The solid circles in the upper part 
of this plot are data points obtained by us for N in 
deformed iron. They agree with Thomas and Leak 
at low temperatures and depart from their data at 
higher temperatures; the points at 250, 300 and 350°C 
fall below the Fe,N solubility line. This behavior leads 
us to believe that precipitates are important and that 
they cannot be neglected in quantitative discussion 
of the impurity atmosphere. 

The second attempt to solve this problem is that of 


Beshers“®, He likened the equilibrium of impurities 


05; 
Fe,N Fe,N 
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dislocation to a Fermi distribution. An 
the 
corresponds to the lowest energy in the 
distribution. Other impurities at a distance from the 


core are bound less tightly; they correspond to atoms 


in the 


impurity at core is most tightly bound; it 


Fermi 


farther up in the Fermi distribution. At absolute 
zero, N, impurity atoms would arrange themselves in 
the Ny, lowest states; the energy of the atom bound 
least tightly would be the “Fermi energy’. At 
temperatures the thermal 


energy of the atoms is sufficient to make the occupa- 


above absolute zero, 
tion of states near the Fermi level a fuzzy distribution; 
and at high enough temperatures, all states are 
readily accessible. In principle, one could completely 


solve the problem by knowing two quantities: the 


density of states curve and the total number of 


impurity atoms. (This would then fix the Fermi 
level.) Beshers attempted to fit his expressions to the 
data of KBH and compared his results to the method 
of Thomas and Leak. Beshers was not able to cal- 
culate the Fermi energy, but he did suppose that the 
core binding energy was about 0.55 eV per atom. He 
assumed this was for both C and N since he believed 


that KBH had both present (as has been pointed out, 


they apparently were dealing mostly with effects of 


C). He was aware of the great difference in absolute 
solubility between data of KBH and Thomas and 
Leak but thought that this was an impurity effect. 
The analysis of Beshers is more satisfying in principle 


than that of Leak and Thomas, but the finding of 


energy levels and the population of these levels is still 


uncertain. 


The cold-work peak 

The above difficulty in ascribing unequivocal values 
to the parameters describing interstitial—dislocation 
interactions apparently cannot be completely resolved 
using the Snoek peak alone. It is, therefore, of impor- 
tance to see if the cold-work peak can offer extra 
information. We will first summarize the facts known 
about this peak, then we will present the new facts 
which we have learned about it. 

Previous work on this effect has been reported by 
Snoek first the effect.” He 


reported that in cold-worked iron containing C and N, 


three groups. saw 
the normal Snoek peak (or peaks) was unstable. It 
quickly disappeared after ageing in the range 20 
350°C. 
Snoek peak in deformed iron, another damping peak 


Concurrently with this ageing away of the 


arose at about 200—250°C for a frequency of about | 
c/s. It is not necessary that both C and N be simulta- 
neously present in deformed iron to produce this peak. 


Either one alone is sufficient. Ké and Snoek showed 
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DISLOCATIONS 407 


that N alone will produce it; in the present work, 
we show that C alone will produce it. 

The most extensive piece of work so far done on this 
peak was that of KBH. 


significant since they examined both the Snoek peak 


Their work is especially 


and the cold-work peak. Two major facts were 


discovered by them. First of all, for small enough 
interstitial content, the Snoek peak before deformation 
has about the same magnitude as the fully formed 
cold-work peak after deformation. This implies that 


the energy loss in the cold-work peak is caused by 


motion of individual interstitial atoms in deformed 


regions of the lattice in a way rather analogous to their 
motion in producing the Snoek peak. Secondly, they 
find that for a given deformation, the cold-work peak 
reaches a maximum height as the interstitial content 
is increased; then it stays constant as the interstitial 
content is increased still further. 

The net 


observations is 


conclusion which we draw from these 


that the 
caused by the motion of interstitial atoms in the 


cold-work peak must be 


vicinity of a dislocation, i.e. the Cottrell atmosphere. 
K BH, indeed, propose even a more detailed model in 
which they suppose that their peak is caused only by 
the interstitials in the core of the dislocation: these 
core-interstitials are forced to make place changes as 
the dislocations attempt to glide under the action of 
the applied stresses. This would explain the relative 
sharpness of the cold-work peak, i.e. it is nearly a 
One is left with the 


explaining why the atoms in the atmosphere away 


unique process. necessity of 
from the core make no contribution to the damping 
Our belief is that they are there and that they do 
contribute but that their contribution is smeared out 
over the entire temperature interval between the 
Snoek peak near room temperature and the cold-work 
peak near 225°C. It is possible that the population of 
states at a given energy away from the core is not 
sufficiently great to produce an observable peak atany 
temperature in this interval 

Our chief experimental observations of the behavior 
of the cold-work peak are in two areas. First, we have 
determined that the peak is observed for either C and 
N alone; and secondly, we have determined some of 
the factors involved in the development of the peak 
and in the eventual disappearance of it because of 
recrystallization. 


The first of these is shown in Fig. 3. Here is seen the 
cold-work peak for a deformed specimen containing C 
These 


specimens In a 


and another containing N specimens were 


prepared by treating mixture of 
hydrogen and n-heptane and hydrogen and ammonia 


respectively. The method of heat treatment is given 
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Temperature 


3. 


in detail elsewhere. The specimens were then 
deformed by drawing them through a die at room 
temperature. The reduction in area was about 25 per 


the final diameter was 0.026 in. The cold-work 


cent; 
peak was then developed by heating the wires to 250°C 
for a short time; the peak was then measured. 

It is apparent that the peaks for both C and N are 
about the same height for the same initial concen- 
tration of C and N. Also, they appear at about the 


We the 


energy for C to be 


have determined acti- 


33.000 


same temperature. 
vation about about 
3.000 cal/mole; that for N has also been found to have 
means that the relaxation time, 
the 15 


is rather astonishing that 


this value.‘® This 
expression 7 10 exp 


the 


given by 

(+33,000/RT). It 
activation energy for this peak is about the same for 
both C and N though the activation of the Snoek 
peaks for C and N differ by about 2500 cal/mole (for 
C this is 20,100 cal/mole and for N 
17,600). This must mean either that C and N are more 
that the 


dislocation itself plays an overriding role. It is 


IS 


about about 


alike in the dislocation or nature of the 
interesting to note that this energy, 33,000 cal/mole, 
is about the same as that which has been measured 
for C diffusion in y-iron. This may be simply coinci- 
dence or it may have real significance. Okazaki 
assumes that it is no accident; and taking this fact 
together with many observations of damping effects 
in f.c.c. iron alloys made by Ké, he proposes that 
deformation of iron produces regions of y-iron."” The 
C which diffuses into these regions then produces the 
cold-work peak. There is no additional evidence 
which firmly supports his view; but if the similarity 
just coincidence, it is an 


of activation energies is 


intriguing one. 


Cold work peak for a deformed Ke C alloy 


and a deformed Fe—N alloy. 


The second set of observations we have made, those 
of development of the peak and its later decline 


during recovery and recrystallization, may most 


conveniently be divided into two parts: the measure- 
ments on C alloys and those on N alloys. Both alloys 
showed some similarities and some differences which 
seem significant to us. 

One of the most striking features of the C alloys is 
the way in which the cold-work peak develops after 
deformation and annealing. It has been supposed that 
as the C atoms leave solution, they enter the atmos- 
phere around the dislocations. Hence, if the cold-work 
peak is a linear function of C concentration in the 
dislocation, as KBH have supposed, the Snoek peak 
and the cold-work peak should have a reciprocal time 
dependence. That this is not so is demonstrated in 
Fig. 4, where the time dependence of the maximum of 
the cold-work peak is given for ageing at 240°C after 
the Snoek peak has been completely aged away at 
It that the 
continues to develop long after the Snoek peak has 


can be seen cold-work peak 


virtually disappeared. Snoek apparently observed 
this effect, too, in a qualitative way. He said that an 
at 350°C needed to 


stabilize’ the cold-work peak. 


ageing treatment of was 


The existence of this phenomenon is important in 
several regards. It apparently means either that the 


C disappearing from solid solution does not all go 


directly to the dislocations (but actually does 


eventually get there) or that the C does go directly to 
dislocations and shifts around somewhat after it gets 
there. This is important because the interpretation 
of the ¢’3 law by Harper requires that all the C go 
directly to the dislocations. If this does not oceur—if 
the C after it reaches the 


changes its. state 
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A height of cold-work peak 


Aged at 240°C 


10 
(hours) 


Ageing Time 


Fic. 4. A demonstration that the cold-work peak and 
the Snoek peak are not simple This 
specimen had been aged at 100°C until the Snoek peak 
had completely disappeared. The cold-work peak had, 
however, not yet completely developed; some 5 hr 
at 240°C was required to develop the peak to its full 
During this time at 240°C the Snoek peak did 


recipre cals. 


height. 
not change. 
servable for long times at 240°C will be discussed later.) 


(The overageing of the cold-work peak ob 
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The ageing away at 300°C of the 


peak for an Fe—N alloy 


After initial 


a 
deformation 
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/ 


ea 


Redeformed % / 
2% 
28 days 


Aged at 350° for 


100 
Temperature 


dislocations—precipitates on the dislocations or in the 
bulk lattice must play an important role both near 
room temperature and 250°C. Thus, Harper’s calcu- 
lations of dislocation densities may be in serious error. 

The growth of the cold-work peak for dilute Fe—N 
alloys is about the same as for the Fe—C alloys. After 
the Snoek peak disappears, the cold-work peak is 
found. One major difference is found, however; by the 
, it has 


‘ 


time one measures the cold-work peak at 225° 
already reached its maximum value. We have never 
been able to make the first reading at 225°C rapidly 
enough to catch this peak on the rise. We believe 
that this is not caused by faster diffusion of N, for N 
diffuses only a little faster in the bulk lattice than C 


Fic. 6. The cold-work peak is reversible. A sequence 
of measurements a—b—c shows that the initial cold-work 
peak which disappears after prolonged ageing, may be 


restored by further deformation after ageing 


does. We believe rather that the higher solubility of 


N in equilibrium with its normal precipitates must 
make mass transport of N faster; thus, equilibrium 
can be established faster between N dissolved in the 
lattice, N in the dislocation atmosphere and N in 
precipitates 

KBH 


annealing 


The cold-work peak Is itself not stable 


showed that it disappeared steadily as 


temperatures are raised It finally disappears 
completely (for Fe-C) around 600°C when the metal 
Our data 
For Fe—N 


alloys the decay of the cold-work peak is even faster 


has presumably recrystallized completely 


show this, too, for Fe—C alloys, see Fig. 4 


as the curves of Fig. 5 show. We have made isothermal 
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Fic. 7. The precipitates formed in deformed Fe—N alloys after prolonged ageing at 250°C, a and 6, have 
quite a different morphology than the normal Fe,N and Fe,N, ¢ and d. (c and d are copied from Ref. 12), 
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anneals of Fe—N alloys at 300 and 350°C and from them 
have that the 
disappearance of the peak is about 60,000 cal/mole. 


determined activation energy for 
This is about the same as that for self-diffusion in Fe. 
It seems, therefore, quite possible that the controlling 
factor in the decay of the peak is the climb of the 


dislocations into more stable arrays with less disloca- 


tion length. The entire process can be repeated; if 


dislocations be now put back into the lattice, the 


cold-work peak reappears, as the sequence in Fig. 6 
shows 

No thorough study has been made of the precipi- 
tates which appear along with the growth and decay 
cold-work KBH show one optical 


of the peak. 


micrograph of a precipitate at a very late stage of 


We have not investigated deformed Fe—C 
N alloys 


No precipitates were observable during 


annealing. 


alloys, but we have examined some Fe 
optically. 
early and intermediate stages of annealing at 250°C; 
but with long enough anneals at this temperature, a 
finely divided precipitate was observed. This precipi- 
tate did not look the 


pattern similar to that shown in Fig. 7 was observed 


same in all grains, but a 
in many regions of several samples. This precipitate 
is quite different in structure from the Fe,N and Fe,N 
observed in annealed alloys, Fig. 7. Nevertheless, the 
precipitate is apparently Fe,N, at least at 250°C and 
above. That this is so can be 
Fig. 8; along with the formation of the precipitate, 


the solubility in the lattice (as determined by the 


300 200 °c 


0010 0025 


0020 


Fic, 8. The precipitates a and 6 in Fig. 7 are presumably 

Fe, N since their solubility at 250°C and above corre 

sponds rather closely to that for Fe, N in 
annealed iron. 


normal 


seen from the curve of 
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Snoek peak) has now increased to a level characteristic 


of Fe,N at these temperatures. 


GENERAL DISCUSSION 

The observations made in the preceding sections 
(both those from the literature and the new ones 
presented here) are incomplete in the sense that it is 
not possible to make a picture of the entire strain 
ageing process which is true beyond doubt. Neverthe- 
less, it does appear that a logical picture can be made 
which does not contradict any of the known experi- 
facts. 


mental At the same time it may point to 


further crucial experiments which might clarify 
certain points. 

The detailed picture we propose is the following: 
The cold-work peak must be a manifestation of the 
motion of the dislocation—Cottrell atmosphere under 
stress. This may be after the model of KBH, perhaps 
some other; details of this are not essential to an 
understanding of the metallurgical processes involved 
in the total picture of the formation of the atmosphere 
and the final precipitates. The cold-work peak begins 
to develop as soon as C or N atoms leave the solid 
solution to become a part of the atmosphere around 
the dislocation, perhaps chiefly in the core. For very 
dilute solutions, say as low as 0.002 per cent C or N, 
the dislocations may absorb nearly all the C or N in 
this way (as the low temperature annealing measure- 
ments of KBH show). 


stitial (and even for these small amounts after longer 


For larger amounts of inter- 


ageing) precipitates must form since the sum of the 
Snoek and cold-work peaks now does not add up to 
the initial amount of interstitial known to be present 
(see for example Fig. 9 of KBH). These precipitates 
are probably nucleated in the dislocations and the 
dislocations may well influence the morphology of the 
precipitates. 
At this state 
the 
interstitials must occur. Some must be in precipitates; 


this is prior to the decaying away of 


cold-work peak—a three-way partitioning of 
this part is immovable and does not contribute to 
either peak. Some must be in the normal or nearly 
normal lattice: this gives a contribution to the Snoek 
The rest 


butes to the cold-work peak. 


peak. must be in dislocations; this contri- 
These three must be in 
thermodynamical equilibrium. In_ particular, the 
number of interstitials in the dislocations, call this n,, 
must be related to the number of lattice interstitials, 


n,, by an expression 
An, exp (E,/RT) (2) 


Na 


where A is a constant, independent of temperature. 


This equation ought to be a reasonable representation 
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of the facts when n, is much smaller than the available 
number of possible dislocation sites. * 


From the data of KBH, we can test equation (2). 


Fig. 9 shows the log of n,/n, plotted as a function of 


g. 
1/7 for data in their Fig. 9. The slope of this line gives 
E,; itis ~0.5 eV per atom. The constant, A, has the 
value 2 x 10-4. 


dislocation sites to possible normal lattice sites, it is 


Since A is the ratio of possible 


0022 
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Fic. 9. The ratio of the number of interstitial atoms 

in dislocations to that in the normal lattice sites as a 

function of temperature. The data are estimated 

from Fig. KBH. The slope of the line givesa binding 
energy of about 0.5 eV. 


possible to get an estimate of the dislocation density 
by supposing that the only dislocation sites are core 
sites and that there is only one core site per atom 
length of dislocation. If this be done, the dislocation 
density is about | 10! lines/em? for the specimen 
of KBH deformed 33 per cent. This is about 3 times 
larger than the value they estimated by another 
method. 

It should be emphasized that equation (2) is an 
approximation which depends on its validity that the 


population in dislocation sites is always much less than 


* The more general expression is 


exp (£,/RT) 

vt N I 
where is the total number of possible dislocation sites and 
N is the total number of possible lattice sites. This expression 
is derived by INMAN and TripLer, Acta Met. 6, 73 (1958) 


INTERSTITIALS WITH 


DISLOCATIONS $13 


lower 
KBH 


the value 


This the 


in fact, 


not be true at 


the 


one per site. may 
calculations of 
Nevertheless, 


for E,, of nearly 0.5eV per atom is a reasonable one 


temperatures; 
depend on this not being so 


It also is pointed out that this analysis may apply to a 
mixture of C and N in the lattice since KBH did not 
know the composition of their alloy (though it 
appears from comparison with our results that it was 
more C-like than N-like). It 
that the 
function of temperature 
the 


demonstrated 


should furthermore be 


dislocation sites is not a 


This 


temperatures 


true number of 


may not be strictly 


higher since we have 


that 


true at 


recovery takes place in long 
periods of time even at 225°C (Fig. 6). 
One of the 


application of equation (2) to the experimental data 


most troublesome features of the 
is the enormous difference in jump rate between those 
the 
At the temperature of the cold-work 


the 


interstitials in normal lattice and those in dis- 


location cores 


225 


about 22: normal 


Hence 


say 5-10 


peak, the interstitials in 
lattice will make about 10° jumps per second 
during the period of a measurement at 225°C, 
min at the least, the lattice interstitials will be able to 
move at 104 atom distances They should, therefore 
be able to re-establish the equilibrium characteristic of 


225°C 


irrespective of the previous temperature of 
The KBH, as we 


indicates that this is not so, though our interpretation 


anneal.t data of interpret it 


could be in error. Further experiments are needed to 


establish this fact more securely. It is worth noting 
that this effect is not peculiar to the interstitial—dis- 
location interaction, but exists for all interactions. A 
constant temperature measurement, 1.e. strain relaxa- 
is the only strictly 
difficult 


times 


tion instead of internal friction 


but this is an extremely 


the 


precise method; 


measurement to make if two relaxation 


differ by orders of magnitude. 


REFERENCES 


KE, Phys. Rev 
. W. Powers and 
Vin. (Metall Kenar 
AstrRoM, Ark 
L. J. DisKsTRA and 
Min. (Metall Eng 1953 
J. L. SNoEK, Physica, s°Gr 8, 711 (1941 
T. S. KE, Trans Vin (Meta 
$48 (1948 
F. W 1955 


3, 126 


KUNZ, Acta 


This conclusion wi also arrived at independent! by 
D. N. Beshers, who has 
+ Note 
Késter has stated to the 
felt that their heat treatments had given them an alloy nearly 
free of N in spite of a small initial content of N; as 
of their belief they cited everywhere in their paper the C peak 
at 40°C We that they their data 


excellently with our 


m with the authors 
ommunication, W 
K BH work, they 


cussed the proble 
added proof In a 


authors that in the 


private ¢ 


evidence 


correct, since 


alloy 


believe wert 


correlate 


1000 400 300 200°C 
| | 
| | 
| 
| 
100 
| 
| | 
n | 
0 
10} 
— 
— 
2 1 Inst 
Inst 
6 146, 
yi 


ACTA METALLURGICA, VOL. 9, 1961 


T. Suzuki and Y. Tomono. J. Phys. Soc. Japan 
1959 
1959) 


9. S. Harper, Phys. Rev. 88, 709 (1951) 


10. W. Koster, L. BANGERT and R. Hann, Arch 


hiittenw. 25, 569 (1954). 
Ham, J Phys 30, 915 (1959 

12. L. DiskstrrRa, T'rans. lone? Inst. Min. (Metall 
185, 252 (1949) 


W. RK. THomas and G. W. LEAK, Proc. Phys. Soc. Lond. 


B 68, LOOL (1956). 


D. Keerer, M. C. Thesis, Univ. of Illinois (1957) 


. A, CocHARpDT, G, SCHOEK and H. WIEpDERSICH, Acta Met. 
3, 533 (1955). 


.N. BesHers, Acta Met. 6, 521 (1958). 


N. OKAzaKa, Mem. Inst. Sci. Ind. Res. 15, 67 (1958). 


114 
160097 
6. 
Engrs 
Vol. 9 
1961 


MECHANICAL PROPERTIES OF TELLURIUM SINGLE CRYSTALS* 
R. J. STOKES, T. L. JOHNSTON and C. H. LI} 


The mechanical behavior of chemically polished tellurium single crystals have been determined for the 
three following orientations. I tension direction parallel to [1120], Il parallel to [1010] and 
III parallel to [0001] direction. 

Slip occurs in the (1120) directions over {1010} planes which are also the planes of cleavage. Specimens 
favorably oriented for slip (i.e. IT and II) are extremely soft (critical resolved shear stress, 300 Ib/in?) and 
ductile (exceeding 20 per cent elongation), providing great care is taken in their preparation and 
handling. For crystals of orientation I the active slip plane rotates towards the plane of maximum shear 
stress favoring continued single slip. For orientation LI, reorientation during plastic flow raises the stress 
on the inactive plane and favors duplex slip. A higher rate of work hardening for orientation II than 
for I and the appearance of slip bands for the two orientations are consistent with this expected difference 
in slip behavior. 

For orientation III there is no shear stress over {1010}, these specimens are strong and brittle Chey 
can support normal stresses of 20,000 lb/in? without plastic deformation 

The deformation and fracture characteristics for each orientation can be correlated with the anisotropy 
of the chemical bonding in tellurium. The nature of the dislocations and their interactions are also 
discussed. 

PROPRIETES MECANIQUES DE MONOCRISTAUX DE 

Le comportement mécanique de monocristaux de tellure polis chimiquement a été déterminé pour les 
trois orientations suivantes: | direction de la tension paralléle & {1120}, II est paralléle a {1010} et ITI 
paralléle a [000] 

Le glissement intervient dans les directions (1120) sur les plans {1010} qui sont également les plans di 
clivage. Les échantillons favorablement orientés pour le glissement (c.a.d. I et Il) sont extrémement 
doux (tension de cisaillement critique, 300 lb/in*) et ductiles (allongement supérieur & 20°), a condition 
que l’on prenne grand soin au cours de leur préparation et leur manipulation. Pour les cristaux di 
lorientation I, le plan de glissement effectif pivote jusqu’a s’identifier au plan de la tension de cisaill 
ment maximum qui favorise le glissement simple continu 

Pour l’orientation II, la réorientation au cours de la déformation plastique augmente la tension sur Ik 
plan inactif et favorise le glissement double. L’ observation dune plus grande vitesse de durcissement 
apres déformation pour l’orientation II que pour lorientation I et apparition de bandes de glissement 
pour les deux orientations sont en accord avec la différence prevue poul leur comportement au cours du 
glissement. 

Pour lorientation III, il n’existe pas de tension de cisaillement pour {1010}, ces échantillons sont 
résistants et fragiles. Ils peuvent supporter des tensions normales de 20,000 lb/in® sans déformation 
plastique. 

Les caractéristiques de déformation et de rupture pour chaque orientation peuvent etre interpretees 
en fonction de l’anisotropie de la liaison chimique dans le tellure. L’ auteur discute également de la naturs 
et des interactions des dislocations. 

MECHANISCHE EIGENSCHAFTEN VON TELLUR-EINKRISTALLEN 

Das mechanische Verhalten von chemisch polierten Tellur-Einkristallen wurde fiir folgende drei 
Orientierungen untersucht. I Zugrichtung parallel [1120], I parallel [1010] und II] parallel 
zur [0001 |-Richtung. 

Gleitung tritt in den (1120)Richtungen auf {1010}-Ebenen auf, diese sind auch die Spaltebenen 
Proben, die fiir Gleitung giinstig orientiert sind (d.h. I und I1), sind extrem weich (kritische Schubspan 
nung 300 |b/in? 200 g/mm?) und duktil (mehr als 20°, Dehnung), vorausgesetzt daB sie sehr sorg 
faltig hergestellt und behandelt worden sind. Bei Kristallen der Orientierung I dreht sich die aktive 
Gleitebene zur Ebene der maximalen Schubspannung hin und begiinstigt fortgesetzte EKinfachgleitung 
Bei der Orientierung IT erhéht die Orientierungsinderung wahrend des plastischen FlieBens die Span 
nungskomponente in der inaktiven Ebene und begiinstigt Doppelgleitung. Ein gréBerer Verfestigungs 
anstieg bei Orientierung II als bei | und das Auftreten von Gleitbandern der beiden Orientierungen 
stimmen mit den erwarteten Unterschieden im Gleitverhalten tiberein 

Bei Orientierung III gibt es keine Schubspannung in {1010}-Ebenen; dies« Proben sind fest und 
spréd. Sie halten ohne plastische Verformung Normalspannungen von 20000 Ib/in® aus 

Das Verfestigungs- und Bruchverhalten aller Orientierungen kann mit der Anisotropie der chemischen 
Bindung in Tellur in Zusammenhang gebracht werden. Die Natur der Versetzungen und ihre Wechsel 


wirkungen werden diskutiert. 


1. INTRODUCTION structure consists of a hexagonal array of spiral chains 
Tellurium like selenium is a semiconducting element — of atoms lying parallel to the c-axis, or [0001 ]direction, 
with a rather unique crystal structure. Basically the Within the chains the bonding is covalent but cross 


linking the chains it is partially Van der Waals and 
* Received August 1, 1960. , 
+ Honeywell Research Center, Hopkins, Minnesota. 
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partially metallic in nature.” It will be convenient 
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at this stage to neglect the spiral nature of the 
chains and to regard tellurium as a simple hexagonal 
structure as in Fig. l(a). As may be anticipated from 
the anisotropy of the bonding both cleavage and slip 
can occur over the same set of planes, the {1010} 
’ In the past slip has generally 
1120 


an assumption confirmed by the observations des- 


class | prism planes.“ 
been assumed to take place in the direction, 


cribed below. 


(1010) 
SLIP 
PLANE 
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Tests have been conducted on specimens of the 
1(b). 
Specimens of both orientations I and II have two 


three specific orientations indicated in Fig. 
equivalent {1010} slip planes subjected to the same 


resolved shear stress (7,,,), while over the third slip 


res 
plane the shear stress is zero. However, there is a 
their 


respective tendency for multiple slip. For orientation 


difference between these two orientations in 


I the two {1010} planes are initially equally inclined 


VAN DER WAALS 


[1120] 


NT 


SLIP DIRECTION 


Tres, 0.4330 Tres, 0.4330 


ORIENTATION IZ 


ORIENTATION T 


Fic. 1]. (a) 


crystal structure indicating slip components, 
of the 


tallographic orientation 


ORIENTATION III 


A simple representation of the tellurium 


(b) Crys- 


three types of 


specimen used, 


The only detailed examination of the mechanical 
properties of tellurium previously reported in the 
that of Schmid 
These authors tested cylindrical crystals grown from 


literature is and Wasserman"), 
the melt in tension and bending. They found tellurium 
to be completely brittle in tension for all orientations 
the 
following the normal stress (across {1010!) criterion 
Their 
under bending loads 


More 


more 


at room temperature, with fracture strength 


for most orientations. measurements are 
reproduced in Fig. 2. Only 
could they detect any measurable plasticity. 
Lovell et al. the 


microscopic aspects of plastic flow in this material. 


recently have examined 
They showed using an etch pit technique that a high 
density of slip dislocations lying in the {1010} planes 
could be produced readily by indenting or scratching 
the surface lightly at room temperature. 

In the present paper observations on the mechanical 
behavior of high purity tellurium single crystals 
tested in tension will be described. For this investiga- 
tion special care has been taken in the surface pre- 
paration and handling of the crystals, for recent 
experience has shown that the mechanical properties 
of brittle crystals are extremely sensitive to their 
surface condition. 


at 60° to the tension axis. 


ing plastic flow causes the active slip plane to rotate 


teorientation accompany- 


towards the plane of maximum resolved shear stress 
(at 45° to the tension axis) and the inactive plane to 
rotate away. The resolved shear stress over the active 
plane increases while the shear stress over the inactive 
{1010} plane decreases. Thus, once slip starts on a 


given plane in a given region it continues and single 


3.2 


2 


TENSILE STRENGTH~Kg/mm 


Fic. 2. Tensile strength of tellurium 
function of 7, the angle between the tensile axis and 
class I prism plane. (After Schmid and Wasserman’’). 
[, II and III indicate orientations used in present work, 


ery stals as a 
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— 
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slip prevails to large extensions, theoretically 73 per 
cent elongation. For orientation II on the other hand, 
where the two {1010} planes are initially inclined at 
30° to the tension axis, reorientation decreases the 
shear stress on the active plane but increases it on the 
inactive plane. This orientation favors duplex slip 
from the onset of plastic flow, and the crystal main- 
tains its original alignment with respect to the tensile 
axis. This effect of orientation on the deformation 


behavior of beryllium single crystals undergoing 
prismatic slip has been described by Tuer and Kauf- 


mann"), 


Fic. 3. Sequence illustrating the preparation of 

tensile specimens (bottom right) from the large 

single crystal (top) by acid cutting and polish 
ing. 1.5 


When specimens are tested in orientation III 
(Fig. 1b) the {1010} planes have neither a shear nor 
a normal stress acting across them. It is of interest to 
compare the deformation and fracture characteristics 
of this orientation with the other two and to correlate 
this with the anisotropy of the bonding. 
2. EXPERIMENTAL PROCEDURE 

Single crystals of high purity tellurium have been 
T. J. Davies 


of this laboratory. The details have been described 


grown by the Czochralski technique by 


elsewhere.“ All crystals were grown in a direction 


parallel to the c-axis and variation in the growth rate 


produced crystals from a diameter of | in. at one 


extreme to } in. at the other. 
Tension specimens were cut from the bulk single 


The 


satisfactory solution for cutting purposes consisted 


crystals by an acid sawing technique. most 
of 200 g¢ of chromium trioxide dissolved in 200 em?* 
of water and 10 cm? of hydrochloric acid. The solution 


was stored in Teflon reservoirs and was transferred to 
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the crystal by a stainless steel cutting wire which 
forth Teflon 


To obtain specimens ot 


reciprocated back and over rollers 
dipping into the solution. 
orientations I and II the large diameter (1 in.) bulk 
crystals were initially sliced into slabs, 0.1 in. thick, 
perpendicular to the c-axis. The slabs were then cut 
into a number of rods 0.1 in. square and approximately 
1 in. in length as illustrated in the sequence in Fig. 3. 
If these final cuts were made parallel to {1010} planes 
specimens of orientation I were obtained. if per- 
pendicular to the {1010} planes specimens of orienta- 


tion II were obtained. It proved sufficiently accurate 


to judge the direction of the cuts by eye using the 
}1O10! growth faces of the large cry stals for orienting 
the slabs. For specimens of orientation III the small 
(4 in.) dia. erystals were cut into ? in. lengths. 

To minimize stress concentrations at the grips it 
was necessary to produce a reduced gauge section in 
the This 
chemical polishing technique 
first 


slowly rotated about a vertical axis for 30 min in a 


tension specimens. was achieved by a 


The ends of the square 


rods were coated with Duco cement and then 


polishing solution consisting of 100g of chromium 
trioxide dissolved in 200 em? of water and 100 em? of 
This 


reduced gauge section approximately 0.05 in. square 


hydrochloric acid. treatment developed a 


and in. to 2 in. in length as illustrated in Fig. 3. 
To retain the perfectly polished surface the crystals 
were rinsed in concentrated hydrochloric acid, then 
in methyl alcohol and finally dried in an air stream 
They were mounted in split grips with Duco cement, 
the 


instances the 


great care being taken not to touch specimens 


within their gauge length. In certain 
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{1010} cleavage surface of tellurium (a) before, 
(b) after etching. 75 


crystals were deliberately damaged within the gauge 
length by sprinkling with 200 mesh silicon carbide 
powder. They were all pulled in tension in a hard 
machine at a strain rate of 


Dislocation distributions could be revealed by 
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(1010) 
CLEAVAGE 
SURFACE 


(a) (b) (c) 


Origin of cleavage markings in tellurium. (a) 
(b) Secondary cracks in other {1010! 
(c) Splinters. 


Fic. 5. 
Cleavage steps. 
planes. 

etching in the C-P4 solution, the best results being 


obtained when the solution was cooled to 10°C. 


3. SURFACE DAMAGE 

Tellurium single crystals are very easily damaged 
by conventional handling procedures. Fig. 4 shows a 
typical cleavage surface before and after etching. 
The cleavage lines in Fig. 4(a) were generally very 
straight and parallel to the [0001] direction and 
could originate in one of the three ways considered in 
Fig. 5. As can be seen in Fig. 4(b) all of the cleavage 
lines etched readily but in addition new lines of pits 
appeared. These corresponded to the slip dislocations 
produced during the cleavage process.” In order to 
remove these dislocations from the crystal it was 
necessary to polish off a layer at least 50 w thick. 
In other words the act of cleavage introduced con- 
siderable plastic damage and microcracks into the 
surface; it was for this reason that we elected to use 
acid cutting rather than cleavage in the preparation 
of tensile specimens. It should be cautioned that the 
use of etch pit counts on cleaved surfaces will give an 
erroneous estimation of the bulk dislocation density 
in this semiconducting material. 

Local plastic deformation and surface microcracks 
the 


This was convincingly demonstrated by 


also originated from mechanical contact with 
crystals. 
sprinkling a surface with fine 200 mesh silicon carbide 
from a height of 6 in. Fig. 6 shows the effect of 
sprinkling both before and after etching; in addition 
to the many microscopic cracks, surface dislocations 
were injected at the point of impact. It will be shown 
later that the surface condition had a marked effect 
on the mechanical 
obtain measurable ductility it was essential that the 


properties under tension. To 


crystals be chemically polished and rinsed to leave a 
clean surface and then carefully handled. 
4. TENSILE STRESS-STRAIN CURVES FOR 
TELLURIUM 
(a) Polished crystals—Orientations I and II 
these 
The 


Carefully both of 
orientations were extremely soft and ductile. 


polished specimens of 


$18 
1, q | il 
| | | [0001] 
| | | | 
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Fic. 6. Damage in a {1010} crystal surface produced 


by mechanical contact. Crystal sprinkled with 100 
mesh silicon carbide from 3 in. (a) Before etching; 
60. (b) Same region as (a), after etching; 60. 


(c) A “rosette’’ in tellurium; 400 


corresponding tensile stress-strain curves are plotted 
in Fig. 7(a) and (b). The resolved shear stress has 
been corrected for the instantaneous cross sectional 
area but not for the rotation of the crystallographic 
lattice. Unfortunately most of the specimens fractured 
prematurely inside or at the grips in spite of the reduced 


gauge section so that most of the curves were in a 
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sense incomplete, this is indicated by the horizontal 
arrows. Of the four specimens which did fracture in 
length 


numbers 3 and 7 did so near the grips, so that the 


the gauge indicated by vertical arrows 
curves for specimens | and 5 only should be regarded 
as complete. Even for these two specimens cleavage 


fracture (see later) nucleated at a surface defect so 
that their respective ductilities should not be com 
pared with one another. It seems likely that the com- 
plete elimination of surface defects. by performing the 
test in the polishing solution for example, could lead 
to stress-strain curves exceeding the 47 per cent 
elongation of specimen 5 

The critical resolved shear stress (7...) measured in 
these tests was not very reproducible. In the room 
temperature tests of Fig. 7 it can be seen to lie between 
200 and 400 |b/in*. The reason for the scatter may 
be due to plastic distortion of the ery stal when mounted 
into the machine or unevenness of the cross section 


produced by polishing. A mean value of the initial 
cross section was determined with an optical micro 
scope. A number of tests have been conducted below 
room temperature to establish the temperature depen 
dence of the critical resolved shear stress, these values 
are presented in Fig. 8. 

The most significant difference in behavior between 
these two orientations was in the general shape of the 
stress-strain curves and the rate of work hardening 
immediately after yielding. For crystals of orientation 


I the curve was linear and the rate of work hardening 


approximately half that of orientation I] for which 


the stress-strain curve was nonlinear. This may be 
interpreted in terms of their difference in tendency to 
multiple slip as described in the Introduction. Slip 
line observations consistent with this explanation for 
the difference in work hardening will be described in 


the next section. 


(b) Polished crystals—Orientation II] 


Carefully polished specimens of this orientation 


were extremely strong and brittle. The stress—strain 
curves were completely elastic within the accuracy of 
the machine and if plotted on Fig. 7 would be vertical 
up to the fracture stress. Table | indicates the applied 
tensile fracture for these specimens 
(No. 16, 17 Also Table 1 for 


comparison is the normal stress across the cleavage 


stress at 
and 18) included in 
plane (o,, Fig. 1) for the four ductile specimens of 
Fig. 7 which failed within the gauge length. It can be 
seen that the strongest specimen of orientation II] 
(No. 18) fractured without deformation at a stress of 
22,000 |b/in*, approximately double the fracture stress 


of specimen No. 5 which had deformed 47 per cent, 
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1500+ (a) ORIENTATION I 


~ PSI 


PERCENT ELONGATION 


(b) ORIENTATION I 


SHEAR STRESS 


RESOLVED 


RATE OF WORK HARDENING ~ < 


ORIENTATION I = 5,000 p.s.i 
ORIENTATION = 12,000 p.s.i 


15 


it 
25 


PERCENT ELONGATION 


7. Tensile stress-strain curves for 


x ~ Polished crystals 
o ~ Sprinkled crystals 


Resolved Sheor Stress ~ PS.|I. 


* polished crystals of orientations I and IT. 


Fic. 8, Critical resolved shear stress as a function 
of temperature. 


L 
- 200 -150 -100 -50 
Temperature ~°C 


and approximately 100 times the critical resolved 
shear stress for slip over {1010} planes. In recent 
tests") tellurium whiskers of this orientation have 
been found to support a_ stress of 58.000) Ib/in? 
elastically. 
(c) Sprinkled crystals—Orientations I and II 

The stress-strain curves for polished crystals which 


had been sprinkled with silicon carbide are reproduced 


in Fig. 9. All of these specimens fractured within the 


gauge length so that the curves are complete. These 
crystals with a surface containing microcracks and 
local plastic damage (Fig. 6) were very soft and brittle, 
rarely exceeding 4 per cent elongation. The resolved 
shear stress at which permanent deformation was 


detected was lower than the critical resolved shear 


stress for polished specimens as indicated in Fig. 8, 


however in this case deformation probably corre- 
sponded to the opening up of surface cracks. The 


normal stress (o,) for fracture is also included in 


$20 |‘) | 
5000+ 
| 
5 IS 20 
3000} 30004 
000 
2500} 25004 
2000} 2000 
i500} 1500 4 
1000} 1000 + 
Pa 
500} 500 + 
@) 5 10 | 20 | 30 35 40 45 6 
x 
600 \ 
\ 
\ 
\ 
500 7 
\ 
300 
| 
200 
8 
100 fe) 
— 
50 


STOKES, JOHNSTON LI: 


TABLE 1, Fracture stress for tellurium single crystals having different orientation and surfac 


Specimen No. Orientation 


Polished 
Polished 
Polished 
Polished 
Polished 
Polished 
Polished 


Table | and was found to be much lower than for 
polished crystals. The 900 |b/in® 
should be compared with the critical normal stress 


value of 600 |b/in®? measured in the experiments of 


average value, 


Schmid and Wasserman”). 
5. SLIP BAND STUDIES 

As described earlier, slip in crystals of orientation 

I should be confined to a single plane while duplex 

slip should be observed for orientation II. This 


distinction in slip behavior has been confirmed for 


ORIENTATION I 


a 
2 
” 
Ww 
aq 
w 
x= 
WwW 


TELLURIUM 


Surface condition 


SINGLE CRYSTALS 


condition 


Fracture stress (lb/in? 
2600 
1210 
3910 


Polished 
Polished 
Polished 


Polished 
7790 
S300 

21,960 


Polished 
Polished 
Polished 


1160 
L050 


and sprinkle 


and sprinkle 
and sprinklk 870 
and sprinkle 700 
900 
1170 


550 


and sprinkle 
and sprinkk 
and sprinkle 


electron microscope confirmed that they were ex 
tremely fine and straight even at high magnification. 
The fineness can be appreciated by looking along the 
electron micrograph in Fig. 11. There was no evidence 
for cross slip. No slip steps were visible on the (0001) 
surface apart from the single set of very faint traces 
l0(c); these again arise 


the 


in the [1120] direction in Fig 


from slight unevenness or misorientation of 


together are con 


flat 


surface. Fig. 10(b) and (ec) taken 


with slip confined to a planar 


1120 


sistent 


surface occurring in the direction 


ORIENTATION 


PERCENT ELONGATION 


Fic. 9. Tensile 
sprinkled crystals of 


all of the polished crystals tested. For simplicity 


details of the slip structure in crystals of orientation | 
will be described first. 
orthogonal surfaces 


the two 


lb) were under examination. 


For orientation I, 

(1010) and (OOOL) (Fig. 
Fig. 10(a) and (b) shows the typical appearance of 
single slip as revealed on the (1010) surface of specimen 
2 (Fig. 7). The slip bands were very fine and straight 
and parallel with the [0001] direction. Any deviation 
from absolute linearity was due to unevenness in the 
polished surface, for—as can be seen in Fig. 10(a) 

when the lines curved they always remained parallel. 


Examination of the slip bands with the aid of the 


stress-strain 
orientations 


polished 
and II 


curves for 


The operation of duplex slip in crystals of orienta 
l2 and 13. Fig. 12 


chosen to illustrate 


taken 


the 


tion II is illustrated in Figs 
the (1120) 
early stages of duplex slip where the two systems 
This 


slightly in 


on surface, was 


could still be clearly distinguished crystal 


(No. 7 


excess of the ervstal in 


was strained by an amount 
Fig. 10 


fine and the slip lines straight 


Fig. 7 
\gain the slip was 


fact that the two 


The 


systems intersected one another at was due 


an angle 
to unevenness and slight misorientation of the surface 
At higher leads to a 
rumpling of the surface as can be seen in Fig 
after 47 


severe 


strain 


strains misorientation 


and (b) which was taken per cent 
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Fic. 10. The appearance of slip lines on single crystals 
of orientation | (specimen No. 2). (a) {1010! surface: 

(b) {1010! surface: 250. (c) (OOOL1) surface: 
250 


Note the rumpling at bottom right of (a) where two 
single slip systems have overlapped 


. 


Fic. Ll. Eleetron micrograph of {1010 surtace in 
Fig. 10(a) and (b), showing fine straight slip. Chromium 
shadowed carbon replica. 13.700 


Fic, 12. Early stages of duplex slip in specimen No. 7, 
‘1120! surface. 250 
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(specimen 5, Fig. 7). Looking at the orthogonal 

(OOOL) surface (Fig. 13c) two sets of faint (1120) traces 

intersecting one another at 60° were observed, con- 
nth firming that duplex slip had occurred. 

| ! No slip lines could be observed on any face of the 


Ni} 
d 
three crystals of orientation III] which were tested. 


6. FRACTURE BEHAVIOR 

All cry stals irrespective of their ductility. failed in 
a brittle mode: orientations I and II by cleavage ovel 
the {1010} plane and orientation II] by a complex 
cleavage mode. 

In the four polished crystals of orientations I and 
Il which fractured within the gauge length, the 
cleavage lines could be traced back to a fracture 
source coincident with the surface. In all cases this 
source was on the prism and not the basal plane 
surface of the specimen. The fracture surface for 
specimen 5, reproduced in Fig. 14, was fairly typical 
in appearance although it contained a higher density 
of cleavage lines than usual 

The complex fracture surface for a polished speci 
men of orientation II] is reproduced in Fig. 15. While 


parts of the fracture occurred by cleavage over the 


basal plane, for the most part the surface was non 
crystallographic and appeared similar to the con 


choidal mode observed on glass. A similar change in 


man) for crystals whose tensile axis approached that 


Deliberately damaged crystals always fractured 


fracture mode was observed by Schmid and Wasse1 


from one of the surface defects which had_ been 
introduced in sprinkling, an observation which 
undoubtedly explains the low normal stress supported 
by these specimens before fracture (Table 1). Again 
looking at the fracture surface, the cleavage lines 
always converged towards the prism plane rather than 
the basal plane surface. There was in addition a 
striking contrast in the appearance of these two 
orthogonal surfaces after loading, as illustrated in 
Fig. 16. The microcracks introduced by impacting 
the prism plane surface grew substantially in length 
and ran together to form surface cracks which in 
some instances traversed the whole crystal, (Fig. 16a) 
while those on the basal plane surface were unaffected 
by the tensile stress (Fig. 16b). A number of factors 
may contribute to this difference in behavior. In the 


first place the observations suggest some correlation 

Fic. 13. The appearance of slip lines on single crystals 
of orientation IL (specimen No. 5). (a) {1120} surface; 
75. (b) {1120} surface; 250. (c) (0001) surface; tion of defects in a surface. Consider the small {1010! 
250 


between the emergence of slip steps and the propaga 


cleavage plane microcracks in the (1120) prism plane 
surface in the diagram of Fig. 17(a). The tensile stress 


field of edge dislocations in slip bands passing near the 


' 
ol. 9 HV dit 
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1010} fracture surface of specimen No. 5, orientation IT. 


~ 


Fic, 15, Fracture surface of specimen No. 17, orienta Fic. 16. Appearance of impacted surfaces after 
tion III; 150. Reflective region at bottom left loading specimen No. 10. (a) {1010} surface, 
is (0001) plane cleavage, the remainder conchoidal. (b) (0001) surface. 
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120) 

(b) 


The growth of surface defects due to 
plastic flow. 


17. 


tip of the cracks can assist the applied stress in causing 
the cracks to grow. This mechanism is illustrated in 
Fig. 17(b) and has been proposed by Orowan) to 
explain the growth of defects at a stress below the 
critical Griffith value. It does not explain, however, 
why the cracks grow preferentially in length across the 
face of the crystal rather than in depth into the crystal. 
The this that the to 


propagate perpendicular to its length it must intersect 


reason for may be for crack 
screw dislocations retained in the slip bands, a factor 
which is known to be important in the stabilization of 
cracks in magnesium oxide crystals.“® For similar 
reasons defects introduced into the (0001) basal plane 

at the 
that the 
defects introduced into the respective surfaces differ 
17(a). 
This may be appreciated by comparing Figs. 6(a) and 
16(b). 


lenticular microcracks into the {1010} planes inter- 


surface will not increase their dimension 


surface. It should also be pointed out 


in nature before loading as indicated in Fig. 
Impacting the prism plane surface injects 


secting the surface whereas impacting the basal plane 


B.V. 


BV. «— 


0/3[2110 


Dislocation 
of 


IS 


FiG 


intersection an 


interactions 


edge dislocation 
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The chips fracture away 
the the 


fracture of crystals of orientation IIL (Fig. 15) 


surface leads to chippping. 


from the main crystal in same manner as 


7. DISCUSSION 
(a) Bonding anisotropy and dislocation mobility 
The effect of 
polished tellurium crystals described in Section 4 may 
of the 


crystal bonding indicated in Fig. l(a). Slip over any 


orientation on the flow stress of 


be correlated quite simply with anisotropy 


of the prism planes having [0001] as their zone axis 
involves the disruption of the relatively weak Van det 
Waals bonds and the dislocations can move easily at 
a low shear stress. Of these prism planes {1010} is the 
most closely packed and consequently favored fol slip 
On the other hand dislocation motion over a plane 
angle with the [000] 


of 


Dislocations on these planes will be immobile at low 


makes an 


the 


whose zone axis 


direction requires breaking covalent bonds 


temperatures and stresses. In germanium and other 
crystals of the diamond structure, for example, where 
plastic flow always demands the rupture of covalent 
bonds, slip does not become evident until temperatures 
of approximately 0.5 7’) are reached.“ It is not 
anticipated that tellurium single crystals of orienta 
tion ILI (Fig. 1b) will show plasticity until a tempera 
ture well in excess of 0.5 7 100°C) is reached, for the 
melting point (7',,) of this material corresponds with 
Waals bonds 


the transition in mechanical properties depends on the 


the breakdown ot the Van det whereas 
strength of the covalent bond. 

Cross slip is not possible in tellurium at room tem 
perature because of the orientation of the slip vector 
a/3 {1120 the 


Edge dislocations in the {1010} slip planes lie parallel! 


with respect to covalent bonding 


tellurium 


iB 


in 
and a 


dislocation CD 


VAL OT 
= 
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and screw dislocations perpendicular to the [0001] 
direction, as shown in Fig. 18(a). If screw components 
cross slip they must do so on planes making an angle 
with [O00L|. However, as indicated above, the disrup- 
tion of covalent bonds at room temperature is 
unlikely and, since edge components cannot change 
planes without undergoing non-conservative 


slip 


one should dislocation 


motion expect a loop to 
remain confined to the plane on which it is nucleated 
as it crosses the crystal (neglecting for the moment 
dislocation intersections to be considered in the next 


section). This is consistent with the observations of 
Figs. 10(a), 10(b) and Il which show the slip lines on 
the prism plane surface to be accurately straight and 


fine even at high magnification. 


b) Dislocation interactions 
(i) Hdge—edge. 
to the |QOOL| direction so they can interact with one 


in Fig. 18. 


Edge dislocations always lie parallel 


another only along their length, as at X } 
The dislocation reaction, 
a 


> 1210] 
» 


a 


a 

[1120] (2110) 
» » 


is favored energetically, but the product is another 
edge dislocation able to glide on the third set of prism 
planes. While a similar reaction has been considered 
by Edwards and Washburn”) to explain the differ- 
ence in work hardening between zine single crystals 
oriented for single and duplex slip on a single plane, 
it is thought that the dislocation interactions of the 
contribute much more to the 


subsequent sections 


difference in work hardening between crystals of 
orientations I and Il in the present work. 
(ii) 


locations in tellurium always result in the formation 


screw. Intersections involving screw dis- 
of jogs in the two participating dislocations. Consider 
the edge and screw dislocations which cross perpen- 
The jogs, EF and 


GH, produced in both dislocation lines are mixed in 


dicularly as illustrated in Fig. 18. 


character and the plane containing the jogs and their 
Burgers vector (i.e. 
(OQOOL). 


their slip plane) is in both cases 
The jog EF can only move along with the 
AB by 


plane, which from earlier discussion is considered 


edge dislocation slipping over the (0001) 
extremely difficult. Thus the jog 2 F may be regarded 
as effectively sessile. 

For the jog GH to move along with the screw dis- 


location CD would involve the edge component of the 


jog in non-conservative motion and the generation of 


either vacancies or interstitials.“*) Furthermore each 
the 


covalent bonds so that the jog is unlikely to move at 


vacancy produced requires rupture of two 
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room temperature and low stresses. Another alterna- 
tive is for the jog GH to glide along the screw axis. 
However, this could only occur by the difficult process 
of slipping over the (0001) plane. Again, therefore, 
the jog GH may be regarded as sessile. 

(iii) Screw—screw. Screw dislocations always cross 
one another at 60° or 30°. The consequence of their 
intersection is the production of sessile jogs in both 
dislocations of the type GH. 

We will now consider the energy to form a jog. 
Whenever jogs are created by the crossing of two 
dislocations then one of the covalent chains of atoms 
is broken to produce a pair of free or “dangling” bonds 
at the point of intersection. These exist at F and H 
in Fig. 18(b). The energy required to break the bond 
constitutes a major contribution to the activation 
energy for the formation of the jog. Using the cohesive 
energy of germanium and silicon“ as an indication, 
the covalent bond energy amounts to approximately 
3-5 eV. 
create the extra lengths of dislocation line“? so that 
5 eV. This 


corresponds closely with the value for copper where 


In addition strain energy must be supplied to 
the total jog energy is approximately 


the energy required to produce a constriction in an 
extended edge dislocation is the major contribution.“ 
It is reasonable then to assume that jogs are formed in 
tellurium during room temperature deformation. 
However, unlike copper, the jog requires a high energy 
for propagation and instead of cutting through the 
dislocation “‘forest’’ with comparative ease a disloca- 
tion line becomes held up at the points of intersection 
along its length. 

It is considered that the retardation due to sessile 
jogs constitutes the the most important source of work 
hardening in tellurium. The difference in the rates of 
work hardening between orientations I and II (Fig. 7) 
is due not to a change in the mechanism of hardening 
but to a change in the intensity of dislocation inter- 
action. For orientation I dislocations on the active 
glide plane cut the network of dislocations on the two 
inactive planes. The density of the network remains 
there 


planes and the increasing density of dislocations which 


constant. For orientation II are two active 


intersect one another gives rise to a greater rate of 
work hardening. 


(Cc) The 


The values of the normal stress at fracture (Table 1) 


normal stre SS law 


for polished cry stals of the three orientations tested 
in the present work are in marked disagreement with 
the constant normal stress (600 |b/in?) measured by 
) 


Schmid and Wasserman) over a range of orientations 


(Fig. 2). There are other examples in the literature of 
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the violation of the Sohncke normal stress law. 
Deruyttere and Greenough”® found that it was not 
valid for zine and, in recent experiments, carefully 
polished sodium chloride crystals have supported 
stresses in tension far in excess of the so-called critical 
value. It is suggested that the normal stress law is 
followed only by brittle or semi-brittle solids which 
These 


defects, upon which the normal stress component acts, 


originally contain defects in their surface. 
may grow to the critical size by 
(9) To this 
to the 
When 


defects are removed by a careful surface treatment 


Orowan following limited plastic flow. 


the critical normal stress is related 


innate yield strength of the single crystal. 


extent 


cracks can only be nucleated as a consequence of the 
plastic deformation processes: for tellurium the crack 


nucleation process is not yet understood. 


ACKNOWLEDGMENTS 
D. J. 
careful attention to the experimental details and to 
Many helpful 
K. C 


Sauve for his 


The authors are indebted to 
T. J. Davies for prov iding the cry stals. 
discussions held S. 
Nomura and J. W. Schultz of this laboratory. Miss 


J. Lund prepared the electron micrograph of Fig. 11. 


were with J. Blakemore, 


the mechanism of 


LLURIUM 


SINGL 


E CRYSTALS 


127 


The authors are grateful for the continued interest of 
Dr. J. J. Harwood of O.N.R. and Dr. V. W 
Director of Research. The work was partly supported 
by the Office of Naval Research 


). SCHMID and G 

. C. LovELL, J 
Met. 6, 716 (1958 
R. J 
Inst. Vin 
G .. TUER and 


p. 372 


Vetall 
\ 


3 
J 


Daviss, J 
J.J. GILMAN, T'r 
209, 449 (1957 

G. SYRBE, Ann 

Orowan, F? 
1959 Proc. Int 
Society London 

R. J 
4, 
\. 1 
Roy 
EK. H 
Win 
p. 173 
SEITZ 

New York 


Cr, SCHOECK 


STOKES, 
9P?0 (1959 

CHURCHMA 
\238, | 
EDWARDS 


Vetall.) En 


COTTRELL, 


SO 


Voder? 
1940 
and 
DERUYTTERE a 
1956 


\ 


STOKES, T. L 


American Society 


1p} 


\ 


Crystalline Solids, p 


REFERENCES 
Chem. Phys. 16, 
WASSERMAN, Z, 

WERNICK and 


JOHNSTON and 
Engrs.. 218. 65 
R. KAUFMANN, 
fo! 
Phius 
ns imer. Inst 
132 


Jol 


Vi 


rs. 200, 1239 


Dislocations ar / 
Oxford Unive 


Theory 


SEEGER 
340. Physic: 
nd B 


Metals 
28, 1217 


3i2 
Ph 
IK 


H 


The 
Vir 
195 


4 


1948 
ys. 46, 
Br 


YOU 


Veta 


Clevland 


1957 


Vet 


Wiley 


La, 7's 


. 
Bearinget 


653 (1 


NSON | 


Q?7 


ins 


Bery 


LQ55 


l. 
—- 
3 I 
5 
6. | 
7 
ture p. 147. New York 
934 
10 L. JOHNSTON and ( H. P 
G. A. GeEAcCH and J. W P 
4 
ol. 9 12 ind J. WASHBURN, T'rans. A Ins 
961 
13 lastic ( 
O54 
l4 MEE of Solids p. 61. McGraw-Hill 
LS B ( Defe } 
il Societ London (1955 
16. Al NouGH. J. Vet. 84, 


GRAIN BOUNDARY PRECIPITATION IN a/B BRASS* 


M. S. WOOD and A. HELLAWELL?t 


Specimens of an «/f brass (45 wt.°%, zinc) were cast to produce columnar grains which had an approxi 
mately common [100] axis. After heat treating to produce grain boundary precipitation of the «-phase, 
these specimens were examined microscopically and by means of X-ray back-reflection Laue photographs 
of individual grains. The results showed that side plates of precipitate are produced by grain boundary 
migration, and have an orientation determined by the growing grain of the matrix. Although the 
density of potential nuclei in a grain boundary is related to the misorientation between the grains, the 
growth and shape of the precipitate are controlled by movement of the boundary and the orientation of 


the boundary plane itself, 


PRECIPITATION AUX JOINTS DES GRAINS DANS LES LAITONS a/f 
Des échantillons de laiton «/f (459% en poids de zinc) ont été coulés pour obtenir des grains allongés 
dont Paxe [100] a une orientation commune. Aprés un traitement destiné & produire une précipitation 
de la phase % aux joints des grains, ces échantillons ont été examinés microscopiquement et aux rayons 
X par la méthode de Laune en retour. Les résultats montrent que des plaquettes de précipités apparais 
sent grace au déplacement des joints. Leur orientation est en relation avec le grain de la matrice qui 
coalesce. La croissance et la forme du précipité dépendent du mouvement du joint et de lorientation du 


plan du joint, bien que la densité des germes potentiels dans un joint soit en relation avec la désorientation 


entre les grains 


KORNGRENZENAUSSCHEIDUNG IN MESSING 

Proben aus «/f Messing (45 Gew.®%, Zink) wurden so vergossen, daB ein Stengelgefiige entstand. 
dessen Korner nahezu eine gemeinsame | 100|-Achse hatten. Nach Warmebehandlung zur Erzeugung 
einer Korngrenzenausscheidung der %-Phase wurden diese Proben mikroskopisch und mittels Laue 
Rickstrahlaufnahmen von einzelnen Koérnern untersucht. Die Ergebnisse zeigten, daB durch Korn 
grenzenwanderung plattenférmige Ausscheidungen entstehen. Deren Orientierung wird bestimmt durch 
das wachsende Korn der Matrix. Obwohl die Dichte der méglichen Keime in einer Korngrenze mit dem 
Orientierungsunterschied zwischen den K6érnern zusammenhangt, wird doch das Wachstum und die 
Gestalt der Ausscheidung durch die Bewegung der Grenze und durch die Orientierung der Grenzebene 


selbst bestimmt. 


INTRODUCTION which exists; this is determined largely by the orien- 


The present work has been concerned with the rate tation of the boundary plane itself, with respect to 


of precipitation in grain boundaries, and with the — the adjacent grains. 
shapes of the precipitate particles which are formed. 
Gruhl and Amman"? have attempted to relate the EXPERIMENTAL 
thickness of grain boundary precipitate in some The material used was an z/f brass containing 


copper base alloys to the misorientation between wt of the matrix and the « 


grains. Specimens were produced by casting to give precipitate have cubic crystal structures, and the 
long columnar grains having an approximately — habit planes for the precipitation are well known, (45) 
common [100] growth axis. They obtained only very heing {111 (11018 and [110]x [111]. 


poor correlation between their results and the grain Polyerystalline specimens were prepared by a 
(1) 


(2) 


grain misorientation. As pointed out by Cahn, part — method similar to that used by Gruhl and Amman 
of this lack of correlation was probably due to the fact — and after homogenizing in the one phase / region for 
that their measurement included both nucleation and — geyeral hours at 600°C. thev were transferred directly 
growth processes, since these might proceed at to a salt bath at 520°C to precipitate the x phase. 
different rates, Annealing times from 3 to 30 min were employed. 

Aaronson) has also examined grain boundary The actual specimens were sections cut from chill 
precipitation of primary ferrite in low carbon steels. east ingots. These latter were produced by casting 
He suggests that the shape of the precipitate particles within a hot graphite mould, into the base of which 


must be dependent on the type of boundary structure — there fitted a water cooled copper plug. Long columnar 


grains were produced, having |100] directions within 
* Received June 22, 1960. 


Department of Metallurgy, University of Oxford. 
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10° of the specimen axis.“ Castings were some 5 cm 
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in length, and | cm in diameter, a typical cross section 
Apart 


angular scatter along the axis of the castings, the 


contained about 30 grains. from a small 


grain boundaries observed in sections could’ be 
described as tilt boundaries of variable symmetry. 

Specimens were electropolished, using phosphoric 
acid, and were etched with alcoholic ferric chloride to 
give satisfactory contrast. The orientations of grains 
were determined from back-reflection Laue photo- 


graphs which were taken with a microbeam camera. 


RESULTS and DISCUSSION 


Microscopic examination showed that a variety of 


forms of « precipitate occurred. Among these, the 
so-called Widmanstitten side plates, referred to by 
Aaronson®), showed some interesting features. Typi- 
cal examples are illustrated by Figs. | and 2. 

In the first place, these side plates only occurred in 
those boundaries which were concave towards a large 
which were 


expanding grain, that is, in boundaries 


moving. It was established which grains were grow- 
ing by microscopical examination before and after 
the homogenizing treatment. One side of the plates 
nearly always lies parallel to the nearest (110) habit 
plane of the expanding f grain. The other side, that 
the 
step-like formation. On the longer plates these steps 


inclined towards boundary plane, exhibits a 
are found at almost equal distances from the grain 
boundary. 

The most probable explanation of these shapes 
seems to be that the boundary has migrated from that 
position where the longer plates of precipitate nucle- 
ated, at the narrower ends, and growth has proceeded 
by the 
the 


As the boundary moved, 


due to this boundary migration, and not 
plates of precipitate growing outwards from 
boundary into the grain. 
some of the shorter plates also nucleated, slowing 
the 
corresponding steps on the existing plates. 
that 


producing the 
The 


edge 


down rate of migration, and 


recipitate has therefore grown along 
| | 


attached to the grain boundary, and the boundary 


provides, in this case, a diffusion short circuit by 


means of which, zinc atoms are able to diffuse away 
from the growing edges of the plates. When the bound- 
ary is retarded, as by the nucleation of fresh precipi- 
tate, the plates thicken by growing outwards on that 
side nearest the boundary. Ultimately the boundary 
becomes filled with precipitate and is completely 
held up. The thickening of the precipitate plates 
rarely takes place on that surface which is inclined 
lies 


The 


away from the boundary, and this generally 


parallel to the habit plane of the matrix. 


GRAIN 


BOUNDARY PRECIPITATION 429 
inclination of the precipitate plates to the grain 
boundary is controlled by the angle between the 
boundary surface itself, and the nearest habit plane 
of the « sheets, which in these alloys was predomi- 
nantly the {L10}¢ 


plane coincides with the habit plane of an expanding 


plane. Whenever the boundary 


grain, a continuous sheet of precipitate is formed 


3). 


(Fig. 
The density of precipitate particles in a boundary 
the 


least for the low angle boundaries <5°. If 


is related to intergranular misorientation, at 
however, 
the boundary is a low angle (110) tilt boundary, the 
nuclei grow so rapidly in the boundary plane that a 


Chis 


precipitation 


relatively dense sheet of precipitate is formed 
that the 


cannot be regarded as a simple function of the inter 


means apparent density of 
granular angle and the number of nuclei initially 
present. 

It follows 


boundary migration is slow 


from the above argument, that where 
the precipitate will be 
able to grow more rapidly along the boundary plane, 
unlikely to show the well defined crystallo 
Figs. | 


this type is shown in Fig. 4 


and be 
Precipitate oft 
that 


graphic symmetry of and 
It is also notable 
where the x precipitate has grown together, a large 
number of growth twins occur. 

Some specimens were annealed for short periods to 
boundari Ss No 
correlation could be found between those boundaries 
precipitate and the 
Many large 


angle boundaries did not produce any visible precipi 


produce selective nucleation of 


which first showed signs of 


intergranular angle existing across them 
tate at all. In so far as any correlation could be found 
between rates of nucleation and the types ot boundary : 
it seemed that migrating boundaries produced precipi 
a typical example being illustrated 
that although the 


tate most rapidly 


by Figs. 5 and 6. It would seem 


boundary must be 


these 


density of potential nuclei in a 


related to the intergranular angle nuclei are 


unlikely to grow unless the boundary is actually 


moving. 


correct, then 


If our interpretation of Figs. l—5 is 
some of the previous work can be better understood 
between 


correlation 


the precipitate 


Firstly, poor 


thickness and boundary misorientation, in the work 
of Gruhl and Amman", is only to be expected, since 
their results did not take into account the orientation 
of the boundary surfaces, nor the relative mobility 


of boundaries. Secondly, the various categories of 


precipitate described by Aaronson"? are ¢ xplic able in 
terms of the three variables which describe our own 
observations 


The detailed shape of the side plates requires some 


01.9 
961 


2. Widmanstiatten side-plates of « pre 
cipitate >} grain boundary, 1600. The length of 
the longest plates is about 3.10% em after annealing for 
H20 ( The straight sides of the x plates lie 

110 > habit plane, and in each case 


and 
ata 


30 min at 


parallel to the 
l and Fig. 2 
boundaries from left to right 


of the 


growth has proceeded by migration 
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Fic. 3. Sheet precipitate of « which 


boundaries when the 


boundar\ plane 
the (L110 


> habit plane 


Fic. 4. Irregular x precipitate showing t . Looo 


explanation, especially the contrast between the element B, as long as the angle @ is less than 90 


straight and stepped sides of the plates. 


Krom energetic considerations alone. it is therefore to 


be expected that the plate will thicken 
on that side’ inclined 


There are two considerations: (1) If one compares 
two possible step like projections A and B, as shown 
in Fig. 7, one can see that the ratio of 
surface area in the element A 


by crowth 
towards the boundary 
volume-to 2) The contact angles at the triple P-x—-$ junctions 
will exceed that for will approach the equilibrium values whenever ther 


13] 
ol. 9 
961 
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Fic. 5, Selective precipitation at one grain boundary 

The intergranular misorientations in this case were 20 

for the active boundary and 23° and 20° for the othe 
two inactive boundaries 500 


Fic. 6. Showing the grain boundary movement occur 
ring during the formation of the precipitate shown 
in Fig, 5. 


8. Showing the adjustments to contact angles to 
be expected at a grain boundary The broken lines 
indicate the initial non-equilibrium shape of the 

precipitate 


is adequate time for adjustment. Thus, whenever the 

rate of boundary migration is reduced, there will be 

adjustments at the /—x-/ junctions. The equilibrium 

values of the contact angles as determined by Smith” 
indicate a ratio of boundary surface energies %)/f/ 

|, this value is an average one, and does not account 

for variations in the #/p intergranular angles. A plate 

of « precipitate ean approach equilibrium at the 

its shape as shown in Fig. 8. 


two possible elements A and B, junctions by altering 
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Contact along the low energy habit plane is maintained 
on the “‘open”’ side of the plate, and adjustment of the 


contact angles takes place with curvature of the ff 
boundary or by projection of the « plate into the next 
grain. On the “closed” side of the plate, the equilib- 


rium can be attained either by outward growth 


from the « plate, producing a step, or by curvature of 
the # boundary towards the « plate at the point of 


contact. Some examples of the adjustments in shape 
can be seen on the side plates in Figs. 1 and 2. 
Greater magnification of the interfaces and junctions 
will require the use of replica techniques and electron 


microscopy. 
CONCLUSIONS 
The rate of precipitation in grain boundaries, and 
the shapes of the precipitate particles are only 


partially explicable in terms of the intergranular 


misorientations and the orientations of the boundary 

planes. 
Metallographic 

movement of the grain boundary plays an important 


examination indicates 


GRAIN 


that the 
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part in determining the rate of precipitation and the 
subsequent growth forms. 

The shapes of individual precipitate plates can be 
qualitatively understood from energetic considerations 


and in terms of boundary tensions. 
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SELF DIFFUSION IN IRON* 


S. BUFFINGTONT?, K. 


HIRANO? and M. COHEN? 


Self-diffusion in high-purity iron (99.97 per cent Fe) has been determined over the temperature range 


from 700 to 1436°C. 


The temperature dependence of the self-diffusion coefficient in face-centered cubis 


and in body-centered cubic iron can be expressed as follows (in em?/sec): 


Gamma-iron: D 


Alpha-iron (paramagnetic): D 


0.18 exp | 


1.9 exp ( 


64,500/ RT) 


57,200/RT) 


(above 790° C) 


\lpha-iron (ferromagnetic): D 


(below 


2.0 exp ( 


60,000/ RT) 


750° C). 


The diffusivity below the magnetic transformation is lower than expected from an extrapolation of the 


diffusion data for paramagnetic alpha-iron. 


AUTO-DIFFUSION 


Les auteurs ont étudié lautodiffusion du fer pur 
de 700° a 14386°C 


DU FER 


(99,979, Fe) dans un domaine de température variant 
L/ influence de la température sur le coefficient d’auto-diffusion du fer cubique a faces 


centrées et du fe cubique centré peut étre exprimée comme suit (en em?/sec): 


Fer gamma: 


Fer alpha (paramagnétique): 


Fer alpha (ferromagne tique): 


dD 0,18 exp ( 64 500/RT) 
D 1.9 exp (—57 200/RT) 

(au-dessus de 790 C) 
dD 2,0 exp ( 60 0O0OO/ RT) 


750°C) 


La valeur du coefficient de diffusion en-dessous du point de transformation magnétique est plus faibl 


que la valeur obtenus pal extrapolation a partir des données du fer alpha paramagnétique. 


SELBSTDIFFUSION 


Die Selbstdiffusion 


bestimmt. 


in sehr reinem Eisen 


und kubisch-raumzentriertem Eisen laBt 


Gamma-Eisen: 


\lpha-Eisen (paramagnetisch): 


Alpha Eisen (ferromagnetisch): 


99,979) Fe) wurde im Temperaturbereich 700 


IN EISEN 


bis 1436 ¢ 


Die Temperaturabhangigkeit des Selbstdiffusionskoeffizienten in kubisch-flachenzentriertem 


sich folgendermaBen ausdriicken (in em?/sec): 


D 0,18 exp (—64 500/RT) 

D = 1,9 exp (—57 200/RT) 
(oberhalb 790 C) 

dD 2,0 exp (— 60 000/RT) 
(unterhalb 750°C). 


Die Diffusionskonstante unterhalb der magnetischen Umwandlung ist niedriger, als man nach Extrapo 


lation der Diffusionsmessungen fiir paramagnetisches Eisen erwartet. 


INTRODUCTION 
Some of the results of this investigation on self- 
diffusivity in iron have been reported previously.“:?) 
The purpose of the present paper is to summarize the 
final results which differ slightly from those given 
earlier. Accuracy in the surface-decrease method has 
been improved, taking into account the divergence of 
New 


data have also been obtained by means of the residual- 


the emitted radiation in the counting system. 


activity method in the alpha-iron range (especially in 


* This research is part of the 
Engineering Foundation, the Wright Air Development Center 
under Contract AF 33 (616)-3264, and U.S. 
under Contract AT (30 
August 9, 1960. 

* Engineering Division, California Institute of Technology. 

* Department of Metallurgy, Massachusetts Institute of 
Technology. 
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the vicinity of the Curie temperature) to examine the 


effect of the magnetic transformation onthe diffusivity. 


Moreover, additional determinations were undertaken 
on single crystal specimens at various temperatures. 
Further details on the experimental procedures are 
given in Ref. 2. 
EXPERIMENTAL PROCEDURE 

The iron used for this investigation was 99.97 per 
cent pure, the principal impurities being 0.006 per 
cent oxygen, 0.002 per cent carbon, 0.003 per cent 
nitrogen and 0.02 per cent silicon. Other impurities 
were no greater in amount than those in the Hilger 
spectroscopic standard. The ingot was hot-swaged in 
a protective casing of hydrogen-purified Armco iron 


to homogenize the structure. The protect ive shell and 
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the outer layer of high-purity iron were then machined 
off. 


detectable interior voids. Disc specimens }—3 in. thick 


Radiographs of the resultant rod showed no 


were cut from this stock and then treated to establish 


a grain size of ,,—} in. in diameter, which was stable 


during the subsequent diffusion anneal. Dise speci- 
mens were also cut from single crystals which were 
grown by the gradient annealing of bars that had been 
tensile-strained through the Liiders deformation. 
The Oak Ridge National Laboratory supplied an 
aged mixture of the two radioactive isotopes, Fe 
Fe®, The the 
specially designed Geiger—Miiller tube ensured that 


and low concentration of Fe®? and 
the radiation from Fe®? was not detectable in these 
The X-radiations, MnA, and Mnk 
emitted from Fe were counted for analysing the 
The 


neglected because of attenuation in the beryllium 


experiments. 


diffusion runs. MnL-series radiations could be 
absorber and window of the Geiger—Miiller tube. 
To prevent vaporization of the radioactive tracer 


from the exposed surface during the diffusion anneal, 


the specimens used in this investigation consisted of 


two dises welded under vacuum to a thin iron ring, the 
latter acting as a spacer. The inner face of each disc 
and the inside of the ring were electroplated with 
radioactive iron. Thus, after welding, an evacuated 
enclosure was formed with radioactive iron lining all 
interior surfaces. Since each electroplated surtace 
had the same thickness of deposit and the same 
concentration of radioactive iron, transport of iron 
from one surface to another through the vapor phase 
resulted in no net change in the concentration at any 
point. Details on the plating and the welding pro- 
cedures are given in Ref. 2. 

Diffusion runs were made under a vacuum of 10-6 
10-> mm Hg in a furnace consisting of a molybdenum- 
wound core surrounded by a series of concentric 
alundum radiation shields and a steel water jacket. 
The 1-2°C the 


course of a diffusion run. The rates of heating to and 


temperature variation was during 
cooling from the diffusion temperature were so rapid 
that no correction was required for the long diffusion 
times employed. 
Before and after each run, the diffusion disc was 
placed in a special holder for accurate positioning with 
the the 


electroplated face was confined to a central area of 


respect. to counter tube. tadiation from 


| in. diameter by means of a thick aluminum absorber, 
forming part of the holder. The counting rates were 
corrected for the dead time and background count. 
The 
three procedures: 
In the 


diffusion coefficients were determined using 


surface-decrease method, the diffusion 
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coefficient, D, was calculated from the final activity 
at the value, J 


taking into account emitted 


surface, /, relative to the initial o 


the divergence of the 


radiation 


H sin 6 d@ 


| H, sin 6 d0 


au see 6) 


au sec 


u* Dt sec* 6) 


exp eXp (au sec 


24 Dt sec 


Dt) exp 


Dt sec 0 


where f time of diffusion (see a thickness of 


linear absorption 


initial radioactive deposit (em): 4 


iron for the emitted radiation (em 


the 


coethcient of 
one-half of 
effectively subtends at the surface of the sample and 


angle which the counter tube 


erf 2(7 exp dz 


The absorption coefficients of iron for the Mnk 
Mn&k 


data on 


radiations evaluated from existing 


the A and A 


chromium and iron. Assuming that the mass absorp 


and were 


radiations of vanadium 
tion coefficient varies as the cube of the wavelength 
the linear absorption coefficient in iron was computed 
as 714 for the Mn&k. for the 
Mnk,. The intensity of the Mn&, was taken to be 
0.147 that of the Mnk, 
Neglecting the MnA 
the 


and 550 em 


at the disintegrating atom 


entirely resulted in negligible 


error in self-diffusion coefficient for values of 


u"Dt from 2 to 10 and for the values of a used, which 
ranged from 0.00160 to O.OOLS87 cm. The uw? Dt values 
for several specimens were slightly outside of this 
range and a few per cent error would have resulted 
from neglecting the A, radiation. For these specimens 
equation (1) was modified to include the two absorp 
tion coefficients. In the present counting system, 4 
was measured to be 30°. 

In equation (1), the specimen is assumed to be effec 
tively a point source ofactivity. A geometrical correction 


factor due to the shape of the source can be calculated 


| 
H,, 
au see & 
| | 
H ert 
2\ (Dt 2au sec 0 
g \ 
el 
(Dt | 


(Meo) 


* 


GOHL3W 

N3WID3dS IWILISAYD JIONIS 
GOHL3W 3SV3H930 -390V4YNS O 
GOHL3W ALIAILOV-IWNGIS3Y O 


GOHL3W @ 
N3WID93dS 


NOY! VHdIV NI NOISNSIIO 3713S 


(es ) 


(Ho) L 


99 b9 29 


SN3WID3dS 
GOHL3SW 
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when the size of the specimen is sufficiently small 
relative to the distance from the specimen center to 
the effective volume of the counter tube.“ In the 


present case, the error introduced by regarding the 


specimen as a point source was less than 2 per cent of 


the surface activity. 
In the 
activity 


the residual- 


measurements 


second diffusion method, 


technique, surface-activity 
were made on the specimen after the removal of 
Details of this 


procedure together with a discussion of various factors 


successive layers from the surface. 


relating to the counting geometry are given by Con- 
dit®. thin 


3 10-5 cm) were analysed by this method. 


Specimens with radioactive deposits 
(a 

The third technique employed was in principle the 
the 


instead of using equation (1), the relationship between 


same as surface-decrease method; however, 
I/I, and Dt was established empirically for a window- 
less flow counter of 27-geometry (internal sample 
counter), using specimens diffused at 780 and 810 
where the diffusivity had been independently deter- 
The 
the 
possibility of error due to absorption by the air and 
the the 
appropriate for small penetrations. 

The self-diffusion 


corrected for the thermal expansion, a correction 


mined by the above residual-activity method. 


use of the windowless flow counter eliminated 


window of counter and was especially 


coefficients obtained were then 


varving from 2 to 5 per cent added to the value of D. 


RESULTS AND DISCUSSION 


The experimental findings are summarized in 
Tables 1 and 2 and are plotted in Figs. | and 2. 
Fig. 2 shows that the results of the three different 
methods are self-consistent. 

There is an anomaly in diffusivity associated with 
the magnetic change of alpha-iron. With decreasing 
the starts to 


drop below the expected level at about 20°C above 


temperature, self-diffusion coefficient 


the Curie point (770°C), and continues to depart 
further from the high-temperature extrapolation down 
to approximately 20°C below the Curie point. Outside 
of this range, straight lines can be drawn on a log D 
vs. 1/7’ plot, using least squares, for both the para- 
magnetic and ferromagnetic states of alpha-iron as 
The 


frequency 


well as for the gamma-iron (Figs. | and 2). 


corresponding activation energies and 


factors are listed in Table 3. 

Consideration of the accidental and systematic 
errors indicates that the probable error in the activation 
energy is about 2 per cent for the paramagnetic 
alpha range and about | per cent for the gamma 
range. The probable error in D, for both ranges is 
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TABLE |. Experimental data for self-diffusion 


Temperature Diffusion 


Surtace 


olyery 


Technique l 
Specimen 


TABLE 2 


Temperature  Diffusio 


GOD 
90] 
90] 
900 
S70 
S70 
S66 
S66 
S61 
S61 
S40 
S40) 
S14 
S14 24.60 
S10 
S10 


S6.40 
86.40 
S09 
780 
780 
770 
770 
750 
750 
700 
700 


Surtace thod 


thod 


Technique decrease me 
Residual-activity m« 
Empiric il surface-decrease 
with windowless flow counter 
Polyecrystal 
Polvery 
diameter 


Single crystal 


Specimen grain size, from to 


large! 


stal rrain x 


Frequency factors and activation ene 


self-diffusion in iron 


Experimental 
temperature D 
range 
( 
Gamma 1063-1393 
Alpha 
(paramagne tic 


Alpha 


ferromagnetic 


FOO-750 


t 
437 
pecimen 
1393 $1.52 104 7.60 10) | A 
131] 7.38 x 104 1.86» 10 1 A 
1311 7.38 2.07 10 1 A 
1232 5.69 104 G27 10 | A 
1232 ».09 104 7.26 1 A 
1162 9 57 4 
1162 9.00 2.35 10 1 4 
L101 12.24 1.19 | A 
L064 17.68 06 10 
17.68 104 $.93 1 A 
-cdlecrease method 
BE. Experimental data for self-diffusion in pl ror 
m2/sec 
Spy I enti 
1. 9 
61 104 10 
3.585 10 2B 
1.21 1 A 
t.64 10) 1A 
10! £.07 10) 2B 
3.97 
104 2 28 10 | 
104 1.00 10 ( 
1.85 1 A 
1.83 10 1 A 
104 1.93 10 1A 
1A 
10 | 9.12 10 > B 
1086.98 10 
10 6.46 10 1A 
| 10 ( 
104 1.88 10 ( 
los 48 10 1A 
10? 2.24 10 2B 
2.07 10 
7.08 10 
3.62 
104 2.83 LO 3B 
7.30 
10! 6.82 
method inted 
n.diamete! 
thar ju 
TALE 3. 
‘ k ! le 
64.5 
7.2 
2.0 60.0 
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TABLE 4. 


Dy 


(em?*/sec) 


Year 


Investigator 


Birchenall and Mehl‘® 1950 
Buffington, Bakalar and 
Cohen" 1951 


This investigation 1960 


Birchenall and Mehl'® 1950 2300* 
Buffington, Bakalar and 


Golikov and Borisov“? 


5.8 
530* 


1951 
1955 
Leymonie and Lacombe‘ 1958 18* 
1960 118 


and Birchenall'® 
1960 1.9 


This investigation 
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VOL. 9, 1961 


Comparison of self-diffusion results for iron 


Temp range 
‘ — Technique 
(kcal/mole) (°C) 


iron 


74.2 970-1357 Surface-decrease 


Surfac 
Surface 


1393 
1393 


‘rease 


L064 
1064 


67.9 
64.5 


‘rease 


Alpha-iron 


73.2* 900 Surface crease 
Surface-decrease 
Modified surface- 
decrease 
Modified surface 
decrease 
Residual-activity 
Surface-decrease 
Residual-activity 


905 
850 


S92 


S95 
905 


* Apparently calculated without separating the data for the ferromagnetic and paramagnetic forms of alpha-iron. 


about 25 per cent. Because of limited data, the 
error in the ferromagnetic alpha range cannot be 
but it the 
penetrations at the low temperatures. 


are compared with 


estimated, may be large due to small 


The results shown in Table 3 
previous findings in Table 4. The differences between 
the earlier M.I.T. values’) and those of the present 
to the counting-geometry 
correction, as proposed by Condit 
With respect to the work of 


paper are mainly due 


and now re- 


flected in equation (1). 
other laboratories, the differences within the alpha- 
iron temperature range are of particular note because 
it is now clear that data obtained below approxi- 
mately 790°C should not be averaged in with the data 
obtained in the paramagnetic iron range. To examine 
the reliability of the present findings in this connection, 
the diffusion rate in delta-iron was determined at 
1436°C by means of a sectioning-type of specimen. 
The high temperature was chosen to obtain sufficient 
diffusion penetration for this technique and also to 
extend the temperature range of measurements for 


A thin 


layer of radioactive iron was electroplated on one face 


the paramagnetic body-centered cubic iron. 


of each of two discs. The electroplated faces of these 
two discs were welded together to form a diffusion 
After the diffusion run, the cylindrical 
the 


‘sandwich’, 


surface was machined away, and remaining 


specimen was sectioned on a precision lathe, parallel 
to the weld interface. The chips from each section 
were dissolved in acid, and the concentration of iron 
in each solution was determined by chemical analysis. 
A fixed amount of the dissolved iron was then electro- 
plated on a copper planchet, maintaining constant 


area and thickness of electrodeposit in each instance, 


and the intensity of radiation was measured as 
described previously. The final results of the section- 
ing analysis are plotted in Fig. 3. 

The diffusion 


0.84 


1436°C 
This is only 10 per cent lower 


coefficient obtained at was 
10-7 em?/see. 

than the 0.92 10-7 
D, and @ values for paramagnetic alpha-iron in 
Table 3, of the 


measurements in the range of 8O9—905°C. 


cm*/sec computed from the 


and is rather strong confirmation 

Figure 2 shows that the magnetic anomaly sets in 
somewhat above the Curie temperature. According 
to Table 3, the effect seems to be associated mainly 
with a small increase in activation energy in the ferro- 
magnetic region, there being no appreciable change in 
the frequency factor. Recent work by Borg and 
Birchenall™ the effect self- 
diffusion in alpha-iron, and a comparable anomaly 


has been found for the diffusion of nickel into alpha- 


has shown same for 


iron, 


Possible explanations for the decrease of diffusivity 
in the ferromagnetic state are discussed elsewhere, 
and are based on a change in Q rather than in Dp. 
If the observed anomaly were attributed to a variation 
in Dy, the latter would have to be lowered by 3 or 4 
orders of magnitude, and the corresponding changes 
in vibrational frequency, lattice spacing and activation 


entropy, would be highly unlikely. In the absence of 


a more refined theory, it seems reasonable to ascribe 


the increase in activation below the Curie 


temperature to an increase in the energy required to 


energy 


form a vacancy in the ferromagnetic state; the local 
demagnetization around a vacancy should add to the 


formation energy of a vacancy. 
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Fig. 3. Penetration in delta-iron diffused at 1436 
for 70 min 
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DIFFUSION OF NICKEL INTO IRON* 
K. HIRANO, M. COHEN and B. L. AVERBACH+ 


The diffusion of nickel into iron was measured in the temperature range 600-1050 C. Radioactive 
Ni®? was used as the tracer element; the surface-decrease and the residual-activity sectioning methods 
were employed. The diffusivity below the Curie temperature was observed to be lower than that 
expected from an extrapolation of the diffusion data for paramagnetic alpha-iron. 


The diffusion coefficients may be expressed as follows (in cm®?/sec): 
Gamma-iron, D 0.77 exp (—67,000/RT) 


Paramagnetic -alpha-iron above 800° C, D 1.3 exp (—56,000/RT) 


Ferromagnetic alpha iron below 680° C, D 1.4 exp | 58,.700/RT). 


The anomalous decrease in the diffusion coefficient starts at about 800° C, somewhat above the Curie 
temperature, and is thought to be associated with the effect of short range magnetic order on the 


formation energy of vacancies, 


DIFFUSION DU NICKEL DANS LE FER 

La diffusion du nickel dans le fer a été mesurée pour la gamme de temperatures s étendant de 600 a 
1050 C, Le Ni® radio-actif est utilisé comme traceur; les méthodes employées sont celles de la diminu 
tion de la surface et de lactivité résiduelle. La diffusibilité en-dessous de la température de Curie est 
inférieure & ce que lon pourrait attendre de extrapolation des données expérimentales de la diffusion 
dans le fer % paramagnétique. Les coefficients de diffusion peuvent s’exprimer comme suit (en cm?/sec) 

Fer gamma, D = 0,77 exp (— 67,000/RT) 

Fer alpha paramagnétique au-dessus de 800°C, D 1,3 exp (—56,000/RT) 

Fer alpha ferromagnétique en-dessous de 680°C, D 1.4 exp (—58,700/RT) 
La diminution anormale du coefficient de diffusion débute aux environs de 800°C, c’est-a-dire un peu 
au-dessus de la temperature de Curie. Elle peut étre associeée a effet de Vordre magnétique a petite 


distance sur énergie de formation des lacunes. 


DIFFUSION VON NICKEL IN EISEN 
Die Diffusion von Nickel in Eisen wurde im Temperaturgebiet 600—L050°C gemessen. Als Spurenele 
ment wurde radioaktives Ni® benutzt; dabei wurde sowohl die Abnahme der Aktivitat an der Oberflache 
wie die Restaktivitat von Schnitten der Probe zur Messung verwandt. Die Diffusionskonstante unter 
halb der Curietemperatur ist niedriger, als man es nach Extrapolation der Diffusionsmessungen fiir 
paramagnetisches Alpha-Eisen erwartet. 
Die Diffusionskoeffizienten lassen sich folgendermaBen ausdriicken (in ¢m?/sec): 
Gamma-Eisen D 0.77 exp (—67,000/RT) 
Paramagnetisches Alpha-EKisen iiber 800°C D 1.3 exp (— 56,000/RT 
Ferromagnetisches Alpha-Eisen unter 680°C D 1.4 exp (—58,700/RT’) 
Die anomale Abnahme des Diffusionskoeffizienten beginnt bei etwa 800 C, etwas oberhalb der Curie 
temperatur, und hangt vermutlich mit dem Einfluss der magnetischen Nahordnung auf die Bildungsener 


gie von Leerstellen zusammen. 


1. INTRODUCTION obtain an independent check on the influence of a 


The diffusivity of nickel in gamma-iron has been magnetic transformation on the diffusivity. 


measured by Wells and Mehl™, but apparently the 

diffusion of nickel in alpha-iron has not been investi- 2. EXPERIMENTAL PROCEDURE 

gated. Recent work has shown that the self-diffusivity High-purity iront was obtained in the form of 
of alpha-iron below the Curie temperature is markedly  {-in. dia. forged bars, which were then machined to 


5.in. dia. The bars were sealed in evacuated Vycor 


lower than that expected from diffusion measurements 2 
on paramagnetic alpha-iron.®» The present investi- tubes and annealed at 850°C for one week. The 


gation was undertaken to provide diffusion data for resultant grain size was +! in. A few single erystals 


0 
nickel in iron, with numerous determinations being were also made by a gradient anneal of bars that had 
made in the vicinity of the Curie temperature to been tensile strained through the discontinuous 


yielding. Disc specimens of }-in. dia. and 3-in. 


* This work was sponsored by the U.S. Atomic Energy . . » 
Commission under Contract AT(30-1)-1975. Received thickness were machined from the bars and the 
August 16, 1960. — 

* Department of Metallurgy, Massachusetts Institute of + The analysis showed (in wt. %): 99.97 Fe, 0.007 C, 
Technology, Cambridge, Mass. 0.0056 O, 0.00013 N and less than 0.005 Si. 
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ends were ground on emery paper. The specimens 


were again annealed in vacuum at 880°C for 3 hr. 


One me of Ni®, which decays with the emission of 


0.063 MeV £ particles and has a half life of 93 years, 
was received from Oak Ridge National Laboratory 
in the form of an acid chloride solution. Thin layers 
of the isotope, about 0.1 4 thick, were electroplated 


onto the flat faces of the specimens from a solution of 


nickel sulfate, ammonium chloride, and boric acid 


containing both radioactive and inert nickel ions. 
The specimens were sealed in evacuated tubes and 
diffusion-annealed in furnaces controlled within + 1°C. 

The diffusion coefficients were determined by two 
methods. In the residual-activity technique, activity 
measurements were made on the disc specimen after 
the removal of successive layers from the surface. 
This method has been used with Ni® by Hoffman 
et al. and Mackliet®. A floweounter 
was employed in the 


30.000 counts 


windowless 


with 27 geometry current 


than were 


If J, is the activity of 


experiments, and more 
recorded for each specimen. 
the sample after a total thickness y, has been removed, 
and y is the distance into the specimen as measured 


from the initial surface, then for this geometry: 


(sin 


Py 


9 


y,) see dy dé 


uly 


exp 
and if the absorption, yw, is high: 


K exp (—y,?/4 Dt) (2) 


where C and K are constants and ¢ is the diffusion 
time. Thus, a plot of In J, vs. y,* will have the same 
slope as the usual penetration curve; some examples 
Fig. 1. The validity of the residual- 
activity technique has been discussed by Mackliet® 
who used this method for the diffusivity of Ni® in 


are shown in 


copper. 

For small penetrations, it was necessary to use the 
surface-decrease method.“**) The final activity at 
the surface, J, relative to the initial value, J), for a 


straight-line counting geometry is given as 


I/I, = (1 — erf [u( exp Dt) (3) 


where erf = exp (—2?) dz. 


For the 27 geometry used here, 


| exp Dt erf (u( Dt)! “sec |sin6dé 


I | 
| sin 6 d@ 
J0 sec (4) 


exp (— ya sec 0) 


DIFFUSION OF 


NICKEL INTO TRON $41 
where a@ is the thickness of the thin layer from which 
the diffusion takes place. Because of the high absorp 
tion coefficient in the case of Ni®, and since the value 
of uw is not known with sufficient certainty, the relation 
ship between J/J, and (Dt) was determined empir 
ically for the 27 geometry using specimens diffused at 
750 and 840°C where the diffusivity had been measured 
by the residual-activity technique. Typical surface 
decrease curves are shown in Fig. 2 as a function of 
(Dt). 
tion of equation (4) 


1 was calculated by a graphical integra- 
104 


Curve . 


using a value of 


em! @ and assuming a 0. Curve C was calculated 


using equation (3) and indicates the error introduced 


in neglecting the 27 geometry. Curve B is the empiri 
cal curve obtained by plotting measured ///, ratios of 
750 and 840° specimens against the y (Dt) values, D 


being known from independent residual-activity 


experiments on the same specimens. It is evident that 
curves were satisfactory for the dete 


the 


the empirica 


mination of diffusivities by surface-decrease 


method, making it unnecessary to solve equation (4) 


for each run. 


DISCUSSION 
Table | and the 


3. RESULTS and 


The diffusivities are summarized in 


temperature dependence is shown in Fig. 3. Two 


raBLe |. Experimental data for diffusion of nickel into iron 


Duration of chnique 
( diffusion anneal ( se und 
} specimen 


Temperature 
L050 
O30 


900 
S70 
S70 
S40 
S40 
S10 
S10 
780 


su 


50 
50 


50 
710 
680 
600 


600 


Technique residual-activity technique 


surface-decrease technique based on 


pirical surface-decrease curve 


Specimens single crystal 


polye rvstal of large grain size. 


2.16 10 6.01 A 
SS 37 10 | A 
8.64 1.31 10 1 A 
1.73 10 10 | A 
2.59 ».23 10 LB 
59 10 $15 10 1A 
67 10 2.70 LB 
67 10 2.73 A 
30 1.31 lot LB 
30 1.24 lA 
30 10 8.56 10 1B 
30 10 10 1 A 
10 L.07 10 1 A 
7 lof 1.92 10 1A 
7 | 1.83 10 LA 
7 7 10" 3.72 x 10-13 
7 7.41 lA 
l 2.4 10 2A 
= | Lot LO ZA 
10 63 24 
/0 1.81 3.5 2A 
108 
5.18 2.1 2A 


Arbitrary Units 
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10 


Units of 
(°C) | (sec) | 


(cm 


| 1050 |2.16x10| 1x107° 

| 6) -5 
840 |130xI0| 1x10 
750 


-13 2 
D=4.13xlO “cm sec 


. Typical penetration curves for diffusion 
in iron. 


e@ Diffused at 750°C 
Diffused at 840°C 


2 3 
V Dt 


Fic. 2. Decrease in surface activity as a function 
of 4/(Dt). 

Curve A: Calculated using 27 geometry (equation 4), 
Curve B: Empirical surtace decrease curve for speci- 
mens diffused at 750 and 840°C, 

Curve C: Calculated using straight-line geometry 
(equation 3). 
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600°C 


10° 


D (cm*/sec) 


c 
( 7'70°C) 


@ Residual-Activity Technique 


© Surface -Decrease Technique 


12 


lovT 


Temperature dependence of diffusion coefficient 
of nickel into iron 


points were obtained, from opposite faces of each 


specimen, for the runs below 780°C. It is evident from 
Fig. 3 that there is a change in the diffusivity associated 
with the magnetic transformation in iron, confirming 
the previous data on self-diffusion.) The diffusivity 
begins to decrease at a temperature just above the 
Curie temperature (770°C); apparently, this anomaly 
is related to the high degree of magnetic short range 
the The 
anomaly cannot be ascribed to a deficiency in the 
the 


since the residual-activity technique was used as low 


order in iron just above transition. 


surface-decrease method at low temperatures 
as 780 and 750°C where the Curie point effect is quite 
noticeable. 

The activation energies and frequency factors were 
three 


calculated by the least-squares method for 


temperature ranges, and these values are listed in 
Table 2. An activation energy was not fitted in the 
anomalous range. The effect of the magnetic transi- 
be explained in terms of random or 


tion cannot 


systematic errors. The total probable error in the 
activation energy is one per cent for the gamma-iron 
and less than two per cent for the paramagnetic 
alpha-iron. The error in D, is about 25 per cent in 
both cases. The error in the ferromagnetic iron range 
was much greater, primarily due to the small penetra- 
tions at the low temperatures. 

These 


obtained in this laboratory™ for the self-diffusion of 


results are rather similar to the values 


A direct comparison of the diffusion coefficients 
Fig. }. In both the 
anomaly sets in at 20-30°C above the Curie tempera 


Table 2, and Table 3 of Ref. 2, 


iron. 
magnetic 


Cases 


is given in 


ture. According to 


TABLE 2 Temperature dependence of the diffusio oefficient 


of nickel into 


Experimental temperature 
range 
( 


930 
gamma-tiron 


L050 


paramagnetic alpha-iron 


ferromagnetic alpha-iron 


the effect is associated mainly with a small increase in 
with the 
Thus 


there appears to be a change in the vacancy concen 


activation energy in the ferromagnetic region 


frequency factor remaining about the same 


tration or the vacancy mobility 
dD, to he 


diffusion coefficient in the ferromagnetic region, D,, to 


Considering constant, the ratio of the 


the extrapolated value from the paramagnetic region 


D,, may be written 


dD, 
D, 


Let us assume that the difference in activation 
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700°C 


| ] 


2 
D( °™/sec ) 


—e— Diffusion of Nickel 


into Iron 


--0--Self-Diffusion 
into Iron 


800 770 750 


Curie Temperature 


T 


. Comparison of diffusivity of nickel with that 
for self-diffusion in iron. 


800 770°C 


600°C 


10 


Temperature 


Calculated 
--@-- Experimental 
(Ni Diffusion ) 


Oo Experimental 
(Fe Self -—Diffusion) 


T 


Fic. 5. 


The ratio of the diffusion coefficient in 


ferromagnetic iron to the 


extrapolated value for paramagnetic iron. 


energies arises only from a greater formation energy of 


vacancies in the ferromagnetic phase, neglecting any 


influence on vacancy motion. Presumably, a vacancy 


could result in local demagnetization, which would 


require additional energy. The energy of magnetiza- 


tion for ferromagnetic iron as a function of tempera- 
ture was estimated by a graphical integration of the 
magnetic specific heat vs. temperature curve given 
by Hofmann et al.; setting these energy values 


equal to Q,— @Q, in equation (5), the calculated 
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THE EFFECTS OF IMPERFECTICNS ON THE SUPERCONDUCTING CRITICAL 
TEMPERATURE OF TANTALUM*+ 


D. P. SERAPHIM, D. T. NOVICK and J. I. BUDNICK? 


The critical temperature for superconductivity in tantalum decreases with increasing concentration 
of nitrogen, oxygen or hydrogen. The magnitude of the effect may be correlated with the residual 
resistivity and thus may be interpreted as being primarily a mean free path effect; just as has been 
found previously in substitutional solid solutions. Experiments with cold worked tantalum indicate, 
however, that both the nature as well as the number of the defects which scatter the normal state 
electrons are of importance, since no significant change in T. was found in spite of the fact that the mean 


free path was decreased by an order of magnitude due to cold work. 


EFFETS DES IMPERFECTIONS SUR LA TEMPERATURE 
CRITIQUE DE SUPERCONDUCTIVITE DU TANTALE 
La température critique de superconductivité du tantale décroit avec augmentation de concentration 
en azote, en oxygene ou en hydrogéne. L/ importance de ce phénomeéne peut étre mise en corrélation 
avec la résistivité résiduelle et done peut étre interprétée comme étant avant tout un effet du libre 
parcours moyen, ainsi que cela a été trouvé précédemment dans des solutions solides de substitution. 
Des expériences, réalisées avec du tantale écroui a froid, montrent cependant que la nature ainsi que 
le nombre des défauts qui affectent état Glectronique normal ont une certaine importance puisqu aucune 
variation n/a été observée dans la valeur de 7’, alors que le libre parcours moyen était diminué par 


lécrouissage a froid. 


EKINFLUSS VON GITTERFEHLERN AUF DIE KRITISCHE TEMPERATUR DER 
SUPRALEITUNG VON TANTAL 
Die kritische Temperatur der Supraleitung in Tantal nimmt ab bei zunehmender Konzentration von 
Stickstoff, Sauerstoff oder Wasserstoff. Die GréBe des Effekts steht in Beziehung zum Restwiderstand 
und laBt sich daher im wesentlichen als Beeinflussung der mittleren freien Weglange deuten, wie es 
vorher schon bei substitutionellen festen Lésungen gefunden worden war. Experimente mit kaltver 
formtem Tantal deuten jedoch darauf hin, daB sowohl die Art wie die Anzahl der Fehlstellen, die die 
Klecktronen im Normalzustand streuen, von Bedeutung sind; obwohl namlich die mittlere freie Weg 
lange durch die Kaltverformung um eine GréBenordnung verringert wurde, anderte sich 7’, nicht 


wesentlich, 


INTRODUCTION almost all cases the mean free path effect is eventually 

The hypothesis regarding the ability of the mean “overridden” by a variation in 7', which appears to be 
free path to influence the critical temperature in related to the valency of the added impurity, it may 
superconductors has received much support since the — be that in certain alloys such as In-Ga the mean free 
early work of Lynton et a/."). Experiments by Stout — path effect is immediately dominated by the variation 
and Guttman), Doidge), Chanin etal. and Reeber® — of 7’, brought on by changes in the electronic structure. 
are in general agreement with the original observa- In most of the previous work, the mean free path 
tion” that the critical temperature 7’, decreases with has been varied by adding substitutional impurities 
decreasing mean free path for sufficiently dilute to the pure material. To test whether the observed 
substitutional solid solutions. Data has been collected initial decrease in 7’, is truly a mean free path effect 
over a wide range of solid solutions, in which the it is desirable to investigate the effects on 7’, of a 
value of 1// (1 being the normal state electronic mean variety of other defects which may also give rise to a 
free path) for | at. °, solute varied by as much as a decrease in mean free path. In this connection some 
factor of 18. Nevertheless 67',/d(1//) appears to be preliminary work by DeSorbo, has shown that 
of similar magnitude for various solvents in various vacancies quenched into tin produce an effect similar 
solutes for those systems so far investigated. The to that produced by substitutional impurities. Most 
effect of gallium as solute in indium (Ref. 4) is one previous work has been with substitutional solutes in 


exception raising some doubt as to the existence of a simple (i.e. non-transition) metals. We present here 


universal mean free path effect. However, since in some data in a contrasting situation i.e. interstitial 


= solutes in a transition metal. Preliminary experiments 

* Received August 15, 1960. . 
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Yorktown Heights, N.Y. This work was supported in part — of the critical temperature and critical field of partially 

Now at IBM Waston Laboratory. purified and “pure” 0.010 in. dia. wires of tantalum 


with the purification of tantalum” and measurements 
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which 


8,9) 


(Pyo0K ™ 10-3 wQ em) yielded data 


substantially in support of Serin’s work.’ Because 
tantalum could thus be obtained in very pure form 
and could then be loaded with known and controlled 
amounts of specific interstitial impurities, precise 
measurements of the variation of 7', with mean free 
path could be made over a wide range of mean free 
paths. In addition, a substantial increase in resistivity 
could be achieved by cold working the pure tantalum 
at room temperature. The effects of cold work on 7 
are also included in this paper. 
METHOD 
Much of the technique for the 
tantalum and the method employed for measuring the 


purification of 


temperature of the specimen during purification is 
discussed in recent papers.“~*) We shall only mention 
here the method used (after purification), to load the 
nitrogen, and 


tantalum with 


specimens oxygen 
hydrogen, and the quantitative relationship between 
the concentration of these interstitial impurities with 
the temperature-independent portion of the resistivity. 

The system used for gas loading incorporates, in 
series sequence: forepump, oil diffusion pump, cold 
trap. Veeco ion gauge, flask containing the specimens. 
Veeco variable leak valve and flask containing the gas. 
After purification, when the pressure in the system 


mm 


had reached an ultimate pressure as low as 10 
Hg, while simultaneously the specimens were heated 
to 2500 20°C, the leak valve was gradually opened 
to the flask of loading gas until a desired pressure was 
registered by the gauge. The leak valve was then set 
to provide a fixed pressure for a time longer than that 
required for equilibrium to be established between the 
heated tantalum and the gas. The system was in a 
dynamic condition since the pump was operating 
continuously. static condition could also be 
produced, most simply by incorporating a gallium 

mercury drop valve between the pump and the bulb 
containing the specimens. In this case a manometer 
was employed for measuring the system pressure. 
The dynamic condition was most valuable in the low 
Hg), static 


condition undesired gases are undoubtedly produced 


pressure range, (~10-® mm since in a 
by out-gassing of the system walls and so may con 
tribute substantially to the pressure of the system 
The temperatures and pressures employed were varied 
according to the concentration of gas desired in the 
specimen—the higher pressure and lower temperature 
providing the greater concentration. The equilibrium 
1) and hydrogen”! as a 


had 


The oxygen equilibrium had 


concentrations for nitrogen 


function of pressure and temperature been 


previously established. 
to be established during the course of this work. 


IMPERFECTIONS 


were 


AND SUPERCONDUCTIVITY $47 

The temperature-independent portion of the resis- 
tivity, p,;, May be calculated directly, once the resist 
measured at ambient and 


ance of the specimen 1s 


helium temperatures, by the relationship 


P7 
where Py is the value of the temperature dependent 


part of the resistivity at ambient temperatures and 


Ry Ry 
Ry, 


R, and Ry, are the resistances measured at ambient 
and liquid helium temperatures, respectively 


there is considerable variation of the values 


12,13) 


Since 
it is desirable 


then 


of py as reported in the literature, 


to present the data relative to 1/I’, which is 


directly proportional to p, for any one given type of 
impurity.* This assumes that the phonon scattering 
is not significantly altered by the magnitude ot 
Matthiessen’s rule) 
the fact that 


apparent change in the Debye temperature of loaded 


impurity scattering The assump 


tion is supported by there was no 


specimens relative to pure specimens, as calculated" 


from resistance data obtained at ambient and at 
liquid nitrogen and liquid helium temperatures. To 
I’ to interstitial content, note that 
each at , tor 
Py the 
Hence is 


for these interstitials by multiply 


convert values of | 
em for 


nitrogen” or oxygen,'4 


increases by 


either while from 


authors measurements is 13.7 wQ@ em. 


converted to at. 


ing by 2.69. In general, prior to loading the specimens 


~ 10 1) is low enough to neglect and 


the value of 1/1" 
it is assumed that the total value of 1/1 after loading 


is determined by the amount of the one selected 


impurity loaded into the specimen 


MEASUREMENTS 
The measurements of temperature in the cryostat 


were made by measuring absolute pressures with a 


mercury U-tube manometer and a Wild cathetometer 
The 


throughout 


1958 helium temperature scale has been used 


to determine the absolute temperature. 
It was found expedient to measure only transitions of 
specimen resistance for which accurate techniques had 
been established! for determination of the critical 
field at which the bulk of the specimen swit¢ hes from 
the superconducting to the normal state Critical 
temperatures for specimens doped with nitrogen and 


* From the data of 


Andrews non-linear 


gen content above ay a 
Andrew’s data for ni Ox do not 
the data of Gebhardt « . 
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oxygen were usually determined by extrapolating to 


zero field the critical field data obtained at tempera- 


tures below but close to 7’... The changes of 7’, for 
the specimens relative to a standard specimen* were 
checked to an accuracy of better than | lO-?"K by 
heating or cooling a few specimens through the tem- 
perature at which the transition occurred with zero 
applied field. The specimens doped with hydrogen 


were generally measured in this way. 


RESULTS 

The transitions 
The transitions measured below 4.3°K by resistance 
techniques are largely the same as those previously 
Here. the 


limited, except for several highly alloyed specimens, 


reported.) however, measurements are 


to the region in temperature above 4.3°K where the 
field interval in switching is usually less than 1 Oe 


(transition broadening is absent in this range for 


JM LOADED 
TH OXYGEN 
= 35 x 1073 


T = 4.324 °K 


ELD (OERS) 
Fic. 1. Resistance transitions for tantalum wire with 
interstitial nitrogen, oxygen or hydrogen and for a 


highly pure tantalum wire employed as a standard, 


““pure”’ specimen 1.7 10-18 em) was 
employed as a standard so that the critical field, critical 
temperature and residual resistance could be established on 
a relative thus giving a higher relative 
accuracy than could be determined by absolute measurements. 


degree of 


basis, 
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specimens doped with nitrogen or oxygen). A typical 
set of transitions for specimens with nitrogen, oxygen 
or hydrogen present is shown in Fig. | along with data 
for the standard specimen. Hysteresis, as shown in 
the figure, often amounts to several G at 200 mdeg 
below 7’, but decreases toward zero at 7',.. From this 
and other data where supercooling was tested and 
shown to be present*-® the transition field measured 
in the direction superconducting to normal can be 
regarded as the thermodynamic phase boundary. 
When 7’ 


dominate"® and it is most convenient to measure the 


. is below 4.3°K the filamentry effects pre- 
resistance in zero field and vary the temperature to 
obtain 
or with variable temperature at zero field are generally 


Intervals of switching with variable field 


large for specimens loaded with hydrogen. One such 
Fig. 1 to 
transitions for specimens loaded with nitrogen and 
the 
heavily cold worked specimens reported below (see the 
5). The field 
difficult to interpret and temperature transitions are 


field transition is shown in contrast with 


oxygen and to compare with transitions for 


insert in Fig. transitions are thus 
more easily used in defining a range of 7’, for tantalum 


doped with hydrogen. 


Critical field 

A systematic and substantial decrease in the critical 
field, a. occurs as the content of interstitial nitrogen, 
or oxygen, is increased in the tantalum lattice. At 
constant temperature the magnitude of the change in 
H, (from the value for the pure material) relative to 
4.3°K 
the curves are all similar 


1/I’ is plotted in Fig. 2; all curves for 7 
fall on the same graph (i.e. 
for 7' this close to 7’). 


The magnitude of the effect is 
the same function of 1/I’ for each impurity and is 
non-linear with 1/1’. 

The data as obtained directly from critical field- 
temperature measurements is shown in Figs. 3 and 4. 
Here it is evident that the predominant effect of adding 
interstitial impurities is a decrease in the magnitude 
of H, with increasing 1/l. Above 4.3°K changes in 
the slope of H, with 7 are not perceptible in the dilute 
impurity range. The fixed slope —330 + 5 Oe/°K, 
independent of impurity types or content in this 
range, allows for easy and accurate extrapolation of 
In fact 


, can be obtained most directly 


the data to zero field in order to obtain 7' 
the change in 
from 6H,, the change in H/,, through the relation 


OH, 


330 


oT 


where the 6 indicates the difference between the 
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Fic. 2. The decrease in critical field with increasing 
concentration of interstitial nitrogen or oxygen In 


tantalum (1/l'%p,« impurity content 


Fia. 3. Critical field as a function of temperature for 
tantalum with interstitial nitrogen (1/l' «p,x nitrogen 
content), 
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OXY GEN 


CRITICAL 


VAL 


Kia, 5. 


and for 


The field value for 10 per cent return 
full return of normal state resistance 
the pure 
The full 


return of resistance for the standard specimen 


in cold worked tantalum and for 


=> 
& 

uJ 
oO 


specimen employed as a st undard., 


LD 


and fora specimen W ith 5.1 per cent reduction 
A.) is represented by solid eireles. 


E 


F 


in area (R. 


property of the standard specimen and that of the 
impure specimen. 

The field values for 10 per cent return and for full 
return of normal state resistance are shown in Fig. 5 
for the cold worked specimens with 1/I° varying from 
10-4 to 5 10-3, 


for the standard specimen the field intervals and 


As the temperature approaches 7' 
differences converge toward zero but near 7’, a residual 
breadth of 2 G is observed in the transitions for the 
more heavily deformed specimens. The beginning of 
occurs at the same field as the 
Thus if H, is 


0.5, a slight increase in Z, 


the transitions near 7' 
transition for the standard specimen. 


chosen at R/R, is found 


function of 
with 


Fic. 4. Critical field as a 
temperature for tantalum 
stitialoxygen (1 Lap “~oxygen content). 


inter- 


COLD WORKED TANTALUM 
150 % RA 

T=4333°K 


(by extrapolation to He 0) for the deformed speci- 
Thus, 


mean free path, the usual mean free path effect (i.e. a 


mens. in spite of the considerable change in 


decrease in 7'.) is not observed for the cold worked 
specimens. 
CRITICAL TEMPERATURE 

The changes in critical temperatures, relative to the 

standard specimen, obtained from the preceding data 

and those measured more directly by determining the 

resistance of the specimens at zero field as a function 

of temperature are summarized in Fig. 6. The out- 


standing feature of the data is the large and continuous 
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LO ATOMIC % 
NITROGEN OR OXYGEN 


Fic. 6. The change of 


resistance ratio 1/ I (defined in the text 
tantalum and for tantalum 


IMPERFECTIONS AND SI 


critical 


PERCONDUCTIVITY 


temperature with 
for cold worked 


with interstitial oxygen 


nitrogen or hydrogen. 


decrease in 7’, with increasing 1/[', which is indeed 


independent of the specific impurities, nitrogen, 


oxygen or hydrogen. In contrast, the cold worked 


specimens show a slight increase (followed by a 


decrease) in 7’, with increasing 1/[.. The maximum 
of the effect is quite insignificant compared to the 
change occurring with addition of the interstitial 
impurities. 

The impurity effect does not appear to be linear 
even in the low 1/I’ range. Hence the estimate of the 
limiting slope On, O(1/T) 2.15 


be an average over an uncertain interval near 1/1 (). 


may well 
A scale is provided on the graph to indicate the relative 


atomic compe sitions. 


DISCUSSION 

Oxygen, nitrogen and hydrogen have thus been 
shown to decrease the critical temperature for super- 
The 


correlates with the change in 1/I" 


conductivity in tantalum. magnitude of the 


decrease in 7 and 
is roughly independent of the specific interstitial 
The slope 67,/d(1/l) appears to increase 


Nevertheless for 


impurity. 
in magnitude with decreasing 1/T. 
a range of composition in tantalum where the effect 


is claimed to be linear for substitutional alloys,” 4) 


all slopes 67',/d(1/l) are in reasonable agreement, 


i.e. +25 per cent. Thus in spite of the difference in 
type of impurity (interstitial vs. substitutional) and 


difference in type of solvent (transition metal vs. 


simple metal) and furthermore in spite of the large 
difference in 1/T/at 
be correlated quantitatively with the change in 1/T’. 
et al. in the statement 


», solute, the change in 7’, can 


Therefore, we Serin 
that the effect on 7 
seem to be independent of the detailed nature of the 


support 


of small amounts of impurities 


superconductor. 
There is, however, a substantial disagreement with 
the mean free path effect in the case of cold worked 
tantalum. It is emphasized here that a free path effect 
would have contributed 13 10-?° KK decrease in 7’ 
for the increase in 1/Il’ induced by cold work, while on 
the contrary, there was evidence of a slight increase 
in 7... Thus 7 
detailed nature of the defect 


electrons and is not an explicit function of mean free 


at least for tantalum, depends on the 


which is scattering the 


path. 

Radiation damage experiments” at nitrogen tem 
and annealing 
that 


indicate 50 per cent of the resistivity produced by 


peratures subsequent experiments 


and room temperature 


between temperature 


the radiation will anneal out. The authors have also 
cold 


resistivity thus produced will anneal to less than half 


worked tantalum at 4°K and observed the 


its initial value by holding at room temperature for a 


few hours. From these results we may infer that many 


of the point defects anneal out, leaving a substantial 


contribution to the resistivity from dislocations 


Hence the failure to obtain a change in 7’, with cold 


work may be due to the failure to retain a significant 
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number of point defects in the lattice at room tempera- 


ture, and we are led to suggest that the dislocations, 


or planar defects also associated with cold worked 


material are not important in the process responsible 
for decreasing 7'.. 

This is essentially the result obtained previously by 
Chotkevich and Golik®) for tin, indium and thallium 
deformed at low temperatures. Although significant 


increases were found in 7’, with deformation at liquid 


helium temperatures the effects were an order of 


magnitude smaller for deformation at liquid nitrogen 
temperature. They also mention that there is no 
effect for tantalum deformed at room temperature. 

Theoretical discussions dealing with the mean free 
path effect"®? qualitatively confirm that a decrease 
in 7’, 


provided several conditions are satisfied. 


should result from initial additions of scatterers, 
The most 
important condition is that the investigation be in 
the range where the mean free path is greater than 
another is that the Debye 
The 


experiments certainly qualify since 6, ~ 240°K while 


the coherence length, &: 
temperature 4, be reasonably high. present 
the mean free path in tantalum can be expected to be 
10-3? em (L/T 10-4) 


10-4 em (see Pippard” and Doidge™). 


sreater than whereas 


The slope of the critical field curve for tantalum 


near 7’, remains fixed at 330 + 5 Oe/deg independent 


of impurity content up to 0.1 at. %. 
agreement with the results of White et al.'??), 
obtained 334 2 Oe/deg. Their value of 7’, (4.390°K) 


is, however, 0.093°K below the value reported earliet 


This value is in 


who 


by Budnick and confirmed repeatedly during this 
investigation. If due to impurities, this discrepancy 
would correspond to an impurity content of 0.1 at. °, 
in their specimens. 

The effects of hydrogen and of cold work on the 
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fields will not be 


referred to 


transition in magnetic 


The 


complete investigations of similar phenomena by 


resistance 


discussed here. reader is more 


several authors. 8:16.23) 
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SEGREGATION OF SOLUTE ATOMS DURING STRAIN AGING* 
T. MURA?, E. A. LAUTENSCHLAGER}? and J. O. BRITTAIN 


\ theory and verifying experimental data are presented to explain strain aging of tron and steel under 
several aging strains, stresses and temperatures. The theory developes a relation between the number of 
solute atoms migrating to a dislocation and the aging time which eventually leads to saturation. A tern 
to account for the bulk diffusion which is due to the carbon concentration gradient developed in the \ 
ity of the dislocation is also included. The experimental results show the relation between th 
of the yield point after aging and the aging time Both the theory and the experimental results 


from Harper's, Bullough and Newman’s and Ham’s formulas 


SEGREGATION D’ATOMES SOLUTES LORS DU VIEILLISSEMENT DE DEFORMATION 


Les auteurs présentent une théorie et des résultats concordants pour expliquer le vieillisse 


déformation du fer et de lacier pour quelques déformations, tensions et temperatures 
développe une relation entre le nombre des atomes en solution qui migrent vers une disloc: 
temps de vieillissement qui conduit éventuellement a la saturation Un facteur tenant 
diffusion globale, due au gradient de la concentration du carbone, qui 

location, est aussi inclus, Les résultats expérimentaux montrent | 

limite élastique (vield point) aprés vieillissement et le temps de vieil 

résultats expérimentaux différent des formules de Harper, Bullough 


AUSSCHEIDUNG GELOSTER ATOME WAHREND DE 


Eine Theorie zur Erklarung der Reckalterung von Eisen und Stahl unter 

Dehnungen, Spannungen und Temperaturen wird mitgeteilt und 

diese Theorie bestatigen, wird berichtet. Die Theorie entwickelt eine 
gel6ésten Atome, die zu einer Versetzung wandern und der Alterungsz 
Glied, das einer Volumdiffusion Rechnung tragt, wird mitgefiihrt; dic 
tionsgradienten des Kohlenstoffs in der Nahe der Versetzung Dir 

den Zusammenhang zwischen der Zunahme der Streckgrenze nach ce 
Sowohl die Theorie, wie auch die experimentellen Ergebnisse untersc] 


Harper, Bullough und Newman und Han 


1. INTRODUCTION proposed model. Since the solution of the continuity 


In a previous paper” the authors discussed the equation presents some difficulties, we have employed 
influence of aging stress, aging time and testing the technique of constructing particular solutions for 
temperature on the return of the yield point after a tWO extreme cases In order to obtain a reasonabl 


strain aging treatment. Here they discuss more ®pproximation. The resulting solution has been 
quantitatively the degree of strain aging in terms of compared with a rather extensive series of experi 
segregation of solute atoms to a dislocation during mental data and found to give reasonable agreement. 


we have compared a number of the current 


strain aging. The effect of aging stress and prior Finally 


strain on strain aging where the degree of strain theories of strain aging and have shown that ou 


aging is taken as the magnitude of the return of the ‘Solution was to be preferred 

vield point is shown to be in good agreement with the 

yield point criteria developed in the previous paper. 2. THE EXPERIMENTAL PROCEDURI 
The segregation of solute atoms to an edge disloca- The material used in the experiments was ingot iron 

tion is accounted for by the migration due to the drift 0.013 C, 0.0125 Mn, 0.023) Si, 0.0023 5, O11 Cu 

force after Cottrell and Bilby® and the diffusion 0.004 N). Tensile specimens which had a reduced cross 

current due to concentration gradients. Both terms ‘Section of 1.25 in. and a diameter of 0.1 in. wer 

are included in the continuity equation for the annealed at 700°C for } hr in a dry hydrogen atmos 


phere and furnace cooled The heat treatment 


resulted in a grain size of 0.042 mm. Specimens were 
S. Air Force 
the Air Force Office of Scientific Research of the Air Resear deformed in tension at the aging t mperatures 
and Development Command Received Ma 9, 1960: revise head speed of 0 |] in./min Following the 
September 13, 1960. 
Department of Metallurg, Materials Science ort} deformation the load was reduced to a predetermined 
western University, Evanston, Illinois stress level and the specimens were aged while undet 
+ Research Department, Allis-Chalmers, Milwaukee 


consin, 
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load. The stress maintained on the specimens during 


theor 
it ! t ke 
pt 
ent de la 
ter dem Einflu 
experimentelle Resultate, d 
t. a ir Sattigung fubhrt 
riihrt her von dem Konzentra 
Altern und der Alterungszeit 
ider } n den Fort 
153 


ACTA METALLURGICA, 


VOL. 9, 1961 


4 


Temp. Strain Stress 
30°C 0.04 3000psi 
30 04 15000 
30 04 25000 
30 04 35000 


a 4. 


103 
Fic. 1. 


10° 


The experimental date for the return of yield 


10° 10° sec 


point and the aging time under several aging stresses 


fixed aging temperature and aging strain. 


The return 


of yield point is defined as Aa/a,, where Ao = o o 


y fs 


o, is the stress at the upper yield point and oa, is the flow 


stress at a designated pre-plastic strain. 


(Dt/T 10*(cm?/°K 


100 150 200 
Fic. 2. 
point and (Dt/7)?8 
plastic strains and aging 


250 300. 350 400 450 


The experimental data for the return of yield 
under several aging temperatures, 


stresses, where D is the 


diffusion constant, ¢ the aging time and 7 is the aging 


temperature, 


The dotted lines show saturated values 


of Ao/o, predicted by Harper's formula. 


The 


temperature varied from 0 to 50°C, the aging stress 


aging was designated as aging stress. aging 


varied 3000—25.000 lb/in®, and the return of vield 
point was measured at plastic strains of 4-12 per cent. 
by Ao 0, 


is the stress at the upper vield 


is denoted where 


The degree of aging 


Ao 0, Oy, O, 


point and oa, is the flow stress at a designated pre- 


plastic strain. 


3. EXPERIMENTAL RESULTS 

The strain aging curves shown in Fig. | are typical 
of the results obtained at 0, 20, 30, 40 and 50°C which 
show the influence of aging time and stress upon the 
degree of strain aging at a constant aging temperature 
and strain. The experimental points plotted in Figs. 
1 and 2 were obtained from a least square line drawn 


through the measured Ao O, VS. plastic strain ata 


$54 
35 
a + 
30 
° 
20 
15 s 
10 P 
05 BAL 
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2770°* 
30 
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TABLE | 


Aging stress 
(Ib/in?) 


Identifying 
Mark 


Aging temp. 


: J 25,000 

25.000 
25.000 

15.000 

25.000 
000 
000 
000 


te 


constant aging time, temperature and aging stress 


similar to the procedure described previously.) For 


aging times of less than 3 hr data from 3 to 5 speci- 
the 
while for aging times of 8 hr or 


mens are included in least square calculation 
more the plotted 
points are the average of the measured values of 
Ao/o, on two or more specimens at the indicated 
plastic strain and aging time, temperature and stress. 
the (Dt/T)?3 10” 


exp (—20,000/RT)® is the 


In Fig. 2 abscissa is where 
D 0.02 


coefficient, 7' is the aging temperature and ¢ is the 


diffusion 


The various points are identified with 
Note that the 


value for 


aging time. 
the aging variables listed in Table 1. 
dotted 


strain aging 


lines in Fig. 2 are the saturated 
as predicted by Harper’s formula, the 
derivation of this saturation limit will be discussed in 
a later section. 

A comparison of the curves A and « or x and ¥W in 
Fig. 2 shows that the degree of strain aging Ao 0, 
This effect 


of the aging stress is perhaps somewhat better shown 


increased as the aging stress increased. 


in Fig. 1. The comparison of the curves for x. @ 
and in Fig. 2 shows that the degree of strain aging 
at a constant aging temperature and stress decreases 
with an increase in the plastic strain. This observation 
has been previously noted. Although the abscissa 
was taken as (Dt/7')*/*, the cancellation of the effect 
of aging the temperature was not complete (compare 

and @). 

4. DISCUSSION 

In a previous paper, Mura and Brittain” proposed 
that the magnitude of the yield point after aging 
increased with an increase of the parameter, L*°AN 
Sp®, where L is the average distance of the movable 
the 


the dislocation and a 


constant 
the 


part of the dislocation, A interaction 


between solute atom, V 
number of solute atoms in the atmosphere per unit 
length of the dislocation, S the line tension and p 
the radius of the atmosphere. 

They discussed the dependency of S on the aging 
stress and concluded that an increase of the aging 
stress resulted in a decrease in S and consequently the 


parameter L*A N/Sp® increased, and this agrees with 


SEGREGATION 


DURING STRAIN AGING $55 
the first mentioned observation noted in Figs. | and 2 

The increase of the aging strain results in a decrease 
of L, because the movable part of the dislocation is de- 
creased by trees or piled-up dislocations. The decreas- 
ing of L decreases the parameter L?4N/Sp* and 
This 


is in agreement with the second mentioned observation 


results in decreasing of the degree of the aging. 


of the present experiments. 


aging time variable is N According to 


The only 


Cottrell and Bilby® N increases with the aging time 


according to a f?/? law. But the é? law does not allow 


for saturation due to the balance between the concen 


tration gradient and the drift flow towards its dis 


location. Harper has proposed a generalization of 
the 


However 


their results which attempts to account for 
competition between adjacent dislocations. 
Harper's proposal does not compensate for the neglect 
of the diffusion current due to concentration gradients, 


Ham'®) 
the effect ot 


Papers by and Bullough and Newman’? 


have considered the diffusion current. 
The two papers used different boundary conditions and 
obtained different results. The concentration gradient 
of solute atoms retards the aging process in Bullough 
and Newman's theory; on the other hand, it assists 
the process in Ham's theory. 

The authors propose a simpler theory in the next 
section and compare it to the other theories in the last 
section with the experimental results presented in 
l and 2. It should be noted that the additional 


experimental 


Figs. 


data obtained at O and 20° show 


exactly the same trends described in Figs. | and 
but have not been included in the present paper since 
the tests were aborted due to the extremely long times 


required to approach saturation at these temperatures. 


The solution of the diffusion equation 


The model employed in describing the movement 
of solute atoms is that an edge dislocation lies along 
the that the 
occurs in the 2—y plane 
the 


=-axis and migration of solute atoms 


If } is the concentration of 


solute atoms equation of continuity of solute 


atoms can be written as 


while V is the interaction energy between 


dislocation and a solute atom 
ly 


Boltzman’s constant. 7' the absolute aging 


and k is 


temperature. 


027 027 pra/.al al 
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The above equation can be written in a simpler 
form: 

dy? dd 


by the transformation 
d (A/kT')y/(a? + y?), 
y (A/kT y"), (4) 
T (Dk? T?/A?)t. 

It is assumed that the dislocation is isolated, that 
the concentration of solute atoms can not exceed a 
certain value A, (saturated value of 4) and the initial 
value is A). 

The initial condition is 

Ao at ¢ = 0. 

The boundary conditions are 

2 = at infinity, ie. and 

A i, in the effective atmosphere. 

The effective atmosphere is defined as the domain 
the the 


saturated value A,. The domain corresponds to the 


where concentration of solute atoms has 


precipitated domain in Ham’s theory or the core in 
Bullough and Newman’s theory. The effective atmos- 
created below the edge dislocation and 
¢,. The center of the 


0, and y y,/2 where 


phere is 
finally becomes a circle ¢ 
is at x 

(A/kT’)/d,. (8) 


circle d 


that a combined solution of the 


stationary solution and the drift solution for the two 


It can be seen 


extreme cases is: 


exp d 
) 
exp ¢, l 


yp) i$ | 


y2)-2 dd 


. 


where uf | when 


4 


ul | 0 when (fh? yp") *dd (10) 


which satisfies the diffusion equation (3) everywhere 
except on a curve C and satisfies the initial condition 
The 


is determined by ¢@ and y satisfying the 


(5) and the boundary conditions (6) and (7). 
curve 


relation: 


: dd. (11 ) 
The effective atmosphere in the boundary condition 
dp, and the 


The sketch of the solution (9) for a given t 


(7) is the domain between the circle 4 


curve (, 


is shown in Fig. 3. The curve C is initially a point at 
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Fic. 3. Sketch of the distribution of the concentration 

of solute atoms / at an arbitrary time t. A has values of 

(A,/Ao l)\(exp 1) 

(exp ¢d, 1) and A, in the region 

between curve C , (the effective 

atmosphere). The dashed curve represents the curve C 
after a time interval of At. 


J, outside the curve C, A,| 1 
within curve C 
and the circle ¢@ 


the origin of co-ordinates and with an 


increase in the time as shown by the dotted line in 


expands 


Fig. 3. The effective atmosphere becomes the circle 
d = ¢, after infinite time. It should be noted that 
the solution (9) gives the Maxwell distribution outside 
the atmosphere after an infinite time. 

The degree of aging after an aging time is propor- 
N that have 
Since the region of 


tionate to the number of solute atoms 
migrated to the dislocations. 
highest solute content is the effective atmosphere, 


we can take the magnitude of the strain aging to be 


proportionate to the area of the effective atmosphere. 
where F 
The maximum value of F is the area of 

¢d, at the stationary state, and this 


Let the domain area be F, is a function of 
aging time f. 
the circle db 
corresponds to the saturation value of the degree of 
aging. Let A which is equal to N/(.V) 
degree of segregation of solute atoms in terms of the 


max represent the 
saturated valued of solute atoms at the dislocations. 
Then we have 
A = N/(N) Aa/(Ao) 
or in terms of solutions (9) and (11) 
272 * dy tk? T2y,2 


where y, is defined from 


max maxX 


(12) 


9 
| 


dd. 


hy 
=| 
4 x 
/ | 7 | 
\ 
\ \ 1 e*-1) / 
\ Ag= It 
\ e / 
— 
SRR, 
ro 
~> = 0, 
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1.0 


0.8 


Fic. 4. The curves represent the present theory for the 
strain aging, where A Ao/(Ac)max. The points 0.6 
represent the experimental observations of the return 
of yield point in Fig. 2, where K (2A arky,*)?/8 was &4 
taken 10!°(°K/em?)?, 
04 


d(40/40;) 
d(01/T)* 


Slope = 


Slope of Curves in Fig. 2 
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rimental 


Fie. 5. The 


curves in Fig. 2 are 


magnitudes of the slopes o xp 
plotted against \o 
formed by extending the initial straight portion of the 

dicted by 


correspond to the linearity pr 


Harper s formula 


curves 


Equation (12) can be expressed in terms of 


equation (13) 


where 
(15) 


(Dt/T)( A/ky,?). 


Equation (14) is shown in Fig. 4 where AK 
(2A /aky,*)*? and the data in Fig. 2 have been plotted 
for K 10!9% K°/em?)?/3, i.e. for A 3 10-9 erg 
em and y, = 30 A. The value of 30 A for the diameter 
of the saturated effective atmosphere, y,. Is not an 
unreasonable value. 


Since A Ao (Ad) 


of the aging strain and stress, and only depends on 


N/(N),,ax i8 independent 
the aging time, all data under several aging conditions 
should fit one curve. Although the fit of the experi- 
mental data to the theoretical curve, Fig. 4, shows 
some large A, 


better fit than the previously mentioned theories.© 


scatter at the present theory had a 


( ‘ompar ison of theories 


The comparison of the four theories and the experi- 


mental results requires a determination of (Ao),,,. 


and the other unknown physical constants which 


appear in each theory. While the experimental deter- 
mination of (Ao), 


unfortunately under the conditions of our experiments 


ax IS In principle a simple matter, 
it requires such long set up times on the Instron that 
we were not able to pursue this matter. Since the 
estimations of these quantities involve some uncer- 
tainties, it is desirable to compare the theories without 
using these quantities. Also, since there may be some 
question as to whether our data, which was obtained 
under carefully controlled conditions and with good 
experimental technique, or in fact any experimental 
data is sensitive enough to be used to substantiate one 
of the theories by a direct comparison of theory and 
observation, we have adopted the procedure of com 
paring the theories in their differential form with the 
differential form of the experimental data as depicted 
in Fig. 5. This technique which does not require the 
use of the unknown physical constants of the theories 
enabled us to quickly discard two of the theories and 
to find a better agreement between one of the theories 
and the experimental results 

The d(Aa/a,)/d( Dt/T)*, 
strain aging curves ig. 2 
5 against the abscissa Aag/a It 
between dA/dt?? and 


straight 


slopes 10 the 


were obtained from and 


can 
A is 


line as 


plotted in Fig. 


be seen that the relation 


initially linear but deviates from a 


strain aging approaches a saturated value. Since 
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A: (1/K) d4/d(Dt/T) Present Theory 


B: 


2 2/3 


C: (1/2) dO/d(DtA,) 


Bullough and Newman 


Ham 


0.2 0.6 08 


Fic. 6. The slope relations between dA/dt?/* and A are 
shown with curves A for present theory, curve B for 
Bullough and Newman’s theory and C for Ham’s theory. 


Harper's formula, A = | — exp | —k(tD/7')**|, in the 
differential form is a linear relation dA/d(tD/7T)* 

k(1 A), the linear part of the curves in Fig. 5 agrees 
with Harper’s theory but it deviates from his theory 
as the The 


(dotted lines) of the linear parts of the curves in 


saturation is approached. extension 
Fig. 5 gives the saturated values of Ao/a, predicted 
by Harper’s theory. The saturated values are super- 
imposed on the experimental curves in Fig. 2 as 
dotted lines. It is clear that the experimental curves 
have not saturated at the values predicted by Harper's 
theory but continue to increase with increasing time. 

The results of the present theory, Bullough and 
Newman’s, and Ham’s theories are compared with 
the experimental observation in Fig. 5 by plotting the 
relations between dA/dt?* and A in Fig. 6 with curves 
A for the present theory, curve B for Bullough and 
Newman's theory and C for Ham's theory. It is clear 
that Ham’s theory does not agree with the character- 
Curve B deviated from the straight 
the 


istic of Fig. 5. 


line too early compared with experimental 


observation. The present theory has a more reason- 
able agreement with the experimental characteristics. 

Although Ham noted the discrepancy between his 
theory and the experimental results, Bullough and 
Newman's. treatment agreement with 


gave 


(3S) 


Rockwell hardness data) on the strain aging of low 
carbon steel. Bullough and Newman treated only the 
edge dislocation, but the atmosphere of solute atoms 


in their theory is around the dislocation (a circle with 


the dislocation at the center). This appears to be 
permissible however only for screw dislocations," 


for when the dislocation is of the edge type the atmos- 


phere should be in a smeared out region either above 


or below the dislocation in order to minimize the 
strain energy and thus will be dependent upon whether 
the solute atom causes an expansion or contraction in 
the lattice of the solvent. 

A second difficulty in their theory is that the concen- 
tration of solute atoms reached after a long aging 
period (the steady state distribution of solute atoms 
around the dislocations) is larger everywhere than the 
initial concentration of solute atoms contrary to the 
conservation law of matter. 

The present theory has no such contradictions and 
gives as good or better agreements with the experi- 
mental observations, however the mathematical 
techniques used to obtain the final solution sacrificed 


some of the rigor of the mathematics. 
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THE ROLE OF HALIDE-CYCLE REACTIONS IN THE GROWTH OF NICKEL WHISKERS* 
R. E. CECHt 


The growth of nickel whiskers on nickel oxide crystals and of wiistite crystals on magnesium oxide 
substrate crystals was examined by methods described in earlier publications. It was found that nickel 
oxide reduction in a near-equilibrium atmosphere, in the presence of halide and freshly reduced nickel 
occurred by a halide-cycle mechanism. A similar finding resulted from the study of reduction of 
magnetite to wiistite in the presence of iron halide. 

Evidence is presented which shows that halide-cycle reactions acting upon oxide play a critical role in 


the formation of nickel whiskers. 


LE ROLE DES REACTIONS CYCLIQUES DHALOGENURES DANS LA CROISSANCE 
DES BARBES DE NICKEL 

La croissance de barbes de nickel sur des cristaux d’oxyde de nickel, et de cristaux de wiistite sur des 
cristaux d’oxyde de magnésium, a été examinée par des méthodes décrites antérieurement. L’ auteur 
trouve que la réduction de loxyde de nickel dans une atmosphére proche de l’équilibre et en présence 
d'un halogénure et de nickel fraichement réduit, intervient par un mécanisme de réaction cyclique di 
Vhalogénure. Des résultats identiques sont obtenus dans létude de la réduction de la magnétite en 
wiistite en présence d’halogénure de fer. L’auteur démontre que les réactions cycliques de lhalogénurs 


vis-a-vis de loxyde jouent un roéle critique dans la formation des barbes de nickel 


DIE ROLLE VON ZYKLISCHEN HALOGENREAKTIONEN BEIM WACHSTUM VON 
FADENKRISTALLEN AUS NICKEL 

Das Wachstum von Fadenkristallen aus Nickel auf Nickeloxydkristallen und Wiistitkristallen auf 
einer Unterlage von Magnesiumoxydkristallen wurde mit Hilfe von Methoden untersucht, die in friiheren 
Veréffentlichen beschrieben worden sind. Es stellte sich heraus, daB die Reduktion des Nickeloxyds bei 
Anwesenheit von Halogen und frisch reduziertem Nickel in einer Atmosphare nahe dem Gleichgewicht 
durch einen zyklischen Halogenmechanismus stattfindet. Ein ahnliches Resultat wurde bei der Unter 

suchung der Reduktion von Magnetit zu Wiistit bei der Anwesenheit von Eisenhalogenid gefunden 
Es werden Beweise vorgefiihrt, welche zeigen, daB die auf das Oxyd einwirkenden zvklischen Halogen 


reaktionen bei der Bildung von Fadenkristallen aus Nickel eine kritische Rolle spielen 


INTRODUCTION some hydrogen. As heating progresses steam is 
In the past decade numerous significant advances in evolved. The steam blankets the charge, thereby 
the understanding of the solid state have been made holding it in an oxidizing atmosphere for a time. 
possible by the availability of near-perfect metal It has been demonstrated that, under the conditions 
crystals commonly referred to as “whiskers”. The stated above, considerable amounts of nickel oxide 
techniques for producing these crystals have been — will be formed by reaction of nickel halide and steam :“ 
largely empirical, however, despite sizable efforts 
devoted towards obtaining an understanding of the H,0(g) NiO(s) 2H X(g). (1) 
growth mechanism. The following discussion relates This nickel oxide plus any introduced with the original 
some observations concerning the growth of whiskers charge plays an important role in the whisker-forming 


by hydrogen reduction of halide salts. These observa- process. The details of this role will be discussed 


tions provide another increment of the experimental — later in the report 


evidence needed to completely define the whisker- As heating continues, the water included with the 
forming process. charge is all driven off. The atmosphere then gradually 
DISCUSSION shifts toward one which is reducing towards nickel 
oxide or halide. At this point the system contains 


NiX,, NiO H, and HO 


It has been found that the first reaction which 


Nickel whiskers are produced by the following 
general procedure: A boat containing nickel halide, 


with considerable moisture and usually some oxide 
occurs in the above system in a reducing atmosphere 
impurity, Is quickly heated to a temperature where ‘ ‘ 
is the reaction between hydrogen and nickel oxide.“ 
the halide is volatile and in an atmosphere containing : 


— H,(g) + NiO(s) H,O(g Ni(s 


* Received October 4. 1960. 
_ ft General Electric Research Laboratory, Schenectady, Small particles of reduced nickel are formed in the 
New York. 

+ X represents F, Cl, Br or | surface of nickel oxide particles 
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Fic. 1. Nickel oxide crystal, (OOL) surface, with whis 


As soon as nickel particles of some supercritical SIze 
have been formed hydrogen begins to react with 
nickel halide. The reaction occurring here is 


NiX, —> Ni PH X(g). (3) 
Nickel formed by hydrogen reduction of the halide 
deposits on the metal particles formed in the surface 
of nickel oxide and produces growth crystals and, 


occasionally, whiskers. It is probable that reaction 


(3) oceurs on the surface of the metal particles. 

The findings recounted here permit the conclusion 
that a steam-hydrogen atmosphere which is just 
sufficiently reducing to nucleate the metallic phase on 
halide at a far 


rapid rate than it will reduce the oxide if a suitable 


nickel oxide will reduce the more 


metal surface is present in the system. The conclusion 
is quite obvious from the observation that sizable 
quantities of growth crystals and whiskers may be 
the 
almost totally unreduced throughout the experiment.) 


formed while nickel oxide substrates remain 
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ker growing from center of eroded region 


During the course of the experiments in which 
nickel whiskers were grown on nickel oxide substrates 
It 


nickel 


a noteworthy phenomenon was observed. was 
that attack of the 
oxide substrate occurred in the vicinity of the whisker. 


As dished 


concentrically around the whisker. Fig. | 


found in many cases an 


a result, a slightly region was formed 


illustrates 
the appearance of the nickel oxide at such a region. 
The whisker, which is out of focus of the microscope 
objective, projects nearly vertically from the center 


of the region. These regions were never found at any 


point other than in conjunction with nickel growth 


crystals or whiskers. 

From a consideration of all of the components ol 
the system it may be concluded that nickel halide is 
the only one sufficiently volatile to account for removal 
The 


which nickel oxide may be converted to halide may 


of observable quantities of oxide. reaction by 


be written as 


> NiX,(g) 


2HX(g H,O(g). 


NiQ(s) 


160 
A 
Vol. 9 
1961 
750 


CECH: GROWTH 
It may be noted that hydrogen halide required for 
reaction (4) is produced as a by-product of the 
whisker-forming reaction (3). It is therefore reason- 
able to expect that the nickel oxide attack would 
occur concentrically around each whisker. The nickel 
halide produced by the oxide attack is available for 
reduction and would be at least partially incorporated 
into the whisker as reduced metal. 

The above observations may be summarized by 
stating that once a suitable number of nickel substrate 
crystals have been produced by reaction (2) the 
reduction of nickel oxide and halide to metal may 
proceed, at least in part, by the following sequence 


of reactions: 


2HX 


NiO - NiX, + H,O 


H, + NiX, > 2HX + Ni. 


These reactions represent a new concept in reduction 
che mistry as they demonstrate that nickel may he trans 
ported from the oxide to the metal via a halide cycle with 
the chemical driving force supplied by the oxidation of 


hydroge n to steam. 


A second example of a halide-cycle reduction 


reaction was found during some experiments involving 
the decomposition of ferrous bromide to wiistite. 
In previous experiments” it had been established 
that wiistite single crystals could be formed epitaxially 


on magnesium oxide crystals by the following reaction 


FeBr,(g) + H,O(g) °™*°, FeO(s) + 2HBr(g). 


The atmosphere in the reaction vessel contained 


hydrogen and steam in proper concentration to be in 
equilibrium with the wiistite phase of the iron—-oxygen 


system. 


It was found that, when magnetite (Fe,0,) was 


placed in proximity to the magnesium oxide seed 


crystal, a quantity of wiistite far in excess of the initial 


quantity of ferrous bromide was produced. In one 


experiment the ferrous bromide introduced to the 


system could only account for 0.7 per cent of the 
The 99.3 


per cent of the ferrous ions could only have been 


weight of wiistite produced. remaining 


supplied by the magnetite. A parallel experiment 
performed without any ferrous bromide in the system 
resulted in a complete absence of wiistite deposit on 
the magnesium This 
demonstrated that ferrous bromide was the agent in 


oxide crystals. experiment 


transporting ferrous ions from magnetite to wiistite. 
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above described 


The 


experiment is believed to he as follows 


reaction sequence of the 


3H.O 38FeO 
6H Br 8) 


3FeBr, initial reactant 


6H Bi 


A 


> 3FeBr, 


3H,O 3FeBr, — 6HBr 3FeO 10 


It can be noted that the result of reactions (9) and (10 


is reduction of magnetite to wiistite with concurrent 


oxidation of hydrogen to steam. Since the atmospher 


was in equilibrium with the wiistite phase it follows 


that the driving force for the reaction is produced by 
the slight excess hydrogen pressure over magnetite, 
This point was confirmed by an experiment in which 


wistite was substituted for magnetite in the system 


The deposit on the magnesium oxide crystal afte! 


this experiment was less than the amount of iron 


introduced as ferrous bromide 


A slightly different halide evcle reaction was noted 


when metallic iron was substituted for magnetite 


seed ervstal The MOs- 


near the magnesium oxid 


before, in equilibrium with wiistit 


phere Was as 


In this case the iron was attacked and an amount of 


wustite far larger than could be supplied by the initial 


seed crystal 


ferrous bromide Was ce posited on the 


The reactions here are bye lie ved to he as follows 


initial reactant > FeO 


2H Bi | 


> 2H Bi FeO 


Keb 
( 


In this case the driving force for the 


oxidation reaction is provided by the 


steam pressure over Iron 


The concept of halide-cycle reduction may provide 


how ery tals 


halides 


a missing link to the understanding of 


produced by hydrogen reduction ot metal 


grow as Whiskers rather than equiaxed crystal It 
has been pointed out by Price et a/ ind by Sears“ 


that crystal growth may be poisoned by adsorption 


of impurities on the growing crystal. If the crystal is 


critical rate (FR bury the 


above a 

Under 
to crystal growth. If a 
which is R 


cover all growth sites and completely inhibit further 


YTOW ing 


impurities these conditions is no 


hindrance given crystal face 


Is growing at a rate Impurities can 


Fe,0, H, 9 
| 

| 
2H Br — FeBr, H, |? 
A 
== 
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NiXo+ 2HX + Ni 


nH, /mH,0 > (n-1) H,/mH,0 


NICKEL 
CRYSTAL 


NICKEL OXIDE 


NiX, + ie. 2HX + Ni 


P J 
NiO + 2HX ——= NiX, + H20 


(n-1) Hp /(m+1) 


Fic. 2. Diagram illustrating the effect of nickel halide 


reduction, near the top and near the base of a nickel 


erystal which is growing on an oxide substrate. 


crystal growth. Whiskers will be formed when all 
crystal faces except one grow at a rate which is < R.. 

Price et al.), in their analysis of the crystal growth 
that 


crystal growth rate provided the initial nonuniformity 


mechanism suggested statistical variations in 


of growth required to start a whisker. The findings of 


this investigation suggest that a more potent factor 


may be contributing to the initial nonuniformity of 


crystal growth. 


The diagram, Fig. 2, 


illustrates how a halide-cycle 
reduction reaction could lead to a nonuniform crystal 
growth rate which would in turn permit the Price 
Vermilyea-Webb mechanism to operate. small 
equiaxed metal crystal is shown growing on an oxide 
substrate of the same metal. During the first stage 
of crystal growth there is an excess of metal halide 
and a deficiency of reducing agent at the crystal. As 
metal is deposited on the crystal by the metal halide 
hydrogen reaction shown in Fig. 2, the system comes 
closer to equilibrium due to removal of hydrogen, 
i.e. the H, H,O ratio is decreased. However, at the 
base of the metal crystal an auxiliary reaction is 


occurring. Hydrogen halide reacts with metal oxide 
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to produce metal halide and steam. Thus the com- 
bination of the two reactions will cause the H,/H,O 
ratio at the base of the crystal to be decreased to a 
greater extent than near the top of the crystal. As a 
consequence there will be a smaller portion of the total 
hydrogen diffusing into the system which is available 
for producing crystal growth on the side surfaces of 
the crystal than there is on the top surface. In the case 
of iron whisker growth where the oxide substrate may 
be FeO, or 


required along with hydrogen halide to digest the 


Fe,O,, additional hydrogen will be 
oxide. This loss of hydrogen will further enhance the 
difference in reduction rates on surfaces far removed 
from the substrate as compared to those near to the 
substrate. 

The reactions described above will produce crystal 
growth rates which are different for like crystal faces 
oriented differently with respect to the oxide substrate. 
It is necessary that the rate of growth of the lateral 
faces fall below the critical growth rate for crystal 
growth poisoning before whisker growth can com- 
mence. It is probable that the proper crystal growth 
rates are obtained by empirical adjustment of the 
external variables. It is well known that the precise 


conditions for obtaining whisker growth must be 
obtained empirically. 

The above-described mechanism for the first step 
in the conversion of a growth crystal into a whisker 
permits some predictions which may be examined 
experimentally. Before the mechanism can operate, 
the crystal must be oriented such that one preferred 
growth face is, on the average, at a greater distance 
from the substrate than all others. Those crystals 
which are favorably oriented should be found as 
whiskers with axes nearly perpendicular to the oxide 
substrate. 

An exception to this statement could be expected 
when the reducing gas impinged obliquely onto the 


Whiskers 


tilted in the direction of the incoming gas stream. 


oxide substrate. would then be found 

The perpendicularity of some whiskers was checked 
experimentally by measuring the angle « between 
the axis of whiskers and the normal to a cube edge of 
the nickel oxide substrate crystal. The angle measure- 
ment is shown schematically in the diagram included 
with Fig. 3. The angle $ was small for each whisker 
measured so that «x was close to the total angle be- 
tween the whisker axis and the normal to the plane of 
its base. The angle x measured on twenty whiskers is 
shown in a histogram in Fig. 3. It is clear that most 
whiskers form nearly perpendicular to the surface. 
No whiskers were found in these experiments having 


x 10°. The fact that most whiskers were found to 
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NUMBER OF WHISKERS 


3. 


Histogram of number of whiskers vs. 


OF Ni WHISKERS 


(100) NiO 
™ 


the angle (% between the whisker axis 


and the normal to the plane of the nickel oxide substrate 


the additional restriction 
that whiskers formed on patches of reduced oxide have 
the 
Crystals of a given orientation can grow to whiskers 


110 


In most cases the crystal orientation relationship 


have « 2° stems from 


specific orientation relationships with oxide. 


along a maximum of six possible fiber axes. 
found is the one which has a [110] direction nearly 
the 


Whiskers were rarely found with « more than 10 


perpendicular to the cube surface of oxide. 
unless they nucleated on a small piece of oxide 
surface which, in itself, was tilted with respect to the 
the reducing 
the 


gas source 


main substrate crystal, or 


was located at an oblique angle to substrate 
crystal surface. 
CONCLUSION 


It has been demonstrated that the reduction of 


nickel oxide to nickel and the reduction of magnetite 


to wiistite in near equilibrium atmospheres containing 


their respective halides proceed by a halide-eycle 
reaction path 
fol 


an auxiliary reaction 


Evidence has been presented to show that the 


case of nickel whisker growth 
occurs at the base of nickel crystals which could lead 
to nonuniform growth rates on different faces of the 
crystal and thus permit the Price—-Vermilyea-Webb 


mechanism of whisker growth to operate. 
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TRANSMISSION ELECTRON MICROSCOPY STUDIES OF DISLOCATIONS AND 
STACKING FAULTS IN A HEXAGONAL METAL: ZINC* 


A. BERGHEZAN?t, A. FOURDEUX?+ and S. AMELINCKX? 


the use of transmission electron microscopy. 


was made of dislocations in zine by 
a 


\ detailed study 


Evidence was found for the occasional separation of perfect dislocations into partials separated by 


stacking fault 
The most 

containing a stacking fault. 

in the precipitation of vacancies, 


striking feature was the frequent occurrence of large loops of prismatic dislocations 


The interactions between such loops are discussed in detail. The loops 


probably originate formed during severe rolling. Fatigued samples 
contain larger numbers of loops. 
Networks were also observed; both tilt and twist boundaries were found and analysed. 


ETUDES PAR MICROSCOPIE ELECTRONIQUE PAR TRANSMISSION DES DISLOCATIONS 
ET DES FAUTES DEMPILEMENT DANS UN METAL HEXAGONAL: ZINC 

Utilisant la microscople électronique par transmission, les auteurs ont étudié en détail les dislocations 
dans le zine. Ils obtiennent ainsi la preuve que des dislocations parfaites peuvent se diviser occasionnel- 
lement en dislocations partielles séparées par une faute d’empilement. 

L/observation la plus caractéristique provient de ce qu il apparait fréquemment de larges boucles de 
dislocations prismatiques contenant une faute d’empilement. Les auteurs discutent en détail les inter 
actions entre de telles boucles. Celles-ci proviennent probablement d’une précipitation de lacunes 
produite par un laminage sévére. Aprés fatigue, les échantillons contiennent un plus grand nombre de 
boucles. 

Des réseaux ont été observés ainsi que des joints de flexion et de torsion, que les auteurs analysent. 


UNTERSUCHUNGEN VON VERSETZUNGEN IN STAPELFEHLERN MIT 
EKLEKTRONENMIKROSKOPISCHER DURCHSTRAHLUNG IN EINEM 
HEXAGONALEN METALL: ZINK 


Die Versetzungen in Zink wurden mit elektronenmikroskopischer Durchstrahlung ausfiihrlich unter 
sucht. Halbversetzungen 
auftrennen, zwischen denen sich ein Stapelfehler befindet. 

\uftreten von groBen Ringen aus prismatischen Verset 


Dabei wurde festgestellt, daB sich gelegentlich vollstandige Versetzungen in 


Der auffallendste Befund war das haufige 
Wechselwirkungen zwischen solchen Ringen werden 


einen Stapelfehler enthalten. Die 
Ausscheidung von Leerstellen, die 


Die Ringe bilden sich wahrscheinlich durch 
Proben enthalten eine gréBere Anzahl von Ringen. 


zungen, die 
ausfiihrlich besprochen. 


beim starken Walzen entstanden waren. 


Ermiidete 
Netzwerke wurden ebenfalls beobachtet. dabei wurden sowohl Neigungsgrenzen als auch Drehungs 


grenzen aufgefunden und analysiert 


1, INTRODUCTION and very striking example of the verification®.” of 
The direct observation of dislocations by trans- dislocation theory. 


mission electron microscopy (Bollmann, 1956 and Among the numerous metals so far investigated 


Hirsch, Whelan and Horne, 1956) is one 
typical discoveries which provided science with a — b.e.e. 
studied only superficially in a few cases now retain 


of those the f.c.c. metals have received most attention. The 


metals and the hexagonal metals which were 


means to jump at once far ahead. In just a few years, 
this technique made the verification of the dislocation — our interest. 


theory and some of its related phenomena possible. This paper deals, however, only with the hexagonal 
In this respect, one of the most important phenomena, — metals and its purpose is to give an extensive account 
the mechanism of plastic deformation and fracture has — of some observations reported previously.4.6 

closely connected with the The close packed hexagonal metals are of special 
because, on the one hand, they polygonize 


and on the other hand, theory predicts the 


been proved" to be 
nucleation of dislocations and their movement inside — jnterest 
the crystals. Further the observation of the associated — easily 

defects, namely the stacking faults represent another existence of stacking faults: these are two contra- 
-  dictory phenomena according to Seeger. Further, 


* Received October 14. 1960 
European Research Associates, 95, rue Gattide Gamond, they deform both by slip and twinning. 


Brussels 18. In this paper it will be shown that these phenomena 


Dept. of Physics, Centre d’ Etudes de Energie Nucléaire, ; ir 
Mol, Belgium. are only apparently in contradiction, as several types 
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of dislocations have been found, both perfect and 


imperfect, which explain the different behaviour of 


these metals. 

In the next section a classification is given of the 
types of dislocations and stacking faults possible in 
the hexagonal close packed lattices. That section is 
followed by one containing a description of the 
experimental technique used to observe these various 
imperfections and of the results of these observations. 
the 


dislocations is discussed and related to the observa- 


Then follows a section in which 
tions. Next, a section is devoted to the sub-boundary 
phenomena and in a final section the origin of the 
discussed together with their 


stacking faults is 


importance in the deformation process. 


2. TYPES OF DISLOCATIONS AND THEIR 
ASSOCIATED DEFECTS IN THE HEXAGONAL 
CLOSE PACKED LATTICE 


(1) Different types of dislocations 

In order to classify the types of dislocations in a 
crystal the possible orientations of Burgers vectors 
are of primary interest. In a hexagonal close packed 
lattice the stable Burgers vectors can be pictured by 
a representation similar to that given by Thompson"? 
for the f.c.c. 
bipyramid is needed in this lattice. This is shown in 


metals, but instead of a pyramid, a 


Fig. l(a) and its projection in Fig. 1(b). The examina- 
tion of the bipyramid leads to the following simple 
dislocation types in the hexagonal close packed 
lattices: 

(i) Perfect dislocations with Burgers vectors in the 


basal plane along the sides of the triangular base 


A 
(b) 
as Burgers vectors in the hexagonal close packed 
lattice 


AMELINCKX: 


interaction of 


dislocation loop is e.g. aS 


DISLOCATIONS IN ZINC 165 


ABC of the bipyramid. They are AB, BC, CA and 
their negatives. 

(ii) Perfect dislocations perpendicular to the basal 
plane represented by the vectors S7’, 7'S of magnitude 
C. 

(iii) Imperfect basal dislocations (Shockley partial 
type) which form by the dissociation of the pertect 
basal They are 
Ao, Bo, Ca 


The dissociation reactions are 


dislocations lying in the plane. 


represented by the vectors and their 


negatives. 
AB 


(iv) Imperfect dislocations perpendicular to the 


basal plane S, oT, So. To of magnitude c/2. 

(v) Imperfect dislocations which are a combination 
of the latter two types, given by AS, BS They 
could eventually dissociate into their components 
AS Ao oS. Since the Burgers vectors are 
mutually perpendicular, the stability of AS cannot be 
decided On a square of the Burgers vector” basis. 
The energies of these different dislocations are given 

in Table 1. 


If, instead of using the value c/a 2, /2/4/3 which 


on a relative scale 


corresponds to an ideal hexagonal close packing, one 


uses the real c/a value for zine, then the values of 


(ii), (iv) and (v) are increased by a small amount 


(2) Dislocation rings and stacking faults 


Read) 


the possible stacking faults which develop 


Frank™ > and considered, for hexagonal 
lattices 
by the precipitation of point defects. It is worthwhile 
to describe this mechanism in some detail, as this will 
provide better understanding of the experimental 
results. 

(a) Precipitation of vacancies. If vacancies precipi- 
disk 
This 


contact 


tate inside the erystal on a single layer, a 


») 


shaped cavity results as shown in Fig. 2(a) 


however brings two similar layers into 


(Fig. 2b), a highly unfavourable situation which can 
be avoided by two mechanisms 
stacking of one layer into a 


i) by changing the 


position 3 Fig. 2c) 

ii) by having the loop swept by a partial dislocation 
that changes the stacking of all layers above the 
loop according to the rule 1 —» 2 
2d). 

In the first case (Fig. 2c) the Burgers vector of the 


the loop contains a high 


Type 


Energy 
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High energy 
stacking fault | 


Low energy 
stacking fault: 
2 


(b) 
Fic. 2. The formation of prismatic dislocation loops as 
a result of the precipitation of one layer of vacancies. 
(a) Disk shaped cavity. (b) Closing the disk shaped 
cavity without offset. (c¢) Formation of a high energy 
(d) Formation of a low energy stacking 


fault within the loop. 


stacking fault. 


energy stacking fault, since there are three violations 
of the next nearest neighbour stacking rule (as shown 
the 


by the arrows). In the second case (Fig. 2d), 


Burgers vector is e.g. AS Ao oS: the second 
component results from closing up the disk-shaped 


The 


first component results from the partial dislocation 


void, and it is now the same as in the first case. 
that swept the loop. In this case the loop still contains 
a stacking fault, but its energy is roughly one third 
of that of the stacking fault under (i), since now there is 
only one violation of the next nearest neighbour rule, 
as indicated by the arrow in Fig. 2(d). 

In view of the associated decrease in stacking fault 
> AS will 
If the 


stacking fault energy of the metal is not too small, the 


energy, the dislocation reaction Ao oS 
oecur once the dislocation Ao is nucleated. 
stress resulting from the stacking fault, G@ = y/b, may 
exceed the vield stress so that nucleation of the partial 
becomes probable. For example, it is known that in 
aluminium the stacking fault is eliminated by nucleat- 
ing a partial dislocation. The partial dislocation will 
in any case not go beyond the loop area, since doing 
so would increase the surface of the stacking fault. 
One can consider two types of low energy stacking 
faults depending on whether a layer | or a layer 2 has 


been shifted into position 3. Rings containing these 
two types of stacking faults as they occur in the same 
cry stal are shown in cross section in Fig. 3(a). For 
one of them the Shockley partial changing the stack- 
ing can be 
Bo or Co, 
the second ring should have a Burgers vector of the 
This facilitate 


discussion of the interactions which be studied 


the type Ao, whilst by partial sweeping 


type oA, oB or ol. notation will 
will 


below 


considered as having a Burgers vector of 
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( b) 


Fic. 3. (a) Two kinds of low energy stacking faults as 
they occur in prismatic loops, shown in cross section. 


(b) Coalescence of the two loops shown in (a); a partial 


separates the two loops. 
One could also conceive the possibility that parts 
of two adjacent 
Fig. 4(a). 


collapse of this void should then have S7' as a Burgers 


layers are removed as shown in 


The dislocation loop resulting from the 


Stacking 


fault 


Fia. 4. (a) Prismatic dislocation resulting from the 


collapse of a cavity due to the formation of a double 
(b) Dissociation of the 


layer of vacancies. 


dislocation into two partials. 


pertect 
(c) Aspect of the loop 
resulting from the process shown schematically in (b). 
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How- 


ever, this dislocation would tend to dissociate accord- 


vector and it would contain no stacking fault. 


ing to 


ST — SA 


This 


would result in the formation of two concentric rings 


since energy is thereby gained. dissociation 
separated by a low-energy stacking fault, as repre- 
sented in Fig. 4(c) and would require climb, i.e. diffu- 
sion (distillation from one half-plane to the next is 
sufficient). If the dotted line in Fig. 4(c) represents 
the original loop, the dissociated loop is shown by the 
full hatched 
fault. A section through one-half of the loop is 


shown in Fig. 4(b). 


line: the cross region is the stacking 


(b) Precipitation of interstitials. One could finally 
think of precipitated platelets of interstitials as being 
responsible for the formation of stacking faults. The 
reasoning used to deduce the structure of the disloca- 
tion resulting loop is quite similar to that used for 
vacancies. The dislocation rings surrounding these 
faults are also of the Frank type; only the sign would 
be different. Suppose part of a layer 3 is inserted as 
shown in Fig. 5(a), then the loop formation again 
results in a dislocation with oS as a Burgers vector 


and having a high stacking fault energy, (three 


| 


laver of interstitials. 


Fic. 5. 


(b) Prismatic loop resulting from the layer of inte 


(a) Precipitation of a 
stitials shown under Fig. 5(a); the loop contains a large 
three violations of the stacking 
energy 


energy stacking fault: 
rule. (c) Prismatic loop 
stacking fault resulting from the loop under Fig. 


after the passage of a partial dislocation. 


containing a low 
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of the neighbour stacking- 


fault rule, Fig. 


violations next nearest 


5b). This high energy can again be 
reduced by having the loop swept by a partial ; the 
result is shown in Fig. 5(c). 

Interstitial platelets, two layers high. could also 
give rise to stacking faults as in the case of two layers 


of vacancies. 


3. EXPERIMENTAL TECHNIQUES 
The experimental work has been done by trans 
mission electron microscopy on thin zine polyerystals 
or single crystals prepared from 99 per cent metal 
Mining 


Company of Canada. The foils were prepared initially 


obtained from Consolidated and Smelting 
by rolling directly small ingots of 10 mm thickness to 
0.01 mm and then further thinned electrolytically to 
the necessary transmission thickness of L000—-2000 A, 
The electrolyte and polishing conditions used were 


those given by Jacquet"! In a few cases deformation 
of the samples inside the microscope was necessary 
this 


mounted in a micro-tensile machine were prepared by 


For purpose, specimens large enough to be 


first cutting long strips from the rolled foils; these 
over the whole 


atte 


were then varnished with *‘Lacomit’ 


surface except for a “window and drying 
thinned electrolytically. 

Although they had 
specimens proved upon observation to have been 


had 


been heavily deformed, all 


either completely recrystallized or least 


recoy ered, 
4. RESULTS 


A. Type s of India idual Dislocations Ohse rved 


Observation by transmission electron microscopy 


revealed a variety of individual dislocations and 


stacking faults, simple and complex interactions 
between them, and several phenomena related to the 
arrangement of dislocations into networks inside the 
crystals and at the grain boundaries 

The 
follows 


(a) Mobile 


variety of interactions inside the crystals and at the 


individual dislocations may be classified as 


perfect dislocations giving rise to a 


boundaries. They all lay in the basal planes 


the AB, BC or At 


grain 


and have Burgers vectors in 
directions. 


| b) Mobile 


which have been observed to form by the dissociation 


emperfect dislocations Shockley type 


of perfect dislocations into two partials separated by 


extended stacking faults. sometimes several microns 


wide. The large separation Is most probably due to the 


pinning of one of the partials and is therefore not the 


equilibrium separation, so that no conclusion concern 


ing the stacking-fault energy can be deduced from it. 
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evidence for a ight sug 


| dislocation ribbons in zine; 
the 


vesting 
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some disloc ations are disso iated. 


considered as 


the 


dotted contrast at (a) can be 


that the result of 


separation Is 


stress combined with pinning of one of the partials 


The partials were seen to separate during observation 
a fact which excludes the possibility that they might 
be due to prismatic loops of the kind to be deseribed 
below. these 
Since they are situated in the (0001) planes, and since 


the preparation of the foils by rolling gave rise to a 


Evidence for defects is given in Fig. 6. 


pronounced texture, the observation of these defects 


was only in the rare grains whose basal planes formed 
an appre ciable angle with the surface of the foil. 

The 
large dislocation 
of different 


hundreds of A to several microns). 


c) Ring dislocations. most striking observa 
that of 


and 


tion was rings. They are 


very frequent diameters (several 
lving also in the 
features are their 


None of 


move by slip, even in 


QOOL) planes. The most unusual 


large diameter and their sessile character. 
them has been observed ti 
samples stretched inside the microscope up to fracture, 


the foil. 


are 


although other glissile dislocations cross 


One « that 


‘an. therefore safely conclude they 


sessile at least with respect to movement in the c- 


plane. However they were often observed to expand 


and sometimes to contract to complete disappearance. 
Figs. 7 and 8 show the rapid expansion of these 
The micrographs were taken at 
Due 


dislocation rings. 
of a 


character the expansion or the contraction of the loops 


intervals few minutes. to their sessile 


must result from climb. 


B. ('ontrast Effects Associated with Loops 


it is clear from most of the photographs that the 
This 
shown earlier by Fourdeux et al.“ using both electron 
microscopy and X-rays. The contrast can either be in 
the form of a difference in shade from the surrounding 
regions Fig. of 
parallel to the foil surface (Fig. 9e). The first appear- 
ance is more frequent the foil 


nearly always parallel to the basal plane, which is also 


interior of the loops exhibits contrast. was 


Ya). or a set of interference fringes 


because surface is 
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Expansion prisn 


Notice the int« 


the loop plane. Fringes are observed only when the 


loop plane is inclined with respect to the surface. 
If the plane of the loop happens to be in the vicinity 
of a plane of maximum diffracted amplitude i.e. at a 


distance from the front face of (n l\t, where n is an 


integer and ¢ is the extinction depth, it exhibits no 


contrast. That this should be so can be shown quite 
easily by the use of the amplitude phase diagrams 


Whelan“ Such 


for example 


proposed by 
Fig. 9(d 


Changing the inclination of the foil 


only changes the Bragg reflection that is active in 


producing contrast. but at the same time ch unges the 


extinction distance t and hence the depth of the max 
ima and minima in diffracted amplitude. The 


that 


result 


will be a loop which did not produce contrast 
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Kia, 8. Sequence ot photographs of the same area. (a) 0 sec. (b) 1 min. (ec) 3 min. (d) 4 min. 


(e) 5min. (f) 8 min. Notice the rapid growth of the loops and the numerous interactions between 
meeting loops. 

Between (b) and (c) a glissile dislocation has met the loops in the left top corner. As a result 

two large loops disappeared and two small ones resulted. One of them disappeared between (d) 

and (e) and the other grew further. Notice also the catalytic action of one loop on crossing 

over two others and the resulting opening at (C) in Fig. 8(f). (This is explained in Fig. 30). 
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Contrast effects with prismatic loops 
(d) Light contrast within the loops ‘ 


The same re 


Fic. 9. 
loops. 


respect to the foil surface. (c) and (f 


previously may now exhibit strong contrast, and 


vice versa (Fig. 9c, f). In regions where rings overlap 
the contrast is in general different from the contrast 


in each of these rings separately because of addition 


of the phase differences introduced by the stacking 
faults. 

Apart from the regions inside the loop, the disloca- 
effects. 


tion rings themselves also present contrast 
For certain inclinations of the samples the dislocation 
rings have a uniform contrast as shown for example in 
9(b) 


contrast see Fig. 9(f). 


and (c): for others with non-uniform 


Fig. 


Fringes 


pion in line 


a) and (b) Unifor 
within the loops 


contrast and inst 


It is clear that one has to consider contrast as 


originating from two sources: the dislocation ling 


itself or the stacking fault contained within it 
When the diffraction planes are 
to the plane of the foil) contrast 


perpendicular to 


the basal plane 1.e 


effects can be such that the dislocation and stac king 


both the dislocation is 


fault are visible or that only 


observable. 

The dislocation should be visible if contrast comes 
from Bragg reflections against planes for which the 
Burgers vector has a component along the normal to 
visible for 


the set of planes. It should therefore be 
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Electron beam 


foil 
‘surface 


Electron beam 


Kia. 10. 
{and B depending on the inclination of the foil. (a) 


To illustrate the formation of contrast at loops 


1 exhibits no contrast, B does. (b) A exhibits contrast, 


B does not. 


reflections along all the planes normal to the basal- 
plane except for the one which is passing through the 
Burgers vector; this is a plane of the type (1120). 
The stacking fault, on the other hand, does not cause a 
contrast for reflections against planes which are 
of the (1120) type. The latter are precisely the planes 
for which the phase relationship is not disturbed 
For the 


hexagonal close packed lattice the atoms in these 


between hexagonal and cubie close packing. 


planes form close packed zig-zag chains, while in the 


cubic close packed lattice they form continuous 


straight lines. The amount of diffracting material as 
well as the spacing remains the same for both struc- 
that a fault 


the intensity of against 


tures, however, so stacking does not 


influence reflections these 
planes. 

[t thus turns out that according to the planes used in 
obtaining the contrast one can have four different 
appearances it is always assumed that the loop lies 
at a suitable depth in the foil): 

i) Only the dislocation line is visible; this happens 
if (1120) planes are used, except for the (1120) 
passing through the Burgers vector. 

Neither the dislocation nor the stacking fault is 
visible; this happens for the particular (1120) 
plane passing through the Burgers vector. 

this 


0 and 


Dislocation and stacking fault are visible: 
happens for all planes for which @ . } 
not an integer. 

Using 


Burgers 


through the 


visible the 


oblique planes passing 


vector one could make 


stacking fault only and not the dislocation, 
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In some photographs (Figs. 8 and 9c) some loops in 
the same region show much more pronounced contrast 
than others. This may be due either to a difference 
in Burgers vector, or to a difference in depth in the 


foil, or for both reasons together. 


C. Nature of the Loops 


From this discussion and from the observed con- 
trast one may safely conclude that the loops contain 
a stacking fault but an unambiguous conclusion as to 
the Burgers vector has not been reached. It is believed, 
however, that they have a vector of the tvpe AS for 
the following reasons: 

(i) Loops that grow undisturbed adopt an elongated 
shape; the directions of elongation enclose roughly an 
angle of 120°. The elongated shape would be due to 
the change in character as one goes along the loop. 
It is conceivable that the edge sections would interact 
more strongly with the point defects than the mixed 
sections, and hence cause an elongation in the direc- 
tion which is the projection of the Burgers vector. 
If this is true one has a simple means of determining 
the latter. The differences in contrast along some loops 
may be due to the same cause. 

(ii) A 


between loops is possible on the basis of an inclined 


consistent explanation of the interaction 


Burgers vector. 

(iii) Although the energy associated with the dis- 
location is larger for the AS loop than for the aS loop, 
so that the 


the stacking-fault energy is much less, 


former probably has a smaller total energy, at least 


when it is large. The energy EF, associated with a 


loop oS of radius R, is given approximately by 


y |c? In (R/ Ry) 37 


1 
while the energy F,, associated with a loop AS of the 
same size, is to the same approximation given by: 


( 1 2) 
y 


E, tu R| 1a? 


| 
| 
| 
J 


In (R/ Ro) 


In these formulae uw is the shear modulus, v is Poisson’s 
ratio, and y the stacking fault energy per unit area. 


and 


If one uses the values c? > it is found 


that the critical radius R—for which the second 
favourable, i.e. for which 


possibility becomes 


E, < E,—is 


R 5/48 zy) 


more 


R 


em and Ry, ~ 5.1075 em 


In 
Using the values: R 
(i.e. In ( R R,) 


a ?.66.10°8 em, one finds 


5), and with wu 1.10"! dyn/em? and 


R, 
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Fic. 11. Interaction between prismatic loops contain 
ing the same type ot stacking fault. (a) Fusion of two 
(b) On meeting, a perfect dislocation could be 


which, 


loops. 


formed however, is in unstable equilibrium. 


With 


mately 10-° em. 


50 ergs/em*, the value of R, is approxi- 
Since practically all the observed 


loops greatly exceed this size, it may be concluded 


that most of them are AS loops. This would still be 


the case even for somewhat smaller values of Y. 

(iv) From the tensile experiments it is clear that 
the loops are sessile. 

(v) Observations of the growth phenomena show 


that the loops climb in the c-plane. 


D. Dislocation Interactions 
The 


either of the same type or of different types give rise 


interactions between individual dislocations 


to interesting configurations 


1.0. Interaction between loops 


Assuming that the rings have a Burgers vector of 
the AS type and that they all result from vacancy 
precipitation it is possible to describe the types of 
interactions that can be expected, and compare these 
with actually observed patterns. 

A notation for the Burgers vectors of the loops will 
first be described, extending the terminology intro- 
duced before. The component of the Burgers vector 
perpendicular to the basal plane is always the same in 


magnitude, ¢/2: 


it is also always opposite in sign for 
the segments of loops that meet in the same, or 
parallel planes. The component parallel to the basal 
plane can however have three different orientations. 
The therefore be 


conveniently by referring to Fig. 1(b). 


basal components can described 
The enumera 
tion of this component will be done by means of sym- 
bols such as Ao. 

The symbol will be read always from left to right 
of the dislocation line, this ensures the proper change 
in sign at the other side of the loop: e.g. the left part 
of the left loop of Fig. 11(a) has Burgers vector Ao 
(i.e. in fact Ao oS) and the right part has a Burgers 
T'o). 


For the study ol particular interactions one has to 


vector oA (i.e. cA So, or oA 
take into account that the loops might be either in 
the same plane or in different neighbouring parallel 


planes. 
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Interaction between prismati loops contain 


types of stacking faults 


ing different 


(a) The two vertical components oS annih late The 


partials in the plane both have oA as a Burgers 


glissile 
repel one another 
partial, Bo 
in stable equilibriun ( et 


vector: they 
ied which 1s 


glissile is torn 


b) On meeting : 
m of such a de 


Inte raction hetires loops th the plane 


We first consider the possible interactions of loops 


lving in the same or adjacent lattice planes. This may 


be a rare event. but since a few cases have been 


observed it is worthwhile describing the different possi 
bilities These depend on the numbet of loops inte! 
acting and on the relative orientation of their Burgers 
vectors 


When only tivo 


the following possibilities 


loops interact one can distinguish 


a) The two loops contain the same type of stacking 
fault (Fig. 11) 

i) the two Burgers vectors are the same 
On meeting, and form a 


The 


the two loops fuse 


single on lettering shown in 
Fig 
the 


120 


patte rn is 


two Burgers vectors enclose an 


On meeting, the two could 


The 


shown In lig 


LOOps 
Corre ponding 


The 


pertect dislocation 
pattern Is 
SENSE BS 

BA Thi reaction 


since a- 


takes place in the 

Bo on Bo 0 
is energetically 
The 


bec ause the 


favourable 


two partials probably al 


stacking faults on both sides 


keep 
them apart. The perfect dislocation is therefore 
in a state of unstable equilibrium may glide 
and combine eit 


one way ol the other 


the partial Ao to form a complete loop Boa 
with the partial ¢ B to form a complete loop 
b) The loops 
different kind (Fig. 12 

i) The 


vertical 


two contain faults 


two Burgers vectors are anti-parallel. Thi 


components of the Burger vectors 


annihilate one another on meeting the two 


partials that are left repel one another and are 


separated by a high-energy stacking fault 


This separation therefore small 


Fig 


remains very 
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Fic. 13. between three loops. 
a) Two loops contain one type of stacking fault, the 
tvpe b) The three loops 


same type of stacking fault, as shown by 


Interaction prismatlé 


third contains another 


ontain the 
cross hatching. 


ii) The two Burgers vectors form an angle of 60°. 
On meeting the parallel segments attract one 
which is 


It is 


another and form a new partial 
repelled by the other parts of the loops. 
therefore in stable equilibrium. This reaction 
is represented in Fig. 
the combined loop contain a different stacking 
the different 


through 


fault, as represented by Cross 


A CTOSS 


bined loop, showing the stacking of the succes- 


hatching. section this com- 
sive layers, is represented in Fig. 3(b). 

It is easy to verify that elastic energy is gained by 

every one of the reactions discussed here. (The vertical 

component of the Burgers vector has of course to be 


taken into account.) 


Interaction between three loops in the lattice 


plane 


To find the interaction of three loops one again 
considers only the components in the basal plane 
since these are essential in determining the behaviour 
on meeting. If one does not take into account 
triplets in which two loops are identical, there are 
only two essentially different cases of interest. 

a) Two loops contain one type of stacking fault; 
the third one contains a stacking fault of the second 
type. 

Interaction gives rise to a triplet of loops divided 
by a node consisting of one perfect dislocation and 
two partials as represented in Fig. 13(a).. The partial 
dislocations are repelled by the other partials surround- 
ing the loop; the perfect dislocation on the other hand 
is glissile and can recombine either with the partial 


Ao: CA Ao 


or it may combine with the partial 


> Vo to form a doublet separated by 
a partial 
Co: AC Co —» Ao to form a doublet separated by 
both stable 


configurations identical with the one considered in a 


cases doublets are 


a partial Ao. In 


previous paragraph (2, b). 


12(b). The two parts of 
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(b) All loops have the same stacking fault. Assume 


that their Burgers vectors are all different and are 
represented, for example by Ao, Bo and Co. On 
meeting, they form a triplet containing a node be- 
tween three perfect dislocations, as shown in Fig. 13(b). 
This node is glissile and it may glide towards the 
borders of the loop transforming in this way the 
original group into one single loop containing the 


same stacking fault. 


La. Loops with per pe ndicular Burgers vectors 

For completeness one can also consider the case 
where the loop has a Burgers vector oS and the glide 
dislocation is of the type AB. 

The possible behaviour in this case is as follows: 
The glide dislocation might dissociate according to 
the scheme AB 
then leads to 


> Ao oB and the further reaction 


At the same time a Shockley partial Ao has passed 
over the loop and changed the stacking in such a way 
that it now has a low energy stacking fault. This case 
would be difficult to distinguish from the interactions 


described under paragraph ica. 


Examples of observations 


Numerous examples of interactions between loops 
are observed. Fig. 14 is particularly striking. A\l- 
though it is difficult to decide whether two loops are 
in the same lattice plane or not, it is believed, e.g. that 
doublets in A, B and C are examples of this situation, 
the that the 


different contrast from the rest of the loop, suggesting 


argument being dividing line has a 
that it has a different Burgers vector. As pointed out 
above, the stable case results when the dividing line is 
a partial. In this case the two stacking faults are of 
different type. This may well be the reason why they 
exhibit a different shade in Fig. 14 at A. 

Figure 15 at A provides an example where the divid- 
ing line of the doublet is very probably a perfect 
dislocation. This follows from the argument that the 
angles at the threefold nodes are very nearly in the 
ratio required by the model of Fig. 11(b). The perfect 
dislocation is in unstable equilibrium but since it has 
before it can join the 


to lengthen considerably 


periphery of the loop, it may well stay in the situation 


shown. 
The fusion of two loops with the same Burgers 
14 in D and in Fig. 16 in C. 


17 shows the series of events that give rise to 


vector is shown in Fig. 
Fig. 


patterns as shown in Fig. 16. 
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Fic. 16. Two successive photogr 
Interaction of the loops with glissile dislocation at 
and &., at C, 


Burgers vector 


fusion of two ops with the 
Notice in the same 
loops i) \ probable sequence 


in Fig. 17 


Interaction with qlissile dislocations 
plane 


In considering these interactions one can again 


ignore in the lettering pattern the component of the 


Burgers vector of the loop perpendicular to the basal 
plane (but not the energy considerations, of course) 

Kight cases can be considered depending on whether 
the stacking fault within the loop is of the same type, 
as it would be in the glissile dislocation ribbon, on 
whether it is dissociated or not, and on the orientation 
of the Burgers vector of the glissile component with 


respect to the Burgers vector of the glissile dislocation 


It is of course sufficient to keep the glissile dislocation 


ot the same tvpe 
find all interact 
different geomet 
whethet there 


which require 


1 Repuls 
The cases 
together they 

respective! 


vectors 


{ttractio 


a Loop 
Interaction 
reaction oA 1B 


energetl 


ota shaped configuratio 


guration 
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4 


Fic. 14. Number of prismatic loops in fatigued sample. At A, B and C, doublets or two loops 
probably with a partial dislocation as a dividing line. At D, elongated loop resulting from the 
fusion of two loops. 


Notice differences in contrast among the different loops. 


Fic. 15. Interactions between prismatic loops. 
At A, interaction between two loops, the dividing line 
presumably being a perfect dislocation. Interaction 
with glissile dislocations is visible at B. At C, configu- 
ration which presumably results from the interaction 
between loops in parallel planes. Notice also the 
presence of more or less hexagonal loops, D. 
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Again 


Fic. 20. a glissile 


dislocation BA 


ol shaped con 


figuration results, 


Interaction between a loop oA and a glissile 


Fie. 2] 
dislocation CRB. \ 


configuration results; 


shaped 

the stacking within the loop is further changed by the 
passage ofa partial 

Th 


as the one con 


b) Loop oA with dislocation BA (or ¢ 
resulting configuration is the same 
sidered under (a). The lettering pattern is however 
different: it is 
a) and (b), the stacking fault within the loop remains 


hoth 


shown in Fig. 20. In 


of the same type during the interaction. 
(C) Loop oA, glissile dislocation Be 'e This combina- 
{ao of the 


loop can now react with the partial Co of the glissile 


tion leads to a new feature. The partial 


dislocation 


and form a partial which repels the second partial of 
the glissile dislocation. Since the repulsion is between 
dislocations with the same Burgers vector the separa 
The 


configuration which one expects is as pictured in 


tion may now increase and become visible. 


Fig. 21(b). This is however not the final equilibrium 
since oA and oB attract and cA oB The 


final result may then again be as shown in Fig. 21(c). 


> ( 


The ty pe of stacking within the loop however changed 
as a result of the interaction. 
that in 


energy is gained so that they will occur. 


It is easy to show each of the reactions 


It is further of interest to consider what happens 
when a succession of dislocations of the same Burgers 
vector meet a sessile loop. If the first one is repelled 
all successive dislocations will of course pile up. Ifthe 
first loop reacts, the resulting loop will have such a 
that the next dislocation in the 


Burgers vector 


procession is now repelled. It turns out that in any 


case the loop will act as a barrier. 


A\MELINCKX: 


DISLOCATIONS IN 


Examples of ohse mations 

Examples of both repulsion and interaction wer 
found. Examples of interaction with combination ar 
B and C of Fig. 16(a 


ot repulsion Fig 


shown in while 


shows an exampl 


interesting sequenc clissile 


reacted with the loop (Fig. 22a. b 


arriving dislocation G, is however repelled 


as explained in the previous paragraph 


3.0. Interaction 
h CTOSS 


sometimes periect dislocations moving 


natic or pyramidal slip planes, on hitti 


on the basal plan ause the splitting 
several smaller ones smallest 
those not exceeding il 
while the i ones expand again 
suggested that this happens because of the enhance 
diffusion along dislocation lines from the 
the surface 

It is also possible that some parts of the 
urlace 


This 


surtace 


attracted towards the 


foil by prism iti 


Some indi ate 


loops verv near to the 


this process may happen is given in Fig 


some parts ot loops have been left on the 


traces of 
surface 
An interesting observation has been recorded in 
the sequence of photographs of Fig. 23. A dislocation 
which is probably of the pyramidal 


rat duced 
foil plane the 


indicated by 


type, as can be from its steep inclination 


with respect to the c-plane when 


approaching the loop causes the latter to change 


shape. Some parts probably left the foil 3 he 


judged from the traces left at the surface mall 


loop IS left behind 
\n even more complicated situation is represented 


In the sequence ol lig 24 \ number of loops dis 


appear; some apparently under the influence of the 


glissile dislocation G others in # without any visibl 


connections with a dislocation 


Interactions loops ‘ii parallel plane 


When the dislocation loops lie in parallel neighbour 
ing planes they undergo strong elastic interactions and 
give rise to different and sometimes very complex 
patterns. 

Again, the 


more loops will be considered first 


interaction between two and three or 


(a) Elastic interaction hetireen two loops. kor better 


understanding let us discuss first the interaction 


between two edge dislocations both with 


crossing 


7 
B 
clA 
6 
GY 
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Fic. 22. 
between a glissile dislocation G and 
(b) glissile dislocations 


glissile dislocation G, arrives, 


Sequence of photographs showing interaction 


a loop: (a) first 


combine with the loop, (¢) next dislocation G, is repelled. 


3urgers vector perpendicular to the plane of the 
drawing as shown in Fig. 25, i.e. with their supple- 
mentary halfplanes parallel to this plane. Let their 
supplementary halfplanes be represented by the cross 
hatched regions. The two dislocations exert torques 
on each other which tend to bring them into the anti- 
parallel orientation where they attract one another 
The 


dislocations are induced to climb so that their supple- 


and eventually could undergo annihilation. 


mentary halfplanes overlap as little as possible; they 


therefore tend to adopt the configuration shown in 
Fig. 25(b). This is shown in cross section in Fig. 25(c). 

Suppose now that the two dislocations belong to two 
One should 
notice that on approaching each other, they are 
On the other 


rings in parallel planes as in Fig. 26. 


induced to climb towards one another. 


hand, before the dislocations can “‘pass”’ over one 


another a certain extra supersaturation of vacancies 
however 


or interstitials is required. It is sufficient 


that one of the dislocation loops starts to bow a 
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* 


j 


Fic, 23. Sequence showing the disappearance of loop at / 
lissile dislocation G moving on a plane cross 


withag 


little bit over the boundary region so that the second scopie ey idence for these kinds of interactions is 
dislocation loop is no longer hampered in its develop- shown in Fig. 8. The two loops, (1) and (2), are 
ment and will therefore bow out in the same region. visibly flattened once they 
26. The characteristic deformation 


Fig. 7 shows even more striking 


approach one another, 
An idealized sequence of events is shown in Fig. on crossing, is illus 
trated in Fig. 26(« 
examples at B, C and D 

b) Interaction followe d hy combination 


It will of course depend on the distance between the 


If the rings 


planes of the loops how strong the interaction will be; 


for relatively large distances both shapes will be 
relatively unaffected. Transmission electron micro- have the same Burgers vector and if they are not in 
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too distant planes, mutual annihilation between the 


parallel sections is possible, by a combination of 


climb and glide. 
Depending on whether mutual annihilation takes 


place before the loops overlap partially or not, 


different configurations may result as shown schema- 


tically in Fig. 27. 


In the first case (Fig. 27) the two loops fuse into a 


in the 


single one, which is however no longer planar; 


isible ¢ 


mnectio 


second case Fig 2ISb) form two concentric 


they 
loops. The * 


steps’ in the loops are in each case fault 


planes; the interactions shown will therefore only 


occur for loops In nearby planes. Configurations as 


shown in Fig. 28(b) may then result. 


If the rings have different Burgers vectors, com- 


bination of the parallel sections is still possible, but 
different. One 


the resulting configurations are now 


may obtain e.g. the patterns shown in Fig. 28(c) and 
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Fig. 25. (a) Two overlapping supplementary _ half 

planes. (b) Equilibrium configuration to which con 

figuration (a) will tend. (c) Cross section 
configuration (b) along X Y. 


through 


OO CO 


(a) (b) 


Fig. 26 
ver ot two 
different 


segments 


ents during cros 


wo prismat 


segments 

otner; 

extra supersatul 

point. ( 
det 


Fic. 27. Two loops with the same Burgers vector 
may fuse into a single stepped loop bv a 


combination of glide and climb. 


(d). The inner and the outer rings are still connected — interaction of the kind first described, other non-trivia 


by dislocations. The “steps” in the rings are again processes may also be considered 


faulted surfaces. c) Interaction of three or more loops in parallel 


Examples of the latter kind of interaction can be planes. The presence of 
found in Fig. 15 (at C) and Fig. 24 (at B). Whereas catalyse 


the concentric loops in Fig. 16 may well result from an point as shown schematically in Fig. 29 


a third crossing loop may 


the crossing over of two loops at a particular 
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ealized sequence of evi 1 ng 
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Fic. 28. Conceivable configurations resulting from the 


( b ) interaction between loops in parallel planes. (a) Loops 
cross over and develop a configuration similar to that 
shown in Fig. 26(e). (b) The parallel segments an 
nihilate by climb and glide and two concentric stepped 
loops results. c) The parallel segments combine 
and form a new dislocation. d Pattern resulting 

from process (c 


(d ) 

In this sketch the cross hatching indicates the edge 
of the inserted planes. Let us further consider 
separately the crossing of part of loop A and CD. 
At the crossing point a torque will be exerted which 
tends to deform the dislocation into the configuration 
shown in Fig. 29(c) and (d) because when they do so 
the supplementary halfplanes overlap as little as 
possible. Let us now also consider the crossing of 
part of loop B and CD separately. The deformation 
given in Fig. 29(e) and (f) will now result. It is clear 
that CD is subject to two opposite torques so that it 
will essentially remain straight. The two sections of 
rings A and B have now developed overlapping 
sections as shown finally in Fig. 29(b). 

Experimental evidence for this is given in the se- 
quence shown in Fig. 8. The two barely visible rings 
(4) and (5) apparently have difficulties in crossing 
since they did not succeed in (a) (b) (¢) (d) and (e) 
although they grew considerably. In (f) however the 
third loop (6) has crossed the dividing line and now 


at point (C1) crossing-over took place. 


K. Evidence of Rapid Diffusion of Vacancies along the 
Dislocation Lines and Disappearance of the Loops 


The assumption that individual dislocation lines 
can act as short circuits for the diffusion of point 
defects has been advanced, but no direct evidence 
has been presented. Such evidence was obtained in 
the course of this investigation and an example is 
presented in the sequence of Fig. 30. 


A perfect dislocation connects a loop with a grain 


(f) boundary J at one end and with the surface on the 


: 2 other end S. This configuration resulted in the 
Fic. 29. To illustrate how the presence of a third loop - 


CD may catalyse the crossing over of two loops A and manner shown in Fig. 19. After the interaction the 
B at the point of crossing. The presence of CD exerts 
torques on the two loops in such a way that they are 2 ae s , 

induced to cross over. ; probable that this is due to the fact that the grain 


loop was observed to shrink continuously. It is very 
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Dislocation connecting grain boundary 
the boundary 


Fic. 30. 


connection with was made. 


dislocation 


boundary acts as a better sink for vacancies, at the 
expense of the loop. After complete disappearance 
of the loop, the remaining perfect dislocation became 
clissile G again and interacted with a neighbouring 
basal dislocation. It is remarkable that as long as the 
loop was there the glissile dislocation did not move, 


confirming the sessile character of the loops. 


F. Shrinkage of the Loops up to Total Disappearance 
In exceptional cases, loops in some regions were 
found shrinking instead of growing. An example of 
this is visible in the sequence of photographs of Fig. 31, 
where only the last aspects of the loop before total 
disappearance have been recorded, initially this loop 
was round and much larger. The apparent width of 
the loop (comprised between arrows) is due to the 


shrinkage during the exposure time (some 15 sec). 


and loop 
After 


DISLOCATIONS IN ZIN( 


KX 


The 
the loop disappe ired 


loop started shrinking o 


ompletels the 


moved away 


It is possible that this shrinkage is due to diffusion 
The pheno 
the 


of vacancies along an unseen dislocation 
the shown in 


the 


menon would then be same as 


preceding paragraph, except that connecting 


dislocation Is invisible. Another possible explanation 
occasionally a loop due to interstitials is 


cold 


working, since this depends only on the geometry of 


is that 


formed, which is quite possible dwing the 


Such 


intersection. a loop could shrink in the same 


circumstances where a vacancy loop grows. It is not 
possible to decide unambiguously which explanation 


is correct. 


Sub-grain Boundary Phe nomena togethe with 


Formation Dislocation Walls and T Pro erties 


(1) TVilt-boundaries 


The types of sub-boundaries that can be built from 
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31. The final stages 
i. b) before its 


has no connection with 


hexagonal close 
With only one 


kind of dislocation present (say with vector AB), the 


stable perfect dislocations in the 


packed structure is rather limited. 


boundary is a symmetrical pure tilt boundary lying 


in a plane perpendicular to AB. If glide were on a 


c-plane, the direction of the lines in the boundary 


would be oC (Fig. 1) in the ideal case. This is howeve1 


of the 
complete disappearance ( he 
any visible 


O, 544 


contraction of a loop 


loop 
dislocation line 


not the case here since the plane of observation is a 
c-plane. The glide plane is therefore a prismatic 
plane and the direction of the lines is perpendicular 
to the « -plane. 

The 


to follow directly the mechanism of formation of these 


electron microscopic observations allow one 


polygonization walls. This mechanism implies the 
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annihilation of dislocations 
both 


The annihilation process often continues 


following phenomenon: 


of opposite sign by rearrangement by slip 
and climb. 
during the actual formation of the wall as long as 
dislocations of opposite sign come close enough to wall 
dislocations either by slip or by climb. Generally 
there is no distinct separation in time between these 


phenomena. The process of wall formation follows 


a specific local pattern depending on the local con- 


figuration of dislocations, always by the combined 


action of the above mentioned phenomena. A similar 
found in 


this 


mechanism of polygonization has been 


and observations 


(1) 


aluminium some 


complete 
description. 

Figure 32(a) and (b) illustrate some aspects of the 
Fig. 32(a) shows two 


mechanism of polygonization. 


polygonization walls consisting only of one kind of 


parallel dislocation lines nearly perpendicular to the 
c-plane (surface). From the traces left by the dis- 
locations during their travelling inside the crystal, it 
is seen that their movement is a result of a combined 
action: glide and climb. 

Further, it is evident that the wall P, is already 
formed, whereas the wall P, is in process of formation. 
Some time later, when a second photograph of the 
same field was taken (Fig. 32b), P, had progressed, 
the 


same 


straightened and lengthened by 
end. At the 


misorientation grows since the density of dislocations 


dislocations at one time the 


increases. This behaviour can easily be understood. 
The stress field around the end of a short finite wall 
(P,) is such as to attract dislocations with the same 
Burgers vector towards the top, i.e. in the prolonga- 
tion of the wall (Fig. 33a), as it sweeps through the 
crystal. In this position the dislocations are in 


stable equilibrium with respect to glide. 


region of 
attraction 


i. 


(a) (b) 


Fic. 33. (a) At the end of a finite wall, edge dislocations 
are strongly attracted towards the top of the 
(b) After climb the 


in a finite wall, gradually increases towards both ends. 


wall. 


distance between dislocations 


capture of 
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The type of boundary considered here is glissile, 
since every dislocation is in its glide plane, i.e. a 
prism plane. It is however of a different kind than 
the one considered by Washburn and Parker“*®) when 
the glide plane was the c-plane. 
the 
marked with arrows and the traces of the individual 


Two successive positions of boundary are 
dislocations can be seen in between, showing that 


both slip and climb must occur. (See the reference 


points marked with vertical arrows: 2, 2’, y.) 

The finite wall is however not stable with respect 
to climb. The “quasi” equilibrium of walls like P, 
and P, has been discussed by Amelinckx et al.“, 
The dislocations in the wall are subject to repulsive 
forces in the direction parallel to the wall, trying to 
disperse them by inducing them to climb. 

If one that the 


dislocation is proportional to the force to which it 


assumes distance climbed by a 


is subjected,“ one should find a linear relation 
for the distances dp between dislocations, and the 
quantity N/p(N-p), where N represents the number 
of dislocations and p the index of the dislocation as 
This 
relation seems to be verified satisfactorily for the 
In the 


latter case, one observes qualitatively a gradual 


counted from the end of the wall (Fig. 33b). 
short wall P, but not for the long wall P,. 


increase of the spacing between dislocations towards 


the end of the wall. 


(2). T'wist-boundaries 

The second simplest type of boundary is the twist 
boundary in the c-plane; it can be formed by twist- 
ing around the c-axis. The result is, in the ideal case, 
the simple hexagonal grid consisting of pure screws 
having Burgers vector AB, BC, CA. This boundary 
is glissile in its own plane. Direct evidence for such 
a glide motion of the network as a whole has been 
found, as shown in Fig. 34(b). The doubling of the 
lines is due to movement during the exposure. A 
number of reference points due to oxide dust particles 
have been marked. 

A particularly striking example of a hexagonal 
network lying in the ¢-plane is shown in Fig. 34(b) 
which contains a number of dislocation lines leaving 
the foil and giving rise to ending rows of meshes. 
A lettering pattern of this situation is given in Fig. 
35. These networks are very similar to those found 
in ionic crystals.“®'®) Well formed dislocation net- 
works were more often found in single crystals of 
zinc prepared by solidification from the melt.“% In 
the latter case samples were first cleaved in liquid 
nitrogen and then thinned chemically and electrolyti- 


cally. As in the samples prepared by rolling, these 
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(a) Hexagonal network in the c-plane of zine. 


DISLOCATIONS IN ZINC 


The network moved as a whole during 


the exposure (in the direction of the arrow). (b) Hexagonal network in basal plane of zinc. 


Several dislocations leave the net and intersect the surface (at A, 


The cor responding 


B, 


lettering pattern is given in Fig. 35. 


hexagonal networks have been found only occasion- 
ally; it is thought that their formation is a result of 
the conditions of growth of the single crystals 


(3). The interaction between the loops and the networks 

The loops described in a previous section often 
interact with segments of existing nets in the way 
shown in Fig. 36(a). These types of interaction 
strongly suggest that the loops have a Burgers vector 
of the type AS rather than oS. In the latter case 


the Surgers vector of the loop would be perpendicular 
to the Burgers vector of the segments of the net. 


and one would not expect very much interaction. 


(4). Grain boundaries acting as “‘donors”’ of dislocations 


In previous papers on the deformation of alu- 


minium) it has been shown that grain boundaries 


often act as sources, donors or acceptors of disloca- 


tions. In zinc, particularly striking examples of grain 


boundaries acting as donors have been recorded 


(b) | aq A 


"A METALLURGICA, 


B 


Lettering pattern corresponding to the net of 


Use was made of Frank’s'® adaption of 


Thompson s notation,’ 


(Fig. 36b). The dislocation lines leaving the boundaries 
in this way give rise to changes of the grain boundary 
structure, i.e. a decrease in the misorientation of the 
grains. 

H. Origin of Dislocation Loops 

As pointed out by Read“ sessile dislocation loops 
In hexagonal close packed metals cannot be formed 
by slip only; they necessarily result from the con- 
densation of point defects. The preference for the 
c-planes as precipitation planes follows from the fact 
that these are the closest packed planes ; moreover 
in zine with a c/a ratio of 1.856 the distance between 
them is a little larger than would correspond with a 
stacking fault of close packed layers of spheres. This 
is also one of the reasons for the higher diffusion rate 
along c-planes, favouring in turn the choice of the 
c-plane as a precipitation plane. 

In some specimens hexagonal loops were observed, 
the sides of the hexagons being parallel to close 
packed rows, i.e. to AB, BC and CA. It is not clear 
at present why some of the loops in one specimen are 
polygonized, while the others are still rounded (see 
Fig. 15). 

The question then arises: where do the point defects 
come from? As described before, the specimens were 
prepared by cold rolling of bulk zine (10 mm thick) 
to a final thickness of 0.01 mm_ before electrolytic 
thinning. No heat treatment and hence no quenching 
took place. It is therefore reasonable to suppose that 
the points defects come from the severe cold working 
which causes intersection of dislocations on several 
the vacancies or 


slip systems and generation of 
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20) The 


so large 


interstitials in the wake of moving jogs 
concentration of point defects was probably 
that they nucleated loops as well as causing climb of 


existing dislocations. Evidence for aggregates of 
point defects that could be decorated or etched, and 
that were left behind by moved jogs, has been pre- 
Dash'?!) 


The operation of several intersecting slip systems 


sented by Amelinckx®” and Gilman‘), 
has been noted in samples subjected to traction in 
the microscope. 

This however only explains the origin of the loops 
and not their continuous growth in the microscope. 
The following possibilities can be considered: 

(i) The growth is due to the further condensation 
of point defects still resulting from the deformation 
but which start migrating as a result of thermal 
activation by the electron beam. 

(ii) The surface acts as a source of vacancies as a 
result of growth of an oxide film on the surface. 
The oxide film is known to grow by the migration of 
interstitial zine into the zine oxide:@) this is of 
course equivalent to a migration of vacancies into 
the The 


accelerate the oxidation rate. On this hypothesis the 


zine film. electron irradiation may well 
loops should be due to vacancies. 

Experimental evidence in favour of the creation of 
vacancies on cold working is further given by some 
unpublished work. In single crystals of zine, fatigued 
tem- 


at Birmingham University, both at room 


perature and at 196°C, the electron microscope 
revealed a much higher density (by factors of 10 to 
1000) of dislocation loops than in the samples used in 
the work. At 


showed striations due to extensive deformation only 


present 196°C the single crystals 
in certain regions. The density of the loops in these 
regions was enormously higher than in the regions 
This fact doubt 
the rdle of the deformation in the creation of point 
defects. 


Since the crystals were oriented so as to deform 


without striations. shows without 


mainly in single slip on the basal plane, it is inferred 
that single slip in fatigue is sufficient to create large 
numbers of point defects, perhaps by intersecting with 


forests of dislocations. 


5. DISCUSSION AND CONCLUSION 
Perhaps the most striking fact described in this 
paper is the occurrence of large numbers of dislocation 
The 
hypothesis that the loops originate from vacancies 
of the 


loops, most probably originating in cold work. 


does not seem to contradict any observed 


features and provides a consistent explanation for 


most of them. 
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Fic. 36. (a) Interaction between prismatic loop and networks 
donor of dislocations 
The fact that vacancies apparently prefer to con consequence of the higher diffusion rate parallel to 
dense into loops rather than to induce existing dis- this plane than perpendicular to it; there is definitely 
locations to climb, points to a process that produces a tendency to nucleate loops in the c-plans 
a high instantaneous concentration of vacancies; The distribution of loops is rather inhomogeneous 


cold work is probably such a process. Moreover the in some regions. Especially in the striated parts of 


vacancies due to glide would be produced in a planar fatigued specimens, their concentration is exception 


arrangement, very probably in the c-plane, and as a_ ally large and amounts to about one or even two 
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complete layers of vacancies over the thickness of the 


foil. This would correspond to something like an 
atomic fraction of vacancies of 0.005, which is quite 
high but not unreasonable. Moreover, this concentra- 
tion need not have been present at any given moment 
since loops do not all form at the same time. 

These loops must play an important réle in work 
hardening, in particular for glide on the basal plane. 
\ dislocation gliding in a lattice plane containing a 
loop will be immobilized by reaction with the loop 
and form a barrier for further arriving dislocations, 
as described in paragraph 2.0. 

The mobile character of dislocation nets has been 
demonstrated directly. Tilt boundaries are observed 
to migrate as a whole by a combination of glide and 
climb, capturing further dislocations on their path. 
Twist boundaries are very mobile by glide when 
situated in the c-plane. 

REFERENCES 
\. BERGHEZAN and A, FourpEux, Proc. 4th Int. Conf. 
Electron Microscopy, Berlin, 1958, p. 567. Springer, 
Berlin (1959 
\. BERGHEZAN and A. FourpDEvX, J. Appl. Phys. 30, 1913 
1959) 
M. J. WHELAN and P. B. Hirscw, Phil. Mag. 2, 1121, 


1303 (1957) 


ACTA METALLURGICA, VOL. 9, 1961 


M. J. WHELAN, Proc. Roy. Soc. A249, 114 (1959) 

A. FourpEvux and A. BERGHEZAN, C. R. Acad. Sci., Paris 
250, 3019 (1960). 

\. FourpEux, A. BERGHEZAN and W. W. Wess, J. Appl. 
Phys. 31, 918 (1960). 

\. SEEGER, Rep. Bristol Conf. Defects in Crystalline Solids 
p. 338. Physical Society, London (1955). 

N. THompson, Proc. Phys. Soc.. Lond. B66, 481 (1952). 
F.C. FRANK and J. F. Nicnouas, Phil. Mag. 44, 1213 
(1953); F.C. Frank, p. 159 in Ref. 7 
W.T. READ, Dislocations in Crystals 
New York, (1953). 

P. A. Jacquet, Métaux et Corros. 19, 71. 78 (1944) 
M. J. WHELAN, J. Inst. Met. 12, 392 (1959 


VMeGraw- Hill, 


J. WASHBURN and E, R. Parker,./. Metals, N. Y. 4, 1076 


(1952) 

S. AMELINCKX, G. STRUMANE and W. W. Wess, J. Appi. 
Phys... to be published. 

J. Frreper, Les Dislocations 
1956). 

J. M. HepGes and J. W. MircHecyi, Phil. Mag. 44, 223, 
357 (1953). 

S. AmMetinckx, Phil. Mag. 1, 269 (1956). 

S. AMELINCKX, Acta Met. 6, 34 (1958). 

Kindly offered by E. Vorava 

F. Serrz, Advanc. Phys. 1, 43 (1952). 

W. C. Dasu, J. Appl. Phys. 29, 228, 705 (1958). 

S. AMELINCKX, Acta Met. 6, 34 (1958). 

W. G. JoHNstTon and J. J. GinMan, Gen. Elect. Res. Rep 
59, R. L. 2313 M. 

G. HEILAND, E. MoLLWwo and F. StocKMANN, Solid State 
Physics Vol. 8,p. 191. Academic Press, New York (1959). 
T. Broom and J. M. SUMMERTON, to be published. 

H. G. F. Witsporr,. Proc. Int. Conf. Bolton Landing N.Y. 
Sept. 1959. John Wiley, New York (1959). 


Gauthier-Villars, Paris 


5. 
6. 
Ss. 
LO. 
Ll. 
12. 
13. 
14. 
Ld. 
16 
19. 
20) 
21 
22. Vol. 9 
1961 
24. 
26. 


ON A SURFACE ENERGY MECHANISM FOR STRESS-CORROSION CRACKING* 
E. G. COLEMAN, D. WEINSTEIN and W. ROSTOKER 


Stress-corrosion cracking is proposed as a process in brittle fracture whereby the surface energy 
associated with crack formation is reduced by the adsorption of atom or ion species in the stress-corrosion 
medium. The grain size dependence of stress-corrosion cracking stress in tensile loading has been studied 
In two stress-corrosion S\ stems. The dependence has been analy sed in terms of the Petch—Stroh equa 
tions for dislocation nucleated cracks to yield the effective surface energies. These have been shown to be 


of the proper magnitude for brittle fracture. 


SUR LE MECANISME D’ENERGIE DE SURFACE DE LA FISSURATION PAR 
CORROSION SOUS TENSION 

L’auteur émet Vhypothése que la formation de fissures par corrosion sous tension est un processus, 
dans le cas d’une rupture fragile par lequel énergie de surface associée a la formation de fissures est 
réduite par adsorption d’atomes ou d’ions provenant du milieu de corrosion sous tension, I] étudis 
ensuite dans le cas de deux systémes différents Vinfluence de la dimension des grains sur la fissuration 
par corrosion sous tension, d’échantillons soumis & une force d’extension 

I] analy se cette influence en fonction de Péquation de Petch—Stroh, se rapportant a la formation dé 
fissures par dislocation, pour rendre compte des énergies effectives de surface 


I] trouve que ces énergies sont du méme ordre de grandeur que pour une rupture fragil 
UBER EINEN OBERFLACHENENERGIE-MECHANISMUS FUR DIE RISSBILDUNG 
BEI DER SPANNUNGSKORROSION 


Es wird vorgeschlagen, daB die RiBbildung bei der Spannungskorrosion ein Sprédbruchvorgang ist, 
bei dem die Oberfiachenenergie, die bei der Ri®bildung auftritt, durch die Adsorbtion von Atom- oder 
lonenarten im spannungskorrodierenden Medium heragbesetzt wird Die Korngréssenabhangigkeit 
der RiBspannung bei der Spannungskorrosion wurde unter Zugbelastung in zwei Spannungskorrosions 
systemen untersucht. Die Abhangigkeit wurde an Hand der Gleichung von Petch—Stroh fiir Risse, dir 
von Versetzungen erzeugt werden, analysiert und ergab die effektiven Oberflachenenergien. Es wurd 


gezeigt, daB diese die richtige GréBenordnung fiir Sprodbruch haben 


Embrittlement by stress corrosion is most com- 
monly observed in the form of time-dependent brittle 
fracture when a metal or alloy is subjected to static 
load while in a particular liquid or gaseous medium. 
The relationship between applied stress and time to 
failure graphically plots as a static fatigue curve in 
which the time to failure increases as the magnitude 
of the applied load is decreased. Among metals sup- 
porting stress, static fatigue behavior is found under 
three, as yet unrelated, circumstances—in high- 
strength steel containing 2-10 p.p.m. of hydrogen, in 
many ferrous and nonferrous metals wetted by specific 


liquid metals, and in many ferrous and nonferrous 


metals immersed in specific aqueous or gaseous media. TIME TO FRACTURE, MINUT 


It is the purpose of this paper to provide argument and 1G Delayed failure or static fatigue of SAI 
evidence that all of these represent instances of the empered hardness of Re44 when wetted 

generation of brittle fracture under the action of 
peculiar environments. the time-—stress dependence of fracture of a hardened 

While the delayed failure characteristics of hydro- 4130 steel wetted by molten lithium at 200°C. 
gen-charged steels are well known by virtue of recent Similar behavior has been found for high-strength 
work, similar behavior brought on by wetting with aluminum alloys wetted by mercury amalgams and 

> 


liquid metals is not as well known. Fig. | illustrates for 70/30 brass wetted by mercury. The fractures 


— — observed are generally intergranular except where the 


* Received August 10, 1960. grain structure is elongated by virtue of inhibited 

+ Metals Research Division, Armour Research Foundation, : 
Chicago, Illinois. 
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grain growth or cold work. It has been shown that 


40} 
> 
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this embrittlement initiates at the liquid—solid inter- 
face and, although the liquid metal follows the crack, 
diffusion—either bulk or grain boundary—does not 
pre cede the fracture process. 

Using the dislocation model for the generation of a 
stable Petch™ 


deduced that the relationship between fracture stress 


erack nucleus, Stroh and have 


and grain size in brittle fracture is of the form: 


fracture stress: d average grain diam- 


and A are functional constants of which 


— 

y 
where G = modulus of rigidity: » Poisson's ratio; 
the surface energy associated with the formation 
Under circumstances of 


Stroh) 


1 new surface in fracture 


limited ductility and testing in air, has 


accumulated pertinent data to show that values of y 
computed from A for Fe, Zn, Mg and Mo are 
vwgreement with those derived by other methods 
Petch 


n sood 


Using this concept, has proposed that 


hydrogen embrittlement arises from the adsorption of 


hydrogen on dislocation-formed crack nuclei, per 
mitting these to stabilize and propagate at stresses 
lower than normal. The stabilization derives from the 
reduction in surface energy associated with hydrogen 
adsorption. In this model, hydrogen constitutes an 
internal environment capable of providing adsorbing 
species at critical locations. To verify this hy pothesis, 
Petch experimentally derived values of A’ for mild 
steel charged with hydrogen, whence a surface energy 
of about 500 ergs/em* was computed. This may be 
compared favorably to a surtace energy ot 650 ergs 
from hydrogen adsorption data and 


derived 


analysis by 


Langmuir’s isotherm. This constitutes a 
reduction in surface energy to about one-third, since 
the accepted value for iron with respect to its vapor is 
ibout 1600 ergs/em* 

On the assumption that adsorption of metal atoms 
to the external surface of a tensile specimen could 
accomplish similar reductions in surface energy with 
concomitant embrittlement, studies have been made 
of the fracture strength of metals wetted with low- 
melting liquid metals as a function of their average 
The results™ wetted 
with molten lithium and for 70/30 brass wetted with 
Fig. 2. It that 


under these conditions of test, where brittle fracture 


orain diameter for mild steel 


mercury are shown in is apparent 
occurs near the yield point, both body-centered and 
face-centered cubic metals obey the above-mentioned 
Stroh—Petch relationship. Furthermore, from meas- 


ured values for A, the interfacial energy of solid iron 
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o 


MILD STEEL — LIQUID LITHIUM 
AT 250°C 


70/30 BRASS —LIQUID MERCURY 
AT R.T 


FRACTURE STRENGTH, IOOO PSI 


6 8 


Kia. 2. Dependence of fracture stress on grain size 


under conditions of wetting by a liquid metal 


with respect to liquid lithium is about 730 ergs/em?, 
and of solid 70/30 brass with respect to liquid mercury 
is about ergs Kor comparison, the accepted 
surface energy of 70/30 brass with respect to its own 
vapor is about 1500 ergs/em*. This provides reason- 
able grounds for postulating that, in both instances, 
embrittlement has its fundamental origin in the 
reduction of surface energy associated with fracture 
Moreover, the supply of adsorbing species can come 
from either the interior atomic interstices of a metal o1 
from an external environment. 

Given that hydrogen embrittlement, liquid metal 
embrittlement stress-corrosion cracking have 
common attributes of delayed failure or static fatigue: 
and given that hydrogen embrittlement and liquid 
metal embrittlement in continuous loading tensile 
stress vs. a grain 
the Stroh—Petch 


brittle fracture, it is a 


testing show trends of fracture 


size function in accordance with 
model for the generation of 
natural sequence of logic to question whether metals 
immersed in common stress-corrosion media will obey 
the same pattern of behavior. 


The 


medium 


generation of cracking in a_stress-corrosion 
under conditions of continuous loading in 
tension has apparently not been studied heretofore. 


Preliminary experiments in which tensile specimens, 
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TABLE 1. Composition of Mg 


Al alloy 


Element Analysis (wt.%) 


5.56 
Zn 0.05 
Si 0.08 


Mg balance 


while in a stress-corrosion medium, were rapidly 
loaded 


examined, demonstrated that cracking did occur at 


stress levels, unloaded, and 


to arbitrary 
critical and reproducible stress levels. These stress 
levels were of the order of the engineering \ ield point 
The cracks were not associated with any observable 
plastic distortion and therefore must be adjudged 
brittle. The cracks were many in number, but very 
this 


shallow. This point will be discussed later. At 


juncture, it is sufficient to make the case that th 
initiation of brittle fracture can be achieved in a stress 
continuous loading in tension 


corrosion medium by 


EXPERIMENTAL PROCEDURES 
Experiments were conducted on a commercial grade 
of type 304 austenitic stainless steel and on a labora 
tory-produced, binary alloy of magnesium with 
aluminum. 
in Table 1. 


By a wide variety of cold working and annealing 


A chemical analysis of the latter is given 


treatments, quantities of stainless steel bar stock were 
produced with grain sizes varying between 2 and 
520 grains/mm*. From these, cylindrical tensile speci 
sections of dimen- 
The 


lensile 


mens were machined having gage 


sions 2in. long 0.250 in. diameter 


gage 
sections were all polished to a high finish 
tests were performed both in air and in an aqueous 
150°C iC. The 


corrosion liquid was held in a glass assembly 


solution maintained at stress- 
from 


which the threaded shoulders of the test specimen 


protruded at either end. To prevent corrosion at the 


air liquid interface, the upper portion of each speci 


men was coated with an resin which was 


unaffected by the MgCl, solution. 


epoxy 
Temperature was 
established and maintained by a heating element 
wrapped around the glass assembly. Specimens were 
immersed in the stress-corrosion liquid for about 1 hr 
before testing, this time period being necessary to 
establish an isothermal condition. Load was applied 
at a rate of 200 |b/min. 

The Mg—Al alloy was induction-melted and cast into 
The ingots were homogenized for 30 hr at 
Portions of the 


machined ingots were extruded to 0.4 in. diameter rod 


1-lb ingots. 
410°C and water quenched. pre- 
at 340°C providing a reduction of about 88 per cent 


In this condition, the structure as solution-treated 


AND 


STRESS 


TABLI 2 The effect o t Ss upo erack ian \lg \l alloy 


Specimen Depth of largest 
SIZ y/in eracks eracks mm 

Small 300 
253 000 


23 600 


Medium 


LO.000 
1? 500 


was single-phase with no evidence of nonequilibrium 


intermetallic compound. By variation in annealing 


cycle, quantities of bar stock were obtained with grain 


sizes ranging from 8 to 1400 grains/mm? All speci 


mens were solution treated and water quenched to 


retain the single phase state Tensile specimens wert 


machined therefrom with gage dimensions: 2 in. lor 


0.250 in. diameter. Specimens for test were im 


mersed in an stress-c lution con 


35 ¢ NaCl 


solution was maintained around the gag 


aqueous 


taining ind of water Che 


section of the 


t nsile specimens a simple class tubs und rut 


stopper assembly All tests were conducted at 


iveTauvt the 


temperature On the were In 


specimens 
contact with the aque 


In thes 


some 


solution 15 min prior 


to loading tests the loading rate wa bout 


1500 |b/min exploratory tests with rapid 


immersion and loading involving total times of about 
| min gave similar cracking propensities 
In both series of following test 


adopted \ 


stress-corrosion solution was loaded at a 


experiments, the 


procedure was specimen suitably im 


mersed in the 


constant rate to an arbitrary maximum stress and 


immediately unloaded, removed from the test 


assembly, and examined for surface cracks at ?0) 


magnification, which permitted resolution of cracks of 


0.01 mm length. Depending on the results of the prior 


test, a new specimen was loaded to a higher or lowe1 


stress level. By successive tests, it was possible to 


closely bracket the stress at which cracks were just 


resolvable Metallogra phic examination showed that 


raising the applied stress above this critical threshold 


resulted in an increase in the total number of cracks 


and in the depth of the deepest crack Typit il data 


are cited in Table 2 Photographs of cracked speci 


are shown in Figs. 3 and 4 


mens 


SUMMARY OF RESULTS 


The the 
stress-corrosion media are plotted against the Stroh 


measured fracture stresses in respective 


Petch grain size function, d~'/*, in Figs. 5 and 6 


276 0.5 
19,200 16 0,2 
20) 500 61 0.3 
20.000 5 0.5—0.7 
* Longitudinal si f 2 in. gage lengt 
ol. 9 
961 
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steel, 
MgCl, 


Stress-corrosion cracks on_ stainless 


tension in 42 per cent 


Fic. 3. 
continuous loading in 
solution at 150° C, 5-6 


linear relationships necessary for conformity to the 
Stroh—Petch brittle 
Using the measured slopes of these lines and auxiliary 


fracture model were obtained. 


data summarized in Table 3, the surface energies 
associated with fracture were computed and shown in 
the aforementioned table. 

There are no actual measurements of the surface 
energies of stainless steel and of magnesium alloys 
with respect to their own vapors; however, the values 
for pure iron and pure magnesium are reasonably well 
known. From data summaries given by Stroh, one 
may reasonably expect the surface energy of stainless 
steel to be at least 10° ergs/em* and of the Mg—-6°,Al 
alloy to be at least 500 ergs/em*. The values of 157 and 
93 ergs/em*, respectively, derived by fracture initia- 


tion in stress-corrosion media are clearly much lower. 


DISCUSSION 
The work herein presented reveals that the three 


circumstances—hydrogen, liquid metal, and aqueous 


solution embrittlement—which produce delayed 


brittle failure have a common linear dependency of 


brittle fracture stress on the d~!/? function. Further- 


more, the slopes of these linear plots of data can be 


interpreted in terms of reduced surface or interfacial 


9, 


Fic. 4. Stress-corrosion cracks in a Mg—-6% Al specimen, 


continuous loading in tension in NaCl-K,CrO, solution 

at room temperature. Ss 
brittle 
The extension of 


the dominant factor in causing 


fracture in otherwise ductile metals. 


energy as 


this thesis to embrace the phenomenon of stress- 
corrosion cracking poses certain questions which at 
this point can only be discussed in concept. 
One first this 
effectively eliminated corrosion or electrochemical 
Probably not. It 
that 


must consider whether model has 


processes as operative factors. 


seems reasonable to suggest electrochemical 


TABLE 3. Summarized data on surface energies 


Type 304 stainless steel 


78.5 
5.08 


10'° dyn/em? 
dyn/em? 


Shear modulus 

K(in 42 wt.% MgCl, solution 
at 150°C) 

y(in 42 MgCl, solution 

at 150°C) 


ergs 


Magnesium—aluminum alloy 
Shear modulus 16.81 
K(in NaCl-K,CrO, solution 2.1 

at 25°C) 
youn NaCl K.CrO, solution 

at 25°C) 


10'° dyn/em? 


10? dy n/em*2 


= 
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a 
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Grain Diameter, mm 


~ 


T T T 
e Many Cracks (General) 
© Few Cracks (Localized) 
© No Cracks Observed 


’ 


b | 
| 
in 42% MgCl, Solution at [50°C | 
2 3 4 5 


'/2 


O;, True Fracture Stress 
1000 PSI 


stress of stainless steel as a 


The fracture 
function of grain size 


processes are necessary and responsible for the 
removal of existing films which prevent adsorption of 
the critical ion species. This removal need only be 
localized to serve the purpose. At higher stress levels, 
electrochemical processes may serve to prevent healing 
of intervening oxide films ruptured mechanically 
during loading. The literature on stress corrosion is 
detailed the 


between electrode potential measurements preceding 


replete with studies of relationship 


and during the fracture process. It has always been 
assumed that the demonstration of such a relationship 
proved that the fracture event was electrochemical in 
origin. In the present hypothesis, electrochemical 
processes including electrode potential measurements 
the the 


intervening films which prevent adsorption of avail- 


relate conditioning or removal of oxide 
able ion species. 

Electrochemical processes may even be responsible 
for the generation of the critical ion species and thus 
also, indirectly, be the controlling factor in the rate of 
crack propagation. The adsorbing species cannot be 
identified by present experiments. The Mg**, Cl-, H 
and OH 
may result from breakdown of the oxide film. Work 


ions are all suspects, and special ion species 


is in progress on various media with the expectation 
that the operative ion species can be identified by a 
process of elimination. 

It is curious that, while brittle cracks can easily be 
initiated on continuous loading, they will not propa- 
There 


been opinions expressed that stress corrosion may be 


gate very far even at higher stresses. have 


regarded as a two-stage process wherein localized 


corrosion takes place at susceptible boundaries, 


creating sharp pits which act as stress raisers, and the 


sharpness of the cracks and their depth permit the 
further 


continuation of cracking without need for 


AND STRESS CORROSION 


Diameter, mm 


electrochemical processes Present shows 


CX pe rience 


that the latter stage is not real. Specimens of stainless 


steel, which on continuous loading in a stress-corrosion 


environment produced brittle surface cracks, were 


subsequently pulled either in air or in the aqueous 


medium to fracture. It was apparent in every case 


that the initiated cracks did not propagate in a brittle 
fashion. The cracks opened up rather than extended, 


and failures were clearly ductile. This may be seen in 


ditions which exist in the process of initiating a brittle 


One is forced to the conclusion that the 


crack must persist in its propagation until the localized 
Ther 


process 


stress has risen to the ultimate tensile strength 
after, of course, ductile fracture is the faster 

The limitation of crack depth experienced in con 
tinuous loading experiments leads one to the supposi- 
tion that crack propagation is governed by the rate of 
supply of the adsorbing ion species to the root of the 
a problem in hydrogen or liquid 
both the 
Depe nd 


crack This is not 


because, in 


metal embrittlement Cases, 
adsorbing species have very high mobilities 
ing on the magnitude of the rate of supply, the cracks 
may progress at a uniform velocity or discontinuously 
when the rate is very slow and a critical accumulation 
is needed 

There must be some question about the nature of 
the obstacle responsible for dislocation pile up und 
nucleation at a liquid—solid inte1 


consequent crack 


face A simple series of edge or screw dislocations 
would be expected to dissipate as shear strain at a free 
However, the work of Low and Guard’ on 
They 
have demonstrated that dislocation loops radiating 
the 


surface 


silicon ferrite supplies a suitable mechanism 


from an internal source can leave at surface 


remnants of the loops which translate in the plane of 


the surface and pile up against grain boundaries at the 
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Kia. 7. Stress-corrosion eracks in 


loading in tension in 42 per cent MgCl, solution at 150° C; 


stainless 


steel produced by continuous 


specimen removed 


and pulled to fracture in ain 200 


surface. This essentially reduces the problem to two 
dimensions. The intersections of these remnants with 
the surface constitute the points of etch pit formation, 
and the movement and multiplication of these can and 
have been studied in terms of the lines of etch pits on 
pre-strained large-grained specimens. Micrographs of 
these are shown by Low and Guard 

\ dislocation-surface energy model cannot yet be 
applied to analysis of delayed failure experiments 
because the function of time in the dynamics of 
stress has not 


dislocation assemblies under constant 


vet been sufficiently treated For the present, the 
further exploitation of this model will have to be 


confined to continuous loading experiments 
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ELECTRICAL RESISTANCE OF COPPER-GOLD ALLOYS 
AT LOW TEMPERATURES* 


M. HIRABAYASHI*? and Y. MUTO 


Electrical resistance of the copper gold alloys containing 5.0,, 24.1, 25.0., 50.8, 74.0 and 75.0, at 
gold was measured in the range from liquid helium to room temperature in the annealed and quenched 
states. It was established that the residual resistance of the 75.0, per cent alloy is lower in the ordered 
state than in the disordered one, and that the ratios of the residual resistance to the ice point resistance 
are 0.699 and 0.800 for the ordered and disordered states, respectively \lso it was found for the 74.0 per 
cent alloy that the residual resistance of the partly ordered state is higher than that of the disordered 
state. The Debye temperatures of the alloys were evaluated by using the Griineisen formula. 185° and 
160°K were obtained for the 75.0, per cent alloy in the ordered and disordered states, respectively 

\ resistance minimum of the magnitude of 0.01 442-em was found in the neighborhood of 13°K for the 


25.0, per cent alloy. Such a minimum seems to be little affected by the degree of order, and was thought 


to be due to the presence of small amounts of certain impurities. This view was supported by an appear 


ance of more distinct minimum near 19°K for the 23.5, per cent alloy containing 0.16 per cent nas al 


RESISTANCE ELECTRIQUE DES ALLIAGES CUIVRE 
Les auteurs ont mesuré la résistance électrique d’alliages cuivre 


74.0 et 75.0,% atomique d’or dans la gamme de température allant de Var 
alliages étant dans les états recuit et trempé. Ils ont établi que la résistance cd 
est plus faible dans l'état ordonné que dans l'état désordonné, et que les rapports de la résistance 
elle a la résistance 4 la température de fusion de la galce étaient respectivement de 0,699 et 0,800 por 
états ordonnés et désordonnés. Ils ont également trouvé que lalliage & 74.0 pour-cent possédait 
état partiellement ordonné, une résistance résiduelle plus élevée que celle dans l'état 
Les températures de Debye des alliages furent évaluées par la form 
obtenu, pour lalliage a 75.0, pour-cent, les températures respectivem 
ordonneés et désordonneés. 

Pour alliage & 25.0, pour-cent, une résistance minimum de 0,01 mic 


de 13 K. Cette valeur minimum semble étre peu affectée par le di 


presence de petites quantités de certaines impuretés ‘ explication 
dun minimum plus distinct aux environs de 19 K pour 


cent de fer comme impuret« 


ELEKTRISCHER WIDERSTAND VON KUPFE 
TIEFEN TEMPERATI 
Der elektrische Widerstand von Kupfer-Gold Legierungen mit 5,0,, 24 
\t°,, Gold wurde zwischen der Temperatur des fliissigen Heliums und Rau 
und abgeschreckten Zustand gemessen Es wurde festgestellt, daB ck 
Legierung im geordneten Zustand geringer ist, als im ungeordneten: 
stands zum Widerstand bei 0 C betragen 0,699 fiir den geordnet 
Zustand. Weiterhin wurde bei der 74,0°, Legierung gefunden, daB det 
geordneten Zustands gréBer ist als der des ungeordneten Zustand 
Legierungen wurden mit Hilfe der Griineisenformel ausgewertet 
185 K fiir den geordneten und 160 K fiir den ungeordneten Zustand 
Bei der 25,0.°,, Legierung wurde ein Widerstandsminimum von det 
bung von 13°K gefunden. Ein solches Minimum scheint wenig von 
kann von der Anwesenheit kleiner Mengen von bestimmten Verunreinigun 
wird unterstiitzt durch das Auftreten eines ausgepragteren Minimums be 


einem Verunreinigungsgehalt von 0.16°, Eisen in der Nahe von 19 K 


1, INTRODUCTION of the superlattice alloys Several workers have in 
Some valuable information about the order-disorder vestigated the electrical resistance of the copper—gold 
transition in alloys can be obtained from measure- alloys. For the alloys near the composition of 25 at 


ments of the electrical properties at low temperatures gold. Seemann early measured the resistance as a 


* A short note concerning the present work has ‘been function of the composition at temperatures of liquid 


published in J. Phys. Soc. Japan 12, 830 (1957). Received nitrogen and hydrogen. Bowen‘) measured the resist 
October 6, 1960. 
+ The Research Institute for Iron, Steel and Other Metals, 
Tohoku University, Sendai, Japan. 77° An increase of the Debve temperature due to 
t Now at the College of Engineering, Rutgers the State 
Universitv, New Brunswick, New Jersev, U.S.A. the superlattice formation was deduced from the 


ance of Cu,Au over the temperature range from 4.2> to 
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different behavior of the 
portions of the resistance in the ordered and dis- 
3) 


temperature-dependent 


ordered states. Passaglia and Love) measured the 
resistance of the alloys Cu,Au, CuAu and CuAu, as a 
function of temperature from 2° Kk to room temperature. 
these the Debye 
temperatures of Cu,Au and CuAu were hardly affected 
(4) 


According to authors, however, 


by the formation of order. Damask‘*) measured at 
77K the resistance of Cu,Au quenched from various 
temperatures above the transition point, and deduced 
an increase of residual resistance with increasing short 
range order. 

It is of the 


resistance of CuAu, depends upon the degree of order, 


interest to investigate how residual 


hecause the resistance of this alloy shows an anomalous 
increase near the transition point.@-°” Passaglia and 
Love, however, found no change at all in the residual 
resistance between the annealed and quenched states 
of CuAu,. There seems to remain some doubt whether 
the annealing treatment given for the specimen of 


CuAu, was sufficient to produce the well ordered state. 


And in fact, Sato’ found that the ordered state of 


CuAug has lower resistance than the disordered state 
at liquid helium temperature. This result agrees well 
with the present one, as will be described below. 

It was also attempted in this study to evaluate the 
Debye temperatures of the alloys CuAu,, CuAu and 
Cu,Au in the ordered and disordered states. For this 
purpose, the resistance of these alloys was measured 
over the temperature range from about 2°K to room 
temperature. In the course of the work on Cu,Au, we 
found a resistance-minimum and examined its depend- 
ence on impurities as well as on the degree of order. 
Although the resistance-minimum phenomenon is well 
known for certain dilute alloys, it should be noted that 
a similar phenomenon was observed in the case of the 


ordered alloy. 


2. EXPERIMENTAL 
Spe cimens 


The specimens, some of which have been used in our 
previous studies,@>” were prepared from electrolytic 
copper (99.95 per cent) and pure gold (99.99 per cent) 
invacuo. The polycrystalline specimens had the shape 
of either wire of about 0.4 mm in diameter or ribbon 
of about 0.2 mm in thickness. <A single crystal was 
grown from the melt by the moving furnace method. 
It had the shape of a rod of about 2 mm in diameter. 

Table | the lattice 


constants in the disordered state of the specimens. 


gives the concentration and 


The relationship between the concentration and the 
lattice constants agrees fairly well with the previous 


work. To obtain the disordered state, each specimen, 
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TABLE |. Concentration and lattice constants of the 


specimens 

Lattice constant of 
the state que nched 
$50°C (kX) 


Concentration 


Specimen Pa 
at.~% 


gold from 
CuAu, No. | 75.06 3.9764 
‘uAu, No. 2 3.975, 
‘uAu 3.870, 
‘u,Au No. | 3.745, 
‘u,Au No, 2* 

‘uzAu Ke 


‘ug; Au, 5.06 


* Single crystal. 
sealed in an evacuated glass tube, was heated at 450°C 
for about 2 hr and quenched rapidly in ice water. 
Measurements 

The 


ordinary potentiometric method. 


the 


and 


electrical resistance was measured by 


potential leads were spot-welded to the specimens 


current 


In order to compensate for thermal e.m.f., the poly- 
crystalline specimens were bent into U-shape. Both 
polyerystal and single crystal specimens were carefully 
mounted around a copper cylinder, in which a longi- 
tudinal hole was provided for the insertion of an 
Allen-Bradley 


copper—constantan thermocouple. The carbon-resistor 


carbon composition resistor and a 
was used to determine the temperature below about 
8O°K. The thermocouple was used above this temp- 
erature. 

Resistance was measured on heating from the lowest 
temperature near 1.5°K. The period of heating up to 
liquid nitrogen temperature was usually from 6 to 8 hr. 
The experimental error of the resistance measurement 


was less than 0.05 per cent in general. 
3. RESULTS 
(a) Residual resistance of CuAu, 


Table 2 shows the reduced residual resistance at 


Rov; and the specific resistance at 273°K, 


Pozg, in the quenched and annealed states of the alloys. 


Heat treatment for ordering is also tabulated in the 
last column. In the first place, it must be noticed that 
the tabulated value R,.,/R,,, of the annealed CuAu, 
alloy is lower than that of the quenched one, in the 
same way as CuAu and Cu,Au, although the decrement 
due to ordering is much smaller than those of the 
This differs from the result of Passaglia 
that of Sato. 


Except for this fact, however, there is good agreement 


latter two. 


and Love, but is in agreement with 


between the values R,.,/R,,, observed by Passaglia 
and Love and those in Table 2. Also py, in this table 
agrees well with the room temperature resistance 


obtained previously by Johansson and Linde). 


3.637, 
Vol.9 
| 


HIRABAYASHI et al.: ELECTRICAL RESISTANCE OF COPPER-GOLD 


TABLE 2. Reduced residual resistance and specific resistance 273°K 
Quenched state Annealed state 


Specimen 


CuAu, No. | 0.800 lt 0.699 1.86 200—100°C, 4 months 


CuAu, No. 2 0.792 of 0.741 180°C, 11 days 
120 
L100 

350 

CuAu 0.850 3.92 


Cu,Au No. | 0.837 
Cu,Au No. 2 0.855 
Cu,Au Fe 516 2 150 
Cu,;Au,; 3: 150 


* Since these specimens had some irregularity of shape, the specific resistance was not ac y determined 


© 
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1. Specific resistance 
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Specimen No. 2 Curves and 

$50 C to ice wate! Curve annealed 

between 200° and LOO Curve annealed for 11 day 


Specific 


at ISO ¢ Curve ¢ annealed for Il day it PRO’ 


ll days at L50°¢ cl at 120°C and 3 days at LOO 


200 
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Figure l(a) gives the specific resistance of the alloy 
CuAu, No 


range from 1.7° to 500°K. Curves a and } correspond 


| as a function of temperature over the 


to the disordered and ordered states, respectively. 
Near 400°K, curve 6 is connected with the nearly 


equilibrium resistance, marked with crosses, which has 


been measured after prolonged isothermal annealing. ) 


\s clearly seen in this figure, curves a and } cross each 


other near 120°K. and the residual resistance of the 


annealed state is appreciably lower than that of the 


8) 


Such a fact was also reported by Sato! 
the de- 


eases monotonically with annealing time at 185°C. 


quenched one 


According to his result, residual resistance 


Cl 
But we found a temporary rise of the residual resist- 


ance in the partially ordered alloy CuAu, No. 2, as 
shown in Fig. l(b). The alloy annealed for 11 days at 
d) than the 


curve ¢c) over the entire temperature 


180°C) (eurve has a higher resistance 


quenched one 
However after the 
the 


range below room temperature 


alloy was subsequently annealed below LSO'C, 


residual resistance decreases in comparison with that of 


the quenched state (curve ec). The fact that the resist- 
ance of CuAu, increases at initial stage of ordering and 
then decreases gradually has already been observed at 
®7) but now it Is 


elevated temperatures, more clearly 


Se- 


200 


FIG 
CuAu, 


2. Temperature dependent part of resistance 
No, | 2. Curves a, b, c, d 


f Fig. 1. 


and and e col 


respond to those ¢« 
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Se-cm 


T 


pendent Part of Specific Resistance, P 


C 


Temperature D 


Temperatur 


3. Temperature 
CuAu. 
quenched fre 


do 


dependent part resistance 
Curves a and 6 correspond to the 
ym 500°C and the state cooled slowly 


to 200°C in 13 days, re 


state 
from 


spectively. 


shown at low temperatures free from the phonon 


contribution. 


b) me pe rature-de pe ndent portion 
Mean of 

below 300°K are different between the quenched and 

Fig. | To clarify the 


2 shows the temperature-dependent 


temperature efficients the resistance 


annealed states, as shown in 
Fig. 
portion of the resistance p,, for the alloys CuAu, No.1 
and No. 2 


with the degree of order in a way similar to that of 


situations, 
It will be noted that p,, of CuAu, increases 
CuAu given in Fig. 3. For a further analysis of the 
temperature-dependent portion of the resistance, log 
py —vs.— log T curves for CuAu, are given in Fig. 4. 
P7 is approximately proportional to T° at very low 
temperatures and to 7' near room temperature in both 
quenched and annealed states. The alloys CuAu and 


Cu,Au show a similar behavior. 


(Cc) De bye le mpe rature 
Next 


characteristic 


determine the Debye 
(-) the 


Table 3 gives the values of © at 50°K. 


we attempted to 


temperature using Griineisen 


function. For 
the alloy CuAu, No. 1, the temperature variation of © 


is shown in Fig. 5. It must be pointed out here that © 
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2 
log T 


Fig. 4. Log pr against log T alloy 
CuAu, No. 1. Curves a and 6 correspond to those of 
l(a). Broken lines show slopes proportional to 


T and 


curves of the 


Fig. 


for the annealed state is nearly constant below LOO'KK 


and is relatively higher than that of the quenched 
state. 


temperature. 


In the latter, © depends considerably upon 
This shows that the Griineisen formula 
The 


values of © obtained for CuAug are confirmed by the 


with a constant value of © is not very exact 
recent results of specfic heat measurements at liquid 
helium temperature,” which produced the value of © 
of about 145° and 190°K for the quenched and annealed 
states, respectively. These observations differ from 
the results of Sato, and the source of the disagreement 


is not clear. 


emperature .°K 


T 


Debye 


Fic Debve te 
Curves 


mpe rature 


a and b ec 


RESISTAN( 


Specimen 
State 
Annealed 


Quenched 


For Cu,Au, the ordered state has also a slightly 
higher value of © than the disordered state, and small 
temperature dependence of © was found in both states 
the results of 


This agrees qualitatively with 


2,11—13 


many 
other workers, | but not with those of Passaglia 
For CuAu, 


Passaglia and Love, no appreciable difference of © 


and Love however, in agreement with 
could be observed between the ordered and disordered 
states 

Au 


(d) Resistance minimum of ll. 


Anomalous resistance minimum was found at 13 
IK for polyerystal No. | and at 16 2°K for 
crystal No. 2 of Cu,Au in both annealed and quenched 
and (b). The depth of the 


the difference between the resistance 


single 


states, as shown in Fig. 6(a) 
minimum Ap, i.e 
at the lowest temperature measured and the minimum 
resistance, is almost 0.01 7Q-cem in both quenched and 
annealed polycrystalline specimens. The temperaturs 


of the minimum point, 7°)... as well as the absolute 
value of Ap were little affected by heat treatments of 
the alloys On the basis of an analogy with the cases 
of certain dilute alloys, such a minimum may probably 
result from the presence of very small amounts of im 
purities such as Fe, Mn, Mg and Si, which were spectro 
order 0.0] 
To check this 


and found a 


scopically detected quantities of the pel 
cent or less) in the specimens employed 
point we measured the resistance of the alloy Cu 
containing 0.16 at Iron as an impurity 
considerable increase of Ap as compared with the alloy 
containing only spectroscopic quantity of impurities 


‘io. Ble / is 19 2°K \p is 


quen hed 


As shown inh I and 


0.05 0.02 uQ2-cm in both annealed and 


alloy of 0.16 iron content 


r 


of the 


rere spond to those 
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disorder Orde 
0.288 


0.284 


}0.280 


|0.276 
0.46 


0.45 


10 20 


Temperature. °K 

minimum of the alloy Cu,Au. 
(B) Cu,Au No. 2 (single cry stal). 
Curves marked with open and closed 


Kia. 6. Resistance 
(A) Cu,Au No.1. 
(C) Cu,Au Ke. 
circles correspond to the annealed and quenched states, 
with triangles in (B) 
The doubk 
indicates | per cent of a conveniently chosen 
value of 


respectively. A curve marked 


correspond to a partially ordered state 
arrow 


Figure 7 gives the results obtained with the other 
copper-—gold alloys. The resistance of the ordered 
CuAu, No. | 
the 


hand 


alloy seems also to show a _ small 


minimum in neighborhood of 1O°K as shown 


at the 


difficult to confirm this minimum. 


right side of Fig. 7(a), but it is 
No anomaly was 
detected in this alloy in the disordered state. For the 
alloy CuAu, the resistance shows no minimum in either 
annealed or quenched states, as shown in Fig. 7(B). 
Further Fig. 7(C) shows that there is no anomaly in the 
resistance curve for the alloy containing 

gold. This alloy was chosen for comparison because its 
residual resistance was the same order as that of the 


alloy Cu,Au at low temperatures. 


4. SUMMARY AND DISCUSSION 
The residual resistance of the highly ordered alloy 
CuAu, is lower than that of the disordered one, but is 
several orders of magnitude higher than those of the 
ordered alloys CuAu and Cu,Au. Since the alloy CuAu, 
may not be thought to be in the perfectly ordered state 


even after 4 months annealing given in the present 


work, there remains some possibility for decrease of 


the residual resistance accompanied by further progress 


of ordering, if such further ordering is at all possible. 
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20 40 
Temperature , °K 


0.53 


Fic. 7. Rr/R,;, against temperature curves. (A) CuAu, 

No. 1. (B) CuAu. (C) Cu,;Au,;. Curves marked with 

open and closed circles correspond to the annealed and 
quenched states, respectively. 


However, it is, of course, rather questionable whether 
the residual resistance of the ordered alloy CuAu, ever 
reaches such a low value as those of the ordered alloys 


CuAu and Cu,Au. As previously reported,”+! the 


alloy CuAug, possesses an anti-phase domain structure 


with 40-50 A in size even after much prolonged anneal- 
ing below the transition point. The existence of such 
small ordered domains contributes somewhat to the 
residual resistance of this alloy. Recently further infor- 
mation about the electronic structure of this alloy 
could be obtained from the measurements of specific 
heat at Hall 


coefficient above room temperature.“ The density 


(10) as well as of the 


low temperatures 
of states at the Fermi level calculated from electronic 
specific heat of CuAu, equals about twice that of the 
free electron. From the measurement of the Hall effect 
above room temperature, it was determined that the 
effective number of conduction electrons is about two. 
the 


electronic structure of the alloy CuAu, differs very 


According to these results, it is concluded that 
much from those of usual monovalent metals and is 
complicated in the neighborhood of the Fermi level. 
On the other hand, the Debye temperature of the alloy 
CuAu, shows a remarkable difference between the 
annealed and quenched states. It was shown, there- 
fore, that the electrical resistiv ity of the ordered alloy 
CuAu, is considerably affected by the phonon contri- 
butions and by the structural ones. 

It may be concluded that the resistance minimum 


of the alloy Cu,Au is due to the impurities. A similar 
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HIRABAYASHI et al.: ELECTRICAL 
phenomenon was found in the alloy Cu,Au containing 
a small amount of Mn.“® In this alloy, a resistance 
maximum, and consequently a minimum, appears, 
but the details are not yet known. Such anomalous 
behavior was reported in many dilute alloys of either 
monovalent (Cu, Ag and Au) or divalent (Mg and Zn)” 
metals with a small amount of other metal. But no 
clear explanation is yet available. It should be noted 
from our experimental results that the resistance 
minimum appears in both annealed and quenched 
Cu,Au alloy, and that the values of the resistance 
minimum are of the same order of magnitude in both 
cases. 
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ON THE MECHANISM OF CRACK INITIATION IN EMBRITTLEMENT BY 
LIQUID METALS* 


H. NICHOLS and W. ROSTOKER?+ 


It is shown that while most commonly brittle fracture by liquid metal wetting will initiate at grain 


boundaries on the surface of a specimen, cracking can, in a number of instances, be induced in the centers 


of grains and out of any contact with grain boundaries. 


Studies on 70/30 brass demonstrate that the effee- 


tive energy for crack initiation by wetting with mercury is greater than for crack propagation. These 


and associated observations are discussed in terms of the arrangements of dislocation pile-ups which can 


occur at the liquid—solid interface and generate brittle fracture. 


The generation of brittle fracture in 


otherwise ductile metals is rationalized in terms of reduction of surface energy at the liquid—solid inter- 


face, 


SUR LE MECANISME DE 
PAR 


I] est démontré que, 


LINITIATION DE 
DES METAUX 


FISSURES PENDANT LA 
LIQUIDES 


FRAGILISATION 


tandis qu’en général les ruptures fragiles, par mouillage avec un métal liquide, 


prennent naissance aux joints des grains a la surface d'un échantillon, des fissures peuvent, dans certains 


cas, apparaitre aux centres des grains et en dehors de tout contact avec les joints de grains. 


Des études sur du laiton 70/30 démontrent que lénergie effective nécessaire pour linitiation des 


fissures par mouillage avec du mercure est plus grande que pour la propagation des fissures, 


Ces observa 


tions et d'autres ont été discutées en fonction d arrangements d’empilements de dislocations qul peuvent 


survenir & l’interface liquide—solide et produire des ruptures fragiles. 


La production de ruptures fragiles 


dans des métaux autrement ductiles est expliquée par la réduction de énergie de surface a lV interface 


liquide—solide. 


ZUM 


MECHANISMUS DER RISSBILDUNG 


FLUSSIGE 


BEI DER VERSPRODUNG DURCH 


METALLE 


Wahrend im allgemeinen der Sprédbruch infolge von Benetzung durch fliissiges Metall an Korngrenzen 


an der Oberflache einer Probe 


mitte ohne jede Verbindung mit Korngrenzen auftreten, 
Bildung eines Risses infolge 
Diese 


die effektiv aufzubringende Energie fiir die 
groBer ist als fiir die Fortpflanzung des Risses. 


im Hinblick auf dic 


beginnt, kann in einer 


Anordnung in Versetzungsaufstauungen, die 


Reihe von Fallen Ri®Bbildung auch in der Korn 
Untersuchungen an 70/30-Messing zeigen, daB 
Benetzung mit Quecksilber 
und verwandte Beobachtungen werden diskutiert 


an der Trennflache fest—fliissig auf 


treten und zum Sprédbruch fiihren kénnen. Zum Auftreten von Sprédbruch bei sonst duktilen Metallen 


werden quantitative Gesichtspunkte angegeben, indem die Verringerung der Oberflachenenergie an det 


Trennflache fest—fliissig betrachtet wird 


As it has been described recently,” wetting by 
certain low-melting-point liquid metals can produce 
brittle fracture which phenomenologically bears close 
similarity to low-temperature embrittlement of body- 
Thus, for instance, 70/30 brass 
ductile-to-brittle 


centered cubic metals. 


wetted with mercury exhibits a 


The 


temperature 


transition." grain size dependence of the 


transition conforms to the functional 
relationship proposed by Petch®) and based on the 
Stroh dislocation model for crack nucleation. Further- 
more, the relation between the brittle fracture stress of 
a wetted metal and the grain size function , d~!/%, is 
Petch model.‘® 


The effective surface (or interfacial) energies derived 


linear in accordance with the Stroh 


from such plots are of the proper magnitude for 


ideally brittle fracture—that is, brittle fracture whose 


* Received October 26, 1960 
Metals Division, Armour Research Foundation, Chicago, 
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plastic energy dissipation is of the same order of 


magnitude as surface energy. From these observa- 


tions, the position is taken that the origin of liquid 
the 
dislocation pile-ups and a liquid metal at the solid 


metal embrittlement is interaction between 


liquid interface. By this proposition, the function of 
the liquid metal is, by adsorption, to reduce the 
surface energy associated with the generation of a 
crack nucleus and to sustain the reduction of surface 
energy in the crack propagation process. 

It must be emphasized that the intergranular 
fractures normally observed in recrystallized struc- 
tures are not simply the result of very low dihedral 
The 


embrittlement do not usually penetrate intergranu- 


angle penetration. liquid metals producing 


larly at the temperatures of test even during prolonged 


times of exposure. Intergranular fractures can be 


produced under test conditions involving often less 


than | min of exposure to the liquid metal. Moreover, 
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AND 


TABLE 


OF 


CRACK 


INITIATION IN EMBRITTLEMENT 505 


Tensile properties of coarse-grained specimens wetted in selected areas 


Yield strength 


System Area wetted 


Unwetted 

Large area 

Grain boundary only 
Grain center only 


Fe—3% Si, 
wetted with molten 
Li at 200°C 


cast, 


Unwetted 

Large area 

Grain boundary only 
Grain center only 


70/30 brass cast. 
wetted with Hg 
at RT 


Unwetted 

Large area 

Grain boundary only 
Grain center only 


Al-6%, Mg, cast, 
wetted with Hg 
at RT 


Unwetted 
Large area 
Grain boundary only 


wetted 
300°C 


Cu, cast 


with Bi at 
Grain center only* 
Unwetted 


Grain boundary only 
* 


Cu, wrought, 
wetted with Bi 
at 300°C Grain center only 
Unwetted 

Grain boundary only 
Grain center only 


Al-4°%, Cu, wrought 
and aged, wetted 
with Hg at RT 


* Most specimens failed ductilely outside the wetted area. 


cold- 


one 


transgranular fractures are encountered in 
with elongated grains and, in 


worked metals 


published instance, single crystals of zine wetted 
with mercury have been induced to break in a brittle 
fashion. However, the present view of the behavior 
of wetted single crystals is not consistent. Copper 
single crystals wetted with bismuth‘ and iron single 
crystals wetted with a bearing alloy”) were reported 
to be 


equivalents were embrittled. 


not embrittled whereas their polycrystalline 


The question of where cracking starts is very 
pertinent to an analysis of this form of brittle fracture 
in terms of the dislocation pile-up model. The grain 
boundary is certainly the most likely barrier of signifi- 


Yet 


intersection of slip bands ought 


cant magnitude. under proper circumstances 
also to provide 
barriers of sufficient strength. It seemed, therefore, 
appropriate to explore the degree of significance of the 
grain boundary in embrittlement by liquid metals 
This has been accomplished by tensile testing of 
very coarse-grained polycrystalline specimens wetted 
by certain liquid metals in specific areas. It has been 
possible in each case to wet with a liquid metal 


selectively in a narrow band including a_ grain 


boundary or in the centers of grains at positions well 
It 


venient to prepare very coarse-grained specimens of 


separated from grain boundaries. proved con- 


various metals and alloys by controlled solidification 


Tensile o1 
Klong No. of 

fracture 
(lb/in? ay 


lb In 


stress 


eragea 


33.900 
33,200 
33.600 


34,500 


$6,500 
34.100 
36.000 


$2,400 


7190 
6480 


25.200 
7140 
5600 8730 
7290 24 SO0 
14.400 
S050 


9400 


LO. 100 11.400 
1400 15.600 


$260 10.600 


22 400 


100) 


tl, 


2G POU 


12.200 
21.200 
LS.000 28 000 


all 


In almost every 


from the melt. By the proper control of feeding, 
but minor porosity was eliminated 
instance, the tensile ductilities of these cast specimens 
In a few cases, coarse-grained specimens 


All 


specimens were fully annealed after machining except 


were high 
were produced by strain-annealing techniques 
where otherwise indicated 
Various masking procedures were used to permit 
desired 
Acids 


or fluxes were used to penetrate and effect a liquid 


wetting by the liquid metal only where 


Often, the natural oxide was a sufficient mask 


solid interface at the selected location 
In Table | 


behaviour of Fe—3‘ 


results are summarized on the tensile 


% Si wetted with molten Li, 70/30 
Meg 


Cu alloy wetted with 


brass wetted with Hg, Cu wetted with Bi, 6 


alloy wetted with Hg and Al-4'‘ 
Hg 


line 


These all represent instances where polycrystal 


specimens wetted over an area comprising at 


brittle 
The 


judged 


least several grains will break in a clearly 


fashion with zero or nearly zero ductility 


comparative fracture behaviors have been 


either in terms of reduction in ductility or in terms of 


fracture stress when failure occurred below the vield 


point 
These results show that, in several but not all cases, 
fracture at reduced or zero ductility can be induced by 


selective wetting at the centers of grains Clearly 


there is a wide spread in the relative propensities for 


20 
1.6 2 
7 ) 
1? 3 
3 
3 
13 3 
3 
0 3 
l 3 
24 2 
8 6 

5200 2) 
) 
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been wetted with molten lithium 


embrittlement in grain centers. It is very significant, 
that—at 
houndaries are not necessary to the fracture process. 
Fig 


coarse-grained 


however, least in instances—grain 


| illustrates a simple transgranular fracture in 
Ke-3 


only in the center of a large grain with molten Li at 


°% Si tensile specimens wetted 


200°C. Fig. 2 shows cracks which nucleated in the 


center of a grain but propagated only a short distance 


before the stress system was relaxed by completion of 


fracture in an adjoining crack. That these 


cracks follow polishing marks is a clear indication of 


the role of the surface in the birth of a crack. 


minor 
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Transgranular fracture in a coarse-grained tensile specimen of an Fe—3°, Si alloy which 


the center of a very large grain. r 


Comparison of the behavior of the Al-6°% Mg 
alloy and the aged Al-4°% Cu alloy suggests that the 
disparity between cracking stresses at grain centers 
and grain boundaries diminishes with increasing yield 
strength. 

There is a close conformity between the tensile 
conditions for brittle fracture in specimens wetted over 
a large area and wetted only at grain boundaries. 
this it would appear that, where possible, 
fracture will initiate at a grain boundary. The duc- 


tility of the Fe—3 °, Si alloy is illustrated in Fig. 3 where 


From 


the asymmetric necking to a chisel edge normally 


Cracks initiated by wetting with molten lithium in the center of a large grain of a tensile 


specimen of Fe—3°, Si alloy. 
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AND 


Fic. 3. Ductile fracture of 


associated with very coarse and very ductile grains is 
quite apparent. By contrast, wetting with molten Li 
produces the 
illustrated in Fig. 4. 

The difference in 
wrought-annealed copper, both wetted with molten 


remarkable intergranular cleavages 


behavior between chill-cast and 


Both materials, 
Both materials 


bismuth, bears some consideration. 
unwetted, had substantial ductility. 
wetted over an area large enough to include a large 
number of grains failed with considerably reduced 
But in the random choice of grain boun- 
the 


embrittlement. 


ductility. 
daries for selective wetting, only wrought-re- 


crystallized specimens reproduced 


The grain boundaries between chill-cast grains arbi- 


trarily chosen for wetting, in general, did not prove 


brittle. This seems to suggest what is quite reasonable 
to expect—namely, that the grain boundary as a 
barrier depends on the orientation differences between 
grains bounded. The orientation differences between 
grains in a cast columnar grain structure are likely to 
be small and, accordingly, the grain boundaries are 
inadequate as barriers to dislocation pile-up. 


If one accepts the simple portrayal of a slip-plane- 


Fic. 4. Intergranular cleavage fracture of F¢ 


OF 


CRACK INITIATION IN EMBRITTLEMENT 


coarse-grained 


the crack nucleus itself must 


Yet it is clear 


generated crack nucleus, 
be regarded as cleaving across a grain 
from metallographic observations on recrystallized 
metals that the path of fracture is predominantly 
intercrystalline. It can be simply argued that the 


original crack nucleus is a cleavage crack which 


traverses one grain and, upon meeting the first grain 
boundary, follows it and its interconnecting associates 
thereafter Such a hypothesis demands that the 


associated with crack initiation be 


the 


surface 
different 
crack propagation 
the latter. It 


energy 


from surface energy associated with 


Moreover, the former should be 


larger than Is possible to evaluate 
experimentally the validity of these thoughts 
The wetted 


mercury as a function of grain size has been reported 


fracture stress of 70/30. brass with 


in an earlier publication.“ In these experiments, 


tensile specimens were wetted with mercury and a 


fracture stress was measured, which in reality was the 
fracture initiation stress. The value of y deduced from 
the linear plot of a, vs. d~"*, therefore, purports to 
refer to the cleavage of a grain of 70/30 brass 


It has been found possible to arrest the growth of a 


507 
4 
Si allo $-5 
ay 
961 
je 
a 
M3? Si allo etted wit ten lithiu 4-5 
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nverse Square Root Of Grain Size, 


Fig. 5 cracking or to 


cracking In 


Stress to initiate 
70/30 brass wetted with mercury at 


Upper curve 


propagate 
room 
temperature as a function of grain size 
initiation; lower curve represents 


represents crack 


propagation of an existing crack. 


crack in 70/30 brass by rapid unloading. A second 
series of experiments has been performed in which the 
specimens had been pre-cracked across a portion of the 
width of the test This assured that 


initiated crack was simply 


section the re- 


intergranular. The re- 
initiation stress was computed on the basis of the 
force and the residual uncracked 


measured tensile 


cross section. Such experiments were performed on 
brass specimens representative of a wide range of 
recrystallized grain sizes 

The stresses to re initiate cracking were plotted 


the 


Kor comparison the data from 


against grain size function, vielding the 
linear plot in Fig. 5 
uncracked specimens are included Krom the slope ot 
the line delineated by the results, the effective surface 
energy associated with grain boundary cracking was 
computed to be 37 ergs/em*. This is to be compared 
with 280 ergs/em? derived from similar brass speci- 
mens which had not been pre cracked. These results 
seem to support the hypothesis presented 

a moment the nature of 
the Stroh—Petch 


reflect the work 


It is useful to consider for 
the 


relationship. 


surface energies derived from 


These energies must 
cracking and, as such, must 


the 


done in represent the 


difference between surtace energies before and 


after cracking. Thus, the surface energy derived from 


the Stroh—Petch equation represents 


2y in the case of uncracked specimens 


2V1c L) in the case of pre-cracked specimens 


/ 
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where 

Yin) —= Surface energy of the « phase with respect 
to its own vapor. 
grain boundary or interfacial energy of « 
brass. 
interfacial energy between solid brass and 


liquid mercury. 
This prov ides two numerical equations: 


280 


"Pay 
“7 (S/L) 


Yala) —2Y(S/L) 37 ergs/em?. 


To begin a numerical analysis, a reasonably valid 


value of y,,,,) is needed. Based on a value of 580 ergs 
cm" for the interfacial energy of copper, Taylor‘® 
estimated that y,,,,) for 70/30 brass should be about 
the 


from 


580 ergs/em? was 
Jailey Watkins”? 


We shall, therefore, correct 


510 ergs/em?. Sut value of 


wrongly quoted and and 


should be 640 ergs/em?. 


the estimated value of y,,,,, for 70/30 brass to 570 


ergs/em?. 


whence 267 ergs/em* 


280 813 ergs/em?. 


The interfacial energy between solid brass and liquid 
The 


appropriately less than the measured value of solid 


mercury seems reasonable. value deduced is 


copper against liquid lead, i.e. 340 ergs/cm? as given by 
Bailey and Watkins”). 


that surface energy is herein responsible for the occur- 


In line with the hypothesis 


rence of embrittlement by liquid metals, mercury 


embrittles brass but lead has only a slight effect on the 
ductility of copper. 

The computed value of the surface energy of 70/30 
brass with respect to its own vapor, y;,) is much lowe 


than the value of 1525 ergs/em? estimated by Taylot 


Comparison of estimated values is rather fruitless, and 


it is obvious that valid experimental measurements 
are needed. 


Experimental evidence cited here, as well as 
described elsewhere,“:?-4.°) supports a contention that 
the contemporary dislocation model for brittle fracture 
nucleation is implicit in the mechanism of embrittle- 
ment by liquid metals. It is appropriate at this point 
to consider more specifically how this model may be 


Dislocation generation and movement pro- 


applied. 
cesses are generally considered as three-dimensional in 
Yet it that 


brittle fracture in the presence ota superficial coating 


description. is clear by all observation 
of a liquid metal initiates at the liquid—solid interface. 


Since the concept of fracture nucleation by dislocation 
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6 

plane and the dislocation loops emanating from a 

Frank—Reed source which meet a grain interface and a 
free suriace. 


Diagrammatic representation of an active slip 


pile-up requires the existence of a barrier, one must 
seek such in a free surface. 

The free surface has been generally regarded as the 
location of shear stress release and the emergence of 
the sequence of crystal faults which make for macro- 
However, recently the experimental 


scopic slip. 


technique of “dislocation decoration” and etch pit 
formation at the point of emergence of a dislocation 
line to the surface has permitted a broader view of 
various configurations. For example, the etch pit 
arrays on the surface of coarse-grained silicon ferrite 
specimens were shown by Low and Guard”® to 
assume the disposition of a line of dislocations piling 
up against a grain houndary Some of these pile ups 
are seen to propagate into the next orain, and some 


These 


imply that the free ends of concentric dislocation loops 


appear to have been stopped observations 


can create a two-dimensional dislocation pile-up 
system capable of creating crack nuclei open to the 
liquid metal at the interface and propagating into the 
A simple graphical representa- 
In this sketch 
and A PD lead 


to shear strain and slip band surface steps, but 


grain at the surface 
tion of these ideas is presented in Fig. 6 


translation of dislocations normal to Dé 


translation of dislocation line remnants in the direction 
DA lead to a pile-up at a surface grain boundary. In 


the presence of a liquid metal the magnitude of the 
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barrier and the reduction of surface energy may be 
sufficient to stabilize a crack nucleus 

While the dislocation model for brittle fracture has 
viewed the grain boundary as the barrier most likely 
to have sufficient magnitude, there has been recogni 
tion that intersecting slip bands, particularly in body 
centered cubic metals, can form obstacles to 


slip 
propagation of comparable strength. There is visual 
evidence that intersection of slip bands at the surfaces 
single the 
11,12 


of MgO and germanium crystals can be 


sites for crack nucleation It is significant that of 
the coarse-grained materials of simple single-phase 
nature reported on herein, only silicon ferrite showed a 
pronounced capability for generating fracture in the 
Such face-centered cubic metals as 
und Al-6°, Mg alloy show little, if 
any, propensity for grain center embrittlement. This 


is in accord with Cottrell’s"® expectation that inter 


middle of a grain 


7TO/30 brass. coppel 


sufficiently re 


secting slip bands in such are not 
Only 


dispersion hardened can grain center embrittlement 


strained when face-centered cubic grains are 


be induced and, of course, the interaction of slip bands 


under such circumstances is not well understood at 


It seems quite likely that the twofold inter 
tields 


present 


action ot slip bands and the stress around 
dispersed ultra-fine particles generates strong barriers 


to slip propagation 
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LETTERS TO THE EDITOR 


Comments on Lozinsky and Simeonova’s paper 
on “Superhigh plasticity of commercial iron 
under cyclic fluctuations of temperature’’* 


Lozinsky and Simeonova, in studying the effect of 
cyclic temperature on the creep behavior of Armco 
iron, under constant load, noted the frequent appear- 
ance of two necks more or less equally displaced from 
the center of the specimen.” In addition to temper- 
ature cycling, the authors maintained a temperature 
gradient along the specimen where the maximum tem- 
perature at the center of the specimen was usually in 
the gamma region with the temperature falling off 
rapidly from the center. The gradient was responsible 
for the conditions leading to the formation of the two 
necks. This phenomenon of excessive straining in a 
region where the temperature was considerably below 
that of the maximum temperature was referred to as 
“superhigh plasticity”. 

The «< y allotropic transformation together with 
the simultaneous development of carbon-rich regions 
which produce zones of weakness were suggested as an 
explanation for necking at the lower temperature. 
We like to 
explanation based on the fact that alpha iron is 
) On this 


basis it might be anticipated that the regions away 


would propose a possible alternative 


inherently weaker than gamma iron. 


from the center might creep more rapidly because of 


the contribution from the ‘‘weaker” alpha 


phase at the lower temperatures. 


vreater 


It has been shown”? that if the creep-strain—time 
relation is known at a given stress at high temperatures 
the strain-time curve can be predicted for any other 
temperature or any variable temperature history by 


the use of a temperature-compensated time parameter, 


, where 0 exp (—Q/RT) dt under a variable tem- 


J 0 
perature history, or 4 
Here, ¢ 


R gas constant and 7’ 


texp (—Q/RT) at constant tem- 


perature. time, @ = activation energy for 


creep, absolute tem pera- 


ture. Graphically, this means that tests at various 


temperatures under a given creep stress will super- 
is plotted VS. f). 


impose when the creep strain e, 
Ifa material exhibits only steady state creep charac- 
teristics predictions based on the 4 concept are simpli- 
Multiplying and divid- 
exp 


fied. In this case, ¢ equals é- ¢. 
RT) one obtains 
MAY 


ing by exp ( 


ACTA METALLURGICA, VOL. 9, L961 510 


Thus, if the value of é exp (Q/ RT) is known for a given 
stress, the strain can be evaluated for any variable 
temperature history by determining 4 from a graphical 
(Q/RT) vs. time plot. 


In Lozinsky and Simeonova’s investigation, both 


integration of an exp 


the central and necked regions experienced creep in 
both the alpha and gamma phases, hence, in this more 


general case the total strain in any given region becomes 


éexp [éexp (1) 


The data of Lozinsky and Simeonova were analysed 
for the temperature cycling of from 800 to L000°C at 
the center of the specimen under a stress of 0.33 kg per 
mm?; this is the only temperature condition for which 
sufficient information was available. The temperature 
histories of cycling for the center and neck regions are 
shown in our Figs. 1 and 2 with a sketch of the speci- 


men shown in the latter figure. The distance of the 


TEMPERATURE 


GAMMA 


= 


temperature-compensated 
heated 
0.33 


Determination of 
region of a 


Pea. &. 
time, for the 
Armco 


kg/mm? over one temperature cycle. 


center gradient 


iron creep specimen under a stress of 


1961 
ONE CYCLE 
1000 
950 
3900 
| 
850r 
| Oy =|.96x SE 
80 =575 10SEC 
14 | 
13 
- 
9 
8 
= 
8 
x 
eC c 4 | 
| 
ALPHA~ | ALPHA- 
| 
( 
TIME, ECONI 


TO 


neck from the grip section (extrapolated to the start of 


the test) was estimated from their photograph in Fig. 


mm 


= 3.61x10°'4SEC 
=9 50x107"* SEC 


(Q in k cal /mole, Ti 


temperature-compensated 
Armco 


Fic. 2. Determination of 
time, 0, for the neck region of a gradient heated 
iron creep specimen under a stress of 0.33 kg 
evele. 


one tem pe rature 


With reference to a solution of ¢, in equation (1), é 
was obtained by extrapolations of creep data for pure 
0.33 kg/mm®* at 


10-*/see. The acti- 


iron reported by Feltham‘, to o 
910°C and found equal to 2.8 

vation energy for creep of alpha and gamma iron was 
Hence, the 
The creep rate 


assumed about equal at 75.0 keal/mole 
value of é, exp (Q/RT) = 2.0 « 107/see. 
of alpha iron has been shown to be about 200 times 
faster than gamma iron,“ exp (Q/RT) = 4.0 

109%/sec. The values of and were obtained 


graphically from Figs. 1 and 2 for the center and neck 


giving é, 


regions of the specimens, respectively, over one cycle 
(60 sec). 


The transformation temperature of was 


TABLE 


land 2 ata 


Figs. 


Predicted by 
parameter 
l-min cycle 


fora 
(99.99° 


Neck region 0.038°,, 


Central region 0.027% 


THE EDITOR 
estimated at 890°C™ where alpha and gamma exist in 
about equal amounts for a composition of 0.03 pet 
cent C. Choice of this temperature is not too critical 
for calculations were repeated for transition t mpera 
tures ranging between 850 and 910°C and resulted in 
the same trends as reported below 

The total strains per cycle and for the neck 
are 0.038 per cent and 0.027 
The 


strains per cycle obtained from Fig. 6 in the paper by 


and center, respectively 
per cent, giving a ratio of ¢ é 1.4 average 
Lozinsky and Simeonova are 0.40 per cent and 0.10 


from our calculations, that creep 


giving a ratio of 
We thus conclude 


should occur more rapidly in a region removed from 


per cent 


the center of the specimen resulting in a double neck 
under conditions of temperature-cycling indicated in 
l and 2 


are considerably below the actual ones obtained by 


Figs The predic ted strains per ¢ vcle, howevel 


Lozinsky and Simeonova Aside from errors arising 


from approximations made here, this discrepancy can 
be explained by the fact that strain may be induced by 


transformation per se under stress; this strain would 


add to the creep strain as strongly implied by Lozinsky 


and Simeonova™ and supported by other investi 


(8—10) 


Results obtained by de Jong and Rath 


the 


gators 


enau'®). in fact. indicate existence of a linear 
relationship between the plastic strain arising from one 
“hoth 


stress, ¢ Interpolation of de Jong and Rathenau’s 


ways’ transformation and the applied tensile 


data gives a strain of 0.75 per cent for “both ways 
transformation at o 0.33 kg/mm for iron containing 
0.008 per cent N,, which they claim to be due solely to 
the Thei lasted 


contrast to the 1l-min period reported above 


evele 60 min in 


The 
strain effect is 


transformations 


authors show data suggesting that the 
independent of transformation rate 
Strains predicted by our @ paramete! tour ther with 
those observed by Lozinsky and Simeonova and those 
predicted by de Jong and Rathenau respectively, are 
Table 1. The difference between the 
sets of values is more than corrected for by the trans 
the data in the last 


listed in first two 


formation effect alone as seen by 


column. The overcorrection may either be due to the 


Prediction of amount of straining during a temperature cycle of Armco iron ace 
0.33 kg/mm? and compared with experi 


ental data 


Actual behavior for 
a 


(Lozinsky 


min evel Rathenau for transfor 


and Simeonova alone for a 60-min « 


(Arm 


o iron 0.008 
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fact that the transformation effect is rate dependent 
a transformation rate difference of 60 times is being 
compared here) or that more creep per se took place 
during the period in which the strain due to transfor- 
mation was considered than taken into account by de 
Jong and Rathenau. Another possible explanation for 
the discrepancy might arise from the use of slightly 
different pure irons in the two cases discussed. 
Although a consideration of the difference in creep 
behavior of the alpha and gamma phases may predict 
the point of necking in a specimen subjected to a tem- 
perature gradient, the added effect of transformation 
must be considered under cyclic temperature condi- 
tions. The strain contribution by the transformation 
per se and the effect of variable test conditions on it is, 
as yet, little understood and much work is needed in 
this area. Perhaps the effect of carbon segregation, as 
suggested by Lozinsky and Simeonova, does play an 
important role. In fact, they reported that a double 
neck was not obtained in the cycling of a vacuum 
melted iron containing 0.006 per cent.“) Using a 
transformation temperature of 910°C and assuming the 
same temperature distribution as before it is easily 
however, that a 
this 


shown, double neck should again 


occur, but in case it will be somewhat closer 


toward the center. Perhaps, the role of carbon dis- 
tribution is an important contributing factor. We feel 


that more complete data should be obtained on the 


high purity iron to ascertain the relative importance of 


the different interpretations presented to explain this 
phenomenon of “‘superhigh plasticity”. 

O. D. SHERBY 
De partme nt of Materials Science 
Stanford University 
Stanford, California 

A. GOLDBERG 


De partment of Me tallurgy and Che mistry 
U.S. Naval Postgraduate School 
VWonterey, California 


References 
M. G. Lozinsky and I. 8. Stmeonova, Acta Met. 7, 709 
(1959), 
C. H. M. JENKINS and G, A. 
179 (1935). 
. Coupes, Trans. 
(1955). 
O. D. Suersy and J. L. Lyrron, Trans 
(Metall.) Engrs. 206, 928 (1956) 
O. D. SHersy and J. E. Dorn, Trans. 
Vetall.) Engrs 197, 324 (1953 
P. Fetruam, Proc. Phys. Soc., Lond. B66, 865 
Vetals Handbook p. 1182. American Society for 
Cleveland (1948). 
Vi. pt Jone and J. 
F. B. Fotey, Trans. 
845 (1950). 
A. SauveuR, Trans 
3 (1924). 


J. Tron St. Inst. 


{mer. Inst Vin. ( Vetall.) Enars. 


Inst. Min. 


loner. 


Inst. Vin. 


Loner. 


1953). 


Metals, 


W. RaTHENAU, Acta Met. 7, 46 (1959). 
Inst. Min. ( Metall.) Enars. 188, 


loner. 


Inst. Min. (Metall.) Engrs. 70, 


Received August 5, 1960; revised November 30, 1960. 


VOL. 9, 1961 


The influence of grain size on the energy 
stored in deformed copper 


In a recent publication” it was shown that the 
energy stored in commercial copper of 99.98 per cent 
nominal purity increased with decrease of grain size, 
and that the energy was evolved at a lower tempera- 
ture and over a narrower range of temperature in 
Results 


obtained which show that similar behaviour is observed 


fine-grained specimens. have now been 
in copper of 99.999 per cent purity, and which are 
consistent with the suggestion” that segregation of 
impurities was a factor in determining the recrystal- 
lisation behaviour of the 99.98 per cent copper. 

An ingot of 99.999 per cent Cut approximately 8 in. 
long and 1} in. in diameter was hot forged in order to 
break up the cast structure, and then annealed in 
vacuo for } hr at 250°C. The grain size resulting from 
this treatment was 0.350 mm. The grain size of one 
half of the ingot was then refined by two successive 
deformations in cubic compression of 20 per cent, each 
followed by an anneal in vacuo of } hr at 300°C. The 
second half of the ingot was annealed with the first 
specimen so that specimens of each grain size had 
identical thermal treatments. The resulting grain 
sizes were 0.150 mm and 0.700 mm. 

Both specimens were then deformed approximately 
30 per cent in compression and the energy stored 
measured by the technique described previously.” 
Typical power difference, or AP, curves are shown in 
Fig. 1 together with the hardness values obtained on 
specimens annealed to the temperatures indicated. 
Metallographic examination confirmed that the evolu- 
tions of energy corresponding to the peaks in the AP 
curves were associated with recrystallisation. 

Only two stored energy measurements were made for 
each grain size, because of the limited amount of 
material available, and as shown in Fig. 1 these agreed 
to within -+-5 per cent for each grain size as compared 
with the average difference between fine and coarse- 
grained specimens of approximately 30 per cent. 
This difference in stored energy can be attributed™ to 
the more marked influence of grain boundaries in finer 
grained material causing more complex deformation 
over a larger volume of the specimen. The difference 
in the rate of energy release is even more marked for 
copper of this purity than for the 99-98 per cent copper 
and may be due to the fact that the grain size of the 
coarse-grained specimen in this work is considerably 
creater than that of the coarse-grained specimen used 
previously. 


S. Smart of the American Smelting 


+ Kindly supplied by J. 
and Refining Company. 
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Fic. 1. Curves of power difference AP, as a function o 
temperature for fine-grained (0.150 mm) and coarse 
grained (0.700 mm) specimens of 99.999 per cent copper 
heated at 6°C/min after 30 per cent strain in compres 
sion together with Vickers hardness values (V.H.N.) for 
specimens heated to the temperatures indicated Phe 
recrystallisation temperatures for both fine and coarse 
grained specimens are indicated on the figure 


The influence of purity on the rate of release of | specimens" the recrystallisation temperatures would 
energy can be seen by comparing the sharpness of the — be the same. 
AP curves for the grain size of 0.150 mm used here and 


in the previous work. As would be expected, the 


M. H. Lorerro 
A. J. 


increase in purity has resulted in a more rapid release J); ,.;.;on of Tribophysics, C.S.1.R.O 
of energy. The difference in recrystallisation tempera- University of Melbourne, Australia 


ture (defined as the centre of gravity of the AP curve) 
is smaller for this purity copper for a corresponding 

F 1. L. M. M. E. HARGREAVES and M 
difference in stored energy than was observed pre- erro, Acta Met. 6, 725 (1958 
M. CLAREBROUGH KE. HARGREA\ 
W. West, Proc. Roy. So \215, 507 
segregation of impurities may have been an important aa oRD 


viously. This is consistent with the suggestion”? that 


factor in determining the recrystallisation behaviour 
of the 99.98 per cent Cu. In fact the present results 
show that with copper of sufficiently high purity, 
recrystallisation starts at approximately the same 
temperature for both fine and coarse-grained material, Cubic slip in aluminium alloy crystals* 
but the rate of recry stallisation is very much faster in Face-centred cubic metals show a marked pre ference 
for slip along the close packed directions [110] of the 
closest packed planes {111}. As Chalmersand Martius" 


have indicated, this system has the lowest ratio of the 


fine-grained specimens This suggests that at suffi- 


ciently high strains where the stored energy would be 


expected to be the same for fine and coarse-grained 


13 
25 | VHN fine grair 
VHN coarse grair 
= 
: 
J \ i 
\ > 
961 Average 
mad 
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Crystal deformed at 293°K. 
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Cubic slip (heavy 


horizontal markings), and two sets of octahedral slip 


lines, 


Burgers vector to the interplanar spacing making it 
the 


time to time, slip on other systems has been reported, 


energetically most favourable. However, from 
for example, cubie slip has been observed on aluminium 
at elevated temperatures.?-* Dorn, on the other 
hand, after examination of aluminium crystals of [O01 | 
orientation, tested in simple shear under creep con- 
ditions in the range 260—780° K, concluded that cubic 
slip was absent and that the previous evidence was 
based on slip 


questionable observations of wavy 


hands. Energetically it would be expected that a 
dislocation on an (O01) plane would dissociate into 
partial dislocations on (111) planes. 

In the present work, aluminium—5.3 per cent copper 
single crystals grown by the strain anneal method were 
aged for 16 hr at 165°C, then were tested in tension at 
77, 293 and 373°K. While the majority of orientations 
slipped on the normal octahedral system, those to- 
wards the [111] corner showed cubic slip (Fig. 1), 
particularly in the regions where fracture finally took 


place. The occurrence was markedly dependent on 


temperature. At 77°K only those crystals very closely 


oriented to the [111] pole showed cubic slip, but as the 
temperature was raised to 373°C the range of orienta- 
tions which behaved in this way increased (Fig. 2). 
While the cubic slip bands were by no means free from 
waviness, electron microscopic examination did not 
resolve the slip into alternate slip on two or more 
octahedral planes. When the fracture finally occurred 
in crystals of these orientations, it followed an (001) 
path parallel to the previously observed cubic slip. 


The crystallographic characteristics of the fracture 


SOO 


face are illustrated in Fig. 3, taken from a carbon 
replica of the fracture, in which the disposition of the 
coherent precipitate which forms on (001) planes shows 
the fracture surface to be along a cubic plane. 
Crystals oriented near [111] always showed much 
more pronounced work hardening, greater even than 
that of crystals near [001]. This follows the pattern 
found for the pure metal'® which has been explained 
by the ease with which Lomer—Cottrell locking occurs 
between the (111) [101] and (111) (110) systems to 
form sessile dislocations in the [011] direction. 
Sessile dislocations can also be formed in the [101] 
direction by the systems (111) [O11] and (111) [110]. 


So the primary, conjugate and cross slip planes are 


Fia. 2. 


Effect of temperature on the occurrence ot 
cubic slip. 77 


Zone 1: 77°K; Zone 2: 293°K; Zone 3: 
393°K. 
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fracture face showing 
7500 


Fic. 3. 


Replica from a (100) 
coherent precipitation in alloy. 


all able to form sessile dislocations resulting in a 


situation which is favourable for the operation of 
another slip system which will not form sessile dis- 


locations. Friedel'®) has suggested that in a metal of 


high stacking fault energy, recombination of locked 
dislocations on octahedral planes could result in (100) 
[110] slip. The present experiments show that not only 
is such slip easier as the temperature is raised, but also 
that it is most likely to occur in regions of substantial 


prior octahedral slip, e.g. in the vicinity of the fracture. 
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Contribution a l'étude de l’oxydation de 
uranium dans l’anhydride carbonique aux 
températures élevées* 

La réaction de uranium avec l’anhydride carboni- 
que a déja fait lobjet de plusieurs recherches parmi 
lesquelles il faudrait citer celles du National Physical 
Huddle, Sylvester, 


Laboratory”, de Champeix 


THE 


EDITOR 


et Darras", Antill et ses collaborateurs.‘® 


tenu des divergences entre les résultats obtenus par 


Compte 


ces différents auteurs et surtout du fait qu ils avaient 
mis en oeuvre de l’anhydride carbonique technique 
contenant en particulier environ 600 p.p.m 
(4,5) 


d’oxy- 


gene, nous avons jugé désirable, de reprendre 


ensemble de la question dans l’intervalle L0O—700°C 


Nous avons mis en oeuvre un uranium de pureté 


nucléaire (U 9 94 pour-cent avec pour principales 


impuretés; Al, 120 p.p.m. et C, 130 p.p.m.) sous 


forme de plaquettes de 1mm d’épaisseur et de 


quelques em* de surface. Leur préparation com 


prenait un polissage mécanique jusqu’au papier émeri 
4/0, parachevé éventuellement par un polissage a la 
poudre de diamant et un lavage soigné au toluéne 
Pour préciser linfluence des impuretés du gaz sur les 
cinétiques de loxydation, les échantillons d’uranium 
ont été soumis, dans trois séries successives d’expéri 
ences, a l’action d’anhydride carbonique ‘technique’, 


‘spécial”’ et “tres pur’, cette dernier qualité con 


tenant seulement environ 5p.p.m. doxygeéne et 


5 p.p.m. de vapeur d’eau. L’oxydation des échantil 
lons était effectuée dans une thermobalance électro 
nique Ugine—Eyraud a enregistrement continu, sensible 
lO de mg. On prenait la précaution de 


au | pré- 


échantillons vide 


préalablement es SOUS 
10-4 mm Hg) 


lexpérience, apres quol lanhydride carbonique etait 


chauffer 


poussé jusqua la température de 


introduit dans le tube laboratoire, sous un débit de 
300 cm?/mn 

Quelle que soit la purete de lanhydride carbonique 
utilisé les courbes isothermes d’augmentation de poids 
de l’échantillon, en fonction de la durée d’oxydation, 


sont sensiblement linéaires ou constitués par une 


succession de segments de droite. Cependant, pour 
une méme température la pente moyenne de la courbe 
l'anhydride 


Cela 


diminue fortement quand on passe de 


carbonique “technique” a celui “tres pu 
montre linfluence primordiale des traces d’oxygéne 
et de 


uranium 


vapeur d’eau sur la vitesse d’oxydation de 


dans ce gaz. et rend indispensable sa 


purification tres efficace si on veut déterminer la 


cinétique véritable du phénomeéne. Le diagramme 
la Fig. 


types dans le cas de 


| montre lallure de courbes gravimétriques 
anhydride carbonique “‘trés 
pur’. Les augmentations de poids correspondantes, 
sont nettement plus faibles que toutes celles publiées 
jusqu'a ce jour, ce qu il faut trés vraisemblablement 
attribuer & une pureté plus grande de l’anhydride 
carbonique et de luranium mis en oeuvre 

courbes 


On constate qu au-dessus de 500°C. les 


d’oxydation sont constituées par une succession de 


droite, 


plusieurs segments de dont les pentes sont 


W 
— 
l 
3 
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mg/cm 


de poids, Am, 


An 


Augmentat 


4 


Temps, 


50° 


heures 


Oxydation de Puranium dans lanhydride 


carbonique 


dautant plus prononcées quils sont plus éloignés de 
Ceci conduit a penser, conformément aux 
de de 


Jepson™, que la pellicule se fissure a mesure qu'elle 


lorigine. 


conceptions Loriers!® et surtout Gregg et 


croit, a Vexception d’un film mince et compact 


adhérent au métal et dont 'épaisseur (qui corre- 


0 
spond dun état stationnaire ott les vitesses de croissance 
et de fissuration du film sont égales) subit de temps a 
autre une diminution discontinue 

Dans le cas du gaz carbonique “‘trés pur” et dans la 
période linéaire initiale de la courbe d’oxydation, le 
processus d’oxydation peut étre caractérisé, dans 
Vintervalle 450-700°C, par une énergie d’activation 


(Fig 


2? 300 cal/mole 


trouvée égale A 34 400 cal/mole 2) et tres voisine 


de la 


Auskern et Belle caractérise la diffusion de loxygéne 


valeur 29 700 qui, d’apres 


dans le bioxyde d’uranium. 
La 


d’oxydation dans le gaz carbonique “‘trés pur”, 


pellicule, quelles que soient les conditions 


était 
constituée de bioxyde d’uranium bien cristallisé et 


sensiblement stoechiométrique, contenant quelques 


pour cent en poids de carbure UC 
Quant a la morphologie des pellicules obtenues dans 
les 


anhydride carbonique “spécial” ou “trés pur’, 


points suivants ont étre dégagés. Lorsque la 


de la 


loxydation de uranium conduit a la formation d’un 


pu 


croissance pellicule est suffisamment lente, 


film d’oxyde tres mince et continu, sur lequel on 


observe de place en place, un “‘germe” d’oxyde, de 


tres pul 


Huddle (z | 


Sylvester (3 
Antill ef af (5) 


| 
| 
@ Présente recherche 


Fig. 2. Influence de la sur la vite 
doxydationk, 


tres put 


temperature 
de Vuranium dans! anhydride carbonique 
(représentation d’ Arrhenius 


forme grossi¢rement circulaire et d’épaisseur nette- 


» 


ment plus grande que celle du film superficiel (Fig. 3). 


Cela met en évidence la généralité du phénomene 
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Surfaces de quatre 
avant comme dimensions initial 


oxyvdes dans lLanhvdride « irb 


- | 


nique 
es conditions suivantes 


| ¢ ] 
Fic. 3. Surface duranium oxvdé dans Vanhvadride 8) 


‘ » 
carbonique special” a 300 ¢ pendant 15 h 600 Seul l’échantillon (1 


nales, les autres s 


Surfaces fissurées de 


deux échantillons d’uranium oxydés a 600° pendant 15 h dans 


Panhydride carbonique “‘trés pur 3 


= = . 
= 

- 

= ba 

es 11 x 15 x 1 
FOO ¢ 3h 
a nserve§ le dimension 
~4 
A/ ot 
A 
j 


MET 


découvert par Bénard et Bardolle’ dans des con- 


ditions opératoires trés différentes. Les “‘germes”” se 
forment préférentiellement sur les rayures de polissage, 
les bords de l’échantillon et certaines inclusions qui 
sont probablement des carbures. A mesure que la 
température d’oxydation s’éléve a partir des valeurs 
indiquées, les germes deviennent de plus en plus 
véritables 


volumineux et se transforment en de 


pustules. Au voisinage des pustules, le métal subit 
une déformation plastique importante qui s'accom- 
pagne de la fissuration du film mince continu. 

Aux températures d’oxydation supérieures a 500°C, 
les pustules rétrogradent fortement, mais 11 apparait 
Celui-ci 


une déformation générale de léchantillon. 


prend souvent une courbure accentuée; de plus, il 
sagrandit considérablement tant en longueur qu’en 
largeur (Fig. 4). Par exemple, aprés une oxydation a 
la surface 
Cet 


650°C, pendant 15h, lagrandissement de 
de la 
agrandissement du support métallique qui se produit 


effet de 


compression importantes dans le film mince compact 


plaquette est d’environ 20 pour-cent 


vraisemblablement sous contraintes de 
et adhérent d’oxyde dont nous avons di par ailleurs 
admettre existence, entraine une fissuration specta- 
culaire de la pellicule, décelable méme a Voeil nu 
Fig. 5) 

Nous tenons a remercier MM. Frisby et 
du laboratoire de diffraction du service de Chimie des 
Solides du Centre d’ Etudes Nucléaires de Saclay pour 
le concours qu ils nous ont apporté dans la détermina- 
tion par rayons X de la nature des phases présentes 
dans les pellicules formées, ainsi que de leurs textures 
d’orientation 

J. PaipAss! 
Service de Chimie des Solides M. L. Potntupb 
(‘entre Etude s Nucléaires de R 


Saclay ( France ) 


CAILLAT 
R. DarRRAS 
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Fine particle effect in dispersion-strengthening* 


Meiklejohn and Skoda investigating alloys con- 


sisting of very fine spherical particles of iron dispersed 


ALLURGICA, 


Portnoft 
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ina 
effect 


theories’? 


mercury matrix have shown a strengthening 


which appears incompatible with current 
for the yield strength of dispersion- 
strengthened alloys. In particular, for a series of 
these alloys which contain particles whose diameters 
range from 50 A to 770 A they found that the offset 


vield stress, o,,, followed the relation 


{(d) 


(1) 


where {(d) is a function of the particle diameter d 
which the authors later show to be a linear function 
which can be written a-d, with a being a constant 
\ is the center to center spacing of the dispersed 
particles and o, is a constant equal to the stress 


d) is 


0 
intercept of the above equation when 1/(A 


equal to zero. Since it can be shown that 
0.82 f-1/3 (2) 


where fis the volume fraction of the dispersed phase, 
the authors rewrote equation (1) in the form 
af! 3 
(la) 
(O.S8S2 

According to this relationship, the yield strength 
is only a function of the volume fraction of the second 
phase and bears no relationship to the interparticle 
spacing or mean free path. It is this lack of depend- 
ence of their yield strength data on particle mor- 
phology which makes these data appear to be incom- 
patible with any of the various theories proposed for 
dispersion strengthening. That this apparent anomaly 
may be resolved is shown as follows. 

Recently, Ansell and Lenel proposed a dislocation 
model for dispersion-strengthening. In this model the 
criterion for yielding was that yielding occurs when the 
shear stress due to dislocations piled-up against or 
around the dispersed-phase particles fractures or 
plastically deforms the particles. This yield stress Is 
closely associated with the proportional limit of the 
alloy, and is some constant stress lower than the 
offset vield stress for a given alloy series. On the basis 
of this model two mathematical calculations of the 
vield strength may be made. The first, as presented in 
their paper calculated the shear stress on the dis- 
persed-phase particles assuming that the radius of 
curvature of the dispersed particles is large enough 
that the piled-up array of dislocations against or about 
the particles may be considered straight. The second 
calculation applies when the radius of curvature of the 
dispersed particles is so small, that the array of dis- 
For 


locations can no longer be considered straight. 


18 ACTA 
Vol.9 
1961 


s TO 


this case they proposed that the shear stress on the 
particles be calculated using the stress treatment of 
Fisher et al.). 


alloys are so small that this second type of calculation 


The particles in the iron—mercury 


is required. 
For dispersion-strengthened alloys containing very 
small 


particles the shear stress on the dispersed 


particles due to an array of curved dislocations is 


2n ub 


d 


(3) 


where » is the number of dislocations in the array, 4 is 
the shear modulus of the metal matrix, and b is the 
Burgers vector of the dislocations. It has been shown 
previously that the number of dislocations in the 
piled-up array, 

2(A d)a 


ub 


1) 


where o is the applied stress. Yielding occurs when + 
is equal to the fracture stress, F, of the dispersed 


particles 


where u* is the shear modulus of the dispersed phase 
and C' is a constant equal to approximately 30 
Combining equations (3) and (4) and equating them 
to equation (5) the yield strength of a dispersion- 
strengthened alloy containing a dispersion of very fine 


particles is 


(6) 


As equation (1) was rewritten in form of equation (la) 


so equation (6) may be rewritten in the form 
3) 


(0.32 


Since for a given series of alloys 


(S 
Og ) 


equations (6) and (7) are then in agreement with the 
data obtained by Meiklejohn and Skoda; the constant 
a in equation (3) is u*/4C. Their observed value for a 
is of the same order of magnitude as u*/4C 

The yielding theory proposed by Ansell and Lenel is 
The 


apparent lack of dependence of the yield strength on 


shown here to account for this group of data 


mean free path is due to the increase of stress on the 
dispersed phase particle as its radius of curvature 
decreases. 

In equation (2), it has been shown that the mean 
free path between dispersed particles is linearly pro- 


portional to the particle diameter, for a constant 


THE EDITOR 


volume fraction of dispersed phase Thus as the 


spacing is changed the stress on the dispersed 


particles changes correspondingly and any direct 


effect of the spacing is eliminated. This gives rise to 
this unique volume fraction dependence 

This fine particle effect will hold for particles whose 


diameter is in the range 


When the dispe rsed phase particles are not sphe rical, 
one has judiciously to calculate the particle size and 
shape which delineates the boundary between the use 
of the 
computation 

This 
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straight or curved dislocation array stress 
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Rensselaer’s Interdiscip 


is Contribution 


G. S. ANSELI 


Department ol Metallurgical Engineering 
Polytechni Tnstitute 
Troy, Ne uw Y ork 


Re line } 


References 
1. W. H 
1959 


» 


VMEIKLEJOHS 


2 GENSAMER, | S. and J. R 
Low, Tran 30, (1942 

3. E. Orowan, Dislocation n etals Amer. Inst. Mi 

Metall Enegrs.. ( 

G. S. ANSELL and .EN et et. 8, 

C. Fisuer, W and R ta M 


1953 


1, 336 


612 


a Received No 


The solubility of Ni, Cr, Fe, Ti and Mo in 


liquid lithium* 


In a recent papel ; 1 correlation was presented 
between the temperature coefficients of solubility in 
the atomic 
radius of the 


the 


dilute binary metallic systems and SIZE 


which was defined as the atomic 


the 


factol 


solvent atom divided by atomic radius of 


solute atom. In that paper it was recommended that 


made ot low 


investigation be systems of 


further 
solubility where, the authors predicted the size effect 
would control the equilibrium solubility. Solutions of 


Ni, Cr, Fe 


excellent 


Ti and Mo in liquid lithium appeared to be 
test for the 


solubility ot these metals Was expected to be ve ry low 


an this correlation because 


and therefore approaching ideality and all five systems 
could be analysed chemically through well established 
the atom ratios™? of lithium and 


pre wedures. Further 


the transition metals lie on a portion of the size factor 


LETTER 19 
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curve that is quite sensitive to changes in solute 
radius 

The solubilities of Ni, Cr, 
lithium as a function of temperature were determined 
between 1200°F and L700°F 


Fe, Ti and Mo in liquid 


In general, the experi- 


mental method consisted of saturating the lithium 


with the metal from a test cup for a period of 24 hr at 
the desired temperature and removing a half gram 
Preliminary tests showed that 
Data 


sample for analysis. 
equilibrium was attained in approximately 6 hr 
obtained during increasing and decreasing tempera- 
ture tests were in excellent agreement. Standard 
colorimetric procedures were used to determine the 
used to 


solute content and flame photometry was 


obtain the weight of the lithium sample. In the case 
of iron, the data were supplemented by radio tracer 


techniques 


solubility, 

with the 

temperature Nitrogen 
a0 100 p p.m. 


Variation of the expressed as the 


solute. 


atomic pel 
the absolute 


cent reciprocal of 


contamination 


Molybdenum 

Titanium 
V Titanium results re ported 
10 p-p.m 


Nickel 
Chromium 
[ron 

as being 


The results of this investigation are shown in Fig. | 


asa plot of the solubility ; expressed as the atomic per 


cent of the solute, versus the reciprocal of the absolute 
With the exception of nickel the solu- 
Straight 


theoretical slope obtained from the correlations with 


temperature. 


tions are extremely dilute. 
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the atomic size factor™ have been drawn through the 
experimental points and represent the data extremely 
well. 

In addition to the effect that relative atomic size 
has on the temperature coefficient of solubility, the 
data show that the magnitude of the solubility also 
Nickel, chro- 


mium and iron, having much smaller atomic diameters 


increases with the atomic size factor 


than molybdenum and titanium, have conversely 


solubilities in lithium. It may be 


that 


much greater 


concluded, therefore. atomic size effects are 


extremely important in dilute liquid metal solutions 


H. W. LEAVENWORTH 


R. E. CLEARY 


Pratt and Whitney Aircraft-CANEL 
Middletown. 


Connecticut 


References 


1. S. W. Srrauss, J. L. Wurre and B. F. Brown, la Met 
6, 604 (1958). 
2. L. Pautine, J. Amer 


‘Soc. A196, 343 (1949) 


Chem 1947): Proc. Roy 


Soc. 69, 542 | 


Energy Commission 
196] 


* Work performed under U.S. Atomic 
AT (11-1) Received January 


Contract 229 


Striation réversible des surfaces métalliques 
dans les atmosphéres faiblement sulfurantes* 


La striation réversible des métaux et des alliages 
aux températures élevées dans les atmosphéres trés 
faiblement oxydantes a fait, depuis quelques années, 
objet de diverses recherches dans notre laboratoire: 
les principaux résultats sen trouvent résumés dans 
Rappelons que ces 
Bénard™ a attri- 


trois publications récentes.“ 
travaux avaient conduit Moreau et 
buer lorigine de ce phénoméene a un abaissement 
préférentiel de énergie superficielle de certaines faces 
cristallines, consécutif & adsorption chimique sélec- 
tive de loxygeéne. 

La question se posait de savoir si un effet analogue 
pourrait étre observé comme conséquence de l’adsorp- 
tion chimique d’autres éléments, le soufre par exemple 
Des essais ont été tentés en premier lieu sur largent 
dont on sait qu’il donne lieu en présence d’oxygeéne a 
des phénoménes de striation trés 
Une surface d’argent polycristallin soumise pendant 
24h a 900°C a une atmosphére d’hydrogéne contenant 
une faible 
(pH,S pH, 1.8: 
laire quelle que soit lorientation des cristaux consti- 
tutifs 
mémes conditions a une atmosphére dans laquelle le 


concentration de sulfure d’hydrogeéne 


10-8) reste parfaitement spécu- 


Un échantillon identique soumis dans les 


520) ACTA ME 
vv 
4 
82 086 090 094 O98 102 106 
+ x 10° (K"') 


Fic, Argent strié a 900 ( 


fait au contraire appa- 


rapport pH,S/pH, 


raitre une striation caractéristique sur certains 


cristaux (Fig. 1). Celle-ci disparait lorsque la surface 
est remise 4 la méme température en présence de 


Le 


méme résultat est obtenu en présence d’hydrogéne 


latmosphére initiale pendant une durée suffisante 


pur. 

On est done conduit a admettre qu il existe une 
pression partielle particuliére du sulfure d’hydrogeéne 
pour laquelle la surface passe d'une maniére quasi 
l’état l'état Par 


analogie avec lVidée qui avait été avancée a propos de 


réversible de spéculaire a strié 


loxydation, on peut penser que sous cette pression 


partielle certaines faces cristallines sont presque 


entiérement privées d’atomes de soufre adsorbés 


tandis que d’autres sont encore recouvertes. Ceci 
suppose bienentendu qu il existe a cette température un 
décalage appréciable dans échelle des concentrations 
entre les isothermes d’adsorption chimique réversible 
du soufre suivant orientation cristalline. Nous nous 
employons actuellement™ a préciser ce dernier point 
par des mesures faites avec du soufre radioactif 2°S 
Des traitements analogues ont été réalisés sur du fet 
et sur du nickel avec des résultats similaires. Les 
valeurs des concentrations critiques pH,S/pH, au des- 
sus desquelles apparaissent les striations sont, bien 
entendu, différentes d'un métal a lautre. Dans tous 
les cas ces valeurs sont trés inférieures a celles qui 
correspondent aux équilibres de dissociation des 
sulfures correspondants, a la température adoptée. 


En 


caractére général du phénomeéne de striation 


démontrent le 


Ell 


conclusion, ces expériences 
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pH,S/pH 


confirment Vinfluence de la composition de latmos 
phere sur sa réversibilité et semblent par conséquent 
justiciables de Vexplication qui en a été proposée pat 
Moreau et Bénard 

J. On 


Broury 


DAR 


ENSCP 
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Paris 
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Minérak 
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Discussion of “Irradiation hardening in 
copper and nickel’’* 
Makin and Minter" have recently published exten 
irradiation on the yield 
Th 


vTain 


sive data on the effects of 


stress of polycrystalline copper and nickel 


authors analysed their results in terms of the 
size relation.“ 


where d is half the grain diameter. The values of o 
and 
the lower yield stresses of a number of specimens 


The 


have generally been determined by measuring 


covering a wide range of grain sizes authors 


LETTERS 70 21 
‘ 
4 
« 
01. 9 
| / 241, 1571 
3 
Paris 248, 1658 


ACTA METALLURGICA, 


however, have calculated the value of o, and therefore 
K,, using specimens of one grain size only. The value 
of a, was obtained by extrapolating to zero strain, the 
initial linear portion of the stress-strain curve, which 


was found to follow the lower \ ield point strain. 


Implicit in this technique is the assumption that strain 


hardening during the Liiders extension is identical to 


that occurring during subsequent homogeneous 
deformation. The purpose of this note is to show that, 
at least in the case of copper, the values of o, and 
therefore A, derived by this method are not compar- 
able to those obtained by determining o,yp as a 
function of grain size. Possible causes for the differ- 
ences in the derived values of o, and kK, are suggested. 

As it is difficult to equate irradiation dosages direct- 
ly, a comparison has been made between specimens 
of the same grain size irradiated to give the same 
lower vield point stress. Adams and Higgins® have 
investigated the dependence of the yield stress of 
irradiated copper on grain size and from Fig. 2, Ref. 3, 
it may be deduced that three weeks of irradiation will 
give copper of the grain size used by Makin and Minter 
10 a 14.6 kg/mm? 
103 Ib/in?) at 20°C. 9 of Ref. 1, it 
be seen that the equivalent dosage in the work 
3 


\ ield stress of 


(20.8 From Fig. 
can 
is 91/3 3 10® (neutrons/em?)!/? and 
Makin Minter 14.1 


kg/mm*. It is then seen that for copper of comparable 


under review 


for this dosage and give o, 


purity subjected to irradiation giving equal lower 
yield stresses, Adams and Higgins find that o, and K, 
are 6.6 kg/mm? and 0.20 kg/mm? cm!? whereas Makin 
and Minter find that o, and kK, 


0.014 kg/mm? em!*, respectively. 


are 14.1 kg/mm* and 
The disparity be- 
tween the values of o, 
magnitude difference between the A,-values is con- 
sidered to preclude an explanation in terms of differ- 
ences in purity or irradiation treatment. Instead, it is 
suggested that the value of a; in equation (1) cannot be 
determined in the suggested by Makin and 
Minter. 


Equation (1) is derived by equating the concen- 


way 


trated stress arising in the \ ielded region to the stress 
necessary to propagate yielding ahead of the Liiders 
front. The only dislocation motion implied in the 
derivation of equation (1) is that necessary to give the 
stress concentration required to unlock further dis- 
location sources; the analysis is based on the assump- 
tion that the only strain hardening which occurs 
during the lower yield point extension is due to the 
back stress originating at the grain boundaries. It 
should also be noted that during the lower yield point 
extension, deformation is confined to a narrow region 


whereas subsequent deformation is homogeneous, and 


and even more so the order of 
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clearly a significant change in effective strain rate 
must occur at the end of the lower yield point. The 
extrapolation of the stress-strain curve in the manner 
proposed by the authors is therefore considered to be 
unjustified. Further direct evidence that the value of 
a, determined by extrapolation differs considerably 
from that obtained by determining o, y) as a function 
of grain size may be obtained from Ref. 3: Extra- 
polation of the stress-strain curve in Fig. 1(b) would 
give 11 kg/mm* whereas the plot of against 
d~-'/? in Fig. 2 gives o 6.6 kg/mm*. 
Departine nt of Metallurgy J. D. MEAKIN 
King’s Colle ge, Unive rsily of Durham 

Newcastle -Upon- Tyne 
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Zur thermischen Modellierung von Kupfer- 
und Silberkristallen 
Zeit 


Oberflichen-Modellierungen 


In der letzten untersuchten verschiedene 
Autoren Metallein- 


kristallen, die beim Tempern in einer sauerstoffthalti- 


auf 


gen Atmosphire entstehen; diese Erscheinung war 


zuerst von Elam" beschrieben worden. Eine inter- 
ferometrische Vermessung der Stufenprofile an Silber- 
kristallen durch Moore“? lasst die Deutung zu, dass die 
treibende Kraft des Modellierungsvorgangs eine mit 
der Orientierung der Oberfliiche sich andernde spezi- 
Vor 


Hondros und Moore) jedoch, dass die Modellierung 


fische Oberflaichenenergie ist. kurzem zeigten 


nur dann auftritt, wenn Material von der Oberflaiche 
verdampft, wenn also der Kristall fern vom thermo- 
dynamischen Gleichgewicht ist. Bei diesen Versuchen, 
mit Kupferkristallen von 


auch bei ahnlichen 


Moreau und Bénard), Gjostein®) und Young und 


wie 


Gwathmey wurden die Oberflachen-Modellierungen 
nach der Temperung bei Zimmertemperatur unter- 
sucht; die Autoren nehmen an, dass sich die Model- 
lierung wahrend der langen Temperzeit ausbildet. 
Chalmers und Mitarbeiter hatten an Silberkristallen 
das Entstehen der Modellierung bei hoher Temperatur 
im Lichtmikroskop verfolgt. Im Widerspruch dazu 
hatte Menzel an Kupferkristallen beobachtet, dass 
die charakteristische Modellierung sich erst beim 
Abkiihlen bildet. 

Die ilteren Untersuchungen 
Hilfe 
fortgefiihrt; kugelf6rmige Kupfereinkristalle, die mit 
Oberfliche im 


entstanden waren," wurden bei etwa 950°C in 5° 


Menzel wurden 


Hochtemperaturmikroskops 


von 


jetzt mit eines 
Hochvakuum 
10-5 


glatter, unberiihrter 
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960°C 100 


700°C 


Entstehung von Stufen auf einem kugelf6rmigen 


68min 


Abs. |. 


des Abkiihlens; das Kupfer enthalt 


Torr Luft getempert. Sie zeigen nach etwa 30 rin nu 
kurze Stufen in unmittelbarer Nahe der {111!'- und 
1100!-Pole (Abb. 
die Kristalle bei mikroskopischer Beobachtung mit 


wegen ihrer Kugelform erscheinen 


einer Apertur von 0,25 zum Teil im Hellfeld und zum 
Teil im Dunkelfeld). 

Abkiithlen (—dT7'/dt = 
850 und 700°C 


Beim anschliessenden langsamen 
10°C/min) entstehen dann zwis 
Nihe. 


immer grosserer Entfernung von den /111!- und {100!- 


chen zuerst in der dann in 
Polen lange, gut ausgebildete Stufen, die wegen der 
Kugelgestalt der Kristalle Kreise um die beiden Pole 
bilden (Abb. 1). 
Autoren'*:® beobachtet hatten, werden die Stufen von 
bzw. {100}-Flachen gebildet: 


einer Kreisstufe ist gekriimmt und hoch indiziert; im 


Wie es schon Menzel@® und andere 
die andere Flache 


Interferenzmikroskop zeigte sich, dass die Neigung 
dieser Flache gegen die niedrig indizierte Flaiche der 
Stufe nicht konstant ist. Von Elam und Gjostein™? 
wurden anstatt der {111!-Flachen {110!-Flaichen be- 
obachtet, die nach Young und Gwathmey"® auf den 


Einfluss von anderen Elementen, etwa von Schwefel, 
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26min 


20°C 


wahrend 


111min 


Kupfereinkristall 


10 Gewichtsprozente Sauerstoff 


zurickzufiihren sind. Die Ausdehnung des modelliet 
ten Oberflichengebiets erstreckt sich bis in eine Ent 


111! 


Diese Erscheinung tritt auch dann auf, wenn ein 


fernung von +35 und vom !100! 


Pole 


Verdampfen des Kupfers aihnlich wie bei Hondros und 


vom 


Moore“) verhindert wird 
Da die Sauerstoffloslichkeit in Kupfer mit fallender 
entsteht die Oberflichen-Model 


Ubersattigung des 


Temperatur  sinkt 
diesem Fall bei 


Sauerstoft 


lierung in einer 


Kupfers mit Diese Stufen k6énnten 


demnach in Zusammenhang stehen mit eine 
koharenten Vor-Ausscheidung von Sauerstoff aus dem 
iibersattigten Mischkristall Bildung 
Preston-Zonen in Al-Cu-Legierungen 


Dafii spricht auch, dass Oberflachenausscheidungen 


iihnlich wie die 


von Guinier 


von Cu,O, die bei schnellerem Abkiihlen eines sauet 


stoffhaltigen Kupferkristalls entstehen, stets mit 


und dass sich 


um die 


einem Hof solcher Stufen umgeben sind 
die Oberflache (bis auf 
und {100!-Pole) innerhalb von 20 min wieder glittet," 


d.h 


kleine Gebiete 


wenn man den Kristall wieder auf 950°C erhitzt 
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in einen Zustand bringt. wo der Mischkristall stabil ist. 
(11) Bildung 


kopisch sichtbarer Stufen beim Kristallwachstum und 


Frank diskutiert die hoher, mikros- 
abbau unter Einfluss auf der Oberflache adsorbierter 
wandernde atomare Stufen k6n- 
hohe Stufen 


iihnlicher Mechanismus kénnte auch im vorliegenden 


F’remdgasschichten: 


nen durch Aufhaufung bilden. Ein 


Fall wirksam sein: atomare Stufen wandern in dem 
von der Vor-Ausscheidung erzeugten Spannungsfeld 
und hiufen sich vor Hindernissen auf. 

Buhl“ fiihrte das gleiche Experiment an Silberkri- 
stallen (hergestellt nach dem Bridgman-Verfahren) aus. 
Hier entstanden bei mehr als 10-stiindigem Tempern 
(930°C) in | atm Sauerstoff/111!- und {100!-Stufen in 
Ubereinstimmung mit den Ergebnissen von King“® 
und Moore’? 


waren 


Nach kurzer Temperzeit (10 bis 30 min) 


nur Andeutungen kurzer Stufen zu sehen 


Abkiihlen der Kristalle anderte sich im Gegen- 
satz zu den Verhaltnissen bei Kupfer nichts. 
(14) 


36nard und Moreau temperten eine nickelreiche 


Ni-Cr-Legierung in einer schwach oxydierenden 
Atmosphiire und fanden die gebildeten Stufen mit 


Die Ver- 


iinderung der Oberflachenenergie durch dieses Oxyd 


einer diinnen Schicht von Cr,O0, bedeckt. 


wird von ihnen als Ursache der Stufenbildung ange- 
sehen. 

Jetrachtung der Entstehungs- 
von Oberflichen-Model- 
Matallkristallen 


da®B diese auf den ersten Blick sehr ahnlichen Erschei- 


Diese vergleichende 


bedingungen -kinetik 


lierungen auf verschiedenen zeigt, 


nungen offenbar sehr verscheidene Ursachen haben und 
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wahrscheinlich von ganz spezifischen Eigenschaften 


nicht 
damit zu rechnen ist, da diese Oberflachen-Modellie- 


des betreffenden Metalls abhaingen, so dass 
rungen durch eine gemeinsame einfache Theorie, wie 
k6nnen. 

Herrn Prof. Dr. E. Menzel danke ich fiir die Anre- 
gung zu dieser Arbeit und viele wertvolle 


nen, Herrn Prof. Dr. H. 
keit in seinem Institut. 


etwa die von Moore"), beschrieben werden 


Diskussio- 


Konig fiir die Arbeitsméglich- 


W. STOsSSEL 
Physikalisches Institut dei 
Technischen Hochschule Darmstadt 
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A SOLID-SOLUTION MODEL FOR INHOMOGENEOUS SYSTEMS* 


M. HILLERT?+ 


\ solid-solution model allowing compositional variations in one dimension 
It predicts the 


approximation of nearest-neighbor interactions, 


structures in ordering as well as in precipitation systems 


structure of grain and domain boundaries; 


movement; and it constitutes a new approa h for treating home 


assumptions about the critical nucleus. 


it indicates the existence of activation « 


s deve loped from the zerot} 
modulated 


existence of periodi illy 


It provides a method of caleulating the 


nergy for boundary 


weneous nucleation that is 


\ kinetic treatment is developed from this model, allowing calculations to be made 


time to time in a thermodynamically unstable 


UN MODELE DE SOLUTION SOLIDE 


L’auteur développe un modéle de solution solide, permettant des 


dimension, a partir de approximation de zéro des interactions 


system. 


R DES SYSTEMES INHOMOGENES 


Variation 


entre ator 


Le modéle prévoit lexistence de structures périodiquement modulées dans des 


bien que dans des systémes & précipitation 
frontieéres des grains et des domaines: 
ment des frontieres; 
exempte de sul 


homogene supposition a prvo 


L’auteur développe en partant de ce modéle une étuck 


avec le temps dans un systéme thermodynamiquement 


MODELL EINER FESTEN 
Naherung des Mode Ils det 


Léosung entwickelt, daB 


LOSI 


Aus der nullten 


eine feste eindimensionale 


fournit une 


il indique lexistence 


les oe 


NG FUR 


Wechselwirkung nachstet 


methode de cal 


dune 


enfin il permet d’aborder d'une mani¢re nouvelle 


rmes ¢ ritique 


cine tique perme 


instabl 


INHOMOGENE SYSTEMI 


Nacl 
Zusami 


eranderungen det! 


sagt das Auftreten von periodisch modulierten Strukturen bei Ordnungs- wie be 


Methode., die di 
gestattet, es deutet auf die 


voraus. Es fiihrt zu einer diffuse 
Existenz einer 
stellt einen neuen Weg zur Behandlung homogenet 


iiber den kritischen Keim. 


Das Modell wird zu einer kinetischen Behandlung ausgebaut 


Struktur von Korn 


und Be 


Aktivierungsenergie fiir die Korn 


Keimbildung dar, der fre 


mit der 


einem thermodynamisch instabilen System berechnen lassen. 


1. INTRODUCTION 
Many theories have been developed for binary solid 
solutions, one of the simplest being the so-called zeroth 
approximation of the nearest-neighbor interaction 
model™ which was first suggested by Gorsky™) and 
Williams®. <A 


common feature of these theories is that they are 


further developed by Bragg and 
restricted to solutions which are essentially homo- 
that 


limitations. The advantage of relaxing this restriction 


geneous in composition, a fact causes some 
was recently pointed out by the present author, and a 
new solid-solution model was evolved based on the 


zeroth approximation.” This model allowed com- 
positional variations in one direction only and was 


considered as a first attempt along new lines. Among 


thesis submitted in partial 
requirements for the degree of Se.D. in 
Massachusetts Institute of Technology, 
in May 1956. The research was sponsored 
Received 


* This paper Is based on a 
fulfillment of the 
Metallurgy at the 
Cambridge, Mass., 
by the United States Atomic Energy Commission. 
July 1, 1960. 
+ Formerly Department of 

Institute of Technology; now at 


Metal Research, Stockholm. 
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Massachusetts 
Institute for 


Metallurgy, 
the Swedish 


l 


other things, it led to the development of a new treat 


ment of homogeneous nucleation. Later, the treat 


ment of nucleation was extended to three dimensions 


by Cahn and Hilliard and a_ self-consistent 


thermodynamic formalism was developed by Hart 


The original one-dimensional model still has some 
fol 


modulated structures on transformation 


advantages, especially systems which give 
The purpose 
of this paper is to describe the model, to discuss its 
applicability and to present new machine calculations 


the The 


drawn with regard to the kinetics of transformation 


based on model conclusions that c: be 


in a system with a miscibility gap as well as in an 


ordering system will be discussed in addition to the 


diffuse nature of grain boundaries and domain 


boundaries. The process of homogeneous nucleation 
will not be dealt with in any greater detail in view of 
the extended Cahn 


Hilliard”. 


treatment developed by and 


2. DERIVATION OF BASIC EQUATIONS 


We shall consider variations in composition along 


plus } 
«| tructure ffu | 
1.9 probléme de la ger 
61 d ingements 
vird ein Modell fiir 
ing zu | 
l 
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a certain direction in a crystalline solid of the two 
components 
representing 


variables . . . 9, Xp: 


the composition (atom fractions) of a succession of 


atomic planes, perpendicular to the direction con- 
sidered. First, we want to find an expression for the 
free energy of the total system in terms of these 
variables. This is most readily done by applying the 
zeroth approximation of the nearest-neighbor inter- 
action model. 


random mixing of the atoms within any one plane. 


One simply counts the number of 
A-B and B-B bonds in the system assuming 
Substantially the same method was used by Becker’ 
in developing his nucleation theory, the only difference 
being that he used only two variables, the composition 
of the matrix and that of the nucleus. In the present 
case, it is found™ that the difference in free energy 
between the inhomogeneous state under consideration 


and a homogeneous state is given by the expression 


AF ym > [Z(x,, 
mkTS |x, In 
(1 x,) In (1 


pi 


where x, is the average composition of the total system, 
y is the so-called interaction energy, m is the number of 
atoms in each atomic plane, Z is the total number of 
nearest neighbors to each atom and z is the number of 
nearest neighbors in one plane to a given atom in the 
next plane. 

Next, we find the condition for equilibrium states. 
The thermodynamic criterion for stability of the 
system is that OAF Ox, 0 for all x... We are dealing 
with a closed system, however, and care must be 
taken that the content of the two components in the 
total system is kept constant. This can be done by 
the AF 
exchanged between two neighboring planes, p-1 and p. 


It is found that 


considering variation of when atoms are 


A 
mkT In 


p 


0, one obtains the relation 


and in view of dAF/dx,, 


3)(a, 


which must hold for all equilibrium states. 
An alternative method can be used when one is only 


interested in states which contain some large region 
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A and B. and hence we introduce a set of 
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where all the planes have a common composition, x,,, 
One 


can then let the pth plane exchange atoms with this 


in addition to regions of varying composition. 


large reservoir and a simpler relation results: 


kT 
In 
2zy ] x 


Mathematical solutions to the difference equation 
(3) can be obtained by starting from any chosen set of 


, and x, and calculating x, 


values for 


etc. and also x, 5, x, 4, ete. one by one. All solutions 
where any x is found to be higher than unity or less 
than zero must be discarded as being without any 
physical meaning. Two classes of physically signifi- 
cant solutions can be expected, one representing true 
minima in free energy, i.e. stable or metastable states, 
the other class representing saddle points on the many- 
me 


dimensional free-energy surface in ‘ 


4. %),...)-space. This class represents critical 
nuclei. We are interested in both these classes and 


discuss them in the following sections. 


3. SOLUTIONS FOR SMALL AMPLITUDES 
The difference equation (3) can be solved explicitly 
only in the case of small variations in composition 
from the average composition x,. The logarithmic 
term can then be approximated by the first term of the 


Taylor series expansion. One then obtains 


xr 2M (x, 1 


1 2 ~p—l p 
where M is a constant given by the expression 
kT Z 


2M 


The solutions of equation (5) can be described by 


x, =O,+C,-p?+C 3° (7) 
where C;, C, and C, are constants. The value of / is 
determined by inserting the expression for x, in 
equation (5), which yields 


B= M + 4/(M? — 1). 


1 one finds that / is a real number, which 


(3) 


For 
implies that 2, assumes infinite value as p—>» 0 or 
3 both 
solution of physical significance is then x, C;" 
the 
interesting to note that, according to equation (6), 
M 1 occurs when k7'/2zvx,(1 l, 


the equation of the spinodal* curve for a system with 


p 


© unless C, and C, are zero. The only 


which represents homogeneous state. It is 


which is 


positive y, assuming to the zeroth approximation. 


* The spinodal is the locus of points within a miscibility 


gap where 0?F'/ dx,” 0. 


Z kT l x. 
In 
“ev Zz... 
2)2,—2 
Vol. 9 
1961 
(1) 
(i — 2, 4) 
OAF = Z(x, — 
Z 
In — = (3) 
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For an alloy outside the spinodal, there is thus only 
one solution with small compositional variations and 
this solution represents the homogeneous state. 

For <1, 


positive vy, one finds that f is a complex number and 


which occurs inside the spinodal for 


the solution can be written 


sin pd (9) 


x 
p a 


where 4 arctg /(1/M* 
This solution represents a sinusoidal variation of small 


1), and C, is a constant. 


amplitude, and the wavelength expressed in number 
of atomic planes is 


9 


l 2r/arctg 4/(1/.M* 1). (10) 


4. SOLUTIONS FOR LARGE AMPLITUDES 
Solutions representing states with large compo- 
sitional variations cannot be obtained explicitly but, 
as already mentioned, they can be calculated step by 
step. This work is very tedious and machine methods 
are necessary if one wants to calculate a large number 
that all the 


represent periodic variations in composition. 


solutions 
Kach 
solution can thus be identified by its amplitudet and 


wavelength, a fact that is utilized in Figs. 1 and 2 


of solutions. It was found 


where the results of a series of machine calculations 


are presented. Each one of the curves in such a 
diagram represents all the solutions for a certain alloy 
composition. These calculations were carried out with 
Zjz=2 kT /2z v 0.45 and —0.45, 
tively, which holds for a b.c.c. structure in the cube 


0.9 where 


and respec- 


direction at a temperature 7' 


Wavelength,+,in Atomic Planes 


15 £0 29 50 100 © 


oO 


Symmetric Composition 
® 


7120.9 


0238 


0.25 


fe) 
} 


Amplitude in Atom Fraction 


Spinodal 
Composition 


0.02 0.01 
1/2 


0.07 0.06 0.05 
Inverse of 


0.04 0.03 
Wavelength, 


Periodic states for different alloy compositions, 
with circles are shown in 


Fic. 1. 
positive vy. States marked 
Fig. 3, states marked with crosses in Fig. 11. 


+ Difference between maximum and minimum compositions 
in the periodic variation. 


SOLUTION MODEL 


Wavelength,@,in Atomic Planes 
20 25 50 100 


Amplitude in Atomic Fraction 


0.07 0.06 0.05 0.04 0.03 0.02 0.01 | 
Inverse of Wavelength, I/0 


Fic. 2. Periodic states for different alloy 
States marked with circles are 


Fig. 4 


compositions 


negative rv. shown in 


denotes the maximum temperature of the miscibility 
The 


solutions represented by the three small circles in 


gap or the ordering region jn the phase diagram 
Figs. 1 and 2 are shown in Figs. 3 and 4. The physical 
significance of the solutions in Figs. 1 and 2 will now 


be discussed. 


X,70.5, T/ Tyz0.9, Z/2=2 


Short Wavelength 


= 


Intermediate Wavelength 


+++ 
+ 


Xp 


infinite Wovelength 
(Final State) 


ger 


Composition 


Number of Atomic Planes 


equation (0) 


period 
alloy of 


Solutions to showing 


3. 


variation of composition Positive vy in 


symmetric Composition, 
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0.5, T/Ty20.9, Z/2=2 


Short Wavelength 


Composition, x 
oo 90 
& 


oO 


intermediate Wavelength 


o 9 
on DO @D 


Composition, Xp 


Infinite Wavelength 


Composition, Xp 


290900 
HD 


oO 


Number of Atomic Planes 


showing periodic 


alloy of 


Solutions to 


4. 


variation of 


equation (3) 
Negative vy in 
symmetric Composition, 


composition, 


5. SYMMETRIC ALLOY WITH POSITIVE v 


It is possible to calculate the free energy for each 


state by applying equation (1), and Fig. 5 demon- 


strates schematically the situation for a symmetric 


alloy with positive interaction energy v. In this 
diagram the wavelength, /, has been plotted along the 
x-axis in order to make the value / = 0 visible in the 
In Figs. 1 and 2, on the other hand, 1// was 


The 


0.5 has thus been replotted in the 


figure 
used in order to make the value / © visible. 
curve for 
lower part of Fig. 5. The upper part of the figure shows 


not only the free energy of these states, which are 


solutions to equation (3), but also the free energy of 


nonequilibrium states. Each of these states is defined 
as the state of lowest free energy for the particular 
combination of wavelength and amplitude. In this 
way, a complete free-energy surface is obtained, which 
is useful in clarifying the nature of the particular states 
representing solutions to equation (3). 

\ symmetric alloy (x, 0.5) that has been homo- 
genized above the miscibility gap and quenched toa 
temperature inside the gap can, momentarily at the 
new temperature, be represented by any point on the 
l-axis (Fig. 5). The shape of the free-energy surface 
demonstrates that this homogeneous state is stable with 
respect to fluctuations of a shorter wavelength than a 


tGICA, 


VOL. 9, 1961 


value / which in fact is the value given by equation 
(10). 


other hand, can increase in amplitude because the free 


crit? 
Fluctuations with a longer wavelength, on the 


energy will then be lowered, until the dashed line at 
the bottom of the valley on the free-energy surface is 
reached. This line thus represents stable or, rather, 
metastable states whereas the /-axis to the right of 


p spac 1.6. 


crit Pepresents saddle points in the many-dimensional 
critical nuclei for homogeneous nucle- 
ation. Critical nuclei for the transformation are thus 
already present in the homogeneous state and the 
transformation can start spontaneously as soon as the 
alloy is cooled inside the miscibility gap. 

If the system for x, = 0.5 has reached a state on the 
dashed line in the bottom of the valley, the diagram 
shows that the free energy will decrease further if the 
system can move to the right along this line and the 
equilibrium state will finally be reached at infinite 
wavelength. As demonstrated by the lower part of 
Fig. 3, 


different compositions, one corresponding to each 


this state consists of two large regions of 


side of the miscibility gap. These regions are separated 
by a grain-boundary interface which is quite diffuse 
in contrast to the sharp interface suggested by 
Becker“). 

The the 


interface can be carried out by means of the simpler 


calculation of diffuse grain-boundary 


equation (4) because the necessary large reservoir is 


Amplitude 


Amplitude 


Metastable States 
Critical 
Wavelength, ~ 
Lerit / 
/ 


J Critical Nuclei 
> 


Wavelength, 


Free energy of periodic states for symmetric 
Positive vy. Schematic diagram. 
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available here. One can use either of the two large 
regions having compositions corresponding to the 
sides of the miscibility gap. In fact, equation (4) has 
previously been derived and employed for this special 
purpose by Ono”, The development of the ideas 


concerning diffuse interfaces has recenly been re- 
viewed by Cahn and Hilliard and the subject will not 
be further discussed here. 

All the states on the dashed line along the bottom 
of the valley in Fig. 5 are metastable, which implies 
that a system cannot spontaneously move to the right 
down the valley. For each increase in wavelength, a 
new nucleation event is necessary because a complete 
reorganization of the component atoms is needed if 
the wavelength of a perfectly periodic structure is to 
increase from one value to another. Essentially, such 
a system must go back up-hill to the /-axis in order to 
the 


valley again. The /-axis can thus be considered as an 


choose a longer wavelength and descend into 


activation barrier. A nucleation event of this kind 
seems very unlikely, and hence, one must inquire how 
the system can possibly increase its wavelength. It 
appears that an answer can be provided by the kinetic 
treatment to be described in Section 6. 

What wavelength 
Any 


on 


Another important question is: 
first 


wavelength 


will be developed on transformation? 
than 


crounds. It 


longer can be expected 
that 


considerations should be applied to settle this question 


thermodynamic seems kinetic 
because the decisive factor might be the rate of develop- 
ment of the various metastable states. The rate should 
be higher, the larger the decrease in free energy accom- 
panying the formation of a state; and it should be 
lower, the longer the diffusion distance for the com- 
ponent atoms. As a first attempt, one could thus 


study the expression AF/l as a function of l. Fig. 6 


0.0005 
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composition. 
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shows the result of a calculation for a specific case 


(7 = 0.9 T,,, Z/z = 3, 


be concluded that a wavelength a few 


0.5), from which it may 
times longer 
than the critical wavelength can be expected in this 
this will be referred to as 


instance. In the following. 


the optimum wavelength, 
TREATMENT 


So far the discussion has been based on equation (3) 


6. KINETIC 


which describes stable and metastable states and also 
critical nuclei. A more powerful method would be to 
calculate the changes in a system from time to time 
due to the diffusion or interchange of the component 


All that is 


describing the exchange of atoms between neighboring 


atoms. needed is a diffusion equation 


atomic planes. 
the 


Such an equation should be derived 
the 


treatment, the following equation was suggested for 


using absolute rate theory In original 
the case of small gradients 


where a is the distance between neighboring planes, 
and B is the atomic mobility. 
Becker’s 11) 
expression 
mB 
r) 


aa r(l 


and Darken’s equations yield the 


2Zy (12) 
The difference is due 
1?) of the 


composition from plane to plane 


when applied in the same case 
to the neglect in equation discontinuity in 
The two equations 
become identical for 0, as could be expected 

for large 
value ol OAF Oa 


but it is 


Now we are interested in an equation 


gradients, It is evident that the 


must be taken from equation (2) not clear 
what expression should take the place of x(l r) 
For the the 


(1 r 1) 7 (1 r ) 


following calculations expression 


was chosen although 


the author has not been able to justify this choice by 


apply ing the absolute rate theory (It seems that one 
runs into trouble due to the shortcomings inherent in 
the zeroth approximation.) The resulting diffusion 
equation is 


mBkT 


B 
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times, 


Development of Guinier zone after different 
for symmetric composition, positive pv. 


Starting from any distribution of the component 
atoms, the changes from time to time can now be 
calculated. Again, machine methods are applied to 
advantage. As an example, the development of a 
Guinier zone“) was computed. The results after two 
different times are presented for x, = 0.5 in Fig. 7, 
where the circles represent the original Guinier zone. 
It is shown that the presence of one zone will induce 
the formation of a whole series of zones and thus give 
uniform 


the 


rise to a periodic structure with a fairly 


wavelength and amplitude, quite similar to 


metastable states discussed in the previous sections. 
This consequence of a Guinier zone inside the spinodal 


(4) 


curve was predicted by the present author™ and also 


by Tiedema et al.“®) from a qualitative reasoning based 
on up-hill diffusion. An analogous situation seems to 
exist in the development of a grain-boundary groove 
Here the 


whole may be 


etching. also. one reaches 


that a 
expected outside the groove. More recent calculations 


on thermal 
conclusion series of waves 
by Mullins“ have given the same result, but showed 
that the new waves will probably be too small to be 
detected. 

It may not be quite realistic to assume that the 
homogeneous nucleation of an alloy starts with the 
formation of zones, well separated from one another, 
as suggested by Guinier“). Alternatively, one might 
visualize that there are many small fluctuations at the 
beginning, and equation (13) can then be used to 
calculate how such fluctuations will develop into a 
periodic structure. Fig. 8 shows the result of a cal- 
culation based on a “‘random”’ fluctuation which was 
chosen in such a way that it contained a wide spectrum 
It is found that 


widths are at first developed. 


of wavelengths. waves of different 
Later on, the small 


waves gradually disappear, causing a progressive 
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Fic. 8. Development of 
different times, 


growth of the average wavelength. As far as this calcul- 
ation was carried, there was still a wide spectrum of 
wavelengths present and the growth of the average 
wavelength was still continuing. The kinetic treat- 
ment based on the diffusion equation (13) thus seems 
capable of providing answers to our questions about 
the transformation. The perfectly periodic states, on 
the other hand, which are obtained as solutions to 
equation (3), provide a description of a real system 
which may be approximately correct in many details 
but fails completely when the presence of a spectrum 
of wavelengths is important. 
7. ASYMMETRIC ALLOY WITH POSITIVE v 

The lower part of Fig. 9 shows a curve from Fig. 1 
representing the states for a slightly asymmetric alloy, 
The 


free-energy 


0.35) now replotted on an /-scale. 
the 
With increasing amplitude, for sufficiently 


(e.g. 


upper part shows corresponding 
surface. 
large wavelengths, the points representing solutions to 
equation (3) first lie along a ridge on the free-energy 
surface (dotted line) and along the bottom of a valley 
(dashed line). This valley slopes down to the same 
equilibrium state at infinite wavelength that holds for 


As a 


sequence, the final state always exhibits two large 


the symmetric alloy already discussed. con- 
regions of the compositions represented by the sides 
of the miscibility gap and separated by the same 
diffuse grain boundary. The only difference between 
different 
temperature is the relative size of the two regions. 


compositions, 2,, at the same 


alloys of 


This result is quite natural and contains no new 
information. On the contrary, it must be expected 
from any model that is not basically wrong. 

For the asymmetric composition, part of the valley 
is hidden behind the ridge and cannot be reached from 


530 
1.0 | | | 1702 | a | | | 
0.7 | | H | 
0.6 | | | | / qf / 
\ / \ 
0.3} | J 2 ~ 0.5 | | \/ | | 
0.2 v'pos. | A oe 
Vol. 9 
1961 


HILLERT: 


Amplitude 


Amplitude 
4 


Metastable States 


— 


Critical 
Nuclei 


Critical Wavelength 


Wavelength, 
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composition, 7, ~ 0.35. Positive vy. Schematic diagram 


Free energy of periodic states for asymmetric 


the /-axis without the system passing over this free- 
energy barrier. The states on the ridge thus represent 
critical nuclei. They all have shorter wavelengths 
than All 


wavelength longer than / 


stable or metastable states with a 


crit: ON the other hand, can 
still be reached directly from the /-axis. 


start 


For such 


wavelengths, the transformation can without 
awaiting any nucleation event. 

As the alloy composition is chosen closer and closer 
to the spinodal, /,,.;, approaches infinity and all the 
stable or metastable states become hidden behind the 
ridge on the free-energy surface, as illustrated by Fig. 
10, which holds for an asymmetric composition outside 
0.30 in Fig. 1). 


nu*leation event is necessary before the transformation 


the spinodal (e.g. x, In this case, a 
ca: start. The lowest point on the ridge is situated at 
infinite wavelength (1// 0); this point represents 
the most probable critical nucleus for homogeneous 


nucleation in the alloy considered. For all the alloy 


compositions between the spinodal and the solubility 


limit, there is such a state and the right-hand axis in 
Fig. 1 can be regarded as the locus of all points 
representing such states. Their amplitudes can thus 
be read directly from this diagram, and it is found that 
the amplitude is highest for a composition at the 
solubility limit and approaches zero as the composition 


approaches the spinodal. 
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8. HOMOGENEOUS NUCLEATION 
According to the preceding discussion, the present 


model can be used for a new treatment of the homo 


geneous nucleation process, which is free from all a 
priori assumptions about the critical nucleus regarding 
size, shape, composition, uniformity, ete. Instead, the 
critical nucleus is now treated as a state of the whole 
detailed calculation will reveal 


system, although a 


that the most probable critical nucleus is character- 
ized by a localized, but somewhat diffuse clustering 
this 
The 


states are represented by the crosses on the right-hand 


Anexample is given in Fig. 11 where state is 


shown for four alloy compositions same four 


Far away from the localized clustering, 
The 
simple equation (4) can thus be used for the calculation 
After finding the 


axis of Fig l. 
the matrix composition remains unchanged 
of the state if one chooses a 1 
state, one can compute the free energy for nucleation 
from equation (1). Fig. 12 shows the result of such 
a calculation compared with the results yielded by 
Becker’s 


elaborate treatments of 


nucleation theory’? and by the more 


Hobstetter™*® and Scheil(@® 
when applied to compositional variations in one 
dimension. 
According to the thermodynamic criterion tor 
stability, a system inside the spinodal curve cannot 


have internal stability, and hence there is no free 
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alloy 


ompositions 


Most probable eritical nuclei for four 


outside the spinodal, marked with 


in Fig. 1. 


This is 
17) 


of nucleation borne out by the 


energy 
Borelius nucleation theory, for instance, and was 
Becker™). 


Becker's theory 


also realized by However, as shown in 


Fig. 12, 


nucleation for all compositions, and thus it incorrectly 


vields a free 
predicts internal stability for compositions inside the 
It is interesting to note from Fig. 12 that 
Hobstetter and Scheil correctly 


spinodal. 
the treatments by 
predict a vanishing free energy of nucleation inside the 
spinodal. However, this situation was not stressed by 
Hobstetter, apparently because he did not notice that 
the size of the critical nucleus approaches infinity as 
the alloy composition approaches the spinodal (4) Tt 
is quite unexpected that the nucleus size should 
become infinite at the spinodal composition, con- 
sidering that the nucleus size also approaches infinity 


as the composition approaches the solubility limit 


Becker 


_Hobstetter, Scheil 


025 
ISotubitity Limit 


0.30 


035 


Spinodal 
Composition of Alloy,x, 


Fie. 12. 


Free energy of nucleation according 
different theories. 


energy of 
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(i.e. the side of the miscibility gap). The smallest 
nucleus size is thus obtained at some intermediate 
composition. As is seen from Fig. 11, the same result 
now comes out of the present treatment, if nucleus 
size is identified with some measure of the size of the 
diffuse 


diffuse 


cluster. The nucleus size is connected with the 
nature of the boundary between cluster and 
matrix, and will be discussed again in Section 10. 
The limitations of the new approach to homo- 
geneous nucleation are, first, the restriction of com- 
positional variations to one dimension only, and 
secondly, the application of the zeroth approximation. 
In principle, these limitations can be removed and the 
first 
It has been improved by Cahn and 


present treatment should be regarded as a 


attempt only. 
Hilliard’? who succeeded in extending the treatment to 
three dimensions. Further details of the one-dimen- 


sional treatment of homogeneous nucleation will 


therefore not be presented here. It is interesting to 
that all the 


homogeneous nucleation which can be drawn from the 


note, however, conclusions regarding 
one-dimensional treatment seems to be confirmed by 
the more elaborate three-dimensional treatment. 

A shortcoming of the present one-dimensional 
treatment is that an absolute value of the free energy 
of the 


designating the size of the 


of nucleation cannot be calculated because 
unknown parameter, 7, 
However, this deficiency 


When 


calculating the free energy of nucleation outside the 


atomic planes considered. 
does not seem serious for the follow ing reason. 
(9) values even far 
that 
barrier for 


spinodal, Becker’ found very low 


away from the spinodal. He concluded there 


would, in fact, be no efficient activation 
nucleation except for quite low supersaturations, 1.e. 
for alloy compositions quite close to the solubility 
limit. For all other alloy s, one should therefore expect 
the This 


conclusion is now confirmed by the present treatment 


transformation to. start spontaneously 
because it yields even lower values as demonstrated 
by Fig. 12. The absolute value of the free energy 
barrier is of little interest as long as it is too low to 
provide an effective obstacle for nucleation. Cor- 
respondingly, the old question, as to whether the free 
energy of nucleation goes to zero at the spinodal may 
be of little practical importance. 

From the above discussion, it can be concluded that 
no sharp discontinuity in kinetic behavior is to be 
anticipated at the spinodal composition because a 
considerable part of the ridge in Figs. 9 and 10 may 
be so low that it constitutes no real barrier for the 


transformation. In particular, we now see that /,,, 


may have a finite value at the spinodal composition 
approaches infinity. 


even though 
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9. ALLOYS WITH NEGATIVE vy 

In an ordering system, the value of the interaction 
energy v is negative according to the nearest-neighbor 
interaction models. The zeroth approximation of this 
model has been applied most successfully to ordering 
systems of the CsCl structure, a well-known example 
being /-brass. The following discussion will therefore 
be concerned mainly with this structure, which gives 
the Z/z = 2. Many of the 


positive » presented in the preceding 


value calculations for 


sections were 
also carried out with the same choice Z/z 2 in order 
to allow comparison between positive and negative 
y-values. 

The possible states for a system with negative v are 
presented in Fig. 2. The curve for the symmetric 
alloy (x, = 0.5) is identical to the corresponding curve 
for positive vy in Fig. 1. The free-energy surface also 
resembles the corresponding diagram for positive yr, 
which is presented in Fig. 5. The kinetic treatment, 
on the other hand, reveals that there is a distinct 
difference, as demonstrated by Fig. 13 in comparison 
with Fig. 8. Although /,,;; has the same value and the 
same significance in the two cases, the average wave- 
length (or domain size) at the first stage of transfor- 
mation seems to be considerably larger when y is 
negative than when it is positive. The difference in 
development of a zone is quite striking. If there isa 
small ordered region, the ordering will spread very 
rapidly by the growth of the original domain, as 
demonstrated in Fig. 14, and it does not induce the 
formation of other domains. A very large value of the 
wavelength will thus result. In the corresponding 
case for positive »v, the reaction will spread out 
relatively slowly and a whole series of zones are formed, 


The 


resulting in a wavelength close to /,,;, (Fig. 7). 
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difference is even more pronounced when one com 


pares asymmetric compositions. As demonstrated by 


the shape of the curves in Fig. 2, /.,,, is, for all 


the when » is 


compositions, minimum wavelength 


negative. Asa consequence, lot can never be less than 


lorit The 


difference in this respect between systems with positive 


dor 


and must approach infinity as /,,,, 


and negative vy is demonstrated schematically in 
Fig. 15. 


With 


asymmetric compositions also resembles 


negative vy, the free-energy surface for 


5 and, 
there is no theoretical free-energy 


rhe 


represent 


as a consequence, 
barrier for nucleation in this instance states on 
the of Fig. 1, 


probable critical nuclei in the case of 


right-hand axis the most 
positive 
whereas the states on the right-hand axis of Fig. 2 
represent the final equilibrium states for negative 3 
With 


position (i.e 


positive } the degrees ol separation in com 


the amplitude) in the final state is 


independent of alloy composition. The compositions 
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of the two regions always correspond to the sides of the 
miscibility gap. For negative », 
separation, or the amplitude, varies with composition 
2. It is 


as shown by the right-hand axis of Fig. 


equivalent to saying that the degree of order depends 


on the alloy composition. This is a well known 
consequence of the zeroth approximation, but it is 
interesting that the present model relates this fact to 
the absence of critical nuclei. 


For positive y, it was found that the diffuse grain 


boundary has the same structure, independent of 


the domain 
boundaries are also diffuse, and the lower part of Fig. 4 
the of the 


diffuse domain boundary is dependent on composition 


alloy composition. For negative», 


gives an example. However, structure 


due to the varying degree of order. 


DIFFUSE GRAIN AND 


BOUNDARIES 


10. WIDTH OF 
DOMAIN 


Points close to the lower right-hand corner in Figs. | 
and 2 represent states with wavelength approaching 
infinity and with small amplitude, implying a sinu- 
soidal variation in composition or degree of order 
The width of the diffuse 
boundaries of these states thus approaches infinity. 
this suggests that the width of the 


according to Section 3. 


For negative yr, 
diffuse domain boundary at any temperature ap- 
proaches infinity as the composition approaches the 
side of the ordering region in the phase diagram. For 
positive y, it implies that the width of the diffuse grain 
boundary between the matrix and cluster in a critical- 
nucleus state (Section 8) approaches infinity as the 
composition approaches the spinodal curve in the 
phase diagram. This is equivalent to saying that the 
The width of the 


equilibrium grain boundary (the upper right corner in 


nucleus size approaches infinity. 


Fig. 1), on the other hand, is independent of com- 
position and approaches infinity only at the peak 
temperature of the miscibility gap, where the 
amplitude of the equilibrium state approaches zero. 
This state 


composition. 


can be realized only at the symmetric 

As mentioned in Section 5, one can use equation (1) 
to calculate the value of the interfacial free energy. 
This is true for domain boundaries as well as for grain 
diffuse 


width, it can be expected that the value will depend 


boundaries. For boundaries with a small 
on how the diffuse boundary profile is situated in the 
atomic structure. For instance, different results could 
be expected if one chose to place the steepest gradient 
of the profile exactly on an atomic plane or exactly 
between two neighboring planes. Numerical calcul- 


ations indicate that this effect is usually too small to 


the final degree of 
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influence the interfacial free-energy value markedly. 
On the other hand, it may be important with regard 
to the movement of a domain boundary. In order to 
move one atomic distance, a domain boundary must 
pass from a preferred position in the structure through 
a position of higher free energy before it can reach a 
new preferred position. This effect should contribute 


an activation energy for domain-boundary movement. 


11. APPLICABILITY OF ONE-DIMENSIONAL 
MODEL 
Although not previously emphasized in this paper, 
it should be that the 
applicable to a certain class of transformations only. 


noticed present model is 
The model is based on the assumption that all changes 
in the system occur by an exchange of positions of 
component atoms. The initial and the final states thus 
contain exactly the same atomic sites. There is no 
this 
“exchange 


designation for class of 


the 


accepted 
but 


has been suggested.“ 


generally 


transformation name transfor- 


mation” This class includes 
ordering as well as precipitation. The formation of 
Guinier—Preston zones is an example. During recent 
years, the of modulated 
attracted interest.“®) 


exchange transformation and is closely related to the 


formation structures has 


considerable This is also an 


formation of Guinier—Preston zones. 
Many of the 


structures indicate 


features exhibited by modulated 
that 


described quite well by the model discussed in the 


their formation can _ be 
present paper. In order to test the applicability of the 
model further, an experimental investigation of the 
formation of modulated structures in Cu—Ni-Fe 
alloys was undertaken and the results are reported in 
test the 


investigation of an 


a separate paper. To model further, an 


experimental ordering system 


should also be undertaken, with special attention 
focussed on kinetics and domain size. 

The main limitation of the present model is its 
restriction to variations in one dimension only. Of 
course, it may be argued that at any one place in a 
system the compositional variations are largest in 
some direction and it is natural to expect these 
variations to develop, yielding a structure modulated 
in one direction only. However, it seems that such a 
structure would be quite unstable unless there were 
some additional factor. Probably, strains due to a 
difference in atomic size of the component atoms is 
such a factor. A structure, modulated in one dimens- 
ion only, may be stable because this state minimizes 
the strain energy. Mathematically, this may mean 
that a modulation in one direction causes a decrease 
of the between neighbors in 


interaction energy ¥ 
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As a Manenc"®) 
has pointed out that structures modulated in one 
if there is a differ- 
If the difference is too 
small, isotropic zones are formed. The one-dimen- 


other directions. matter of fact, 


dimension are formed certain 


ence in lattice parameter. 


sional model can only apply to the former case, of 
course. A three-dimensional model is needed for the 
latter case. 
12, SUMMARY 

Based on the so-called zeroth approximation, an 
expression is derived for the free energy of an inhomo- 
geneous system with compositional variations in one 
direction. The thermodynamic criterion for internal 
the 


mathematical solutions of this equation are discussed. 


stability yields a _ difference equation and 

One class of solutions represents stable or meta- 
stable states of the system and they show a periodic 
variation of composition in the direction considered, 
indicating that there is a thermodynamic reason for the 
formation of so-called modulated structures of the 
type found in the Cu—Ni-Fe system. 

The other class represents critical nuclei, which are 
here defined as states of the whole system which the 
to 


metastable state to a state of lower free energy. The 


system must in order transform from a 


pass 
present approach allows the calculation of such 
homogeneous nucleation without the usual a priori 
assumptions concerning nucleus size, composition, 
shape, etc. The most probable critical nuclei can be 
characterized as a local but diffuse clustering in the 
homogeneous matrix. The dimension of this cluster 
(which can be identified with nucleus size in classical 
nucleation theory) is found to approach infinity as the 
alloy composition approaches the solubility limit and 
also as the alloy composition approaches the spinodal. 
The minimum size of the cluster is thus found at some 
The 


composition at the center of the cluster and in the 


intermediate alloy composition. difference in 


homogeneous matrix also depends on alloy com- 
position, approaching zero as the alloy composition 
This fact 


vanishing free energy of nucleation at the spinodal 


approaches the spinodal. results in a 


even though the “‘nucleus size” approaches infinity 
at the same time. 

For ordering systems, all solutions belong to the 
first class of metastable or stable states, implying that 
all homogeneous alloys with a composition inside an 
ordering region are inherently unstable and tend 
to transform spontaneously. 

A calculation of the final stable state shows that the 
grain boundary between two compositions, corre- 


sponding to each side of the miscibility gap, is quite 
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diffuse. The width of the grain boundary varies with 


temperature and approaches infinity at the peak 


temperature of the miscibility gap. For an ordering 
system, the domain boundaries are also diffuse but in 
this at 


composition for which the boundary width approaches 


case there is. any temperature, an alloy 
infinity. In this respect, a domain boundary does not 
resemble an equilibrium grain boundary but rather 
the 


matrix in a critical-nucleus state 


boundary between cluster and homogeneous 

A diffusion equation is derived, taking into account 
the discontinuity in composition from plane to plane 
in a crystalline solid. The equation is used for kinetic 
of the 


This kinetic model predicts the formation 


calculations transformation in unstable 
systems. 
of a wide spectrum of wavelengths (i.e. zone or domain 
sizes) during the first stage of transformation and a 
gradual crowth of the wavelength later on It is thus 
capable of explaining the main characteristics of the 


formation of modulated structures 
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FORMATION OF MODULATED STRUCTURES IN COPPER-NICKEL-IRON ALLOYS* 


M. HILLERT?+, M. COHEN? and B. L. AVERBACH?{ 


X-ray diffraction, the 


By means of 


formation of modulated structures with periodic variations in 


composition due to a simple interchange of atoms has been studied in copper—nickel-iron alloys as a 


function of composition, temperature and time. The results are compared with two models suggested for 


this type of “exchange transformation : 


rather than the Guinier model 


The reaction characteristics seem to favor a kinetic model 


The activation energies for the transformation, evaluated at the first 


detectable stage and for a later stage, show that both these stages are diffusion-controlled inside as well 


as outside the spinodal. 


nucleation process. 


This indicates that the spinodal is of no real significance with regard to the 


The variation with temperature and composition of the first wavelength to form in 


the modulated structure is in agreement with the kinetic model. 


FORMATION DUNE 


DANS 


LES 


STRUCTURE 


PERTODIQUEMENT MODULEE 


ALLIAGES Cu—Ni-Fe 


Les auteurs ont étudié par diffraction de rayons X, en fonction de la composition, de la température 


et du temps, la formation dans les alliages cuivre 


alternative de la composition due a un simple échange entre atomes., 


nickel-fer d'une structure périodique avec variation 


Ils ont comparé les résultats obtenus 


avec deux modéles imagninés pour rendre compte de cette transformation par échange. 


Les caractéristiques de la réaction semblent pencher en daveur d'un modéle basé sur une équation 


cinétique plutét qu’en faveur du modéle de Guinier. 


L énergie d’activation de cette transformation déterminée au premier stade détectable et un stade 


ultérieur montre 


qua Pextérieur du domaine spinodal 


que ces deux états sont régis par le phénomeéne de diffusion aussi bien a lVintérieur 


Ceci indique que la courbe spinodale n’a pas de signification réelle en ce qui concerne la germination, 


La variation des premi¢res longueurs d’ondres avec la température et la composition pour former une 


structure périodique est en bon accord avec le modéle basé sur l’équation cinétique. 


DIE BILDUNG VON 


KUPFER 


MODI 
NICKEL 
An Kupfer 
turen mit periodischen 
\tomen 


werden verglichen mit 


\bhangigkeit 
Modellen, die 


untersucht in 
Zwei 
worden sind. Di 


Modell. Die 


mit dem Guiniet 


LLIERTEN 
EISENL-EGIERUNGEN 
Nickel- Eisen-Legierungen wurde réntgenographisch die 
Anderungen der Zusammensetzung als Folge 
von Zusammensetzung, Temperatur und Zeit. Die 


fiir diese 


Aktivierungsenergien fiir die 


STRUKTUREN BEI 


sildung von modulierten Struk 
eines einfachen Austauschs von 
Resultate 


Art von “‘Austauschumwandlung”’ vorgeschlagen 


Reaktion scheint mehr im Einklang mit einem kinetischen Modell zu verlaufen, als 


Umwandlung, ausgewertet bei dem ersten 


nachweisbaren Stadium und bei einem spateren Stadium, zeigen, daB diese beiden Stadien durch die 


Diffusion bedingt sind und zwar beiderseits der Spinodalen. 
| 


KeimbildungsprozeB keine wahre Bedeutung besitzt. 


keit der ersten Wellenlange, die sich in der 


Modell iiberein 


Dies zeigt, daB die Spinodale fiir den 


Die Temperatur- und Konzentrationsabhangig 


modulierten Struktur bildet, stimmt mit dem kinetischen 


1. INTRODUCTION 
Phase transformations in metals commonly involve 
the formation of a new lattice and a new composition. 
In some instances, however, there is only a composi- 
tional change, the whole transformation taking place 
by a rearrangement of the atoms on the parent-lattice 
sites. In the present paper, this type of reaction is 


referred to as an exchange transformation because the 


atoms simply exchange positions with one another, 


usually with the aid of vacancies. Such transform- 


ations are often found in ordering reactions, and 


* This paper is based on a thesis submitted in partial ful 
fillment of the requirements for the Se.D. in 
Metallurgy at the Massachusetts Institute of Technology, 
Cambridge, Mass., in May 1956. 
by the U.S. Atomic Energy 
1960. 

+ 
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Massachusetts Institute of Technology. Now at the Swedish 
Institute for Metal Research, Stockholm. 

t Department of Metallurgy, 
Technology, Cambridge, Mass. 


ACTA METALLURGICA, VOL. 9, 


Massachusetts Institute of 


JUNE 


L961 536 


sometimes in precipitation reactions within a misci- 
bility gap. The formation of Guinier—Preston zones 
may be an example of the latter category. 

The classical nucleation theories were first applied 
to metallic systems by Becker“, who emphasized the 
importance of the interfacial energy between the 
nucleus and matrix. He derived an expression for this 
interfacial energy by considering an exchange 
transformation. 

In a different approach to the nucleation problem, 
Borelius™ pointed out the importance of gradual 
changes in composition from that of the original 
matrix to that of the final precipitate. When doing so, 
he also was considering exchange transformations. He 
concluded that there should be no activation energy 


barrier for nucleation inside the spinodal§ in a 


§ The spinodal is the locus of points within a miscibility 
gap where 0° F'/d2* 0. 
the composition, 


F is the free energy of mixing and x 


. 

il 
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miscibility gap. This was in agreement with classical 


thermodynamics but in opposition to the result of 


Becker’s theory. The two approaches by Becker and 
PI 
Hobstetter™ and 


the 


Borelius were later combined by 
Scheil™), 


combination leads to the same conclusion about the 


and it was recently shown") that 


significance of the spinodal as does Borelius’ treat- 


ment. Furthermore, a more recent 


nucleation due to one of the present authors,">® also 
leads to the same prediction about the role of the 
spinodal when applied to exchange transformations. 
the fact that all 


theories have actually been concerned with exchange 


In view of these nucleation 
transformations, it seemed particularly appropriate 
to carry out an experimental study on the kinetics of a 
straight-forward exchange transformation, and the 
results of such an investigation are given in this paper. 
Previous tests of the significance of the spinodal by 
kinetic experiments have usually been attempted on 
transformations involving changes in lattice as well 
as in composition. 

Exchange transformations often lead to modulated 
structures. A solid-solution model recently proposed‘® 
for inhomogeneous systems seems capable of explain- 
the 
the available experimental information on modulated 


ing formation of such structures. However, 
structures was not sufficient for a thorough test of the 
model. The X-ray data to be presented in this paper 
on the exchange transformation in Cu—Ni-Fe alloys 


will be used for such a test. 


2. EXPERIMENTAL DETAILS 

Although the relevant nucleation theories have been 
worked out for binary alloys, it was found advan- 
tageous to study the ternary system Cu-—Ni-Fe for 
present purposes. This system has a miscibility gap 
with tie-lines that point almost toward the copper 
corner in the phase diagram. A series of alloys were 
prepared, having their compositions on a_ binary 


section through this corner and through the point 


Ni, ,Fe,., on the opposite side of the ternary diagram. 


They could thus be considered as binary alloys in the 
quasi-binary system Cu-M where M 


Ni, 7Fey.3 (Fig. 1) and they will be treated as such in 


stands for 


the following discussion. The stable phases within the 
miscibility gap, as well as the parent solid solution, 
are all f.c.c. 

The alloys were vacuum melted from carbonyl 
nickel, spectrographic copper and a specially purified 
iron received here from Battelle Memorial Institute. 
The melts were chill cast under vacuum in a copper 
mold to minimize segregation. The castings (5 mm in 


dia.) were vacuum sealed in separate tubes of Vycor, 


MODULATED 


theory of 


STRUCTI 


Solubil ty limit 
Spinodal 


ABC E 
00.1 0203 04050607 080910 
Cu Composition, x Nio7Feos 


Fic. 1. 


experiments 


Compositions and temperatures of annealing 
Miscibility 
approximation of the nearest 


10del 


gap and spinodal alculated 
according to first 
neighbor n 


homogenized at 950°C for 10 days, and quenched into 
brine by breaking the Vycor tubes under the liquid 
surface. The alloys were then ground into powder 
with a carborundum wheel, and separated magneti 
cally from contaminating carborundum. The metallic 


through a 325-mesh sieve was 


X-ray 


powder was used for chemical analysis, Table | 


powder passing 


selected for the experiments and coarse! 

Quartz capillaries of about 0.7 mm o.d. and 0.4 mm 
i.d. were filled with metallic powder to a length of 
about 7 mm and sealed under an atmosphere of 50 mm 
helium. These capsules were dropped down into a 
quartz tube in a furnace held at a temperature 100°C 
After 


a solution treatment of about 2 hr at temperature the 


above the peak (1116°K) of the miscibility gap 


capillaries were slid into another quartz tube leading 
held 


temperature within the miscibility gap 


into a second furnace at a predetermined 
The samples 
lengths of 


The 


thin capsules could then be broken and the metallic 


were allowed to transform for different 


time, after which they were quenched into brine 


powder, which had sintered into a rod, was examined 
by X-rays in a 19-cm Debye—Scherrer camera. An 
exposure time of 4 hr was usually adopted 


TABLE 1, Compositions of alloys (at 
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1.0 
0.9 + x AK. 
O07 eye + x AQ @ 
\ 
\ 
\ 
. 0.5 \ 
\ 
j \ 
> 0.3 \ 
\ 
2 \ 
= 
x 
0.1 
Alloy N 
| 84.4 1.6 
B 79.7 14,2 6.1 
( 74.3 18.0 
kK 64.4 24.8 10.8 
KF 56.0 30.7 13.3 
G 18.3 36.6 15.1 
H 39.6 $2.2 18.2 
/ 33.8 16.2 20.0 
J 24.9 53.0 22.1 
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TABLE 2. Wavelength, in number of atomic planes for several alloys 


Transformation Time 


temp. (min) 


1111 60 


1100 


LOSO 


bo bo bo bo 


114 
136 
174 


(370) 


1003 


60 136) 
240 (220) 


720 (290) 


0 98 

240 120 

960 126 

2880 136 

LLSS80O 238 
0 


LISSO 


662 18720 


No satellites 


Values in parentheses are uncertain because of lack of resolution between satellite and Bragg reflection. 


It was known from previous work'*) that the 
decomposition of these alloys within the miscibility 
gap gives rise to so-called side-bands, or satellites to 


X-ray 


closer to the main reflections as the transformation 


the main reflections. These side-bands move 
proceeds, and the reaction can thus be followed by 
studying the distance between each pair of side-bands. 


Most of the present measurements were made on the 


(200) pair of side-bands. The evolution of the side- 


bands was examined as a function of time, temperature 
and composition. 
The data obtained were evaluated by means of the 


Daniel—Lipson relation‘® 


L = tan 6/{h? I?) - 66] (1) 


where @ is the angle of the Bragg reflection (h, k, 1) and 
60 is the difference in angle between the center of a 


side-band and its Bragg reflection. JZ is a distance 


expressed in number of unit cells in the [100] direction. 
toc., += 


expressed in number of atomic planes. The physical 


For where / is the same distance 
significance of L and / will be discussed in Section 3.1. 
All the measured data are compiled in Table 2 in 
terms of /, together with values extrapolated to zero 
time of transformation by the method shown in Fig. 2. 
The /-values yielded by this method are fairly close to 
the first values actually observed, and were taken as 
representative of the first structure to form on trans- 
formation. 

The distance between a satellite and its Bragg 
reflection could not be measured very accurately with 
because of the 
Due to this effect, 
it is estimated that the uncertainty in the /-values in 
Table 2 is at least +2 for / 100, +7 for 1 = 200 and 
+15 for / = 300, the variation with magnitude of 1 


the present technique, mainly 


appreciable width of the satellite. 


538 
(1000) 
|| 0 96 
0.17 112 
0.5 122 
2 150 
7 0 | 
O.15 
0.5 10 
12 
LO50 0 78 62 54 54 
0.2 74 
0.5 L100 72 SS 
2 118 104 L100 
16 7 256 180 140 144 
|| 0 96 68 56 46 16 46 
0.33 76 68 
1.5 122 94 90 74 76 70 
5 126 140 118 102 9? 90 90 
16 202 202 15d 138 118 114 120 Vol. $ 
30 256 220 162 136 140 148 1961 
180 300 204 204 222 
895 0 100 x? 68 56 44 14 44 44 
116 102 86 76 64 68 
146 122 108 100 SS 82 86 82 
162 152 156 138 122 114 120 108 
Pe 242 242 186 168 i48 144 148 144 
S00 76 68 64 50 16 42? 42 42? 
82 78 62 60 
88 68 60 
104 94 88 S6 70 68 72 74 
124 118 106 94 S84 8S SS S84 
156 162 152 128 122 120 120 120 
720 40 
56 
72 
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AND 


Wave Length, £, in Atomic Planes 


= 
20 
/2 


ng Time, Minutes 


Fic. 2. Parabolic plot of growth of wavelength. 


being caused by the reciprocal relationship between / 
66. In the 
particularly difficult because the side-bands could 
the 


The corresponding /-values are given in 


and some measurements were 


cases, 


hardly be distinguished from main Bragg 
reflection. 
parentheses in Table 2. 

After relatively long reaction times, the side-bands 
develop into sharp reflections characteristic of two 


f.c.t. phases (Fig. 3), one copper-rich and the other 


copper-poor, which are tetragonal instead of cubic 


because of coherency. Eventually, the coherency is 
lost and the two transformation products become 
f.c.c. The latter compositions were evaluated, using 
the relation between lattice parameter and composition 
determined by Bradley et al... In this way, the binary 


Positions of Lines for 
Coherent Tetragonal 
Phases 


Intensity / V 


Main Line 


2.00 
Distance in Reciprocal Lattice 
Fic. 3. Calculated intensity distribution in side bands 


for asymmetric alloy. v is the number of Guinier zones 
of the type shown in Fig. 4, situated one after the other, 
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the 


was found 


section through ternary 
that in 


miscibility gap had almost the same shape as pre- 


phase diagram was 


determined; it this section the 
dicted by the zeroth and first approximations of the 
nearest-neighbor model for binary solutions (the latter 
sometimes called the quasi-chemical theory). Only a 
slight asymmetry was found. The peak of the gap was 
located at 1116°K and 53 at Because of 
this unusually safely 
assume that the interaction energy in the nearest 


copper. 
good symmetry, one may 
neighbor model is independent of composition and 
temperature for this system 
bility 
calculation is shown in Fig. 1. 

1 indicates all the 


The symmetric misci 


gap according to the first-approximation 


Figure compositions and 
temperatures at which the development of the side- 
bands was studied. Each point usually represents a 
The check 
found 


tual 


series of four different annealing times 
Was 


the 


where no reaction 


fall outside 
reflect the 


marks indicate runs 
These conditions probably 
miscibility gap, and thus very slight 


asymmetry mentioned above 


3. DISCUSSION 
X-ray theory of side hands 


It was first observed by Bradley 10) that some 
Cu—Ni-Fe alloys, which are solution treated at a high 
temperature and then aged inside the miscibility gap, 
develop satellites or side hands to the Bragg reflections 
during the early stage of precipitation, Daniel and 
Lipson suggested that the side-bands were caused 
by a periodic variation or modulation in composition 
along a cube axis of the lattice, resulting in a corre 
sponding variation of the lattice spacing. (There is 


X-ray 


power, which can be neglected for practical purposes 


also a periodic variation of the scattering 


because the three components Cu, Ni and Fe are 
nearly alike in this respect.) Daniel and Lipson showed 
that the distance in re iprocal space between the 
side-bands and the main reflection should be equal to 
L/L the 


variation expressed in number of unit cells 


where ZL is the wavelength of periodic 
Accord 
ingly, the observation that the side-bands move closet 
to the the 


indicates 


reaction 


the 


reflection as 
the 


main 
that 


pro¢ eeds 
wavelength of modulation 
increases during annealing 


side- 


Hargreaves calculated the intensities of the 
bands for a periodic model in which regions of a 
definite composition alternate with regions of another 
composition He assumed that (a) these “lamellae’’ 
were all of the same thickness (i.e. the composition of 
the regions was symmetric with respect to the mean 


composition of the alloy) and (b) the alternating 


Hi 
895°K 
A 
| | 
- | 
| 
| | 
| 
961 q 
| 
4 
| 
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compositions were identical to the compositions of the 
two stable phases obtained after very long annealing. 
As a consequence, Hargreaves’ calculation could apply 
only to the symmetric alloy at the center of the 
miscibility gap. He found experimentally that the 
two side-bands of a main reflection are different in 
intensity when the alloy composition is asymmetric, 
and suggested that this is due to the difference in 
thickness of the alternating regions. On the basis of this 
model, Balli and Zakharova"*) were able to compute 
the asymmetry of the side-bands from the asymmetry 
of the alloy composition, and concluded that the 
side-band asymmetry should increase as the wave- 
length of the periodic structure grows on anneal- 
ing; this was verified experimentally. The formation 
of periodic structures in Cu-Ni-Fe alloys has also been 
Kneller"® using 
Newkirk" in- 


alloy but 


demonstrated by Biedermann and 


electron microscopy. Geisler and 


vestigated a coppel nickel—cobalt their 
work showed that the tetragonal phases were already 


The 


decomposition in the copper—nickel-iron alloys used 


present in the as-quenched alloy. 


in this investigation are evidently sufficiently slow 


to allow a study of the kinetics of the earlier stages of 


decomposition. A comprehensive review of the 
subject of modulated structures has been published 
recently by Guinier®®, 

However, Guinier™® pointed out that the observed 
side-bands have an appreciable width whereas a 
periodic structure should result in sharp satellites. In 
for the width, he that 


formed in the homogeneous 


order to account suggested 


isolated zones were 
matrix, each zone comprising a central lamella of one 
composition between two lamellae of another com- 
In this model (Fig. 4), the distance of the 
the 


proportional to the width of the zone, ZL in unit cells or 


position. 


side-bands from main reflection is inversely 
/ in atomic planes. 

The case of a finite number of Guinier zones like the 
Fig. 4, 


homogeneous matrix was treated by one of the present 


one in situated one after another within a 
authors. The following expression was found for the 
part of the (17) 
denoted G(R): 


structure factor which James has 


sin 7 RaN sin 7 Ralv sin 7 Ralv 


sin 7 Ra sin 7 Ra 


G( R) 
SIN Ral 


sin 7 Ral 2b(1 


lsin 


sin 


| 


sin 7 


sin 7 Ra 2c(1 


sin 7 Ra(1 


kinetics of 
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Composition 
4 
| 


Lattice 


Lattice Spacing=a- (!—€,) 


‘Lattice Spacing=oa 
i2C o~ b ~ 
i 4 4 ~ 
Number ot Atomic Planes,n 

Fic. 4. Model of Guinier zone in an asymmetric alloy. 
R is the vector in reciprocal space, N is the total 
number of planes in the system and v is the number of 
Guinier zones. 
Fig. 4. 
proportional to G(R), 


The other quantities are defined by 
The amplitude of the scattered X-radiation is 
and the intensity is simply 
obtained as the square of the amplitude since it has no 
part. <A the 
vicinity of the (200)-reflection for the case Ey 0.02, 
& = 0.002, | = 44, b = 20, ¢ 


Fig. 3 presents the calculated 


imaginary calculation was made in 


2 and v = 1, 2, 3 or 
infinity, respectively. 
intensities divided by v? in order to facilitate a com- 
parison among the different v values. 

Apparently not being aware of the work by Balli 
and Zakharova"), Tiedema et al.“® also treated the 
asymmetric model suggested by Hargreaves"). Their 
calculation again confirmed that the asymmetry of the 
side-bands is due to the asymmetry of the alloy 


When considering Guinier’s model,“® 


composition. 
they concluded that the latter should predict an 
appreciable diffuse intensity between the two side- 
bands. This has not been observed experimentally 
and, as a consequence, they discarded Guinier’s model 
for explaining the observed side-bands. However, the 
expression for G(#) in equation (2) does not give a 
diffuse intensity of this kind, as demonstrated in 
Fig. 3. 


effect of the second term, 


It may be that Tiedema et al. neglected the 
sin 7 Ralv/sin 7 Ra, in the 
expression for G() and there appears to be no 


reason for discarding Guinier’s model on these grounds. 


3.2. Theories of formation of modulated structures 


The periodic model was originally suggested by 
Daniel and Lipson‘®*) for the purpose of explaining the 
side-bands, rather than for elucidating the transforma- 
tion characteristics of systems giving rise to this kind 
of X-ray scattering. Guinier“® pointed out two 
shortcomings of the model. First, it predicts sharp 
satellites whereas the observed side-bands are quite 
broad. Secondly, in terms of the periodic model, the 
the the 


reflection on continued aging would imply a drastic 


movement of side-bands toward main 
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rearrangement of the component atoms as the wave- 
length increases. This process seems most unlikely. 
Instead, Guinier put forward the zone model which 
accounts for the width of the side-bands. 
to this model, the transformation starts at widely 
separated positions only, resulting in individual zones, 
separated by the unchanged matrix. The movement 
of the side-bands then implies that the width of the 
individual zones increases with continued reaction, a 
process which is readily visualized and can be com- 
pared with the growth of a precipitate particle. The 
central lamella in Fig. 4 is thus equivalent to a particle 
and the two side-lamellae are equivalent to the 
depleted regions of matrix surrounding the particle. 
Material can thus be expected to diffuse from the rest 
of the 
from them be 


matrix down-hill into the side-lamellae and 
transferred into the central lamella at 
its boundary, thus causing an increase of its width. 
On the other hand, the Guinier model does not account 
for the original formation of a zone, or predict its 
initial width. 

A solid-solution model for inhomogeneous systems, 


that 


(6) 


presented in a preceding paper, indicates 
periodic structures are in fact metastable states. In 
the light of this model, the formation of periodic 
natural. <A 


treatment based on the solid-solution model was also 


structures thus seems quite kinetic 


developed and was found to yield specific information 


about the characteristics of an exchange transfor- 
mation such as is involved here. It predicts that the 
complete matrix can be transformed spontaneously, 
The average 
the 


proceeds. Hence, this model is able to account for the 


giving a wide spectrum of wavelengths. 
wavelength increases progressively as reaction 
behavior of the side-bands. In order to test the model 
more critically, one should examine in detail (a) the 
variation with composition and temperature of the 
average wavelength in the first stage of transformation, 
and (b) the kinetics of growth of the average wave- 
length. This test will be undertaken in subsequent 
sections. 

The further development of a Guinier zone can also 
be calculated’® by means of the kinetic treatment just 
described, and for the symmetric alloy composition it 
that a 
formation of a 


was found Guinier zone should induce the 


periodic structure with rather 
uniform wavelength which, in turn, should give rise to 
quite sharp side-bands. The explanation of this 
situation is that a local fluctuation will give rise to 
up-hill diffusion if the alloy composition is within the 
This fact 


Guinier when he described the development of a zone 


spinodal. was not taken into account by 


and, as a consequence, the growth in width of an 


9° 
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individual zone, as suggested by Guinier. can be 


operative outside the spinodal only, where the side- 
lamellae can receive material by down-hill diffusion 
from the rest of the matrix. For compositions within 


the spinodal, the Guinier model instead provides a 


possible mechanism for the formation of the periodic 


The 


which predicts a 


Daniel and 


kinetic model, on the other hand 


structure suggested by Lipson 
periodic structure with a spectrum of wavelengths, is 
applicable both inside and outside the spinodal, just 
so long as there is no effective barrier to nucleation 
This condition is certainly realized inside the spinodal, 
and probably in a considerable part of the miscibility 
gap outside the spinodal where the barrier is relatively) 
low. Close to the solubility limit, however, there 
should be a range of compositions where the nucleation 
barrier is of appreciable height. In this region, the 


Guinier model might be applicable, whereas the 
kinetic model would be appropriate for the rest of the 
gap As a 


transtormation 


miscibility consequence the mode of 


may be intimately related to the 


nucleation process, and it would be of considerable 


interest to establish the different regions where the 


two models apply 


3 3. Kinetics 
The 


Guinier 


increase during aging of zone width in the 


model can be compared with the sic Ways 


growth (or thickening) of a_plate-lik precipitate, 


which leads to a kinetic equation ot the form 


with the value Mi 2 The quantity / clk notes the 


width of the zone when first formed and ¢, the time of 

its formation 
On the other 

length, /, 


compared with general coalescence because it merely 


hand 


according to 


the increase in 


the 


iveravt 
kinetic model Ci 
amount of interfacial 


different 


involves a decrease of the 


area between regions of compositions 


Greenwood 19 has analvsed the coal. ot 


spherical particles, assuming that the process is 


diffusion-controlled, and has derived a kinetic equation 


of the same form as equation (3) but with the value 


m 3. In this case, / stands for the mean radius of 


the particles It seems reasonable to assume that the 


growth of the lamellar wavelength in the present 
situation can be fairly well described by equation (3) 
and an evaluation of the exponent m might give 


the 


some 


important information concerning mode of 


transformation 


Unfortunately, m cannot be rigorously obtained 


1™/k is 


from equation (3) unless the value of 
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Fic. 5. Logarithmic plot of growth of wavelength. 

known. However, this quantity can be neglected for 
measurements at reaction times much larger than to, 
and a plot of log / versus log ¢t can be used to evaluate 
m. Fig. 5 presents a typical plot of this kind for a 
temperature of 895°K, giving m 4.8 for all the alloys. 
The three vertical ranges marked close to the ordinate 
axis represent the uncertainty in the data according 
In view of this uncertainty, the measured 
alloys 


lines in 


to Section 2. 


values for the six are satisfactorily 


represented by straight accordance with 
equation (3). It may be noted that the first measure- 
ment for each alloy also falls close to its straight line, 
indicating that the neglected quantity ¢, — 1,”/k is 
much smaller than the time of the first measurement. 
B and (C, the data 


widely about the straight lines shown and thus provide 


For the alloys A, scatter more 
no real evidence for the applicability of equation (3). 
Nevertheless, if one assumes that it holds for these 
alloys as well as for the others, the m value comes out 
to be of the same magnitude for all compositions 
studied. When the data at the several temperatures 
are analysed, the plots comply with equation (3) with 
m values lying between 4 and 5. 

The m values thus obtained are too large for the 
Guinier model but come closer to the kinetic model. 
It should be emphasized, however, that the measure- 
ments on alloys very near the solubility limit were 
difficult to carry out, and the development of the 
side-bands could not be followed long enough under 
these conditions to make the results conclusive in this 
range. 
coalescence 


the 


the 
that 


distribution of particle size always existed at any 


treatment of 
(19) 


In his process, 


Greenwood assumed same relative 


stage of the process. This is not a valid assumption in 


the present case because it is observed that the side- 
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bands sharpen as the reaction continues, indicating that 
the spectrum of wavelengths becomes more and more 
narrow. In the beginning, the width of the satellites 
1 in Fig. 3; later, the 
decrease in width corresponds to v = 2 or 3. This 


situation may lead to a more serious competition among 


corresponds to the value v 


the remaining wavelengths. Thus, the growth rate of ! 
at any stage may be a function not only of the 
average value of the wavelength as demanded by 
equation (3), but also of the momentary distribution 
of wavelengths, which in turn depends on how much 
the average wavelength has increased from its initial 
value, i.e. | l Consequently, it is possible that the 
of the be better 


described by an equation of the form 


growth process wavelength may 


where n is a measure of the extent to which the growth 
is retarded by the spectrum of wavelengths becoming 
too harrow as the process proceeds. 

On comparing equation (4) with the experimental 
that 
required for a determination of the two constants m 


results, it was found very accurate data are 


and ». The findings can be equally well accounted 


n 2, m 0 (which was utilized for extra- 


for by 
polation purpose in Fig. 2) and x l,m l as well 
4 or 5 (Fig. 5). Thus, although the 


previous value of m 4 or 5 may be characteristic of 


as i O. m 


a coalescence process in a modulated structure, as 
already discussed, it is also possible that the process 
is at least partly controlled by the availability of a 
In any event, the data cannot 


the 


range of wavelengths. 
this 


because the sideways growth of a zone is not dependent 


be reconciled in way with Guinier model 


on the availability of a range of wavelengths. Hence, 
that the 


applicable in the region of temperature and com- 


one may conclude Guinier model is not 


position examined in this study. 
3.4. Activation ene rgy 
The preceding analysis of the isothermal growth in 


conclusions to be 
the 


wavelength does not allow any 
the details of 


although it seems to favor the kinetic model. It is 


drawn concerning mechanism 


often useful to evaluate an activation energy for the 


process, which can be done in the following way. For 


an isothermal reaction, there must be a relationship 
between time of reaction, t, the temperature, 7', and 
the extent of reaction, the latter being here defined by 
It is 


relation can be represented by the equation: 


the wavelength, /. usually assumed that this 


ui. f())- exp (Q RT) (5) 
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where all the temperature dependence is accounted for 
in terms of the activation energy, Y. On the other 
hand, if one chooses to identify the activation energy 
for the 


rate-controlling mechanism (for instance, diffusion), 


of the reaction with the activation energy 


it may be advantageous to take into account the 


temperature dependence of the free-energy change, 
AF, by writing: 
T) = f()- AF(T) - exp (Q/RT) (6) 
which gives for a specified value of /: 
AF(T) 
AF(T,) 


t(l, T’) 
t(l, 
where 7’, is any reference temperature (here taken as 
S00°K). 


The first term in equation (7) was determined by 


0 


plotting log / versus log ¢ for each temperature and 
composition, and noting how much each curve had to 
be displaced along the log t-axis in order to achieve 
the best possible coincidence with the 800°K-curve for 
the same alloy. 

The driving force for the reaction which enters in 
the second term of equation (7) can be regarded as the 
the 
The 


specific interfacial energy is not known experimentally 


decrease in interfacial energy accompanying 


growth in wavelength of the lamellar structure. 


but can be evaluated theoretically from the various 
models that have been proposed. Since only the ratio 
AF(T)/AF( T’,) enters, the simple model of coherent 
Becker™ 


sufficient for evaluating the second term of equation 


interfaces proposed by was considered 


(7). According to this treatment, the interfacial energy 


Alloy 


T T 
Point of Reference (800°K) @ 4 
| 
| 
| 


E 
F 
G 


H 
I 


Activation Energy 66 Kcal/ mol 


Left-hand Side of Eq.(7) 


Fic. 6. 
of wavelength of modulated 
alloys. 


Evaluation of activation energy for the growth 
structure in Cu-Ni—Fe 


MODULATED 


STRUCTUI 


—O— Alloy F, 


Exptl 


Alloy F, Calculated 


1.3 from Activation Energy 66 Kcai/mol 


-| | 2 3 
Log Time (Minutes) for First Appearance of Side-Bands 


Kia. 7. C-curve for first stage of transformation 


is proportion il to (Ax)? where Ax is the width of the 
The second term of equation (7) was 
Ax(T)/Ax(T,)]. As an 


1050°K, when the reference temperature 7 


mis¢ ibility gap 


thus caleulated as 2 - log 


example, this quantity was |] and 
O.6at 7 


was taken as SOO°K 


The left-hand side of equation (7) 


is plotted versus 1/7’ in Fig. 6, and the straight line 
drawn through the points has a slope corresponding to 
of 66 keal/mole. It is worth 


10 keal 


(5) had been 


an activation energy 
noting that the value would have come out 


mole lower if the more primitive equation 


used instead of equation (6) or (7). 

The activation energy for diffusion in the Cu—Ni-Fe 
system has been determined by Daniel’ as 66 keal 
mole. Therefore, it seems reasonable to assume that 
the growth of the wavelength is controlled by diffusion, 
which is in accordance with the kinetic model 

It was also of considerable interest to evaluate the 
activation energy for the very first detectable stage of 
could have a 


Although 
the shortest 


reaction since this hearing on the 


nucleation process these measurements 
reaction 
plotted 


7 and s 


were not time ol 
that 


logarithmically versus 1/7’ as shown in Figs 


very precise 


produced detectable side-bands was 
for two of the alloys. At low temperatures, these data 
seem to fall on a straight line corresponding to an 
apparent activation energy of 55 kcal/mole. However, 
the temperature dependence of the free-energy change 
should be taken into account as before, and the 
shortest time of reaction should thus be expected to be 
proportional to AF -exp(Q/RT). This 


was evaluated for alloy F that Q = 66 
keal/mole and that AF is the difference in free energy 


expression 


assuming 
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Fic. 8. C-curve for first stage of transformation 


in alloy C, 


between the initial (one-phase state) and the equili- 
brium (two-phase) state. The zeroth approximation 
for solid solutions was used for this calculation. 

The variation with temperature of the wavelength, 
and consequently the diffusion distance, should also 
be taken into account, but this effect was quite small 
in the present investigation. 

The result for alloy F is represented in Fig. 7 by the 
dashed curve which has been displaced laterally to 
give the best fit with the experimental points, since 
the proportionality constant between ¢ and AF - exp 
(Q/RT) is not known 


over the entire temperature range. This indicates that 


The agreement is quite good 


the nucleating process in this alloy is SO rapid at all 
temperatures that the time of appearance for the 
side-bands is mainly dependent on a growth process 
controlled by the same diffusion mechanism as the 
subsequent growth of wavelength, which also gave 
= 66 keal. 

This finding is not surprising for alloy F because it 
falls within the spinodal as soon as it is quenched 
inside the miscibility gap, and there should be no 
barrier to nucleation. Possibly, a different result 
might be expected at the higher temperatures for 
alloy C, which does not enter within the spinodal until 
below 1000/7' 
the experimental points for alloy C do not indicate the 
the 


spinodal, suggesting that the nucleation step is still 


However, as shown in Fig. 8, 


presence of any retarding factor just above 
rapid enough to be obscured by the growth process 
This result 
the 


before the side-bands become detectable. 


is in full agreement with the conclusion in 
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preceding section that the Guinier model is not 


operative here. It also lends further support to the 


kinetic model, which is effective when the activation 
energy barrier for nucleation is low or absent. One 
may conclude that the spinodal is of little significance 
in this exchange transformation. 
The the 
nucleation goes to zero for a certain alloy composition 
identified?) the 


temperature of the transformation curve or even with 


temperature where free energy of 


has previously been with nose 
a temperature below the nose. This does not seem 
justified in view of the fact that the entire C-shape of 
for the 


the dashed curve in Fig. 7 was calculated 


srowth process alone. 


3.5. Initial wavele ngth 

The initial wavelength. or more properly the average 
wavelength of the first transformation product, is of 
the 


certain 


special interest because kinetic model is in 


principle capable, under conditions, of 
predicting the magnitude of this quantity as well as 
its variation with temperature and composition.‘ 
This is why the initial wavelength was evaluated by 
extrapolation in Fig. 2 and presented in Table 2. 

A comparison of the initial wavelengths as obtained 
experimentally and from the kinetic model showed 
considerable discrepancy, the experimental values 
being higher than the predicted quantities. Unfortu- 
nately, such comparisons are not decisive because: 

(1) The method of extrapolation used for evaluating 
the initial wavelength is not justified on any theoretical 


grounds but was chosen because it yielded values 


fairly close to the first wavelength actually observed. 


A less conservative method of extrapolation would 
vield values closer to the predicted quantities. It 
appears that this point can only be clarified by more 
precise experimental techniques which would allow 
the 


transformation. 


observation of satellites at an earlier stage of 


(2) Table 2 and Figs. 7 and 8 show that the reaction 
is very rapid at high temperatures, suggesting that the 
exchange transformation starts during the quench 
before the predetermined reaction temperature has 
been reached. The initial /-values, as measured, may 
thus be characteristic of a higher temperature. 

(3) The predictions from the kinetic model are 
based on an interaction vy, which has been 
evaluated from the shape of the miscibility gap, 
applying the 
However, there is a difference in atomic size among 


energy 


nearest-neighbor interaction model. 
the components in the Cu-Ni-Fe system, giving rise 
to strains during the early stages of transformation. 
These strains are reduced in the final state where the 


| 
| 
1.4 
| 
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alloy contains large regions of the two equilibrium 


phases. Consequently, the ‘“‘effective’’ » may be 


smaller at the beginning of transformation than 
indicated by the shape of the miscibility gap in the 
equilibrium diagram. 

Therefore, it does not appear possible at present to 
base a test of the kinetic model on the magnitude of 
the initial wavelength. It may be more appropriate 
instead to examine the variation of the initial wave- 
length with temperature and composition. This is 
done in Figs. 9 and 10. The measured wavelength is 
here compared with the optimum wavelength, [o),, 
defined as the wavelength which maximizes the ratio 
between free-energy change and diffusion distance.‘® 
This calculation is much easier to carry out than one 
based directly on the kinetic model. In principle, Joy, 
is expected to show the same variation with tempera- 
ture and composition as the kinetic model would 
predict ‘ 

From Figs. 9 and 10, it is found that the variation 
with temperature and composition is roughly in 
agreement with theory, the main point being that 
there is no sharp change at the spinodal compositions 
(x = 0.34 and 0.66) in Fig. 10. 


as well as the findings in Section 3.4, it appears that 


In view of this fact 


the kinetic model offers a fairly good description of 


the early stages of transformation in Cu-—Ni-Fe 


alloy S. 
4. SUMMARY 


Two models for the formation of modulated 


exchange reactions have 
that the 


model should be operative only outside the spinodal 


structures resulting from 


been discussed. It is concluded Guinier 


and only when there is an appreciable activation 
energy for nucleation. The kinetic model should be 
operative when the activation barrier is low or absent, 
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Fic. 9. Variation of initial wavelength with tem- 
perature in alloy F', compared with calculated optimum 
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whether the alloy composition is outside or inside the 
spinodal. 
The 


describing the progressive increase of wavelength on 


value of the exponent m in the equation 


annealing favors the kinetic model in the complete 
range of compositions and temperatures examined 
The activation energy for the reaction, evaluated for 
the very first detectable stage of reaction as well as for 
the subsequent increase of wavelength, indicates that 
both these stages are diffusion-controlled in accordance 
with the kinetic model. This implies that there is no 
effective barrier to nucleation in these experiments 
The transformations were studied on both sides of the 
spinodal and it thus appears that the spinodal is of no 
real significance with regard to nucleation in this type 
of transformation. 

The initial wavelength is large! than predicted by 
the kinetic model. The discrepancy may be explained 


by a number of factors, but the variation of initial 


wavelength with temperature and composition is in 
general agreement with the kinetic model 
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QUENCHED-IN VACANCIES AND QUENCHING STRAINS IN GOLD* 
J. TAKAMURA*+ 


The contraction in length of quenched gold specimens was observed during annealing at room tempera 
ture and was interpreted in terms of vacancies, The concentration of quenched-in vacancies can be given 
by C AV,/Va (A/x) exp (—E,/kT',), where AV,/V is the total fractional-volume change deduced 
from the length measurement, « the fractional volume of a vacancy, E, the formation energy and 7’, 
the temperature from which the quench was made. Experimentally, the values of A and F, vary with 
the specimen radius 7 as A A, exp (—ar*) and E, E,, br?, where A, 1.39 and Ey 0.98 e\ 
for the ideal case of r 0 with the quenching rate infinitely large and no quenching strain. Using the 
experimental value of A, and the published data for the pre-exponential coefficient, A/x, the volume of 
a vacancy, «, is derived to be 0.43 or 0.56, depending upon the resistivity increase per | at vacancies 
is taken as 1.4 or 1.8 “Q em, respectively Ascribing the total contraction observed to the disappearance 
of excess vacancies, the concentration of vacancies caused by quenching strains was calculated; it was 
found to be quite large for thicker specimens The energy for the motion of vacancies was also found to 
decrease with increasing specimen radius as Ly Ey, mr*, where Ey O.83 eV. Variation of the 
vacancy half-life time for a given annealing temperature but with different quenching temperature 


specimen sizes was also observed. 


LACUNES GELEES ET DEFORMATION AU COURS DE LA TREMPE DANS L 

L’auteur a observé la contraction longitudinak d'échantillons « 
température ambiante et linterpréte en fonction de la théorie des las 
gelées peut étre donnée par C AV,/V« (A/a) 
totale du volume fractionnaire déduite de la mesure de la longueur, 
lacune, EL, lénergie de formation et T'9 la température & partir d 
Expérimentalement, les valeurs de A et Hy, varient avec le rayon 
exp ( ar”) et Ey, oft 1.39 et Ey, 0.98 e\ pour le cas 
vitesse de trempe est infiment grande et qu ‘il n’existe pas de déformation 
valeur expérimentale de A, et les données existantes pour le coefficient, A 
est alors de 0,43 ou 0,56, selon que augmentation de résistivité par pour 
choisi égal a 1,4 ou 1,8 442 em. Sil’on attribue la contraction totale a la dis 
on peut calculer la concentration des lacunes résultant des déformation 
celle cl est beaucoup plus grande pou! des échantillons epals energt 
décroit également lorsque le rayon de Véchantillon s’accroit comm« 
0.83 eV. La variation de la durée de demi-vie de la lacune pour une 
mais pour des températures de trempe différentes et des dimensions d’¢ 


également observée. 


EINGEFRORENE LEERSTELLEN UND ABSCHRECKVERFORMUNG VON 

Die Langenabnahme abgeschreckter Goldproben wurde wiahrend 
beobachtet und auf Leerstellen zurickgefiihrt. Die Konzentration eings 
durch AV,|Va dabei ist AV,/V di 
aus der Langenanderung bestimmt, x der Volumbruchteil einer Leet 
Te 
mit dem Probenradius r A 1, exp ar?) und 
0.98 eV fiir den Idealfall r 0 mit unendlich hoher Abschreckges 


Abschreckverformungen. Nimmt man den experimentellen Wert 


die Temperatur, von der abgeschreckt wurd Experimentell andern 


Angaben fiir den praexponentiellen Faktor A/x, so ergibt sich das Vol 
0.56, je nachdem, ob man fiir die Widerstandszunahme pro Aton 
uQemnimmt. Unter der Annahme, daB die gesamte Langenabnah: 
leerstellen herriihrt, wurde die von den Abschreckverformungen 

tion berechnet; fiir dickere Proben ergab sie sich recht groB Aue 
stellen nahm mit zunehmendem Probenradius ab gemaB FE y I 

die Halbwerts-Lebenszeit anderte sich bei gegebener Gliitemp: 


temperaturen und ProbengréBen. 


INTRODUCTION in thermal equilibrium at the high temperature 


The rapid quenching of a metal from a high tem- Since the presence of vacancies should contribute to 


perature can be used to freeze-in large numbers of the volume expansion, it would be expected that a 


point defects, and in particular vacancies, which are metal into which excess vacancies have been frozen-in 
by quenching would contract in dimensions while the 


* Rere ( OG 

* Received July 19, 1960 excess vacancies are being eliminated during sub 

* Institute for the study of Metals, University of Chicago. 
Now at: Dept. of Metallurgy, Kyoto University, Japan. 
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sequent annealing. With this in mind, we have carried 
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out length measurements on a few face-centered cubic 
metals after quenching and annealing treatments. 
Some of the results have been reported previously.“ 

The purpose of the present paper is to describe 
length measurements on gold that lead to the evalua- 
the 


equilibrium and also to the activation energies for the 


tion of concentration of vacancies in thermal 


formation and for the motion of vacancies and the 


volume of formation of a vacancy. Special con- 
sideration is given to the effect of specimen size, in- 
cluding its influence on quenching strains, a factor 
which has not been given detailed consideration by 
other investigators. 


Although 


quenching of 


most of the previous works on the 


electrical resistance, 


that the length of a 


gold were with 


Bauerle and Koehler’ found 
quenched specimen diminishes during annealing in 


has also examined the change in thickness and resistiv- 


exactly the same manner as the resistivity. 


ity of thin gold films deposited in vacuum, with an 


X-ray interference method, observing a similar effect. 


Resistivity measurements for gold have been also 


Koehler™, Lazarev and 
Kauffman! 


gold 


reported by De Sorbo. Their results W ill he compared 


made by Kauffman and 
Bradshaw and 


Most 


have 


Ovcharenko™, Bauerle 
Meshii 


calorimetric 


Pearson’ and and 


recently studies for been 


with the present data. 


EXPERIMENTAL PROCEDURE 
Polycrystalline gold rods 
of | 


the specimens. 


per cent purity) 
3mm diameter and 100 mm length were used for 
The 
Quenching was done by the method of allowing the 
tube 


grain size was |mm or less. 


specimen, suspended in a furnace, to drop 


vertically onto a soft support of glass wool in a 


quenching bath. Iced-brine at LO°C was used as the 


quenching medium. Before quenching, specimens 
were heated to a temperature just below the melting 
point and then cooled slowly to the quenching tem- 
perature. 

Length measurements were made with an optical 
method, utilizing the differential dilatation between 
quenched and well-annealed specimens which had the 
A schematic 


same length to within a few microns. 
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sketch of the apparatus is shown in Fig. 1. The small- 
est change of length detectable with the apparatus 
was about 0.02 4, which corresponded to a fractional 
change of length of 2 10-7. Measurements were 
done in a well-insulated room in which the temperature 


temperature used for the determination of the mig- 


was constant to The range of annealing 
ration energy of vacancies was 8—30°C. 

It took about 3 min after quenching to set up the 
specimen and to begin the measurement. The amount 
missed 


of contraction prior to the beginning of 


measurement extrapolating the 


the 


was computed by 
the 


logarithmic plot of annealing time versus contraction, 


observed curve to time of 1 min in semi- 
and it was added to the contraction actually observed. 
Thus the computation ignored the amount of con- 
that 


quench, but this was very small. 


traction occurred in the first minute after the 


RESULTS 

The length of quenched specimens diminished on 
isothermal annealing as shown in Figs. 2 and 3. The 
ordinate axis is the fractional change in length and 
the volume change deduced from the change of length, 
assuming that the specimen contracts isotropically. 
Fig. 2 shows the effect of quenching temperature for 
2.0 mm diameter gold rods and Fig. 3 indicates the 
size effect for specimens quenched from around 850°C, 
It is seen that (a) the total amount of contraction 
increases with increasing quenching temperature, (b) 
the total with increasing 


contraction increases also 


diameter for specimens of 2 mm dia. or less, 


(c) the 
rate of contraction on isothermal annealing is affected 
not only by the quenching temperature but also by 
the specimen size, and (d) the rate of contraction is 
rapid initially and then decreases, and later increases 
again. 

If the contraction in length is due to the disappear- 
ance of quenched-in vacancies alone, we can find the 
vacancies, C, from the 


excess concentration of 


following equation 


AV 


E ,|kT 9); (1) 


A exp ( 


where « is the fractional volume of formation of an 
atomic vacancy, A Ver V is the total fractional-volume 


Quenched 
Specimen 


— To Telescope 


Annealed 
Specimen 


And Scale 


\ schematic sketch of the apparatus used for the length measurement, 
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volume hanges versus 


having different d 


Le ngth and 


time for specimens 


change deduced from the length change, Ey, the axis in Fig. 4, we can find the formation energy) 


the 


constant, 7’, the temperature from which the quench 


the pre-exponential coethcient of equation | 
These 


data obtained by 


formation energy of a vacancy, k Soltzmann 


each sper imen diame tel value Are listed in 


Table 1. together with th 


As can be 


previous 


was made and A the coefficient related to the entropy 


from the data of the 


factor. 


Plotting the total contraction logarithmically 
against the reciprocal of the quenching temperature 
reasonably straight lines were obtained below 900°C 
1.5, 2.0 and 


The curve for the 3 mm dia. 


for each specimen diameter of 1.0, 3.0 
mm, as shown in Fig. 4. 
specimen alone differs from the others enough to 
that the 


quenching behavior between the 3mm specimen and 


there must be some difference in 


suggest 


others: actually it was observed that many bubbles 


formed during quenching on the 3 mm dia. specimen, 


indicating the change of heat transfer at the surface of 


specimen. 


From the slope and the intercept on the ordinate 


investigators 
the 
exponential factor vary with the specimen size 
the 


Figure 5 is the plot of the formation energies thus 


present work, the formation energy and pre 


the 
larger diameter, the smaller are these values 
obtained against the square of the specimen radius } 
the 
The 


the 


A reasonably straight line was obtained for 


specimens having diameters of 2mm or le 


value obtained by extrapolating the curve to 


radius. was found to be 0.98 eV. In this figure 
values obtained from electrical measurements on gold 
wires due to Bradshaw and Pearson” and Bauerle and 
Koehler®, are also plotted as triangles and squares 


respectively. It is seen that there is close agreement 
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TABLE | 


Specimen 
diameter 
(mm) 


Authors 


(O.64) 
0.1 
0.41, 0.76 
0.41 
0.38 (slab) 


Kauffman and Koehler‘ 0.41 
Lazarev and Ovcharenko™ 
Bauerle, Klabunde and Koehler 6 
Meshii and Kauffman" 

De Sorbo'® 


Bradshaw and Pearson"? 0.14 


Bauerle and Koehler 


Present work 


* Derived from the resistivity increase for 1 at.°, 


<— Ty (°C) 


800 700 
T 


E,=0.94 eV for LOmm Diam 
0.88 eV for .5mm Diam 
O81 eV for 2.0mm Diam 
0.73 eV for 3.0mm Diam 


T 


T 


XQ 2.0mm Diam 


T 


LOmm Diam 


3.0mm Diam— 


Au(99.999% ) 


0.8 0.9 1.0 
|,000/ Tg 


Kia, 4. Semilogarithmic plot of the total contraction 


for different specimen sizes versus the reciprocal of the 
absolute temperature of quenching. 


between the present results and those obtained for the 
0.14 mm dia. specimen of Bradshaw and Pearson and 
the 0.016 in. dia. specimen of Bauerle and Koehler. 
From Fig. 5, the apparent energy for the formation 
of a vacancy, £,, in eV, can be expressed by the 
equation 

(2) 


where E,, 0.98 eV and b = 0.17 eV mm *. 
Similarly, a relation between the pre-exponential 
coefficient of equation (1) and the specimen size was 


found from the semilogarithmic plot of the coefficient 


Formation 


vacancies to be 1.4 


Migration 
energy 


Ey (eV) 


Pre-exponential 
energy coefficient 


Ep (eV) 


0.68 
0.52 
0.66 


0.7 
0.62—0.7§ 


1.28 
0.79 
02 


0.6—0. 
0.83 
0.71 


0.36 


0.94 
OSS 
O.S8] 


0.73 

10-* Q em. 

against the square of the radius for the specimens 
having diameters of 2 mm or less, as shown in Fig. 6. 


It is given by the equation 


A Ay exp ( ar), (3) 
T T 
© Present Work 
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1.39 anda 157mm. 


(2) and (3), the concentration of excess vacancies in 


where A, Using equations 


equation (1) can be described by 


C = exp (—ar*) exp[—(Ep, — br*)/kT'9]. (4) 


We shall now consider the activation energy for the 
The 


from the semilogarithmic plot of the half-value period 


motion of vacancies. energy was determined 
of the total contraction against the reciprocal of the 
absolute temperature of annealing, using data for the 
It was found that 


the values of the energy were also affected by the 


specimens quenched from 850°C. 


specimen size as indicated in Fig. 7. A relation similar 


to the case of formation energy was obtained, and it is 


described by the equation 


0 


O83 eV. m 0.48 eV for the 


specimen quenched from 850°C. 


where Ey, 

The rate of contraction for a given temperature of 
annealing was also affected by the quenching tem- 
the semi- 


the 


perature and the specimen size. From 
plot of 
fractional decay for specimens quenched from various 


the 


logarithmic annealing time against 


temperatures, we can find the relation between 
half-value period and the absolute temperature of 
for different 


temperature of annealing, as shown in Fig. 8. 


diameters and a given 


If the 
the 


quenching, 7 


relation indicated in Fig. 8 is expressed by 
equation 


T p exp (@ (6) 


1.44eV for 2mm dia 


In equation (6), p is a 


the value of is found to be 
1.77 eV for 
for a 


and 1mm dia. 


constant given annealing temperature and 


specimen size. 
The results described above suggest two directions 
in which we seek an the 


may understanding of 


0.9-— - 
E,,70.83-0.48r* (ev) 


LOmm Diom 


Smm Diam 


12 


Fic. 7. Relation between 


the motion energy of 
vacancies and the specimen radius. 
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L 
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specimen-size effect 1) quenching strains caused by 
and ”) the 
Th 


presented in Fig. 9 Fig. Oa 


thermal slower cooling rate for 


STTess, 


large! specimens evidence for the first factor is 


shows the effect of 


specimen size on the amount of strains caused by the 


repeated quenching from S00 the permanent 


elongation due to quenching increases with increasin 


specimen size, but it decreases 
The 
quenching was the 


studied It is 


for the 3 mm specimen 


amount of strain resulting from 


for the 


average one 


order. of range ot 


specimen. size noteworthy that the 


strains decreased for quenching temperatures above 
800°C while they increased with increasing 


quencl hy 
understood from 
alloy Ith Fig 


Regarding the 


temperature below 800°C, as clearly 
Fig 


is referred to in the 


9(b). The specimen of gold-silver 


next section 


second factor. i.e. the chang of cooling rate due to 


specimen size, discussions will be given in some detail 
later. 
DISCUSSION 


It is first necessary to discuss whether the con 


traction in length of quenched specimens is entirely 


attributable to the disa pp arance of excess vacancies 


the fact that the specimen is subjected to plastic 


* It should be noted t] 
not 


it tl 
does nece ssaril 
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Permanent Elongation (%) 
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Number of Times Quenched Number of Times Quenched 


to the repeated quenching 
different 
temperatures. \ 


Fic. 9. Permanent set due 
for gold with 
quenching 


and 
alloy 


diameters 


gold—25° 


specimens 
silver 


specimen is also shown for comparison, 


deformation during quenching may give rise to a 
suspicion that the contraction observed involves the 
after-effect with the 


motion of piled-up dislocations.“ 


elastic associated backward 


However, there 
are several reasons that convince us that the amount 
of contraction 1s directly connected to the con- 
centration of vacancies. 

First, while the amount of strain becomes smaller 
for quenching temperatures above 800°C (Fig. 9b), 
the total amount of contraction still increases with 


increasing quenching temperature, obeying the 
Arrhenius formula up to 900°C (Fig.4). This would lead 
to the conclusion that the contraction is not always 
affected by the amount of quenching strain itself, but 
more seriously influenced by the quenching tempera- 
Hence it the that the 
contraction observed is related to the elastic after- 
effect, the after-effect 


should be larger for the specimen subjected to larger 


ture rules out argument 


since magnitude of elastic 


strain. Secondly, the amount of contraction in an 


OO, 


=700%, T,=19.2° 


400% T,=12 2° 


2.0mm Diam 


Q 


2,000 
Annealing Time (min) 


To 500% T,=12.3° 
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= 
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Fic. 10. Length change annealing time for 

gold—25°%, silver alloy specimens quenched from 

lower temperatures, in comparison with a pure gold 
specimen quenched from a higher temperature. 


versus 
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alloy specimen should be noted; Fig. 10 shows the 


results for the specimen of gold—25°,, silver alloy 
quenched from 400° and 500°C, together with a pure 
700°C. The alloy 


specimen showed the larger amount of contraction 


gold specimen quenched from 
and the higher rate of decay, despite the lower 
quenching temperature and smaller quenching strains 
than those of pure gold specimen as indicated in Fig. 
9(b), suggesting that the contraction 
attributable to the 


quenched-in defects. Thirdly, the amount of quench- 


observed is 
essentially concentration of 
ing strain, which is only of the order of 10~°, is too 
small to result in an appreciable amount of elastic 
after-effect. 
safely interpreted in terms of vacancies. 


Thus the contraction we observed can be 


1. The concentration of vacancies in thermal ¢ qu librium 


and the fractional volume of a vacancy 

The concentration of quenched-in vacancies is given 
experimentally by equation (4) for a given specimen 
the extrapolation method, one can 


size. Using 


eliminate the size effect from the equation; for an 
ideal case of r — 0 with the quenching rate infinitely 
large and no quenching strain, equation (4) becomes 

(As %) eXp Ey, kT»), (7) 


1.39 0.98 eV. The 


centration Cy in equation (7) should represent that of 


where A, and con- 


vacancies in thermal equilibrium, since, for an 
extremely fine wire, thermal vacancies can be frozen- 
in without appreciable loss from a high temperature 

Now we shall consider the value of the pre-expo- 


nential co-efficient A,/x. Adopting the more widely 
used theoretical value of 1.4 ~Q cm for the resistivity 


increase per lat. °,, vacancies,“" the values of the 


coefficient A/x of equation (1) are derived to be 3.1 
and 3.2 for the specimen of 0.016 in. dia. in Bauerle 
and Koehler’s paper® and for the specimen of 0.14 
mm of Bradshaw and Pearson), respectively, both 
of which showed the best agreement with our results 
as shown in Fig. 5. From these values, one can get 
the value of Ay/x = 3.3 and 3.2 for the two specimens, 
respectively, since A is expressed by Ay exp (—ar*) for 
a given size, as mentioned before. If we take 3.2 asa 


reasonable value for A,»/a, the concentration of 


vacancies in gold at the melting point is computed 
from equation (7) to be 6.4 1O-4. 
theoretical 


Regarding the value of «, estimates 


made by several investigators" range from 0.4 to 


0.6 for noble metals. If we use 3.2 for the value of 
A,/« and the experimental value of 1.39 for A», the 


fractional volume of a vacancy, x, is found to be 0.43, 
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suggesting that the lattice relaxation due to the 
presence of vacancies is rather large. The value of A 
given by Koehler et al.“®) was 1.53 for gold specimens 
annealed at 40°C. But if we calculate from the data 
only for the specimen of 0.016 in. dia. given in Table I 
of Bauerle and Koehler’s paper,’?) using a proportion- 
ality factor of 3.2 


resistivity change and the fractional-volume change, 


10-4 Q cm between the electrical 
(13) 
the value of A is derived to be 1.37. Since the value 
of A/x is 3.1 for the 0.016 in. specimen as mentioned 
above. one can get the volume of a vacancy for their 
0.44. 


case to be The agreement with our case is 


excellent. 


Alternately, if we adopt the De Sorbo’s value of 


1.8 «22cm for the resistivity increase per | at. °, 
vacancies,’”) which was derived from only the experi- 


) 


mental data, the value of (A,/a) becomes 2.5. Using 


again the experimental value of Ay 1.39, the volume 
This shows also 


of 0.57 


of a vacancy is computed to be 0.56. 


the excellent agreement with the value 


obtained by De Sorbo. Thus, although the value of 


% varies with the estimate of the resistivity increase 


due to vacancies, the value of A, 1.39 remains 


valid for any case. 


> T he effect of specime Size On the 


concentration 

On quenching, the thermal stress is involved in such 
that the 
contracts and squeezes the cylindrical core which is 


a way more rapidly cooled surface layer 
still warm. The coefficient 6 in equation (2) has the 
dimension of energy per unit area as in the case of 
surface tension and therefore the term br? is considered 
to be related to the work done by the quenching stress 
The 


formation 


on the cross section of specimen, term br? 
the the 


resulting in the 


magnitude of 
the 


vacancies. Such an increase in the vacancy concentra- 


reduces energy, 


increase in concentration of 
tion can be accounted for only by the generation of 
vacancies due to plastic deformation during quenching. 
This would be the reason why the formation energy of 
vacancies is reduced apparently for larger specimens, 
subjected to larger 
the 


since thicker specimens are 


deformation during quenching for range of 
specimen size of 2 mm dia. or less, as described in Fig. 
Y(a). 

On the contrary, the coefficient A in equation (3) 
decreases as the specimen radius increases with the 
this leads to the reduction in the 


factor of exp (—ar*); 


concentration of vacancies. It will be shown that this 
effect is due to the slower cooling rate for thicker 
specimens. Assuming the heat-transfer coefficient at 


the surface of a quenched specimen to be quite large, 
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the time, f, required for quenching from the tempera- 
ture 7’, to a sufficiently low temperature 7' near the 
temperature of quenching bath, 7’), is approximately 
2? Dt/r=) for the center of a long 
Here @, the fraction of initial 


given by 6 = exp | 
cylindrical specimen 14) 
temperature difference, is expressed by by Fal 


radius of specimen. For 


T,), D is the thermal diffusivity and r the 
a given value of 6, the time 
is described by 


Kr*=/D 


where AK log (1/4). 


values of 7’, 


0.94 em?/sec 


For example, taking the s00°RC. 


the time required fol (ue nching becomes 1.6 


10-= see Equation 8S) is the form of the equation 
Roswell and Nowick™®), where A 
Eliminating 7? between equations (3) and (8 


abt kK) 


decrease in the magnitude of A for 


used by Was unity 
we obtain 
A Ay exp | it will be understood that the 
larger specimens 
is mainly attributed to the slower quenching rate 


although could be eliminated by 
meeting with dislocations moving under the quenching 
Thus, the 


vacancies that have been in equilibrium at a quenching 


some vacancies 


freezable number of the thermal 


stress 


temperature is reduced by the factor of exp ar) o1 


kK) 


thicker specimens, if we do not 


eXp | owing to the slower cooling rate for 


take account of the 


mcrease 1n the vacancies created by quen hin y strains 


Accordingly, the concentration of thermal vacancies 


retained in a specimen quenched from a temperature 
7’, for a given radius of specimen can be described by 


adr) 


EXP | namely 


3 The concentration 
quenching strain 

It will be understood from the above discussion 
that the 


given by 


the concentrations 


and (9) 


difference in vacancy 


equations }) should represent the 
amount of vacancies that are created during quench 
ing, since the concentration C of equation (4) gives the 
total amount of vacancies actually quenched into a 
specimen and C’, of equation (9) represents the thermal 
the 


retained from 


The 


vacancies alone that should be 


temperature 7 concentration 


i 


quenching 
difference is given by 
ar) exp E, eT.) 


(A, EXp | 
exp (br?/kT' 9) 1}. (10) 


As an example, if we take 800°C for 7'p, the con- 


centration of thermal vacancies in equilibrium at the 


| 
961 
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temperature becomes 8 10-° which corresponds 
to the concentration of quenched-in vacancies for zero 


radius as given in equation (7) (see Fig. 11). However, 


as the specimen diameter increases, the amount of 


that could be retained into a 


specimen from the quenching temperature decreases 


thermal vacancies 
in accordance with equation (9), owing to the slower 
cooling rate, as shown in the lower curve of Fig. 11. 
On the contrary, the total vacancy concentration 
deduced from the length measurement increases as the 
increases, in accordance with 


specimen diameter 


equation (4) for the specimen having the diameter of 


For more than that diameter, the total 
the dotted 
the 


2 mm or less. 
concentration decreases as indicated by 


line of the upper curve in Fig. 11. Accordingly, 


concentration difference between the upper and lower 
curves for a given diameter of specimen should re- 


present the vacancies created during quenching. 
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relation be 


The total vacancy 
thermal 
temperature 


for a given quenching temperature, 
concentration Is 

from the 
vacancies created during quenching. 


composed ot vacancies 


retained quenching and the 


TABLE 2 


Quenching 
temperature 
(°C) 


Specimen 


diameter 
Total amount, 


of equation ( 

2.0 2.20 10-4 
900 1.0 2 01 10-4 
1.98 


1.04 LO 
O.85 10 
10 


0.42 10 
0.30 10 
0.27 10 
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Such generation of vacancies can be accounted for 
only by the plastic strain during quenching. 

The concentration of vacancies due to quenching 


) 


strains, C, in equation (10), is listed in Table 2, 


together with the total concentration, C of equation 
(4), and the thermal vacancies, Cy of equation (7), 
based on the values of A,/« 3.2, a 1.57 mm~?, 
b = 0.17 eV Ey, 0.98 eV. It 
seen from the table that the fraction of vacancies due 
if we take 800°( 
10-5 


and can be 


to quenching strain is quite large: 
as a quenching temperature, the value of 8.8 
for the 2mm specimen corresponds to 84.6 per cent 
of the total number of quenched-in vacancies and 
even for the 0.4 mm specimen that has been used by 
many investigators, the vacancies due to quenching 
strain amount to 7.4 per cent of the total number, 
which is enough to cover the loss of thermal vacancies 
due to the size effect expressed as equation (9). 

If we 


quenching strain as 


describe the concentration C produced by 


(11) 


one can get the value of the coefficient 1) for a given 
temperature of quenching and specimen size by using 
the value of C, calculated from equation (10) and the 
value of ¢ actually measured in such a way as shown 
in Fig. 9. 
theoretically at unity by Seitz? and Mott@”, 


The value of exponent ” Was estimated 
and at 
2 for multiple slip by Van Buren“®), and was derived 
experimentally to be 2 for copper crystals by Blewitt 


l and 2 


et al.°%, The values of 7] caleulated for n 
Table 3: the 


quenching temperature, 


with 
the 
hard 


are given in values decrease 


decreasing obeying 
Arrhenius law to some extent, although it is 
to determine the true temperatures through which 
the The 


slight change of the values of 7 in the table with the 


plastic deformation actually occurred. 
specimen size would be attributed to the difference of 
the true temperatures of plastic deformation. 


The values of 7 listed in Table 3 are much larger 


» 


The concentration of vacancies calculated 


Due to quenching strain, 
C’, of equation (10) Cc 


In equilibrium, 
» of equation (7) 
1.79 
0.69 
0.13 


1.97 


0.31 
0.06 


0.37 
0.12 
0.02 
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| 
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}) 
20 
S00 1.0 0.80 10-4 
0.4 10-4 
2.0 4 10-4 
700 1.0 0.27 10-4 
0.4 10-4 
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TABLE 3 
» for 1.5 mm dia. » for 2.0 mm dia, 
T (°C) 


900 4, 8. 104 
850 23. 5.56 2.8, 104 


than the values of 10~°-10~? for the low temperature 


deformation estimated by previous  investiga- 


tors;6-19,20 there must be some peculiar mode of 


generation of vacancies during quenching, in addition 


to the ordinary intersection mechanism of screw 
dislocations which is generally accepted. Though the 
still not the 


dislocations having thermally activated jogs or having 


exact mechanism is clear, 


something like spirals formed by absorbing excess 
vacancies might be important for the generation of 
vacancies, since more jogs or spirals could be formed 
the high and 


on dislocations at temperatures 


especially during the slower quenching for larger 


specimens. This could be the reason why the con- 
centration of vacancies created during quenching is 
not always affected by the amount of strain itself, but 
seriously influenced by the quenching temperature, 


as mentioned above. It should be noticed that these 


results lead to the conclusion that a large number of 


vacancies can be produced by the plastic deformation 


during quenching. 


4. The annealing kinetics 
As shown in Figs. 2 and 3, the initial parts of decay 
curves are somewhat different from those obtained by 


Bauerle and Koehler™ where the decay rate was quite 


slow at first for some time and then increased. In our 
case, the amount of contraction and the time required 
to reach the inflection point, indicated by arrow 
markings in Figs. 2 and 3, are affected by the quench- 
ing temperature and the specimen size. Such rapid 
decay at the very beginning of annealing could be due 
to the lattice relaxation caused by the formation of 
vacancy clusters which are not detected by resistivity 
measurements. As Kimura et al.) have pointed out, 
dealing with the annealing kinetics for the Bauerle and 
Koehler’s case, the initial period of the slow rate in the 
resistance curve is due to the migration of vacancies 
to form clusters and the second stage of the rapid rate 
is attributed to the increasing number of sinks formed 
by the collapse of the clusters. These collapsed defects 
were found in an electron-microscope by Silcox and 
Hirsch). 


tion, the disappearance of vacancies located near the 


In addition to the effect of lattice relaxa- 


motion of 
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sinks which are formed increasingly with increasing 


the quenching temperature and the specimen size, 
could be a cause of the rapid decay at the beginning 
of annealing. 

Table 1, 
energy for the motion of vacancies apparently de- 
the 


As shown in Fig. 7 and the activation 


creases with increasing specimen size; energy 
was, for example, 0.36 eV for the 2 mm dia. specimen 
and 0.83 eV for zero radius. The difference between 
them is 0.47 eV and this is too large to be interpreted 
in terms of divacancies alone, since the motion energy 
of a divacancy is believed to be only of the order of 
0.1—0.2 eV less than that for a single 3, 23,24) 


therefore 


vacancy 
It appears, that this spurious change of 
motion energies is ascribable to both the effect of the 
increase of the dislocation density due to quenching 
strain and the increasing number of divacancies during 
the slower quenching fol larger specimens In this 
connection, it is to be noted that the activation energy 
of diffusion along dislocations in silver crystals due to 
Turnbull and Hoffman‘? is less than one half of the 
energy for ordinary bulk diffusion such as obtained by 
Tomizuka and Sonder®) 


We shall half- 


decay time with quenching temperatures and speci 


now consider the variation of th 


men sizes, for a given temperature of annealing, as 


shown in Fig. 8. The value of the energy Q in equation 
(6) becomes smaller with increasing specimen diameter; 
it was 1.44 eV for the 
the 
qr 


2mm specimen and 1.77 eV for 


1mm specimen. If a relationship of the form 
is also valid as in the cases of equations 
(2) and (5), one can eliminate the size effect: the value 
ot Vo is derived to be 
to be 0.44 eV 


quenching temperature was also observed by Bauerle 


1.88 eV for zero radius and q 
mm-*. The variation of the time with 
and Koehler™ and they attributed the effect to the 
which results 
12) Tf 


half-value 


increase in the fraction of divacancies 


in a gradual decrease in the energy of motion 


this is the case, it is expected that the 


period varies with the number of divacancies in 


equilibrium at 7',, therefore varies as 


gl, 


Q exp [(2F, 
formation energy of a 


where £,, is the 


vacancy, E,, the binding energy of a divacancy and 


equal to Taking the 


and E, 


we obtain the value of 0.08 


values of Q, 


should be 
L.sse\ O.98 eV for an 
ideal case of zero radius 
eV for Ep, 
0.1 eV due to Koehler et al.“*), but 


the estimate of 
far less than the 


in good agreement with 


and 
21 


values of 0.3—-0 estimated by Bartlett 


Dienes®”, Seeger Bross’*®) and Kimura ef al 


Alternatively, since the half-value period should be 


inversely proportional to the number of sinks, the 


value of QU, 1.88 eV may be related to the formation 


n=2 n=2 
ol. 9 
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energy of jogs which could act as sinks or at least act 
as nuclei for the condensation of vacancies into the 
collapsed defects when the jogs are quenched-in. 
However, the magnitude is about one half of Seeger’s 
estimate of 3.9 eV for the formation of a jog in an 
edge dislocation and about twice of the value of 0.84 


e\ for 


a jog in a screw dislocation for copper.@* 


SUMMARY 
The contraction in length of gold specimens having 


various diameters was measured on isothermal 


t room temperature after quenching from 
10°C and the results 


annealing 
above 700°C into iced-brine at 
were interpreted in terms of vacancies. Special 
consideration was given to the effect of specimen size, 
been given detailed consideration by 


The 


(1) The concentration of quenched-in vacancies can 


which has not 


previous investigators. main conclusions are: 


he given by A exp (—E,/k7T'9) and it was found 


experimentally that the values of A and LE, varied 


with the specimen radius 7 as A Ay exp (—ar*) and 


Ey =E; 


of 2 mm or less. 


br* for the specimens having diameters 
A and EF 


specimen size is related to the time required for 


The dependence of on the 


quenching and to quenching strains, respectively. 
(2) Using the extrapolation method, the size effect 


can be eliminated: for the ideal case of zero radius 


with the quenching rate infinitely large and no 


concentration of vacancies 
where Ag 


The volume of a 


quenching strain, the 
becomes (A, 


and E, 0.98 eV. 


exp 


vacancy, iS 


derived to be 0.48 or 0.56, when the resistiv ity increase 


per one atomic per cent vacancies is taken to be 1.4 or 
1.S em, respectively. 


(3) Several 


that the 
observed contraction is entirely due to the disappear- 


The 


vacancies caused by thermal stress during quenching 


reasons lead to the conclusion 


ance ot eXCeSS vacancies. 


Was calculated: the coetticient of 


vacancies, 7, for the high-temperature deformation 
was found to be quite large, suggesting that the motion 


of dislocations having many jogs produced by absorb- 


ing excess vacancies might be important for the 


generation of vacancies during quenching. 
(4) The 


from those obtained by previous investigators. 


different 
The 


rapid decay at the very beginning of annealing may 


annealing kinetics are somewhat 


he due to the lattice relaxation caused by the form- 
ation of vacancy clusters in addition to the disappear- 


ance of vacancies located near the sinks. 


(5) The half-decay time for a given temperature of 


annealing varies with the quenching temperature. 


If the effect is attributed to the increase in the fraction 


METALLURGICA, 


concentration of 


production of 
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of divacancies, the binding energy of a divacancy can 


be derived to be O.0O8eV, using an appropriate 
assumption. 

(6) The motion energy of vacancies decreases with 
yy, 
where Ey, the value for zero radius, is taken as 0.83 
eV. The 


ascribable to 


increasing specimen radius as Ey, mr, 


motion energies 1s 


of the 


change of 
the 


spurious 
both 


density due to quenching strain and the increasing 


increase dislocation 
number of divacancies during the slower quenching 


for the larger specimen. 
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THE OBSERVATION OF DISLOCATIONS IN MICA* 


&. 


Thin cleaved fragments of mica 


dislocations lying in the cleavage planes 


SILK? and R. S. BARNES?t 


which have been examined in the electron microscope contained 


These dislocations, which are formed by slip, interact simply. 


The superposition of loose sheets of the mica produced moiré patterns which revealed those dislocations 


which were perpendicular to the cleavage plane. 


LOBSERVATION DE 


DISLOCATIONS 


DANS LE MICA 


Des petits fragments de mica clivés qui ont été examinés dans le microscope électronique, présentent 


des dislocations se trouvant dans les plans de clivage, Ces dislocations qul sont formées par glissement 


agissent l'une sur l'autre d’une facon simple. 


des modéles 


DIE BEOBACHTUNG VON 


VERSETZUNGEN IN 


La superposition de minces plaques de mica fit apparaitre 
qui révélent les dislocations qui sont perpendiculaires au plan de clivage. 


GLIMMER 


Diinne Spaltstiicke von Glimmer, die im Elektronenmikroskop untersucht worden waren, enthielten 


Versetzungen, die in der Spaltebene liegen. 


in einfacher Weise miteinander in 


Diese Versetzungen, die 


Wechselwirkung. 


sich durch Gleiten bildeten, treten 


Durch Aufeinanderlegen von losen Glimmer 


plattchen entstanden Moirébilder, welche jene Versetzungen, die senkrecht zur Spaltebene verlaufen, 


zelgten., 


Cleavage in Muscovite mica occurs between planes 


of hexagonally arranged oxygen atoms which are 


plane of potassium atoms 


the 


weakly bonded by a 


(Fig. 1). The separation between potassium 


planes is 10 A and cleavage steps of this height have 


been reported. 

Muscovite mica has been cleaved into thin sheets 
and examined in transmission in an electron micro- 
scope. Dislocation lines have been observed™ which 
lie mostly in the basal (cleavage) plane, and conse- 
quently are in simpler arrangements than, say, 
dislocations in a cubic metal. Some dislocations lying 
in other planes were revealed by moiré patterns. 

The thin sheets of mica were prepared by successively 
cleaving natural or synthetic crystals with adhesive 
tape.) When the sheets were judged to be suf- 
ficiently thin to transmit electrons in the electron 
the 


with a solvent. and the solution filtered through an 


microscope, they were released from adhesive 


electron microscope oerid. Thin fragments of diameter 


up to 0.05 em retrieved and examined using 


100 kV_ electrons. 


seen at the edges of specimens and electron transmis- 


were 


Cleavage steps could usually be 


sion could be obtained through more than twenty 
such cleavage layers. Lenticular flaws were seen, and 
these produced patterns which resembled those found 
by Rang™ and Pashley®. In natural mica these 
flaws greatly increased in number and size during 


heating in the electron beam, and eventually obscured 


* Received April 6, 1960. 
* Metallurgy Division A.E.R.E., Harwell, Berks. 
t Now at University of Witwatersrand, Johannesburg. 
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OXYGEN 
+| = POTASSIUM 
|. 


plane, 


The structure of Muscovite mica at the cleavage 

1) of 
sium atoms is another plane of oxygen atoms occupying 
the same positions in plan as those shown, but 3.2 A 


potassium atoms. Above these potas- 


abovethem. Three possible Burgers vectors for disloca 
tions in the cleavage plane are shown as dotted lines 
(b 5.3 \). 


the field of view, but they formed less readily in the 
synthetic mica. The lenticular flaws had a tendency 
to form in rows upon dislocation lines, although most 
formed randomly throughout the mica. It appeared 
that the dislocations acted as nuclei for their formation. 

Figure 2(a) shows dislocations and discrete changes 
in thickness at cleavage steps. One set of dislocations 


forms an hexagonal network with the dislocations 


all 


SILK anp BARNES: 


Fig. 2(a). A network of dislocations in the basal plane, ending at cleavage 


DISLOCATIONS IN 


MICA 


steps 


Fic, 2(b), Diagram showing the three typesof dislocation in Fig 


was 


ending abruptly at the same cleavage step. It 


noticed that dislocations observed in this way were 
long (e.g. 10-% em) and never ended on a cleavage 
surface but only at a cleavage step. Thus they must 
lie upon a plane parallel to the cleavage plane and 
Only 


those dislocations ending at the same cleavage step 


most probably on the cleavage plane itself. 


interacted with one another, dislocations ending at 
different cleavage steps crossing without interaction, 
providing further evidence that the dislocations are 
confined to the cleavage plane. Regions containing 
large numbers (e.g. 5 10° em~?) of parallel disloca- 


tions were seen. These generally emanated from a 


cleavage step which was probably the source of the 
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dislocations which operated during cleavage. Isolated 
sources in the slip plane were rare. The dislocation 
lines were normally smooth giving little evidence that 
they had been impeded by a forest of dislocations 
intersecting the cleavage plane. Occasionally, how- 


ever, cusps could be seen in the dislocation lines 


where their slip had been impeded by inclusions or 
other defects in the structure. 

The tracks of fission fragments™ also cause cusps 
on the dislocations in some instances. Such disloca- 
tions would have been introduced during the prepara- 
tion of the specimen after irradiation, and the cusps 


The 


dislocations are not very mobile in general, and slip 


are evidence that they are slip dislocations. 


has not been seen happening in the electron micro- 


scope, even when the electron beam was intensified. 


If dislocation systems from two sources on the 
same plane, having the same Burgers vectors meet and 
slip through one another, they will interact by com- 
bining at the point of intersection to form two loops 
which pull apart. A zig-zag pattern will be expected. 
When the 


action will tend to form hexagonal enclosures. 


3urgers vectors are dissimilar, the inter- 


The network seen in Fig. 2 could have formed by 
the intersection of two dislocation systems having 
co-planar Burgers vectors inclined at 60° to one 


Interaction of these dislocations at their 
intersections the 
joining dislocation with Burgers vector at 60° to the 
original the 
network of the three dislocation types. 
this the three 


being distinguished. The correctness of this construc- 


another. 


would result in formation of a 


two, and formation of an hexagonal 
Fig. 2(b) is 
constructed on basis: dislocations 
tion was shown by tilting the specimen in the electron 
microscope such that one of the dislocation types 
produced no contrast. when the other two gave epual 
contrast. The combination of the dislocations appears 
to be in an early stage at A in Fig. 2(b), but a regular 
hexagonal network has developed at B. 

The contrast at a dislocation, which is much wider 
than is normal in a metal, takes a variety of forms and 
conforms with the principles outlined by Whelan‘ 
and Hirsch et al.™. The contrast is asymmetrical and 
normally on one side of the dislocation line, with 
reversal on crossing an extinction contour. ‘Triple 
line contrast is seen in Fig. 3, with a fine central dark 
100 A wide 
are sometimes seen without the surrounding contrast. 


The contrast effects illustrated in Fig. 4 are quite 


line. Such dark lines, which are about 


common. The contrast lines give the impression that 
they reveal separate zig-zag dislocation lines, but the 
pattern indicates an hexagonal network of dislocations 


similar to that illustrated in Fig. 2(a). 
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Dislocations showing triple line contrast in an 
extinction contour. 


Fic. 3. 


Moiré patterns®-9) 


were usually observed in small 
regions of the sheets of mica near the edges, and from 
the shapes of these areas it was apparent that they 
were caused by the superposition of small loose 
sheets of mica upon the main sheet, probably during 
the filtering stage. Slight rotation of the sheets in 
Fig. 5 has produced a moiré pattern in them, but there 
is no indication of a pattern in the region where the 
crystals do not overlap. The fringe widths observed 
would be produced by a rotation of less than | 

A diffraction pattern did not reveal this small mis- 
orientation. In general the moiré patterns consist of 
a series of parallel lines but occasionally produce an 
hexagonal arrangement which indicates the hexago- 
There 


change in the fringe systems at cleavage steps on the 


nal nature of the structure of mica. was no 
sheets. 

In addition to the moiré pattern caused by super- 
position of rotated sheets, fringe patterns are seen 
Both 
hexagonal networks and two crossing non-interacting 
different 


associated with dense arrays of dislocations. 


systems of dislocations, presumably on 
planes, produce such patterns. 

In Fig. 5 the moiré pattern contains lines which end 
in the system, revealing the presence of dislocation 
lines which do not lie in the cleavage plane, and which 
must be almost perpendicular to it. Such screw 
dislocations would not produce this effect, and as the 
Burgers vectors are almost certainly in the cleavage 
plane, the dislocations must be of edge character. 
Fig. 5 contains many examples of these edge disloca- 
tions. The dotted enclosures have an equal number of 
fringes entering and leaving, so that these areas 
contain equal numbers of positive and negative 
AB, CD and EF, (all enclosed in such 


the 


dislocations. 


areas) mark lines of poor contrast in moiré 
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SILK ann BARNES: DISLOCATIONS IN MICA 


Fic. 4. A hexagonal network of dislocations, showing single and double line contrast. 


Fic. 5. Moiré pattern showing dislocations having a component normal to the 
basal plane. The arrows indicating some of the dislocations also indicate the 
sign by the sense of their tags, 
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pattern. It appears that there is a region of fringe 
misregistry between the dislocations of opposite sign 
in these areas, suggesting that the extra plane is not 
a complete lattice repeat distance wide, so that a 
stacking fault is formed. 

Other dislocations, e.g. those marked G appear as 


complete dislocations with no such stacking fault and 


here a whole lattice repeat distance must have been 
inserted. The distortion of the fringes extends several 
thousand A, implying a large Burgers vector, probably 
bh in Fig. 1, which is 5.2 A long. This is also almost 
certainly the Burgers vector of the dislocation lines 
lying in the cleavage plane. If this is so, dislocations 
lying in the cleavage plane should occasionally appear 
to end where they leave this plane. This has not been 


observed and must be infrequent. 
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INTERDIFFUSION IN DILUTE ALUMINIUM-COPPER SOLID SOLUTIONSt 
J. B. MURPHY? 
A study has been made of the interdiffusion of copper from an « solid solution into aluminium with 


special attention to minimizing experimental and computational errors. The form of the concentration 
distance curves obtained showed that interdiffusion was independent of concentration within the range 


wt.% copper. 


The activation energy calculated from the slope of a log, D versus T 


and the frequency factor Dp was 0.29 0.17 
. ‘ 


em*/sec, 


plot was 31.12 1-54 keal/g 


It is concluded that the data obtained are closely 


related to the tracer diffusion of copper in aluminium. 


INTERDIFFUSION DANS 


UNE 
D’ALUMINIUM 


SOLUTION SOLIDE DILUEE 


ET DE CUIVRE 


L’auteur a étudié, avec des précautions spéciales pour minimiser les erreurs expérimentales et les 


erreurs de mesure, linterdiffusion du cuivre a partir d’une solution solide 
donnant la concentration en fonction de 


aluminium. La forme de la courbe 


linterdiffusion est indépendante de la concentration dans un domain« 


de cuivre. 


x-aluminium—cuivre dans 
la distance montre que 


variant de 0 a 0.5%, en poids 


L’énergie d’activation calculée & partir de la pente de la droite log, D en fonction de 


0,43 
29 


1,54 Keal/gr et le facteur de fréquence D, est égal a 0,2 17 | m?/sec 


L’auteur conclut que ces valeurs sont 
aluminium. 
VERDUNNTEN 


INTERDIFFUSION BEI 


Die Interdiffusion von Kupfer aus einer festen %-LOsung in 
wurde besonderer Wert darauf gelegt, experimentelle und Berechnungsfehler moglichst 


Die Form der Kurven Konzentration gegen Entfernung zeigte, daB dis 


Gew. 


Die Aktivierungsenergie, wie man sie aus der Steigung det 


31.12 


intimement 


FESTEN 


1.54 keal/g und der Frequenzfaktor D, war 0.29 


liées A la diffusion de traceurs de cuivre dans 


ALUMINIUM-KU PFER-LOSUNGEN 
Aluminium wurde untersucht; dabei 
l klein zu halten 


Interdiffusion im Bere 


% Kupfer unabhangig von der Konzentration war 


Kurve log 
0.43 


m=/se¢ 


die Diffusion von Kupfer als Spurenelement in Aluminium sehr ahnlich 


INTRODUCTION 

Interdiffusion of copper in aluminium has previously 
been studied“~* at initial copper concentrations of 
between 2 and 33 per cent. Of this work, the most 
reliable appears to be that of Beerwald™ who, by 
spectrographie analysis of slices through a clamped 
couple with a 2 per cent copper core, obtained values 
of 31.1 keal/g atom for the activation energy and 


0.177 em?/see for frequency factor D, (recalculated 


from a least squares analysis of Beerwald’s results). 
There was no indication of any variation of diffusion 
rate with concentration. Later workers: however, 
have suggested that the diffusion rates do, in fact, 
vary with copper concentration. 

Furthermore, a recent review of the previous work 
on the diffusion of solute elements in aluminium? has 
shown that much of the data cannot be considered 
reliable, owing to the insensitive analysis methods 
used. Results illustrating compositional dependence 
of diffusion were inconsistent. Composition—distance 
curves were analysed mainly graphically by the area 
tangent method to produce data, which at low 


+ Received August 4, 1960. 
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concentrations was liable to be inaccurate due to the 
difficulty in measuring tangents at such concentrations. 

In addition, the use of core concentrations greater 
than the solid solubility limit may have led to some 


Accord 


ingly, a study of diffusion in aluminium—copper solid 


interference by precipitated second phase 


solutions was undertaken to obtain consistent and 


reliable data. 
EXPERIMENTAL TECHNIQUE 

The reliability of diffusion data is extremely sensi 
tive to variations in experimental technique, and 
therefore special precautions were taken in this work 
to ensure accurate results. Diffusion couples prepared 
by roll bonding super-purity aluminium cladding to an 
x aluminium—copper§ solid solution core were annealed 
The 


couples were then sliced parallel to the interface and 


under controlled atmosphere and temperature. 


the slices analysed to determine concentration 


distance curves. 
Bonding method 


Rolling 


because it is the most practical and also has the 


was selected as the bonding method, 


§ 99.997 per cent aluminium and 99.98 per cent copper 


= 
de 31,12 
‘ol. 9 
()-(). 
D gegen 7 berechnet Val 
Diese Werte sind denen fii 
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advantage that oxide films at the interface are broken 


up and distributed over a much larger area. Any 


inverse segregation in the core was removed by 


scalping prior to the homogenization treatment of | 


week at 450°C. The oxide film built up during this 
treatment was removed by mechanical polishing prior 
to cladding, so that the oxide would be minimized. 
Polished super-purity aluminium plate was then 
strapped to each side of the core and the composite 
sandwich preheated for | hr at 450°C before hot 
The total of deformation during 


rolling. amount 


cladding was 70 per cent and the final thickness of 


the couple 3 in. Diffusion couples ? in. in diam- 
eter were then cut from a longitudinal central strip 
of the sandwich in the region where the interface was 
flattest. 

Experiments to determine the effect on diffusion 
of dispersion of the oxide film at the interface were 
carried out on a couple rolled to # in., i.e. in which 
the oxide was spread over four times the area of the 
3 in. couples. Similar diffusion parameters were 
obtained from 
concluded that oxide present at the interface did not 


each material and it was therefore 


significantly interfere with diffusion. 


2. Diffusion annealing 

Duplicate couples contained in recrystallized alu- 
mina sheaths were annealed in vacuo at each of the 
635°C for 610°C 


for ~25 hr, 575°C for ~53 hr, 540°C for ~118 hr and 


following temperatures: ~15 hr, 
505°C for 280 hr, the times calculated from Beerwald’s 
diffusion parameters™ to give approximately the 
same amount of diffusion in each case. The couples 


were then quenched into ice-cold water. 


3. Slicing technique 

Annealed couples were carefully aligned in a lathe 
so that slices would be removed parallel to the inter- 
face. The specimens were then reduced in diameter 
by 0.125 in. to remove material influenced by surface 
diffusion. Consecutive slices (0.001 in. thickness) 
were subsequently machined parallel to the interface 
of each diffusion couple to a distance just greater 


The 


directed by means of an air blast down a Perspex 


than half its thickness. individual slices were 
chute into separate envelopes, great care being taken 
to prevent contamination of one slice with preceding 
slices. A dial gauge, calibrated in 0.0001 in. and 
mounted parallel to and just above the lathe axis, 
measured the thickness of material removed at each 


cut. 


$. Analysis methods 


Analysis of the slices was carried out principally 
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by a spectrophotometric method™ using bis-cyclo- 
hexanone reagent for concentrations from 0.5 per 
cent down to 0.01 per cent copper and by radio- 
activation analysis from 0.05 per cent copper to 
zero.8) Excellent agreement was evident between 
the results obtained by both methods of analysis in 
the region of overlap. The reproducibility of the 
combined analysis method was checked by taking 
two selections of thirty slices fromthe same couple 
and calculating a diffusion coefficient from each one. 
There was no significant difference between the diffu- 


sion coefficients obtained from each set. 
RESULTS 
1. Calculation of diffusion parameters 
The 


second law 


ideal diffusion curve, derived from  Ficks’ 


OC &C 
) 
ot Oa? 


(1) 


(where C concentration, ¢ = time, x distance), 

in which the interdiffusion coefficient D does not vary 

with concentration, is symmetrical under the particu- 
lar boundary conditions applicable to this work.* 

Its solution under these particular conditions is 

given by: 

(Dt) 

exp (—2?) dd 

7 JO 

the concentration at distance 

x cm from the interface, C, is the initial concentration, 

D the interdiffusion coefficient (cm2/sec), t is the time 


The second 


where (wt.®) is 


in seconds and A an integration variable. 
term in the bracket is usually denoted by erf x/2,/( Dt). 
Correcting for the small amount of copper present as 
an impurity in the cladding, then the concentrations 
Cand Cy 
Inserting these in equation (2) and rearrang- 


are modified as C — c and C, — c, respec- 
tively. 
ing, one can write: 
x 
d erl 
2\/ Dt 


+ 


where c is the concentration of copper in the cladding, 
and ¢ is the rearranged concentration term. 

If the experimental data are consistent with the 
above equation, a plot on arithmetic probability 
paper of x against the concentration term ¢@ is linear 
The slope obtained is inversely 
the 


and vice versa. 


proportional to the square root of diffusion 
coefficient, i.e. 


dx 
kK 
dd 2 Vv | Dt) 


*(1) C=C, for z 0, and C 0 for x 0 when ¢ 


(2) Fort 0, C C,/2 at x 0. 
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APPROXIMATE 


POSITION OF 
INTERFACE 


‘le COPPER 


WEIGHT 


i 
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SPECTROPHOTOMETRIC ANALYSES 


@ RADIOCHEMICAL ANALYSES 


60 80 
DISTANCE 


DISTANCE -0-00!1 


100 120 


mes 


o-oo! 


40 


— Cmin 


c c 


max 


Fic. 1. 


25 hr 32 min showing slight decrease in copper content towards centre 
(b) Probability plot for same specimen. 


core, 
where K is a constant depending on the scale of the 
probability paper used and 


dd 
dx 


|] 


concentration—distance 


| 


All the data obtained in 


the present experiments gave straight when 
the 


inde- 


lines 
plotted on probability paper (see Fig. 1), and 
thus 


interdiffusion coefficients were 


of 


resultant 


pendent copper concentration between and 


0.5 wt. 4. 


2 which occurred prior to 


2. Correction for diffusion 

diffusion anneal 
Concentration—distance curves for as-rolled couples 

(i.e. no diffusion anneal) showed that some diffusion 


had occurred before and/or during rolling and accord- 


min 


60 
) «100 


(a) Concentration—distance curve for specimen annealed at 610°C for 


of 


ingly a correction was made to the coefficients ob 
tained in subsequent experiments. The of 


diffusion which occurred in this manner was equivalent 


amount 


to some diffusion occurring at each annealing tempera 


ture, and a time correction was therefore made as 


follows: For as-rolled specimens 


2 (dd 


is a time increment due to diffusion during 


K 
4 


D, 


where f¢, 
and before rolling and where dd/dz is the slope of the 
probability plot of the as-rolled specimen. Thus, for 
each interdiffusion coefficient obtained at the various 
temperatures, substitution in the above expression 
gave an approximate value of ¢, which was then added 
the 
interdiffusion 


and corrected 


the 


annealing time, 


to 


to the diffusion 


time used recalculate 


O-4 
.. 
[.. (a) 
7 20 40 140 160 
ol. 9 
961 
80 
(b) 
60 
40 
20 
o-2 2 5 ite) 20 80 90 95 98 99-5 
(i 
a... 
D 6 
: 
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coefficient. The correction decreased the experimental 
values by approximately 2 per cent in each case. 
Further substitution of the recalculated D in expres- 
sion (6) did not give a significant difference between 


the first and second approximations. 


3. Sources of error 


The sources of error to which measured diffusion 
parameters are subject may be divided into two main 
groups, viz. experimental errors (impurities, grain 
boundary diffusion, temperature control, chemical 
analyses, slicing methods, measurement of distance) 
and computational errors (i.e. fitting linear probability 
plots to data and measurement of slopes). 

It is well known that small amounts of impurities 
can affect diffusion rates but there is little information 
concerning the their effect at 
particular level of impurity. The present experiments 
were carried out with the purest materials available 
at the time, viz. 99.997 per cent super-purity alumin- 
OFHC Future 


experiments using zone refined materials should reveal 


magnitude of any 


ium and 99.98 per cent copper. 
the effect of very small quantities of impurity on 
diffusion rates. 

In order to obviate the effects of grain boundary 
diffusion the 


greater than 0.75 


annealing temperatures used were 


where 7’), is the melting 
point. 
the interdiffusion 
of the absolute temperature suggested that the values 


coefficient against the reciprocal 


of D obtained at 505°C were slightly high, and be- 


TEMPERATURE 


575 
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However, an initial plot of the logarithm of 
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cause of the possibility of grain boundary diffusion 
these values were, therefore, omitted from the data 
used to calculate the activation energy and frequency 
factor. 

The grain size of all the couples used was of the 
order 2000-3000 yu. Temperature control during the 
annealing period was better than +1°C for each 
annealing temperature as measured by a platinum 
platinum rhodium thermocouple. 

Possible errors in chemical analyses were checked 
by analysing a number of replicate samples at 
different levels of copper: the standard deviation of 
analyses at 0.5 per cent and 0.1 per cent copper was 
3elow the 0.1 per cent copper level, 


the 


0.003 per cent. 
the 
tended to fall. 

Special precautions were taken to ensure that slices 


accuracy of spectrophotometer method 


were removed from the specimen parallel to the inter- 
face, since misorientation of slicing would decrease 
the slope of the concentration—distance curves and 
hence reduce the calculated diffusion coefficients. 
The thickness of each slice was measured by means 
of a dial gauge calibrated in units of 10-4 in. Statisti- 
cal analysis of fifty repeat readings carried out at the 
same position on a specimen surface showed that the 
was 1.5 10-4 in. so that 95 


standard deviation 


per cent of all readings would be accurate to +3 

10-4 in. No significant breaks were evident in any of 
the concentration—distance curves, and it was therefore 
concluded that there were no appreciable single errors 


in the distance measurements. 


550 


T 


12 


x 104 


2. Variation of interdiffusion coefficient with temperature, 
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DISCUSSION 
Figure 2 illustrates the variation of interdiffusion 
The slope of the line 
1.54 keal/g atom for the 
43 
0.17 
the frequency factor D,, (limits quoted are for 95 
per cent confidence, Q and log, D, assumed to be 
normally distributed). The largest difference between 
duplicate results at any one temperature was within 


coefficient with temperature. 
provides a value of 31.12 
for 


activation energy Q, and 0.29 cm?/sec 


8 per cent (575°C) whilst the best agreement was 
within 0.1 per cent (610°C). 

A comparison between the present results and those 
of previous workers is shown in Fig. 3, which gives 
the relationship between interdiffusion coefficient and 


TEMPERATURE 


399 
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the evident that. 


regardless of core composition, the results are well 


reciprocal temperature. It is 


within an order of magnitude of each other. Beer- 
wald’s) results for a core concentration of 2 per cent 
give lower values of D which lie, however, on a line 
parallel to the present results and accordingly give a 
Hilliard et al. have 


suggested that Beerwald’s results” for the alumin- 


very similar activation energy. 


ium—zine system are some 15 per cent low on the 
average, due to the use of a clamped couple in which 
the and sink not be as 
It is likely therefore that 


the difference in bonding methods accounts for his 


contact between core may 


good as in rolled couples. 


low results in the aluminium—copper system 


The form of the concentration—distance curves and 
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their linear probability plots indicates that within 
the range 0—0.5 per cent copper interdiffusion does not 
This 


contrary to the conclusions drawn from some previous 


depend on copper concentration. result is 


work3,5) which showed concentration-dependence of 


D: the core compositions used, however, were high 


and the graphical methods used to evaluate D were 


not very accurate at low concentrations. It is possible, 
of course, that within the range 0—0.5 per cent copper 
the variation of D with concentration is not significant, 
but may become so over a greater composition range. 
Future work using 2 per cent and 4 per cent copper 
the 


dependence to be determined. 


cores should enable extent of concentration 

The value of the activation energy obtained agrees 
closely with the value of 30.6 + 1.15 keal/g atom 
suggested by Federighi" for the energy of self- 
diffusion of aluminium, and may be compared with 
the value of 32.2 keal/g atom suggested by Spokas 


and Slichter"?) from nuclear magnetic resonance 


experiments. Federighi’s value was determined from 
studies of annealing out of vacancies in super-purity 
aluminium. 

The validity of the vacancy mechanism of volume 
diffusion in substitutional solid solutions has now 
been fairly well established“*® and recent experiments 
by Dienes and Damask" support this view. These 
investigators found that diffusion rates in iron were 
the 


introduction of additional vacancies. The theory of 


enhanced by neutron bombardment, i.e. by 


diffusion in dilute substitutional solid solutions is, 
however, by no means fully developed, and there has 
been much discussion of the physical interpretation 
of interdiffusion coefficients and frequency factors in 
relation to the atomic jumps which constitute 
diffusion. 

In a chemical diffusion experiment, the parameter 
measured is the interdiffusion coefficient D, which 
measures the rate of flow relative to a surface defined 
so that equal numbers of atoms of each species diffuse 
in opposite directions across it. 

Darken™® has proposed that in a binary system 
the function of the 


individual D;, as 


coefficient is a 
coefticientst D { 


interdiffusion 
diffusion and 
follows: 


N + NpD, 


where N , and NV, are the respective atomic fractions, 

and D, and D,, specify the respective rates of flow of 

A and B atoms relative to the lattice planes. 
Furthermore the individual coefficients D, and D, 


+ Sometimes referred to as chemical diffusion 


coefficients. 


partial 
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are related to the self- (tracer) diffusion coefficients 
D ,* by the form: 

0 log 4 { 


D, D 


A 


where y, is the activity coefficient of A. Using the 


Gibbs—Duhem relationship for a binary system: 


0 log Vp 


6 log N; 


6 log V4 
log N 


> 


the interdiffusion coefficient therefore be 


pressed in terms of the tracer diffusion coefficients : 


may ex- 


log 


B = (N,D;* 


The above relationships are based on the validity of 
assumptions that lattice parameter changes were 
negligible, that a non-defective lattice was fully 
maintained by complete shrinkage and that expansion 
and shrinkage occurred only along the diffusion 
direction. 

Seitz™®.! and Le Claire“® have shown theoretically 
that Darken’s equations cannot be expected to hold in 
general for diffusion by a vacancy mechanism, since 
the part played by vacancies is omitted in Darken’s 
the 
vacancy concentration was everywhere in equilibrium. 


treatment, although they would be valid if 

Experimentally, however, calculations of D,* and 
D;,* using the above equations seem reasonably 
Hilliard et al. 


discussed self- and interdiffusion in the aluminium 


satisfactory and recently, have 


zine system using the form: 


D(X) = (X ,D,* + XpD4*)m 
where D(X) is the interdiffusion coefficient at com- 
position (X) and where m is the thermodynamic 
factor: 

0 log VA 


5 log X 


If, in the case of the present results, a value of 
unity for the factor m over the range 0—0.005 atom 


fraction of copper in aluminium is assumed, then: 


D = (0.995 + 0.005D,.)*). 


Since the D,,* term is small compared with D, the 
present results effectively describe the tracer diffusion 
of copper in a dilute aluminium—copper solid solution 


in which there is no chemical gradient. 
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VARIATION OF THE SURFACE TENSION OF NICKEL WITH 


CRYSTALLOGRAPHIC ORIENTATION* 
H. MYKURA?t 


THE 


A method for determining the orientation dependence of the surface tension of face-centred cubic 
metals is described. Interference microscopy is used to measure the grooves formed during heat treat- 
ment at the intersection of twin boundaries with the surface. The orientation derivatives of the surface 
tension are obtained from the interferograms. By graphical integration of the graphs of these derivatives 
plotted against orientation, the orientation dependence of the surface tension is obtained. The method 
is applied to nickel heated in vacuo. From the result obtained it is concluded that the specimen surface 
was somewhat contaminated during heat treatment. 

NICKEL 


LA VARIATION DE LA TENSION SUPERFICIELLE DU AVEC 


LPORIENTATION CRISTALLOGRAPHIQUE 

L’auteur décrit une méthode pour la détermination de l’influence de lorientation sur la tension super- 
ficielle de cristaux cubiques a faces centrées. I] utilise le microscope d’interférence pour mesurer les rayures 
formées pendant le traitement thermique a l’intersection des joints de macles avec la surface. Il obtient, 
en partant des interferogrammes, la dérivée de la tension superficielle par rapport a lorientation. 
L’intégration graphique des courbes de ces dérivées en fonction de lorientation, donne l’influence de 
‘orientation sur la tension superficielle. La méthode est appliquée au nickel traité sous vide. L’auteur 
conclut sur la base des résultats obtenus que la surface de l’échantillon était légérement contaminée au 


cours du traitement thermique. 


DIE ABHANGIGKEIT DER OBERFLACHENSPANNUNG VON NICKEL VON DER 
KRISTALLOGRAPHISCHEN ORIENTIERUNG 
Es wird eine Methode zur Bestimmung der Orientierungsabhangigkeit der Oberflachenspannung 
kubisch-flachenzentrierter Metalle beschrieben. Die Griibchen, die sich wahrend einer Hitzebehandlung 
am Schnitt von Zwillingsgrenzen mit der Oberfliche bilden, werden mittels Interferenzmikroskopie 
ausgemessen. Aus den Ober- 
flachenspannung. Tragt man diese Ableitungen gegen die Orientierung auf und integriert sie graphisch, 


Interferenzaufnahmen erhalt man die Orientierungsableitungen der 


so erhalt man die Orientierungsabhangigkeit der Oberflachenspannung. Die Methode wird auf in Vakuum 
gegliihtes Nickel angewandt. Aus dem Ergebnis mu man schlieBen, daB die Probenoberflache wahrend 
der Hitzebehandlung etwas verunreinigt wurde. 


1. INTRODUCTION can be determined using Herring’s equation for the 


Herring” discusses the effect of possible variation 
of the specific surface free energy with crystallographic 


orientation (the y plot) on the equilibrium shape of 


crystals, and reviews previous work in this field. 
Experimental evidence for metal crystals is meagre. 
3) 


Since Herring’s review, King’) and Moore) have 


the 


heating silver in an oxygen bearing atmosphere. 


formed on 
Their 


results show that for the silver-oxygen system, at 


examined formation of ‘‘striations” 


temperatures just below the melting point, the (111) 
and (100) planes have surface free energies (hereafter 
called surface tension for brevity) about 15 per cent 
and 10 per cent less than the value at random surfaces. 
Silver free of oxygen does not show this effect, so the 
difference in surface tension between a low index and a 
random surface should be much less in a clean 
system. 

A different approach to the determination of the y 
plot is available, using twin boundary dihedral angles. 


The author has shown™) that the slope of the y plot 


* Received February 3, 1960, revised November 9, 1960. 
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equilibrium angles of twin boundary/surface junctions. 
By measuring the values of 0/00 over the whole range 
of orientations and then integrating with respect to 6, 
the y plot can be derived. The technique is limited to 
those f.c.c. metals in which annealing twins occur 
sufficiently frequently, to temperatures where the sur- 
face tension equilibrium at the twin boundary/surface 
intersection can be achieved in a reasonable time, and 
to surfaces which do not break up into striations. 
2. THEORY 

(a) Ordinary twin boundary grooves 

The Herring equations® for a pair of twin bound- 
aries which have attained local equilibrium (Fig. 1) 


can be written as: 


OY 


¢ 
0A OB 


sinB 


VY COS A 
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OY 
sin BY 
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MYKURA: 


Surface profile showing the angles used in 
(Vertical 


ic. 1. 
imuiiies a pair of twin boundary grooves. 
scale exaggerated.) 

where yp is the twin boundary tension; yg, yp, yg 
and y, are the surface tensions, and 09 0A etc. the 
variations of surface tension with orientation when 
rotating about an axis given by the line of intersection 
of the twin boundary with the surface. Fig. 2 shows 
interference photographs of such pairs of twin bound- 
aries. Fig. 3 shows the stereographic plot of a typical 
pair of twins. In the formation of the twin boundary 
groove, the surface pole at the base of the groove 
moves along the line joining the twinning plane pole 
to the general surface pole, as shown by the arrows. 
The arrows also give the direction of the measured 
orientation derivatives. Fig. 4 shows this twin orien- 
tation plotted in the fundamental triangle. The 
measured value of (dy,/0A Oy refers to 
the two orientations at the base of the groove, which 
may differ from the general surface orientations by 
angles up to several degrees. 

The direction of OG 0A and OY 0B on the stereo- 


graphic plot must be along the great circle through the 


( 


Fic, 2. Interferograms of pairs of twin boundary grooves. (c 
groove for comparison. (1 fringe 


SURFACE 


TENSION OF Ni 
twin plane pole (a (1 11) pole) and the surface pole, and 
therefore need not point towards a cusp. The orien- 
tation derivative towards a cusp, at an orientation 4 
from the cusp, is OV, 00 and the angle between the 
directions of dy/0A and dy/00 is p (Figs. 3, 4 and 11) 
Yor can be eliminated from the two equations (1) or 
evaluated using them. The values of yg and dyQ/0A 
refer to the surface orientation at the intersection with 
the twin boundary. The orientation of the surfaces at 
the two twin boundary grooves will differ slightly, so 
that there are strictly four different values of y and 
four of Oy 0(A, B) in the equation. The difference in 
direction of yg and y,, is small (about 1°), so that for 
any plausible variation of y with orientation, we can 
and yp yp With negligible error. 
Oy a8 a reasonable approxi- 


assume = 


Similarly dy 
mation. y, may differ appreciably from y 


p depending 
on the orientation of the particular pair of twins under 


consideration. This can be overcome by assuming, as 


a first approximation, that y, Yr = Ys the average 


tension; 


surface evaluating an approximate orien- 


tation dependence of y and then recalculating, substi 


tuting the values of y, and y, found from the first 


approximation. By putting sin A sin A’ = sin B 
sin B’ = sin d, which causes negligible error, and 


subtracting the two equations (1) one obtains a numeri 


cal value of 0A 0y,/OB)/ys. Even with 


these approximations one is left with an equation 
containing two unknowns OV o 0A and Oy; ob 


In special cases symmetry helps; when the twin 


boundary is perpendicular to the surface, dy,/0A 


OY OB. Also OV OA is zero in a direction perpen- 


dicular to the edge of the unit triangle for orientation 


) 


includes an ordinary grain boundary 


R / 
Q 
j 
/ 
61 
are , 
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stereogram of a pair of twins 
showing change of surface orientation at the 
of the twin boundary grooves. White poles: 
@; black poles: twin R; solid arrow: direction of tilt 
of Q; dotted direction of tilt of R. 


Fic. 3. Orientation 
base 


twin 
arrow: 


of Y on the edge of the unit triangle; unless there is 
a line cusp along the edge of the unit triangle, when 
it becomes indeterminate. At high temperatures such 
line cusps are not very likely. But even when only the 
sums of two orientation derivatives are known, a self 
consistent picture of the y-plot can still be obtained 
from the examination of a large number of pairs of 


twin boundary grooves of known orientation. 


(b) Anomalous twin boundary grooves 


When the twin boundary is inclined at an angle 4 
(Fig. 1) less than about 15° to the surface, both twin 
boundary grooves of a pair are downward and steeper 
than they would be due to the twin boundary tension 
In these anomalous cases the angle y 


07 ,/00 and the 


two orientation derivatives are nearly equal and 


alone ( Fig. 5). 


is necessarily zero, so that OV¢ 0A 


opposite and effectively cancel each other (Fig. 6). 
Further their individual turning moments are much 
reduced, as the factor sin A (equation 1) is small at 
these low values of d, because sin A = sin @. 


Fic. 4. The orientations of Fig. 3 plotted in the unit 
The tail of each arrow shows the general 

orientation and the head of the arrow the 

orientation at the base of the grooves. 


triangle. 
surface 
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The interferogram of an anomalous pair of twin 
boundary grooves. 


As the twin boundary tension pulls the surface down, 
one twin surface is tilted towards the (111) pole and 
the other away from it. This causes yg to increase and 
Yp to decrease so that the twin boundary groove 
deepens still further. The 
while still in opposite directions are then no longer 


orientation derivatives, 


equal, but their total value will be small and can be 


written approximately as 


oy OY oy OY p 
sin A sin B= 


0A oB 00 00 


sin 


sin 


where Af (180 
Equation (1) can then be rewritten in the form 


COS B AO. sin d. (3) 


When ¢ is small, the last term can be neglected to 
the first being known or 


reviously determine 
iously determined 


approximation and—y 
evaluated directly from 


the measured angles A, B. 


Fic. 6. Orientations and direction of orientation 
derivatives for an anomalous pair of twin boundary 
For one groove the directions are given by 


The 


grooves. 
solid arrows, for the other by dotted arrows. 
angle w is marked. 
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Fic. 7. Profile of the extreme case of an anomalous 

twin boundary groove where the twinning plane 

becomes one side of the (Vertical scale 
exaggerated.) 


groove. 


When the angle ¢ is very small, the twin boundary 
groove deepens until the surface of B coincides withthe 
twinning plane (i.e. y, becomes y,,,,, and cos B = 1, 


see Fig. 7), and the equilibrium condition becomes 


oy 


3 sin A. (4) 


Again the last term is often negligible or can be cor- 
rected for in a second approximation calculation. This 
type of twin boundary groove is rather rare—an 
example is shown in Fig. 8—but it gives a direct 
measurement of y9/)(111)- 

There is one further complication with the anomal- 
ous twin boundary grooves. While the twins Q@ and R 
are oriented at equal angles from the (111) plane, they 
may differ in orientation by some angle w (Fig. 6), so 
that equation (3) should contain an additional term 
Aw(é?y/00 Om) sin d. This term has been neglected 
for small angles of ¢, but becomes more important (for 
the nickel specimens examined) when ¢ is greater than 
15°. As this term has opposite signs for the two 
grooves of a pair, the two grooves are no longer similar 
and there is a gradual change from the anomalous case 
as 


to the ordinary case of one inverted ‘‘groove”’ 


increases. 
(c) Striation formation 


Another source of information on the y plot is the 
called 


or “‘striation formation’’. 


phenomenon variously “thermal etching”, 


“‘faceting”’ This has been 
described by King’) and Moore® for the silver—air 
system and explained on a simplified theory which 
assumes that 0)/00 is zero for all orientation except 


Fic. 8. 


SURFACE 


Interferogram of the type of groove shown in Fig. 7. 
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some low index planes, where it is infinite (i.e. that the 
The 


theory can easily be extended to the general case by 


y plot is a sphere with delta function cusps). 
the application of Herring’s equations. Modifying 
Moore’s notation slightly, y, is the surface tension of a 
low index (or “‘simple’’) plane, y, that of the unstriated 
(original) surface, y, that of the “‘complex”’ surface, 
the average y of the striated surface and 4 1 

(Fig. 9). Then Moore’s equation (1) becomes 


Yo sin (9 — a) + yy sin « 


sin @ 


Moore’s equation (2) becomes 


6 


Y_ COS sin (6) 
and Moore’s equation (3) remains effectively equation 
(5) and is not further reducible without knowledge of 
the y plot. The small angle approximation to equation 
(5) is 

(7 (Yo 


Ya — Yo Yo — Yo)% (7) 
it follows from this that the y plot must be convex 
between the cusp and @ if striation are to appear at 
small angles. 

Gjostein’® has considered the equilibrium condition 
perpendicular to the simple plane, making the same 
assumptions as Moore. This is of course a statically 
indeterminate condition and so states only an in- 
equality. Gjostein’s equation (4) can be rewritten in 
its more general form 

00 


The similarity between equations (4) and (6) will be 


sin “cos (8) 


apparent. The equation similar to equation (8) which 
goes with equation (4) (c.f. Fig. 7) is 
Oy 
00 


The twinning plane is at 24° to the surface, 


R Q 

; 

Sin fj cos 
an 
4 
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4 


9. 
striation 


Surface profile showing the angles involved in 


formation. (Vertical scale exaggerated.) 


dy 7/00 like Oy9/00 is usually thought to be large so 
that equations (8) and (9) only give their lower limits. 


(Note that 0 180 A in this case.) 


3. EXPERIMENTAL TECHNIQUE 


The measurements were done on ‘‘Specpure”’ nickel 
sheet (from Johnson, Matthey and Co.) which had been 
Details 
of specimen analysis, the vacuum furnace and the 


vacuum annealed for 50 or 100 hr at LO000°C. 


interferometry are given by Blakely and Mykura'), 
Grains that contained at least five annealing twins 
were selected for measurement. The twin boundary 
grooves were photographed with a Baker interference 
microscope. The grain orientations were determined 
from the angles between twin traces, using a modifica- 
tion of the method given by Barrett) described in 
more detail elsewhere.“ The angle ¢ (Figs. 1 and 3) 
was measured off the orientation stereogram, and the 
angles A and B were then obtained from ¢ and the 
interferometrically measured wedge angles of the twin 
boundary grooves. 

As y, is required for some of the calculations, it was 
evaluated first. This can be done from equations (1) 
without exact knowledge of the values of dy/00. On 


adding the two equations (1) together, the orientation 


derivatives occur in the sum in the form 0yQ/0A (sin A’ 
When ¢ (and therefore A and B) is nearly 
90°, sin A’ — sin 


sin A). 
A is effectively zero. The average 
value obtained from nine pairs of twin boundaries 
was Y7/Vg 0.015 
0.005. Strictly, yg should here be the average of y over 


where # was greater than 82 


the region where ¢ can be greater than 82° (see Fig. 10), 
but the the 


average, is negligible. 


error in confounding it witb overall 


In determining the y plot, the difference of the two 


equations (1) is used. Putting yg = yp = yg a “first 


Fig. 10. The range of orientations where the twinning 
plane can make an angle greater than 82° with the 
surface. 
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Fic. 11. Orientation stereogram showing the angles 


y and 


approximation” value of + dy,/0B)/yg was 
calculated for each pair of twins. Then those pairs of 
twins were selected, where by symmetry one of the 
orientation derivatives could be eliminated. For 
orientations near the (100) and (111) plane it was 
assumed that dy/00, the maximum value of the orien- 
tation derivative at any orientation, was directed 
towards the low index plane so that 


oy 


10 
0A 00 


cos 


The angle y is defined in Fig. 11 and was measured on 
the orientation stereogram. When a few individual 
values of dyv/d0 were known, some other measurements 


of 0. 


components by interpolation or comparison. 


OY R 0B) could be separated into their 
From 
these a first approximation graph of 0y/00 vs. 6 was 
drawn, assuming 0y/00 was a function only of 6 and 
12). This 
was then integrated graphically to give y as a function 
of (Fig. 13). 


more data were available from pairs of anomalous twin 


measuring # from the low index plane (Fig. 


In the case of orientations near (111), 


boundary grooves, so that a first approximation graph 
of y vs. # was obtained directly using equations (3) and 
(4). In these cases, as in the cases covered by equations 
(6), (8) and (9), the angle y is always zero and 0y/0A 

dy 00. For orientations not near (100) or (111) the 
direction and magnitude of dy/00 was then estimated 
from the measured values of dy/0A and the two y vs. 


radians 


z 


8, degrees 


(Ove/00) Ys VS. for orientations 
near (100). 


Graph of 
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@, radians 


Fic. 13. 


Graph of yvs.4 near (100) obtained by 
graphical integration of Fig. 12. 


f graphs combined to give a contour map of y in the 


stereographic unit triangle. 
The values of dy/00 were then recalculated, putting 
g and yp the first 
approximation, and the graphs of 0y/00 vs. 6 and y vs. 
and the 


These “‘second approximation” 


in the values of y found from 


unit triangle contour plots redrawn. 
results differed from 
the first approximation results by less than the rather 
large experimental error. Values of dy/00 for values of # 
less than 4° could not be measured directly. The surface 
either rotated into the low index plane orientation (and 
the equations thus became indeterminate) or the angle 
that the 
experimental error in cos y became excessive. A check 
on the extrapolation of the dy/00 vs. 0 curve to 6 = 0 


was provided by the measurements of striations. 


y (Fig. 12, equation 10) was so near 90 


Striations were observed in the case of (100) planes 
40’) and in the case of (111) 
30’). In the latter 


case it was not certain whether they were true stri- 


for angles “up to 1°40’ ( 
planes for angles « up to 0°30" ( 


ations or merely (111) planes exposed by the much 
higher rate of surface diffusion across the low index 
planes.®) The values of y, and dy/00 derived from the 
striation observations using equations (5)—-(8) were 
the y 


boundary grooves. This final (second approximation) 


consistent with plot derived from the twin 
y plot is shown in Fig.14. 
The accuracy of the grain orientation was between 


|-2° and 1° depending on the number and length of 


Fig. 14. The variation of surface tension with orient- 
ation for nickel shown as a contour plot in the unit 
triangle. 


SURFACE 


TENSION OF Ni 


When 
facets of (111) or (100) planes were exposed, their poles 


| with the interference micro 


twin boundaries available for measurement 


could be oriented to 
scope. The orientation error affects dé and thus A and 
B, but this has a negligible effect on the final result 
The error in the interferometric measurement of the 
wedge angles introduces an error of at least 10 per cent 
in 0y/00 and can be much worse in unfavourable cases 
The error due to the inaccuracy of py is very variable 
depending on the particular orientation, and readings 
were not used if the uncertainty in y caused probable 
error greater than 20 per cent. So the individual values 
of dy fall) used are reliable on average to about +0) per 
but the the 


should be reliable to 


cent, smoothed curve through points 


20 per cent except for the very 


small values of 4. On integrating, the constant of 


integration, y», is unity, so that the cumulative error 
in y, after integrating across the unit triangle is +2 


per cent, or 3 per cent on making allowance for 


uncertainties in the middle of the unit triangle 
In all one hundred and ten pairs of twin boundaries 


were examined and oriented. Of these about 40 pel 


cent had (dy,/0A Oy p/OB)y, greater than 3y 


25 per cent between 7 yoand Yrl2Ys 25 per cent less 


than y,/2y, and 10 per cent were “anomalous” (c.f 
Section 2b) There 


selecting the 


may have been bias in 


grains as twin boundaries with large 


orientation derivatives are naturally more conspicuous 


Sixty individual values of dy/d4 (or y Yip) were 


derived from these, but only the twenty-five most 


accurate measurements were used in the final evalu 


ation 
The second approximation results are normalised for 
L.OO0 


100) 


Expressed in this unit the average 


surface tension is 1.065 for the y plot shown in 


Fig. 14. In the “wire pulling 


type of experiment for 
surface tension measurement" the surface tension is 
obtained in dyn/cm, and if there is no preferred orien 
tation, this will be yg. So the relative measurements 
converted into absolute units if results from a 


Nickel 


Vs has been measured” but because of the possible 


can be 
“wire pulling” experiment are available. For 
surface contamination this cannot be applied directly 
to the y plot measurement 
4. DISCUSSION OF RESULTS 

The results show a minimum value of y at (100) with 
a smaller cusp at (111). For a clean f.c.c. metal one 
would expect the (111) plane to have the lowest surface 
tension, as it is the close-packed plane. It is well 
known that surface properties are greatly affected by 
impurities; in particular the surface tension of nickel 


could be much reduced by an adsorbed layer of oxygen. 


1.06} 
= 
0 
1.06 A) 
1075 
1.075 
1.08 
1.07 
1065 1.085 
1.06 
1.05, 
1.04 
102 
/ \ 1.065 
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In this case the residual atmosphere of the vacuum 
furnace was reducing, so oxygen contamination is 
unlikely, but some other impurity may well have been 
present. 

A complete monolayer adsorbed onto a _ surface 


would check surface self diffusion. Concurrently with 


this experiment a set of measurements on surface self 


diffusion on nickel were carried out by Blakely and 
Mykura™) under the same experimental conditions, 
using the mass transfer technique. These showed that 
surface self diffusion decreased as the orientation 
approached the (100) plane. This supports the view 
that the low value of y at and near the (100) plane is 
due to an incomplete monolayer of an unknown im- 


But 


the (111) plane diffusion was as fast as theoretically 


purity, adsorbed at these orientations. nearer 
expected, so that there the y plot should be represen- 
tative of a clean f.c.c. metal surface. 

Thus, while the result shown in Fig. 14 is applicable 
only to the particular impurity distribution resulting 
from the heat treatment used, the method of determin- 
ing the y plot, by measuring 0/00 as a function of 4 
and then graphically integrating, has been shown to 
work. The accuracy achieved is not great and several 
approximations are involved in the formulae used to 
evaluate the result, so the solution is put forward as 


merely one which is consistent with the experimental 
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measurements within the experimental error. But the 
experimental accuracy can be improved: heating the 
specimens longer increases the twin-boundary groove 
size so that the interferometric measurement of the 


wedge angles is better. And measuring a still larger 


number of pairs of twin boundaries will give a better 
coverage of all possible orientations and enable the 


results to be analysed as a function of both 4 and o. 
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PRE-PRECIPITATION IN Al-Mg-Ge AND AI-M¢g-Si* 
A, LUTTS+ 


Single crystals of high-purity aluminium-base alloys (Al-0.7°%, Mg,Si, Al-1.0° 


Mg, Ge and Al—1.4° 
Mg,Ge) have been studied by a crystal monochromated X-ray technique. The pre 


precipitation stage 
of these alloys has been investigated in detail during isothermal ageing 150. 200. 250 and 
300°C, 

Diffuse X-ray scattering observed during the early ageing period shows that the needk shaped G.P 
When first detected these segregates do not set 


zones are probably formed in at least two steps. m to 


possess any internal periodicity whatever. X-ray scattering effects are also observed which seem to 
indicate that these primitive zones possess a high vacancy concentration 

The second part of the process is associated with the establishment of a linear periodicity along the 
segregate axis which lies parallel to one of the matrix cube directions. The periodicity is identical to that 


A 
primitive zones abruptly decreases. 


of the matrix along this direction. During this stage, the vacancy concentration of the 
Hardness measurements of single crystal specimens of these alloys isothermally aged at th 


temperatures as above reveal that the G.P. zones are the only hardening agent 
PRE-PRECTPITATION DANS Al-Mg-Ge ET Al-Mg-Si 
AL-0,7 Mg.Si, Al-1,0°, Mg.Ge et 


Al-1,4°% Mg.Ge) a été étudié en détail pendant le vieillissement isotherme a 135, 150, 200, 250 et 300° 


Le stade de pré-précipitation dans les alliages de haute pureté 

au moyen d'une technique employant un faisceau de rayons X strictement monochromatique 
La diffusion anormale des rayons X montre que les zones aciculaires de Guinier—Preston sont probabl 

ment formées en deux étapes au moins. 

périodicité interne De plus, leur teneur en 


Les ségrégats primitifs ne semblent posséder aucune 


lacunes semble étre importante. La seconde etape du déve loppement des zones est associee avec | étab 
lissement d’une périodicité linéaire suivant l’axe de la zone reposant le long d’une des directions cubiques 
de la matrice. La périodicité est identique a celle de la matrice $04 A Pendant l’établissement de la 
périodicité, le nombre des lacunes dans les zones diminue brusquement 

Les mesures de dureté des monocristaux vieillis aux températures citées ci-dessus montrent que les 


zones sont les seuls agents du durcissement. 


VORAUSSCHEIDUNG IN Al UND Al-Mg-Si 


An Einkristallen sehr reiner Aluminiumlegierungen (Al-0,7°, Mg,Si, Al-1,0°, Mg.Ge und Al-1,4% 
Vorausscheidung wahrend 


Mg—Ge 


Mg.Ge) wurde mit monochromatischen Réntgenstrahlen das Stadium der 
isothermer Alterung bei 135, 150, 200, 250 und 300°C im Detail untersucht 

Die diffuse Réntgenstreuung wahrend der ersten Periode der Alterung zeigt, daB die nadelférmigen 
Guinier—Preston-Zonen wahrscheinlich in mindestens zwei Stufen gebildet werden. Beim ersten Auftreten 
zu 


Achse der Zone 


Periodizitat ist gleich der der Matrix entlang 


scheinen die Segregate keinerlei innere Struktur zu besitzen, ihr Gehalt an Leerstellen scheint 


sein. Im zweiten Stadium der Zone entwickelt sich eine lineare Periodizitat langs det 
parallel einer der kubischen Richtungen der Matrix. Die 
dieser Richtung, 4,04 A. 


Hartemessungen an Einkristallen, die 


In diesem Stadium nimmt die Leerstellenkonzentration der Zonen sehr stark ab 
bei den obigen Temperaturen gealtert worden waren, zeigen, 


dass die Hartung allein auf die Zonen zuriickzufiihren ist. 


1. INTRODUCTION 
It is now generally admitted that the precipitation 


of a well-defined precipitate phase. Changes in several 


also 


important parameters of practical interest are 


process in a supersaturated metallic solid solution can frequently detected 


take place in two distinct stages. That taking place at 
relatively low temperatures, sometimes called the pre- 
precipitation stage, is of considerable theoretical as 
well as practical interest. It is during this period that 
we can detect the relatively intense diffuse scattering 
of X-rays and the ‘‘anomalous”’ changes in electrical 
resistivity and specific volume without the formation 


* Part of a thesis submitted 16 March 1960 to the Faculté 
des Sciences Appliquées, Université de partial 
fulfillment for the degree of ‘*‘Docteur en Sciences appliquées’’. 
Research financially supported by I.R.S.1.A. (Institut pour 
l’Encouragement de la Recherche Scientifique dans I’ Industrie 
et l’ Agriculture). Received November 17, 1960. 

+ Centre National de Recherches Métallurgiques, Liége. 
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Liege, in 


Pre-precipitation is characterized by the clustering 


or segregation of solute atoms in the matrix. Such 


solute-rich regions. now called Zones, were detected by 
X-ray scattering effects by Guinier and Preston 
in 1938. In contrast to the 


arrangement in particles of the precipitate phase, 


well-ordered atomic 


zones are believed to be a collection of solute atoms 
possessing little or no well-defined internal atomic 
periodicity. 

The zones detected in the system Al-Cu have been 
shown to be platelike in form. Subsequent investi- 


gation of various age-hardening systems has revealed 


— 
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the presence of zones possessing other shapes. The 
reader is referred to the review article of Hardy and 
Heal'®, 

One interesting form is the needle-shaped zones 
reported by Guinier and Lambot™ in the ternary alloy 
Al-Mg-Si. This system is, in fact, a quasibinary alloy 
when the concentrations of magnesium and silicon are 
such that the intermetallic compound and equilibrium 
precipitate Mg,Si is formed. These authors investi- 
gated single crystals of an alloy containing the equiva- 
lent of 0.7 per cent Mg,Si with a crystal monochro- 
mated X-ray technique. They observed diffuse X-ray 
scattering which could be attributed to long but 
extremely thin zones whose major axes are parallel to 
the matrix cube directions. These zones appeared to 
possess an internal periodicity of 4.04 A in this same 
direction and can, therefore, be considered to be lin- 
early coherent with the matrix. The segregates, when 
fully developed, were estimated to be several hundred 
Angstroms in length but only a few atomic diameters 
in width and thickness. The presence of rather intense 
diffuse X-ray scattering in an alloy where the atomic 
scattering factors are very nearly identical would seem 
to indicate that lattice distortions must be quite 
important. 

The purpose of the present investigation was to 
study and to compare the pre-precipitation stage in 
the systems Al-Mg-Si and Al-Mg-Ge. Although these 
two alloys are otherwise quite similar, the latter con- 
X-ray 


factor quite different from those of aluminium and 


tains a constituent possessing an scattering 


silicon. For this reason it was hoped that any differ- 
ence in the diffuse X-ray scattering of these two alloys 
might shed additional light on the pre-precipitation 
stage. 
2. EXPERIMENTAL PROCEDURE 

The three different aluminium-base alloys investi- 
gated, containing the equivalent of 1.0 and 1.4 per cent 
Mg,Ge and 0.7 per cent Mg,Si, 
carefully prepared from high-purity materials. 


respectively, were 


Single crystal specimens of two different thicknesses 
(0.5 and 1.5 mm) were produced by the classical strain- 
anneal method. These 1.5 mm thick, carefully polished 
on one side by standard metallographic techniques, 
were employed for hardness measurements. Single 
crystals 0.5mm _ thick* were used for the X-ray 
investigation. 

In both cases only those crystals where a {100} or a 
{110} plane was within 10° of the surface were retained 
for study. 


* This thickness corresponds very nearly to that for the 
optimum transmission for X-radiation of the wavelength 
employed: Mo Kz, A = 0.709 A. 
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All crystals were then given a solution heat-treat- 
ment for a period of not less than 24 hr at a temperature 
of between 590 and 600°C. At the end of this period 
each crystal was rapidly quenched in cold water at 
slightly below room temperature. 

Artificial ageing treatments at 135, 150, 200, 250 and 
300°C were performed under carefully controlled 
conditions. 

Hardness measurements were obtained from the 
polished surface of the 1.5 mm-thick erystals using a 
136° diamond pyramidal indenter and a load of 500 g. 
Each value reported was obtained from the average of 
four impressions. In every case, an entire isothermal 
hardness vs. time curve was realized from one single 
crystal specimen. The flat surface, produced by the 
polishing before solution heat-treatment, made it 
possible to obtain four quite symmetrical impressions 
of very nearly identical dimensions. 

The two principal orientations investigated are 
The first 
while the second will be referred to as 


shown in Fig. 1. Fig. l(a) will be called 
“orientation L” 
“orientation IL” 

An Ehrenberg and Spear micro-focus unit was used 
as an X-ray source. The radiation from a molybdenum 
target was monochromatized and focused by a curved 
quartz crystal. The X-ray pattern was registered on a 
flat film (9 
behind the single crystal specimen normal to and at 


12cm) placed approximately 30 mm 


the focus of the convergent monochromatic beam. 


3. EXPERIMENTAL RESULTS 


Specimens of both alloys, investigated immediately 


C010) C010) 
C100) C101] 


48 
(a) (b) 


Schematic representation of single crystal 
orientations employed. The flat film, not shown, was 
placed normal to incident X-ray beam (XR). (a) 
“Orientation I’. (b) “Orientation IT’’. 


1. 
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Fic. 3. Same alloy as Fig. 2, aged 6 hr at 150°C. Faint 
diffusely scattered X-ray lines passing through, at left, 
the (010) and, at right, the (010) matrix reciprocal 


lattice points in pattern (a) illustrated schematically 
in (b). 


Fic. 4. Single crystal Al-1.0 per cent Mg,Ge, aged 
1000 hr at 150°C, “orientation II’. Diffuse X-ray 
streaks fully developed. 
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Single ery stal Al—1.0 per cent 


3hr at 
scattered 


orientatl 
streak 


150°C, 


X-ray 


on 


pa 


IN Al-Mg-Ge AND AIl-Mg-Si 


Mg,Ge aged 
lL’. First faint diffusely 
vertically through 


ssing 


trace of direct beam of pattern (a) shown schematically 


after quenching from 590—600°C, showed no diffuse 


X-ray scattering other than that of thermal origin. 


(b). 


Similar patterns, taken after various periods of 


room-temperature ageing (as long as | year) were 
identical to that mentioned above. The rate of room- 
temperature decomposition of these supersaturated 
solid solutions thus appears to be extremely low. 
In order to increase this rate, the alloys were subjected 
to a series of artificial isothermal ageing treatments at 
135, 150, 200, 250 and 300°C. 

Consider first of all the behavior of the alloy 
Al-Mg-Ge containing the equivalent of 1.0 per cent 
Mg,Ge. After approximately 3 hr at 150°C, for example, 
anextremely faint but continuous vertical line appeared 


on the X-ray pattern. As shown in Fig. 2 this line 
passes through the trace of the direct beam, i.e. the 
(000) reciprocal lattice point. The single crystal was 
1”. After a total of 6 hr 


ageing at 150°C a pair of slightly curved lines, sym- 


irradiated in ‘‘orientation 
metrically arranged with respect to the former, became 
visible (Fig. 3). These pass through the (O10) and (010) 
matrix reciprocal lattice points, respectively. After 14 


and 30 hr ageing at this same temperature a second 


and third pair of lines appear. These pass through the 
(020), (020) and (030), (030) matrix reciprocal lattice 


points, respectively. All subsequent ageing at 150°C 
for periods as long as 1000 hr resulted only in an 
increase in the sharpness and intensity of these seven 
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TABLE l. 


PRE-PRECIPITATION 


IN Al-~Mg—-Ge AND AI-Mg-Si 


Time required for the appearance of various diffusely scattered X-ray lines at 


different isothermal ageing temperatures 


Time necessary for the appearance of line(s) 


[Isothermal 
ageing 
temperature 


Alloy 


(000) 


135 hr 
150 3 hr 
200 min 
250 min 
300 


Al-1%Mg,Ge 


135 2 hr 
150 min 
200 5 min 
250 


300 


Al-1.4%Mg,Ge 


135 > hr 
150 5 hr 
200 min 
250 min 
300 min 


Al-0.7%Mg,Si 


lines. The appearance of the X-ray pattern at this 
stage is illustrated in Fig. 4. The single crystal was 
irradiated in ‘‘orientation 

The same sequence was observed during the isother- 
mal ageing at 135°C. As might be expected, however, 
each of the 
obtained after a longer time at the lower temperature. 


stage above-described sequence was 


This temperature dependence can be clearly seen in 
Table 1 which gives the ageing times required for the 


production of the central line as well as the three pairs 


of lines at the various ageing temperatures for the 
alloys Al-1.4 per cent Mg,Ge and AI-0.7 per cent Mg, Si 
as well as for Al-1.0 per cent Mg,Ge. 

Consider now the behavior during the early ageing 
period of the alloy Al-0.7 per cent Mg,Si at 150°C, 
for example. As shown in Table 1 the central diffuse 
streak appears after 5 hr. At this point the X-ray 
pattern is identical to that of the alloy Al-Mg,Ge. 
That is to say, the single central streak, although very 
weak, is homogenous along its entire visible length. 

The first pair of lines in the X-ray patterns of the 
alloy Al-0.7 per cent Mg,Si appears after an ageing 
period of 10 hr at 150°C (Fig. 5). At this point two 
important differences can be noticed when comparing 
the latter to Fig. 3. First of all, the intensity of the 
central streak, previously constant along its entire 
visible length, suddenly decreases to an extremely low 
value near the origin of reciprocal space when the first 
pair of lines appear. In addition, the intensity of the 
latter is also extremely low along the central regions 
of the X-ray pattern. Although two additional pairs 
of streaks are produced by prolonged ageing at 150°C 
(see Table 1), the intensity in this region of the X-ray 


passing through the matrix reciprocal lattice 


point(s) 


(O30) 
(O30) 


(O10) 
(O10) 


O20) 
(O20) 


20 hr 50 hr 
6 hr hr 
30 min 3 hi 
15 min 
15 min 


min min 


> min min 


7 hr > hr 35 hr 
1 1/2 hr 5 hr 2 hr 


15 min > min min 


36 hr 100 hr hr 
10 hr 28 hr hr 
1 hr 3 hr 7 hr 
15 min 11/2 hr hr 


15 min 15 min > min 


patterns never attains a value comparable to those of 
the alloy Al-Mg—Ge. 

Ageing all these alloys at temperatures of 200°C and 
higher results in the eventual appearance of faint but 
extremely sharp Bragg diffraction spots symmetrically 
disposed with respect to those of the matrix. A ty pical 
example, not long after their appearance, is shown in 
Fig. 6. The single crystal of Al-1.4 per cent Mg,Ge 
has been aged 65 hr at 200°C 

With prolonged ageing at this and higher tempera 
tures the new Bragg spots become more intense and 
numerous while the diffuse X-ray streaks gradually 
grow weaker and eventually disappear 

Although not within the scope of the present subject, 
these new diffraction spots can be shown to be due to 
the formation of a true precipitate phase the particles 
of which possess a well-defined orientation with respect 
to the matrix. 

Results of the hardness measurements for the three 
alloys are shown in Fig. 7. Here the hardness values 
(on ordinate) are plotted as a function of the logarithm 


In all 


150 and 


of the ageing time in hours (on the abscissa) 
instances, the isothermal hardness curves at 
200°C exhibit a more or less distinct incubation period. 
A comparison of the curves with the X-ray diffraction 
patterns shows in all cases that the hardness starts to 
increase during ageing at these temperatures at a time 
corresponding to the appearance of the first diffuse X- 
ray streak. Such is not so clear at 250 and 300°C and 
is probably due to the extreme rapidity of the decom- 
position process at these higher temperatures. 

Table 2 shows the time for the appearance of new 


Bragg spots as well as that for the start of softening 
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Single crystal Al-0.7 per cent Mg.Si, aged 10 


Fia, 5. 
intensity of the 


hr at 150°C, “orientation IL”. The 
near the top and bottom of beam trap 
of first pair of lines in the central region 
This is shown schemati 


central streak 
as well as that 
of X-ray pattern (a) is low. 

cally in (b) 


Fia. 6. Single crystal Al-1.4 per cent Mg,Ge, aged 65 

Faint Bragg diffraction 

spots from true precipitate phase as well as diffusely 
scattered X-ray streaks are visible, 


hr at 200°C, “orientation 


| 
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Al-Mg-Ge 


VICKERS PYRAMID HARDNESS NUMBER 


PRE-PRECIPITATION 


IN Al-Mg 


10 100 


(1.4% Mg,Ge) 


4 


0,01 


10 100 


AGEING TIME (HOURS) 


7. 


Isothermal hardness curves 


s at the temperature 


indicated of the three alloys obtained from the polished 


surface of large single crystal spec 


for each alloy during isothermal ageing at 200, 250 
and 300°C. 


that softening does not begin immediately upon the 


In all but one instance it can be noticed 


formation of a geometrically well-defined second phase 
capable of producing sharp Bragg spots. This point as 


well as the shape of the hardness curves will be con- 


TABLE 2. Time (in hours) required for the formation of 
precipitate Bragg spots and for the beginning of softening 
in the alloys 
200°C 300°C 
Alloy 
(1) (2) 
Al-1%Mg,.Ge 
Al-1.4°%Mg,Ge 
Al-0.7%Mg,Si 


(1) Bragg spots. 
(2) Softening. 


he stressed here. 


should 


the maximum hardness is realized at 


sidered in detail below. It 
however, that 


ageing times when only the zones are present 


4. INTERPRETATION OF THE 
EXPERIMENTAL RESULTS 

The results of the present X-ray investigation of 
Al-Mg—Ge and Al-Mg-Si during the latter part of the 
pre-precipitation stage are in good agreement with 
those previously obtained for Al-Mg-Si by Guinier 
and Lambot. 

It has been possible in the present study, however, 


to follow in a step-wise manner the formation of 


diffusely scattered X-ray streaks from the beginning of 


the pre-precipitation stage. 
As has been mentioned above, the first diffusely 
scattered streak in both Al-Mg—Ge and Al—Mg-Si are 
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identical, Employing the model previously advanced 


by Guinier and Lambot, the single streak can be 
interpreted as indicating that the primitive zones 
possess no internal order or periodicity. 

With additional ageing, the X-ray patterns of both 
alloys exhibit the formation of three pairs of vertical 
diffusely scattered streaks passing, respectively, 
through the (010), (010); (020), (020); and (030), (030) 
matrix reciprocal lattice points. These can be inter- 
preted as indicating the progressive establishment of 
an internal periodicity or order along the major axis of 
the zones. Since this periodicity is identical to that 
of aluminium, the zones are linearly coherent with the 
matrix along its cube axes. There is no indication of 
internal order or matrix coherency in any other 
direction. 
the difference 


observed between the scattering effects in the region 


Of special interest, however, is 
near the origin of reciprocal space of the alloys 


Al-Mg-—Ge Al—-Me-Si after the 
treatment. At this point it must be pointed out that 


and initial ageing 
the technique employed here can not be considered to 
Nevertheless, 


it is possible to observe a decrease in the scattered 


be a true low-angle scattering method. 


intensity in the region reasonably close to the origin of 
reciprocal space during the ageing of Al-Mg-Si. 

The initial presence and subsequent decrease in the 
intensity in this region of reciprocal space would seem 
to indicate the following explanations: 

Al-Mg-Si 
X-ray 
appreciably different from those of the solvent 
(Al, Z 13) and the solute (Mg, Z 12; Si, Z 
14) atoms. 

The 


decreases during the formation of an internal 


(1) The primitive zones in contain an 


“entity” possessing an scattering factor 


concentration of such an “entity” rapidly 
periodicity in the zones. 

The influence of impurities such as copper and iron, 
usually associated with aluminium, seems to be ruled 
out due to the high purity of these alloys. One is thus 
forced to search for an ‘“‘entity”’ not only possessing an 
X-ray scattering factor different from the constituents 
but also one whose concentration in the zones decreases 
with the ageing process. The latter appears to be a 
significant point because if an impurity is involved one 
would expect that its concentration in the zones would 
increase with the decomposition process. 

One way to resolve this anomaly is to assume that 
this “entity” is the vacancy. Suppose that the X-ray 
scattering factor of a vacancy or an array of vacancies 
in a zone is appreciably different from those of alu- 
minium, magnesium and silicon. Using thisassumption, 
the presence of a relatively large number of such 
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crystal defects in the primitive zones, at a time where 
no internal periodicity is detected, could account for 
the initial scattered intensity. 

During subsequent ageing of the alloy Al-Mg-Si, 
magnesium and silicon atoms diffuse towards the 
primitive zones. It is probably much easier for one of 
these atoms to simply replace a zone vacancy than to 
exchange places witha nearby matrix atom. Vacancies 
thus “liberated” could diffuse away from the zone to a 
dislocation or other crystal imperfection. During such 
diffusion these vacancies could also aid in the transport 
Such 


would be an example of the vacancy diffusion mecha- 


of still more solute atoms towards the zones. 


nism proposed by Seitz) and others. 

Using this model, the vacancy concentration and, 
as a result, the intensity scattered near the origin of 
reciprocal space, should decrease as an internal perio- 
dicity is established in the zones. 

Consider now the alloy Al-Mg—Ge. Here, vacancies 
are not necessary to explain the low-angle scattered 
intensity because the primitive zones contain german- 
ium atoms. These thus partially mask the presence of 
vacancies at this stage in zone development. As was 
the case in Al-Mg-Si, vacancies are useful to explain 
the lack of internal order. 
the 
become richer in solute atoms which, as in Al-Mg-Si, 


During subsequent ageing primitive zones 
continuously replace the vacancies. The enrichment of 
the zones in germanium partially compensates for the 
loss in vacancies. The intensity scattered near the 
origin of reciprocal space should, to a first approxi- 
One 


however, expect the establishment of a linear perio- 


mation, remain essentially constant, should, 
dicity as ageing continues. 

It has been shown that during the pre-precipitation 
or “‘cold ageing” stage in these alloys the isothermal 
hardness curves exhibit a distinct incubation period. 
Such a behavior seems to be in contradiction to the 
generally accepted concept that such a process should 
give a property-change time curve having a non-zero 
slope at the origin. Results of the X-ray study have, 
however, conclusively shown that at 135 and 150°C 
there is no evidence of a true precipitation or ‘““warm- 
ageing” process during the first 1000 hr. 

This apparent contradiction is probably a result of 
the extremely low rate of decomposition of these 
alloys. Such is not the case in several alloys which 
start to decompose even at room temperature immedi- 
ately after quenching. In these one might not at all 
be surprised to detect an early property change. It 
thus appears quite dangerous to classify ageing phen- 
omena uniquely on the basis of a property-change vs. 


ageing time curve. 
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As mentioned above, softening does not. start 
immediately after the appearance of the sharp Bragg 
spots of the precipitate phase in Al-Mg-—Ge and 
Al-Mg-Si. 
that the 


minimum or 


Such a behavior would seem to indicate 


maximum hardness is associated with a 
‘‘eritical”’ value either in the number or 
size of the zones. 

Continued ageing for periods longer than a time 
corresponding to this value has no immediate effect on 
the hardness as can be seen by comparing Fig. 7 and 
Table 2 especially in the case of the alloys containing 


germanium. The significant point here is the relatively 


long ageing period which separates the formation of 


Bragg spots and the start of softening. If it is admitted 
that nearly all of the solute atoms are concentrated in 
the zones, one is lead to propose that the critical value 
mentioned above must be small compared to the 
maximum actually attained during the segregation 


process. 


softening should be detected before the formation of 


sharp Bragg spots. 


5. DISCUSSION 

The idea of the role possibly played by crystal 
imperfections during pre-precipitation is not new. 
Such a concept has becone necessary in order to explain 
the rapidity in which zones form in alloys even at 
relatively low temperatures. The rate of zone forma- 
tion is frequently several orders of magnitude higher 
than that calculated using the extrapolated high- 
temperature diffusion data. Since atomic diffusion 
must be one of the principal governing factors, it has 
been proposed that solute atoms employ or are aided 
by erystal imperfections. 

Réhner™® as well as Hirano et al. have postulated 
that vacancies play an important part during pre- 
precipitation in the alloy Al-4 per cent Cu. Turnbull® 
supposes, on the other that 
rapidly diffuse through the matrix by means of dis- 
Of these two possibilities, the extremely 


hand, atoms 


copper 
locations. 
mobile point defect is now receiving the most attention. 
The high diffusion rate of vacancies or groups of 
vacancies in pure undeformed metals has been demon- 
strated experimentally many times. Perhaps the most 
complete study has been that on pure gold by 
Kauffman and Koehler”). 

In alloys, on the other hand, Panseri ef al."° have 
recently reported that thermally generated vacancies 
appear to be attracted to and trapped by large solute 
atoms. That is to say, the recovery of electrical resis- 
tivity at room temperature of a non-agehardening 
Al-Mg alloy was found to be less than that of pure 
identical heat treatment and 


aluminium after an 


PRE-PRECIPITATION IN Al-Mg-Ge 


If such were not the case, the beginning of 


AND Al-Mg-Si 


TABLE 3. Several physical characteristics of alumin 


lum, germanium, magnesium and silicon 


Atomic difference 
radius * with 
aluminium 


Atomic 


Element 
number 


Al 
Ge 
Mg 


Si 
* Co-ordination number :2. 


quench. This ‘‘unrecoverable”’ increment of electrical 
resistivity could be “‘recovered”’ by heat treatment at 
higher temperatures. According to these authors this 
could be explained either by a thermal liberation of 
vacancies from their “‘traps’” or the diffusion of the 
vacancy—atom complexes to other cry stal defects. 
Consider the two age-hardening alloys of the present 
Both the 


magnesium 


investigation. contain same large solute 


atom From a strictly geometrical con 
sideration, both silicon and germanium should be much 
less efficient in trapping vacancies (see Table 3). Ifitis 
assumed that the magnesium atoms are randomly dis 
tributed the the heat- 


treatment temperature, the average distance between 


through matrix at solution 


less 


such atoms is only about four matrix unit cells, i.e 


than 20 A 
thus never far, even on an atomic scale, from a large 


Any thermally generated vacancies are 
solute atom. It is thus reasonable to assume that such 
defects during their rapid but more or less random 
diffusion through the matrix, should have a relatively 
high probability of passing near to and being trapped 
by such an atom 

Quenching to room temperature, although preserv- 
ing to a great extent the high temperature distri- 
bution of solute atoms, greatly decreases the rates of 
This is con- 


both formation and diffusion 


firmed in the present investigation since no sign of zone 


vacancy 


formation was observed during the first year after 
quenching. Such leads one to think that the vacancy 
magnesium atom couples are essentially “‘frozen”’ in 
place. At temperatures of 135 and 150°C, the diffusion 
is sufficiently rapid to permit the formation of zones in 
only a few hours. Since vacancies seem to be present 
in the primitive zones it Is only reasonable to believe 
that they participate in at least the diffusion of mag 
nesium atoms 

It was stated above that nearly all the solute atoms 
are concentrated in the zones when the hardness has 
attained its maximum value. Another way in which to 
explain the relatively long ageing period between the 


appearance of precipitate Bragg spots and the start of 


softening would be to employ the very recently pub- 


lished results of Panseri and Federighi™*). These 
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authors have evidence which suggests that the pre- 


precipitation process in the alloy Al-10 per cent Zn 


stops when the supply of quenched-in vacancies is 
exhausted. 

Due to the interaction between solute atoms (espe- 
cially magnesium) and vacancies, one could propose 
that the maximum number of solute atoms present in 
the zones is dependent upon the number of quenched- 
in vacancies. If the latter is small compared to the 
total number of solute atoms, it is quite possible that 
only a relatively small fraction of the solute atoms is 
eventually present in the zones. If such is the case in 
Al-Mg-Ge and Al-Mg-Si, the nucleation and partial 
growth of precipitate particles must take place in the 
matrix between zones. Such is necessary in the present 
work in order to explain the fact that both the hardness 
and the scattered X-ray intensity do not decrease until 
after the appearance of these new Bragg spots. The 
difficulty 


explain the growth of the precipitate particles after the 


in employing this mechanism is how to 
elimination of the vacancies. It is thus quite evident 
that more work is necessary before one will be able to 
answer this interesting point. 

One final point of interest is that the orientation of 
the matrix. Sines and 


the with 


Kikuchi" have recently considered theoretically the 


Zones respect. to 
elastic interaction between “point” defects (large and 
small solute atoms as well as vacancies) and “‘string- 
lets’ and “‘platelets’”’ composed of these point defects. 
In the case of needle-shaped segregates these authors 
have reported that there is probably no force causing 
expansion in the polar direction. This might not be 
true in the case of very short clusters composed of, for 
example, a di-defect. 

Due to the mathematical difficulties involved the 
Although 


aluminium approaches this condition more closely than 


matrix was considered as being isotropic. 


some other metals, Young’s modulus varies from a 


minimum of 6400 kg/mm? in the (100) directions to a 


maximum of 7700 kg/mm? along the (111) directions. 
In both Al-Mg—Ge and Al-Mg-Si the long axis of the 
This 


would seem to indicate that the orientation of the 


zones lies along the matrix cube directions. 


zones might possibly be determined by elastic con- 
siderations from the very beginning of the segregation 
process. 
6. CONCLUSIONS 

(1) The rate of room-temperature ageing in these 
alloys is very low. 

(2) Artificial ageing at temperatures of 135 and 
150°C results in the formation, in at least two steps, of 
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needle-shaped G.P. zones the long axis of which lies 
along the matrix cube directions. 
(a) When first formed, the primitive zones do not 
exhibit any sign of internal order or periodicity. 
At this stage the zones appear to contain a rela- 
tively important vacancy concentration. 
A periodicity identical to that of the matrix is 
progressively established along the zone axis 
during subsequent ageing. This is accompanied 
by an abrupt decrease in the vacancy concen- 
tration of the zones. The average zone size, 
when fully developed, is estimated as being 
several hundred Angstroms in length but only 
a few atomic diameters in width and thickness. 
(3) The needle-shaped G.P. zones appear to be the 
only hardening agent in these alloys. 
(4) Ageing at 200°C and higher results in the for- 
mation of a true precipitate phase and the eventual 


softening of the alloys. 
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THEORY OF Al-Zn ALLOY RESISTIVITY DURING PRE-PRECIPITATION* 
M. ASDENTE?t 


The electrical resistivity of Guinier—Preston zones in Al-Zn has been calculated as a function of zone 
radius for three different zinc concentrations within the zone. The problem is solved in the free electron 
approximation by the partial wave method. The resistivity per zinc atom was found to decrease con 


25 A. 


to explain the experimentally 


tinuously for zone radii from about 2 A to 
therefore 


The usual hypotheses of zone formation and growth are 
The 


calculation indicate that a slightly different hypothesis of the early stages of zone growth will yield a 


insufficient observed resistivity maximum present 


resistivity maximum. 


THEORIE DE LA RESISTIVITE DES ALLIAGES AI-Zn 


PRE-PRECIPITATION 


PENDANT L 


La résistiv ite électrique de zones Guinier Preston dans des alliages ce \] Zn a ete ¢ ak ul een fonction 


du rayon de la zone pour trois concentrations différentes en Zn dans la zone. Le probléme est résolu dans 


l’approximation des électrons libres par la méthode de l’onde partielle. On a trouvé que la résistivité par 


atome de zine diminue continuellement pour des rayons de zone d’environ 2 A & 25 A. Les hypothéses 
usuelles de formation et de croissance de zones sont done insuffisantes pour expliquer le maximum de 
résistivité observé expérimentalement. Le présent calcul indique qu'une hypotheése légérement différente 


des premiéres étapes de la croissance de la zone aura comme conséquence un maximum de la résistivité 


THEORIE 
DER 


Der elektrische Widerstand von Guinier 


Hilfe det 


in der Naherung freier Elektronen mit 


Bildung und Wachstum von Zonen geniigen daher nicht, um das experimentell beobachtet« 


standsmaximum zu erklaren. 


DES WIDERSTANDSVERLAUFS 
VORAUSSCHEIDUNG 
Preston-Zonen in Al 
berechnet, und zwar fiir drei verschiedene Zinkkonzentrationen innerhalb der Zone 
Partialwellen-Methods 
Zinkatom nimmt fiir Zonenradien von etwa 2 A bis 25 A bestandig ab. Di 


Die vorliegende Rechnung zeigt, daB eine 


DER LEGIERUNG Al-Zn WAHREND 


Zn wurde als Funktion des Zonenradius 

Das Problem wird 
Der Widerstand 
iiblichen Hypothesen iiber 
Wider 
Hypo 


gelost 


pro 


nur leicht verschiedene 


these iiber die friihen Stadien des Zonenwachstums zu einem Widerstandsmaximum fiihrt 


INTRODUCTION 
During the aging of supersaturated aluminum alloys 
typically Al-Ag, Al-Zn, Al-Cu—the 
tivity shows an initial increase followed by a decrease 
3) 


resis- 


residual 
as a function of time.“ X-ray analysis) suggests 
the formation of zones which are very rich in solute 
atoms and coherent (from the structural point of view) 
with the matrix lattice: the Guinier—Preston zones 
The maximum of the resistivity is usually explained 
by the enhanced scattering of the electron waves by 
either lattice deformation around the zones‘ or by a 
critical size of the zones. 


Mott'® suggests that the scattering power per atom 


should be maximum for a dimension of the zones of 


the order of electronic wave lengths. This mechanism 
has been generally accepted although no experiment 
has been performed which measures the resistivity 
and zone size simultaneously. 

It therefore seemes useful to analyse in more detail 
the scattering by zones of different dimension. The 
calculation is based on Al-Zn alloys in which the 


* 
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This latter hypothesis of 
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Guinier Preston zones are known to be spherical 


The exact concentration ( Zn of zine inside the zones 


is not known, therefore the calculation was made for 


three different values of C,,,:50, 80 and 100 per cent 


CALCULATION METHOD 


This problem was treated by the free electron 


approximation, according to which the conductivity 
cross section o, and the residual resistivity p, can be 


written respectively as 


l cos ?) da 


where J(7) is the scattering cross section for a } angle, 
dw the element of solid angle, (’, the concentration of 
the scattering centers relative to the number of lattice 
points, vy the number of conduction electrons per atom, 
m and e respectively their mass and charge, and v the 
velocity of the electrons at the Fermi level. 
The zones have been represented by a square 
repulsive potential whose geometrical dimension were 
chosen to be the same as the dimension of the zones 


0 
= 
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Curve 1 =100 7% 
Curve 2 C,,=80% 
Curve 3 C,,=50% 


25 


{esistivity per zinc atom in a zone vs. radius of zone for three different concentrations, Czy, of zine 


within the zone. 


and whose height was determined by requiring a 
correct screening effect.) The use of such a simple 
potential is suggested by the fact that similar cal- 
culations carried out with different and more accurate 
potentials indicate that final results depend little on 
the exact shape of the potentials, as long as the 
condition is verified that the shifted electronic charge 
is equal to the charge difference due to the impuri- 
ties.‘®) 

The diffusion problem has been solved exactly on 
an IBM 704 computer by means of a partial wave 
method, with the conduction electrons as free electrons 
and y assumed equal to three, the number of Al- 


valence electrons. 


RESULTS AND CONCLUSIONS 
The results are shown in Fig. 1 where the residual 
resistivity due to a C’, concentration of zones (C, l 
per cent) divided by the number x of zine atoms in 


each zone is plotted as a function of the radius r of 


the zones. (’,/n is therefore the resistivity per zine 


atom as a function of the radius of the zone in which 


the zinc atom is situated, for a constant number of 


scattering centers. 

Contrary to what has been found in a similar 
calculation on spherical cavities in copper, the 
curves obtained show no maximum of C',/n. This is 
probably related to the fact that in the present case 


the potential is practically constant as a function of 


the zone radius, while for cavities it was found that 


(Calculations are made on the basis of a constant number of zones.) 


the potential height was strongly dependent on the 
radius, particularly for small cavities. 

In order to make a comparison with experimental 
results there are essentially three parameters which 
the number of zones, their radius and 
The 


working hypotheses have been generally used to 


can be varied: 
their internal concentration (C,,. following 
obtain a qualitative interpretation of experimental 
results: (a) the number of zones formed during 
quenching is negligible, or at least they do not 
influence the behaviour of the aging process; (b) in 
an isothermal aging process all the zones begin to 
grow together and at the same rate; (c) the number 
of zones formed depends only on the aging tempera- 
ture. Furthermore, since detailed information of the 
concentration within the zones is lacking, the con- 
centration C',,, is assumed to be constant during an 
isothermal aging. 

It can immediately be seen that according to these 
maximum is_ not 


hypotheses the experimental 


obtained. The change in residual resistivity due to 


the formation of zones is given by 


Ap = 2[p.(r) — (3) 


where z is the percentage of zones formed, and p,(79) 
is the resistivity due to 1 per cent of isolated zinc 
it is easily shown 


atoms. From the results of Fig. 


that 


Sp./n 
zn 0. (4) 


— Sr 
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Thus the experimental behaviour cannot be explained 
by resonance phenomena in the free electron approxi- 
mation, although a proper band theory calculation 
may yield the necessary maximum. An explanation 
based on the lattice deformation around the zones, 
does not seem probable in the case of the Al-Zn alloy 


because of the small difference in the ionic radius of 


the two constituents. 
that the 
data 


These considerations suggest 
and the 
the 


maximum in Ap most probably can be attributed to 


agreement between experimental 


behaviour obtained from the results in Fig. 


the assumptions regarding the aging process. In 


particular, if we consider the experimental evidence 


which indicates the presence of some zones immedi- 
ately after quenching and assume that they tend to 
then the experimental results 
This 


assumption is not unreasonable because the matrix 


contract during aging, 
can be explained by the present calculation 
immediately adjacent to the zone is depleted in 


(10) 


zine There would therefore be a delay before the 


zone would begin to grow. Also, since atomic jumps 
which bring zinc atoms closer together are preferred, 
a pre-formed cluster would have a tendency to contract 

The resulting change in the internal concentration 
of zine and the corresponding decrease in radius 
The 
zones would then continue to grow in size from the 
of the the 
Kinetics of this type can be represented by 
Fig. 1, 


Obviously this is a very crude 


would cause an initial increase in resistivity. 


continuous contribution zine atoms in 


matrix. 
the dotted curve in followed in time in the 


indicated direction. 


approximation, but it does show the importance of 


the zones pre-formed during quenching and of the 
the 


however, that this simple consideration can explain 


concentration within zones.* It is interesting, 


* W. A. Harrison" has just published a similar calculation 
He has used the Born approximation for one concentration of 
zine within the cluster. Except for some details in the shape 
of the curve, his results are essentially the same 
Not only does this confirm the 


sorn 


as those of 
curve (1) in the present work. 

validity of both results, but it 
approximation is reliable in this type of calculation 


also indicates that the 


RESISTIVITY DU 


lack of 


RING PRE-PRECIPITATION 

the experimental electrical resistivity results without 
any drastic assumption regarding the aging process 
The assumptions which have been made can _ be 
experimentally verified, for instance in the following 
(1) If the zones pre-formed during quenching 
the 


immediately after quenching should be 


ways: 


are important, absolute value of resistivity 


less than if 
the zinc atoms were completely dissolved in the alloy 
This comparison may he obtained by extrapolating 
the value of the resistivity of alloys with very small 


zine concentrations. (2) 


Quenching wires of different 
diameters would alter the quenching rate and perhaps 
produce different initial number and sizes of zones 
Sufficiently thin wires might prevent the formation 
of any zones during the quenching and the resulting 


resistivity vs. time curve should show onl 1 con 


tinuous decrease 

More generally, in order to obtain a clear under 
standing of the problem the most significant measure 
course be the simultaneous deter- 


ment would of 


mination ot resistivity, number and size of zones 


during the aging process 
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GROWTH OF y’-Fe,N IRON NITRIDE PRECIPITATES IN AN a-IRON MATRIX* 
G. R. BOOKER?t 


Fe,N plates formed in an %-Fe matrix have been isolated in extraction replicas and examined by 
electron microscopy and “‘selected-area’’ electron diffraction. Individual plates exhibit two sets of fine 
structure and give a characteristic single-crystal “‘spot’’ pattern in which the “‘spots’’ are drawn out into 
two sets of lines which intersect. Interpretation of the pattern reveals that (a) individual plates comprise 
a single crystal lattice, (b) the two sets of lines in the pattern arise from relaxation of the diffraction 
condition in directions perpendicular to the two sets of fine structure within individual plates, (c) the 
habit plane of the plates is {112},” and (d) the directions of the fine structure are [132], and [312 y’ 
Consideration of the positions of the atoms in the precipitate habit plane, {112},”, and matrix habit plane, 

210},, suggests why the plates grow with two sets of fine structure, and how this is possible with the 
plate still contorming to a single cry stal lattice. 

CROISSANCE DU NITRURE DE FER »y’-FeyN DANS UNE MATRICE DE FER « 

L/ auteur a examiné en microscopie électronique et en diffraction électronique localisée des plaquettes 
de nitrure y’ Fe,N précipitées dans une matrice de fer «. Ces plaquettes ont été isolées a aide de répliques 
d’extraction. Les plaquettes individuelles présentent deux types de structure fine et produisent un 
diagramme de diffraction ponctué caractéristique des monocristaux. Sur ce diagramme, les taches sont 
alignées en deux faisceaux de lignes quis’entrecroisent. L’interprétation de ces diagrammes montre que: 
(a) les plaquettes individuelles possédent un réseau caractéristique d°un monocristal. 

(b) les deux faisceaux de lignes du diagramme de diffraction sont provoqués par une modification des 
conditions de diffraction dans des directions perpendiculaires aux deux types de structure fine. 


(c) le plan @habitat des plaquettes est {112} 


(d) les directions de structure fine sont | 132 et [312].,. 
Le positions des atomes dans le plan d’habitat du précipité, {112 }.”, et le plan d’habitat de la matrice 


{210}, indiquent pourquoi les plaquettes croissent de deux maniéres différentes et comment cela est 


possible bien que la plaquette posséde toujours un réseau caractéristique d’un monocristal. 
WACHSTUM VON AUSSCHEIDUNGEN VON »’-Fe,N EISENNITRID 
IN EINER «-EISENMATRIX 

Fe,N-Platten, die sich in einer %-Eisen-Matrix gebildet hatten, wurden mit Hilfe von Abdriicken 
extrahiert und isoliert und dann mit Hilfe von Elektronenmikroskopie und gezielten Elektronenbeu- 
gungsaufnahmen untersucht. Die einzelnen Platten zeigen zwei tiberlagerte Feinstrukturen und geben 
ein charakteristisches Einkristall-**Flecken’’-Muster, in dem die ‘*Flecken” zu zwei sich schneidenden 
Liniensystemen auseinandergezogen sind. Die Analyse der Beugungsbilder zeigt: (a) die einzelnen 
Platten bestehen aus einem Einkristallgitter, (b) die beiden Liniengruppen des Begungsbildes entstehen 
infolge einer Lockerung der Reflexionsbedingung in Richtungen, die senkrecht zu den beiden Feinstruk 
turen in den einzelnen Platten stehen, (c) die Habitusebene der Platten ist i] 12} und (d) die Richtungen 
der Feinstrukturen sind {132 und [312!... Betrachtung der Atomlagen in der Habitusebene der 
Ausscheidung, {112}.”, und der Habitusebene der Matrix, {210},, lehrt verstehen, warum die Platten 


mit zwei Feinstrukturen wachsen, und wieso die Platte dabei trotzdem einem Einkristallgitter entspricht. 


1. INTRODUCTION the matrix in a Widmanstitten manner. X-ray 

The structure of y’-Fe,N iron nitride appears to diffraction studies on polished sections established the 
have been first investigated by Hagg") using X-ray matrix habit plane as {210},, whilst similar studies on 
diffraction. Hagg found that the iron atoms were chemically isolated y'-Fe,N plates approximately 
arranged on a face-centred cubic lattice with a = 3.789 0.25 mm in diameter were less precise and indicated 
A and suggested that the single nitrogen atom in the — two possible low-index habit planes for the precip- 
unit cell was located at the centre of the cube. This  jtate, {112}, and {213}... To decide between these 
structure was later confirmed by Jack following a possibilities, Mehl et al.°) compared the positions of 
more refined X-ray diffraction study. the atoms in each of the {112}, and {213}., planes with 
Mehl ef al. examining nitrided iron specimens the positions of the atoms in the {210}, planes. Because 
found that y’-Fe,N precipitated as plates oriented in the {112}., planes exhibited marked similarities with 
—— the {210}, planes, whilst the {213}., planes were in no 


* Received December 14, 1960. way similar, {112}., was selected as the probable y’-Fe,N 
t Physics Department, Central Research Laboratories, : 
Richard Thomas and Baldwins Limited, Whitchurch, Bucks., 
England. Now at: Westinghouse Electric Corporation other pairs of planes in y’-Fe,N and «-Fe, respectively, 
Research Laboratories, Beulah Road, Churchill Boro, Pitts- : 
burgh 35, Pennsylvania. 
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habit plane. Mehl et al. noted, however, that several 


offered similarities in atom positions which appeared 
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equally as good as those of the {112}., and {210}, 


planes. It was concluded that the simple theory for 
Widmanstitten growth based on a “two-dimensional” 
fit of atoms in the precipitate and matrix habit planes 
appeared to be inadequate in the present instance and 
the suggestion was made that the best “‘three-dimen- 
sional” fit was perhaps the deciding factor. 

Booker et al. nitrided iron and steel specimens and 
observed Widmanstatten y’-Fe,N plates up to approx- 
25 uw across. The plates after being isolated 
) 


imately 
either chemically or in extraction replicas’) were 
examined by electron microscopy and electron diff- 
raction, and the characteristic electron diffraction 
pattern found to be ususual in that it consisted of a 
regular array of “‘spots” drawn out into lines. It was 
habit 
plane and that the lines in the pattern probably arose 
y’-Fe,N 


reported that the pattern indicated a (112) 
from irregularities in, or distortion of, the 
lattice. 

The present paper describes how further electron 
microscope and electron diffraction studies performed 
on isolated y’-Fe,N plates have (1) revealed fine 
structure in the plates, (2) enabled the characteristic 
electron diffraction pattern to be explained, and (3) 
provided new information concerning the growth 
mechanism. 

2. OBSERVATIONS 

Extensive electron microscope examinations 
y’-Fe,N iron nitride plates isolated from nitrided pure 
iron, Armco iron and a range of steels revealed that 
individual plates possessed a fine structure character- 
ised by two sets of parallel straight lines, the angle 
between them generally being approximately 45 
(Fig. la). the 
supplement of 45° (Fig. 1b), and on rare occasions a 


Sometimes the included angle was 


more massive oriented structure was also 


(Fig. 1b). 
All the plates examined 


present 


gave the same type of 
‘‘selected-area”’ transmission electron diffraction pat- 
tern when the electron beam was approximately per- 
pendicular to the plane of the plates. The pattern 
consisted of “‘spots’’ arranged in regular rows and 
columns but differed from the usual kind of single- 
crystal pattern in that each “‘spot’’ was drawn out into 
two intersecting lines (Fig. 2a). These lines lay along 
two general directions inclined at approximately 45 
to one another, the directions being symmetrically 
arranged with respect to the positions of the “‘spots”’ 
in the pattern. The relative orientation of the pattern 
and the corresponding plate was such that the two 
directions of the intersecting lines in the pattern were 
perpendicular respectively to the two directions of the 
fine structure in the plates. This is illustrated by the 


of 
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pattern of Fig. 2(a) which is correctly aligned with 
respect to the plates of both Figs. l(a) and (b) 

By diffraction 
aperture, it was possible to record separate patterns 
When the 


aperture was positioned over an area containing only 


using a small limiting electron 


from different areas of individual plates 


one type of fine structure, the pattern obtained (Fig 
2b) was the same as that previously observed but the 
‘‘spots”’ were now drawn out into only one set of lines, 
this being the set perpendicular to the fine structure 
under examination. When the aperture was positioned 
over an area of the same plate containing only the 
other type of fine structure, the same pattern was 
obtained but the ‘spots’ were now drawn out into the 
other set of lines, i.e. the lines were again perpendiculat 


to the fine structure being examined 


3. INTERPRETATION 
The present investigation shows that the characte 
y -Fe,N of 


but separate single-crystal 


istic pattern Fig. 2(a) comprises two 


which 
ot 


fine 


similar patterns 


The 
at 


arise independently from the two different LS 


within individual 
the 
15°, 


crystal patterns are not inclined to one another 


fine structure plates 


structures within two areas are inclined an 


but the corresponding single- 
The 
“spots” of the separate patterns (and consequently 
of the 


positions, being distinguished from one another only 


angle of about 


also combined occur in identical 


pattern) 


by the directions of the lines constituting the spots ss 
It therefore, that Fe N plates 


possess a single cry stal lattice 


follows, individual 


Measurement shows that the positions of the “‘spots 
correspond well with the positions of the reciprocal 
zone of y’-Fe,N 


ness of the fit can be seen by comparing the patterns of 


lattice points for a (112) The close 


Fig. 2 with the diagram of Fig. 3(a), which has been 
drawn to the corresponding scale. The patterns show 
in addition a regular variation in the intensities of the 
‘spots’ and this can also be explained in terms of a 
(112) Thus, the 


correspond in general to the large circles of Fig. 3(a 


pattern intense “spots”, which 
are the strong reflections from the face-centred cubic 
array of iron atoms in the y’-Fe,N lattice. The weak 
“spots”, which correspond to the small circles of 
Fig. 3(a), are probably super-lattice reflections arising 
because of the nitrogen atoms also present in the 
These the 


precipitate habit plane as (112) 


lattice. observations directly identify 


The experimental determination of the relative 
orientation of a plate and its pattern enables the 
crystallographic directions within the plate to be 


determined. Comparison of Figs. 1, 2 and 3(a) shows 
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Fic. 1. 


Portions of typical y 


VOL. 


Fe,N iron nitride plates 


isolated from nitrided iron and mild steel specimens, 


Klectron micrographs (a) 


Fic. 2. “Selected-area 
obtained from 


electron 


10.000. (b) 20.000. 


diffraction patterns 


y’-Fe,N plates with the electron beam 


approximately perpendicular to the plane of the plates. 


that the main directions of the electron diffraction 
pattern, [111],, and correspond to the bisectors 
of the two directions of the fine structure within the 


plate, whilst the symmetrical directions [132]., and 


312|.., which calculation shows include an angle of 


44°, correspond to the fine structure directions. 


The relative orientation determination also indicates 


the origin of the lines in the patterns. Thus, the fine 
structure in the plates has the effect of disrupting the 
continuity of the crystal lattice in the direction per- 
pendicular to the fine structure and this causes the 
electron diffraction condition in this direction to be 
partially relaxed and the “‘spots”’ to be drawn out into 


lines about the true reciprocal lattice points. This is 
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222 


X X X X X 


>< 


Fic. 3. (a) Theoretical single-crystal pattern corre 


sponding to a (112), zone of y’-Fe,N. (b) Result of relax 
ing the diffraction condition in the direction perpen 
dicular to {132],’. (¢) Pattern obtained by superimposing 
two symmetrical patterns of the ty pe shown in Fig. 3(b) 


illustrated in Fig. 3(b), whilst Fig. 3(c) shows how the 
superposition of two separate patterns of this type 
gives the characteristic y’-Fe,N pattern. 

In order to investigate the reason for the occurrence 
of the fine structure within the plates, it is necessary to 
consider the manner in which the plates grow in the 
matrix and this can be most readily performed by 
examining the positions of the atoms in the {112}., and 
{210}, habit Both 
arranged in rectangular arrays of somewhat similar 


planes. planes contain atoms 


size and the best “two-dimensional” fit which can be 
made is when the rectangles are similarly aligned. 


N IRON NITRIDE PRECIPITATES 


of directions and atom spacings mn 
(210), habit 


‘omparison 


the (112) and planes 


This relationship, expressed crystallographically as 
[111] _and| 110 [OO] 
broken lines of Fig. 4(a) and 


atom spacings along these pairs of directions are 


{120 _, 18 illustrated by the 
(b). The misfits of the 
2.4 
6.7 per cent respectively (Table 1) 
Mehl 


sufficiently good to 


and {210! 


per cent and 


It is this fit which was previously noted by 
et thought 


account for the selection of {112} 


and not to be 


as habit 
planes. 
f a differ- 


directions in the 


Further inspection reveals the existence ¢ 
the | and [312 


(132 
habit plane bear a close resemblance to the 


ent sort of fit 
(112) 
(121), and [121 
ta 


directions is approximately 15 


, directions in the (210), habit plane 
of 
, and the misfit in atom 
12] 


This similarity, when con- 


(Fig. and b). The angle between each pair 


spacing along the (132),, and _ directions is only 

1.1 per cent (Table 1) 
sidered in conjunction with the foregoing observations, 
that of a -Fe,N 


particle is as follows. 


suggests the growth mechanism 


The excellent “‘one-dimensional’’ atom fit along the 


132 12] 


grow in a highly preferential manner. One portion of 


and ‘ directions causes the particle to 


the particle forms with a [132]. type growth along the 
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Comparison of the atom spacings along various 
‘and (210), habit planes 


TABLE | 
directions within the (112) 


(112) (210) 


Misfit 


Spacing Spacing 
Spacing pacing 


(A) (A) 


Direction 


120 6.41 
2 86 
121 7.02 


210 6.41 


with a [312] 
The resulting 
of differently 
oriented fine structure. Because the angle between the 
[132],, and [312] the 
closely the same as the angle between the [121], and 


[121], direction, and a second portion 
type growth along the [121], direction. 
particle thereby contains two areas 
directions in precipitate is 
121], directions in the matrix, the plate is able to 
grow and conform to a single y’-Fe,N crystal lattice. 
The plate does not thicken appreciably, presumably 
because of the relatively large misfit in atom spacing 
between the precipitate and matrix in the direction 
perpendicular to the plane of the plate, this being 

37.8 per cent (Table 1). 

The massive elongated structure observed on rare 
occasions within individual plates in addition to the 
two sets of oriented fine structure can generally also be 
explained as preferential growth due to a “‘one- 
dimensional” atom fit. Thus, the structure of this type 
in Fig. 1(b) is along the [110] 
“one-dimensional” fit along 


direction and probably 
occurs as a result of the 
the [110], and [O01], directions (Table 1). 


4. SUMMARY AND CONCLUSIONS 
(1) The y’-Fe,N 


matrix as plates, each of which possesses two distinct 


phase precipitates in an a-Fe 


areas of differently oriented fine structure. 
(2) The characteristic electron diffraction pattern 
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from individual y’-Fe,N plates consists of a single- 
crystal array of “‘spots’’, each “‘spot’’ being drawn out 
into a pair of intersecting lines. 

(3) The single-crystal array arises because each 
plate comprises a single crystal lattice, whilst the two 
sets of intersecting lines arise from the two sets of fine 
structure within each plate. 

(4) The habit planes of the precipitate and matrix 


and {210} 


are {112} }, respectively. 


and 


(5) The fine structure directions are [132] 
312]., in the precipitate and [121], and [121], in the 


matrix. 

(6) The fine structure occurs because of a good 
“one-dimensional” fit of the atom spacings in the 
132).. and (121 


(7) Individual plates are able to comprise a single 


, directions. 
crystal lattice because the angle between the [132] 
and [312] 


closely the same as the angle between the |121], and 


directions in the precipitate habit plane is 


[121], directions in the matrix habit plane. 

(8) Individual plates do not thicken appreciably 
because of a relatively large misfit in atom spacing 
between the precipitate and matrix in the direction 


perpendicular to the plane of the plate. 
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THE EFFECT OF IMPURITY ADSORPTION ON THE SURFACE ENERGY AND 
SURFACE SELF DIFFUSION IN NICKEL* 


J. M. 


BLAKELY and H. MYKURA* 


Striations were observed on nickel heated in vacuo at 900°C. The distribution of striating orientations 


suggests the presence of point cusps in the plot of surface free energy at (100 
Also evidence was found that surface diffusion is fast at (110 


and a line cusp between (410) and (510). 


and for a range of atomically rough planes between (410) and (210 


( 111) planes. 


L;ADSORPTION 
L;AUTODIFFUSION 


EFFETS DUS A 


Les auteurs ont observé apparition de stries sur le nickel lorsque il est chauffé sous vide 
répartition de ces plages striées suggé¢re la présence de joints de rebroussements dans le tract 


d’énergies libres de surface pour des plans (100), (110) et (210) et une ligne de 


et (510). 


Ils ont trouvé également que la diffusi on en surface était rapide pour des plans 
(210) en plus des plans lisses (100) et (111 


rugueux a l échelle atomique, entre (410) et 


DIMPURETES SUR 
EN SURFACE Dl 


(110) and (210) orientations 


in addition to the smooth (100) and 


Both effects are ascribed to impurity adsorption 


LSENERGIE DE SURFACE ET SI 
NICKEL 

a 900°C. La 
» des courbes 


rebroussement entre (410 


110) et pour des plan 


Ces deux effets sont imputables a ladsorption d’impuretés 


EINFLUB ADSORBIERTER 


ENERGIE 


Auf in Vakuum bei 900°C gegliihtem Nickel wurden Striemen beobachtet. Dis 


VERUNREINIGUNGEN AUF 
UND OBERFLACHENSELBSTDIFFUSION VON NICKEL 


DIE OBERFLACHENEN 


Orientierungsverteilung 


der Striemen deutet auf das Vorhandensein von punktf6rmigen Spitzen in der Polarkoordinatendar 


stellung der freien Oberflachenenergie bei den Orientierungen (100), (110) und (210 
Es ergaben sich Anzeichen fiir eine starke Oberflachendiffusion 


formigen Spitze zwischen (410) und (510). 
atomar rauher 
Effekte 


auf (110) und einer Reihe 
Ebenen (100) und (111) 


seide 


Ebenen zwischen (410) und (210 


werden auf adsorbierte 


sowie einer linien 


zusatzlich zu den glatten 


runreinigungen zuriickgefiihrt 


INTRODUCTION 
Herring” has discussed the variation of the surface 
free energy of crystals with orientation (the y-plot). 
He also considers the effect of adsorbed impurity atoms 
on the shape of the y-plot. The work of Walter and 


Dunn’ on iron-3°%, silicon alloys (body-centred 


cubic) has shown that impurity adsorption can make 


the surface energy of the {100} planes less than that of 


the {110} planes; the latter is the closest packed plane 
of the b.c.c. lattice and in cleaner conditions has the 
The y-plot ot 


lower surface free energy. nickel 
computed by Mykura‘) from twin boundary groove 
measurements also shows a deeper cusp at {100} than 
at {111}, the close-packed plane; there also the result 
is ascribed to impurity adsorption. 

The effect of adsorption on surface diffusion has 
heen considered by Gomer™ from the point of view of 
the migration of the adsorbed atoms. Gomer suggests 
that atomically rough surfaces can have their trapping 
sites saturated by adsorbed atoms and thus possess 


much higher diffusion coefficients than clean surfaces 


The purpose of the present note is to show that at 


lower temperatures the y-plot of nickel is even more 


affected by impurity adsorption than was found in 


* Received December 14, 1960. 
+ Department of Natural Philosophy, University of Glasgow. 
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our previous results at LOOO°C,®) and that certain 


atomically rough planes may become planes of high 
surface mobility. 
EXPERIMENTAL 
Striation formation was observed on nickel (from 


the Mond Nickel 


polished and heated for 50 hr in a 


»., nominally 99.99 per cent pure) 
mechanically 
continuously pumped vacuum of about 10-°> mm Hg 


at 900°C Annealing twins occurred — sufficiently 


frequently to allow a large number of crystals to be 


oriented by the twin trace technique. Fig. 
shows the distribution in the unit triangle of striated 
The traces of the 


and unstriated surfaces oriented 


exposed facet planes have been drawn. Fig. 1(b) shows 
the orientations at which exact flats formed at surface 
irregularities such as grain boundary grooves, 
scratches and humps caused by embedded particles of 
polishing material. Fig. 2 shows examples of facet 
formation 

d) of Fig 
examples of the types of striations observed 
faint 


in (b) 


The photomicrographs (a) » are typical 
In (a) 
striations can be seen on a surface near (LOO); 
210) 


examples of (110) striation In 


striations are shown: (c) and (d) are 
d) the striations can 
be seen to persist across a twin boundary, as the two 


twins have this common (110) plane. The effect shown 
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Fic. 1. (a) Orientation of striated and unstriated 
surfaces. @ unstriated, faint striations, strong 
striations. The lines through the points represent the 
traces of the exposed planes and show that they corre 
spond to (100), (110), (210) orientations together with a 
range of orientations near (410) along the base of the 
triangle. (b) Orientations at which exact flats wer« 


observed. The open circles indicate the most common 
orientations. At (111) eight flats were observed, four at 
(100), nine at (110) and seven near (410). Accuracy of 
orientation determination of the flats was better than 


» 


(a) 


Fic. 2. Interferograms of facet formation. In (a) 

extensive (111) flats have formed on a scratch and 

grain boundary groove profile. (b) and (c¢) show 

examples of faceting at small surface irregularities; in 
(b) sets of {410) facets, in (c) (110) facets. 
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Fic, 3. Examples of the type of striations observed. In (a) faint striations are visible on a surface near (100 


and also an unstriated twin with a scratch running across both which has smoothed much less on the 
striated twin; (b) shows much stronger (210) striations persisting to the twin boundaries 
tations introduced by the twin boundary groove are just beyond the limit for formation of 

clear regions are observed there. (d) shows an example of two twins with a common exposed 


In (c) the orien 
(110) striations and 


110) plane 


in Fig. 3(c), where regions near twin and grain bound- — surface orientations may be such as to produce an 


aries are clear of striations due to the change in surface approach to planarity and indeed to leave a smaller 
orientation, was fairly common. The formation of | number of bonds unsatisfied than on the simple plane 
striations only near grain boundaries was also observed. In such a situation greater energy depressions would 
It was estimated by counting about 600 twins that the occur at these orientations 
fraction of the total specimen surface broken up into The formation of striations (Fig. la) shows that 
striations was about 16 per cent. there are sharp minima of the surface free energy (i.e 
point cusps in the y-plot )at (100), (110) and probably 
DISCUSSIONS (210) and also a line cusp on the edge of the unit 
Surface energy triangle from about 10° to 15° from the (100) pole in 
In f.c.c. metals the {111} planes are the most closely — the (O10) direction i.e. for orientations near to (410) 
packed while the {100} planes are the only other The absence of striations near (111) does not mean 
atomically smooth planes. In clean systems these two that there is no cusp there; for the orientation de- 
planes would be expected to have the most prominent —rivatives of y at orientations near a cusp can prevent 
It is conceivable how-  striation formation. Similarly the much greater 


surface free energy minima. 
extent of striation formation for the (110) cusp in the 


ever that the positions of foreign atoms on other 
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radians 


radians 


Kia. 4. (a) and (c) are 
directions, respectively. 


dy,/00 sin @ (solid curves) show that striations should occur up to about 6 


the way along to (210) in the (110 


110) direction than in the (OO1) direction does not 
imply that the surface free energy increases more 
rapidly or rises to a greater value in the (110) direction. 
It is much more likely to be the effect of the orientation 
derivatives in the equation for striation stability (9) 


sin 0. (1) 
00 


Fig. 4 shows plausible variations of y and graphs of 
OO] L110 


the (110) pole which would give the observed limits of 


equation (1) for the and directions from 
striation formation. 

The occurrence of the point CUuSpS observed is 
ascribed to impurity adsorption. Consideration of 
simple surface models (Fig. 5) shows that the (210) and 
(110) are particularly suited for trapping adsorbed 
atoms. If it is assumed that the adsorbed impurity 
consists mainly of oxygen then a comparison of the 
radius of the oxygen ion with the spacing of atoms on 
different planes gives an indication of the relative ease 
of adsorption on those planes. The diagrams indicate 
the 


adsorbed directly on nickel surfaces of orientation 


most probable arrangement of oxygen ions 


METALLURGICA, 


plausible variations of surface free energy near the (110) pole along the (001 
In (b) and (d) the corresponding plots of 
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(b) 


@ radians 


and (110 
cos (broken curves) and + 


along the (001 


direction and all 


direction, 


(111), (100), (110) and (210). The binding is greatest 
on (210) and weakest on (111). 


Surface diffusion 

In addition to the general variation of surface 
diffusion constants with orientation previously report- 
ed) (see also Fig. 3a), flats were observed at surface 
irregularities in grains which were not striated, the 
orientations of some flats coinciding with the planes 
exposed in striated grains, (but not in others). Where 
the planes of flats are not those exposed in striations 
i.e. (L111) and near (310) 
much greater rate of self diffusion at the orientation of 
In the other 
the appear- 


the flat must result from a 


the flat than at adjoining orientations. 
(100), (110), near (410) and (210) 


Cases 


ance of the flat may be due rather to the energy cusp 


than to enhanced diffusion, but it is thought that 
enhanced diffusion is important in these cases also. 
Often when a (100) flat might have been expected, 
two or three {410} flats occurred instead: presumably 
the diffusion across (410) is much faster than across 
(100). 

The the (111) 


higher diffusion constants, as on 
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Fig. 5. Possible arrangements of oxygen ions (broken circles) on nickel surfaces In (c) the shaded circles 
represent atoms 0.5d below the (110) plane. In (d) the shaded atoms lie 0.22d below the (210) plane while 
those marked with a cross are 0.22d above it. (d interatomic distance, 2.5 A 


surfaces (6), can be explained simply in terms of ACKNOWLEDGMENTS 


larger atomic jump distances on smooth planes, and J. M. Blakely acknowledges receipt of a D.S.I.R 


perhaps lower activation energy. In general an maintenance grant 


adsorbed impurity will reduce the self-diffusion 
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Chicago University 


may be to render an atomically rough plane effec- 


across it more easily. The type of trapping site shown 


the flats observed in that range of orientations 
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QUANTUM EFFECTS IN DIFFUSION: INTERNAL FRICTION DUE TO HYDROGEN 
AND DEUTERIUM DISSOLVED IN a-IRON* 


W. R. HELLER?* 


This work is an experimental and theoretical study of internal friction due to hydrogen and deuterium 


dissolved in z-iron. A torsion pendulum is employed which can be used in a Collins cryostat at tempera 


tures in the range 4.2°-—-300° K. A peak of damping is found in the range 105°-120°K corresponding to 
that earlier studied by Gensamer and co-workers. An additional peak associated with hydrogen is found 
correspondingly, one associated with deuterium is found at 35°K. Magneto-mechanical 


damping is found at all temperatures, with a peak in the range 4.2°-15°K depending upon treatment of 


the metal specimen, Theoretical arguments are advanced which suggest that the isotope-shifted peaks 


at 30°K and, 


are due to atoms dissolved in the undistorted lattice, whose motion must be treated quantum- 
mechanically to account for the experimental results. Tunneling and localized lattice distortions around 


the dissolved atom seem to be required by the data and are within the scope of a reasonable theory. 


EFFETS QUANTIQUES EN DIFFUSION: FROTTEMENT INTERIEUR DU 
LSHYDROGENE ET AU DEUTERIUM DISSOUS DANS LE FER «@ 

Ce travail constitue une étude expérimentale et théorique du frottement intérieur dai & Vhydrogéne 
et au deuterium dissous dans le fer x. Un pendule de torsion est employé. Celui-ci peut étre utilisé dans 
un cryostat Collins dans lintervalle de températures de 4.2°—-300°K. Un pic d’amortissement est trouvé 
dans lintervalle 105 °—-120 K correspondant a& celui étudié antérieurement par Gensamer et coll. Un pic 
supplémentaire associé & Vhydrogéene est trouvé a 30°K et un pic correspondant associé au deuterium 
est trouvé a 35 K. Un amortissement magnéto-mécanique est rotuvé & toutes les températures avec 
un pic situé dans lintervalle 4.2°-15 K suivant le traitement de léchantillon métallique. Des con 
sidérations théoriques sont avancees qul sugge rent que le déplacement des pics d isotopes sest dai a des 
atomes dissous dans le réseau sans distorsion, dont le mouvement doit étre traité par la mécanique 
quantique pour tenir compte des résultats expérimentaux. Des effets de tunnel et de distorsions local 
isées du résaeu autour des atomes dissous semblent étre exigés par les données expérimentales et. sé 


placement dans le cadre debuts dune théorie raisonnable. 


QUANTENEFFEKTE BEI DIFFUSION: INNERE REIBUNG IN «-EISEN INFOLGE VON 
GELOSTEM WASSERSTOFF UND DEUTERIUM 

Diese Arbeit ist eine experimentelle und theoretische Untersuchung der inneren Reibung in «-Eisen 
infolge von geléstem Wasserstoff und Deuterium, Es wird ein Torsionspendel in einem Collins-Kryostaten 
im Temperaturbereich 4.2°-—-300°K verwandt. Im Bereich 105°—-120°K wird ein Dampfungsmaximum 
gefunden, das dem friiher von Gensamer und Mitarbeitern untersuchten entspricht. Zuséatzlich findet 
sich im Fall von Wasserstoff ein Maximum bei 30 K und entsprechend bei Deuterium bei 35° K. Magneto 
mechanische Dampfung war beiallen Temperaturen vorhanden, mit einem Maximum im Bereich 4.2°—15°K 
je nach der Behandlung der Metallproben. Theoretische Argumente werden vorgebracht fiir die 
Ansicht, daB die vom Isotop abhangigen Maxima von Atomen herriihren, die im unverzerrten Gitter 
gelést sind; deren Bewegung muB man quantenmechanisch behandeln, um den experimentellen Ergeb- 
nissen Rechnung zu tragen. Die Ergebnisse scheinen Tunneleffekte und lokalisierte Gitterverzerrungen 


um die gelésten Atome zu erfordern; diese liegen innerhalb des Rahmens einer verniinftigen Theorie. 


INTRODUCTION carbon and nitrogen in iron. The logarithmic decre- 
In recent years there has been great interest in the ment, 6, of vibrating iron specimens shows a variation 
motion of impurity atoms in metals, and in their with the frequency of motion and temperature of test 
interaction with crystalline defects. One of the most according to the relation 
effective experimental tools in these studies is the 
measurement of internal friction due to impurities 
dissolved in crystalline specimens. The work of 


Snoek™ demonstrated the existence of relaxation 
Here @/2z is the frequency of oscillation, and 7 is a 


phenomena associated with the motion of interstitial 


relaxation time given by t = 7T, exp (AH/k7'), where 
* The experimental work described in this paper was carried | 

out at Shell Development Co., Emeryville, California, while exp ( AS R) {+10 14 sec | AH is the acti- 

the theoretical interpretation has been carried through at the 0 Ay . ’ ; i ‘ 

IBM Research Center. Received November 30, 1960. 0 
+ IBM Research Center, Yorktown Heights, New York. 
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vation energy for jumps of interstitial atoms between 
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adjacent equivalent positions in which they vibrate 
AS is the corresponding vibrational 
and 7’ 


is inversely proportional to the 


with frequency 1». 


entropy, R the gas constant, the absolute 


temperature. 
absolute temperature for such a single relaxation peak, 


and in the case of carbon in iron, is approximately 


equal to the per cent impurity concentration by 


weight. This work has been extended in a number of 
With 


the aid of the same technique, Ké®) studied a damping 


ways in the years since Snoek’s publications. 


peak discovered by Snoek in cold-worked iron con- 
taining carbon or nitrogen lying near 225°C. There 
seems to be little doubt that this peak involves stress- 
the 


and 


induced motion of atoms lying near dislocations; 
latter attract 
nitrogen atoms. Powers and Doyle® have recently 


are known to dissolved carbon 
surveyed their own and other internal friction meas- 
urements on various body-centered transition metals, 
with carbon, nitrogen and oxygen as dissolved inter- 
stitial 
mind that the author was led several years ago to 


constituents. It was with Snoek’s work in 
carry out experiments searching for dissolved hydrogen 
in iron by internal friction methods, using measure- 
ments of damping of vibrations of suitably charged 


While this 


Gensamer and Chang™ published their first investi- 


iron wires. work was in preparation, 


gations, aimed at quite similar problems. These 
measurements established the presence of a peak in 
damping due to hydrogen in iron and mild steel 
specimens, the peak appearing in the temperature 
range of 105-120°K for a frequency of about 1 e/s. 
Weiner and Gensamer'® suggest that the peak near 
110°K for hydrogen-charged iron may be the analogue 
to the 


which was mentioned above.* 


carbon peak connected with dislocations, 

Returning to Snoek’s original work, one can estimate 
the location of the interstitial peak in frequency or 
temperature by a knowledge of the activation energy 
of diffusion. This follows, since the role of the stress in 
the experiment is merely to cause a slight preference 
for one type of site over another, and the time scale is, 
therefore, governed by the unit step of diffusion. 
Carbon, with activation energy for diffusion of 20,100 
cal has a jump frequency of 1/sece at 40°C (313°K). 
On this basis, and ignoring any quantum corrections, 
one may the 
diffusion of hydrogen (3050 calories‘®) that the hydro- 


estimate from activation energy for 


gen atom will jump once per second at approximately 


3/20 313 47°K, if we calculate 7, from the 


* These workers also reported a peak at a temperature 
somewhat below that of liquid nitrogen. 
location of this peak in temperature was not great (private 
communication). 


EFFECTS IN 


The accuracy of 
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however, an 
One 


observed high temperature dD, There is, 


important restriction on this estimate may 


assume that hydrogen, moving interstitially in iron, 
has the jump distance a/2 (where a is the cube edge). 
Then, as will be shown in more detail in the Discussion 
Section, quantum-mechanical tunneling in the ground 
state is expected to be quite rapid. This suggests that 
experiments with the heavy isotopes of hydrogen may 
be useful, if not essential, for a careful study of the 
Accord- 


ingly, an experiment has been designed to measure the 


unit step of diffusion or of stress-ordering 


internal friction of iron wire specimens, containing 
dissolved hydrogen or deuterium, over a temperature 


range extending down to the boiling point of helium 


EXPERIMENTAL DETAILS 


Internal friction due to hydrogen in iron was 
expected to have a peak value no higher than 10%, 
because the partial molar volume of hydrogen in iron 
is known to be less than } that of carbon. Further- 
more, the maximum amount of dissolved hydrogen 
was known to be much less than 0.5 at.°® These facts 


required that “background” damping (i.e. damping 
not obviously dependent upon the dissolved impurity) 
be reduced further than was necessary in the original 
studies on carbon and nitrogen in iron. The problems 


of measurement are treated individually below 


(a) Construction of a pe ndulum SUSPENSLON with low 


hackg ound da mping 


The design of Fine’) was used. This employed a 
jeweler’s pin vise, set in a threaded collar to hold the 
1 shows the 
With it 
we have measured logarithmic decrements (0) of as 
little as 1.5 10. 0/77). No attempt was 


made to interpret apparent effects with magnitudes 


suspended wire and inertia member. Fig 


modification of this arrangement finally used 


smaller than this value. It is certain that air (o1 


helium) friction and suspension friction were less than 


this, perhaps by a factor of 2 or 


more 

Intentional damping of the oscillations, between 
readings, was accomplished by a lever and plunger, as 
shown in the figure. The damping mechanism was 
operated from the top of the supporting structure as 
indicated in Fig. 2(a). Initiation of oscillations was 
accomplished by a release mechanism consisting of an 
adjustable eccentric and spring attached to the upper 
end of the wire and also operated from above (Fig. 1b). 
The inertia of the bob defines the angular position of 
the wire when the discontinuity in the eccentric is 


reached during one turn of the wheel. 
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A. PIN VISE AND RELEASE 
MECHANISM 


B DAMPER ROD 


|. RETURN SPRING 
2.ACTUATOR CAM - 


D. DIAGONAL 
MIRROR 


E. WIRE MIRROR 


F PIN VISE AND 
WEIGHT HOLDER 


eG CAN (HEATER WIRES 
NOT SHOWN) 


H DAMPER 


a) Torsion pendulum and container. (b) Release mechanism. 


H: DIAGONAL MIRROR 


J: GALVANOMETER 
LAMP AND HAIRLINE 


SUPPORTING POSTS 


WINDOW IN COVER KNURLED HEAD 
SHAFT 


TO TWISTING WIRE 
SPECIMEN 


Fic. 2. (a) Torsion pendulum assembly as used in cryostat. (Same lettering as Fig. 1.) 


(b) Torsion pendulum as used in cryostat, enlarged side view (schematic). 
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(b) Achievement of controlled low temperature 

The cylinder containing the wire specimen and 
inertia member was wrapped non-inductively with two 
(upper and lower) heating circuits of constantan wire. 
A protective coating of tape surrounded these windings. 
The cylinder was attached to a supporting stainless 
steel frame (see Fig. 2) which could be inserted into 
the measurement space of a Collins helium cryostat. 
The early model of this device used in our experiment 
allowed apparatus of at most 4 in. diameter and about 
12 in. in length (at the bottom of the 5-ft column) to be 
kept at temperatures ranging upward from that of 
boiling helium. A bellows whose frame could be 
bolted down with a gas-tight O-ring seal acted to sus- 
pend the column and to reduce the amplitude of 


vibration of the apparatus during cooling-down periods. 


(c) Measurement of temperatures 

It had been estimated that single relaxation peaks 
might be a few degrees in width at temperatures of 
interest, with our planned pendulum period of about 
1 sec. With this in mind, copper—constantan thermo- 
couples were considered adequate (having a least 
sensitive signal of about 2-5 wV/degree change of cold 
junction temperature just above the boiling point of 
Northrup Wenner 


potentiometer made possible measurements of the 


helium). Use of a Leeds and 
required precision. In order to check and control the 
uniformity of temperature from top to bottom of the 
experimental space, a differential couple of the same 
materials was used. Uniformity of temperature 
within half a degree could be held for periods up to 20 
A feature 


worth stressing is that specially pure copper wire 


min over most of the temperature range. 


(obtained from Leeds and Northrup) had to be used in 
order to insure that the expected curve of the ther- 
moelectric power vs. temperature was obtained. Asa 
check, calibration of the couple was carried through at 
the temperatures of boiling helium, nitrogen, oxygen 
and dry ice. It also was checked at intermediate 
temperatures against a similar couple which had been 


calibrated directly with a helium gas thermometer. 


(d) Optical arrangements for viewing vibrations 

These consisted of a modified galvanometric optical 
system. Instead of using the conventionally equal 
source-mirror and mirror-scale separations, it was 
found convenient to read the deflections of the hair- 
line image on a scale lying on top of the lucite cover to 
Fig. 2(b) shows the optical path 
the 


the cryostat column. 


schematically. The motion of twisting wire 


specimen is read from that of the small mirror attached 


to it. The principal difficulties derived from the length 


EFFECTS IN 
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of the light path (370 cm). This made leveling rather 
delicate. 

A peculiarity sometimes noticed during cooling 
down was the virtual disappearance of the image, 
L50°K 


the formation of a glassy “phase” of ice on the mirrors 


somewhat below This was found to be due to 


at these temperatures It could be controlled by 
reducing the humidity of the helium, or by redeposi- 
tion of the coating on colder parts of the apparatus 
upon application of local heating to the mirror by a 
separate surrounding heater, not shown in the figures 

Strain amplitudes during oscillation were kept to a 
maximum of 10~-° at the outside surface of the wire 


specimens. 


(e) Choice and analysis of iron Spe cime ns 


As a cautionary procedure, iron wires from two 


different sources were used A good grade of thermo 
couple iron wire (Table 1, Fe-1) and Johnson—Matthey 
Analysis of iron wire 


TABLE | specimens 


Fe-I 
Leeds Northrup Matthey 


thermocouple iron grack 


Johnson spectrographi 


iron 


SI 0.001 
Mn 0.0005 
Cu § O.001 
Mg 57 0.000] 
Ni g 0.0001 
C1 2 o tra of Ag, Al, As, Au, Bi 
Mo 1a, Cd, Co, Cr, Ge, K, Li, 

\l ‘ Na, Pb, Sb, Sn, Ti, V 

, W, Zn, Z 


0.0002 


Non-m«¢ Non-metallies 
O.08 


N 0.01 


OO] 


N ( 


Table 1, 


specimens 


spectroscopic grade ron Fe-I1) cold draw nto 
The had 


and various lengths up to 8 in 


diameters of 
Table | 
summarizes the analyses, the second being that pro 
that the dis 


wire were used 


0.032 in., 
vided by the manufacturer. It is seen 
tinction between the two is the low metallic impurity 


No expe rl 


mental consequence of this distinction has been found 


content of the spectroscopic grade of iron 


during the course of the present work. Because of 


this, and the similarity between the results of pre 
liminary experiments on annealed specimens of Fe-I1 
Fe-I, the 


Fe-I wires are reported as representative of iron of 
On the other 


and the more extensive measurements on 
either type in the annealed condition 
hand, it was considered simpler in the heat treatment 
and strain-aging of specimens later reported, to deal 
ron, since, 


only with the spectroscopic grade ot 
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presumably, the questions of segregation and _ pre- 


cipitation of the carbon and nitrogen during the 
treatment would be less complex. In the annealed 
state, it was supposed that carbide precipitation was 
essentially complete in both types, and, as mentioned, 
no distinction in behavior of the two grades was found. 
it had 


between 


The microstructure of the Fe-I was clean: 


apparently been given careful annealing 


draws and a slow final furnace cool. The carbon and 


nitrogen internal friction peaks were not large (of 


order 0.001), consistent with this stable metallurgical 
condition. The specimens of Fe-II had easily visible 


inclusions, probably including oxides of iron. 


(f) Klectrolytic charging of specimens with hydrogen 


This was done, after some preliminary experiments, 


in a standard fashion, using 4°,, H,SO, (with a trace of 


CS, as poison) as an electrolyte. The final hydrogen 


content (at least 0.1 cm?/g as measured by out- 


gassing at 200°C) and the internal friction results 
proved rather insensitive to time of charging and 
charging current density when these latter exceeded 
} hour and 0.1 amp/em*. D,O (containing <0.1 per 
cent H,O) was used for diluting the acid in charging 
deuterium into the wires. 

A problem in measurements on the hydrogen—iron 
system is the following. The phase diagram is thought 
at the present time to show only gas and the x-phase 
that for X-ray 


ments’?! on electrolytically charged specimens have 


analogous to pure iron. measure- 
shown neither a definite indication of a change in 
lattice parameter, nor any sign of a hydride phase. 
Nevertheless, the high effective pressure in charging 
is associated with a pressure build-up and surface 
sorption at voids near inclusions in grades of iron such 
as those used here. Possible effects on our experiments 
of the resulting slight plastic deformation are con- 


sidered in the Discussion Section. 


(g) Effects associated with magnetic fields 

It was found that the damping in uncharged wire 
was reduced at all temperatures by the presence of a 
magnetic field along the specimen axis. Measurements 
at all temperatures above that of boiling helium in the 
presence of magnetic fields were necessarily crude, 
however, because the power dissipation in the sole- 


noid defeated attempts at temperature control. 


RESULTS 
Our account of the results has to be interspersed 
with some reference to the direction in which we were 
led by the data. Initially, it had been hoped that the 


damping could be correlated in a rather direct way 
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with hydrogen content. Instead, it was found that the 
peaks observed were relatively insensitive to the total 
hydrogen content at the levels achieved by charging 
The 


showed 


and subsequent partial out-gassing. series of 


measurements on annealed wire* erratic 
behavior and, in particular, the over-all damping of 
uncharged wires was in some cases higher than the 
peaks subsequently measured on charged specimens. 
This led to attempts to reduce damping in uncharged 
wires. It, therefore, appears appropriate to begin the 
description of results with a discussion of the measure- 
ments on uncharged wires. All measurements dis- 
cussed throughout the experiments were made with 
periods of oscillation in the range 0.6—0.9 sec. Because 
of the low working temperatures, any relaxation peaks 
in this range could show measurable shifts in location 
of peak temperature only upon frequency changes of 
A few 
measurements verified that no shifts resulted from the 
this 


exact periods of oscillation for the various figures are 


more than two orders of magnitude. control 


limited change in frequency. For reason, the 


not quoted. 


(a) Damping of uncharged wires 

The order of magnitude of the low temperature 
damping in the annealed specimens ranged from 15 to 


Values obtained on these wires when charged were of 


0/7), the logarithmic decrement. 


the same order of magnitude, though generally lower. 
It was clear that some control of the metallurgical 
condition of the wire was essential, and our subsequent 
handling of the wirest was motivated by a desire to 
reduce the background damping (i.e. damping not 
obviously connected with the presence of hydrogen in 
the specimens). 

Since the electrolytic charging of hydrogen into iron 
is known to cold-work the metal slightly, the fact that 
the over-all damping was reduced by the hydrogen 
several interpretations of the 


suggested possible 


background internal friction. The hydrogen atoms 
might be pinning dislocations, which otherwise could 
move and give rise to damping effects, or, as seemed 
more likely, the hydrogen was in some way suppressing 
magnetic damping effects. This seemed indicated by 
the magnitude of the damping in the experiments on 
annealed wires just mentioned. 

It appears that the internal friction in question is 
related to the so-called AZ effect found in iron-nickel 


* Most of the measurements on annealed wires refer to 
Fe-I for the reasons discussed in paragraph (e) of the preceding 
section. 

+ For the reason mentioned in paragraph (e) of the previous 
section, the spectroscopic grade of iron was chosen for the 
quenching and aging treatments to be discussed, 
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alloys in the demagnetized state “” as well as in pure 
nickel.“ It is necessary for what follows to review 
this phenomenon briefly. It consists of an anomalous 
dip in the plot of Young’s modulus versus temperature, 
and is accompanied by marked internal damping. In 
more detail, it is characterized as follows 
(1) The magnitude of the 
(AF) and the damping itself are reduced by 


cold wi rk. 


reduction in modulus 


Annealing of the cold-worked material to succes- 
sively higher temperature produces successively) 
larger magnitudes of AF (reduction in modulus) 
Quenching from the highest temperature gives 
The AEF effect itself, as 


well as the accompanying internal damping, 


the greatest magnitude. 


has a peak value at about 200°C in nickel 
Magnetic saturation reduces the effects to zero 
the 


correlated with 


the 


The effects are closely 
magnetostrictive properties of material, 
since this influences the extent to which stress is 
capable of inducing changes in the magnetiza- 
tion of the sample 
Three phenomenological contributions to intet 
nal friction of magnetic origin which have been 
considered are 

(a) macro-eddy currents 
micro-eddy currents 
(c) magneto-mechanical hysteresis. 

It appears that the reduction in modulus and 
increase in damping can be ascribed to the 
effects of micro-eddy currents and of magneto- 
mechanical coupling connected with magnetic 
domain wall motion. Distinguishing the latter 
from the former, one finds a strain amplitude 
dependence of magneto-mechanical damping 
The frequency dependence of the former is also 
distinctive, the relative importance of the con- 
tribution from micro-eddy currents diminishing 
as one lowers frequency of vibration. 

Néel®) has emphasized that even under uniform 
external and internal fields or stresses, magnetic 
internal friction connected with activated 
atomic motion may arise. Any configuration of 
atoms having a preferred axis in a crystalline 
solid in the presence of external fields may give 
rise to such effects. It may also happen that 

magnetic domain wall motion can be restricted 

by segregation or precipitation of solute atoms 

Our damping data on uncharged wires displayed 
most of the experimental aspects mentioned in the 


outline above. The annealed specimens displayed a 


rise in damping at temperatures below 25°K, which 


was not accurately reproducible. The magnitude of 


(20 pp.) 
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this effect led us to study it in an effort to understand 
and control the phenomenon Wires were used which 


had been cold-drawn (without lubricant) from 8 mm 
spectroscopic grade rod with intermediate anneals 


this material were aged in a fore pump vacuum at 


down to 0.032 in. wire preparation, wires of 


450°C for about 24 hr to make sure that excess inter- 
stitials were removed from solution 

In an effort to examine the analogy to magneto 
studied workers 


by other 


mechanical effects earlier 
treatment was applied to spe 


the 
which had been drawn down and aged 
were heated 


through 


following 


som vires 


to 950°C. by electric current passing 


them as they were suspended betwee! 


electrodes in a glass ene losure pumped to about 10 uw 
(fore-pump vacuum). The power was then cut off and 
cooling to approximate ly ambient temperature is 
completed within 10 sec. The wires were then sub 
jected to internal friction measurements at 


indeed at zero fields and at 


tempera 
3 shows that the d 
that it is sharply reduced by application of a magne 
field 

possible because of the heating effects of the current in 


tures at and above KK mp 


ing is very large and 
tic 
\ few measurements at temperatures other than 


are also plotted, but no systematic work 


the solenoid at these higher temperatures 


Fic. 3 


Wires 


field on damping 
950 


ffect 
before 
corre spond to various measuring tt ripe ratures 
(4.2°K 


ot 
and 


magnet 


after quench from 


Curve 
only 


is drawn for helium temperature 


REF RFE EN H ER NM 
4 a 9-13°K 
27-30°k 
AFTER C NCH FROM 95 
4.2°K 
4 19-20°k 
or 
” 
= | \ 
AXIAL MAGNET FIELC ERSTEL 
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Having established that quenching indeed increased 


the damping, check measurements in the range 


9°-13°K were also made upon specimens which had 


merely been aged at 450 C without subsequent heating 


to highet temperature. These showed values of inter- 
nal friction less than but comparable to the specimens 
fully annealed at 950°C and slowly cooled. Applica- 
tion of a magnetic field of 120 Oe showed damping in 
of 27°-30°K 
specimens too from the values in zero field. 

150°C 


the range sharply reduced in these 


Specimens which had been aged at after 
drawing were then extended 0.5 per cent in a tensile 
The effect was to reduce the damping at 
Thus, 3) of the 
list discussed above all are found also among the mag- 
It was felt 


ipparatus 


helium temperature items (1), (2) and 


netic damping phenomena reported here 


that role might be 


phenomena by the common interstitials, 


some plaved in the magnetic 
item (6) 


had 


quen¢ hed from 950°C as before. were extended to 0.5 


Consequently, wires of material which been 
per cent and subsequently aged at 100°C for 24 hr. 
The consequence was that the damping at helium 
temperatures was sharply reduced to values lower 
than had ever previously been measured. Except for 
signs of a slight upturn near the lowest measuring 
temperature (4.2°K), the value of internal friction was 
found to be about 8 10-° (value of Q 1) over the low 
temperature range up to about 160°K. 

At this point the decision was made to use wires 
quenched, extended 0.5 per cent and aged as the base 
material for some of the experiments on wires to be 
charged with hydrogen, in the hope that the low back- 
ground would permit more accurate evaluation of the 
hydrogen effects. The next section deals with the data 


on charged specimens of the two types studied. 


TEMPERATURE 


Fic, 4. 
hydrogen or deuterium. 


41.2 


1 
30° 40° 50° 
(DEGREES KELVIN) 
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(b) Damping phe nomena in iron wires charge d 
with hydroge n 

First presented are data dealing with annealed 
wires charged with hydrogen or deuterium. Damping 
this 


Figs. 


material 
4 and 


5 show rather broad damping peaks in wires charged 


measurements on uncharged wires ot 


were rather erratic and high in magnitude. 
with hydrogen and deuterium. Re-runs of the low 
temperature data on deuterium-charged wires after 
warm up to liquid-nitrogen temperatures are also 
shown. The next set of experiments deals with wires 
which had been given the “low damping” treatment 
discussed in the paragraphs dealing with uncharged 
wires. Figs. 6 and 7 show the measured damping on 
such specimens. The data were taken on two halves of 
just the specimen whose original damping is shown in 
the lowest curve of Fig. 6 (before charging and sub- 
sequent to the quenching and strain-aging treatment). 

It will be noticed that the peaks now stand out 
much more sharply from the background (in com- 
parison with Figs. 4 and 5). A phenomenon noticed in 
marked degree on these wires (i.e. after charging) was a 
transient rise in background damping, even including 
additional large peaks in damping versus temperature. 
Re-runs after warming to liquid nitrogen temperature 
gave no sign of any but the illustrated damping 
maxima. 

At the lowest temperatures an attempt was made to 
test the effects of magnetic field and the result was 
that 
reduced sharply. The effect of superposed magnetic 


the damping near helium temperature was 


field could not be traced at higher temperatures. 
Figure 7 shows data on hydrogen and deuterium 

charged specimens of the wire which had been given 

These data refer 


the ‘“‘low damping”’ pre-treatment. 


H 

D (Ist DAY) 
D (2nd DAY) 
D (3rd DAY) 


Damping of annealed iron wires charged with 
Temperature 
to 55 K. 


from 


ranges 
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to the region in which Gensamer and co-workers 1 

ported their “‘cold-work” peak. Such a peak appears 

here, although signs of possible additional structure on 
| 


the low temperature side are also to be noticed 


DISCUSSION 


These 


deal respectively with the low-temperature peak of 


This section divides itself into three parts 


Figs. 3 and 6. with the hydrogen peak at 30°K in Fig. 6 
(together with the isotopic shift shown in the same 
with quantum-mechanical arguments 


figure) and 


concerning motion of protons in the lattice 


x 1075 


D 
CURVE FOR SINGL 


JAMPING 


MEASUREC 


TEMPERATURE (DEGREES KELVIN) 


Fic. 6. Damping of iron wires extended 0.5 per cent, 

aged at 100°C and charged with hydrogen or deuterium 

Damping of uncharged specimen is shown for compari 

son. Theoretical curves for single relaxation peaks are 

sketched in to fit curves at peaks. Temperature ranges 
from 4.2° to 40°K. 


ANTUM E 
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uncharged wires (Fi 3 


In 
measurement the damping is reduced by 


that the 


in the charged wires (Fig. 6 
a magnetic field. In Fig. 6, we se 
perature peak is much broader than a single 


dashed line 


shows a more symmetrical peak but 


peak \ plot ol the same data \ 


still 


1 broad one 


The variations of this low temperature damping with 


cold 


already discussed in thi 


annealing, work, quenching and strain aging 
Results Section are consistent 


with the idea that some form of magnetic domain wall 


There 


From Fig. 6 we notice that charging specimens 


involved 


motion is is one apparent anomaly 


ith 


hydrogen partially restores the low-temperature peak 
. | | | 


ssed the 


after it had been almost completely suppre 


O5 extension and 100°C treatment 


Fig. 6 


of the charging has been to undo in part the effects of 


pel cent aging 


lowest curve, It appears likely that the effect 


the aging treatment by a slight additional cold work 


ing. Possibly this tends to free domain walls either 


from dislocations or from interstitial solute atoms 


other than hydrogen 
In view of the location of the low-te mperature peak 
realized that the activation 


it should be energy 


associated with it is of the order of several hundred 
calories. In the third part of this section, we shall see 
that this practically ensures that quite rapid quantum 
mechanical tunneling would be the rate-determining 
feature of the motion if the process involved single 
atom jumps over a distance less than or equal to a 
single lattice parameter. Since, on the contrary, we 


are actually measuring jump rates of order 1/sec, we 


- x 1075 
L 
4 
Fic. 5. Damping of a1 
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High damping near helium temperatures is fi ! 
( T 
laxation 
ak 
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IN EXTENDED AND AGED Fe 
D IN EXTENDED AND AGED Fe 


75° Tale 


TEMPERATURE (DE 
7. Damping of iron wires extended 0.5 per cent, 


red at LOO -C and charged with hydrogen or deuterium. 


‘Temperature ranges from 60° to 150°C, 


are led to suppose that the motions of domain walls 
The fact that the 


highest damping and the lowest characteristic tem- 


are responsible for the effect. 


perature of these magnetic effects are to be found in 
the quenched specimens does not contradict this idea, 
since one should then expect the largest free wall 
areas and hence the lowest jump rates and highest 
damping to be emphasized. It is not so easy to specu- 
late concerning the nature of the activation barriers to 
domain wall motion. For example, non-magnetic 
forces must obviously enter in order to define a 


configuration of local equilibrium for the domain wall. 


Before leaving this topic, we may refer to the work of 


Bruner“, who, making use of ultrasonic frequencies 
and iron much lower in interstitial content, also noted 
a rise in damping at helium temperatures. Perhaps 
further investigation of these effects will give useful 


information on the spin configurations of domain walls. 


b) The damping peaks near 30°K in specimens 
loaded with hydroge n 

In attempting an explanation of these peaks, we are 
faced with the question of the importance of the dis- 
location density in the specimens. Figs. 4 and 5, taken 
from data on initially annealed wires, show broader 
peaks than those studied in the specimens specially 
treated (Figs. 6 and 7). It seems plausible that enhan- 
ced magnetic damping is the obscuring feature in the 
Sut it is known that electrolytic 


annealed wires. 


charging at the current densities used, with dilute 
acid solutions, introduces atomic hydrogen into the 
wires at high effective pressures. The author” and 
others since’® have discussed the phenomenon of 


abnormally large apparent solubilities of hydrogen in 
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iron electrolytically charged.* It seems very likely 
that a condition essential for this enhanced sorption is 
the presence of voids near inclusions or precipitates 
normally found in iron of the grade used in the present 
work. The voids can sorb hydrogen on their surfaces 
and also accept hydrogen gas under pressure. Such 
pressurized voids induce plastic flow in the neighboring 
lattice. These dislocations would, therefore, be present 
after charging, even in our initially annealed specimens, 
and their presence raises the question whether the 
damping peaks noted are associated with hydrogen 
atoms located near the dislocations. 

We have no direct proof that this is not the case, 


but the work of Rogers“” (in the disappearance of the 


’ yield point in iron specimens after hydrogen charging) 


may be relevant. He was able to show by aging his 
specimens after the charging that the plastic strains 
(hence, dislocation densities) induced by the charging 
are relatively ineffective in aging phenomena compared 
to, for example, those induced by the 0.5 per cent 
extension given our treated specimens. Since our 
hydrogen peak heights were essentially similar in the 
initially annealed and the strain-aged specimens, we 
are led to conclude that the hydrogen or deuterium 
atoms contributing to the peaks are not located at 
sites appreciably affected by dislocation fields. 

On the theoretical side, one may point out that the 
influence of cold work (and hence high dislocation 
densities) on the Snoek peaks for carbon and nitrogen 
in iron is to cause them to disappear and eventually to 
be replaced by a higher temperature peak. It does 
not seem likely that the corresponding phenomenon 
for hydrogen in iron should come at such low temper- 
atures as The 
workers) suggests, on the contrary, that the peak 


30°K. work of Gensamer and co- 


found in the range 105°-120°K on hydrogen-charged 
iron is just the analogue of the cold-work peak Snoek 
found associated with carbon or nitrogen in iron. 
One is led by this argument to suppose that the 30°K 
peak we observe is, indeed, connected with the motion 
of hydrogen atoms in the unstrained iron lattice. 

A feature 
sitivity of the hydrogen peaks to the total sorbed 
3 


which must be discussed is the insen- 


hydrogen. This typically amounted to at most 0.5 em‘ 


gas/g of iron, as measured by outgassing a charged 
specimen at 100°C. This means that the dissolved 


hydrogen never exceeded about 0.1 at.°, in concen- 


tration. Our interpretation of the insensitivity of the 


* These other authors mention a suggestion in Ref. 15 
that vacancies may trap hydrogen atoms as if this were the 
only trap suggested in Ref. 15. As stated in that reference, 
the present author believes, on the contrary, that voids near 
boundaries are far more important in 


inclusions or grain 


commercial grades of iron or steel. 
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peaks to variation of the amount of hydrogen charged 
into the wires is that most of the solute element is not 
in true solution, but instead present in voids or possibly 
as metastable hydrides. This also suggests that the 
peak is not due to pairs of dissolved H-atoms, since the 
total concentration of atoms in true solution is then 
too small to favor pair formation. 

Finally, we must refer to the possibility that point 
defects or dissolved impurity atoms (perhaps carbon 
or nitrogen) are effective traps for hydrogen atoms, 
and allow anelastic effects to occur by rearrangement 
around the defect site. Analogous peaks have been 
studied by Dijkstra“® in connection with solutions of 
nitrogen in iron—manganese iron—vanadium 
alloys. We have, again, no final proof that this is not 
the explanation of our peaks. It does not seem likely, 
that 


impurity content and heat treatment as those covered 


however, specimens as different in metallic 
in the work reported here would give peaks so similar 
in height and location as we found, if the peaks were to 
be attributed to association of atomic hydrogen with 
point defects or impurities. 

Our conclusion is that the 30°K peak for hydrogen 
and its analogue at 35° for deuterium are due to the 
relaxation of single hydrogen or deuterium atoms in 
the unstrained iron lattice. The location in temper- 
ature of these peaks is, however, anomalous if we use a 
classical picture of the motion of the H-atoms. This is 
seen most simply by comparing 30°K to the location 
of 47°K predicted from the high temperature diffusion 
activation energy, as mentioned in the Introduction. 


Our next subsection will deal with the questions posed 


in a quantum-mechanical analysis of the motion of 


hydrogen atoms in iron. 


(c) Quantum-mechanical aspects of diffusion of 
hydroge nin iron 

The damping peaks near 30°K cannot be given a 
rather force- 


simple classical interpretation. To see 


fully that some consideration has to be given to 
quantum phenomena, consider first a particle moving 
in a sinusoidal potential in one dimension, with the 
4 | 


The energy levels at the bottom of this well are 


formula V cos (27a/d)}. 

rather well approximated (for a not too shallow 
sinusoid) by the levels of a harmonic oscillator, whose 
parabolic potential is made to match the sinusoidal 
well in location and curvature at a minimum of po- 
tential of the sine wave. The resulting energy levels 
are given by the formula: 


Yo 


> 
dN 2m 


EFFECTS IN 


DIFFUSION 609 


Here d is the repeat distance of the sine function, i.e 
the distance between equivalent interstitial positions 
in the iron lattice, which is one-half the cube edge 


a 
V,, is the height of 


0 


length ald 1.43 A in iron }. 


the potential barrier, m the mass of the hypothetical 
particle, here the proton 


If we choose values for the potential Vo of about 


4000 cal/g-atom on hydrogen in «-iron, (from high 


temperature diffusion data we temporarily assume 


that V, 3000 cal) the result is that hy,/2, 
the zero-point energy, is equal to k7' at a temperature 
184° 
l 


(hy,/2) = , so 


16 


hy,/2 = 


In our experiment, we have k7’,,., 


iK 


of about 


that the inequality required for 


behavior (k7 


whelmingly reversed 


strictly classical Is ovel 


Since, as was mentioned before, the classically 
predicted internal friction peak for hydrogen would 
lie at about 50°K, we see that quantum effects must 
play a major role in the phenomena. Another indicat 
ion is the following. According to a simple classical 


picture, the difference in mass of hydrogen and 
deuterium should lead to a ratio of jump frequencies of 
\ ” for the two isotopes The corresponding change in 
peak relaxation temperature Is utterly negligible, as a 
simple calculation reveals. Yet our data show a quite 
measurable shift 

The general treatment of Vineyard” suggests that 
the effective mass of the proton in vibration can be 
taken as the free proton mass without gross inaccuracy 
(since it is so much lighter than the iron atoms). It 
remains to consider the effective potential seen by the 
proton. No quantum-mechanical calculation of the 
shape exists at present, and we merely assume a simple 
analytical form for the potential. This makes possible 
the discussion of the unit step in diffusion and the 
Snoek effect, including quantum-mechanical correc 
tions to the classical formula 

Figure 8 illustrates a sinusoidal potential with the 
period of the iron lattice For the time being, we 
assume that the proton’s motion along the diffusion 
direction may be imagined as separable from the 
Then one can 


The 


central feature of a quantum-mechanical discussion is 


motion in perpendicular directions 


deal with the problem as a one-dimensional one 


that a proton is not forever localized in one of the 
minima of the potential of Fig. 8, if imagined at a 
given instant to be near such a location with certainty 
In Fig. 8 we have indicated schematically by horizon 
tal lines the heights in energy relative to the potential 
states of a 


curves of the ground and first excited 


particle in the corresponding potential. In the figure 
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we have ignored the effect on the energy levels of the 
fact that the particle may “tunnel” from one minimum 
distant This 


broaden (actually, make multiple) the levels sketched, 


to an adjacent or more one. would 


giving a “band structure” for the motion of the proton. 
For our purposes, a quasi-classical picture of the 
motion is adequate. The tunneling only takes place 
very rarely relative to the vibration frequency. 
According to this idea, if a proton once tunnels to an 
equivalent adjacent interstitial position, we ignore its 
probability of return. This makes the problem more 
similar to z-decay than to the tunneling involved in the 


20 


inversion fol example, where only two 


adjacent wells are found, in one of which the system is 
Thus, a 


scription of the motion of the proton is to say that it 


certainly located, cood approximate de- 
vibrates within the well in a state ) at the interstitial 
site with a characteristic frequency v;. Occasionally, 
it tunnels through and the usual WKB approximation 
method?" gives the “penetration factor’ P. for the 


tunneling from state 7) as 


P exp 


pda 1) 


Here S| is the co-ordinate corresponding to the 
classical “turning point” of the vibratory motion, and 
s,, is the corresponding co-ordinate of the nearest well 


to which the proton may penetrate (see Fig. 8). The 


function p is, of course, given by the formula 


and EF. is the energy of the vibratory motion. 
Now one may apply this formula to the potential of 
Fig. 8. If the turning point s,,. is defined by V,/2 
E = GROUND LEVEL 
E,= FIRST EXCITED LEVEL 
,S20= TURNING POINTS IN Eo 
$), ,So, = TURNING POINTS IN E, 
a = CUBE EDGE IN BODY- 
CENTERED CUBIC LATTICE. 


V=Vo 


$2) S29 


0 Si 


Fic. 8. Possible idealized one-dimensional potential, 
V V(s), in direction of interstitial motion for protons 
in b.c.c. 
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cos (2778;,/d) E,, we can obtain the tunneling 


parameter P, in terms of complete elliptic integrals 


P exp 


After some reduction, we g 


here k 


S;9 and £, are still to be determined from an 


XI 
mate solution of the wave equation in the region of the 
minimum. The WIXB approximation is good enough 


for these as well and a calculation very similar to that 


for tunneling gives the relation determining the 


energy level £, or the turning point 8,9 


2m 
Here k’ 
This transcendental relation has to be solved for S49 OF 


of amplitude J 


Inserting numerical values for the proton in a well 
4000 eal (so that V E 


will 
correspond roughly to 3000 cal, the high temperature 
1.43 A 


may solve equation (3) to 


activation energy for diffusion) and a/2 d 


hody-centered iron), we 
sufficient accuracy by successive guesses. The result is 
less by about 2 per cent than that predicted by a 
the The 


sinusoidal potential in question can accommodate only 


parabolic approximation to potential. 
one more level of this ‘‘almost-bound” type, which lies 
about 3 per cent below that predicted by the parabolic 
approximation. The tunneling factor for the ground 
state can now be computed from formula (2), 

11.4. v, for the 


10'8 vib/sec, we see that the probability of a 


giving 


Since parameters given is 
proton’s remaining at a given site at low temperature 


is down by exp after a time of order exp— 


wl0-* sec. This estimate implies that diffusion of 
hydrogen could proceed independently of temperature 
at a quite measurable rate (of order ‘a?y, exp —S & 
10-8cm?/sec)even at very low temperatures (neglecting 
precipitation or trapping effects). 

It is, of course, clear that for the proton, tunneling 
at such a rate would be a means of reaching equilib- 
rium occupation of interstitial sites (with or without 
applied stress). This implies that no internal friction 
due to the Snoek mechanism could possibly be seen 


by (2m V ( sin? Ta 
tdy/(2mV 
— 1) K(k) + 2 
7819 
cos (1 
d \ Vy 
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during oscillation or frequencies much below 108/sec.* 
Since we have observed an internal friction peak due 
to hydrogen, and have grounds for belief that it is a 
relaxation effect, we must, for consistency, seek a mode! 
in which tunneling from the ground state is suppressed 
On the other 


hand, the model in question must permit thermally 


to a rate appreciably less than 1/see. 


activated transitions which result in the unit steps of 
diffusion. 
According to a model of this type, the rate constant 
for the diffusion process is 
exp —(E,/kT)P 


kT’) 


exp 


Here g; is the usual weight factor; y,; is an appropriate 


frequency, P; is our tunneling factor, and the sum 
goes over the various energy levels. When the part icle, 
by thermal excitation, happens to arrive in a level ) 
above the top of the barrier, the problem is more 
complex; we smear out these difficulties by the assump- 
tion that in this region the particle moves in a box of 
chance 


dimension 3d, and that P is simply 3, the 
V3 


probability of ending up in an adjacent well. We have 
made no separate classification of the activated state 
found in the usual discussion of diffusion. Summariz- 
ing, we have so far collected all effects of the iron 
lattice into a potential and an otherwise unspecified 
interaction which is presumed to bring about equilib- 
rium occupation of the approximate localized levels 
described more rapidly than tunneling can deplete 
them. 

A reasonable simplification of expression is 
required for the treatment of our low temperature 


internal friction peaks. This is just the expression 


the ground and first excited states are 


important, and the weight factors are assumed to be 


in which 
unity. For the relaxation process in the iron lattice 


the correct frequency is just v, (low temp.) = 3r,., 


which is 3 times the reciprocal of the time of stay of 


Now the 


data impose certain rather stringent requirements, 


hydrogen in an individual interstitial site. 


particularly upon P,, P;, — Ey), the energy gap 


* It does suggest that one would observe (at temperatures 
sufficiently low to minimize phonon-induced equalization of 
the population of levels) an acoustic analogue of the ammonia 
resonance, 
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hetween ground and first excited states and (V, — E,), 
These requirements are as follows 


for both 


the barrier height 
(a) is considerably less than 1/se 


hydrogen and deuterium. Otherwise, no relaxation 
effect could be seen at all, since rapid tunneling would 


take place from the ground state 


jv, P, exp 


needed 


iveragt 


high temperature 


3000/ RT 


expression Is 


and exp where 


frequency 


The four requirements we have set down define so 


closely the motion of the proton that no simple one 
dimensional choice of potential could be found to fit 


the data This conclusion seems forced by the follow 


ing considerations. £, and 4, must lie very close 


together, ol the order of, or even less than, 700 cal 
apart) because otherwise the Boltzmann factor dom 
expression v,P, exp E, fg) 


inates the 


to such an extent that the ratio between vie(H) and 
v.¢(D) is determined essentially by this factor alon« 
Because of the smaller mass of hydrogen, Lh, I 
Is greatel than E, Dy would 
vep(H) at a 
the 
predict the deuterium peak to lie /ower in temperature 
We have already 
observe no relaxation at all if tunneling is rapid in the 


Thus, P 


On the other hand, DP, must be much greater than 


“o/H 
hence y.¢(D 


0/D» 


given temperature. Correspondingly, 


influence of the Boltzmann factor alone would 


pointed out that we should 


ground state » must be very small (condition 
a)) 
P,, since otherwise there would be insufficient tunneling 
in the state £,. The only way in which the satisfaction 
of this inequality can be assured is to have the barrier 
against tunneling quite different in the ground and 
Then the influence of the tunneling 
that of the 
RT’ 


a given temperature 


first excited states 
factor dominates 
y, P, exp E,—E, 
ff H) at 


Finally, the potential barrier must be 


Boltzmann factor in 


and provides that v,(D 
is less than y, 
quite pen 
trable (narrow) above that energy level lying at about 


3000 cal over EZ, ( Otherwise, the diffusion will 


proceed at only moderately high temperatures via the 


classical route (over the top) even for a barrier as 


much as 20,000 eal in height 
The most critical feature making impossible a fit to a 
one-dimensional potential is the large difference in 


tunneling rate between excited and ground states 


Even for very peculiarly shaped curves (something 


611 
= 
E, — Ey 
I/sec at 30°K 
R1 
for H 
/ 
e) 4 y, Py exp I/see at 35°K 
R1 
fol 
Met d) At 
is 
y, exp RT 
Vor 
| E, 
l + exp = 
L R17 
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like an upside-down pan cover in profile to represent 
the bottom of the well is suggested), two levels as 
close as 700 cal apart have altogether too similar 
tunneling factors P;. One is led to ask whether there 
is any possibility of relaxing the assumptions we have 
made and still fitting the data. 


likely explanation is that the confinement of our study 


The obvious and most 


of proton motion to one dimension is at fault. 

The lowest states of a three-dimensional improve- 
ment on our idealized one-dimensional model would be 
two-fold degenerate in a rigid model of the iron lattice 
c.f. the 


directions of motion). It is possible that the localized 


two equivalent mutually perpendicular 
electronic states which determine the potential in 


which the proton would move near the interstitial 
location in a rigid lattice are degenerate (or nearly SO), 
that the Jahn—Teller (22-24) 


therefore, theorem" 
may be applied. This theorem guarantees that such a 


and, 
spatial degeneracy is destroyed in actual lattices by 
nuclear displacements which lower the symmetry 
locally. The resulting anisotropy ot force constant 
would naturally lead to two sequences of levels quite 
close together in energy, but having a very different 
tunneling probability along a fixed reference direction. 
In only one set of these levels would an atomic dis- 
placement via tunneling be appreciably favored by an 
stress. Fig. 9 illustrates this possibility 


applied 


(A) AND (A’): H- ATOM (e) AND 
NEAREST Fe -ATOMS (0) IN RIGIO 
8.C.C. LATTICE 
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schematically by showing the hypothetical location 


and vibration of a hydrogen atom in an interstitial 


position (a) in the rigid lattice and (b) in the relaxed 


lattice. The force constant would be higher and the 
vibration amplitude lower in the direction indicated by 
the shorter single-headed arrows in Fig.9(b). Consistent 
with this would be a reduced tunneling probability and 
hence a greater sensitivity to stress, in the direction 
indicated by double headed arrows in Fig. 9(b). 

This hypothesis would have the virtue of removing 
most of the burden of fitting the damping data from 
the one-dimensional potential which could still be 
used to represent diffusion data at higher tempera- 
tures. The idea may at some future time be subject to 


independent experimental check in a_ resonance 
experiment at sufficiently low temperature. Sources 
of coherent acoustic waves of the required frequency 

of order E,) hw 10! 1013 vib/sec—are far 


from being realizable at present. 


CONCLUSIONS 
The experiments reported in this paper appear to 
establish the existence of a peak of damping at 30°K 
in relatively pure, hydrogen-charged iron, associated 
with the motion of hydrogen atoms in the iron lattice. 
This conclusion is confirmed by the dependence of the 


temperature of the peak upon isotopic mass. 


(B) AND (B’): H-ATOM (e) AND 
NEAREST Fe-ATOM (0) IN 
RELAXED LATTICE. FORMER 
POSITIONS INDICATED BY DOTTED 


LINES. 


Fic. 9. Possible location and vibration of hydrogen atoms dissolved in b.c.c. %-iron. 


a cube edge length in undistorted lattice. 


(100) direction perpendicular to page. 


Vibration amplitude indicated by single-headed arrows, typical diffusion direction 
appreciably favored by stress shown by double-headed arrows. 
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LETTERS TO THE EDITOR 


Activation energies for high temperature creep 
of polycrystalline magnesium* 
Although 
dislocation climb is the sole controlling 
0.57, 
(1) 


the generally accepted view is that 


process in 


creep above about melting temperature 


in degrees absolute), experiments on polycrystalline 
zine indicated that prismatic slip processes played 


ot 


It was shown that the apparent acti- 


an important role in high 


that metal.') 


vation energy for creep, Q,, changed from about 21 


temperature creep 


kcal/mole (approximately that for self-diffusion) in the 
range 0.5-0.67), to about 38 kcal/mole (similar to 
that for prismatic slip of suitably orientated single 
crystals) in the range 0.8-1.07'). 

It is that 


anisotropy of thermal expansion and that changes in 


well known zine exhibits a marked 
temperature can lead to deformation of polycrystalline 
zine.) A possible objection to the results of Tegart 
and Sherby™ is that such deformation may have 
affected the values of creep rates used to determine 
@. by the cyclic temperature method.“ However, 
magnesium is almost isotropic with regard to thermal 


expansion and since magnesium is known to deform by 


pyramidal slip at high temperatures,:® Q, has been 


determined for magnesium over a wide range 


of 


5T 


variation of Y, can be related to processes other than 


temperatures above to see whether any 
dislocation climb 
Spectrographically pure magnesium 99.99 wt 
magnesium) with traces of iron (0.005° manganese 
ot 


were 


silicon 


the 


(O.005°.) 


(0.006°..). aluminium 


received form 


These 


machined into cylindrical specimens 


and copper (0.002°,) was 


extruded rods, }in. diameter rods 
in. diameter 


and high. The specimens were annealed in an 


2 hi 


2 in. 


argon atmosphere at 550°C for giving a grain 
size of approximately 0.025 in 

Creep tests were performed under constant stress in 
compression using a scaled-up and modified version of 


tor ot 


thallium, the experimental techniques being similar to 


the apparatus described 1 Sherby creep 


those described by Tegart and Sherby” Howevet 


since magnesium reacts violently with molten nitrates 
and also oxidizes rapidly in air at high temperatures 


the tests above about 250°C were carried out in an 


argon atmosphere using a specially designed container 
Apparent activation energies tol creep / wert 
determined by the cyclic temperature method™ using 


the relationship 


() 


R In 


K 


. Effect of temperature and stress on the apparent 


for creep of polycrystallme magnesiun 
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The peak is apparently to be associated with inter- 
stitial atoms of hydrogen dissolved in the iron lattice 
It seems essential to involve quantum-mechanical 
tunneling in explaining the location of the peak, if one 
accepts the hypothesis that the hydrogen atoms move 
between adjacent interstitial sites in the iron lattice. 
One then seems forced to assume that a lattice dis- 
tortion localized near the proton produces close lying 
energy levels which differ strongly in their associated 
tunneling frequency. 
which 


Prominent magneto-mechanical damping, 


seems to be associated with domain wall motion, is 


and a few degrees above helium 


both 


shown to exist at 


temperatures in iron, charged and uncharged 


with hydrogen 
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TO 


\pparent 
creep at 450°C under 
where F is the gas constant, é, is the creep rate at 


given creep stress and strain at temperature 7’, (in 


degrees absolute), and &y is the creep rate at the same 


stress and strain at temperature T, (also in degrees 
absolute). It should be emphasized that Q, is only an 
apparent activation energy for creep since the tem 
perature variation of the elastic constants may contri- 
hute to the observed values of the activation energy.'* 


All of the the 


energies for polycrystalline 


values for apparent activation 


creep of magnesium 
determined in this investigation are recorded in Fig. | 
The temperature range covered was about 450° K up to 
about S8S5O°K. Results obtained 


either by cy cling 


about a mean temperature or by 
the 


activation energies. 


progressively in 


creasing temperature gave similar apparent 

As in the case of zine, examination of the results 
suggests that there is no S\ stematic relationship of Y 
to stress or strain, although the data are limited and 
the scatter of the results is such that these relation 
ships cannot be ruled out 

However, Fig. | shows a definite dependence ot 
on temperature and, as in the case of zinc, the results 
suggest the presence of at least two processes with 
differing activation energies. A process with a low 
activation energy of 26-29 kcal/mole appears to he 
operating below 0.67), while a process with a high 
activation energy of 50-55 kcal/mole appears to be 
These 


different from those obtained with metals other than 


operating above 0.757. results are again 


zinc where only one thermally activated process 


appears to operate above 0.57"). 


Metallographic examination also indicated a diffe1 
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non-basal cross slip 
stress of 500 Ib/in? 


ence between the creep processes In these two tem 
0.67 
grain formation similar to that observed by previous 
(9-11 Above 0.757. 


little sub-grain formation was observed and 


perature ranges. Below basal slip and sub 


workers was clearly evident 
however 
most of the grains showed marked slip (Fig. 2). The 
main slip was apparently basal but there was extensive 
non-basal slip in agreement with the observations of 
Chaudhuri'® Although 
houndary movement was observed, the extent of the 


that 


Grant and some grain 


slip suggested crystallographic slip processes 
| Pp 


must have played an important part in the overall 
deformation 

Experimental data for many metals suggests that 
at high temperatures and intermediate stresses, the 
general equation for steady state creep rate can be 
written 


l(s)o CXPp | (J RT (2) 


where é some function involving 


Stress. 


creep rate 
constant and activa 


the 


structure, 


tion energy for creep. In range where a single 


thermally activated process is operative a plot of 
RT')| against log o should give a straight 

Fig 
plotted in this manner assuming a single process in 
each of the 50.67 and 0.75-0.97 The 
plot gives n ~ 5.5 for the low temperature process and 
the high 


limited data available.t 


log | 
yyy | 


exp (V 


line of slope n 3 shows the data for magnesium 


ranges 0 


n~m~d4 tor temperature process from the 


Further work on zine gives »n ~ 5.5 for the low Q 


process of dislocation climb and n ~ 4.2 for the high Y, process 
| 
slip as compared ” 


ot prismatu d to S.2 and 4.7 reported pre 


viously 
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Stress, kg/cm* 
6 100 
] 


Q.= 52 kcal/mole 


VA. 


8 000 
stress, p.s 


Kiffect of stress on the steady state creep rate of polycrystalline 
magnesium at high temperature, 
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other workers in this temperature range"™*! and is the thesis of Medbury.“® 
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Fatigue of indium antimonide* 


It is the purpose of this note to describe fatigue 
experiments on single crystal specimens of indium 


antimonide. While the work is in an early stage, it is 


felt important to present the results already obtained 


in view of the dearth of such data in semiconducting 
materials or in intermetallic compounds 
The InSb 


investigations because certain of its electrical propet 


(il!) 


semiconductor was chosen for these 


BEND AXxiS 


EDITOR 


addition, the material has demonstrable ductility at 
3,4) 


ties are very sensitive to plastic deformation 


relatively low temperatures and dislocations are 


readily observed by standard etch-pitting tech 


niques, 


were monocrystalline having heen 


All specimens 
cut from the same as-grown ingot Specimens were of 
the configuration and orientation shown in Fig. | 
The 
cutting and subsequent chemical polishing using a 
modified CP-4 


a double four-point-loading device, so arranged that 


specimen shape was obtained by ultrasonic 


Fatigue testing was accomplished in 


the specimen could be bent automatically in eithet 


direction. The rate of cycling was quite slow, being of 


the order of 0.5-1 cycles per minute, depending upon 
the maximum strain. Strain was measured optically 


using a micrometer microscope, and assuming that the 
bending moment in the reduced section was constant 
All fatigue runs were made at 400°C 

The results of 
The 
Coffin'® 


well with the slopes observed 1y Cottin tora numbe rot 


ogested 


fatigue testing are given in 


data are graphed in the manner su 


The slope of the curve 0.5) agrees quite 


the more common ‘engineering’ metals 


In the course of fatigue, the surfaces of the speci 
mens become distorted, owing to the surface displac« 
ments associated with slip It should be noted that. al 
though these surface striations arise from slip on {111} 
planes, they are not exactly parallel to the original slip 
traces. On some specimens particularly those which 


were subjected to a relatively large number of evycles 
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surface studies revealed a number of cracks. Ex- 
amples of these are given in Fig. 3 (strained 60 cycles 
at --2 per cent). Two types of cracks are apparent, 
both of which tend to occur at the boundary between 
two sets of intersecting slip bands. 

In Fig. 3, two relatively large cracks parallel to the 
slip bands are joined by smaller cracks lying in the 
Both crack types can be 
This 


mechanism has been discussed in detail by Parker™. 


trace of the cleavage planes. 
rationalized in terms of dislocation pile-ups. 


) (6) 


Gilman“), in a discussion of Coffin’s’ results, has 
suggested that the straight-line relation between the 
logarithm of maximum strain and cycles to failure can 
also be rationalized in terms of dislocation inter- 
sections. He predicts that the number of intersections 
should be proportional to the square of the strain, thus 
accounting for the slope of —0.5. This implies that 
there is a critical number of dislocation intersections, 
that this 


results. The nature of the cracks shown in Fig. 3 tends 


and when number is exceeded, fracture 
to support Gilman’s views, as does his own work in 
lithium fluoride. 

These data at least suggest that the fatigue process 
in InSb is substantially the same as that in engineering 
metals. It is anticipated that studies of electrical 
properties and etch pit configurations in fatigued 
InSb, now in progress, will help further to clarify the 


nature and role of defects in fatigue phenomena. 
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work and the continued interest and suggestions of 


tGICA, 


VOL. 9, 1961 


Dr. A. C. Beer. This research was supported by the 
Metallurgy Branch, Office of Naval Research. 


Battelle Memorial Institute 
Columbus. Ohio 


MARINGER 
DUGA 


References 
J.J. Duca, Bull. Amer. Phys. Soc. 3, 378 (1958). 
J.J. Duca, R. K. and A. C. Brrr, J. 
*hys. 80, 1798 (1959). 
’, ALLEN, Phil. Mag. 2, 1475 (1957). 
’,. ALLEN, Phil. Maq. 3, 1297 (1958). 
MARINGER, J. Appl. Phys. 29, 1261 (1958). 
Corrry, Jr., Internal Stresses and Fatique in Metals 
Elsevier, New York (1959). 
R. PARKER, Fracture p. ISI. 
Mass. (1959). 
J. GILMAN, Fracture p. 374. Technology 
Mass. (1959). 


ppl. 


Technology Press, Cam 


Press, Cam 


bridge, 


* Received July 26, 1960. 


The yield stress of iron above room 
temperature* 


Schoeck and Seeger have recently suggested™ that 
the contribution of Cottrell locking to the yield stress 
of z-iron is unimportant above room temperature, 
“because thermal fluctuations are then large enough to 
free dislocations from their narrow potential troughs 
at negligibly small stresses’. Their main argument is 
based on observations that the yield stress of single 
crystals is almost independent of temperature in the 
range 20-200°C.) For this reason they suggest that. 
above room temperature, dislocation locking by 
interstitial solutes is due principally to the Snoek 
interaction, which is insensitive to temperature. 

However, the yield stress of polycrystalline iron 
shows appreciable temperature and strain-rate de- 


’ and it is 


pendence well above room temperature® 
clear from strain-ageing experiments that long range 
contribution towards 
4) 


diffusion makes the dominant 
re-locking of free dislocations at room temperature. ' 

The grain size dependence of the yield stress shows 
that grain boundaries are effective barriers to disloca- 
tion movement during yield propagation. It is 
believed that dislocations held up in this way provide 
stress concentrations which are limited by grain size 
and which act, with the applied stress, to unlock new 
sources at the Liiders band front. Interpretations of 
the observed relation of the lower yield stress o, to 


the grain diameter 2d, 


(1) 


Petch®:® and Cottrell™. The 


important conclusions for present purposes are that 


have been given by 


k, is a measure of the strength of dislocation pinning 


and that the applied stress is related to the unlocking 
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4 
Temperature, 


Effect of te 


stress of anneak 


mperature on t 
carbon 


d and furnace | 
wt. CO0.04; N 0.004; Min 0.40: 


P 0.008. Strain rate; 3 10-4 sec 


cooled low 
omposition in 
i 0.008: S O.OL7: 
Curve 1: o, for specimens with 8300 grains/mm 
Curve 2: o, for specimens with 16 grains/mm 
Curve 3: o,; (equation 1) 


Curve 4: k 2 for fine grained specimens 


stress through a stress concentration factor propor- 
tional tod*. At present there is no clear evidence that 
Cottrell locking contributes significantly to o,, the 
component of o, which is independent of grain size. 
The observed temperature dependence of a. could be 
due mainly to a strong Peierls—Nabarro force."6.” 

Thus no reliable conclusions about the strengeth of 
atmosphere locking can be derived from measurements 
of 0, in single cry stals. The most certain evidence is 
provided by estimates of k,, based on experiments 
with polycrystalline specimens. 

Results of recent measurements of variations in 
og, above room temperature, using low carbon steel 
specimens of two widely different grain sizes, are given 
With 
coarse grained specimens, as with single crystals, ¢, is 
the 


but up to 100°C fine grained specimens give 


in Fig. 1 together with the experimental details. 


range 


a o,/T' 


insensitive to temperature in 


relationship suggesting strong dislocation locking and 


thermal nucleation of the breakaway process. Clearly 


these results suggest that temperature dependent 
atmosphere locking is effective at least up to Looe’, 
strains, beyond the yield, jerky 
all 


slow-moving dislocations experienced 


At large plastic 
occurred at above 
that 
a dragging force due to diffusing solute atoms through 
Above 190°C serrated 


vield 


flow temperatures 


showing 


out this temperature range. 
values, 


yielding occurred. Minimum stress 


observed immediately before periodic relocking of 


the Liiders front, are recorded for this range. 


These represent the applied stress required to move an 


unlocked Liiders front at a minimum permissible rate 
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Although 


strain-rate 


characteristic of the temperature. not 


directly comparable with the constant 


measurements at lower temperatures, the results show 
that o, continued to decrease on heating above 190°C 
Strain ageing well behind the Liiders front wil 


iffect oO 


| not 


but slow dislocations are ilso exper ted at the 


Liiders front, due to the periodic character of the 


tree dislocations 


add 


breakaway process If only the 


involved in pile-up formation were affected, an 
due 


tional contribution to o 


actions with diffusing so 


increase only the co. term on the rig 
1). Evah 


fin Fis ing ilts for 


assuming equ itor was 


ations of and k. were mat 


tl 


temperature range concern a 


with specimens of itermedia 


important cd 


that there is no part 


relationship between oa, and d 
The 
increase slightly with temperature in the 1 


160°C. 


results in Fig. | suggest that 


Was Insensitive to temperature 
This may seem to support the possibility that 


ibly 


range 


temperature INSENSITIVE pos Snoek loc] ing Is 


dominant above 100 However. in considering the 


mechanism of break above ¢ two teatures 


of the | 


experime ntal evidence 
Firstly 


k/T relationship just below this temperature sug 


must bye nto 


the relatively radient of the 


account steep 


rests 


temperature dependent Cottrell) locking till 


potent at LO0O°C. Secondly, on the evidence of fine 


grained specimens, dislocation locking remains strong 


throughout the 100-200°C. Upper vield point 


10 10? 


range 


up to above co. were observed. and 


judging from Liiders strain, ¢, was probably at lea 
15 the 


would be the 


Ib/in= above initial flow stress which 


observed in absence ot dislocation 
COOTE ad 


Thu 


in order 


Dissolved solute in the slowly speci 


locking. 


mens would be 0.004 wt nitrogen the 


experimentally observed breakaway str Is 
that the 


than for 


the 


of magnitude greatet predicted 


effect ordering of unsegregated 


the 


Snoek due to 


solute.“: To maintain argument that. above 


100°C, o, is due mainly to Snoek locking, it would be 
necessary to assume that the Snoek effect is enhanced 
extensive outer atmospheres j 
and that 


locking could take over the dominant role at a critical 


by the 


presence of 
round the dislocations outer atmosphere 
temperature which is close to 100°C for the applied 
strain rate. In fact, of course, the insensitiv ity ol I , to 
temperature in the range 100—-160°C does not exclude 
the possibility that the Cottrell mechanism remains 


effective. It is possible that the normal temperature 
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Yield stress, 


Temperature, 
Fie. 2. Effect of temperature on lower yield stress of 
Composition in wt. ‘ 
S 0.022: POOL. 
recovery’ 


stabilised’’ low carbon steel. 
( 0.06; ALO.10; Mn 0.47: Si 0.006: 
Strain rate: 3 10-4 
annealed at after 

1950 grains/mm*. 


Specimens 
620 C deformation, 


Grain size: 


1} per cent 


dependence of atmosphere locking is masked in this 
temperature range by an increasing contribution from 
interactions associated with diffusing solute atoms. 
(For example, if pinned sources were to expand 
forwards with the drift velocity of their atmospheres 
during the period of build-up of stress concentrations, 
this could given an increment in o, which increases 
with temperature in the appropriate range and which 
is sensitive to grain size.) 

It should be possible to reduce the magnitude of a 
contribution to ¢, from interactions due to diffusing 
solute by making a sufficient reduction in the available 
solute. <A steel offers a 


commercial “‘stabilised”’ 


convenient basis for such an experiment. This type of 


low carbon steel shows normal yield point behaviour in 
aluminium is 
of the 


the annealed condition, but sufficient 
steel 


nitrogen, so that strain-ageing effects are very small 


added in making to immobilise most 
in slowly cooled specimens. The variation of o, with 
temperature observed with such a steel is shown in Fig. 
rolled to 1} 
annealing and 
crystallisation at 620°C followed by furnace cooling. 


2. The specimens used in this experiment were cold 
per cent reduction after a preliminary 
were finally annealed without  re- 
It is likely, therefore, that the initial dislocation 
density was higher than that in normally recrystallised 
specimens. Other experimental details are given with 
Fig. 2. Strong vield points were observed, with a room 
temperature value of k, not greatly different from that 
observed with the steel used in the experiments 
summarised in Fig. 1, but in this case no serrated 
yielding occurred and o, decreased continuously with 
increasing temperature throughout the range 20-200°C, 

Thus the experimental evidence given by poly- 


crystalline low carbon steel supports the conclusion 
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that temperature dependent (Cottrell) locking of 


dislocations is effective well above room temperature. 
Dept. of Industrial Metallurgy D. V. WiLson 
The University of Birmingham 
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The martensite transformation in thin foils 


Two of the present writers formerly” studied the 
martensite transformation by transmission electron 
microscopy. They used foils, made from bulk trans- 
formed alloys by electro-polishing, and found lamellar 
fringes which may be interpreted as stacking faults. 
Pitsch® used evaporated films instead of bulk metals 
in order to reduce the constraining effect of the sur- 
rounding matrix on the transformation and obtained 
similar lamellar fringes. 

In the present work, foils of Fe-30.64°, Ni alloy in 
the austenite state were made by electro-polishing and 
then transformed by immersing into liquid nitrogen. 
(a) 
micrographs taken. 
been confirmed that the whole field in this figure had 


been a single crystal of austenite. (White holes seen in 


Fig. shows one of the transmission electron 


Before the subzero cooling it had 


this field were used as markers for finding the position.) 
The untransformed austenite region has only smooth 
extinction contours, while the martensite region has 
lamellar fringes of spacing 100 A (minimum) as well as 
zigzag extinction contours. In order to examine the 
orientation of the martensite, a selected area (white- 
framed region) electron diffraction pattern was taken, 
which is shown in Fig. 1 (b). This pattern shows the 
presence of two kinds of crystals which are oriented with 
[110],, or [110],, to the incident beam, having a twin 
relation with each other, the twin plane being parallel to 
the lamellae in the martensite in Fig. 1 (a) and perpen- 
dicular to the streaks in Fig. 1 (b). Referring to orien- 
tation [001], of the untransformed austenite region in 
the neighborhood, the following two relations hold 


within experimental error: 


[OOL] , | [OOL], 
or (1) 


[110], 


[110], 112] 
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l(a). Transmission electron micrograph showing a martensite crystal occurred with 


orientation-relationship (1 


- 


Fic. l(b). Electron diffraction pattern of the whit 
framed region in Fig. l(a). Martensites!110)mM and 


These facts, in agreement with Pitsch’s result, confirm 


that the lamellar fringes indicate the existence of the 


growth faults. 
Fig. 2 (a) is a micrograph of another specimen, in 
which there appears a lens-shaped martensite having a 


The 


rugged appearance instead of lamellar fringes. 


diffraction pattern of the white-framed region in this 
martensite is shown in Fig. 2 (b), which shows that the 
orientation of the martensite to the beam is [001] ,, 
Referring to the orientation of the parent austenite 
[O01 | ,, the following relation holds within experimental 
erro! 


OOL|, OO] 


OLO 110 


V 


This is nothing but Bain relationship and different 
from Pitsch relationship,” although the orientation 
of the parent austenite Is the same 

bulk 
Nishi 


Concerning the orientation relationship for 
Fe—Ni alloys determined by X-rays, we 


yama relationship which differs by 


have 


6°53’ from | 001 


{ 110 va 


of Pitsch’s relation 
6° from [110], || [112],, 


and by 


9°44’ from |001 ' OO] 


of Bain’s relation 


6°53" from , 110 


V 


On the other hand, in electron diffraction technique 
using thin foils, there is an error of the order of 5° or 
more in the determination of orientation due to 
elongation of reciprocal lattice points especially for 


fine lamellar crystals as in martensite) and due to 
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Fig, (2)a, Transmission electron micrograph showing a martensit 
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» crystal occurred with 


orientation-relationship (2). 


of the white- 
Martensite | 


2(b). Electron diffraction pattern 
framed region in Fig. 2(a). 


other causes. On account of this, there is a possibility 
that the above two orientations of Pitsch and the one 
orientation of Bain coinside with some of the twelve 


variants in Nishiyama’s relationship. Hence it is 


dangerous to consider the relations (1) and (2) by 


Pitsch and Bain, respectively, as new special relation- 
ships for the transformation in thin foils. 
The details will be published in Mem. Inst. Sei. Ind. 


Res., Osaka. Z. NISHIYAMA 


Institute of Scientific and A. 
Industrial Research 
Osaka University 


SHIMIZI 


.. SUGINO 


Sakai, Osaka, Japan 
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Pseudo yield point effects* 


A small yield point usually accompanies a change of 
strain-rate made during the tensile deformation of 
metals.“.2) We believe that part, and in some cases all, 
of such a yield-point effect is associated with the 
characteristics of particular tensile machines. 

In this investigation, Pb, Cu and Ag single crystals 
and polycrystalline Cu, Al and Fe were examined in 
various tensile machines at several temperatures and 
strain-rates. Once parabolic hardening was achieved 
in any specimen, an increase in the strain-rate pro- 
duced both a small increase in the stress level and in 
the rate of work hardening and a normal “‘positive”’ 
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vield point as observed on either load—elongation or 
load—time curves. A decrease in the strain-rate pro- 
duced the converse, being accompanied by a “‘negative”’ 
vield point. To examine the yield-point extrema in 
detail an amplified strain-gauge signal was fed into a 
high speed chart, high speed galvanometer recorder 
supplied by Midwestern Instruments Ltd. Both load 
and cross-head movement (elongation) were simul- 
taneously recorded with time. In Fig. 1, a manually 
replotted set of measurements is shown along with 


some derived curves. As can be seen, during an slotted as explained in th 

| Is a po 
during 

increased rate, and during a decrease it first went to di of the possible, 


increase the strain-rate first exceeded the desired 


zero before reaching the desired decreased rate. The 
positions of the stress extrema corresponded in time nd stress; 7 is the stress and 7 is the strain rate, 
l 


with the end of the transient over-increase and the end usually between 10-* and L0~° sec Thus, let us say, 


of the zero-rate interval. BAln + 
With the concept of an activated process occurring 

during deformation, it is generally accepted that the In the instance shown in Fig. 1, the stress change at 

strain-rate sensitivity, defined as Av/Aln 7, should be the peak, Av, (illustrated in Fig. 2), gives almost the 

a constant for a certain metal at any given temperature same constant B for the change in 7 between the basic 
and the over-increased rate as the stress change, Ar., 

Zero extrapolated through the peak for the change in 

|Crosshead Rate between the basic and the desired increased rate 


Crossheod Thus a positive, pseudo, yield point was produced by a 
i machine characteristic. Similarly, when the machine 
stopped, creep occurred to a stress level, T \r 

which was undoubtedly below that stress level, 


i 
\ T A7vr,, demanded by the strain-rate sensitivity for 


Maximum 


= the new selected rate a negative’ vield point was 
Transient Rate 


thus obtained because of the machine 


Apart from the extrema the characteristics of the 


2 
a 
re) 
O 
J 


15 . \ ield points can be explained by the inherent softness 


of any machine: An imposed elongation rate produces 


both plastic strain in a specimen and elastic strain in 


the system, specimen and machine. For small incre- 


ments it c: be shown for a load-elongation curve 


that, 
N 


where é,, and @, are the plastic and the applied elonga 


Zero Rate 


Crosshead Rate —= 


tion rates; S is the slope of the load-elongation curve 
and EF is the slope due to the elasticity of the system 
Substituting in definition (1) it is simple toshow that the 
following relation should hold anywhere on a yield- 


point curve when @, is constant, viz 


t 

> Ar Ar >In S)/(E,, 

Crosshead Displacement ————s= 

where S, is the slope on the curve with negligibly 


Fic. 1. A manually replotted set of load-time and A 


varying work hardening, used to obtain by 


elongation-time data for a copper single crystal at room : 
temperature. The derived curves exhibit the coincid- extrapolation. In Fig. 2 we have plotted the data for 
ence in time between events on the load—elongation and 


the crosshead rate—elongation curves. points along several yield-point curves on one crystal 


623 
| 
| 
Le 
Fic. 2. Points along eral eld-point ul 
ol. 9 
961 
SCC. 
i 
1 ft 
A 
t 
Tint 
| 
| 
| itt 
1 | 
| | | 
| | 
0 + | | | 
| | 
Tol 


624 


and obtained relations such as (3) subsequent to the 
peak (or minimum) stress. Thus since é, was found to 
approach constancy over this range (as shown in Fig. 
|), the shape of the yield points after the extrema can 
be attributed to the softness of the machine. 

In the examination of the various metals under 
different 


pseudo yield points were obtained. Apart from these, 


conditions many permutations of these 
it could be concluded (1) that a true positive yield point 
no true negative 
ascertained. Most tests 
Model TT-B. It 


adjusted so that the over-increased rate was of short 


existed in some cases and (2) that 
vield point could be were 


made with an Instron, could be 


time duration; however, this capability depended 
upon the particular strain-rate sensitivity encountered 
i.e. metal, temperature, etc.). With proper choices 
some tests were made which indicated a true increase 
in stress beyond that expected from extrapolation as 
in the inset of Fig. 2. This was affirmed on an Areweld 
machine which provides increased rates by magnetic 
clutching and separate pre-running motors in a low 
efficiency drive. No over-increased rate was obtained 
and a small yield point sometimes resulted. (e.g. Cu at 
room temperature showed no true yield point; at 
third 


77’ K, however a small one was obtained.) A 


machine™ gave rise to small oscillations and corre- 


spondingly oscillating, positive, pseudo yield points. 
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Finally, it is emphasized that all three types of 
machine always stopped for a short time when the 
strain-rate was decreased. Whenever the creep rate 
was rapid enough so that Ar,, exceeded BA In y, a 
“negative” vield point was created. Thus, since the 
machine effect always existed, it was not possible to 
discount or to separate and measure a true negative 
Nevertheless, the 


of short duration so 


machine 
that 


BA no negative yield point was observed. 


yield point. whenever 
effect 
Ar,, 


In summary, a positive yield point is produced by a 


was enough time 


combination of machine characteristics and strain- 
rate sensitivity; a negative yield point, by a combina- 
tion of machine characteristics, creep rate and strain- 
rate sensitiv ity. 

G. F. BOLLING 


L. E. Hays 
H. W. WIEDERSICHT 


stinghouse Re search Laborato s 


Pittsburgh 35. Pr nnsylvania 
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ERRATUM 


B.S. Berry, Acta Met. 9, 98-105 (1961) 


The author is indebted to Dr. 


following errors: 


(1) In equation (10): 


R. Elliott for pointing out the 


Pis 


should read 


(2) 
0-73 to 0-59. 


ILS 


For Al-4°,, Cu the value of (R,,) is thereby changed from 


These corrections do not affect the conclusions reached in the paper. 
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HIGH TEMPERATURE DEFORMATION OF ALUMINUM SINGLE CRYSTALS* 


S. HOWE,?+ B. LIEBMANN,?* and K. LUCKES 


The temperature and strain rate dependence of work hardening in aluminium crystals has been 
investigated with special attention to the high temperature range. Single crystals of high purity alum 
inum have been grown and extended at various temperatures and strain rates, 

It has been found that above 550°K the yield point drops rapidly with temperature and the easy glide 
region of the stress—strain curve lengthens. These results show that the mechanism of work hardening 
at high temperature is quite different from that at low temperatures, and the differences are unexplained 
by current theories. 


DEFORMATION A HAUTE TEMPERATURE DES MONOCRISTAUX D’ALUMINIUM 

Les auteurs ont étudié la maniére dont varie la loi d’écrouissage des monocristaux d’aluminium en 
fonction de la température et de la vitesse de déformation, en apportant une attention particuliére aux 
températures élevées. Ils ont préparé des monocristaux d’aluminium de haute pureté et ils les ont 
soumis & traction a différentes températures et a différentes vitesses de déformation. 

Ils ont observé qu’au dela de 550°K, le yield point tombe rapidement avec la température et qué 
la région de glissement aisé de la courbe tension—déformation s’étend—Ces résultats montrent que | 
mécanisme de l’écrouissage & haute température est tout a fait différent de ce qu'il est a basse t« mpéra 


ture. Les différences observées ne sont pas expliquées par les théories courantes. 


DIE VERFORMUNG VON EINKRISTALLEN AUS ALUMINIUM BEI 
HOHEN TEMPERATUREN 

Die Abhangigkeit der Verfestigung von Aluminiumkristallen von der Temperatur und der Verfor 
mungsgeschwindigkeit wurde untersucht unter besonderer Beriicksichtigung des Bereichs der hohen 
Temperaturen. Einkristalle aus Aluminium von hoher Reinheit wurden hergestellt und bei verschi« 
denen Temperaturen mit verschiedenen Verformungsgeschwindigkeiten gedehnt 

Es wurde gefunden, daB oberhalb von 550°K die FlieBspannung rasch abfallt und d Easy -Glide 
Bereich der Verfestigungskurve langer wird. Diese Befunde zeigen, daB der Verfestigungsmechanismus 
bei hoher Temperatur verschieden ist von dem bei tiefen Temperaturen; die Unterschiede lassen sich 
durch die iiblichen Theorien nicht erklaren. 


1. INTRODUCTION purity aluminum single crystals have been taken at 


Recently there have been published numerous different strain rates in a temperature range between 


papers on the stress-strain behavior of single crystals liquid nitrogen t ‘mperature and the melting point 


of face-centered cubic metals at low temperatures up Aluminum was chosen since its stress-strain behavior 
to room temperature. As a result of these investiga- at room temperature and at low temperatures is well 
tions and of corresponding theoretical works the known.-® For comparison some curves have been 
mechanism controlling plastic deformation in these taken on aluminum single crystals of technical purity 
metals in this temperature range is understood to a 
rather large extent.“ However, there are literally no 2, EXPERIMENTAL PROCEDURE 
useful measurements of work hardening at higher The stress-strain behavior of single crystals depend 
temperatures, especially approaching the melting as much on their orientation relative to the axis of 
point. Since the controlling processes in this higher tension as on temperature and strain rate. Thus, in 
temperature range are quite different from those in the order to investigate the influence of temperature and 
low temperature range it was considered important to strain rate, one must provide a sufficient number of 
extend the measurements into this region. single crystal samples of exactly the same orientation 
In the present paper, stress-strain curves of high 80 that this parameter will be constant. To overcome 
this difficulty, long single crystals (12 ft long) of high 
ri This research was supported by the U.S. Navy through purity aluminum (99.99 per cent Al) have been pro 
the office of Naval Research under contract No. NONR-562 ; a 
(12). Received July 11. 1960. duced by the strain—anneal method.” By cutting these 
+ Submitted in partial fulfillment of the requirements for wire shaped cry stals (diameter 1.5 mm) a sufficient 


the degree of Master of Science at Brown University, Provi 5 es 
dences, B.I. number of single crystals of exactly the same orienta 


+ Now with Degussa, Hanau, Germany. tion was made available 
§ Now at the Institut fiir Allgemeine Metallkunde und 
Metallphysik, Technische Hochschule, Aachen, Germany. After cutting the cry stals (using an oxyacety lene 
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torch to prevent deformation of the ends of the 


sample), they are prepared to be placed in specially 


designed grips in the tensile tester. These grips must 
be small enough to fit into the furnace, and must not 
deform the ends of the crystal (so that nucleation and 
recrystallization will not occur at the high tempera- 
tures used). The problem was solved by melting 
small beads on the ends of the crystals and placing 
them in a slotted holder. 

The tensile tester used in the experiments is an 
table model tensile machine.* 


Instron prototype 


* During the first 
fairly large amplitude with a 
superimposed upon the 
search for the origin of the 
modulated vibration originating in the 
tester. Therefore, the 
from the tensile tester, 
coupled to the cross-head by a long chain. 
eliminated the oscillation. 


experiments a periodic oscillation of 
period of about | min 
curve. After a 
effect it was finally traced to a 
drive 
motor and gear box 


was 
stress-strain long 
system of the 
removed 
distance and 
This completely 


were 


mounted some away 
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A furnace with a range up to 700°C was built to fit the 
machine (Fig. 1) so experiments could be performed at 
various temperatures up to the melting point of 
aluminum. The furnace contains a long silver tube 
lining to preserve a constant temperature along the 
sample. A Dewar flask was used for experiments at 
temperatures down to liquid nitrogen. 

The machine only draws a load-extension curve 
which must be replotted to show the resolved shear 
stress-strain in the acting slip system. The structure 
of the deformed crystals is further investigated by the 
Guinier—Tennevin® X-ray method to determine the 
type of deformation that has occurred and whether or 
not it occurred homogeneously. Slip lines were also 
studied microscopically. 

3. EXPERIMENTAL RESULTS 
In general, high purity face-centred cubic metals 


show hardening curves that exhibit three parts called 
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Fic. 1. Phantom view of oven with crystal in grips (arrow). 
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TEMPERATURE DEFORMATION 


g/mm? 


Resolved sheor stress, 
w 
N 


nN 


Shear strain, 


Fic. 2. Flow stress vs. 


stages I, Il and II], which may or may not be distinct. 
Stage I is the 
by a small coefficient of work hardening (slope of 


“easy glide” region characterized 
stress-strain curve). It is most pronounced for crystals 
with an orientation in the middle of the orientation 
triangle. Much of the hardening takes place in stage 
II, which is characterized by a constant slope. Stage 
III begins at higher strains and shows a decreasing 
coefficient of hardening. As the temperature increases, 
stage Il becomes less and less pronounced. 

Since in the present paper the effect of temperature 
and stain rate on the stress-strain curves was the main 
object of investigation, the orientation of the crystals 
was not varied; only crystals whose axes were within 
4° of each other were used. The orientation was chosen 
to be near the center of the orientation triangle in 
order to obtain stress-strain curves showing all three 
stages. It is also an advantage of the center orientation 
that the effect of slight angular differences between 
crystals is minimized. 

The temperature dependence of the stress-strain 
curve, the influence of the strain rate and the tempera- 


ture dependence of the yield point were studied. The 


temperature was varied from 77 to 900°K and the 


3 sec l to 5 sec 


strain rate from 10 

In Figs. 2, 3 and 4, stress-strain curves are plotted 
for various temperatures and extension speeds. If 
these plots are examined, it will be seen that the “easy 
glide” region (stage 1) slightly decreases with increasing 


temperature at least up to 27°C, and almost disappears 


°, 
° 


strain at various temperatures 


At 200°C and above. 


character of the 


in the room temperature curves 
the 


curves changes and an ever increasing “‘eas\ 


whole stress—strain 


however, 
glide” 
region appears with increasing temperature 


curves taken with various strain rates at 600°C are 


compared, one finds that at the slowest speed of exten- 
(10-* see!) no hardening is observed. At the 


medium speed (10~4 see 


sion 
!) some hardening occurs after 
a rather large strain, and at high speed (10-3 see~!) 
greater hardening occurs even earlier. This indicates 
that some thermally-activated strain-rate dependent 
mechanism is operating 

While in Figs. 2, 


same orientation were used at the same speed in Fig. 5 


3 and 4 crystals with exactly the 


crystals of identical orientation were extended at the 
same temperature in order to study the strain-rate 
glide 


region is independent of the strain rate, while at 300 


dependence It is seen that at 27°C the easy 
and 600°C) there appears a slight rate dependence 
Stage III] is quite rate dependent indicating thermally 
activated processes 

Figure 6 shows the temperature dependence of the 
\ ield point Two curves are show nh, one was corrected 
by dividing the critical resolved shear stress by the 
shear modulus G. G was determined by assuming that 
at 300°K, G 25.5 10° g/mm?*, and applying a cor- 
rection factor in order to consider the variation of the 
shear modulus with temperature.'®) The uncorrected 


dividing t, by G at 77°K 


curve was calculated by ™ 


One can recognize a drop in yield point in the 
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To 2440 g/mm* at 32% 


20 25 
Shear strain, %o 


initial 


Flow stress vs. strain at various temperatures. é 


+To 2330 g/mm? at 32% 


20 25 
Shear strain, % 


Fic. 4. Flow stress vs. strain at various temperatures. 


temperature range between 100 and 250°K andasharp there are differences at room temperature to be 

second drop above 550°K. expected from other work.“°"!) Although stage I is 
Some stress-strain curves of technically pure (99.8 completely suppressed, stages IIL and III are well 

per cent Al) crystals are included in Fig. 7 to give a developed. 

comparison of the difference between the deformation It is known that a flat increase of the hardening 

of high purity and technical purity aluminum crystals. curves is always connected with a very non-uniform 

While at 600°C the shapes of the curves are similar, type of deformation. Fig. 8 is an enlarged photograph 
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7.3 


g/mm2 


Resolved sheor stress 


20 


Shear strain, 


Flow stress vs. strain at 


emperature, K 


Fic. 6. Variation of yield point vs. temperature 


of a crystal deformed at 600°C. It shows widely 
spaced, rather large slip bands, indicating that a 


large amount of slip hasoccurred only at afew placesin 


the crystal. This is supported by X-ray photographs 


according to the method of Guinier—Tennevin. Severe 


lattice bending has been found only at the slip bands, 


while the regions between them remained much more 
perfect. 
4. DISCUSSION 
From the results given in the previous section, two 
features are most interesting: the second decrease of 


the yield point with temperature and the lengthening 
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of stage I with increasing temperature, both of which 


occur at temperatures above room temperature. 
While the results at low temperatures do not contradict 
the current theory of work hardening formulated 
mainly by Seeger“ it seems that the results above 
this 


room temperature cannot be accounted for by 


theory. 

According to this theory,” in stage I of the harden- 
ing curve slip occurs in only one slip system and the 
distance over which the dislocations move is only 
limited by crystal boundaries and similar obstacles. 
During stage IIL slip occurs to a small extent also in 
other slip systems and, as a consequence of this, 
Lomer—Cottrell dislocations are formed. These sessile 


dislocations constitute obstacles for dislocations 
motion so that other dislocations pile up against the 
Lomer—Cottrell stage III, finally, the 


stress is high enough to cause dislocations to escape 


barriers. In 


Fig. 8. 


strain, 


25 30 35 40 


%o 


Flow stress vs. strain, technical purity Al erystal. 


from the piled-up groups with the aid of thermally 
activated cross slip. 


The temperature dependence and __ strain-rate 


dependence of the hardening curves as described in 


this indicate the thermally 


activated process in stage III also at temperatures 


paper presence of a 


above room temperature. However the increase of 
the length of the easy glide region with temperature 
at high temperatures is in contrast to the general 
behavior and is not explained by the above theory. 

It seems questionable whether the division of the 
stress-strain curve into the three stages is still reason- 
able at elevated temperatures. There is reason to 
believe that at high temperatures the mechanism of 
hardening is quite different. This is supported by 
X-ray photographs taken in this laboratory after defor- 
mation at 600°C which show unusually rough polyg- 


onization not apparent after deformation at room 


Crystal deformed at 600°C, 
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temperature. Therefore it can probably be assumed 
that the idea of dislocation pile-up loses its signific- 
ance at these temperatures and other processes such 
as climbing of dislocations (Weertman type of creep") 


or motion of vacancies (Herring—Nabarro type of 


creep"®)) take over. 
According to Seeger’s theory,” the critical shear 
stress of cubic face-centered metals is given by two 


contributions 


the elastic 
the 
is the 


arises from 


The first 


interactions of 


contribution, 7,,, 
the moving dislocations with 
other dislocations. The other contribution, 7,, 
stress needed to make the dislocations cut through a 
forest of dislocations intersecting the glide plane more 
or less perpendicularly. The process of cutting through 
the forest is thermally activated and it is assumed that 
the activation energy decreases linearly with the acting 
should decrease 


stress. As a consequence of this, 7 


linearly with temperature until it reaches zero. At 


c 


temperatures higher than this (a value below room 
temperature in the of aluminum), the only 


contribution to 7, should be from 7,,, which varies 


case 


with temperature only as the shear modulus. 
Such a bend in the yield point temperature curve 
has been observed in aluminum by Cottrell and 
Stokes". It appears at 170°K in agreement with the 
Seeger theory. The end of the first drop in yield point 
in Fig. 6 can probably be identified with this bend. 


This is also indicated by the fact that at room tem- 


perature the yield point is independent of strain rate 


(Fig. 5) showing the absence of thermally activated 
processes. However, then no explanation can be pro- 
vided for the drop above 550°K on the basis of this 
theory and additional assumptions must be made. 
In the following some of the possible reasons for the 
second drop only are listed: 
(1) It is assumed that the motion of dislocations is 
restrained by interaction with foreign atoms 
and that this restraining force disappears at the 
temperature of the second drop of the yield 


point. 
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(2) It is assumed that the motion of dislocations is 
restrained because of the presence of jogs and 
that this restraining force disappears at the 
temperature of the second drop. 
It is assumed that at temperatures above the 
second drop the deformation due to dislocation 
motion is superimposed by a Herring—Nabarro 
type of creep in which, however, vacancies do 
the different 
surfaces of the crystal but between the different 


not migrate between external 
small angle boundaries as proposed by Friedel"®, 
the 


for the discrepancies are in preparation and a more 


Further experiments to test possible reasons 


thorough discussion will be given after completion 


of the experiments. 
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KIRKENDALL EFFECT 


AND DIFFUSION 


IN THE 


GOLD-PLATINUM SYSTEM—I 


THE KIRKENDALL EFFECT* 


A. 


BOLK*+ 


The Kirkendall effect has been studied in the gold—platinum system, one of the rare systems with a 


miscibility gap in the solid state. 


a great number of *‘sandwich’’ couples 


The effect has been measured as a function of time and temperature in 
These couples consisted of pure gold and pure platinum, poly 


crystalline and singlecrystalline, and of pure gold and a gold-rich alloy with 73.5 at.°, gold. 


It could be ot 


established, as a consequence 


the 


»btained accuracy of the measurements, that the 


difference in magnitude of the effect in couples with polycrystalline platinum and in couples with single 


crystalline platinum has a physical significance. 


It has been interpreted in terms of an extra diffusion 


transport along the grain boundaries in polycrystalline platinum. 


Besides the Kirkendall effect the phenomena associated with this effect, such as porosity, 


dimensional 


and structural changes, has been studied as well as the phase-boundary displacement. 


SFFET KIRKENDALL ET DIFFUSIO 


L’auteur a étudié Veffet Kirkendall dans le syst¢me or—platine, 
Leffet a été mesuré en fonetion du temps et de la temperature 


ar a état solide. 


dans un grand nombre 


une lacune miscibilité 


de couples *‘en sandwich 


pur, polycristallin et monocristallin et d’or pur et d’un alliage riche en or a 73,5 at 


Il semble conclure, 
d 


avec platine 


qu on pulsst 


difference de la grandeur 


monocristallin, ait une 


N 


signification physique. 


DANS LE SYSTEME OR-PLATINE—I 


l'un des rares syst¢mes qui présentent 


‘s couples étaient constitués d’or pur et de platine 
dor. 


en tenant compte de la précision obtenue dans les mesures que la 


le leffet constatée entre les couples avee platine polycristallin et les couples 


Cette difference est interpretée comme 


résultant d'une diffusion additionnelle le long des frontiéres de grains dans le platine polycristallin. 


Outre leffet Kirkendall, les phénoménes associés & cet effet, tels que la porosité, 


les modifications de 


dimensions et de structures, ont été étudiés en méme temps que les déplacements de frontiéres de phase Ss. 


KT UND 


DER 


KIRKENDALL-EFFE 


Beim System Gold—Platin, einem der 
der Kirkendall-Effekt 
Zahl 
reinem Platin, polykristallin und einkristallin, unc 
7 \tom®,, Gold, 
Die Messungen 


wurde untersucht. 


groBen von “sandwich 


waren so genau, dali der 


kristallinem Platin und solechen mit einkristallinem Platin einwandfrei nachgewiesen werden konnte. 


DIFFUSION 
KIRKENDALL-EFFEKT 
wenigen Systeme 
Kr wurde in Abhangigkeit von Zeit und Temperatur an einer 


Probenpaaren gemessen. 


au 


BEIM SYSTEM GOLD-PLATIN 


mit einer Mischungsliicke im festen Zustand, 


Die Paare bestanden aus reinem Gold und 


s reinem Gold und einer goldreichen Legierung mit 


Unterschied der GréBe des Effekts bei Paaren mit poly 


Kr 


wurde gedeutet auf Grund einer zusatzlichen Diffusion entlang den Korngrenzen in polykristallinem 


Platin. 


Neben Kirkendall-Effekt wurden dic 


Ausdehnung und Struktur-sowie 


dem 


\nderungen von 


damit 


clie 


zusammenhangenden Erscheinungen-Porositat, 


Verschiebung der Phasengrenze untersucht. 


A. 


The discovery of the Kirkendall effect in 1947 by 


INTRODUCTION 


Smigelskas and Kirkendall” was a good motive for a 
comprehensive investigation in the field of the inter- 
diffusion of metals and alloys. Before 1947 a diffusion 
of 


after the observation 


process was described by means one diffusion 


coefficient only (see Matano"?): 


of 
L960; 


thesis, 


author's 
October 


the 
revised 


* This paper 
Delft 1959. Received 
1960. 


contains part 


April 22, 


Laboratory for Physical Chemistry, Technical University, 
Delft, Holland. Now at Philips’ 
Eindhoven, Holland. 
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of Smigelskas and Kirkendall that the marked inter- 
face between the two halves of a diffusion couple 
(consisting of copper and z-brass) moves towards the 
x-brass side of the couple, it was possible to describe 
the diffusion by means of two diffusion coefficients. 
These well-known intrinsic or partial diffusion coeffi- 
cients, referring to the two components which take part 
in the diffusion process, can be calculated from an 
observed Kirkendall effect (see Darken Hartley and 


Crank™, and Seitz). 


The problem of the interdiffusion of two metals and 


or alloys is much more complicated if phase boundaries 


| 
= 


BOLK: KIRKENDALL 
and intermetallic phases come into existence during 
the process. Until now nearly all investigations have 
been carried out with continuous metal systems or in 
such parts of binary metal syst ems,in which a contin- 
uous series of solid solutions can be formed during the 
diffusion. Only a few investigators have made their 


experiments in systems with miscibility gaps in the 


solid state. 

The following 
investigated: Ag—Zn by Biickle’ and Heumann and 
Lohmann”, Al-Be by Biickle (8). 
Ag-Mg by Heumann and Kottmann‘), Cr—-Fe by 
Hicks®®, Cu-Sb by Heumann and Heinemann", 


discontinuous systems have been 


and Descamps 


Cu-Zn by Seith and Kottmann”, and Heumann and 
Kottmann™, Fe—-Mo by Moroz"* and 
Kott 

Fe-Si by Fitzer“”. 


In contradistinction to the diffusion in continuous 


Oknow and 


systems, the diffusion in discontinuous systems will 
not be the only process which is responsible for the 
behaviour of a diffusion couple at elevated temper- 
atures. A second process which takes place is the so- 
called phase-boundary reaction, which is responsible for 
the occurrence of the equilibrium phases at the phase 
boundary. This reaction we assume to be independent 
of the diffusion time. The condition for the application 
of the fundamental diffusion equations is that the 
diffusion is the rate-determining process. This is 
already the case after a short diffusion time. 

The gold—platinum system was chosen for this 
investigation on account of the existence of one mis- 
cibility gap only (Fig. 1), while the great difference in 
melting points of gold (1063°C) and platinum (1769°C) 
makes one expect a great difference in mobility, which 
difference is favourable for the appearance of the 
Kirkendall effect. 

Xeliable values for the diffusion coefficients and for 
the quantities derived from these values, can be 


obtained from experiments in diffusion couples with a 


small difference between the initial concentrations of 


the two halves of the diffusion couple. This condition, 
however, is unfavourable for the appearance of a large 
displacement of the marker interface. An advantage 
would be that the phenomena accompanying the Kirk- 
effect, 


changes, are not very pronounced. 


endall such as porosity and dimensional 
In the opposite 
case, a large difference between the two concentrations 
will be favourable for a large displacement of the 
marker interface. However, the porosity and similar 
phenomena will be very pronounced, which decreases 
the reliability of the calculated values of the diffusion 
coefficients. 

We have meant to lay stress on the Kirkendall effect 


and the accompanying phenomena, which means that 
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the difference between the initial concentrations must 
be large. Moreover, it is necessary for the appearance 
of a phase boundary (i.e. a discontinuity in the concen- 
tration penetration curve) that the two concentrations 
are chosen on opposite sides of the miscibility gap. 
An advantage of the appearance of a phase boundary 
is that the difference between the two concentrations 
is actually decreased; the diffusion takes place as it 


were in two separate one-phase systems 


B. EXPERIMENTAL PROCEDURE 


The metals gold and platinum, with a purity of 
Drijfhout, 


Amsterdam. They were melted in alumina crucibles 


99.99 per cent, have been supplied by 


placed in a vacuum graphite-tube furnace at a temper- 
ature of about 150—200°C above the melting points and 
kept in the molten state at this temperature for about 
hr. 


the alloys were homogenized at 1200°C for 2 hr and 


After cooling, which took place in about 3 hr 
quenched in icewater. In this way small pieces of the 
metals of the size of a button were obtained. Two such 
buttons of pure gold and pure platinum were rolled to 
a thickness of about | mm and sawn into platelets of 
l 3 
and the buttons of the alloys were sawn directly into 
platelets of the The 
turned off carefully to make them plane parallel and 


about 5mm. Another button of platinum 


size platelets were 
then cleaned with soap, aleohol and water and dried 
A back reflection X ray photo- 


graph showed that the surface of the platelets was 


between filter papers 


somewhat deformed as a consequence of the turning 
off. 

To eliminate secondary reactions during the dif- 
fusion process the platelets were heated at 1200°C for 
100 hr, the gold platelets at 1055°C. The cry stal size 
after this treatment is given in Table 1. 

The not-rolled platinum platelets are nearly single 
crystals with one or two grain boundaries only 

The diffusion couples (sandwich-type) were prepared 
in the welding-apparatus shown in Fig. 2 at a temper 
ature of about 80—-100°C below the temperature to be 
and under a 


applied in the diffusion experiments, 


pressure of about 100-350 atm. The temperature was 
maintained by means of internal heating with a current 
of about 100 A 

of gold 


platelet with the lowest concentration of gold 


Two platelets with the highest concen 
both sides of the 


Quartz 


tration were welded on 
fibers (6-10 4) were used as marker material 

In this type of diffusion couple the “interface” with 
reference to which the displacement of the markers can 
be measured lies in the middle between the two marker 
interfaces. After welding the couples were made 
parallel on the lathe, embedded in urea-formaldehyde 


ol. 9 
961 
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We ght % Au 
Fic. lL. The gold platinum S\ stem (according to Darling et al.“)), 
and polished with Cr,0,-, Al,0,- and diamond-suspen- was measured by means of a microscope with a mov- 
sions. The distance between the two marker interfaces able object-table with a very accurate micrometer. 


Diffusion took place in a furnace which was con- 


Pane 1. Average crystal size of gold, trolled within about 34°C and whose temperature has 
platinum and the gold—platinum alloys 


been measured with an accuracy of -+-2°C. After a 
Composition Crystal size (em) certain diffusion time the diffusion couple was again 
» embedded in urea-formaldehyde and, after polishing, 
Rolled gold 10 . 
Rolled platinum lo? the marker distance measured, The marker displace- 
Not-rolled platinum : 10 
73.5 at.% Au alloy f 10-' 
66.7 at.% Au alloy 5x 105 d,—d, 
13.5 at.°, Au alloy lo Aw 


ment was calculated from 


oO 
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where d, 
interfaces, d, = the distance after a dif- 
fusion time f. 
The interdiffusion of gold and platinum has been 
studied in a number of diffusion couples listed in 
Table 2. 


Graphite 


Diffusion 
couple 


The welding apparatus. 


Fic. 2. 
RESULTS 

The displacements of the marker interfaces are given 
in Figs. 3-6 as a function of the square root of the 
diffusion time ¢. It appears that the straight lines, 
calculated with the method of the root mean squares, 
do not go through the point (0; 0).* This is due to the 
fact that the markers are pressed completely into the 
soft gold during the welding as can be seen from Fig. 7. 


The straight line can be expressed by 


Aw b (1) 


where a is the slope of the straight line and where } 
is the length cut from the A,,-axis. We think that } 
is the distance over which the concentration c y of the 


* In the first papers concerning the Kirkendall effeet in 
the gold—platinum system by the present author'!*.!% the 
curves through the points are not straight lines. These first 
measurements have not been carried out by means of the 
microscope described in Section B and the specimens were not 
heated in a controlled furnace. The with 
specimen 54 shows (Fig. 6) that the points lie on a straight 
line within the experimental error. The deviation of the 


curves from a straight line in Fig. 2 of the yaper mentioned 


Investigations 


above has no physical significance. 
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initial distance between the two marker 


SYSTEM 


» 


TABLE 2. The diffusion couples investigated, with 


diffusion temperatures 


Diffusion temp 


Number 
(°4 


Type of couple 


~ 1038 
~ 1038 
~ 
1020 
1020 
O70 
970 
O70 
1055 
1055 
L055 
L055 
1020 


rolled gold 

rolled platinum 

not-rolled platinun 

73.5 at Au-alloy 

66.7 at.' Au-alloy 
that the diffusion couplk 

non-controlled 


is about 10 ¢ 


heated in a furnace The accuracy of the 
in these 


this 


temperature 
* The re 


been published by the author,'!5.!% 


sults obtained with already 


marker interface must hb displaced before the markers 
move proportionally to the diffusion time ¢ 

The calculation of 6 for each specimen shows that 
the values are spread randomly around the mean value 
h 5.8 lu All displacements have been corrected 
with this mean value, after which the straight line has 
obtain 


been recalculated. Then we 


W 
Ay 


From the standard deviation of every series of plotted 
points the standard deviation, ¢,, of a’ can be cal- 
The values for equation (2) and the standard 


Table 


culated 


deviation of series are 3 and 
Table 4 


Together 


every given in 


with the measurements of the marker 
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PO 
2° A/PO/A 
3* A/PO/A 
A/L2/A 
— 5 L2/PO/L2 
6 A/PG/A 
7 A/PG/A 
A/PO/A 
| | 9 A/PG/A 
A/PG/A 
Mico 12 A/PG/A 
13 A/PG/A 
Cu 14 A/PG/A 
A/PG/A 
16 A/PO/A 
17 A/PO/A 
Is A/PO/A 
19 A/PO/A 1020 
z= 24 A/PO/A 
— 25 \/PO/A 970 
ol. 9 2 27 A/PO/A 926 
961 28 A/PG/A ~1OL0 
30 A/PG/A ~ 1020 
31 A/PG/A 1020 
10) \/LI 1055 
A\/L1 1055 
42 A/LI 1020 
Cu +3 \/LI1 1020 
+4 970 
| 15 970 
$6 \/LI1 926 
17 \ 
50 \ PG \ 
51 4/L3/A 
52 L2/PG/L2 
D4 A/PO/A 
\ 
PG 
PO 
L2 
L3 
The si has been 
(2) 
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Yt time t, hr 
Fig. 3, series I, type A/PG/A. Fig. 4, series II, type A/PO/A. Fig. 5, series III, type A/L1/A. 


Fics. 3, 4 and 5. The marker displacement Ay as a function of the square root of the diffusion time ¢ at 
four diffusion temperatures. 


Phase boundary -—Marker interface 


St time f, 
Fic. 6. The marker displacement Ay in diffusion 
couples of various types as a function of the square ‘1G. 7. Diffusion couple 9 before (a) and after (b) a 
root of the diffusion time ¢. diffusion time of 100 hr. 150 
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TABLE 3. Displacement for the diffusion couples of the series I(A/PG/A), II1(A/PO/A) and ITI(A/L1/A) 


Number of Diff. time ¢ nia Std. 
Ay" 
couple (hr) deviation (4 


Type of couple Temp. (°C) 
I(A/PG/A) 1055 100 20.84 28) 27 0.0208 
100 2.° 0.0208 

1020 j 100 (17. O.OL7S 

7 100 ( be 9 3 O.O1L76 

970 ( 100 2. 3. 0.0124 

100 9 1° 7 0.0122 

926 LOO 90 0.0081 

L100 22 8 0.0082 

I1(A/PO/A) 1055 (19.6 0 0.0196 0.0194 
100 O.O1L9] O.OL90 

1020 100 5.08 7 0.0150 0.0156 

( ‘ 2 0.0140 0.0146 

970 Loo 4° 0.0095 0.0096 

(9,7° 91 2.8 0.0097 0.0082 

G26 26 (6 9 0 0.0068 0.0072 

7 0.0068 0.0068 

L055 100 2 2 0.0143 0.0199 
LOO ( 0 0.0148 0.0209 

970 100 0.0079 Oolls 

926 ) 100 ( 7 7 ‘ 0.0068 0.0079 


34 OO064 OOOTH 


* Calculated from equation (2) for ¢ 100 hr. 
Deduced from the concentration penetration curves (see 


TABLE 4, Displacement for diffusion ¢ ouples of 1 


Type of couple Temp. (°C) Number of Diff. time ¢ 
couple 
~ 1020 ¢ OOL68 
5. 5° J 0.0155 
L000 5 29 WOLSS 
§ 3.0 OOL86 
f 9 9 9 0.0126 
970 0.0097 


* Calculated from equation (2) for LOO hi 


TABLE 5. Phase-boundary displacem« Ap.». in various diffusion ¢ 


. Number of Diff. time ¢ 
[ype of couple Temp. 
couple hi 


2 Loo ¢ OO? ] 
~ 1020 Loo y 0023 
1020 ‘ 0021 
Loo 7 7 OO28 
L000 § 100 0.0016 


* Calculated from equation (2) fort 100 hr. 


displacements the displacement Av», of the phase sidered concentration range Together with the dimen 

boundary has been measured in some diffusion couples sionless constant 

(Fig. 8). The straight lines can be drawn through the -# (4) 
point (0; 0). The values are given in Table 5. eee Dt 
The diffusion coefficient D can be written as 
\/(D,K) Vt exp[—@/2k7 


Dic) D,(c) exp | V(c) RT| (3) so that 


A kK fexp 2RT'| (5) 
Now we assume D,(c) (the frequency factor) and Q(c) ul u\ I ul 


(the activation energy) to be constants in the con- From this equation the values of Ky, and Q,, can be 


* 
17 
A/PG/A 
A/PG/A 
A/PG/A 
A/L3/A 
A/PO/A 
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A|L3|A 
A|PG|A 
A|PG|A 
A|PG|A 
A|Po|A 


time t, hr 


Fia. 8. The phase boundary displacement Ap», in 
couples of various types as a function of the square 


root of the diffusion time f¢. 


calculated by plotting log (A4)/4/t) as a function of the 


reciprocal temperature (Fig. 9). The calculated values 
are given in Table 6 together with the standard 


deviations of the activation energies. 


D. DISCUSSION 


A very pronounced displacement (in the order of 


about 50-200 « in 100 hr) of the marker interface has 
heen observed. The displacement takes place in the 
direction of the highest concentration of gold, from 
which we can conclude that gold is the faster diffusing 
component. The displacement in couple 5 (gold rich 
alloy against not-rolled platinum) appeared to be only 
about 10 « in 870 hr or about 3 wu in 100 hr, which is 
very small compared with the displacements in other 
types of couples. 

The displacements deduced from the concentration 
penetration curves of the couples from the series I, II 
and III are assembled in Table 3.* For the couples 


TABLE 6. The values of Qy, Ay and Oey calculated 
from the displacement Aw by means of equation (5) 


Ky Om Oey 
; (keal/mole) 


Series Type 


0.208 
0.524 
0.20" 


$5.5 
51.0 
15.6 


* The concentration penetration curves will be discussed 


in Part II. 
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of series I and II they are in good agreement with 
the directly observed displacements. For the couples 
of series III they are about 20-40 per cent greater than 
the directly observed values, so that secondary re- 
actions have taken part in the process, which have 
For series III the 


indirect observed displacements have been used for 


influenced the direct measurements. 


the calculation of K ,, and Q 

The displacements in the couples 28, 30 and 50 of the 
A/PG/A type of series I and in the couples 8 and 54 of 
the A/PO/A type of series II (Table 4), which have not 


-4.400 


Series I A |PG|A 
@ Series A |PO|A 
@ Series ILA|L 


800 
10°4 


Fic. 9. Log(Ay//t) plotted as a function of the 


reciprocal temperature. 


been used for the calculation of A 4, and Q,,, are in 
good agreement with the calculated lines of Fig. 8. 
The displacements in diffusion couples consisting of 
gold and rolled polycrystalline platinum (crystal size 
10-* em) turn out to be about 10-20 per cent greater 
than those in couples consisting of gold and nearly 


lem). 


single crystalline platinum (crystal size 3.10 
This effect, moreover, is dependent on the diffusion 
temperature. In consequence of the accuracy of 
observation attained by us these observed differences 
must be real. We interpret them as a.consequence of 
an extra diffusion transport along the grain boundaries 
1951 


Barnes"® observed that markers lying opposite to a 


in polyerystalline platinum. In Le Claire and 


638 
| | 
| 
30 
/, 28 
| 
Wi 
51 1000°C 
| x 30~1020°C -4,500 Fe 
® 28~1010°C 
» Vol. 9 
= 
-4.700 | | 
08 
-4.800 
-4,900 
-5,000 
I A/PG/A 2.3 
iI \/PO/A 1.2 
III A/LI/A 1.6 
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grain boundary were displaced over a greater distance 
than markers lying farther from a grain boundary. 


From a number of investigations “” in the field of 


selfdiffusion, it appears that a grain boundary contri- 
detected 
annealing temperature is between 0.50-0.90 of the 


bution can be and measured when the 
melting point of the system. Taking in our case for the 
melting point that of the alloy with the concentration 
of the marker interface (since the difference between 
the partial diffusion coefficients there is responsible 
for the appearance of the Kirkendall effect), our an- 
nealing temperatures are ~ 0.85—0.94 of the melting 
point. We can conclude from these values that a 
measurable transport can take place along the grain 
boundaries. However, the diffusion temperatures are 
too high to expect grain boundary diffusion only, which 
is a necessary condition for the calculation of the 
grain boundary diffusion coefficient as done by the 
referred investigators. 

From the values of K ,, and Q ,, for the series I and 
IT (Table 6) and using formula (5) the marker displace- 
ment A,,.,, can be calculated, in so far as it is an effect 
of the grain boundary diffusion only. At 1055 and 
926°C the grain boundary displacement is 11.5 and 
20.9 per cent, respectively of the total marker displace- 


ment in polycrystalline platinum. These percentages 


are in agreement with the fact that the contribution of 
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the grain boundary diffusion to the total diffusion is 
decreasing with increasing temperatures. The marker 
displacements at these temperatures are 23.9 and 17 y, 
these 
, thus giving the relation between 


respectively. From values we can calculate 
K yoy, and 


A yeep, and T: 


A /t exp [—16 300/2RT 
We hereby assumed that the log (A,,.,, 
relation may be rendered by a straight line 

The ratio between the activation energy for volume 
selfdiffusion and that of grain boundary selfdiffusion 
determined by the authors mentioned above varies 
from 


out to he 0.36 


In our investigation the ratio turns 


The activation energy in the polycrystalline alloy 
with 73.5 at gold is just the same as in polyerystal 


line platinum, which is not astonishing in view of the 


preceding calculation and the fact that the crystal 


size is nearly the same in both alloy and platinum 
(Table 1) 

In Fig. 
effect in the gold—platinum system are summarized 
effect in other 


10 the results concerning the Kirkendall 


together with those concerning the 


systems. For this purpose the values of log (A ,,/\/0) 
of practically all known effects are given as a function 


of the reciprocal temperature It appears from this 


log Am yt 


Cu-AL 
| (O-7% AL) 
_Ni-Ni/W(58% W) 4 


Cu-a@-bross 


Cu-Sn(0-10 %Sn) 


1/T 


Fic. 10. 


Survey of the Kirkendall effect in various systems; 


log (Ay//t) as a function of the 


reciprocal temperature. 


~ 
| 
= 
> 
| Ag-Zn 
Ti-Mo U-Zr 
brass | 
Cu-Ni Ag-Au 
Ag-Pd 
Au-Ni 9 
Ag-Au 
Au-Cu 
Cu-AL 
| 
-6.00 
4 ae 8 10 2 14 6 


€40 ACTA 
figure that the Kirkendall effect in the gold—platinum 
system is about 30,000 times smaller than that in the 
copper—zine system, at least if compared at the same 
temperature (400°C). 
observed Kirkendall effect is expressed in a numerical 


In Part Il the magnitude of an 


quantity based on the ratio between the partial 
diifusion coefficients, thus comparing the marker dis- 
placement with the diffusion amount. 

8) that the 


is proport ional 


It appears from the experiments (Fig. 
phase-boundary displacement A, 
with the square root of the diffusion time. When the 
the 


phase-boundary displacement will be a function of this 


phase-boundary reaction is rate-determining, 


reaction. Assuming the rate of this reaction to be 
independent of the diffusion time, which means that a 
certain amount of the one phase will be transformed 
into the other phase in unit time and at any moment 
of the process, the phase boundary will move propor- 
tionally to the diffusion time. 

When the diffusion is process-determining the phase 
boundary reaction will be a reaction which follows the 
diffusion process. Since the course of this process is 
proportional to the square root of the diffusion time, 
the phase boundary reaction, i.e. the phase boundary 
displacement, will do the same. So we may conclude 
that the diffusion has been rate-determining, although 
this conclusion need not be valid for the beginning of 
the process when the concentration gradient is very 
high. Our accuracy was not sufficient to measure a 


beginning effect. 


t 


Platinum 


Phase boundary 


Porosity 


Fie. 11. Electrolytically polished surface of diffusion 


couple 17. x 54 
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PHENOMENOLOGICAL 
OF THE 


OBSERVATIONS 
INTERDIFFUSION OF GOLD 
AND PLATINUM 

Besides the Kirkendall effect some accompanying 
phenomena can be observed such as porosity, dimen- 


sional changes and structural changes. 


( 1) Porosity 

It appears from very many theoretical and experi- 
mental investigations that the kinetics of the pore 
formation is very complicated. Summarizing these 
investigations one can say that porosity occurs if the 
vacancy concentration lies above the equilibrium value 
and if nuclei are present. Moreover, the pore formation 
is influenced by internal stre 

We succeeded in making the pores visible by a very 
careful electrolytical polishing technique with a con- 
centrated solution of ferric-chloride in concentrated 
hydrochloric acid and a current density of about 
50 mA/em*. In all types of diffusion couples employed 
porosity has been observed. Fig. 11 shows the electro- 
17. 


A mechanically polished surface does not show any 


lytically polished surface of diffusion couple 
porosity as a consequence of the filling-up of the pores 
by the soft gold. The porosity distribution and the 
size of the pores has been especially studied in diffusion 
couple 8. The distribution was determined by turning 
off the couple carefully parallel to the marker interface 
and polishing the surface. From a microphotograph 


(Fig. 12) the percentage of the pores could be measured. 


Twenty-five per cent porosity in an interface 
parallel to the marker interface. 


Vol. 9 
1961 
Fia. 12. 
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MARKER INTERFACE 


T 


3 


% pores 


100 200 300 
x, cmx 10° 


13. 


The porosity distribution in diffusion couple 8 


The distribution of the pores is given in Fig. 13. It 
shows that the porosity is mainly present at the gold 
side of the marker interface. By comparing Fig. 13 
with the concentration penetration curve of the dif- 
fusion couples 24 and 25 (same type, diffusion temper- 
ature and time) it appears that the pores are formed 
the the 
porosity lies in nearly pure gold. For this reason we do 
not think it 
penetration curves for the presence of the pores. 


already in pure gold. Even maximum in 


necessary to correct the concentration 
It appears from Fig. 12 that the pores are bounded 


by crystallographic planes. This has been observed 
earlier by Biickle and Blin®?, in Al-Cu diffusion 
couples and by Barnes" in Cu-Ni couples. The phe- 
nomenon has been explained by Geguzin’* by means 


of the anisotropy of the surface tension. 


Platinum | 


Phase boundary 
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It can be observed from the intersections of the 
pores with the polished surface of the diffusion couple 
that they are of octahedral shape. Their average size 


is about 25 uw. 


(2) Other phe nomena 


Several other phenomena have been observed during 
the interdiffusion of gold and platinum, such as changes 
in lateral dimensions (Fig. 14), glide steps at the 
surface of the diffusion couples (Fig. 15) and poly- 
gonization (Fig. 16). 
dimensions are 


The changes in lateral 


At the gold side of the marker interface the 


very pro- 
nounced. 
lateral dimension decreases, at the platinum side it 
increases. Some experiments with diffusion couples 
heated at 1055°C during 100 hr show that the increase 
is about 60-70 uw and the decrease about 30-40 u 
The occurrence of glide steps makes one suspect that 
internal stresses cause deformation of the crystals in 
the surtace layer of the diffusion couple This defor 
mation results in a gliding along crystal planes 

The polygonization is also a consequence of internal 
stresses. Fig. 16(a)isa microphotograph of an electro- 
lytically polished surtace perpendicular to the direction 
of diffusion lying intermediate between the phase 
l6(b) is an 


The spot 


boundary and the marker interface. Fig 
enlarged von Laue spot of a similar surface 
is split up into parts, a criterion for poly gonization 

It is not known at this present time which precise 
atomic mechanism is responsible for the phenomena 
mentioned above. We believe that the same mecha 
nism is responsible for the porosity formation and for 


the other phenomena 


Markerinterface 


Gold 


Fic. 14. Change of lateral dimensions in diffusion couple | after 360 hr. x 63 


| | | 
| | 

= = 

| 

| 
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4 
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Glide steps at the surface of a couple. 430 
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KIRKENDALL EFFECT AND DIFFUSION IN THE GOLD-PLATINUM SYSTEM _II 
THE CONCENTRATION PENETRATION CURVES AND THE DIFFUSION COEFFICIENTS* 
A. BOLK} 


During the interdiffusion of gold and platinum a phase boundary appears, which can be seen from th« 
concentration penetration curves; these curves are discussed in this part of the paper The overall 
diffusion coefficient has been calculated from the curves according to the graphical method of Matano 
From the observed Kirkendall displacement and the data concerning the concentration gradient and the 
concentration in the marker interface, the partial diffusion coefficients could be calculated. 

From the ratio between the partial diffusion coefficients a quantity has been derived which enables us to 
express the magnitude of an observed Kirkendall effect in a numerical value between | and 0 


EFFET KIRKENDALL ET DIFFUSION DANS LE SYSTEME OR-PLATINE~—II 
DETERMINATION DES COURBES PENETRATION—CONCENTRATION ET DI 
COEFFICIENT DE DIFFUSION 
Lors de linterdiffusion de lor et du platine, il apparait un saut de concentration qui peut étre observe 
sur les courbes concentration penétration; ces courbes sont examinées dans une partie de cet article 
Le coefficient global de diffusion a été caleulé a partir de ces courbes pénétration—concentration et 
suivant la méthode graphique de Matano. A partir de leffet Kirkendall observé et des données relativ: 
au gradient de concentration et la concentration a l interface initial, les coefficients de diffusion partiels 

peuvent étre calculés, 
En partant du rapport entre les coefficients partiels de diffusion, auteur a pu déterminer une valeur 
qui donne l’ordre de grandeur de l’effet Kirkendall observé; cette valeur est comprise entre | et 0 


KIRKENDALL-EFFEKT UND DIFFUSION IM SYSTEM GOLD-PLATIN—II 
DIE KURVEN KONZENTRATION/EINDRINGTIEFE UND DIE 
DIFFUSIONSKOEFFIZIENTEN 

Wahrend der Ineinanderdiffusion von Gold und Platin tritt eine Phasengrenze auf, die in den Kurven 
Konzentration/Eindringtiefe sichtbar wird; diese Kurven werden im ersten Teil der Arbeit diskutiert 
Mit der graphischen Methode von Matano wird aus den Kurven der Gesamt-Diffusionskoeffizient berech 
net. Aus der beobachteten Kirkendall-Verschiebung und den Ergebnissen iiber den Konzentrations 
gradienten und die Konzentration in der Markierungsfliche lieBen sich die partiellen Diffusions 
koeffizienten berechnen., 

Aus dem Verhaltnis der partiellen Diffusionskoeffizienten wird eine GroBe hergeleitet, die die Stark 
eines beobachteten Kirkendall-Effektes durch eine Zahl zwischen | und 0 auszudriicken gestattet 


INTRODUCTION calculated from the equations according to Darken?, 
In the first part of this paper attention has been 
paid to the Kirkendall effect and the accompanying 
phenomena. In this part the concentration penetra- 
tion curves will be discussed. The overall diffusion 
coefficient has been calculated from these curves 
according to the graphical method of Matano®) by From the diffusion coefficients at different tempera- 
means of the equation tures the frequency factors and activation energies 
have been calculated. 
~ l dx Au, 


D rdN,, (1) 
4YaAu dN Au, A. EXPERIMENTAL PART 


the concentration .V,, being expressed in atomic The concentration penetration curves have been 
determined according to the method described by the 


fraction. 

The partial diffusion coefficients D,,, and Dp), for author.“ The diffusion couple, embedded in urea- 
the concentration in the marker interface can be formaldehyde, has been fixed in a specimen holder P, 
which can be screwed into the holder H (Fig. 1) or into 


* This paper contains a part of the author's thesis, Delft, 4 yon Laue back reflection camera. Holder H can be 
1959. 

Leceived May 12, 1960; revised December 14, 1960. 

+ Laboratory for Physical Chemistry, Technical University, to turn off verv thin lavers from the diffusion couple 
Delft, Holland. Now at Philips’ Research Laboratories, ; ; 
Eindhoven, Holland. 
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screwed into the chuck of a lathe, so that it is possible 


In the gold-rich part of the couple these layers are 


ACTA METALLURGICA, 


the neighbourhood of the 
The 


difference 


about 0.005 em thick: in 


phase boundary they are about 0.0005 em. 


thickness of a layer is measured as the 
between the total thickness of specimen plus holder P 
before and after turning off. This thickness is measured 
with a very accurate micrometer. After cleaning the 
specimen a back reflection photograph is taken with 
Cu—K,-radiation with nickel-filter. From the Debye 
Scherrer rings the lattice parameter can be calculated. 
The relation between this quantity and the concen- 
tration has been given by Darling ef al. (Fig. 2). It 
from the the X-ray 
coefficient that the intensity of Cu—A,-radiation falls 


follows value of absorption 


to a ninth of its initial value after penetrating 0.00027 
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Specimen holder. 


em and 0.00025 em in gold and platinum, respectively. 
Thus it is possible to determine the concentration in a 
layer with a thickness of about 0.00013 cm, assuming 
that a reflection with an intensity lower than a ninth 
of that of the reflection from the surface, cannot be 


seen on the photograph. 


B. RESULTS 
The obtained concentrations have been plotted versus 
the readings from the micrometer and the curves were 


drawn. This, however, introduces a very great sub- 


jective inaccuracy, especially in the neighbourhood of 


the two horizontal axis. Because it is easier to draw 


straight lines through a number of points, we have 


din& 


4,05 


40 


weight %o Au 


Lattice parameter in the gold—platinum system (according to Darling‘®), 
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looked for a method to transform the concentration 
N,, into another quantity in such a way, that it 
gives a linear function of the penetration x. Earlier 
da Silva and MehI'® used an equation of the form 


erf u. (4) 


where N,(x < 0) and N,(x > 0) are the initial con- 
centrations of the two halves of the diffusion couple. 
Plotting wu as a function of 2 enabled them to draw 
straight lines through the points with a great accuracy 
the concentration penetration 


and to “normalize” 


curves by retransforming u into NV again by means of 


equation (4). 

For concentration independent diffusion coefficients 
the u—a-curves pass through the origin, so giving the 
relation wu = 2/\/(4Dt), which can be derived directly 
from the second law of Fick. From this relation the 
diffusion coefficient can be calculated. 

Equation (4) can also be used to calculate a con- 
centration dependent diffusion coefficient from the 
obtained straight lines.* In this case the straight lines 
do not pass through the origin. 

If a phase boundary (i.e. concentration jump) 
appears during the diffusion, as a consequence of a 
limited miscibility in the solid state, two equations 
must be used, one for each homogeneous phase: 


(x-phase) 


x 
erf 
\ (4D.1) 
x 
rf 
(4D,1) 


(P-phase) 


diffusion 


If the 


coefficients are concentration independent, they can be 


where 56, and B, are constants. 


7) 


calculated from these equations.' 
The equation for the /-phase has been applied to 
the gold-rich region of the concentration penetration 
curve of a couple consisting of pure gold and pure 
platinum. £, could be calculated from the concen- 
tration in the provisional Matano interface where the 
penetration is zero. It appears from this calculation 
that the diffusion coefficient increases with increasing 
gold concentration. So this equation could not be 
used for our calculations. 
Transforming .V,, by means of an equation 
identical to the equation for the P-phase and written 
as 
erf u| 


N,.=N BI 


Au, 


gives a non-linear relation between u and x. So it is 


* This method has been proposed by L. D. Hatt, J. Chem. 


Phys. 21, 87 (1953). 
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even impossible to “‘normalize’’ the concentration 
penetration curves in this way. 


As a 


normalized’ the concentration penetration curves by 


purely mathematical procedure, we have 


transforming .V,,, into uw by means of equation (4). The 


u 


obtained values of u have been plotted versus x, thus 


obtaining curves like Fig. 3. The straight-line sections 


could be drawn much easier, so that a better NV ™ x 


curve is obtained by re-transforming u from a point on 
the straight line into the corresponding value of N,. 
in the normal .V,,, x diagram according to equation 


(4). The 


given in Fig. 4 


‘““normalized”’ curves of some couples are 
After 


Matano interface could be determined definitely by 


‘normalizing’ the curves the 


graphical integration according to Matano. For the 
phase boundary concentrations the equilibrium values 
given by the phase diagram have been used 

It appears that the u—x curves from couples con 
series ILI, 
A/L1/A in Part 1) pass through the origin, so that we 


sisting of pure gold and the gold-rich alloy 


can conclude that the diffusion coefticient is concen- 
It can be 
ry (4 Dt) 


This result deviates from that obtained for the same 


tration independent calculated by means 


of the relation u 


concentration region of couples consisting of pure 
gold and pure platinum by the method discussed above 
A possible explanation of this divergence is suggested 
in the discussion 

For the couples consisting of pure gold and pure 
platinum (series I, A/PG/A, and series I], A/PO/A, in 
Part I) the w—x curves consist of two straight-line 
The curves do not pass through the origin, 


the diffusion 


sections. 
so that 
dependent 
the method of Matano 


coefficients are concentration 
They have been calculated by means of 
The value dx/dN,,, could be 


found from equation (4) by differentiation with 


respect to x, giving 
dx exp (u*), 
h 


considering the meaning of 


hx and erf u exp 747) dx 


\ 7 0 
where / is the slope of the straight line and k& a con 
stant. 

The differences between the values calculated from 
and those obtained from 


equation (5) graphical 


determination of the slope of the V,,. — x curves vary 


from 20 per cent to 20 per cent as a consequence 
of the inaccuracy of the last method. The value of the 
integral in equation (1) has been measured graphically 
the 


curves. 


from “normalized” concentration penetration 


N N 
Ny—™ 
ol. 9 
961 
N =, + 
N = N, — B,|1 
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3. The u—x diagram. 
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. Some concentration penetration curves. 
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The diffusion coefficient according to Matano in the 
diffusion couples of series III 


TABLE l. 


D (em?/seec) 
4.59 10 10 
9 4° 10 10 
1.48 
5.48 


L055 
1020 
970 


926 


The values of the diffusion coefficients calculated 
for the couples belonging to series III are given in 
Table 1. 

As an example of the dependence on concentration 
the values of the calculated diffusion coefticients in 


the couples 7! and 7! 


(the two separate diffusion 
zones from sandwich-couple 7) of series | and in the 
couples 18 and 19 of series Il are given in Fig. 5 as a 
function of the gold concentration. The diffusion 
coefficients in the platinum-rich phase of the couples of 
the series I and II have been taken constant in view of 


the inaccuracy of this region; they are given in Table 2. 


By means of the relations 


D D, exp (—Q/RT) (6) 


the activation energy @ and the constant D), have been 
deduced. In Fig. 6 some values of log ) in the couples 


of the three series are given as a function of the 


reciprocal temperature, together with the results of 


Jost'®). From the slope of the log D 1/7 curve the 


cm ec 


IO20°C 
o 
e and |9 


O8 


The diffusion coefficient according to Matano 
1020°C, 


Fic. 5. 
as a function of the concentration at 
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The diffusion coefficient according to Matano in the 


of the 


TABLE 2. 


platinum-rich phase couples of series I and II 


D (em? 


(A/PG/A 


D cm*/sec) 
series | series IT (A/PO/A 


activation energy Y can be calculated; the value log 


D,, can be read off from the log D-axis. The relation 


between D and 7' for the couples of series III] is given 
by 
16, 500/ RT 


dD 2 OD LO “exp 


with a standard deviation o> 0.O8D 


For the series | and II the values of @ and D, are 
given as a function of the gold concentration Vy, in 


Table 3 


Fic, 6. Log D as a function of the re ciproca 
temperature, 


1055 
1020 
936 9.2 10 1.3 1Q-12 
ol. 9 
961 
| | f 
| 
a5 | | 
| Lie | 
| Wie: 
| 
25 | 
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TABLE 3. The calculated activation energies and factors for the series I and IT 


Series I (A/PG/A) Series II (A/PO/A) 


D, (em?/sec) Q (keal mol) lL), (em?/sec) Q (keal/mol) 
0.10° $9.8 0.62 54.6 
50.1 00 56.0 
0.107 50. 55.4 
5O.: 5 
0.10% 50.4 
0.104 50. 

0.099 50. 
0.093 
0.093 
80 0.092 50.6 
0.02—0.08 10-6 30.6 


TABLE 4. The partial diffusion coefficients D4, and Dp; 


Dau 109 Dp [gle Dau 


(em?/sec) (cm/sec) 


_ — ‘ “nh TABLE 5. The gold concentrations in the marker interfaces 
The standard deviations in the values of D are go em erfac 


0.08D and 0.04D for the series I and II, respectively. Series Nau 


The partial diffusion coefficients D,,, and were 0.952 + 0.004 
calculated according to the method of Darken Il(A/PO/A) 0.949 + 0.002 
‘ L 0.967 0.002 
|equations (2) and (3)]|. The marker velocity v could be IYT(A/J.1/A) — — 
calculated from the marker displacement A ,, by means 
of > nm 

1A equation (6) and are tabulated in Table 6. Log D,,, and 

( 
M ; log Dp, have been plotted versus the reciprocal tem- 
dt 2t rature in Fi 7 and 8 tther with the res 
perature in Figs. ¢ and 5 together with the results of 
recent selfdiffusion experiments in gold and platinum. 
The values of D,, and D,, are given in Table 4 s 
- we ny The values of D»p of the three series have been used 
together with the ratio Dp- 


together to calculate Yp, and Dop,, while they are 
lhe concentrations in the marker interfaces are put ~ Dan, walle they exe net 


cain tes atta of such accuracy to justify a single calculation for 
ogetner able o. 


a very series. 
[he standard deviations in the calculated diffusion 


Activation energies can also be calculated from the 


magnitude of the Matano-area S,,,* and the phase 


Series | 0.05 D 4, boundary displacement A,,. Analogous to the marker 


Series I] op 0.07D,,, 

a * The Matano-area has been defined by 

Series III 0.01LD 

Au aN we aN 

Smt | xdN | xdN 


Series | + + IT] on 0.14Dp,. 
Pt 
where Nyt the concentration in the Matano interface 
(x 0). N, and NN, are the initial concentrations of the two 
quency factors Dy,,, and Dop, were calculated from halves of the diffusion couple. 


The activation energies Q,,, and Q», and the fre- 


648 eee 
Dpt 
I 1055 6.97 1.5! 16 
1020 5.15 1.15 15 19 4 
970 2.43 0.54 15 Vol. 
926 iL 0.19 60 1961 
[I 1055 6.17 36 
1020 3.37 1.07 31 46 11 
970 1.8° 77 
926 0.76 0.19 10) 
1055 9.02 1.38 65 
1020 5.6? 0.73 77 
970 2.75 0.45 61 74 7 
926 1.38 0.14 94 


BOLK: KIRKENDALL 


TABLE 6, The activation energies and frequency factors 
calculated from the partial diffusion coefficients together 
with those from recent self-diffusion experiments 


Author Do Q(keal/mol) 
(cm*/sec) 
0.265 
0.031 
0.14 
0.087 


45.3 
39.4 
$2.9 
4 1.65 


Gatos and Kurtz'™ 
Okkerse'!8 

Mead and Birchenall''4 
Makin'‘?®? 

This investigation: 
A/PG/A; Nay 0.952 
A/PO/A; Nau 0.949 
A/LI/A; Nau 0.967 


0.21 
0.32 
0.32 


45.0 
47.0 


Kidson and Ross‘!* 
This investigation: 
Nau 0.956 


0.33 


0.09 


displacement (see Part I) the Matano-area and the 


phase boundary displacement can be expressed as: 


Sw K t exp (—Q y,,/2RT) 


An» = exp (—Q »/2R7). 


Log Sy,,/\/t and log App \/t are plotted versus the 
Fig. 9. The 


tabulated in 


reciprocal temperature in values of 
Q Vt> Q Table 7 


together with the other activation energies and factors. 


pb Ay, and Ay, are 


The values of x D,,,/ Dp, are not highly accurate. 


More reliable values can be obtained in the following 


T 
| Gatos and KurtzCi954) 
2 Okkerse (i956) 

3Mead and Birchenal 
4Makin cs. C1957) 

5 Alf 
this AIPOIA 


n t a | 


1957) 


- 9,25 


750 8,00 825 8,50 


Fic. 7. Log Day as a function of the reciprocal tem- 
perature, together with data of recent selfdiffusion 
experiments. 


EFFECT II] 


way. Equation (2) can be written as 


ON Au 


2t(D,,, (2a) 


A 
Ox 


Che tans 


through a unit of area, with regard to the marker 


massflow per unit of time and 


passing 


interface can be expressed by the first law of Fick 


» will have been diffused 


V dD 


Au 


dt S) 
Oa 


Assuming the concentration gradient to be dependent 


on I/,\/¢t equation (8) becomes 


2t D,,,| 


M ay 
For M,, we get in the same way 


dN 


and 


My, = 2tDp,| 


10) 


Substitution of equations (9 10) into equation 
(2a) gives 


Ay = —My, 


or in absolute quantities 


| 
800 


8. 
ture, together with data of recent selfdiffusion experi 


Log Dp; as a function of the reciprocal tempera 


ments 
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Au 
. 
, = 
3.0 Ox 
45.6 0.7 During the time ( the 
54 7 
au) 9) 
da 
ol. 9 
961 
A M Mp, 11) 
V 4 
1O yl D+ | | | 
| 
| | | RIGSON Gnd 
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\ 
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80 85 
!/T 104 
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According to equation (11) it is possible to express 
the marker displacement in terms of the total mass 
diffused through the marker interface. Assuming n to 
the 


range, equation (11) can be written as 


be constant within investigated temperature 


(12) 


Ay =| 


This expression enables us to calculate values for 7 
from the observed values of A,, and M,,,. The results 
are given in Table 8 together with the values calculated 
from the diffusion coefficients. It appears that the 
ratio calculated from equation (12) is more accurate 


than the value calculated directly. 


Cc. DISCUSSION 


(a) The concentration pe netration curves 


the concentration penetration 


curves that a phase boundary, i.e. concentration jump, 


It appears from 


TABLE 7. 


log App/Vt 
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80 85 


104 


Log Sy,/4/t and log Ap»//¢ as a function of the reciprocal temperature. 


comes into existence in accordance with the phase 
diagram. Jedele did not observe a phase boundary, 
in our opinion as a consequence of his experimental 
He determined the 


by sectioning 


concentration 
the 
diffusion couple and measuring the gold content in the 
The thickness of the 


technique. pene- 


tration curve gold—platinum 
layers by chemical analysis. 
layers was about 25-55 uw with a total width of the 
diffusion zone of about 350 yw. It is most likely that a 
part of the gold-rich and the platinum-rich phase were 
both present in one layer. The overall concentration 
in this layer was situated within the miscibility gap, 
which induced Jedele to conclude that the diffusion 
had not been influenced by the two-phase region. 
Consequently this author draws the concentration 
penetration curve as a continuous line. Thomas and 
Birchenall”® pointed out the fundamental discrepancy 
between this continuous concentration penetration 
curve and the phase diagram. 

We the gold concentration by 


have determined 


Activation energies and factors calculated from several temperature 


dependent quantities 


Series | 


(A/PG/A) 


50.4 
(Nay 
$5.5 
(keal/mol) 50.6 
(keal/mol) 51 
0.10% 
(Nay 
0.205 
0.079 
0.083 


(keal mol) 


(keal/mol) 
Cut 


D, (cm*/sec) 


K (cm/sec 
K (cm/sec 
Kp» (em/see 


TABLE 8, The ratio n 

Series Nau ] 
I(A/PG/A) 
II(A/PO/A) 


0.9783 
0.9741 
0.9860 


0.952 
0.949 
0.967 


(1/n) 


Series II] 


(A/L1/A) 


Series II 


(A/PO/A) 


45.6 
45.1 


0.020° 


0.20" 


0.016 


D4u/Dpt calculated from equation (12) 


n from Table 4 
0.0011 
0.00L0 
0.0009 


650 
logs /VE 
ie 
75 
Vol. 
1961 
Q 5.2 55.2 + 2.6 16.5 + 5.3 
0.9) (Nau 0.9) 
2.3 51.0 i: 1.6 
4.0 54.2 3.3 5.5 
7 54.0 2.0 
0.60 
0.9) (Nau 0.9) 
0.524 
0.14 
O.15 
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means of X-rays in very thin layers of about 1 yw. 
This makes it possible to localize the phase boundary 
very accurately, especially when very thin layers have 
been turned off. 

A second advantage of this technique is the fact 
that the concentration difference is very low over the 
thickness of a layer. 

The Matano interface indicating the plane through 
which an equal number of gold and platinum atoms 
have been displaced, has moved with regard to the 


undiffused ends of the diffusion couple as a consequence 


of changes in lattice parameter. In fixing the place of 


the Matano interface by the graphical method 


xdN 0 


JN, 


this physical significance has been lost. It is necessary 


to consider the difference between the two positions of 


the Matano interface, determined by the physical and 
graphical method. By means of the lattice parameters 
of gold and platinum and assuming that the system 
follows Végard’s law (see Fig. 2), it is possible to 
Matano area. 
10-3 


calculate this difference for a certain 
For the couples 12 and 13 this area is 3.025 
em?/em?. By replacing this volume of platinum by an 
equal number of gold atoms, the volume increases to 
3.143 The 1.2 x 10* 
cm?/cm?, corresponds to a displacement of the Matano 


10-3 em?/em?. difference, 


interface over 1.2 uw. This displacement can be neg- 
lected compared to the accuracy of the penetration 
measurement (about 3 4). So it is not necessary to 
replace the penetration in centimeters by that in 
number of atomic distances as has been done earlier by 
da Silva and Mehl‘®), 


(b) The diffusion coefficients according to 
Matano and Darken 

Considering the diffusion coefficients as given in 
Tables 1 and 3, we conclude to a defective agreement 
between the results of the three series of couples. 
The diffusion coefficients are concentration independ- 


ent for the diffusion couples of series 11, concentration 


dependent, however, for the couples of the series I and 


Il. This cannot be a consequence of the existence ofa 
phase boundary, since the phase-boundary displace- 
ment is proportional to the square root of the diffusion 
time (see Part I, We believe that the 


discrepancy is due to the behaviour of the gold-rich 


discussion), 


alloys, which contained many little pores, formed dur- 

ing the homogenizing of the slowly cooled alloys. 
Comparison of the values of the diffusion coeftic- 

ients for couples of the series I and II indicates that 


KIRKENDALL EFF 


ECT II 651 
the diffusion is faster in rolled polycrystalline platinum 
In Part 


with a similar difference with regard to the marker 


than in not-rolled platinum I we have met 
displacement. We have interpreted that difference as 
a consequence of an extra diffusion transport along the 
An 
indication for the correctness of this interpretation 
the diffusion 


crystal boundaries in polycrystalline platinum 
lies in the fact mentioned above that 
coefficients for the diffusion in the platinum-rich phase 
(see Tables 2 and 3 and Fig. 6c—d) for the couples of 
series I (gold/rolled platinum) are higher than those 
for the couples of series Il (gold/not-rolled platinum) 

It is interesting to compare our results with those of 
Jost’) and Jedele ), 
Matano™., In Fig 
are plotted as a function of the gold concentration for a 
In the 


technique and interpretation of Jedele there exists a 


which have been corrected by 


10 the various diffusion coefficients 
temperature ot 900°C spite ot incorrect 
rather good agreement in the gold-rich part of the 
diagram. 

The partial diffusion coefficient of gold D,,, in a 
95 at.°,, gold is 


with about 


the selfdiffusion 


gold—platinum alloy 


somewhat lower than coefficient of 


gold as obtained by Gatos and Kurtz"?), Okkerse™®), 
Mead and Birchenall and Makin 


and Table 6). 


see Fig. 7 
The activation energies are somewhat 
higher. 

The partial diffusion coefficient of platinum D»,, 
®, gold, is about 100 


ina 
gold-rich alloy with about 95 at 
times higher than the selfdiffusion coefficient of pure 


(16) 


platinum as obtained by Kidson and Ross 


D.1O 


cm/sec 
this 


investigation 


r 


Matano-Jedele Au-PtCi933) +— 
Jost ¢€1933) | 


0,75 


Nay 


diffusion coefficient according to Matano 


“iG. 10. The 
as a function of the 
with data from the 


concentration at compared 


literature, 


| 
|_| 
ol. 9 
AIPGIA | 
A|POIA 
0,75 
| 
T = - 
| 
| | | 
| 
025 
5 | 
0 | 
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(c) Comparison of the Kirkendall effect in the 
gold—platinum system with that in other systems 

In the discussion of Part [7 we have compared the 
Kirkendall effect in the gold—platinum system with 
that in other systems by plotting values of log A ,,/4/t 
versus the reciprocal temperature. So we can see from 
Fig. 10, Part I, that the Kirkendall effect in the copper 
zine system is about 30,000 times larger than in the 
gold—platinum system at the same temperature and in 
the same diffusion time. It is incorrect to conclude 
from this fact that the Kirkendall effect in the copper 
zinc system is very pronounced and in the gold 
platinum very small. It is much more correct to 
compare an observed Kirkendall effect with the total 
amount diffused. 

By means of the factor (1 1/n) from equation (13) 
we can express the magnitude of an observed Kirken- 
dall effect in a 
partial diffusion coefficients) the factor is 0, 


numerical value. For n 1 (equal 
the 
smallest Kirkendall effect we ever can observe. For 
n © (one of the partial diffusion coefficients is 0) 
the factor will be 1, the maximum possible Kirkendall 
effect. The 
values obtained from our investigation are given in 


Table 9, 


All other values lie between O and 1. 


together with some other values for other 


systems calculated from the observed diffusion 


coefficients. 


According to this way of comparison 


with other systems the Kirkendall effect in the gold 


TABLE 9. Comparison of the Kirkendall effect in 


several systems 
System Author 
O.565 
0.979 
0.445 
0.615 
O.91L7 
0.978 
O.974 
0.986 


Darken" 

Heumann and Kottmann'!? 
Heumann and Kottmann'!? 
Heumann and Kottmann'!? 
Adda and Philibert!’ 

This investigation 

This investigation 


Cu-—a-brass 

Cu-—Zn 
Al-Mg 
\g-Au 
U-Zr 
Au—Pt(A 
Au—Pt(A 
Au—Pt(A 


This investigation 
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effect 
observed till now, in contradistinction to the way of 


platinum system proves to be the largest 


comparison stated in Part I. 
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A STUDY OF THE RECRYSTALLIZATION AND GRAIN GROWTH OF COLD 
ROLLED AND ANNEALED TITANIUM-10°, MOLYBDENUM ALLOY* 
T. H. SCHOFIELD and A. E. BACON?+ 


The distribution of dislocations in a titanium—10° 


o molybdenum alloy after cold deformation and 
annealing has been studied using a decoration technique to reveal the dislocation sites. The techniqu 
has been previously described‘*) and depends on heating the alloy in the / phase field followed by cooling 
at a fairly critical rate. 

Specimens have been deformed at various degrees of strain by cold rolling between 4 and 80 per cent 
reduction and subsequently reheated for increasing periods in the / phase field followed by cooling at 
the critical rate. 

In lightly deformed material recrystallization begins at the comparatively few points of high strain 
that occur at the intersection of deformation bands. At the same time sub-grains are formed in the lesser 
strained regions; the size of the sub-grains also seems to depend on the degree of strain and is smallet 
for higher strains. The new crystals grow preferentially along the deformation bands but also gradually 
absorb the surrounding sub-grains; islands of sub-grains may remain however even after prolonged 
annealing if the initial strain is slight. As growth proceeds dislocations appear to segregate into closely 
spaced arrays at some of the advancing boundaries. 

After high degrees of deformation and very short heating periods the microstructure shows a partly 
ordered network (mesh size ~ 0.3) that probably indicates the recovery stage. Further slight heating 
results in the nucleation of numerous new crystals scattered at many points The new crystals grov 
rapidly and consume the surrounding network and the remaining dislocations are again : 


in arrays at the boundaries. 


Continued heating results in further growth and it appears that during this process som«e 


are removed by interaction of the arrays at intersecting boundaries. Even after prolon 


however some arrays remain. 


LA RECRISTALLISATION ET CROISSANCE DU GRAIN 
rITANE-10®% MOLYBDENE LAMINE A FROID ET RECUIT1 

Les auteurs ont étudié la distribution des dislocations dans un alliage titane—molybdéne a 10 ck 
molybdéne, aprés déformation a froid et recuit, & Vaide d'une technique de décoration révélant Pemplace 
ment des dislocations. Cette technique a été décrite précédemment (5) et consiste a chauffer lalliage 
dans le domaine f et a le refroidir ensuite a une vitesse critique 

Les échantillons ont été déformés par laminage a froid, les taux de réduction s’étage: 
et ont ensuite subi des chauffages de différentes durées dans le domaine ff, suivis d’un 
a vitesse critique, 

Quand lalliage a été légérement déformé, la recristallisation commence en quelques points, Compara 
tivement peu nombreux, et ayant subi une déformation élevée a intersection des bandes de déformation 
Simultanément, des sous-grains se forment dans les régions moins déformées; la dimension de 
grains semble dépendre du degré de déformation et est plus faible pour les déformations élevées. Les 
nouveaux cristaux croissent préférentiellement le long des bandes de déformations, mais absorbe 
aussi graduellement les sous-grains qui les environment; cependant, des ilots de sous-grains pr 
subsister méme aprés un recuit prolongé si la déformation initiale est faible. Quand la croissance 
grains se poursuit, les dislocations semblent se grouper dans des zones peu espacées, & certaines frontier 
de grains en cours de progression. 

Pour les fortes déformations et pour de tres courtes pe riodes de recuit. la microstructure montre un 
dessin réticulaire partiellement ordonné (d’une dimension de mailles de ordre de 0.3 4) qui correspond 
probablement au stade de la restauration. Un léger chauffage ultérieur a pour c quence la nucléation 
dun grand nombre de nouveaux grains dispersés en de nombreux points 

Les nouveaux cristaux croissent rapidement et absorbent le réseau qui les eny 
restantes se groupent en zones avec frontieéres des grains 

Quand on poursuit le chauffage, on constate une nouvelle croissance et il semble que pendant 
processus certaines dislocations s’éliminent par interaction quand les zones ot elles sont groupeées en 
frontieres de grains se rencontrent, Cependant, certaines de ces zones subsistent ¢ re 1 chaullage 


prolonge. 


EINE UNTERSUCHUNG DER REKRISTALLISATION UND DES KORNWACHSTUMS 
BEL EINER GEWALZTEN UND GEGLUHTEN LEGIERUNG AUS TITAN MII 
10°, MOLYBDAN 


Die Verteilung von Versetzungen in einer Legierung aus Titan mit 10°, Molybdan wurde mit Hilfe 
einer Dekorationsmethode, welche die Lagen der Versetzungen aufzeigt, nach Kaltverformung und 
nach Gliihungen untersucht. Die Methode wurde schon friiher beschrieben und hangt ab von einer 
Gliihung der Probe im Gebiet der f-Phase, nach welcher mit einer ziemlich kritischen Geschwindigkeit 
abgekiihlt werden muB. 

Die Proben wurden um verschiedene Betrage zwischen 4°, und 80°, kalt gewalzt und darauf ver 


schiedene Zeiten im Gebiet der f-Phase gegliiht und mit der kritischen Geschwindigkeit abgekihlt 


* Received April 6, 1960. 
+ The National Physical Laboratory, Teddington, Middlesex. 
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Im schwach verformten Material beginnt die 


hoher Verformung, die an den Schnittstellen von 


Deformationsbandern auftritt. 
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{ekristallisation an verhaltnismaBig wenig Punkten mit 


Gleichzeitig bilden 


sich in den sechwacher verformten Gebieten Subkérner; die Gr6Be der Subk6érner scheint von dem 


Verformungsgrad abzuhangen und ist 
vorzugsweise 
Subkoérner; 


anfangliche Verformung gering war. 


kleiner bei héherer Verformung. 
entlang den Deformationsbandern und 


Die Neuen Kristalle wachsen 
sie absorbieren auch allmahlich die umgebenden 


jedoch selbst nach langerem Gliihen kénnen Inseln von Subk6érnern zuriickbleiben, wenn die 


Beim Fortschreiten des Wachstums ordnen sich die Versetzungen 


anscheinend mit engen Zwischenraiumen an einigen vorriickenden Korngrenzen an. 


Nach hohen Verformungsgraden und 


sehr kurzen Glihzeiten 


zeigt das Mikrogefiige ein teilweise 


geordnetes Netzwerk (MaschengréBe ~ 0,3 MM), welches wahrscheinlich die Erholungsstufe wiedergibt. 


Bei weiterem leichten Erhitzen entstehen an vielen 


Kristallen. 


Punkten verstreut Keime von zahlreichen neuen 


Die neuen Kristalle wachsen schnell und zehren das umgebende Netzwerk auf; die iibrigblei- 


benden Versetzungen werden wieder in Anordnungen an den Korngrenzen iiberfiihrt. 


Weiteres 


Glithen fiihrt zu weiterem Wachstum und wahrend dieses Vorgangs werden offenbar einige 


Versetzungen entfernt durch die Wechselwirkung von Anordnungen an Schnittstellen von Korngrenzen. 


Jedoch bleiben auch nach langerem Gliihen einige Anordnungen iibrig. 


INTRODUCTION 
Although much has been written about the phe- 
nomena that occur on annealing cold deformed metals 
the detailed still 
understood. In the past these phe- 


and alloys' mechanisms are 
incompletely 
nomena have been investigated by means of the light 
X-ray the 


changes in physical and 
last 


microscope, by examination and by 
certain 


the 


measurement of 


mechanical properties. During decade 


however dislocation theory has become _ firmly 


established and naturally forms a premise on which 
the detailed mechanisms of these processes might be 
better understood. The discovery that dislocation 
sites in certain titanium alloys, in particular titanium 
containing 10 per cent molybdenum, are decorated 


under certain rates of cooling from the / phase field 


suggested a convenient technique for the study of 


these phenomena and has been used entirely in this 
investigation. 

A cold deformed metal on annealing passes through 
many stages before it becomes a single crystal. It has 
been customary to divide these stages, although they 
are not necessarily distinct, into three: recovery, 
recrystallization and grain growth. 
first 


Recovery is the 


change that occurs in certain physical and 
mechanical properties of a deformed metal on anneal- 
ing. It was formerly considered that no structural 
change was discernible microscopically or by X-rays 
but the improvement in techniques has made this 
simple definition incomplete.‘® The rate of recovery 
decreases as the process proceeds and there appears to 
be no incubation period. It seems that recovery may 


be regarded as a readjustment of the dislocation 


arrangement without the formation of stable nuclei of 


new crystals. 
According to Cahn primary recrystallization is the 


mechanism by which the disturbance remaining in the 


crystal lattice after recovery is ‘‘almost completely” 


The involves the 


nuclei and their growth and is subject to an incubation 


removed. process 


formation of 


period. The process can be described in terms of a 
frequency of nucleation and a linear rate of growth.) 
The mechanism of the formation of nuclei is not yet 
clear although concepts on the critical size of stable 
nuclei and suggestions about their formation have 
been 

When a metal has completely recrystallized a few 
grains may absorb their neighbours and become much 
larger than the average. This phenomenon is known 
as secondary recrystallization. Various suggestions 
have been made to explain this but none of these 


appear to have been proved. 


EXPERIMENTAL PROCEDURE 

The alloys were prepared in a tungsten are furnace 
from high quality titanium sponge and high purity 
molybdenum powder. A sample of the sponge had 
the following percentage analysis, Fe 0.01, Si < 0.01, 
Mg 0.003, Mn 0.003, Al 0.02, Sn 0.005, Ca 0.01, 
Ni < 0.01, Cu < 0.001, V < 0.025, Zr < 0.01, Pb 
0.002, O, 0.05, N, 0.01, H, 0.004. The hardness 
of a 120 DPH. 
The molybdenum powder contained Si 0.017, Fe 0.003, 
Al 0.002. 


sample of remelted sponge was 
Most of the work was carried out on hot 
rolled strip but the first experiments were carried out 
on a “button” after homogenizing at 1100°C. 

The strip was prepared by hot rolling a small ingot 
(3 in. by 3 in. by 2 in.) made by melting together in a 
rectangular mould five buttons, each about 70g in 
weight, of the 10°, alloy. The ingot was reduced by 
several passes in a longitudinal direction to a thickness 
of } in. The strip was finally heated for } hr at 950°C 
(P phase field) and water quenched. 

Small specimens of the strip were cold rolled in 
amounts between 4 and 80 cent 


increasing per 


reduction and annealed at 820° or 850°C (f phase 
field) for periods between 0.5 see and 10} days fol- 
lowed by rapid cooling. For annealing periods of more 
than 1 min the specimens were enclosed in evacuated 


and sealed silica tubes. At the end of the annealing 
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period the tubes were broken and the specimens were 
allowed to cool on a metal plate. It was found that 
this rate of cooling was sufficient to result in decora- 
tion of the dislocation sites and thus reveal the move- 
ment of the dislocations at successive stages of the 
annealing period. 


On water quenching the alloy from the / phase 


field, the f phase is mostly retained although traces of 


martensitic « and the m phase are present. It seems 
probable that on cooling at somewhat slower rates 
than water quenching decoration of the dislocations 
results from the partial breakdown of the solid 
solution, fp — wm —> a. No difference in the amount of 
decoration appeared to occur in alloys made from 
iodide titanium (DPH ~80) as compared with the 
normal high purity sponge titanium. 

For annealing periods of less than | min the 
specimen (~10 mm long, 6 mm wide) was attached to 
a fine molybdenum wire and immersed in a bath of tin 
at 820°C for the requisite period and allowed to cool in 
air. It is probable that some of the specimens, 
particularly those with less reduction, did not reach 
the bath temperature during short immersion times; 
appear to be an important 


however this does not 


consideration in this study. 


EXPERIMENTAL RESULTS 


The process of recrystallization and grain growth 


homogenized at 1100°C but not 


worked, 
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ALLOY 


on annealing the alloy after low (3.7 per cent), 


intermediate (20 per cent) and high (SO per cent) 


degrees of reduction will be described and_ illus 


trated. 


reduced 3 ner cent 


Button” / 
The first experiments were carried out on material 
button” that had not previously 
Figs. | 


homogenized 


cut from a melted 


been hot worked and 2 show the micro 


structures in the condition and after 


3.7 per cent reduction by cold rolling respectively. In 


the 


condition the microstructure shows 


defined 


initial 


numerous well sub-grains with intervening 


arrays of that decorate the 


After 


also shows faint deformation 


lines and regular pits 


dislocation — sites deformation the micro 


structure is similar but 
bands 

Figures 3—6 illustrate the beginning of recrystalliza 
tion and the progression of grain growth of a particulan 
continued annealing at 850°C In this 


area 


example, recrystallization has begun at the inter 


section of broad deformation bands Fig > pre sum 
ably where the strain energy is greatest and growth 
has continued at a faster rate along the bands than in 


other directions (Fig. 4 
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Reduced 3.7 per cent. Heated for 5 min at “1G. 4. Same field as Fig. 3 after heating for further 
850°C, cooled on metal plate. 70 


period of 25 min at 850°C, 75 


Same field as Fig. 4 after heating for further “1c. 6. Same field as Fig. 5 after heating for further 


period of 125 min at 850°C, 15 period of 625 min at 850°C, 75 


656 ACTA METALLU Hi VOL. 9, 1961 

} 
~ 
5 


SCHOFIELD anv BACON: 

If the material is cooled at a slower rate so as to 
result in well defined sub-grain boundaries, the sub- 
grains in an area that has not recrystallized are finer 
in the deformation bands than in the surrrounding 
matrix (Fig. 7). Thus the sub-grain size seems to 
depend on the amount of deformation; this result 
might be expected since a greater number of disloca- 
tions have to be accommodated in the more highly 
deformed regions. 

The 


consists 


matrix surrounding the growing crystals 


of sub-grains and clusters of dislocations 


which appear to be “‘absorbed”’ in the paths of the 


growing crystals. Many of the boundaries of the 


growing crystals are thick. This type of boundary 


appears to be an important feature in the recrystalli- 


zation and grain growth and is discussed in some detail 


later. 


Strip reduced 20 per cent 


After a reduction of 20 per cent the microstructure 


consists of martensite bands, resulting from the 


transformation of metastable / phase by the defor- 
mation, which may show a preferred directionality 
within individual grains (Fig. 8). After 3 sec heating 
at 820°C recrystallization has begun at many centres 
but mainly in the broader martensitic bands (Fig. 9). 


Many of the boundaries of the new crystals appear as 


teduced 3.7 per cent. Heated at 850°C for 
180 min, quenched in silica tube. 150 
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thick lines but some of these lines also appear to lie 
within the new crystals (Fig. 10) 

After 1 min considerable grain growth has occurred 
and thick boundaries and lines within the grains are 
common; the deformation bands have disappeared 
and no signs of directionality of the grains remain but 


11). After 25 


min heating these sub-grains have been absorbed by 


a few areas of sub-grains persist (Fig 


the growing crystals. But, even after much longer 
annealing periods clusters of dislocations appear to be 
“trapped” between adjacent growing grains (Fig. 12 
It is believed that this and similar arrangements of 
dislocations represent one of the possible stages in the 
formation of a thick boundary 
It has been that 


reduction by rolling) the greater is the tendency fol 


observed the less the strain 


islands of sub-grains to remain even after prolonged 
annealing although the sub-grains themselves increase 
in size. The indications are that a fairly critical degree 
of local strain 1s necessary before recry stallization Cal 
strained consisting of 


begin and that less regions 


islands of sub-grains are gradually absorbed by 
surrounding new crystals 

As heating is continued the grain size increases and 
the boundaries tend to become less curved Fig. 13 
shows the microstructure after 10} hr heating; some 


thick boundaries are still present 


| 
aia ; rr Fic, 8. Strip reduced 20 per cent 150 
| 
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. Strip reduced 20 per cent. Heated 60 see at Fie. 12. ‘Button’? reduced 15 per cent. Heated 110 
820°C. 150 min at 850°C, 1500 
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Heated 625 min at 


Fic. 13. Strip reduced 20 per cent. 


820°C. 150 


Strip reduced 80 per cent 

After a reduction of 80 per cent the microstructure 
is typical of highly worked material and apparently 
14). 
the 


consists of elongated deformation bands (Fig. 
Heat treatment at 750°C for 
formation of a partly ordered network consisting of 


12 sec results in 


short lines and pits (Fig. 15). The mesh size of the 
network is ~0.3 4 that is of the same order as 
observed in the transmission electron microscopy of 
thin films of iron’) and nickel.” Similar arrays of 


lines and pits have also been observed in ‘‘as melted”’ 


specimens rapidly cooled from the p phase field, 


although in these examples the lines were much less 
prominently marked.“ It is believed that the network 
represents the dislocation pattern decorated by the 
x phase and that the pits that form at the inter- 
section of two or more lines represent nodal points. 
This grouping of the dislocations probably indicates 
the first stage of recovery. 

16-20 after 


Recrystallizat ion 


the microstructures 


at 820°C. 


Figures show 


heating for about }—2 see 
begins first at a few sites in the matrix but the number 
of new sites increases rapidly with time of heating. 
This indicates that although many potential sites for 
nucleation exist some are more favourable than others. 
However even after heating for about } sec at 820°C 
the microstructure indicates that most of the matrix 
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consists of small nuclei. The new crystals appear to be 
roughly spherical in shape but nucleation appears to 
begin at many sites close to each other so that clusters 
One reason for the 


that 


of irregular shape are soon formed 
formation of clusters might be when a single 
nucleus is formed the energy in the adjacent region is 
increased initially and that this increase in energy 
results in the formation of more nuclei 

As the crystals grow some of the dislocations in the 
matrix appear to collect and form stable arrangements 
mostly at the boundaries (thick boundaries) but less 
19, 20). With 


further growth the volume of grain boundary material 
the the 


frequently within the crystals (Figs 


must decrease since average thickness of 
boundaries apparently does not change significantly 


the boundaries 


It would also appear that many of 
must meet during growth and that when this occurs 
annihilation of some dislocations occur or groups of 
dislocations migrating from one boundary may rein 
force those of another. An example of two boundaries 
that appear to be about to meet is shown in Fig. 20 

In the following section it is shown that the thick 
rows ol 


boundaries consist of 


appear to parallel 
dislocations and that both the number of dislocations 
Thus if 
during growth the concentration of dislocations in a 
then the 


in a row and the number of rows may vary 


boundary increases by either process, 


difference in orientation between adjacent grains will 


| 
I 14 
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Strip reduced 80 per cent. Heated at 750°C ‘1G. 16. Strip reduced 80 per cent. Heated at 820°C 
for 12 see, 1500 for ~0.5 sec. 1500 


Strip reduced 80 per cent. Heated at 820°C MIG. . Strip reduced 80 per cent. Heated at 820°C 


for ~l see. 1500 for see. 1500 
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Strip reduced 80 per cent. Heated at 820°C 


for 1-2 see. 1500 


increase assuming that the parallel rows of dislocations 
may be regarded as closely spaced low angle bounda- 
ries. The same argument would of course apply if two 
“normal” boundaries coalesced to form one boundary. 
The process is shown schematically for the simplest 
case, i.e. when the boundaries are parallel and no 


annihilation takes place, in Fig. 21 in which three 


grains, A, B and C are separated by the two bounda- 
ries, a and b, that may be either “normal” or “‘dislo- 
If a and + meet during growth 


cation’’ boundaries. 


(c) 


Effect of grain growth on difference in 


orientation, 
then grain B is absorbed and a new boundary, c, takes 
This that 


orientation differences might be found between large 


the place of a and b. suggests larger 
grains than small ones. 

The linear rate of growth of the grains on annealing, 
determined for periods between 0.04 and 625 min, was 
found to be proportional to the time up to about 25 
This 


relation is consistent with the general observations on 


min after which the rate decreased with time. 


grain growth.) 

Attempts made to examine the migration of indi- 
vidual boundaries in order to determine whether the 
type of boundary influenced its mobility were unsuc- 
cessful owing to the difficulties of preventing surface 
After long annealing 


contamination. periods of 
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Strip reduced SU per ce 


for 


however some thick boundaries persisted: Fig. 22 


shows some of these boundaries after annealing 11 


days at 820°C. 


Fu rthe? obse rvations on thick hounda? ies and line 


As mentioned in previous sections the boundaries of 
growing grains are frequently thick but thickened 
lines often showing pronounced curvature may also 
appear within the grains. It seems that many of the 
lines form at boundaries between deformation bands 
and the matrix (Fig. 23) or appear as lines or loops 
within bands that have already broken up (Fig. 24) 
Continued polishing and re-etching shows that these 
lines and loops continue into the body of the material 
although the shape may change with depth (Figs. 25 
and 26) 

The thick differ in 

) 


Some are similar to that of the loop (Fig 25) 


boundaries also appearance 
and 
consist of closely spaced parallel lines while others 


Fig. 27). At 


the rows of pits are generally closely spaced but with 


show parallel rows of pits a boundary 
in a grain configurations such as that shown in Fig 


28 are sometimes found; in this example, although the 


pits are close together, the distance between the rows 


is greater than when at a boundary. Fig. 29 shows 
three meeting boundaries each of different appearance; 
in one rows of pits are visible, the dark boundary 
consists of parallel lines although these are not visible 
in the figure, the third light etching boundary is 
indefinite. A rarer form of boundary consisting partly 


of squares is shown meeting a boundary of parallel 
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Fic. 24. Similar to Fig. 2% 


Fig, 25. Strip reduced 4 per cent. Heated 30 min at 
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Fic. 26. As Fig. 25 after removing 17 4 by polishing. 
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‘*Button” reduced 15 per cent Heated 7 days 
at 850°C, 2000 
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lines (overetched) and another showing pits is illus- 
trated in Fig. 30 
It is that all different 


boundary consist of parallel rows of dislocations that 


believed these 
have segregated into stable arrays during grain growth. 
The of the 


robably angle at 


boundaries is 
the 


difference in appearance 
the 


dislocations meet the surface and also on the spacing 


associated with which 


in and between the rows. The boundary consisting of 


squares (Fig. 30) is interpreted as a crossed grid of 


screw dislocations. 


Measurements have been made using a narrow 


X-ray the 


grains adjacent to a thick boundary in which the 


beam of orientation difference between 


number of rows of pits and the distance between the 


could be determined. In one example the 


pits 
measured orientation between two adjacent grains 


was | 0.5°. The boundary consisted of three 


parallel rows of pits that averaged ~0.3 mw apart. 
Assuming that each pit represents an edge dislocation 
then the total 


difference across the boundary is calculated to be 


normal to the surface orientation 


~0.2°. If however the lines meet the surface at an 
angle less than normal, for example 20° from normal 
Thus it 


appears that there is a reasonable agreement between 


then the caleulated angle would be ~0.6 


the measured and calculated orientation assuming 


Fic. 30. *“Button’’ reduced 15 per cent. Heated 7 days 


at 850°C, 1500 


types of 
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that the boundary consists of three parallel rows of 
edge dislocations. 

The thick boundaries are not always continuous and 
may apparently change abruptly into a “normal” type 
as in Figs. 22 and 31 and reappear. This may mean 
that at the “normal” part of the boundary the dislo- 
cation lines meet the surface at low angles or may be 
nearly parallel to it and are not revealed as pits.) The 
arrangement of dislocation lines for this case is 
illustrated in Fig. 32 and some micrographic evidence 
is shown in Fig. 28. 

Alternatively two types of boundary may be envis- 
aged one corresponding to a “‘normal’’ boundary as 
at (a), Fig. 33, and the second consisting of a series of 
In both cases the difference 


A and B, and C and 


tilt boundaries as at (b). 
in orientation between the grains 
D is the same. 

A second alternative might be that although the 
dislocations may meet the surface at steep angles and 
are therefore revealed the number of rows decreases 
at the points where the “‘normal’’ boundary meets the 
thick boundary as indicated in Fig. 34. 

If a prepared surface of a specimen showing thick 
boundaries with rows of pits is plated to protect it and 
a surface is prepared normal to the plated surface then 
the thick boundaries in the new surface may also show 
pits. Fig. 35 shows a boundary in which three parallel 


“Button” Heated 110 


min at 850°C. 


reduced 15 per cent. 
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tion 
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Diagrams illustrating suggested explanations 
of discontinuous thick boundaries. 


Fic. 32. 


rows of etch pits are faintly visible and the appearance 
of the section of the boundary at the surface suggests 
that pits on the plated sections are present at points 
between the parallel rows of pits of the section 
normal to it; this is shown diagramatically in Fig. 36(a) 
Thus it is conceivable that this type of thick boundary 
might consist of a “‘sandwich” of rows of dislocation 
lines alternate rows of which are parallel to each other 
but at an angle to the intervening rows as in Fig. 36(b). 


Observations on the surrounding 


recrystallization 
hardness SSIONS afte ranne aling 

In the previous sections it has been shown that cold 
work followed by annealing results in the formation 


of new crystals at points where the strain energy 


appears to be more than a certain amount otherwise 


A B 


(a) (b) 


Fic. 33. 


Diagrams illustrating suggested explanations 
of discontinuous thick boundaries. 


only sub-grains tend to form. The recrystallization 
process may be conveniently illustrated by making a 
hardness impression on a polished specimen and 
observing the microstructure surrounding the impres- 
sion after annealing. 

Figure 37 shows such an impression made on an 
undeformed specimen after rapid cooling from the / 
phase field (925°C). The microstructure shows numerous 
sub-grains and slip lines are visible in regions ad- 
jacent to the impression. Fig. 38 shows the same 
field after heat treatment of the specimen at 925°C for 
Shr in an evacuated and sealed silica tube and 
quenching the tube in water without breaking it. A 
recrystallized zone free from sub-grains has formed 
adjacent to the edges of the impression followed by a 
surrounding region of sub-grains; the three original 
boundaries on the junction of which the impression 


(a) b) 


. 34. Diagrams illustrating suggested explanations 
of discontinuous thick boundaries. 
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ed 20 pet cent 


S20 


was made are also no longer present within the 


of the new crystal. Maximum growth of the new 
grains has occurred along the boundaries of the three 
original grains thus forming three new sets of triple 
boundaries the boundaries in each set being at an 
angle of approximately 120° to each other 

Heat treatment for a further period of 2) hr under 
similar conditions resulted in a little further growth 
of the new grain and migration of the sub-boundaries 
(Fig. 39). After heating for a further period of 25 hi 
the new grain has been absorbed by the surrounding 
grains and sub-boundaries now appear up to the edges 
of the impression (Fig. 40) 

From the results of this and similar experiments it 
is concluded that the excess of dislocations present in 
the highly strained regions adjacent to the edges of the 
heating to the strained 


less 


impression migrate on 
surrounding areas where they form a network of sub 
grains. The microstructure in the sub-grain region of 


orresponding to pits 


mal t figure 


A suggested arrangement of dislocations in a 
thick boundary. 
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Fig. 38 is shown enlarged in Fig. 41 which appears to 
reveal a stage in the grouping of the dislocations to 
form sub-grain boundaries. 

Growth of the new crystal appears to continue until 
its stored energy balances that in the surrounding 


grains when the boundary energy would appear to be 


Fic. 41. 


the only driving force for further movement.'4:!® The 
grain boundary then tends to move towards its centre 
of curvature,“ and the newly formed grain is 
absorbed. 

One may regard a heavily deformed metal as con- 
taining a number of highly strained points at which 
recrystallization begins simultaneously on heating to 
the appropriate temperature. In this case the energy 
in the growing grains may not be exhausted, as it 
appears to be in the example described above, before 
the dislocations adjacent to the boundaries of the new 
crystals meet. When this happens some cancellation 
while others 


and interaction of dislocations occurs 
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form stable arrangements at the boundaries (thick 
boundaries). 

On the other hand if the deformation is small the 
potential centres for nucleation are relatively few and 
far between and the intervening regions between the 
consist mainly of sub-grains. It 


growing grains 


boundary region. 2500 

appears therefore when recrystallization takes place 
at numerous centres simultaneously the energy of the 
growing grains has not been expended before adjacent 
the 


between the grains is insufficient for the formation of 


grains meet, consequently intervening space 


sub-grains but the dislocations are accommodated in 


stable rows at the boundaries. 


SUMMARY 
The distribution of dislocation sites in a titanium 
10°, molybdenum alloy after cold deformation and 


annealing has been studied using a decoration 


technique.) 
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When the alloy is lightly deformed and heated in 
the # phase field recrystallization begins at points of 
high strain energy, i.e. in and at the intersection of 
deformation bands. At the same time sub-grains are 
formed in less strained regions. The new crystals grow 
preferentially along the deformation bands but also 
gradually absorb the surrounding sub-grains. As 
growth proceeds dislocations appear to segregate at 
some of the boundaries of the advancing grains while 
others are “‘trapped”’ within the grains in the form of 
lines or loops similar in appearance to the boundaries. 

The possibility that boundary edges and ridges 
within the boundaries may give rise to interference 
effects resulting in parallel lines cannot be ignored. 
However since multiple rows of pits are observed in 
many boundaries it is conceivable that those showing 
sharp parallel lines indicate dislocations spaced so 
closely together that individual pits cannot be dis- 
cerned. Moreover individual pits are not always 
visible in ordinary sub-grain boundaries that can be 
shown in other cases to consist of a single row of edge 
dislocations. 

When the deformation is very light sub-grains may 
remain even after prolonged annealing. This suggests 
that a certain degree of strain is necessary before 
recrystallization can occur at normal annealing 
temperatures. 

When the alloy is highly deformed and heated for 
very short periods the microstructure at first shows a 
network of dislocations the size of the mesh being 


~0.3 uw. The groups of dislocations comprising the 


network appear to indicate some degree of ordering 
and it is believed that this condition represents the 
recovery stage. 

Further slight heating results in the formation of 
new crystals scattered at many points in the matrix 
of minute sub-grains. The new crystals appear to be 
roughly spherical but many frequently occur close to 
each other forming clusters of irregular shape. Thus 
it appears that in certain localized regions a tendency 
exists to form nuclei at more than one point within 
those regions. 

With further heating the new crystals continue to 
grow and appear to consume adjacent small sub-grains. 
At the same time more nuclei are formed and grow. 
Soon the microstructure consists of small grains and 
no sub-grains remain but many of the boundaries 
consist of rows of dislocations (thick boundaries). It 
would seem that when recrystallization begins at many 


centres simultaneously the energy of the growing 
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grains is not expended before adjacent grains approach 


each other closely, consequently insufficient space 
remains for the formation of sub-grains and the dis- 
locations are accommodated in stable rows at the 
boundaries. 

As the the 


boundary in a given volume of material decreases it 


grains grow and volume of grain 
seems that many of the thick boundaries must meet 
during this growth; annihilation of some dislocations 
may then take place or dislocations migrating from 
one boundary may regroup themselves with those in 
another. If this occurs the net result would be an 
increase in the average orientation difference between 
grains with increase in grain size 

Although the results of this work present a broad 
the 


recrystallization and grain growth of a particular alloy 


picture of distribution of dislocations during 
it seems probable that similar processes are of general 
occurrence but that it is not alway 8 possible to observe 
them since decoration techniques are either not known 
or are not applicable. However a detailed understand- 
ing of the mechanisms of the formation of crystal 
nuclei and of the grouping of dislocations at bounda- 
ries would seem to require an electron micrographic 
study. 
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INVESTIGATION OF STRAIN AGEING OF QUENCH-AGED a-IRON CONTAINING 
NITROGEN, USING INTERNAL-FRICTION TECHNIQUE* 


Ww. S. CARSWELL*t 


The strain ageing of %-iron containing nitrogen, quench-aged at various temperatures, was examined 


after slight strain by means of torsional pendulum damping. 


The changes in damping after strain can be described in three stages: 


decrease which varies as (time)?/*, followed by a much slower decrease with time. 


these changes in damping are due to the Cottrell 
of precipitates by the dislocations. 


an initial rise in damping, a 


It is suggested that 


3ilby mechanism of strain ageing and to the dissolution 


The variation in density of dislocations with strain and quench-ageing temperature may be explained 


by Koehler’s model for the generation of dislocations. 


VIEILLISSEMENT APRES 
VIEILLI APRES TREMPE, 


ETUDE DU 
AZOTE ET 
L’auteur a étudié le v 
a différentes températures; 


ment a l'aide d'un pendule de torsion. 


Les modifications d’amortissement apres déformation peuvent étre décrites en trois stades: 


augmentation initiale de 


temps; (3) une décroissance beaucoup plus lente. 


ment sont dues a action du mécanisme de 


précipités par les dislocations. 


La manié¢re dont la densité des dislocations 


DEFORMATION DU 
PAR 


lamortissement; (2) une 


CONTENANT DE 
INTERNE 


FER « 


LA MESURE DU FROTTEMENT 


ieillissement aprés déformation du fer « contenant de l’azote, vieilli aprés trempe 


cette étude a été faite aprés une légére déformation, en mesurant l’amortisse 


(1) une 


décroissance variant comme la puissance 2/3 du 


L’auteur suggére que ces modifications de lamortisse 
vieillissement de Cottrell—Bilby et a la dissolution des 


varie avec la déformation et avec la température de 


vieillissement aprés trempe peut s’expliquer & l'aide du modéle de génération de dislocations de Koehler. 


UNTERSUCHUNG DER 
“-EISEN MIT STICKSTOFFGEHALT 


RECKALTERUNG 
MITTELS MESSUNGEN 


ABSCHRECK-GEALTERTEM 
DER INNEREN 


VON 


REIBUNG 


Die Reckalterung von «-Eisen mit Stickstoffgehalt, das bei verschiedenen Temperaturen abschreck 


gealtert 
untersucht, 

Die Anderung der Dampfung verlauft in 
Abnahme mit einem Zeitgesetz (Zeit )?/%, 


Stufen: 


schlieBlich eine wesentlich langsamere Abnahme mit der Zeit. 


drei 


worden war, wurde nach leichter Verformung mit Hilfe der Dampfung eines Torsionspendels 


Ein anfanglicher Dampfungsanstieg, eine 


Ks wird vorgeschlagen, daB diese Veranderungen der Dampfung auf dem Cottrell—-Bilby-Mechanismus 


der Reckalterung und der Aufl6sung der 


Ausscheidungen durch die 


Versetzungen beruhen. 


Die Anderung der Versetzungsdichte mit der Verformung und der Temperatur der Abschreckalterung 


laBt sich durch Koehlers Modell der Entstehung von Versetzungen erklaren. 


1. INTRODUCTION 

The damping peak occurring about | ¢/s near room 
temperature in g-iron containing interstitial solutions 
of carbon or nitrogen has been shown to be due to the 
stress-induced movement of the interstitial atoms." 
The value of the damping at the peak has been 
verified by Dijkstra to be proportional to the amount 
of carbon or nitrogen in interstitial solution. 

Studies of the strain ageing of freshly quenched 
material by measurement of the damping peak®?-® 
have confirmed the Cottrell-Bilby™ theory of strain 
ageing which describes the migration of interstitial 
dislocations to form anchoring 


solute atoms to 


atmospheres. The number of solute atoms, n,, per 


* Received August 3, 1960. 
Department of Scientific and Industrial 
National Engineering Laboratory, Mechanics and Materials 
Division, East Kilbride, Scotland. 
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into 
after 


unit volume of material which have moved 


positions at the dislocations, at temperature 7’, 


time ¢, is given by the expression 


(1) 


A Dt\?8 
Kr) 


Lig | 


where nv, is the concentration initially, D the diffusion 
coefficient of the the 
total length of volume, K 


3oltzmann’s constant, x a numerical constant given 


solute at temperature 7’, L 


dislocations per unit 


by 3(7/2)"%, and A is a constant determined by the 
strain introduced in the lattice by a solute atom. The 
formula, which is valid for the initial stages of strain 


(3) 


ageing was modified by Harper to account for the 


latter stages of the process. He suggested that, to 
take account of the mutual interference of the growing 


atmospheres around the dislocations, the segregation 
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rate will be proportional to the concentration 


solute remaining in solution i.e. 


dq 


A 3] 
dt 


KT 


(1 q) x' L| 


where q = n,/n, is the fraction removed from solution 


1.e, 


In (1 — q) (2) 


KT 


This formula was confirmed experimentally by 


Harper to approximately 90 per cent of strain ageing. 


Cottrell and Leak‘'®) have followed the strain- 


ageing process by studying the rise in the limit of 


proportionality from stress-strain curves of iron 


containing both 
quenched and quench-aged conditions. They showed 


carbon and nitrogen in freshly 
that the initial rate of strain ageing was proportional 
to the amount of carbon and nitrogen in solution and 
their rates of diffusion, although, for specimens quench 
aged at temperatures of 63 and 43°C, an enhanced 
solubility of nitrogen had to be This 
enhanced solubility was not confirmed by the measure- 


assumed. 


ments of Thomas and Leak‘®) by the internal-friction 

technique. 
Using both 

specimens of «-iron containing a small concentration 


single crystals polycrystalline 


of carbon, after ageing approximately 10° min at 
room temperature, Kunz"®) reported an increase in 
damping or in the amount of carbon in solution after 
extension. This was confirmed by Doremus‘® after 
ageing for a much longer time, the value of the 
increase, in this case, being much smaller. 

The purpose of the present investigation was to 
follow the strain-ageing process using the damping 
technique on material which had been quenched and 


aged at various temperatures. 


2. EXPERIMENTAL DETAILS 
was generously 


the 


diameter 0.02 in., 
BISRA, specification AKN 


following composition (wt.°,): 


Iron wire, 


supplied by with 


0.003 
0.005 
0.014 
0.002 
0.004 
0.0025 
0.012 
0.002 


Titanium 
Cobalt 
Copper 
Aluminum 
Tin 

Lead 
Alumina 
Nitrogen 


0.03 
0.011 
O.15 
0.009 
0.02 
0.006 
0.0036 
0.0015 
0.002 


Carbon 
Silicon 
Manganese 
Sulphur 
Phosphorus 
Nickel 
Chromium 
Molybdenum 
Vanadium 


Wert" has shown that the precipitation of either 


carbon or nitrogen out of «-iron is strongly affected by 
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the presence of the other, so it was decided to carry 
out the experiments in the presence of nitrogen alone. 

Carbon and nitrogen were removed from the 
specimens by heating at approximately 700°C for 
several hours in flowing wet hydrogen until the 
damping (obtained as described later) of the specimens 
0.0005. Nitrogen 


600°C for 


decreased to a value was 
the 


several hours in an atmosphere of dry hydrogen and 


had 
introduced into wire by heating at 
3 per cent ammonia. 

The specimens were quenched into water and from 
damping measurements taken immediately afterwards, 
the nitrogen content in solution was estimated to be 
There was no evidence of 


the total 


approximately 0.013 wt.%, 


precipitation, so this would represent 
nitrogen content. 
After quenching the specimens were placed in ovens 


and aged at various temperatures for the times shown 


Temp. 


Time (days) 


After quench ageing the damping of the specimen 
was recorded to measure the concentration of nitrogen 


The 


then strained 2 per cent or 3 percent in a 


in equilibrium with the precipitate wire was 


tension 
machine and replaced in the internal-friction appara 
tus. The damping was measured 15 min after straining 
and then at intervals for several hours 

The apparatus used for the damping measurements 
was a torsional pendulum of similar design to that 
described by Ké"*), The oscillating system consisted 
of a pendulum bob which had adjustable weights on 
the arms. Measurements were carried out at 20 
L°C. As it is known that nitrogen in solution in «-iron 
this 


the 


produces a damping peak at about I c/s at 
the 
pendulum was varied by adjustment of the weights to 


temperature, frequency of oscillation of 


obtain maximum damping. A light spot was reflected 
from a mirror on the pendulum bob onto photographic 
paper on a revolving drum placed 3m from the 
the 


permanent record of 


the 


pendulum, producing a 


oscillations from which logarithmic decrement 
was calculated. 

The apparatus was placed in a box to prevent 
draughts upsetting the free oscillation of the system 
The pendulum was excited externally using electro- 
magnets placed near the iron arm of the pendulum 
bob. 

The maximum 


during oscillation was ~10~° which produced a trace 


torsional strain on the specimen 


amplitude of 8 em on the photographic paper. 


|| 
0 
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10-%) in specimens quench aged at various temperatures and 


subsequently strained and aged 


Temperature of quench 
ageing (°C) 


After quench ageing 0.90 


After 3 per cent strain 


Increase after 3 per cent 
strain 


After 21 days 
After 1 per cent strain 


Increase after 1 per cent 
strain 


3. RESULTS 

In Table 1 the values of damping measured have 
been converted to nitrogen concentrations, assuming 
Dijkstra’s relationship™ between damping values and 
the concentrations of nitrogen in solution. 

The concentration of nitrogen in solution after 
quench ageing at the temperatures are shown in 
Table 1. 


those of Thomas and Leak‘®). 


These results agree approximately with 


Temperature of quench 
ageing 


After quench ageing 0.90 


After 2 per cent strain 1.07 


Increase after 2 per cent 


strain 0.17 


After 21 days 
After 1 per cent strain 


Increase after 1 per cent 
strain 


decrements at time ¢ and time ¢ = 0, respectively. 
Assuming 6, and 6, are proportional to the weight of 
nitrogen in solution, then 0,/d, l q where q is 
the fraction of solute removed from solution by time ¢. 
Initially In (1 


with 


q) varies linearly with @3 in accord- 


ance formula (2). The ¢/* dependence was 


checked by plotting log,, In 60,/6) against log,, ¢t, the 
graph being linear with slope 0.6—0.7. 
) 


From Figs. 2—5, using formula (2) the densities of 


Damping measured !Smin 


Damping 


Damping after quench-ageing before strain 
after 
- Damping at time t=O obtained by extrapolation 


measured 3 weeks after strain 


strain 


200 250 300 


t 


Fia. 1. 


The first damping measurements (6,;) were taken 
15 min after straining and the increases in nitrogen 
content in solution as shown in Table 1, were obtained 
by extrapolating the strain-ageing curves to zero 
time. A diagram of the changes in damping with 
time is shown in Fig. 1. 


A specimen from which both carbon and nitrogen 


had been removed showed no increase in damping 


after large strain. 
The strain—ageing curves as shown in Figs. 2-5 
were obtained by plotting In 4,/6) against ¢?/? where ¢ 


minutes and 


is time in Op 


are the logarithmic 


min 


Change in damping (0,) with time after strain. 


dislocations were calculated, taking 
3(7/2)1/3, 
1.5 dyn em? 


D = 0.003 exp (—18200/RT).0® 


The results are shown in Table 2. 

The linear dependence of In 6,/6, to ¢/? applies until 
about 0.75 of the initial rise in damping after straining 
has been removed. The curve then flattens off quite 
rapidly in some cases. 


The specimens were allowed to stand for about 
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Fic. 2. Strain ageing at 20°C. 
After quench ageing at 60°C. 


4-2% strain 


xX 3% strain 


Damping measured at time t after strain 
Damping at time t=O 


4,- Damping measured before strain 


25 


Fic. 3. Strain ageing at 20°C. 
After quench ageing at 80°C, 


4 - 2% strain 
x — 3% strain 


| 8,- Damping measured at time t after strain 
a= Damping at time t=0 
6,~ Damping measured before strain 


| 
25 


Fic. 4. Strain ageing at 20°C, 
After quench ageing at 120°C. 


4-2% strain 
x 3% strain 


6,- Damping measured at time t after strair 
3- Damping at time t =O 
5,— Damping measured before strain 


25 
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3 weeks when their damping was again measured (0 ,.). 


The results shown in Table 1, agree with the measure- 
ments of Thomas and Leak on specimens strained 
and aged at the same temperature. The amount in 
solution after this time was less than the original 


amount after quench ageing (Table 1). 


ACTA METALLURGICA, 


VOL. 9, 1961 


content in solution 


The 


calculated from this increase (Table 1) was insufficient 


increase in nitrogen 
to raise the concentration of nitrogen in solution to 
the value obtained after quench ageing and before 
straining. 


The strain—ageing curves are shown in Fig. 6. For 


. 6. Strain ageing at 20°C. After 1 per cent str 


on specimens previously strained and aged 


The specimens were then strained a further 1 per 
cent. A rise in damping was measured after the strain 
which was larger than obtained in the previous results 
but was approximately independent of the initial 


strain to which the specimen had been subjected. 


Strain ageing at 20°C. After quench 


ageing at 


Domping measured at 


any quench-ageing temperature the strain—ageing 
curve for 1 per cent strain was not dependent on the 
initial strain. The curves are, however, dependent on 
The 


dislocations for each specimen is shown in Table 2. 


the quench-ageing temperature. density of 


| 
-O.4 Damping measured oat time t afte trair 1961 
$,— Damping at time t | 
Damping measured before tro 
, 
O 25 
\ 2uenct at 
\ auenc at 60°C 
-0.06 \ 
A 
| 
-0.08 
| 
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There is again a variation in density with original 
quench-ageing temperature. 


TABLE 2. Density of dislocations ( 10") 


specimens after strain 


in quench-aged 


Temperature of 


180 
quench ageing (°C) 


120 


3 per cent strain 0.96 


2 per cent strain 


Further | per cent 
strain 


4. DISCUSSION 

From the work of Low and Guard“ and Holden™® 
on etching of silicon-iron, it has been observed that 
slip bands are not formed by the dynamic generation 
of a large number of dislocation loops from one 
dislocation source, but that, after a source has pro- 
duced a few loops, it ceases to generate and further 
generation of dislocations is produced by sources on 
neighbouring planes. A model for this process has 
been proposed by Koehler“® whereby lengths of 
screw dislocation on meeting an obstacle or region of 
unfavourable stress move from their original glide 
plane into a new glide plane which is far enough from 
the original to allow them to pass the obstacle or 
region of unfavourable stress. In the new plane they 


7) generating further 


can act as Frank—Read sources, 
loops. Precipitates in the material can act as obstacles 
or regions of local stress. This results in lateral growth 
as well as a lengthwise development of the slip line. 
Approximately the same number of dislocation loops 
is generated by a source produced by the displacement 
of length of screw dislocation as produced by a 
primary source. Moreover, Low and Guard" have 
also observed that, with increase of strain, rarely do 
new widely separated slip bands become active, 
implying that, after the initial operation of a few 
primary sources, further generation of dislocations is 
by this model. 

The density of dislocations for each quench-ageing 
temperature, as shown in Table 2, 


increases with 


strain in accordance with this model. This can be 


shown by expressing strain ¢ as 
Ppp L (3) 


where is the density of dislocations 
4 the Burgers vector of the dislocations 
L the average distance moved by a dis- 
location 
and, writing 


Pp & N 
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where NN, is the number of primary sources per 
unit volume, 
K is the number of displacements of lengths 
of screw dislocation, 
is the number of loops produced by a 
source. 


Eliminating L from expressions (3) and (4), we have 


N.K. 


(5) 

From Table 2, the ratio of the dislocation densities 
for 2 per cent and 3 per cent strain is approximately 
constant, equal to 0.75. 


Thus, from expression (5), 


0.66 = (0.75)? (N.)3/(N,)o . 


the strain to which the 


quantities refer) and, accepting Low and Guard’s 


(the suffixes denoting 


results, viz. (.V,), = (.V,)o, Ag is greater than K,. 


0.75 i.e. Le 


2/ 443, 2 
is less than L,. In order to produce the increase of 


0.66 


Also from expression (3), 
| 


cross-slip with increase of strain, the dislocation loops 
from a source move closer together in their glide plane, 
forming pile-ups from which the lengths of screw 
dislocations move 

For two specimens quench aged at temperatures 7’ 
(7, 7’), the 


amount e, then from definition (3), 


and 7’, respectively strained same 


(Pp)rbL7, (Pp) 


where (pp), is the density of dislocations after strain 

e of the specimen quench aged at temperature 7’, and 

Ly, is the average distance moved by a dislocation 

loop. (Pp) rr. Lr. are similar quantities for specimens 

quench aged at temperature T's. 
Then since from Table 2, (pp) 7. 

7’, and thus Ly L 
Also from expression (4) 


\Pp) r, for 


(Pp)a N Mr, Kp nl 


\Pp)r, N.)r. 


r, 
Ky 
Therefore, Ky (N 


Ky 

As the temperature of quench ageing is increased, the 
size of the nitride precipitate increases, as can be seen 
the 


quench ageing, but since in these experiments the 


metallographically for higher temperatures of 
total quantity of nitrogen is constant for all specimens, 
the number of precipitates per unit volume decreases 
the 
the 


and distance between 


Thus 


distance between obstacles or regions of unfavourable 


precipitates increases 


quench-aged structure determines the 


stress to the movement of dislocations in a slip plane, 


80 
1.0 1.07 1.14 
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i.e. as the temperature of quench ageing is increased, 
the distance a dislocation loop can move _ before 
meeting an obstacle is increased. 

Holden”® has observed that slip bands may be 


developed by initiation of a source at a precipitate so 


that it is reasonable to assume that the number of 


primary sources is determined by the structure of the 
material. The rise in the total number of sources as 
shown in these experiments with decrease in the 
quench-ageing temperature may be due to an increase 
in the number of primary sources. 

Since all interstitial positions are not quite energeti- 
cally equivalent’® due for example to the clustering 
of solute around precipitates, etc., the action of the 
dislocations in attracting solute may result in solute 
atoms moving out of the interaction of precipitates or 
the presence of dislocations may reduce the inter- 
action. This might explain the initial rise in damping 
after The 
dislocation density produced by strain may then be 


observed strain. estimated 
too high if, after strain, there is any re-clustering 
around the precipitates or too low if there is further 
movement of solute atoms out of region of interaction 
of precipitates. The variation of dislocation density 
with quench-aged structure, however, should be 
unaffected. 

The rise measured on re-strain of the specimens 
after resting for some time may be due, not only to 
the above reason, but also to the release of atmospheres 
of nitrogen atoms formed around the dislocations 
produced by the initial straining. 

The departure from the f/? law is due probably to 
the interference of dislocations in attracting solute 
atoms. In addition to this, if the number of nitrogen 
atoms which have moved to a dislocation by the end 
of strain ageing is calculated from the expression Z 
xdNa/M pp, 


where Zis the number of solute atoms per atom 
plane, 
xis the weight of solute absorbed by the 
dislocations, 
d is the density of specimen (~8 g/cm’) 
N is Avogadro’s number, 
ais the lattice parameter of iron (2.86 
10-8 em), 
M is atomic weight of solute, 
Pp is density of dislocations, 


using the results in Tables 1 and 2, it is found that the 
number (~0.6 atoms/atomic plane) is much lower 
than that proposed by Cottrell and Bilby'”) who 
estimated there was room for one or two atoms per 


atomic plane. Further nitrogen atoms available to 


values of 
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occupy sites at the dislocations may be supplied by 
dissolution of the precipitates, as was suggested by 
Cottrell and Leak‘®?. 

Thomas and Leak‘ have estimated the binding 
energy of nitrogen atoms in dislocation sites to be 
0.5eV higher than the binding energy of nitrogen 
atoms in a nitride precipitate. The 
dislocations will upset the equilibrium conditions 


presence of 


existing between nitrogen in solution and precipitated 
nitride before cold working, thus producing re-solution 
of the precipitates in the region of the dislocations. 

Andrew and Trent"*) reported some evidence of 
the dissolution of nitride particles in material quench- 
aged for some time at 100°C and re-aged at the same 
temperature after local strain of their specimen by 
indentation. 

Cottrell and Leak‘*) in their experiments on strain 
ageing assumed a constant value for the dislocation 
after both 


quenched and quench aged at various temperatures. 


density straining specimens freshly 
The fact that the dislocation density increases as the 
quench-ageing temperature is decreased for the same 
strain would partly explain the enhanced rate of 


strain ageing at the lower temperatures. 


5. CONCLUSIONS 
(1) The changes in damping after strain of quench- 
aged g-iron, containing nitrogen can be divided into 
three stages: 
(a) An initial rise in damping. 
with 
the 


ageing if 


(b) The damping then decreases linearly 
(time)?/3. This is in 
Cottrell—Bilby 
Dijkstra’s relationship between the value of the 


accordance with 


theory of strain 


damping and concentration of nitrogen in 
solution is assumed. 
As the value of damping approaches that 
obtained before strain, the rate of change of 
damping with time becomes very low. 

(2) The variations in the estimated density of 
dislocations with strain and quench-ageing tempera- 
ture can be explained by the model of Koehler to 
describe the generation of dislocations. 

(3) It is possible that the initial rise in damping is 
caused by, 

(a) The the 

interaction between solute atoms and precipi- 


presence of dislocations reducing 
tates, or 
(b) Solute atoms moving out of the interaction with 


precipitates towards dislocations; in either case 


the solute atoms would make a greater contri- 
bution to the damping at the temperature and 


frequency used. 
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THE CRYSTALLOGRAPHY OF THE MARTENSITE REACTION IN STEEL* 


A. G. CROCKER? and B. 


A. BILBY? 


Computer programmes have been prepared and used to examine the crystallographic features of the 


martensite reaction in steels. The criteria of low or minimum values of the shape shear and the slip or 


twinning shear were used in assessing the predictions. The results show that the observed features cannot 


be explained by allowing either uniform dilatations of the interface of up to 


twinning shears on low-indexed planes in low-indexed directions. 


0.5 per cent, or slip or 
More general additional deformations 


are discussed in which no dilatation is allowed but the slip or twinning shear occurs on two or more planes 


or in two or more directions, and a mechanism by which the observed {111} 


A full explanation of the {259}., and {2 


suggested. 


25} 
j 


habit may be produced is 
habits, and of the observed scatter in the experi- 


mental results appears to require some extension of the theory. 


LA CRISTALLOGRAPHIE DE LA 


REACTION 


MARTENSITIQUE DANS L’ACTER 


Des programmes de machines a calculer électroniques ont été préparées et utilisés en vue d’étudier 


les caractéristiques de 


la réaction martensitique dans les aciers. 


Les eritéres des valeurs basses ou 


minimales du cisaillement de forme ou du cisaillement de glissement ou de maclage ont été utilisés pour 


établir les prévisions. Les résultats montrent 


pliquées en admettant soit des dilatations uniformes de 
glissement ou de maclage sur des plans & bas index dans des directions & bas index. 


que 


les caractéristiques observées ne peuvent étre 


ex- 


de Vinterface, soit les cisaillements de 


0 
Des déformations 


supplémentaires plus générales sont discutées dans lesquelles aucune dilatation n'est permise, mais le 


cisaillement de glissement ou de maclage a lieu sur deux ou plusieurs plans ou dans une ou plusieurs 


clirections. 


et {225} 


explication complete des habitats {259! 


mentaux semble exiger une certaine 


DIE KRISTALLOGRAPHIE DER 


Programme fiir die Rechenmaschine wurden zur Untersuchung der kristallographischen Ziige 
Die Kriterien geringer oder minimaler Werte der Ges 


Martensitreaktion aufgestellt und angewencet. 


taltsanderung und der Gleitung oder der Zwillingsscherung wurden zur 


verwendet. Die Ergebnisse 


entweder gleichfOrmige 


scherung auf nieder indizierten Ebenen in niede 


Deformationen werden diskutiert, bei denen zwar keine 
Zwillingsscherung auf zwei oder auf mehreren Ebenen in zwei oder in mehreren Ebenen erfolgt. 


ein Mechanismus vorgeschlagen, durch welchen die beobachtete 


Fiir eine vollstandige Erklarung der {259}y und 


der experimentellen Befunde scheint eine 


Un mécanisme est supposé par lequel Vhabitat {111 


et 


MARTENSITREAKTION 


zeigen, dab sich die hbeobachteten Befunde nicht erklaren 


Dilatationen der Grenzflache bis zu 


de la dispersion observée dans les résultats expéri 


observé pourrait étre produit. ne 


extension de la théorie. 


2 
> 


BEL STAHL 


der 
Abschatzung der Voraussagen 
lassen, wenn man 


0.5°%, zulaBt oder Gleitung oder Zwillings- 


ndizierten Richtungen. Allgemeinere zusatzliche 
Dilatation zugelassen ist, jedoch Gleitung oder 
Es wird 


y Habitusebenen und der beobachteten Streuung 


» Habitusebene entstehen kann. 


Erweiterung der Theorie notwendig zu sein. 


1. INTRODUCTION 

Three essentially equivalent phenomenological theor- 
ies of the crystallography of martensite transforma- 
tions have been published in recent years. These 
theories are based on the hypothesis that the total 
shape deformation accompanying the transformation 
is, at least approximately, an invariant plane strain, 
the invariant plane being the interface separating the 
The lattice 


which deforms the parent into the product lattice does 


parent and product structures. strain 
not in general leave a plane invariant, and thus an 

In 
Mac- 


) have assumed this additional deformation 


additional deformation must also take place. 


applying their general theory Bowles and 


kenzie™.2 
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to be a twinning shear, and the twinning elements 
permitted have been restricted by the further require- 
ment that the two components of the twinned product 
must be generated from the parent lattice by equi- 
valent correspondences. These authors introduce an 
additional degree of freedom by postulating a small 
The Wechsler 
the additional 


strain to be due either to twinning or slip of the 


uniform dilatation of the interface. 


Lieberman—Read_ theory: allows 


product phase, and a recent generalisation) allows, 
for a restricted correspondence, an arbitrary plane and 
direction for the additional shear.§ The theory of 
Bullough and Bilby‘® uses the theory of continuous 
®) and is based on the 
the 


interface and moves in a glissile manner into the 


distributions of dislocations’: 


concept of a surface dislocation which forms 


arent phase leaving the product in its wake. In this 
] 


§ Another generalisation has recently been reported.‘?® 
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theory both the correspondence and the plane and 
direction of the additional strain are quite unre- 
stricted, and by a minor adjustment of the algebra a 
uniform dilatation of the interface can also be allowed. 
In the nomenclature of the continuous distribution 
theory,'®) the additional shear, when produced by slip, 
is called a dislocation shear. The relation between 
theories based on twinning and on slip has already 
been discussed.'® 

The application of these theories to specific examp- 
les involves much tedious numerical work; graphical 
methods of solution™®.!") aimed at overcoming this 
difficulty are still laborious if reasonably accurate 

Nevertheless _ it 
a systematic survey of 


appeared 
the 
the 


results are required. 
to attempt 
different 


operative deformation modes and correspondences in 


desirable 
consequences of assumptions about 
various systems. The general theory of Bullough and 
Bilby‘® was therefore programmed for an electronic 
computer, so that accurate results could be quickly 
obtained. Since this work was begun, the first results 
of thin film studies have become available, and this 
technique should make possible a more detailed com- 
parison with the present theoretical survey. In this 
paper a brief account of the programmes available is 
first given, and the results of a detailed survey of the 
martensite reaction in steels then follow. Applications 
to other systems will be reported in further papers. 


2. THE COMPUTER PROGRAMMES 
The Ferranti Pegasus computer was used for this 
It was found convenient to divide the algebra 
The habit plane 


programme uses as data the lattice pure strain P*, 


work. 
into two sections for programming. 


which converts a parent lattice cell into a product 
lattice cell, and the shear plane m and direction 1 of the 
dislocation strain. It caleulates the four possible 
normals (v) to the interfaces or habit planes, which the 
theory predicts for such a set of data, the directions 
(n) of the dislocation lines which lie in the habit 
planes, and the magnitudes (g) of the associated 
dislocation shears. The components of the habit plane 
normals are printed both in standard parent axes and 
also in axes in which the matrix P is diagonal. For the 
standard axes, the Cartesian co-ordinates with respect 
to the stereogram centre of the various poles are 
given,” so that the results can be plotted imme- 
diately on a large scale without using a stereographic 
net. Facilities are provided for variation of the inter- 
facial dilatation’ and for study of the effect of pos- 


* The notation of this paper is the same as that used in 


Lef. 6. 
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sible errors in the lattice parameters. Special printing 
occurs if no real solutions exist due to the restrictions 
This 


programme consists of eighty blocks of orders, extra 


placed on m and | by the pure strain P." 


storage space being taken for temporary results and 
initial data. Each run through of the programme 
takes about 15 sec and the calculations are automati- 
cally repeated until the data are exhausted. 

The second section of the algebra is used in the 
orventation relationships programme for which the main 
data the habit 
results. Matrices representing the dislocation shear §; 
the lattice rotation R needed to ensure a 
interface; the lattice deformation D RP and its 
reciprocal D~!; and the total shape deformation F 
RPS are all calculated, and if desired may be printed in 
3 3 


plane normal y in the parent and the direction Fv that 


are taken from plane programme 


coherent 


matrix form. The angle between the habit 
this becomes in the product is also given, together 
with the direction of the shape shear and its Cartesian 
co-ordinates”) on the stereogram. In the resolution 
F — RPS the shear § occurs formally in the parent 
phase; ina resolution F = R§’P, the shear §’ occurs in 
the product and §’ = PSP"! 
gramme calculates and prints the g-values for both § 


and §’, which are 


parent and product 


The habit plane pro 


called the dislocation shears in the 
Due to the diverse ways In which 
experimental orientation relationships are presen 
ted" no general programme has been written to give 
specific relations between vectors and planes of the 
two phases In the applications described here a 
separate programme was incorporated, giving firstly 
the Eulerian angles" 6, and which define the 
rigid body rotation relating the basic vectors of the 
parent and product structures (see Fig. 1), and 
100) poles of the product 
the This 


extended programme takes about 30sec to print a 


secondly the positions of the 


on the standard stereogram of parent 


complete set of results and about 80 main store blocks 


are used for orders. The calculations are automati- 
cally repeated so that the orientation relationships of 
as many habit planes as desired can be obtained 
Apart from the short additional programme referred 
to above the programmes are completely general in 
character and can be used for studying any martensitic 
Additional which give 


transformation programmes 


specific results on the orientation relationships of the 


important transformations in uranium, titanium and 
zirconium have also been prepared. The division of 
the algebra into two programmes means that only 
data resulting in satisfactory habit planes need be 
the 
gramme. This has proved particularly convenient in 


considered for orientation relationships pro- 
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Fic. 1. The Eulerian angles 6, 4, y defining the rigid 
body rotation which carries the austenite y basis to its 

new martensite « orientation. 
over 3000 habit 


the where 


planes have so far been examined. 


present application 


3. THE MARTENSITE REACTION IN STEEL 

Experimental observations of the crystallographic 
features of the martensite reaction, in which the y 
phase (austenite) is transformed into the « phase 
(martensite), vary considerably both for a given steel 
and between steels of different composition.“” The 
most striking example is the apparently abrupt change 
1225}. to 


in habit plane in plain carbon steels from 


1259}. as the C concentration exceeds 1.4 per cent. ' 


Very low C steels are reported to have a habit near 


16) 


{111}. and the various observations on alloy steels 
suggest that a wide range of habit planes is poss- 
ible.48-2)) An 


Fig. 5. 


indication of this range is given in 

The orientation relationships associated with these 
transformations all have {111}. at least approximately 
parallel to {O11}. but the parallelism of vectors in these 
planes varies between the Nishiyama relation with 
112),\\(O1L), and the Kurdjumov-Sachs relation with 
Ol] 111),.0 
ciated with the habits of some Fe—Ni alloys and the 


{229 


These two orientations are asso- 
habit respectively; the accurately determined 
Greninger-Troiano relationship for an Fe—0.8°,C 
22°,,Ni alloy®® falls approximately mid-way between 
the two and has a 33, 10, 15}. habit. 


The 


man—Read theories have been applied to the marten- 


Bowles—Mackenzie and the Wechsler—Lieber- 
site reaction™!:*) but have had some difficulty in 
explaining the experimental results other than those 


relating to the Greninger—Troiano alloy.?® These 
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theories both assume that the slip or twinning shear 
takes place in a (111), direction on a {112}, plane. 
Bowles and Mackenzie!) have suggested that the 
various habit planes and orientation relationships can 
be explained by allowing various dilatations of the 
interface but this approach does not adequately 
explain the large scatter of results. 

The transformation has also been treated by Bilby 
and Frank‘) using the method of prism matching. 
The dislocation shear is varied so that a one parameter 
family of habit planes is obtained and the predicted 
habit plane normal falls on a line on the parent 
and 10, 15} 


0, 15}., solution again corresponds to a slip 


stereogram passing near both {225} 
This {3, 
or twinning shear on {112},/(111), and it is shown that 
the shape shear has at least approximately a minimum 
value for this habit. The orientation relationship is 
shown to agree with that observed experimentally. 
In the prism matching treatment the slip or twin- 
ning shear must take place along the generators of the 
product prism, i.e. (111), and varying the parameter 
in the theory corresponds to rotating the shear plane 
about this fixed direction. The present approach to 
the problem was to vary the mode of inhomogeneous 
deformation systematically, by changing both the 
plane and direction of the shear, and to examine the 
resulting predictions of the crystallographic features. 


4. THE DATA 

The martensitic transformations in steels can all be 
classed as f.c.c. —> b.c.t. although some of the products 
are in fact b.c.c. The way in which a f.c.c. cell can 
most easily transform into a b.c.t. cell was first de- 
scribed by Bain‘*), and this correspondence is assumed 
here, as it has been in all previous work on steels. The 
variant used is shown in Fig. 2; it is defined by the 
correspondence matrix 
110 
110 


\O0] 


(aly) 


4 


+ 


ford), 


fod, 
Fic, 2. The Bain correspondence showing the austenite 
cell (in bold lines) which becomes the standard marten- 
site cell on application of the pure strain P. 
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dilatation of the interface as the variable 


dilatations of 
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(b) 


Standard austenite stereograms showing habit plane results for systems 3 and 9 corresponding to fixed 
[111]x and (111), respectively. The continuous curves represent the 
element 
+4 per cent are indicated by satellite lines along-side of these curves. 


variation of habit plane normal for no 
The effect of 
The habits corresponding to 


moves along the broken great circles. 


minimum g and y are shown (see Fig. 4) and also the m and | restriction curves for no dilatation. 


If the components of corresponding lattice vectors of 
| | 


the product and parent are written in matrix notation 
as column vectors @ and y respectively, this matrix 
(aC'y) relates them by the matrix equation 


a = (al'y)y. 


With this correspondence the principal axes of the 
pure strain P may be taken along the parent austenite 
axes, and in this reference system, in which, of course, 
P is diagonal, the principal elongations are then given 
where Ly is the cell 


\ 2a, Ao, &3 


by ey 
edge of the cubic austenite and c and a are the param- 
eters of the tetragonal martensite. The strains vary 
only a little with the lattice parameters of the various 
alloys and preliminary results confirmed the observa- 
tion of Wechsler et al.) that in general permissible 
variation of the lattice parameters does not greatly 
Thus, for the 
calculations discussed here, the Greninger—Troiano 
parameters 
values were used, resulting in e, 


40.8277. 


alter the predictions of the theories. 


which are typical 
1.1201 and 

TABLE l. 


Directions 
System 
3 


100 
110 


110 
100 


The fixed elements of the thirtee 


100 
110 


The mode of the additional deformation was varied 
either by rotation of the shear plane m about a fixed 
shear direction 1 or by rotation of lin a fixed m. The 
low indexed fixed shear elements examined were the 
possible variants included in the general forms (100 

110 112 110),, (111), for land {100} 
{LOO}, {112} for m. 


4 
These include all the observed slip and twinning 


100), 


elements of the two phases. They reduce to fifteen 
non-equivalent variants but the restrictions placed on 
m and | by P allow no real solutions for [O01], and 
(001)... The theory of these restrictions is discussed 
elsewhere"®* and their effect is indicated in Fig. 3(a) 
and (b). Here there are two circles about the centre of 
each stereogram, labelled 1 and m; if the pole 1 or m 
lies within the appropriate circle, no real solution is 
possible. These circles are referred to as restriction 
In the present case, these restrictions thus 


(OOL) 


curves. 


exclude only the poles [O01], and mentioned 


above. The thirteen remaining fixed shear elements 
are listed in Table 1, the parent and product indices 


quoted being related by the above correspondence 
n systems in both parent and product axes 
Planes 
101 


112 


110 
010 


N 
\ - | > / 4 WA 
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matrix. A brief examination of the symmetry shows 
that no essentially new situations arise if other planes 
or directions crystallographically equivalent to those 
Thus, since in P there is 
[OOL|., it follows, for 
example, that [112] = [112] = [112] =[112]; [211] 

(211) = (211) =[211) = (121) = [121] =[121) = [121]. 


The variable shear elements were rotated through 


in the table are included. 


rotational symmetry about 


either 90° or 180° depending on the symmetry of the 
corresponding fixed elements, and results were calcu- 
lated for rationally indexed discrete variable elements 
For example, for 
(131), and m then 


varied through a series of low-index planes containing 


at approximately 5° intervals. 


system 5, 1 was fixed at [211] le 
this direction and spaced at approximately 5° intervals 
over a range of 180 

The deformation modes studied thus comprised 
thirteen systems each involving one fixed element, 
either a plane or a direction. Eight systems had 
nineteen modes each, and five had thirty-seven; in 


‘ 


this way results for 337 different deformation modes 


were calculated. In these calculations dilatations of 
0 per cent and } per cent were allowed in the inter- 
face in each ease. 

The orientation relationships were calculated for 
over one hundred habit planes involving small dis- 
location shears. The general principle adopted was to 
examine the 
shape shear (y) and the dislocation shear (g).{® Thus 


those modes having small values of 


in order to limit the labour involved in the present 


preliminary survey, no orientation relationship calcu- 


lations were performed for the two habit planes 
corresponding to the larger of the two dislocation 
Also, if 


both of these shears were excessively large the mode 


shears determined by a given shear mode. 


degrees 
60 


— 10 
7 10 6 8 


ia. 4. 


element rotates through 90°, 


and the broken curve gives 
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and its four habits were ignored. This left for a given 
system a group of shear modes falling in a range of 
variable elements. This range was split up into modes 
about 10 


orientation relationship calculations were carried out 


with variable elements apart and the 


on these. Calculations were made only for zero 
dilatations as the habit plane results had indicated 
that the comparatively large dilatations of } per cent 
had not greatly influenced the predictions. 


F. GENERAL FEATURES OF THE RESULTS 

5.1 Introduction 
This section contains a general account of the 
using the above data with the 
All the results were plotted 
fixed 


results obtained by 
computer programmes. 
graphically, examples of these plots for a 
direction and a fixed plane being given in Figs. 3 and 4. 
A detailed discussion and analysis of some specific 
Section 6 the 


numerical predictions are given in Table 2. The 


results follows in and more useful 
complete numerical results are deposited in the library 


at Sheffield University.” 


5.2 The habit planes 

Figure 3(a) and (b) shows, for example, the typical 
habit plane solutions for systems 3 and 9 with | 101] 
[111], and (111) 
tively. The results are plotted on standard austenite 
the 


variation of the habit plane normal as the variable 


(O11), as fixed elements respec- 


stereograms. The continuous curves represent 
elements rotate about [101], and in (111), respectively, 
assuming there is no dilatation in the interface. The 
variations from these curves resulting from dilatations 
of 1 


these are for clarity drawn only at the primitive of the 


per cent are also indicated by satellite lines; 


t, degrees 
60 


(b) 
10 
| 3 4 


Shear plots for systems 3 and 9. The continuous curves give the two values of \g|, as the variable 


y for the smaller of these. The numbers at the 


base of each plot correspond to the following shear modes: 


l-4; m (l11)y; 1 [110],, 


5-11; ] m 


101] 
(LLO)x, (LOL)x, (211)x, (1L12)x, (123), (312)%, (231) respectively. 


{211 ],, (1121, 


respect iv ely ° 


m, 
90 
0.61 
| \ 
| ‘ 0.6} \ 
\ | 
| = | 
|g] 0.4} 
no] 
| 
0.2} 
| 0.2 
| 
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stereogram, and where the habit plane lines touch the 
m restriction curves. The dashed curves represent the 
positions of the variable element of the dislocation 


shear mode. To avoid overcrowding an indication of 


the specific shear modes predicting various habits has 
not been attempted, but the habit planes with mini- 
mum parent dislocation shear g and minimum shape 
shear y are marked in each case. In each of these two 
systems, which are degenerate, there is only one 
minimum value of y in a 180° rotation of the variable 
element, but there are two symmetrical minima 
of g. 

The m and | restriction curves defining the regions 
in which the poles of m and | have to lie to result in 
real solutions”* are shown in each case. These curves 


are common to all thirteen systems and it is seen that 


for the two systems 3 and 9 the full range of poles of 


the variable elements, as well as the poles of the fixed 
elements, lie outside the curves. Real solutions thus 
result for these two systems for a full rotation of the 
variable element. The m restriction curve in fact 
coincides with the first v restriction curve,“* inside 
which no habit plane solution can fall. 

Figure 3 indicates that the habit plane curves touch 
the m restriction curve, a result which was found to be 
true for all thirteen systems. This and other general 
features such as the facts that the habit plane curves 
cut the variable element curves (shown dashed) at 
right angles, and that the former are great circles for 
the systems with fixed m (as in Fig. 3b), can readily be 


explained by the theory.‘ 


5.3 The shears 


Figure 4(a) and (b) shows the variation of the parent 
dislocation shear g (continuous curves) and the shape 
shear y (dashed curves) for systems 3 and 9 over a 
range of 90°, the complete curves being symmetrical 
about the 0° and 90° values. The values of g for shear 
in the parent differ only slightly from the correspond- 
ing product values. To allow as large a scale as possible 
to be used \y and not g is given, negative shears being 
indicated by a minus sign. The two values of g 
associated with each shear mode“®) are shown, the y 
curve corresponding to the smaller of the two. 


The plots indicate that systems 3 and 9 give the 


same minimum value for ig]. This same minimum 
of the 
examined, the poles of the fixed elements of the re- 


value was found for ten thirteen systems 


maining three systems (which have larger minimum 
values of g) being those lying nearest to [O01]., the 


unique axis of the pure strain. Also, the five systems, 
including 3 and 9, in which real solutions exist for the 
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full ranges of the variable elements have the same 
minimum value of y, this value being less than the 


minima of the remaining systems.‘ 


5.4 The orientation re lationships 
The Eulerian angle 6—in this case the angle between 
[OO], and [O01], (see Fig. 1) 


mately constant for all the modes examined 


was found to be approxi- 
The sum 
of the other two angles, dé and y, was also approxi- 
mately constant, so that in a ¢/y plot the point 
representing the orientation relationship lies on a 
straight line of slope minus unity. Table 2 shows for 
four particular modes the deviations from constancy 
of 6, and db y. 


6. ANALYSIS OF THE RESULTS 


6.1 Gi He ral SUrvey 


The most convenient way of making a preliminary 
comparison of theoretical and observed crystallo- 
graphic features of martensitic transformations is to 
study the habit plane normals; this was the method 
employed by Bowles and Mackenzie when choosing 
the values of their dilatation parameter."':*5) In the 
present analysis this technique could not be used 
satisfactorily due to the scatter in the experimental 
results and the large number of habit plane predictions 
obtained. When plotted in one stereographic triangle 
the that habit 


could be 


results showed virtually any plane 


predicted by making a suitable choice of 


dislocation shear. For this reason only those results 
predicted by using the normal mechanical deformation 
modes of the two structures were examined initially, a 
more general study following where necessary 

The possible modes of mechanical deformation are 
110 and {111}/(112) in the austenite and {110! 

111), §112'/(111) and {1233/(111 
and the results for the eleven non-equivalent variants 
The 


modes are 


in the martensite 


of these modes all arise from systems 3 and 9 
the these 


indicated in Fig. 4 


values of shears for eleven 
The two habit planes which corre- 
spond to the smaller of the two dislocation shears 
associated with each of these modes are plotted on the 
numbers 


stereographic triangle of Fig. 5 where the 


refer to the caption of Fig. 4. Because of the corre- 
spondence the mode 2 (in the parent) is the same as 
mode 6 (in the product). For modes 4 and 8 degene- 
racy occurs because of the special relation between the 
correspondence and the shear mode so that the two 
habit planes are crystallographically equivalent and 


The 


solution 


so represented by single poles only in the figure 
complete results for pole 8, the (3, LO, 15; 
of Wechsler et al. and Bilby and Frank‘) are given 
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Fic. 5. Experimental and predicted habit plane results, 


Regions of scatter of experimental habit plane results: 
1.4% C, 


#4 Fe—0.95% C, Fe and 


(16) 


Greninger 
Troiano 
1.78% C, Greninger and “Troiano 
Ni, Greninger and Troiano 
Ni, Machlin and Cohen", 

Cr, 1.5 C, Otte and Read", 


16) 


‘e-32.5° 


I 


16 

30.0% 

RO 

Pure Fe, Entwisle”. 

Fe—0.8% C-22% Ni, 


iano!”®), 


) 


Greninger and Tro- 


Predicted habit plane 


@ Results for possible modes of mechanical deforma 
tion, the numbers being defined in the caption to 
Fig. 4. For convenience of reference in the text the 
habit planes of certain modes have been distin- 
guished by placing a prime on one of the numbers 
marking them. 
~ {111}, pole predicted by equal amounts of shear 
on (110)/[11 1], and 
~ {259}, pole predicted by shear on (342)/{211 
~ {225}, pole predicted by shear on (11, 10, 12) 

| 


[211 ],. 


(101)/[101).|. In the 
treatment this habit is seen to be produced by system 
3 with [111], fixed, this being the Burgers vector used 
by Bilby and Frank'*?). The habit plane curve of Fig. 
3(a) is in fact equivalent to that of the prism matching 
Bilby and Frank showed that a shear on 


in Table 2 (variant present 


theory. 
(112)/{111], results in a shape deformation approxi- 
mately at the minimum of their shear angle plot. Fig. 
4(a) shows that this variant results indeed in a mini- 
mum value of the angle y for this system; and, as 
mentioned in the last section, this is the smallest value 
attainable in any system studied. 

It is clear from the plot of Fig. 5 that these predic- 
tions can by no means explain the habit plane results. 
No habit plane from these modes falls within the 
, 41259! and {111}, 


poles and only three out of the twenty predictions fall 


scatter region of the observed {225} 


within the other much larger scatter regions. Unless 


other factors contribute to the scatter, the suggestion 
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of Wechsler et al.'?® and Otte'??) that the various habit 
planes can probably be described by simple shear 
mechanisms of this kind is thus untenable, and more 
complicated mechanisms must in general be opera- 
tive.* 

The 


crystallography“® used in the present study treats the 


surface dislocation theory of martensite 
interface between the parent and product phases as an 
array of dislocations, which in order that the interface 
may move rapidly, must be glissile. The theory in fact 
assumes that the interface is composed of an array of 
like parallel dislocations but this array can be con- 
sidered to be the result of any number of sets of 
dislocation lines prov ided that they either all have the 
same Burgers vector or all lie in the same slip plane. 
For, if these conditions are satisfied, the array can 
certainly be displaced conservatively as a whole and 
there are no difficulties associated with the order in 
different Thus, 
although the individual dislocation lines in the inter- 


which sets of dislocations move 
face are likely to glide on rational lattice planes and to 


have Burgers vectors lying along rational lattice 
directions, the resulting dislocation array need only 
have one of these elements rational 

Having seen that the simple operative shear modes 
of the parent and product structures do not satis- 
factorily predict the observed habit planes, it is now 
necessary to examine the remaining results corres- 
ponding to interfaces containing two or more sets of 
dislocation lines of the type described above Opera- 
habit 
dislocation and shape shears,'® as in the case of the 
ra, 10, 15} 
used to distinguish between the various predictions 


tive planes are likely to correspond to low 


habit, and this is the criterion that will be 


The shear plots for several of the thirteen systems 
clearly indicate the most likely deformation mode to 
be unique and rational. Thus, for example, if [112], is 
the fixed Burgers vector the most probable slip plane 
is (111). as both g and y have minimum values for this 
112 


An examination of the 


plane. This mode is however a variant of {111} 
and was thus examined above 
shear plots for other systems however, does not 
Thus if [211 


fixed shear direction a wide range of shear planes can 


indicate a unique rational mode is the 


be taken, as the minima of g and y are not coincident 
and do not correspond to low-indexed rational planes 
A study of the shear plots of the thirteen systems 
indicated that the most likely modes for fixed [101 ]._, 
[112].,, (111)., 


it was decided that shears in several directions on the 


had already been examined and 


* These examined only certain modes of 


systems 3 and 9 


authors in fact 


Ti 
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{123}, planes were unlikely as these relatively high- 
indexed planes contain only one close-packed direction, 
a variant of {111]|,. It thus remained to consider 
the modes arising from fixed [100], [110],, [211],, 
(100)., (110)., and (311) 
of the experimental habits could be explained in this 


and it was found that some 
way. The significance of these results is discussed 
below, the various experimental habits being treated 


separately. 


6.2 The habit 


The minimum values of both g and y for system 1 
with [110], fixed, occur when the shear plane is (110),; 
the corresponding habit, which is shown in Fig. 5, is 
about 3° from {111}, a plane observed by Entwisle@”. 
A shear on (110)/{110], is unlikely to occur as such in 
the martensite structure but this mode is seen to be 
equivalent to equal amounts of shear in the two (111), 
directions contained in (110),, ie. [111], and [111]. 
Slip on {110}/( 111), is the most common deformation 


mode of the b.c.c. structure and it would not be 
surprising if this mode were utilized in the transforma- 
tion of austenite into martensite. Fig. 4(a) indicates 
that whereas (1OL)/[111], results in habits with low 
shears the other non-equivalent variants of $110! 
111),,e.g. (110)/[111], or (110)/[111],, has g > 0.4 and 


These values compare most unfavourably 


y~2s 
with the absolute minimum value of g of 0.22 
and the y of ~22° arising from the combined partici- 
pation of these two equivalent variants in the manner 
It is thus possible that {110}/(111 
this 
transformation resulting in the {111! 


described above. 


slip of martensite is utilized in during 


way 
habit plane. 
Experimental data are not yet available for this 
transformation to enable the orientation relationships 
the 


the sharpness of the surface tilts“ 


and shape deformation to be compared with 
theory, but 
suggests that the shape shear is large and not incon- 
sistent with the value of y reported here, i.e. ~22 

The complete results for this mode are given in Table 
») 


(14) It is to be noted that an equivalent 


Nishiyama 
mode (110)/[110], also occurs in system 6 and that here 
again it corresponds to minimum values of both g and 
y for this system. 

Several of the other systems also predict habits near 
{111} 


systems appear likely to be operative and the disloca- 


but none of the shear modes involved in these 


tion shears are all considerably higher than that for 
the mechanism suggested above. It is to be noted 
from Fig. 3(b) that the habit plane normal curves for 


system 9 actually pass through (111); however as 


the orientation relationship being close to that of 
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(111), is the fixed plane of this system this habit 


involves an infinite dislocation shear.‘® 


6.3 The {259\. habit 


Possible shear mechanisms to explain this habit 
were again sought by examining shear modes giving 
suitable habits and having minimum values of g or y. 
A habit plane very near {259}. (the square in Fig. 5) is 
obtained, at minimum g, with a dislocation shear in 
the direction [211],; the habits at minimum g for all 
other systems examined fell outside the region of 
scatter determined by Greninger and Troiano”®, and 
Otte and j(18) 
relevant shear plane is near (342)., which is about 15 


Reac For the square in Fig. 5 the 


from (111)... The complete results for this habit, which 
are summarized in Table 2, indicate that the orienta- 
tion relationship lies between that of Nishiyama and 
that of Kurdjumov and Sachs. 

We now consider briefly the question of the physical 
realisation of a shear of this type. Shear of type {111} 
211), might be 


movements or by a suitable combination of (110 


realised by twinning or faulting 
slip. 
On any other plane, shear in the [211], direction 
presumably must involve some unusual deformation 
(342)/[211] 
might be effected by acombination of shears of the type 
(111)/[211} 


into shears in the same direction. 


mechanism. For example, shear on 


and (O11)/[211}., that is, by a resolution 


It is not possible to 


attempt further simplification of these shears by resol- 
ving the direction of shear {[211]., without introducing 
a number of complications. In the dislocation theory, 
we have then to discuss the motion of an interface with 
intersecting dislocations of different Burgers vectors; 
more formally we seek resolutions of a simple shear 
into a number of simple shears having neither a plane 
nor a direction in common. We return to this problem 
again in section 7. 

The mode (111)/[211],, alone gives a habit shown at 
pole 3 in Fig. 5; the g value is larger than that for 
(342)/[211]., but, on the other hand, the 
smaller, and continues to fall if the habit 


value is 
is moved 
further towards (225), by varying the shear plane. 
Thus a linear scatter between (225). and (259), might 
be accounted for if both g and y are influential in 
controlling the crystallography. A linear scatter of 
the habit plane roughly at right angles to the one 
above can be obtained, for example, by a shear mode 
composed of a mixture of (111)/[110], and (111)/[101},. 
Equal amounts of these two shears corresponds to 
shear on (111)/[211],, i.e. to pole 3, and variation of the 
proportions shifts the habit plane between pole 1 
((111)/[110].) and pole 2,6 ((111)/[101],). It is thus 
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clear that if an arbitrary variation of the plane and 
the the 


necessary two-parameter scatter over the area could 


direction of dislocation shear is allowed, 
be obtained. 
such a variable shear involves problems associated 
with the mobility of the interface which we have 
already referred to above. 

6.4 The habit 

None of the habit planes examined above lie in the 
the 


arising from mode 5 (Fig. 5) being about 4.5 


region of scatter about 1 =a0 5 nearest plane 


from this 
was mentioned above, slip on (111)/[211] 


pole. As 
gives pole 3, and additional slip on (O11)/|211],, moves 
the habit towards {259} 
the shear plane (in fact by adding a shear on (O11) 
[211],, i.e. 


in the opposite sense) moves the habit 


towards with a simultaneous decrease of the 


shape shear y. In this way the habit shown by a 


triangle in Fig. 5 and which is very near {225}. may be 


obtained. It corresponds to shear on (11, 10, 12) 
[211], and the detailed predictions are shown in Table 
2; however, the orientation relationship is nearer that 
of Nishiyama than that of Kurdjumov—Sachs. Again, 
the complications already discussed in section 6.3 
apply, since shear on (11, 10, 12)/{211]., is unlikely to 
be possible with a simple glissile interface. * 

In interpreting this habit it is to be noted that recent 
work by Kelly and Nutting®* using thin films has 


indicated that some {225! plates are twinned on the 


variant of {112}. which, when there is no dilatation of 


2h. 
the interface, gives the {3, 10, 15}, habit (pole 8 of 


Fig. 5). This is the mechanism suggested by Bowles 
and Mackenzie” who showed that in order to predict 

,225}., habit a dilatation of about 1.5 per cent was 
necessary. This work thus appears to support the 
idea that a glissile interface with a large dilatation is 
more favourable than the type of non-glissile interface 
mentioned above. 


7. DISCUSSION 

The crystallographic features predicted by the 
surface-dislocation theory of martensitic transforma- 
tions for the martensite reaction in steels have been 
calculated by use of computer programmes for some 
350 modes of inhomogeneous deformation combined 
with the Bain strain, and the full results are filed at 
Sheftield University.@” 

The present brief report indicates the facility with 
which systematic studies using the existing theories 
may now be undertaken, and the extent to which they 
may so far be applied. It is clear that further detailed 


* Unless a faulted product is allowed. 


5—(20 pp.) 
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However, the physical realisation of 


Also, suitable variation of 
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experimental studies similar to those carried out for 
the Greninger and Troiano alloy, would be of value 
in making a more critical assessment of the theories. 
Also the study of the transformation by use of thin 
films examined in the electron microscope will throw 
more light on the detailed mechanisms, and on the 
validity of theoretical proposals. 

The 


various habit planes associated with different steels 


present results do however, show that the 
and the large scatter in experimental results observed 
in most cases, cannot be explained merely by assuming 
that the transformations proceed by means of different 
deformation mechanisms on low indexed shear modes 
of the parent or product phases as has been suggested 
by Lieberman”, Wechsler ef 


This conclusion follows whether the dislocation 


and Otte®? 
shear 
is effected by slip or by some equivalent pattern of 


alternating twinning. In addition to the calculations 


l 


with a strictly invariant plane, dilatations of pel 


cent of the interface were also allowed and the resul 
ting variation in habit clearly showed that the above 
adequately explained in this 


features could not be 


way. It is thus possible that the various transforma- 
tions proceed by more complicated mechanisms \ 
more general assumption is that either the shear plane 
or the This 


involve an interface composed either of several sets of 


shear direction is irrational would 


parallel dislocation lines with different Burgers vectors 
or of several non-parallel sets with the same Burgers 


these two cases the dislocation arrays 


vector. In 
certainly remain glissile and the interface mobile. We 
instance envisage combination of 


some 


may for 
twinning and slip on the same plane or in the same 


direction. These situations can be readily treated with 
the surface dislocation theory by finding the resultant 
mechanism by which 


. 
shear mode In each Case and a 


martensite plates parallel to {111}. could be produced 
is described 

If the further assumption is made that the disloca- 
arbitrary, then it is possible to 


and the }259! 


tion shear may be 


account formally for the {225} habits 


and for the observed scatter. However, this means 
that complications arise in discussing the motion and 
interpretation of the interface in terms of discrete 
dislocation lines, o1 equivalently, the resolution of the 
dislocation shear into a finite set of physically realis- 
able shears. It would be necessary to examine what 
simple shears may be constructed from finite sets of 


simple shears with restricted rational elements. More 


profitably, the theory could be generalised to include a 


+ Mackenzie has recently informed us privately (19/8/60) 
that slip on different planes with a 


apparently occurs in bainite 


common slip direction 


) 
7 
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dislocation deformation of a more complicated kind 
and consisting of a number of simple shears with low 
index elements, and these latter could then be varied 
systematically and the predictions examined.* How- 
ever, before exploring further the very many possibi- 
lites embraced by such a general assumption, it seems 
desirable to await further experimental data, parti- 
cularly in view of the recent new techniques using thin 
films, 
The 


premissed on the assumption that the observed habits 


previous discussion has, of course, been 
and scatter are to be accounted for entirely by varying 
the dislocation shear, together perhaps with a small 
of the 


may be important in influencing the crystallography, 


dilatation interface. However, other factors 
particularly the constraints of the matrix arising from 
the shape deformation. This point is emphasized by 


(30) in trans- 


the different behaviour observed by Pitsch 
formations carried out in situ in thin metal films. It 
thus seems to be important to understand these 
differences in detail and if necessary to extend the 


Also, the 


discussion has been guided by the choice of small or 


theory to account for them. present 


minimum values of g and y. 


Finally, the present treatment does not adequately 


explain why a certain mode should be operative while 


another, apparently equally suitable, is not. For 
example, some of the habit plane normal predictions 
falling between {259}, and {111}. and those near {O11} 
in Fig. 5, have shape and dislocation shears just as 
favourable as some of the observed habits. For this 
problem a much more detailed model of the nucleation 
process than is at present available will probably be 
required. In developing such a model, of course, 
analyses such as have been here discussed and which 
lay the basis for a detailed model of the dislocation 


structure of the interface, will play an essential part. 
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GRAIN BOUNDARY ADSORPTION AND “SUPERHIGH PLASTICITY’’* 


MICHAEL G. LOZINSKY?t 


New experimental data on the influence of adsorption of impurities by grain boundries in iron, titanium 
and zirconium on the development of *‘superhigh plasticity’’ under cyclic fluctuations of temperature are 
The factors are explained which result in formation of two necks in the specimens under 


described. 
» grain boundry o 


The tentative evaluation of carbon concentration in the 


going tension and heating. 
superhigh plasticity 


Further investigations on the factors leading to in metals 


technical iron is given. 
and alloys and experimental determination of ‘‘danger”’ temperature intervals, within which rapid loss of 
strength takes place, are necessary as these are of theoretical interest and may be important for practical 


application. 


L>ADSORPTION AU JOINT DU 


GRAIN ET 


“SU PER-PLASTICITE 


L’auteur décrit de nouvelles données expérimentales concernant linfluence de Vadsorption d’impuretés 


aux joints des grains dans de fer, 


sous l’action de fluctuations cycliques de la température. 
formation de deux bosses dans les échantillons soumis a laction des tension 
la concentration du carbone aux 


donne une évaluation de 


(technique). 


“super-plasticité”’ dans les métaux et alliages ainsi que la détermination des intervalles de température 


“dangereux”’ dans lesquels la résistance diminue 


le titane et le zirconium sur le développement de la 


Des essais supplémentaires donnant des renseignements sur les facteurs conduisent 


rapidement, sont nécessaire, 


super-plasticit 


Il explique les facteurs qui conduisent a la 
s et des températures. I] 
joints des grains dans le fer commercial 
a la 
sont 


parce que CeUX-Cl1 


dintérét théorique et peuvent étre importants dans | application pratique 


ADSORPTION AN 


Es werden neue experimentelle Ergebnisse iiber den EinfluB det 


Korngrenzen in Eisen, Titan und Zirkon auf die 


Temperaturschwankungen beschrieben. 


Warme zur Bildung von zwei Einschniirungen in den 
Kohlenstoffkonzentration in det 


wird eine Bestimmung det 


geben. Weitere Untersuchungen iiber die 


zitat”’ fiihren, sowie eine experimentelle Bestimmung det 


Festigkeit rapide abnimmt, sind notwendig; 


praktische Anwendung wichtig sein. 


KORNGRENZEN 


Die Faktoren, di 


Faktoren, die 


UND “SUPERPLASTIZITAT 
Adsorption von Verunreinigungen an 
Entwicklung von “Superplastizitat” bei zyklischen 
unter dem EinfluB von Spannung und 


Proben fiihren, werden erklart. Versuchsweis« 


Korngrenze von technischem Eisen ang 


bei Metallen und Legierungen zu “‘Superplasti 


gefahrlichen”’ Temperaturbereiche, in denen dic 


von theoretischem Interesse und kénnen fiir dic 


In a previous paper” we reported on investigations 
carried out in the field of kinetics of development of 
deformation in specimens of pure and technical iron, 
subjected to tension testing in vacuo under cyclic 
fluctuations of temperature. The limiting values of 
temperature in the middle part of the specimen were 
800 = 1000°. A temperature gradient arose along the 
specimen axis owing to the method used—contact 
electrical heating, passing through the specimen by 
alternating current of power frequency at low voltage. 
As a result, when testing a specimen of technical iron 
under definite conditions—instead of one neck 
appearing usually in the hottest part of the specimen 

there were formed two necks in sections of the 
specimen with a considerably lower temperature than 
the uniformly heated middle zone. These sections, 
heated to temperatures 750 and 850° (lower and upper 
field of rapid 


constituted a 


limits, respectively) 


revised January 12, 1961. 
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development of deformation phenomena which we 
called “‘superhigh plasticity” 

In our opinion, the basic cause which led to the 
development of the process of “‘superhigh plasticity”’ 
is to be seen in the influence of the internal adsorption 
of impurities by the With this 


assumption, even the relatively small quantity of an 


grain boundaries 
alloying element contained as impurity in iron or an 
other metal, could cause a considerable enrichment of 
boundaries and provoke polymorphous transforma- 


tions which, one would think, should not proceed if 


standard state diagrams were used as criteria. When 
considering these diagrams the temperatures of pos- 


sible transformation is judged by the “integral” 
content of impurities, defined by chemical analysis for 
the whole metal volume 

In their Letter to the Editor Sherby and Goldberg? 
offer another explanation for the causes of formation 
of two necks in specimens of technical iron under the 
above-mentioned test conditions. They assume that 


the basic influence upon the development of the 


6389 
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phenomenon of “‘superhigh plasticity’ is due to 
different values of strength of two iron modifications 


formed in separate specimen sections owing to the 


temperature gradient of the stronger y-iron and less 


strong «-iron. 

It seems to us that this influence does not play 
a decisive role at all. The experiments carried out by 
us with iron specimens of high purity, as well as with 
pure and technical titanium and zirconium, confirm 
the primary importance of the impurity concentration 
at the 


“superhigh plasticity’. 


grain boundaries 

It is known that the concentration of carbon can in 
separate “local” boundary regions of grains (particu- 
larly near the boundaries of grains and blocks) essen- 
tially surpass the ‘“‘mean”’ value of carbon content 
defined, for example, by the chemical analysis for the 
whole volume of investigated iron. It may be 
thought on the basis of data of autoradiographic 
investigations that the carbon concentration near the 
grain boundaries surpasses by many times the “mean” 
content of carbon in iron. The considerable concen- 
tration of impurities near the grain and block bound- 
aries takes place also in other metals. For example, 
Cuff Grant™ 


analysis the enrichment by impurities of grain and 


and showed by electron-microscopic 


block boundaries in pure aluminium. 


Figure | gives a scheme explaining the formation of 


Distance from specimen centre, 


Fia. 1. Scheme illustrating the influence of 
temperature fluctuations along the specimen axis of 
commercial iron, subjected to electrical heating, and 
formation of zones with decreased strength because of 
y-transformation in the boundary 
Distance from centre of the 
specimens in mm. 


cyclic 


poly morphic a= 


carbon-rich sections. 


on the development of 
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two necks in specimens of commercial iron under 
cyclic fluctuations of temperature in the above- 
the 


stresses.'°) In the middle part of the specimen, where 


mentioned limits and under action of tensile 
the temperature varies in the interval 800 = 1000", 
the boundary zones with high carbon content will be 
always in y-state. We must remember that with an 
increase of carbon content in iron from 0 to 0.83 per 
cent the temperature of polymorphous a—y-trans- 
to 72 


Within the grains representing the purest iron, 


formation is reduced from 910 


there should occur during each cycle at an increase of 
temperature from 800° to LOOO” a «—y-transformation 
accompanied by transition from y- to «-modification 
with the temperature dropping from LOOO° to 800°, 

In cyclic tests and under conditions selected by us, 
the temperature in the zones of formation of two necks 
varied from 750° to 850°. Here the iron remains in 
z-state within the grains during the whole process of 
testing, while in boundary sections enriched with car- 
bon at every cycle there twice takes place the trans- 
formation from one phase to another. The mechanical 
properties of iron fall sharply during the process of 
polymorphic transformation. This fact is a result of 
reconstruction of its crystalline lattice under g-y- 
transformations, causing the partial loss of coherent 
bond of atoms in the zones of appearance of new 
phases, as well as resulting in volumes of «- and y-iron 
producing internal stresses in microvolumes. There 
the 


this domain by De Jong 


investigations 
Rat- 


are to be remembered original 


carried out in and 
henau!®, 
the influence of 


formations proceeding in boundary sections of grains 


Under polymorphic -y-trans- 


enriched with carbon, there occurs “‘superhigh plas- 


ticitv’’ of iron which reveals itself in zones, where 
temperature fluctuations under cyclic tests create 
conditions favourable to the development of the above- 
mentioned phenomena. These latter promote a sharp 
dishardening of boundary zones of grains even under 
the action of small tensile stresses which ranged in our 
The tests 


carried out on apparatus type JUASh-5. 


tests from 0.05 to 0.55 kg/mm*. were 

In accordance with the state diagram of system 
Fe—C it is necessary to enrich the boundaries of grains 
with about 0.4 per cent C to attain the polymorphic 
4~y-transformation, localized at grain boundaries in 
the interval 750 = 850°. Such a degree of carbon con- 
centration in commercial iron may be actual, if the 
specific volume, AV, of the carbon-rich zones of grain 
boundaries be order of magnitude to 
of the the 


material of the specimen C, (in our case for the test of 


equal by 


relation average content of carbon in 
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PERHIGH 


PLASTICITY 


TABLE | 


[ron grade 


0.03 
0.002 


Technical 
Melted in vacuo 


* Not determined. 


commercial iron Cy = 0.03 per cent C) and required 
for proceeding of the local transformation C,, (in this 
case the approximate value of C,, = 0.4 per cent C), 
i.e. when 
Cy, 0.03 
Al (1) 
O04 


For the quantitative appreciation of this supposition 
we shall designate the average cross-section of grains 
by d (mm), and the mean breadth of the boundary 
zone, enriched with carbon, by 6 (mm). Then the 
specific volume of the boundary zone will be quanti- 


tatively equal to the product of the surface of grain 


boundaries AS in the unit of volume on the breadth of 


the carbon-rich zone 0. 


AV ~ AS (2) 
If we suppose that the grains have a spherical form 
and the average volume of grains is equal to jd, 
while the average boundary surface for one grain 
is wd?/2, then 
l 3 
d 
be defined from the 


So the specific volume may 


Fic. 2. Deformation, ¢, (%) in the zone of formation 
of necks in specimens of commercial iron (curve 1) 
and iron melted in vacuo (curve 2) under tension 
0.55 and o 


stresses o 0.05 kg/mm?, and cyclic 
temperature fluctuations from 750 to 850° and from 


800 to 1L000°, respectively; n, number of cycles. 


Deformation, 


Content of impurities 
P H, N 


* * 


0.003 


0.03 


0.032 0.003 0.0005 


equation 


+) 


From equations (1) and (4) it may be deduced that 


0.03 
or 0.025d 
d 0.70 


i.e. the zone, enriched with carbon, should be concen 
trated in our case within the limits of less than 2.5 per 
cent of grain cross-section, which is quite realistic 
The approximate definition of correlation of grain 
size and carbon concentration zones in specimens of 
commercial iron, carried out by us, confirmed the 
justice of the above-mentioned hypothesis on the 
process of polymorphic transformations within limits 
of carbon enriched local sections near the grain 
boundaries in the tension process and of action of 
the cyclic varying temperatures. 

For comparison, we carried out experiments to 
study the regularities of deformation of specimens of 
pure iron containing in all 0.5405 per cent impurities, 
Table 1 lists the 


composition of commercial and pure iron with various 


melted in vacuo furnace chemical 


carbon content, subjected to testing. 


30 
Number of cycles, n 
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(a) Commercial iron 
(b) iron 


Fic. 3. External view of samples: 
subjected to tension stresses ¢ 0.55 kg/mm?; 
containing 0.002 per cent C, stretched by stresses 
oO 0.05 kg/mm?, which have gone through trial 
during 150 eycles of temperature variations in the 
middle part of the sample within the interval 800 
1000°. The arrows indicate the zones of appearance of 
necks. 1.75. 


The influence of impurities in iron and, above all, of 


carbon on the formation of two necks in zones with 
considerably lower temperatures may be confirmed by 
the fact, that during testing under the same con- 
ditions of specimens with a carbon 
0.002 per cent there appeared only one neck, situated 
of the specimen, while on 


in the middle 


specimens with 0.03 per cent carbon the deformation 


part 


processes developed within two zones, distant from 
one another. 

The analysis of data obtained when carrying out the 
the 
assertion that the increase of impurity content in 


described experiments permits one to make 


iron and, above all, of carbon has a strong influence on 
its strength under cyclic fluctuations of temperature. 


content of 
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The value of tensile stress for commercial iron in our 
test was 11 times higher than for iron containing 0.002 
per cent C, while the deformation of commercial iron 
on the basis of the same number of temperature 
fluctuations increased only 3 times, from 13 up to 38 
per cent. This regularity is shown in Fig. 2. 

Figure 3(a) gives an external view of a specimen of 
commercial iron, while Fig. 3(b) gives an external 
view of iron containing 0.002 per cent C. Both were 
subjected to testing at identical conditions of cyclic 
temperature fluctuations in the middle part of the 
the 800 = 1000°. The 
tension of the specimen of commercial iron was 
the 
specimen of iron, melted in vacuo, was under the action 


specimen within interval 


realized by stresses o = 0.55 kg/mm?, while 


of tensile stresses ¢ = 0.05 kg/mm?. The arrows in 
Fig. 3 indicate the zones of formation of necks. 

It seems to be very important that the change of 
the chemical composition of iron by increasing its 
impurity content causes a considerable decrease of 
temperature of minimum strength, which, according 
to our observations, under cyclic tests lies within the 
interval 750 =< 850°. 
specimens, where the temperature fluctuations were 
in the interval 800 z= 1000°, the deformation under 


Hence, in the middle part of the 


the same number of cycles of thermal load and tensile 
stress equal to 0.33 kg/mm? was 4.5 times less than in 
the zone of formation of two necks. 

The investigations of the phenomenon of ‘‘superhigh 
plasticity” were performed by us with technical 
titanium and iodide zirconium, the composition of 
Table 2. As 
a= p- 
their behaviour during 


is given in these materials 
the 


it can be supposed that 


which 
undergo polymorphic transformation, 
tension and cyclic fluctuations of temperature near the 
area of transformation would be analogous to the 
behaviour observed in the investigation of commercial 
iron. 

At a temperature of 822° there takes place in pure 
titanium an allotropic transformation of the hexagonal 
compactly packed /-phase in the cubic body-centered 
this the 
zirconium, in trans- 


crystalline lattice of #-state. In relation 


titanium is similar to which 
formation of the same type takes place at a tempera- 
ture of 865°. 

In the experiments set forth the limiting values of 
temperature in the middle part of the specimen under 
The 


duration of exposure under limiting temperatures was 


each cycle of its variation were 750 and 950°. 


2 sec and the total duration of each cycle 60 sec. 
Under the above mentioned conditions of testing 
the intense deformation occurs not in the middle zone 


with “highest temperature”, but in considerably 
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TABLE 


SUPERHIGH 


PLASTICITY 


Content of impurities (%%) 


Material ‘e Si W 


O.15 
0.05 


Technical titanium 
Iodide zirconium 


“colder” sections situated at a distance of 6 mm from 
the center of the specimen. The temperature in the 
zones of formation of necks is lower than in the middle 
part, approximately by 100°, in comparison with its 
upper and lower values. The occurrence of these 
necks in the zones of lower temperatures may be 
explained by influence of internal adsorption of 
impurities by grain boundaries and by the decrease of 
temperature of the polymorphic transformation in 
boundary sections (see scheme, Fig. 1). 

The specimens of zirconium were subjected to 
testing in isothermic conditions with heating up to 
1000° and under tension by stresses ¢ = 0.25 kg/mm?. 
Then only one neck appeared, formed in the middle 
part of the specimen. This fact may be considered as 
quite regular, because the specimen has the highest 
temperature within the zone of the most intensive 
deformation. 

Figure 4 gives the external view of specimens of 
after 
indicated conditions, while Fig. 5 gives a graph 


iodide zirconium testing under tension of 
illustrating the regularity of deformation of zirconium 
under permanent temperature equal to 1000° and 
tension stresses ¢ = 0.25 kg/mm? in the middle of the 
specimen (curve 1) and at a distance of 6 mm from the 
centre (curve 2), as well as for the specimen under 
tension stresses ¢ = 0.15 kg/mm*, the temperature of 
which in the middle zone changed automatically 
within the interval 750—950° (curve 3) and in the zone 
of the neck, the temperature of which had limiting 
values 660 and 870° (curve 4). 

The graph of Fig. 5 shows that at cyclic temperature 
fluctuations the deformation develops considerably 
more intensely in the sections with lower temperature; 
this fact is not observed in conditions of isothermic 
testing regimes. 

Analogous tests were carried out on _ technical 
titanium, the chemical composition of which is given 


in Table 2. There was also observed under cyclic 


temperature fluctuations in the middle zone of the 


the interval 850-1000° sharp 


increase of plastic deformation in both sections (sym- 


specimen within 
metrically situated at the edges of the middle zone), 
the temperature of which was lower approximately by 
100°. 


during testing to tension stresses o 


The specimens of titanium were subjected 
0.15 kg/mm?. 


Ni , Mo 


0.001 0.08 0.01 


(b) 


Fic. 4. External view of samples of iodide zirconium 
(a) After tests of tension by stresses o 0.15 kg/mm? 
during 100 cycles of variation of temperature from 750 
to 950° with exposure during 2 sec at limiting values of 
ternperature ; (b) after 
kg/mm? under permanent temperature 


stresses o 


L000 1.75 


tension by 


Only one neck, formed in the middle part of specimens, 
appeared under tension by same stresses and invari- 
able temperature. 

The above mentioned experimental data permit one 
to affirm that the decisive influence on the develop- 
ment of the phenomenon of “‘superhigh plasticity” 
is exerted by the concentration of impurities near 
the grain boundaries, but not by the factors which are 
set forth by Sherby and Goldberg’. 
factors 


Further investigations in the domain of 


causing the “‘superhigh plasticity’ of metals and 
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eformation, 


Fic. 5. Deformation of samples of iodide zirconium at 
tension. (1) Deformation of the middle part of the 
sample with L000" and 0.25 kg/mm*; (2) 
deformation at a distance of 6 mm from the center of 
the sample under cyclic fluctuation of temperature 
from 660 to 870°, a 0.15 kg/mm2?; (3) deformation of 
the middle part of the sample under cyclic fluctuation 
of temperature from 750 to 950°, 6 0.15 kg/mm?; 
(4) deformation at a distance of 6 mm from the center of 


the sample with 7 900° and o 0.25 kg/mm?. 
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DENDRITIC AND SPHEROIDAL GROWTH* 


G. HORVAY and J. W. CAHN? 


Exact solutions to the diffusion equation are obtained which correspond to diffusion controlled growth 


of elliptical paraboloids (dendrites; 
with square root of time dependence). 


circular cross-section and the dendrite platelet. The dependence of the velocity | 
on (the smaller) tip radius of curvature R, undercooling A# and axis ratio 1/,/ (1 


cross-section is found to be of the form V 


of A¥’, is (contrarily to past assumptions) noticeably greater than | in the 


The value of n is about 
for the dendritic platelet (B QD). 
the sphere, the circular cylinder and the plate. 


accessible undercoolings. 


CROISSANCE 


forward growth with linear time dependence 


x (A#)"/R, where the exponent n, a 


.2 for the circular cross-section (B 0), 


DENDRITIQUE ET 


) and spheroids (growth 


The elliptical dendrite includes as special cases the dendrite of 


of dendritic 
B) of the elliptic 


varying 


growth 


slowly function 


range 


of experimentally 
and about 2 


The spheroid solution includes as special cases the known results for 


SPHEROIDALE 


Les auteurs exposent les solutions exactes de l’équation de diffusion qui correspondent a la croissance 


controlée par la diffusion de paraboloides elliptiques (dendrites, 
linéaire du temps) et de sphéroides (croissance fonction du carré du temps 
ont, comme cas particulier, la dendrite de section droite circulaire et la dendrite en plaquettes 
de dépendance de la vitesse de croissance dendritique en fonction du (plus petit 


du refroidissement A’ et du rapport l \ (1 


(A#)"/R ot Vexposant n, fonction hautement 


B) des axes de la 
variable de 


allongement de croissance, facteur 
Les dendrites elliptiques 
La | 
courbure 
forme | 


suppositions 


rayon ce 
section droite la 


est (contrairement aux 


antérieures), notablement supérieur a | dans la gamme des sur-refroidissements accessibles expérimental 


ment. 


dendrites en plaquettes (B 0). 


La valeur de n est environ 1.2 pour des sections droites 


La solution dans le cas des dendrites sphéroid: 


circulaires (B 0) et environ 2 pour le 


ules a pour cas particulier 


les résultats connus pour la sphere, le cylindre circulaire et la plaque 


DENDRITISCHES UND 


Die Diffusionsgleichung wird exakt gelést fiir die Falle, 


SPHAROILDISCHES 


WACHSTUM 


die einem durch Diffusion bestimmten Wacl 


stum von elliptischen Paraboloiden (Dendriten; Wachstum in einer Richtung mit linearer Zeitabhangig 


keit) und Spharoiden (Wachstum abhangig von der Quadratwurzel aus der Zeit 


entspricht. Der ellip 


tische Dendrit schlieBt als Spezialfalle den Dendriten mit kreisf6rmigem Querschnitt und dass dendritisch« 


Plattchen mit ein. 


Die Abhangigkeit der Geschwindigkeit |} 


des dendritischen Wachstums vom (klein 


eren) Krummungsradius R der Spitze, der Unterkithlung A? und dem Achsenverhaltnis 1/ (1 B) des 


elliptischen Querschnitts hat die Form V ox (A#@)"/R, wobei der Exponent n, 


(im Gegensatz zu friiheren Annahmen), 


trachtlich gr6éBer als | ist. 
fiir das dendritische Plattchen (B x). 


Losungen fiir die Kugel, den Kreiszylinder und die 


1. INTRODUCTION 
In recent years a number of exact solutions of the 
diffusion equation corresponding to the growth of 
particles of a new phase have become known. Among 
these are the solutions for the sphere, the circular 
3) 


cylinder and the plate.“ A study has been made 


also of the ellipsoid, growing with constant ratio of the 


axes.'4,5 In all of these cases the particle grows with 


a velocity proportional to the reciprocal of the square 
root of time. In the present paper we shall be con- 
cerned with the foregoing solutions as well as with 
those where the particle grows with a constant velocity 


in one direction: the dendrite problem. The existence 
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im Bereich experimentell zugianglicher 
Der Wert von n betragt etwa 1,2 fiir Kre isquers¢ hnitte 


spharoidische LOsung « 


Ad variiert 
Unterkiihlungen be 
B 0 


Spezialfalle dis 


I langsam rit 


und etwa 


nthalt als bekannten 


Platte. 


of such a solution for a paraboloid of revolution was 
and the solution 


We shall begin ow 
the 


first pointed out by Papapetrou'®, 
Ivantsov™! 


the 


was later obtained by 


paper by deriving solution for parabolic 


cylinder using conventional methods (separation of 
variables). This will provide us with an interesting 
contrast between the usual approach and the method 
of Ivantsov, which we shall adopt for solving the 
problem of the paraboloid with elliptical cross-section, 
The method of 


is beautifully suited for the study of this type of 


and also for the spheroid Ivantsov 
problem if one makes the approximation that the 
particle surface is isothermal (case of solidification), 
or that the composition of the matrix in contact with 


the particle is constant (case of precipitation). 
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Fic. |. The parabolic platelet referred to stationary 
dimensional (X, Z), and 


co-ordinates. 


moving dimensionless (2, ¥) 


2. THE PARABOLIC DENDRITE PLATELET 
A family of parabolas, moving in the Z direction at 
speed V, may be represented by the equation (see 
Fig. 1) 
tf (f 


where 


R 

X, Z are dimensional stationary co-ordinates, x, z are 

dimensionless stationary co-ordinates, x, 7 are dimen- 

sionless moving co-ordinates. p and 7 are defined by 

equations (13b), (33). 

of the parabola 2f l. 


R is the tip radius of curvature 
(Indeed, the radius of curva- 
ture at any point X of the parabola is 


[1 + 


| 
d*Z/dx* 


Ryy 


and for x 0 this leads to |Rxz| 2fR.) The indi- 
vidual members of the family are distinguished by 
their focal distances F (dimensional) and f (dimension- 
less). 

From x, ¥ we may convert to parabolic co-ordinates 


3 by the formulas (see p. 501 in Ref. 7) 
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lhe individual parabolas have the equation 
& (2h). (5) 


labels the parabola, while ] is the running 


co-ordinate along a parabola, see Fig. 2. 


Here = 

The slope 

at any point of a parabola is given by 
dz dy 


(6) 
dx dx 2 2 | = 


In the light for the partial 


derivatives 
0 0 
0 0 
Ox 01) 
and for the inclination of the normal to a parabola, 
see Fig. 1, 
sin = [1] 
d4 
7 
[ (dz dx)* 


ax 


(dy dx)? | 


cos 


one finds the formula for the normal derivative (x 
N/R 


dimensionless normal) 


0 
cos sin 4 == (9) 

On Ox 0% \/(S? + 9) 
The problem of the parabolic dendrite platelet, 
growing at uniform speed JV’, is now stated as follows: 
Show that there exist temperature fields ?,, ?,, outside 
and inside of a moving parabola = = 1, which satisfy 

the equations* 

| 
K 
ox? 
K 
0X? 


so that at the freezing front = & 


(10a) 


070. 


(lOb) 
07? 


(lla) 
0, 


k k ] Lb) 
‘on 


dy V sin 6 
while at = 0: 


0. (lle) 


*; conductivity, y specific weight, « specific heat, 
k k/ye diffusivity, A latent heat of 
the freezing temperature, is as yet an unknown. We 
differences in k,, k; and ¢,, ¢;, but assume y ; 
avoid consideration of convection currents which result from 
density Henceforth we shall 
pertaining to the outside quantities. In equation (llc) we 
use the temperature at infinity as reference zero. 
(73) we call the temperature at infinity #(«). 
ingly, in the **Discussion”’ section the dimensionless tempera 
ture is defined by U eld #(0)|/A rather than by equation 
(13a). 


fusion; #, 
admit 
(in order to 
changes). omit subscript o 
In equation 
Correspond 
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-3? 


2. The parabolic co-ordinate system. §& | represents the freezing front onst | labels the isother 


outside of the freezing front. 7 is the co-ordinate along the isotherms 


In a co-ordinate system which moves forward at Similar relations hold also inside of the parabola = 


the velocity V of the freezing front, and assuming a 1. The boundary conditions (11) may now be 
stationary process, the 0/dt derivative in equation (10) written as 
must be replaced by —V0/0Z. Passing to dimension- 
less co-ordinates, equation (10a) now becomes 
OU FU 
=p 
+ tap 
where 


) 


is the dimensionless temperature, and 
p VR/2« (13b) 
is the dimensionless speed of advance (the *Peclet 
number’’). Writing 
U = ¥ exp —(pz) = ¥ exp —[p(& 
Equation (12) may be brought to the forms 
oY FF 
oy on os" Equation (15b) has the product function solution 


£2 € . 
S On | 


py 


J (&)g(y) 


Ly 
| 


where 


(18b) 
and 2/p is the separation constant. With the notation 


\ (2p)é, (19a) 


C \/ (2p), (19b) 


these equations may be transformed into (cf. Ref. 8, 


p. 116) 


(20a) 


(20b) 


If = | is indeed an isothermal freezing front, then 


the internal solution is simply 


U, =[U] 


l f 


since equation (LOb) is satisfied by #, = const 


Accordingly, the boundary condition (16b) on = 
reduces to 
at & 


d ex (m&2/9 f £) | 
Xp (po*/=) (5) | (22a) 


exp —(py*/2). (22b) 


Sut function (22b) is an elementary solution of equa- 


tion (I8b), belonging to / }, while the solution of 


equation (20a) belonging to A l (i.e. to uw 1) 


and obeying the boundary conditions (22a), (6c) is 


(Ref. 8, p. 119) 


{(&) \ (7p) exp p exp (p&/2) erfe (4 pé). (22¢C) 


Thus, the external temperature distribution is 


\/ (7p) exp p erfe ps), & | (23a) 


i.e. it is independent of 7. Therefore, the parabolas 


£ — = are isotherms. In particular, on the freezing 


front = 1, the temperature is found to be 


U, = U(1,n) 


\/ (7p) exp p erfe (\/p). (23b) 


This then is also the temperature U’, throughout the 
inside of the parabola = l. 

In conclusion we point out that had we, in place of 
equations (2) and (4), introduced dimensionless co- 


ordinates via the definition 


(X, y, Z) P(X/R, Y/R, Z/R), f pf (24a) 


L 
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we would have been led, in place of equations (12) 
and (15), to the equations 
, 
Ox? 

or 


and in place of the result, equations (23a, 


aU 


(24c) 
oF? 


(24d) 


b), to the 
result 
= (24e) 


\7 &exp (&°) erfe &. 


(24f) 


Note that in the present context the freezing front 
is represented by the parabola 


It has the tip radius of curvature (see equation 3) 


p. (25a) 


Ryy 2/R 2fR R. (25b) 


3. THE METHOD OF IVANTSOV 


In his celebrated paper” Ivantsov has adopted a 
vastly different approach to the solution of problems 
involving propagation of a freezing front. Instead of 
seeking those solutions of equation (10) which also 
satisfy the boundary conditions (lla,b,c), he seeks 
those solutions of equation (11b) which also satisfy 
By restrict- 


ing himself from the beginning to the case of an 


equation (10) and the conditions (11la,c). 


isothermal freezing front at front 


const 


he can immediately state that 


f 


throughout the entirety of the frozen body, and mak- 
ing use of the fact that for an isothermal surface the 
gradient of the temperature at the surface is parallel 
N (N,, Nz, N3) to the surface, the 


freezing condition (l11b) may be rewritten as 


to the normal 


_ aN 
“dt 


N kN: VO. 


Taking the differential of the equation 


O(t,N,,No,N,) at front (29) 


one finds 


0 at front (30a) 


at front (30b) 


} 
(? 
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(27) 
Cy) = 
(28) 
0” Ov” 
at ON, 
pt zZ—2t 
(24b) dt Ot 
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and thus equation (28) may be rewritten as 


dN 0d 
ly - A) at front 


(31) 
dt ot 


k( Vd)? 


or, in dimensionless form, as 


(2) 


where x, y, z are dimensionless space co-ordinates, see 
equation (2), and 
= xt/R* 


is dimensionless time (‘‘Fourier number’’).* 


the 


“complete integral”’ of the equation 


Ivantsov’s method is now following: The 


Ox dy az Or 


is found (by the method of separation of variables, see 


e.g. Ref. 9, p. 15) to be 


where the C, are arbitrary constants and 


(36) 
Jf 


We denote the inverse function of relation (36) by 


U D,(@). (37) 
By envelope formation (i.e. by prescribing relations 
of the C, and 

Sneddon”), p. 309) one brings U to the form 


between some elimination, see e.g. 


U = O(a). (38) 
Here @ is an appropriate combination of the variables 


¥, 2, T. 


On substituting this expression into the (non- 


dimensionalized) heat conduction equation 


39 
ar 


+ If one replaces [@U/0r];, in equation (32) by its expres- 
~ f . 
sion from equation (39) then one obtains the alternate form 


= (VU) y, (32b) 


or the freezing boundary condition. The one-dimensional 
version of this form has been used by Goodman") in a study 
of approximate methods for solving freezing problems and, 
following Goodman, also by Horvay and Edsall"), 
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one obtainst 


(Vm) 


(40a) 


(l/k)o, 
(Vm)? 
If the right side of equation (40) may he ¢ Upresse d soli ly 


in terms of « then. indeed. the solution 


(40b) 


(38) equation 
(34) 2s also a solution of equation (39). The function ® 
is then determined by solving equation (40) subject 


to the boundary conditions 

at 0: U 0 tla) 
at Q) (41 b) 
(here Q labels the freezing front) and applying the 


may be written as 


{ Vo) 


condition (32). The latter 


(p’ (42a) 


Voy (42h) 


{ | K) @, 


It establishes the relation between Q and [ 

We shall presently carry out the foregoing program 
for the elliptical paraboloid, and by specializing the 
solution to infinite aspect ratio we shall obtain the 
results of the preceding section, for the parabola 
platelet, in a more elegant manner. It will be noted 
that by the present method there is no need to use 
from 


separable co-ordinates or, indeed, to depart 


cartesian co-ordinates; nor is one limited to the study 
of freezing fronts which progress as linear or square- 
root functions of time, or to the search of shape- 
Nevertheless, 
the 


preserving solutions it will be found 


expeditious to investigate, in present paper, 


growths of these special types. 


4. THE ELLIPTICAL PARABOLOID 
Multiplying equation (35) by p and rewriting 
result, in the light of relations (25a), in the form 
C,* 
pal ) 


we obtain, upon prescribing among the ¢ 4 the relations 
Us BC, Uy (44) 


the result 


+ The relations (40b), (42b) give the dimensional expressions 
of the important formulas (40a), (42a). (Dimensionlessly: 


V2 0? / dx? dimensionally: .) 
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By differentiation of Y we 
establish three relations between the constants C', and 
the variables x, y, 7: 


with respect to the C; 


dY 


dY 
dCs 
(46a, b, c) 
We eliminate the constants (‘envelope formation”’, 
see Sneddon") by placing the expressions of C,/Cs, 
(’,/C, from relations (46a, b) into relation (46c). Thus 
we are led to the equation of the elliptical paraboloid* 
22 (47) 


of aspect ratio (ratio of X axis to y axis) 


A 
B/w) 


Vil 
Differentiation of equation (47) gives 


Ow 
ox 


2x 


Ow 
oy 


and there resultst 


(Vw)? 
V20 


Consequently, equation (40) becomes 


©” (dw/dt) — 


(50a 
(p’ (Vm)? 


(50b) 


A first integration of equation (50) gives 


dw 


(5la) 
| 


(6 is an integration constant). 


dw jw—a 


*We limit B to positive values by 
direction of the major axis. 


+ We denote (Ym)? 


By equation (42) we 
also have 

Ow/dr 
(Vw)? 


(51b) 


choosing y in the 


; Vw 0?w/ Ox? 
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and therefore 


= Vf7(Q(B + e®. (51e) 


A further integration of equation (51a) leads, observing 
conditions (4la, b) to 


o — 


(52) 
J(Q,B) 
where 

e “du 
J(w,B) (53) 
Jo 

Finally, combining equations (52) and (51c) leads to 


U, = Qy/(1 + B/Q) e2J(Q,B). (54) 


For the circular paraboloid, B =O, the function 


J(w,0) reduces to 
J (w,0) Ev (55) 
This result was given in Ivantsov’s original paper. 
The case of the parabolic platelet corresponds to 


B 


in the solutions (52), (53), we prefer to use equation 


Instead of performing the limiting process 


(50) as starting point, omitting the last term which 
represents the y variation. Then equation (50) reduces 
to 

= 


1/2 @ (56) 


and one obtains 


erfe 


(7Q) e“@erfe 4/Q 
erfe 4/Q 


which, on replacing the variables wm, Q by &?, 
seen to be in agreement with expressions (24e), 
We also note, by relation (25a), that 
i.e. Q represents the Peclet number. 
5. THE SPHEROID PROBLEM 


If, instead of relation (44), we prescribe 


then we obtain, by steps similar to equation (45), (46), 


the ellipsoid equation 


(60) 


(Gla) 


where we denoted 


ay, ‘ (61b) 


- 
> t 
Vol. 9 
1961 
48) 
(490) 
— 
(97) 
| 4 =? is 
2 2 (49b) (24f). 
(58) 
1/2 1/2 
l 
o B+o 
= | 4r. | 
For a spheroid this reduces to 
+ 2? 
| 4r 
a- W W 
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We see that the aspect ratio of an axial section (the 
ratio of the x axis to the y axis) is 


(22). 


Of the two parameters a, d, one is superfluous. 


(62) 


If 


we set @ = 0 then equation (61) becomes 


0: (a an 0 (63a) 


while if we set a = 0, then equation (61) becomes 


0. (63b) 


It is seen from equations (63a, b) that the 7 XL 


co. Thus equation (61) 
0, 


a family of oblate 


location is labelled @ 


represents, for positive @ and a a family of 


prolate spheroids when 4 
Likewise equation (61) 


0, 


spheroids when — | < 4 - 


represents, for positive @ and 4 a family of 


oblate spheroids when a a family of prolate 


spheroids when l<a-: For the sphere, w 


reduces by both equations (63a) and (63b) to 
(64a) 


and thus w’ represents the “‘reduced radius” (in the 
language of Frank); for the cylinder m reduces, by 


equation (63b), to 
(64b) 


and again w' represents the reduced radius. But for 
the plane w' does not reduce by equation (63b) to », 
when @ 1, but it does so by equation (63a) when 
a 00: 


(64c) 


order to deal with an @ of consistent physical meaning 


and thus, «! again represents the reduced radius. 


we are therefore prompted to use in the oblate 
0, 


spheroidal region the representation (63a) with a 


0, and in the prolate spheroidal region the repre- 
0, Q. 


a 
sentation (63b) with a he two repre- 


0. 


a 


sentations coalesce in the case of the sphere, a a 
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Differentiation of equation (63a) gives 


T(a 


x 


T(a v4 2m) Vo) 


while differentiation of equation (63b) gives 


a) 


Va)? 


T(a (65b) 


20)V2m 


Equation (40) now leads to 


(p” 
oblate: . 

(66a, b) 


(p” 


prolate: 


Integration and use of equation (42) gives 
oblate: 


(67a) 


‘du 
b. Cc) 


(a 


a)y/ 92 G(Q; a) (67d) 


(OSa) 


(GOSb. Cc) 
+ 4) 


a) H(Q; 4a). (68d) 


The surfaces w const (in equations 63a, b) are the 
isotherms, const, of the solutions (67b), (68b); 
the surface () is the freezing front. 


For the sphere the relations (67d), (68d) reduce to 


(69a) 


\/7 erfe +/Q2] 


For the cylinder, setting @ © in equation (66b), one 


is lead to 


a 0. a Q)) (69b) 


while for the plane front, setting a in equation 


(G6a), one is lead to 


\ erfe \ Q2. (69e) 
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The results (69a, b,c) were previously given by Ivant- 
Zener 


a,/2, 8/2 


respect ively, 
to)/4: 


SOV, and Frank, who wrote, 


where we write Q°, and wrote c(t, 


-, [(S) where we write U, 


6. DISCUSSION 
of the diffusion 


growing spheroidal 


exact solutions 
10) 


particle and for a growing dendrite, using as boundary 


have given 


We 


equation (equation for a 


conditions on the particle surface: conservation of 


mass or heat, and constancy of composition or tem- 
perature. (equation 11). The multitude of exact solu- 
tions reveals that there is insufficient information in 
these equations completely to determine the problem, 
thus, 
equations alone whether a system will have particles 


and one cannot decide on the basis of these 
or dendrites growing, and what will be their shapes 
and at what velocity will they grow. 

The latter best 
examining the 


equation (57). 


uncertainty is illustrated by 


solution for the parabolic cylinder, 


VR 


velocity and tip radius of curvature, and no clue is 


undercooling UU’, only the product 
provided in regard to the determination of either. 
What is clearly needed is a physical principle which 
gives rise to either a length or a velocity. Several 


such principles come to mind. 


(1) The Gibbs Thompson effect 

A curved surface acts as a restraining force on a 
growing particle, and the particle will not grow unless 
the surrounding medium is undercooled or super- 
saturated with respect to a particle having a flat 
If o 
radius of curvature, we have 


surface. is the surface tension and r the local 


(70a) 


W here 


c/AS (70b) 


the melting 


Here AS is the entropy of melting, 7’,, 
temperature relative to absolute zero, U,(oo) the 
flat Relation (70a) 
introduces a measure of length and has been used with 
approximate tip radii,“ 
assuming that the observed dendrite is that which 


undercooling for a surface. 


solutions to calculate 
grows fastest. There is no evidence which supports the 


latter assumption. 


(2) The effect of interface kinetics 

It is well known, see e.g. Hillig®), that there are 
viscous effects in interface motion, and that an inter- 
face will not move unless there is some driving force 
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The solution gives as a function of 


Kp) of 
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wovided, by having the interface at a temperature 
I 
(The 


equilibrium temperature is only approached on a 


below the equilibrium melting temperature. 


slowly moving surface.) The supercooling left for 
heat diffusion is a function of the velocity dN/dt: 
(aN) 


{dN} 
dt 


dt | 


( (71) 
The viscous correction term © may also depend on the 
crystallographic direction of dN/dt and thereby may 
give rise to the well-known habit directions of den- 
drites, which could not come from purely diffusional 
considerations in an isotropic melt. 

Unfortunately, both of these principles alter the 
boundary condition that the surface temperature or 
composition be constant for the spheroid and dendrite 
problems. Since this boundary condition is basic to 
the method of Ivantsov, these alterations would 
introduce great mathematical difficulties. In any case 
we believe that the solutions obtained in our paper 
would remain good approximations if we specified the 
experimentally observed tip geometry. 

In Fig. 3(a) we give the dimensionless forward 
velocity 2p V R/« of the growing parabolic dendrite 
(R is the smaller of the principal radii at the tip) in 
the dimensionless undercooling U’,, for 
various aspect ratios 7 Ly B) of the ellipti- 
B % corresponds to the para- 


terms of 


cal cross-section. 
bolic cylinder (the dendrite platelet), B= 0 to the 
It is to be noted that the 
has 
the 


paraboloid of revolution. 
velocity is not proportional to undercooling as 
been so often assumed. At small undercooling 
parabolic cylinder leads to the relation (see equation 


23) 


i.e. one finds, approximately 


4 xc? (Ad)? 
2 R (73) 


p = 


Ad 
where (00) is the temperature at infinity. Since with 
increasing undercooling R is observed to decrease, V 
is expected to increase even faster than Similarly, 
one obtains at small undercoolings for the paraboloid 


of aspect ratio close to unity 
< B/10 
B 


(74) 


/ 


U, = r 


0.5772. 


corresponding expression may be derived also for 


Euler’s constant 
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1961 
U,~ 24/p/a + pl (72) 
Ar 
4 = 
— 
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(b) 


Fic. 3. The relation between dimensionless under-cooling l’, and growth function 
{2 of the elliptic paraboloid, and the elliptical cylinder, for various aspect ratios 
J l/yvi(l B), (a) on a logarithmic scale, (b) on a linear scal For the 
paraboloid Q represents the Peclet number p,* for the evlinder 42 defines the ellipse 


r*/4r 2/47 
Q) 
* Origin of the factor 2 of Q and p on the ordinate axis: In our first write-up 


of the subject (GE teport 60 RL-2561M) we defined p V Rik (the curves were 
originally calculated for this p parameter); now we define p VR/2x. We may 


furthermore mention that (a) our present x, y, z spheroid axes were labelled z, x, y 
in the Report, (b) the Report did not introduce the boldface variables (24), (c) the 
Report contained a section listing relations of the type of equation (75) which we 


deleted in the present version. 
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3(b), the 


dimensionless velocity reaches the origin with zero 


small aspect ratios.* On a linear plot, Fig. 


slope, on a logarithmic plot it approaches the origin 
at a slope 

d\n p 
din U, 


p~0 


21 + 2 4/(p/z)], 


and therefore the slope is | at sufficiently small p and 


all oo. 


slowly and would appear linear over many orders of 


The logarithmic plots, Fig. 3(a), curve 


magnitude. 


* One readily establishes expressions for J(@.B), G(a.a), 
H(wm.a) which are convenient for numerical evaluation of U, 
pertinent 


such representative formula 


in various ranges of the paramete rs, as needed for 


Figs. 3, 4. We quote one 
e~ Bul2 

B/2 J (a, B) du 

BY 1) 


é BM/2 In M 


B 
e~ Bul2 In V 


dy (75b) 
where the last integral may be evaluated, for 0 M l ] 
by expanding the exponential in powers of 4 and integrating 
term by term. 
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10-5 io-3 
Fia,. 4, 
spheroid for various aspect ratios V 
as abscissa. 


The relation between dimensionless under-cooling U, 
02)/(a 
represents the circular cylinder, ./ l 
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The results of Fig. 3 may be compared with experi- 


mental observations. For instance, free growing 


dendrites of ice were found to grow”® in the range 
between 1 and —8°C at a rate proportional to 
(A#)?-3%. Since neither radius of curvature nor aspect 


ratio were measured, one can only say that if, in 


accordance with Fisher’s prediction,“® R is inversely 
proportional to Ai’, then the measured velocity 
temperature dependence is in good agreement with 


Fig. 3 which, in this temperature range, predicts a 
relation Voc(A?)!-3/R for B small. Thus, in contrast 
to most approximate theories, Fig. 3 indicates that 
the velocity increase is faster than A#/R; in the region 
of experimental interest the rate ranges from about 
to (Ad)!-4/R for para boloids of revolution, 
and approximates (A7)*-°/ R for the parabolic cylinder, 

At high undercooling the velocity begins to increase 
When 
U’, ~ 1, the undercooling of the liquid is so large that 
the enthalpy of the liquid equals that of the solid at 
the melting temperature. Thus heat 
diffusion problem, and if one assumes, as we did, that 


very rapidly, becoming infinite when U’, l. 


there is no 
controls the rate, the rate must become 
infinite. As U, 
enhanced growth due to this effect. An approximate 
calculation by Orrok””, taking this effect into account, 
fits this but 
progressively poorer fit at lower undercoolings. 

10-3.) 


heat flow 


approaches unity we begin to see an 


high temperature part well, gives a 
perdicts a velocity ten times too high at U, 

In Fig. 4 we give logarithmic plots of Q, the squared 
“reduced radius”’ of the spheroid, versus U’,, for aspect 
ratios 100. 16.1. G1. 0.01. 6. 


A 2, 1, 0 (cylinder, sphere, plane) were previously 


The curves 


and squared reduced radius Q of the 
{2)| plotted on a logarithmic scale with U 


represents the sphere, ./ 0 


represents the plane. 


B= « 
l 
l B 2 
In y | In 
— p \ B 
p <1/10B <1. (76) 
l 
In y—! 
2 
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AND 


shown also in Frank’s Fig. 2. It 


is seen that for 
given reduced radius Q! the sphere needs the smallest, 
the plane the largest undercooling. 

In conclusion we note that equation (79) of the 
general ellipsoid reduces to equation (54) of the 
B, as, 2. This 


shows that the thickening of an infinite elliptical 


paraboloid on setting a, = 0, a, 


cylinder obeys the same law as the thickening of a 
dendrite if we measure time from the instant the tip 
passed. The thickening of a cylinder thus has the 


same undercooling dependence. 
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APPENDIX 
Solution for the general ellipsor / 


If instead of the 63a, b) we take the 
general ellipsoid equation (60) as point of departure we find, 


spheroid equations 
I 


in place of equations (65), the relations 


Hence, instead of equatio now arrive 


By specializing to obtain the 


results (67) for the oblate spheroid, and by specializing 


a a a we obtain the earlier results (68) for the 
ellipsoid 
iously considered by 
variables. * His 
famil 


our represe ntation to be pre 


and the spheroid 
Han 

param tri 
differ 


ferable, as 


prot 


prolate spheroid The 


probl m as well) has bes 
by the method of 
representation of a 
from ours. We believ« 
cvlinder and the flat dise (the 
bers of the 


pre \ 
paratin 


member of the spheroid 


the circular plane) are thereby 
displayed as special (distinguished) men 


family 


* On making in Har formi 
t,,a°/4D 


a, his F(&,) is seen to reduce 


| 
Wr 
/ 
Vo i, 77 
l l | 
01. 9 l. = 7S 
and integration vields 
9 
4. w 
D. 
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12 
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© our L(w)/4 D 


ERRATUM 
H. R. Perrrer, Acta Met. 9, 385-387 (1961) 


Equation (4) p. 385 should read: 


Ve 
p 


The fourth line of the first full paragraph on p. 386 should read: 


“,...plotting log against 1/7'....” 
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EFFECT OF PLASTIC DEFORMATION ON RESISTIVITY 
OF GOLD-PALLADIUM ALLOYS* 


H. J. LOGIE, J. JACKSON, J. C. ANDERSON and F. R. N. NABARRO? 


The effect of plastic deformation on the resistivity of gold—palladium alloys of various stomic compo 
sitions was observed. The resistivity was found to decrease on plastic strain for alloys containing 
between 10 and 60 at. % palladium. The other alloys in the series showed an increase in resistivity on 
plastic extension. The experiments were performed at the temperature of liquid nitrogen. The annealing 
out of this resistivity change at room temperature, and the effect of extending the alloy 
perature, were studied qualitatively. 

Two theoretical explanations are investigated, The first, which depends on the local shifts of Fermi level 
produced by the deformation potential round a dislocation, predicts effects similar to those observed 


The second, based on the suppression of s—d scattering in a stacking fault, finds no independent support. 


INFLUENCE DE LA DEFORMATION PLASTIQUE SUR LA RESISTIVITE DES 
ALLIAGES OR-PALLADIUM 

Les auteurs ont étudié l’effet de la déformation plastique sur la résistivité d’alliages or—palladium ci 
composition atomique variable. Ils ont observé une diminution de la résistivité ¢ elation avec la 
déformation plastique pour des alliages contenant entre 10 et 60°, at. de palladiun es autres alliages 
de cette série montrent au contraire un accroissement de la résistivité dans les méme onditions. Les 
essais ont été réalisés & la température de l’azote liquide. L’élimination de cette variation de la résistivit« 
a température ambiante et leffet d°une déformation des alliages réalisée : empérature ambiante ont 
été également étudiés qualitativement. L’interprétation de ces résultats est envisagée de deux manicres 
différentes. 

La premiére théorie fait intervenir des modifications locales du nive: 
potentiel de déformation autour d’une dislocation. 

La deuxiéme interprétation s’appuie sur la suppression de la dispersion s 


seule la premiére interprétation fait prévoir des effets similaires 4 ceux observés 


EINFLUSS PLASTISCHER VERFORMUNG AUF DEN WIDERSTAND 
GOLD-PALLADIU M-LEGIERUNGEN 
Der Einfluss plastischer Verformung auf den Widerstand von Gold—Palladiam 
dener atomarer Zusammensetzungen wurde beobachtet. Bei Legis 
10 und 60 At®, Palladium nahm der Widerstand bei plastischer 


mung ab 
Legierungen der Reihe zeigten bei plastischer Dehnung eine Zunahme des Widerstands 


mente wurden bei der Temperatur des fliissigen Stickstoffs durchgefiihrt. Die Erholung « 
standsanderung bei Raumtemperatur und der Einfluss einer Dehnung der Legierungs 
temperatur wurden qualitatiy studiert. 

Zwei theoretische Erklarungen werden gepriift. Die erste stiitzt sich auf die lokalen Verschiebungen 


des Fermi-Niveaus infolge des Deformationspotentials um eine Versetzung. Sie sagt Effekte ahnlicl 


den beobachteten voraus. Die zweite, die sich auf die Unterdriickung dé Streuung in eine 


Stapelfehler griindet, findet keine zusiatzliche Stiitze 


1. INTRODUCTION 


resistivity depended on the degree of deformation 
It is usually found that the effect of plastic deforma- 


and on the composition Korevaar'® reported the 


tion is to increase the resistivity of metallic conductors. game effect in copper-gold alloys. The effect is not 


A few instances have been reported where the converse — e¢onfined to alloys. In pure chromium de Morton 
and for example, found found that 


is true. Thomas" below 40°C the resistivity of annealed 


that when certain gold-chromium alloys were specimens is higher than that of deformed material 
deformed their resistivity was reduced.t Weyerer™ >  éster and his colleagues’! found a decrease in 
found a decrease of resistivity at large strains in resistivity with cold work in aluminium-silver and in 
technical copper but not in pure copper. Similar many alloys containing transition metals. They 


results were obtained in gold-iron alloys by Linde™, — offered explanations of the decrease in terms of the 


and more recently Aarts and Houston-Macmillan™ — effect of short range order and “negative short range 
have shown a fall of resistivity with increasing strain order’ or clustering on the mean distribution of 


to occur in silver-palladium alloys. Aarts and electrons and holes in the upper energy bands 


Houston-Maemillan showed that the change in 


The work of Thomas and Linde was done at room 


Received December 17, 1960. i temperature, and that of Aarts and Houston-Mac- 
+ University of the Witwatersrand, Johannesburg. 
Note added in proof. Thomas observed an increas 
resistivity on annealing. covered the range of temperatures from 2 to 
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millan at liquid air temperature. De Morton’s work 
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15°C 


phase homogeneous specimens. All 


In all cases quoted the alloys were single- 
but two of the 


allovs which have shown the anomalous decrease of 


resistivity with deformation have had a transition 
metal as one constituent, which lends weight to Linde’s 
suggestion”! that it is the scattering of electrons into 
the d-shell which is most profoundly affected by 


defects in the material. Korevaar, on the other hand, 


supposes that the anomalous decrease in the case of 


further 
the gold 


copper-gold is due to ordering. To obtain 


data on which theories may be based, 
palladium alloy system was chosen for investigation. 
This system has the advantage of exhibiting solid 
the 


According to Pearson”* no superlattices have been 


solubility over whole range of compositions. 


found. The alloys can be heavily strained before 
rupturing and the system provides a comparison with 
the behaviour of the very similar silver—palladium 
system. 
2. EXPERIMENTAL METHOD 

All the observations on resistivity in this investi- 
The 
specimen, in the form of a polycrystalline wire of 
about 0.2 10 em had its 


gation were made at liquid air temperature. 


mm diameter and length, 
lower end soldered to a fixed grip. The upper end of 
the specimen was likewise fixed to a rod hanging from 
the Weights on the 


opposite pan of the balance provided the stress, and 


beam of a chemical balance. 
the strain was measured by having a mirror fixed to 
the beam of the balance and observing the reflection 
of a scale 500 cm away as the mirror rotated. Two 
potential leads were attached to the specimen and a 
Diesselhorst potentiometer was used to compare the 
potential across the specimen with that across a 
similar undeformed wire also kept at liquid air 
temperature. The procedure was to load the specimen 
so as to produce a small plastic deformation, then to 
remove the load and observe the changes in resistance 
and in strain. The fractional change in resistivity, 
Ap/p, was easily calculated and absolute values for 
resistivity were found by comparing the specimen 
resistance with a standard resistance. 

It is assumed that the specimen had a cylindrical 
form and that during deformation the change in the 
the 


specimen. Then taking R, to be the resistance of a 


cross-sectional area was uniform throughout 


specimen of length bas cross-sectional area ye density 


D, and mass M, the resistivity, py, of the specimen is 
given by 

RyAg 


R,M 


Po 


Let the specimen be extended to length J, and let 
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R,, A,, D,, p, be the resistance, cross-sectional area, 
density and resistivity, respectively, corresponding 
to the new length /,. 

R,M 


p, 


Po R,l 


Then 


and 


The density is assumed constant, and this expression 


then gives 


R 
l 


aiji,) 


where Ap is the change in resistivity caused by a 
change in length Al, and R, and R, are the readings 
on the similar, undeformed control wire that corre- 
spond to R, and Ry. 

Alloys of eight different compositions together with 
both pure gold and pure palladium were prepared and 
examined. Both the palladium and the gold were 
spectrographically pure, containing less than 0.002 
per cent impurity. They were melted under vacuum, 
drawn to the required diameter, then annealed and 
furnace-cooled before insertion in a straining device. 
Much care was required in handling the specimens 
after the 
results were to be obtained. The annealing tempera- 
The 


annealing treatment greatly affected the behaviour 


final anneal if completely reproducible 


ture was 900°C and was maintained for 3 hr. 


of the alloy in some cases. If grain growth proceeded 
until some crystallites were almost as large as the 
radius of the specimen, the deformation was no 
longer homogeneous. The resistivity of the specimen 
increased rapidly with deformation, the surface of 
the wire could be seen with the naked eye to have 
become pitted, and the cross-section was no longer 
Under the 


assumptions of the calculation are no longer valid. 


uniform. these circumstances original 
These specimens were rejected. 
The experiments were aimed mainly at finding how 
Al/i=e. In 
had 


the required amount and not ruptured, the effect 


Ap p varied with the strain certain 


cases where the specimen been extended to 
of annealing at room temperature was also studied. 
The Dewar vessel of liquid nitrogen was removed 
from the specimen, which was left at room tem- 
perature for times varying between 20 min and 24 hr. 


The specimens were then cooled again and_ their 


R l 
Pi Po 
Po Ry 
Ap RR 
l sg 0 
po \l,+ Al 
2 
_ 
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Fic. 1. 
against percentage 
gold—palladium of 
atomic percentage 


The percer 


SL/L, 


% 


itage change of resistivity plotted 
for alloys of 
proportions, 


change in length 
varying atomic 
of palladium is indicated on each 


curve, 
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resistivity measured. Neither the time of annealing 
nor the temperature was precisely known, but the 
results were thought interesting enough to be included. 
RESULTS 


3. EXPERIMENTAL 


3.1. 
The most significant results of studying the change 
Fig. 1, 


which also includes the curves for pure gold“® and 


Fractional chan of re sistivity 


in resistivity with strain are presented in 


pure palladium.®) 
It be 


atomic palladium all show a decrease in resistivity at 


will seen that alloys with 10 60 per cent 


some stage in the deformation. The decrease is most 
marked for the 40°,-Pd alloy, while at 10 per cent 
palladium the deformation makes very little change in 
p. It is characteristic of most of the alloys in this 
group that at first there is a small increase in resisti 


vity; but as the deformation proceeds, the change 


becomes a decrease and is always thus when ¢ exceeds 
3 per cent 

The values quoted for Ap p at the given extensions 
are the mean values from at least three specimens 
The spread of results due to variations from one 
specimen to another at a given composition is small 
except when the effect of plastic deformation is also 
small. The 65°,-Pd alloy, for example, 
which the degree of reproducibility was low compared 
All the results 


Is In 


one 


to one such as 40 per cent palladium 
for these two alloys are shown in Figs. 2 and 3 

The alloys which contained more than 60 per cent 
palladium all behaved normally As the palladium 
content was increased, the rate of change of resistivity 
for this 


with strain increased, reaching a maximum 


group with pure palladium 
3.2. 


Figure 4 


Re sistivity 


shows how the resistivity ot the 


undeformed alloys changes with the alloy com 


At 60 per cent palladium the resistivity Is a 


sition 


Fia,. 


gold 


4L/L, 


2. Percentage change in resistivity against percentage change in length for 
65% palladium, showing scatter of results from different specimens 
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%o 


gold 40°, palladium, as for Fig. 2. 


maximum, and there is a small but distinet dis- 
continuity in the slope of the curve at 40 per cent 
palladium. A similar discontinuity in slope is shown 
at 40 per cent palladium in the corresponding curve 


for silver—palladium.® 


» 


3.3. Change in re sistivity (Ap) 

It is not easy to decide whether Ap or Ap/p is the 
more significant measure. In most of the work in this 
field it is the latter which has been used, but cal- 


culations on the contribution which defects make to 


the total resistivity involve expressions independent 
of p. For this reason Ap is sometimes easier to inter- 
pret. 

Figure 5 shows how Ap at 10 per cent strain varies 
with alloy composition and on the same graph the 
values quoted by Aarts and Houston-Maemillan‘ for 
Ag-—Pd are displayed for comparison. 

Figure 6 shows the variation of Ap with composition 


for strains of 4, 6, 8, 10 and 12 per cent. 


20 3.4. Annealing 
After straining at liquid air temperature some of 
Fic. 4. Variation in resistivity of undeformed gold the specimens were annealed at room temperature 
palladium alloys with composition. The resistivity 


was measured at the liquid nitrogen point. and then re-immersed in liquid nitrogen, and the 
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Fic. 5. Variation of absolute change in resistivity with 
alloy composition at 10 per strain for 
palladium alloys. The corresponding curve obtained 
by Aarts and Houston-Macmillan for silver-palladium 
alloys at 10 per cent strain is also shown. 


cent gold 


resistance was measured again. All the alloys which 
showed a decrease in resistivity with plastic deforma- 
tion showed little, if any, change in resistivity when 
annealed in this way. The specimens were left at 
room temperature for 20 min before the first measure- 


ment was made. They were then left to anneal for 


about 1 day, measurements being taken at intervals. 
All the other specimens showed a decrease of resistivity 
when annealed for 20 min, after which no 
change was observed. Gold alloys containing 25 and 
50 per cent palladium were extended at room tempera- 
ture, and the change in resistivity was measured at 
room temperature. The relative change in resistivity, 
to the 


change produced at the nitrogen point in the 50°,- 


with extension was identical relative 


Ap/p, 


alloy, and the relative changes produced at room 


temperature and at liquid nitrogen temperature in 


the case of the 25°,-alloy differ by less than the 
experimental error. The relative change in resistivity 
produced in Au—Pd alloys containing 65 per cent 
palladium or more was considerably smaller when the 
experiments were performed at room temperature 
than when they were performed at liquid nitrogen 


temperature. 


3.5. Stress—strain curves 
Figure 7 is a straightforward plot of stress versus 


strain for the various alloys in the plastic region. 
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4. THEORETICAL INTERPRETATION 

We shall consider the present results on the gold 
palladium alloys in conjunction with the very similar 
Aarts the 


silver—palladium alloys. Since the atomic numbers in 


results of and Houston-Macmillan on 
the present alloy are very different, we shall assume 
that the lack of X-ray or 
superlattice formation means that in fact no appreci- 


any other evidence for 


able short range ordering or clustering occurs. <A 
search for ordering or clustering using modern X-ray 
techniques would be of interest. 

The decrease of resistivity on plastic deformation 
the presence of 
d-shells. Follow- 
that the d-shells 
contribute to the resistivity by allowing the s-electrons 


d-states 


appears to be associated with 


atoms with unfilled 


(14) 


palladium 


ing Coles we shall assume 


of high mobility to make transitions to 


rather than by causing spin-disorder scattering 


within the s-band. Thus the principal contribution 
to the resistivity is proportional to the density of 
states at the Fermi level in the d-band. 

In general the theory of the electric resistivity 
produced by random static internal strains is the 
same as the theory of the electric resistivity produced 


by thermal vibrations at temperatures well above the 


Fic. 6. Variation with strain of absolute change in 


resistivity for gold—palladium alloys of various composi 
tions 


\ | 
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Longitudinal stress versus strain for the various 


Fic. 7. 
gold—palladium alloys, at liquid nitrogen temperature 
that static 


Our observation 


internal strains decrease the resistivity at a 


Debye temperature. 
fixed 
temperature finds a parallel in the observation that 
the resistivity produced by thermal vibrations in palla- 
dium and platinum increases less than linearly with 
temperature at high temperatures. Mott 5) explained 
the latter observation in terms of the curvature of the 
function \,(#) giving the density of states in the 
d-band as a function of energy. At high temperatures, 
electrons are found both above and below the Fermi 
level. Since V (2) is roughly of the form (£, — £)"?, 
the mean value of V(/) for a Fermi distribution of £ 
at high temperatures is less than the value of N (E£) 
at the Fermi level. 

In a metal which contains inhomogeneous dila- 
tations there is a flow of conduction electrons from the 
compressed to the expanded regions. To a reasonable 
approximation”® this shift may be represented by a 
deformation potential which is proportional to the 
dilatation and represents a shift of the local Fermi 


level with respect to the N(Z) curve. In the present 
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model we are concerned with quadratic effects. If, 
however, we tentatively assume that the shift in the 
local Fermi level is in fact linearly proportional to the 
local dilatation, and remember that the mean value 
of the dilatation in a self-stressed body is zero, we 
see at once that if the graph of N,(2£) is concave 
downwards, internal strains will contribute a negative 
term to the resistiv ity analogous to the term discussed 
by Mott, while if the graph is concave upwards this 
The curve for 
palladium is likely to be very similar to the curve for 


contribution will be positive. 


nickel, which has been computed by Fletcher“, and 
The 
“paramagnetic Ni’ corresponds to 0.3 vacant states 
Mott 


Jones“), palladium has 0.275 such vacant states, so 


is reproduced in Fig. 8. vertical line marked 


of each spin per atom. According to and 
that the Fermi level lies a little to the right of the line 
drawn, in a region where d?2.\V_(2£)/dH? is small. If 
gold or silver is added, the Fermi level moves up to a 
region where d?.V_(2)/dE? is positive, then to region 
of negative curvature, and finally the d-band fills at 


about 55 per cent gold or silver. This very simple 


picture would predict that there is a band of com- 


positions centred near 50 per cent palladium in which 
random internal strains may make a negative contri- 
bution to the resistivity. 

We proceed to a rough estimate of the order of 
magnitude of this effect. If the mean square change 
in the local Fermi level produced by internal strains 
is (AE)?, we expect a fractional change in resistivity 
Ap (AE)? 


p N (E) 


given by 


The (2) curve falls irregularly from four states per 
electron volt to zero in little more than 1/10 eV, so 
d?N (E)/dk* is of the (eV)-. 


Hoare et al."® have made at least a rough experi- 


order 800 states 
mental estimate of the V,(£) curve for palladium by 
measuring the low-temperature specific heats of a 
series of Pd—Ag alloys. Their curve, shown in Fig. 8, 
gives values of d?\_(E)/dk* of the same order. We 
shall take V(/2) for the alloys to be one state (eV)~!. 
For a dilatation ¢ the shift AZ is“® of order AF 
2Ce/3, 
the s-band, so that AE = 2eeV. The strain at a 


distance r from a dislocation with Burgers vector > is 


where € may be taken as the Fermi energy in 


b/2mr, so if dislocations are separated by 


of order é 


average distances R we have 
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(E) 


netic nicke 


F erromagnetic 


w 


Poram 


States of each spin/atom/eV N, 


E, 


Fic. 8. Density of states curves V,(#). The full curve 
is that calculated by Fletcher for nickel, showing the 
ferromagnetic and Fermi levels. Th 
dashed curve is that determined experimentally by 
Hoare et al.“*%, the Fermi level for 
superposed on that for paramagnett 
2 0.3 holes in the d-band in each cass 


paramagnetic 


palladium being 


nickel to give 


For the moderate strains used in these experiments 
the dislocation density is likely to be about 3 » Lo!’ 
3 em?, while = 10-15 
5 (eV 


This is of the order observed 


giving 
This leads to (AZ)? +3 LO 


» 10 


Ap p— - 


em~?, 
em?. and 
A more detailed theory would have to be based on a 
theory of the deformation potential in transition 
metals. 

possible if 


An alloys 


normal 


An alternative explanation might be 
plastic deformation of the Pt-Ag and Pt 
formed large areas of stacking fault. In a 


metal such faults increase the resistivity.°) However, 


they may be regarded as thin layers of hexagonal 
packing inserted in the close-packed cubic lattice 
If, in the hexagonal structure, the top of the d-band 
is depressed below the Fermi level, the special 
mechanism of s-d scattering is suppressed in the 
stacking faults, which act as regions of higher con- 

In the usual theory of the 
cold calculated 


contribution of dislocations is an order of magnitude 


ductivity than the matrix. 


resistivity produced by work, the 


less than the value suggested by the experimental 


observations, while the contribution of stacking 


faults may be of the required order of magnitude, 
We may therefore expect that the decrease in resis- 
tivity suggested here will, if it occurs at all, be of the 


order of magnitude of the observed effect Measure 
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ments of the change of resistivity of alloys of osmium, 
rhenium or ruthenium at the transition from hexagonal 


to cubie do not seem to he available For the terro- 


magnetic alloys of cobalt with nickel and iron the 
phase change produces no large change in either 
electrical resistivity or saturation magnetic mom- 


ent,!-*®) so that there is no independent support for 
this suggestion 
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MECHANICAL PROPERTIES OF AN IRON-CARBON ALLOY DURING 
ALLOTROPIC TRANSFORMATION* 


M. DE JONG? and G. W. RATHENAU?* 


The mechanical weakness during the allotropic transformation of polycrystalline iron 2 :% 


C has 


been investigated. Measurements of the angular twists obtained by transforming the alloy under different 


torsional moments are presented. The twists are a linear function of the moment applied. 


material constants with which the 


The 


mechanical 


weakness of various polycrystalline materials 


during transformation seems to be correlated are: (1) the difference in specific volume of parent and 


product phase, AV/V; 


(2) the strength of the material near its transformation temperature expressed 


e.g. as the average yield stress S, or the average hardness H of the two phases. 
The remarkable drop of the external yield stress during the transformation of various polycrystalline 


materials is explained on the basis of a model in which it is assumed that, owing to the difference in 


specific volume of the parent and the product phase, internal stresses are produced during transformation. 


PROPRIETES MECANIQUES D’UN ALLIAGE FER-CARBONE 


AU COURS DE LA 


TRANSFORMATION ALLOTROPIQUE 


Les auteurs ont étudié la faiblesse mécanique présentée par un alliage polycristallin fer 2% 


0,2°, carbone 


au cours de la transformation allotropique, a l’aide de mesures de torsion angulaire résultant de la trans 


formation de lalliage sous différents moments de torsion. 


I] existe une relation linéaire entre ces torsions angulaires et les moments appliqués. 


Les facteurs dont 


dépend le comportement mécanique de différents matériaux polycristallins au cours d'une transformation 


semblent résulter: 
l de la différence du volume spécifique 


AV 


formation, 


‘ntre les deux phases intervenant dans la trans 


2 de la résistance de l’alliage au voisinage de la température de transformation exprimée par exemple 


comme la moyenne de la tension de rupture S 


La chute appréciable de la tension de rupture au cours de la transformation s’explique a l'aide d’un 


modeéle qui fait intervenir des tensions internes pendant la transformation. 


différence de volume spécifique entre les deux phases. 


KIGENSCHAFTEN 
WAHREND 


MECHANISCHE 


Die mechanische Schwache von polykristallinem Eisen 
Messungen der Verdrillung, die sich ergibt, wenn man die 


Umwandlung wurde untersucht. 


unter verschiedenen Torsionsmomenten sich umwandeln lisst, zeigen, dass dis 


Funktion des angewandten Momentes ist. 
Die 
Materialien abhangig zu sein scheint, sind: 


neugebildeter Phase, AV/V; 


Materialkonstanten, von denen die 


EINER 
ALLOTROPER 


mechanische 
(1) die Differenz der spezifischen Volumina von Matrix und 


ou de la dureté H des deux phases. 


Celles-ci sont dues a la 


EISEN-KOHLENSTOFF-LEGIERUNG 
UMWANDLUNG 
0,2 Gewichts®, C wahrend der allotropen 
Legierung 
Verdrillung eine lineare 
verschiedener 


Schwache polykristalliner 


(2) die Festigkeit des Materials in der Nahe der Umwandlungstemperatur, 


ausgedriickt etwa durch die mittlere Fliessspannung S, oder die mittlere Harte H der beiden Phasen. 


Die bemerkenswerte Abnahme der aéusseren Fliessspannung wahrend der Umwandlung verschiedener 


polykristalliner Materialien lasst sich verstehen auf Grund der Annahme, dass infolge des unterschied 


lichen spezifischen Volumens von Matrix und neugebildeter Phase 


Spannungen auftreten. 


wahrend der Umwandlung innere 


1, INTRODUCTION 

In a preceding article”) measurements have been 
presented of the changes in length of specimens of 
pure iron and two iron alloys (Fe + 0.008 wt.°, N and 
Ke 0.2 


external tensile loads. 


wt.°, C) while transforming under different 
The present article describes 


the measurements of the angular twists obtained by 
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°,,Calloy under different 
the 


plastic 


transforming the Fe—0.2 wt. 


have 
the 


moments. 
the 
deformation to be investigated need not be corrected 


torsional These experiments 


advantage over tensile ones that 
for thermal expansion. Moreover, the contraction and 
expansion of the specimens due to the change in 
volume do not enter as such into torsion experiments. 

The material constants with which the effect under 
consideration seems to be correlated will be discussed. 

Finally a simple model will be described which may 
account for the remarkable drop of the external yield 
stress during transformation. In the foregoing paper”? 
it had been shown that the minimum external stress to 
be applied to the iron alloys investigated in order to 
elongations during transformation 


obtain plastic 
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thermocouples 


quartz tube 


Was 


furnace 


x 


waterz—— 


the 
wire; 

the 
mirror, part of the optical 
The 
moment 1s applied through the field of the Helmholtz 
coil L the permanent kK. The 
apparatus was evacuated (= 10-5 mm Hg) or filled with 


drawing of 
test 
rods, 


Fic. 1. Schematic 
sional 
chucks; C 
suspended in damping oil; Rk: 


apparatus tor tor 
B: molybdenum 
was 


measurements is 


and ( quartz lower one 


system for measuring the angles of twist torsional 
which acts on magnet 


yas. 
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appeared to be negligibly small.) Similar results 


have been reported for other metals and alloys (4—6) 
2. EXPERIMENTAL PROCEDURE 

Drawn wires of the iron—carbon alloy were obtained 

D. Fast, Eind- 


diameter: 0.05 


through the courtesy of Professor J. 
hoven.'”) The wires (length: 10 em: 
cm) were treated in the same way as described in our 
preceding paper.”’ The torsional measurements were 
carried out in the apparatus schematically drawn in 
Fig. 1. 


with an accuracy of 5’ 


was measured optically 
The torsional moment VW 
M is 0.3 


The temperature gradients over the test 


The angle of twist 
was applied magnetically The error in 
per cent. 
wires were kept constant by automatically controlling 
the input power of the four separately wound heating 
elements of the furnace (one element was wound over 
the full length of the furnace and three were wound at 


the upper, middle and lower parts, respectively) 


3. RESULTS 


torsional measurements on polycrystalline 


specimens of the iron alloy 


orains per cross- 


as a function of the 


sectional area), were well reproducible 2 shows 


an example of the angular twist 4g 


temperature. The wire was subjected to a torsional 


moment .V/ 


150 dyn em (1 dyn em ~10-? g em) 


while passing the whole (z region both ways 


equilibrium the two phase region extends between 72: 
of heating 


and 825°C). In these experiments the rates 


constant the 


different 


were kept except neal 


The 


<d with the two transforn 


and cooling 


slopes in the 


highest temperature 


figure can be correlats itions 


the pearlite—austenite 


taking place near 723°C 


the 


Lustenite 


imately 


rhe 


transformation and in interval of appro» 


723 ferrite ormation 


825°C the transi 


indicated in the caption 


relevant parts of the curve are 
of Fig. 2 

The different 
than in the « 


part oO more 


of the tensile tests compa 


with Figs. 5 and 6 of the preceding articl 


arises from the fact that in torsion thermal ¢ 


and the changes in dimensions of the wire due to the 


measured i such 


ol 


ive not directly 


change in volume 


The continuous parts on both sides the two | hase 


region are nearly constant, only showing som Cree}, 


transformation 


The angular twists during the « —> 7 
(q,) and the vy — « transformation q were obtained 


by extrapolating the continuous parts on both sides of 
dotted lines in the hgure 


the ’)-region 


The wires were always subjected to a tensile stress 
of 250 g/mm? due to the dead weight of the measuring 


apparatus attached to the end of the wire. Separate 


"pump 
N 
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M:150dynecm 
66 


Fic. 2. Change of angular twist of a wire 
of a polycrystalline iron alloy (0.2 wt.% C) 
while passing the whole (x y)-region 
both ways under a moment M 150 dyn 
cm. The rates of heating and cooling were 
constant (~3°C/min) except near the 
highest temperature. The parts of the 
curve correspond with the following 
processes: A’: beginning of dissolution 
ot pearlite and start of the ferrite 
austenite transformation; P’: pearlite 


dissolution completed; gq: transformation 
into the y-phase completed; g’: start of 
the re-transformation; FP: start of the 
pearlite transformation; A: re-transform 


Twist(degree/cm) 
Shear strain(%o) 


ation completed. The angular twists P 
and @, are arrived at as indicated by 
the dotted lines. Vacuum: 10-> mm Hg; 
temperature gradient along the axis of 
the wire: 2$°C/em; grain size: 75 
tensile stress along the axis of the wire: 


4 
g/mm-. 


800 


Temperature(®°C) 


Torque (dynecrm) 
500 1000 


Fic. 3. The angular twists g, and @, 
and the resultant twist (@, P2) as a 
function of the applied moment MW, ofa 
polycrystalline iron alloy (0.2 wt.% C) 
undergoing the « — y and the y > « 


transformation, respectively. Correc 
tions for the variations in length 
(initially 10 em) and radius of the wires 
(initially 0.05 em) are made by plotting 
the shear strain y, at the surface of the 
wires against the shear stress 7, acting 


7 


Shear strain 
Twist (degree/cm) ——» 


on this surface, as well as gm versus M. 
The twists due to the dissolution and 
formation of the pearlite are included. 
Experimental conditions as in Fig. 2. 


400 


Shear stress (Y%pm2) —e 
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measurements showed that this uni-axial stress did 


not affect the torsional effect. However, in conse- 
quence of the mechanical weakness of the wires during 
transformation, the load elongated the wires during 
each cycle by 0.3 per cent while their diameter was 
accordingly reduced by about 0.15 per cent. 

Figure 3 represents the angular twists g, and q,, and 
the resultant twist (q, G2) as a function of the 
moment . applied. 


length and radius of the wires were made by plotting, 


Corrections for variations in 
instead of g versus .V, the shear strain at the surface 
of the 
acting on this surface: 7, 


wire: ¥, gq * R/L against the shear stress 
M /47 R°. 


M is the torsional moment 


Here @ is the 
angular twist of the wire; 
applied; L and R are the length and the radius of the 
The 


through the origin in analogy to the curves found in 


wire, respectively. curves are straight lines 
the case of tension.”’ It is remarkable that the slope 
of the curve for q, is less steep than that of curve qo. 
In Fig. 4 the tensile and the torsional measurements 
on the Fe—0.2 wt.°, C alloy are compared. They can 
be combined into one curve by plotting on the same 
axes: Al/l against o, and y, against 27,. This pro- 
cedure is in agreement with the empirical relation 


known in the case of ordinary plastic deformation of 


polycrystalline materials where, at the same applied 


stress, the plastic strain in torsion is about twice the 
strain obtained in tension.'® 
4. MATERIAL CONSTANTS WITH WHICH THE 
MECHANICAL WEAKNESS SEEMS TO 
BE CORRELATED 
One of the parameters is the change in specific 
volume AV/V. 


two processes which lead to excess elongations and 


This can be understood by considering 


which have been reviewed in our preceding article: 
(a) Owing to the difference in density of the parent 


and the product phase, internal stresses are 


1.5 


Fic. 4. The excess elongation of a poly 
crystalline iron alloy (0.2 wt.®% C) due to a 
both-ways passage through the (« y)-region 
as a function of the uni-axial tensile stress 
(filled circles). On the same axes are plotted 
for this alloy the shear strain y, at the surface 
of the wires obtained after a both-ways passage 
through the (« y) region against “‘twice’’ the 
shear stress 7, acting at this surface 
circles). The two series of points are the same 
as in Fig. 7 of our preceding paper" and as 
in Fig. 3, respectively. 


oO 


(open 


Elongation ——» 
Shear strain —» 
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The 
material \ ields to the superimposed external 
the 


thought to occur during transformation 


stress at a lower value because of pre- 


existing internal stresses. Excess elongations 


are to be expected at even small external 
stresses if these stresses remove the equivalence 
of the slip systems which are activated by the 
change in volume. 
During transformation, especially in the mar- 
tensitic case, out of the possible modes of 
transformation those are favoured which allow 
the largest elongation in the direction of the 
external stress 

From model (a) it follows that no excess elongations 


expected if AV/V ) the 
b) the maximum elongation to be 


are to be For process 
mentioned under 
expected IS Enax ~ AV/V if both phases are cubic 
Another important parameter is the strength of the 
material, expressed e.g. in the average yield stress So, 
or the average hardness H of the two phases near 
their transformation temperature, or for alloys within 
the two-phase region. This is supported by the curves 
given in Fig. 7 of our preceding paper.”) This figure 
plot of the elongation versus stress of 
the 


represents a 
different 
change in volume (AV/V ~ 1 per cent). The weakest 
the Fe-N alloy, (highest 


temperature) can be seen to result in the steepest 


three iron alloys having about same 


material, transformation 
curve (A). 

In Fig. 5 we have replotted for different metals and 
alloys the total excess elongation, obtained after a 
both-ways passage through the transformation tem- 
perature, as a function of stress on the dimensionless 
(Al/l)/(AV/V) o/H (H is 
expressed in the tension belonging to Vickers hardness). 
The hardness H has been used instead of the yield 


and reduced scales and 


stress So because, especially at higher temperatures, 


m? 


800 1200 
2x Shear stress ——e 


Tensile stress ——e 
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oO 


Change of volume AV/V 


Elongation 


6 


-2 
9 12 


Stress /Hardness 


Fic. 5. The excess elongation Al// for different polycrystalline metals and alloys 
obtained after a both-ways passage through the transformation temperature, as a 


function of stress o, plotted on the dimensionless and reduced scales: 


and o/H. (AV/V: the 


change 


in specific volume; H: the average 


(Al/I)/(AV/V) 


Vickers 


hardness of the two phases near their transformation point, or for the alloys at 


the temperature 7’ at which the alloy can be assumed to consist of equal amounts 


of both phases according to the equilibrium phase diagram.) For numerical data 


see Table 1. 


measurements of S, are masked by creep whereas creep 
is negligible in hardness measurements.’ For the 
pure metals the average hardness H of the two phases 
at their transformation point has been used and for the 
alloys the average hardness of the two phases corre- 
sponding to the temperature 7’ at which, according to 
the equilibrium phase diagram, the alloy can be 
assumed to consist of equal amounts of both phases. 
Although H and AV/V 


(Table 1) and have been taken from different observers 


cover a wide range of values 


for different materials, the curves scatter only by a 


factor of 2. This supports the assumption that the 


Numerical values of AV/V 


"ABLE 1. 


and Hf used in Fig 


mechanical weakness is largely determined by the 
AV/V of the 


material, e.g. its hardness H. 


change in volume and the strength 


5. YIELD STRESS OF POLYCRYSTALLINE 
MATERIALS DURING TRANSFORMATION 
It can be seen (e.g. from Fig. 5) that for the Fe—0.2 
wt.°,, C alloy and the Fe—0.008 wt.°,, N alloy and also 
for Co and NiFe the excess elongation versus stress 
This indicates that the 


minimum external stress to be applied to these trans- 


curves go through the origin. 


forming materials in order to obtain plast ic elongations 


5. H is the average value of the Vickers hardness 


in the two phase s H, and H,) near the transformation temperature or, for the alloys, within the two phase 


region 


Alloy ‘ransformati 
temp. (4 

0.008 N 95-905 

0.2 wt.% ¢ 23 

0.23 wt.% C 

other impur 700 


~S800 

ities’ (steel) 

30wt.°,, Ni 30 
~400 

39.2 wt.% Zn —50 


0.44 wt.% Mn; 0.016 wt.% P; 


H, H, 


(kg/mm?) 


12 


14 


) 
» 


0.035 wt.°, as main impurities, 


’ Assumed to be approximately equal to the pure alloy. 


Derived from Chubb’s values." 
(a 


Krom measurements on the pure alloy at room temperature, 
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AND 


” 


is negligibly small. On the other hand, for the 6’—/ 
transition of a CuZn alloy (60.8 wt.°, Cu, balance Zn) 
the external yield stress does not vanish but is lowered 
from 22 kg/mm? in the /’-phase to 4 kg/mm? during 
transformation.©) These results can be understood on 
the basis of model (a) mentioned in the preceding 
section. It may be assumed that, except for the 
CuZn-alloy, during transformation the materials are 
already in the plastically deforming state because of 
internal stresses produced by the change in volume 
AV/V. 

These stresses can be roughly estimated in the 
following way: Let us consider a transforming crystal 
completely embedded in bulk material as in the iron 
alloy. The cry stal will be approximated by a sphere of 
radius a (Fig. 6); the material is considered to be 
isotropic, incompressible and perfectly plastic; stress 
fields produced by neighbouring transforming centres 
will be neglected. During transformation the volume 
of sphere a changes by AV/V -} za* 
of the material outside this sphere: 


causing a radial 
displacement, w,, 
AV a@ 


9 


(7 a) 
3 J re 


and a radial strain, ¢, 


(r a). (1) 


2 AV @& 


3 J r3 


The displacements are maximal near the surface of a 


so that any plastic deformation will start at this 


surface. Let the concentric sphere c (Fig. 6) be the 


transforming 
centre 


plastic state elastic state \ 


A 


Fic. 6(a). Schematic drawing of a spherical trans- 
forming centre with radius a, completely embedded in 
bulk material. The surface of the sphere with radius c 
separates the plastically deforming region (a r c) 
from the elastically deforming one (c r b — ow). 
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surface separating the plastic (a c) from the 
elastic region (c r=b— oo). 

In the the 
stresses," on the assumption of an infinite medium, 


elastic region radial and tangential 


are 


is the radial tension acting on surface c). In 


(—P. 


this region also Hooke’s law holds, giving 


Here / is Young’s modulus of the material surrounding 
sphere a. 

In the plastic region the stresses satisfy the \ ield 
criterion, for which the criterion of maximum shear 
stress") js adopted here. This criterion says that ata 
certain point plastic flow sets in when the maximum 
of the stresses acting on that 
first 


shear component 7,,,. 
point equals a critical shear stress 7). At a 
approximation t, = $S,,‘%) where S, is the yield 
stress measured in tension. Application of this yield 
criterion gives 


=) (4) 


At the surface 7 
valid. This gives us the opportunity to estimate the 


Cc both expressions (2) and (4) are 


outer surface c of the regions being in the plastic 


state. 


radial and tangential stresses and their 
any one point 


Fic. 6(b). The 
shear components 7, 
within sphere b — o. 


and 7, acting in 


0, P 
r3 
\=) 
0, P 
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TABLE 2. Values of Q, 3/¢3 
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according to equation (5) for different metals 


and alloys 


AV™ 


Alloy 


0.008 wt.% N 
0.2 wt.% C 
0.23 wt.% C 
other impurities 
30 wt.% Ni 

Co 

Cu 39.2 wt.% Zn 


‘@) For references see Table 1. 


So E 
(kg/mm?) (kg/mm?) 


1200007 
1350007) 


1450007) 
150000) 
gis) 1900007 
80000®) 


6) 


Extrapolated from measurements of Sy on commercial steels up to 


700 (44,15 


From (1)-(4) it follows that 
(5) 


Expression (5) denotes that for Q, 1 the change in 
AV/V of 


plastic deformation in the 


volume the transforming centre causes 


surrounding material, 
while for Q, | only elastic deformations will occur. 
Table 2 shows the values of QY, obtained for different 
They 
said in explanation of the 
But no 


duced by the change in volume during transformation 


metals and alloys. agree with what has been 
experimental results given 
e.g. in Fig. 5. plastic deformations pro- 
are to be expected for the Cu—Zn alloy. In this case 
the internal stresses acting on the surface r = a have 
been estimated from equation (5) by replacing Sy by 
the stress to be calculated and substituting c/a - 
The transformation stress of 16 kg/mm? thus found is 
in unexpected good agreement with the experimental 
value of 18 kg/mm? derived from the yield stress of the 
alloy near its transformation temperature (22 kg/mm?) 
and the external yield stress measured during trans- 


formation (4 kg/mm2?).° 
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SUBSTRUCTURE FORMATION IN IRON DURING CREEP AT 600°C* 
F. GAROFALO,+ L. ZWELL,+ A. S. KEH+ and S. WEISSMANN? 


Structural changes in iron during creep at 600°C under constant stresses of 176 and 550 kg/ m” were 
investigated by means of several different techniques. These techniques include metallographic 
examination, high resolution X-ray methods and transmission electron microscopy 

Quantitative measurements show that with increasing creep strain the subgrain size remains constant 
but the disorientation between subgrains increases and the lattice misorientation within the subgrains 
decreases. No pile-up groups of dislocations are observed. 

Gross grain deformation accounts for about 25—30 per cent of the overall strain. This finding indicates 
that grain-boundary shearing is a prominant deformation mode for iron under the conditions of tempera 
ture and strain rate investigated. Extensive void formation in grain boundaries is found and is attributed 
to the predominance of grain-boundary shearing. 


FORMATION DE SOUS-STRUCTURES DANS LE FER AU COURS DE FLUAGE a 600°C 

On a observé des modifications structurales du fer au cours du fluage A 600°C sous des tensions con 
stantes de 176 et 550 kg/em?. Les techniques d’examen utilisées comprennent observation métallo 
graphique, des méthodes de rayons X a haute résolution et la microscopie électronique par transmission 
Les auteurs ont mesuré quantitativement que la taille des sous-grains demeure constante lorsque la 
déformation de fluage s’accroit mais que la désorientation entre les sous-grains augmente parallélement 
d’ailleurs & une diminution de la désori entation réticulaire a l’intérieur des sous-grains. Ils n’ont pas 
observé de barriéres de dislocations. La déformation macroscopique des grains intervient pour 25 a 30° 
de la déformation totale. 

Ces résultats indiquent que le cisaillement aux joints des grains est un mode de déformation qui revét 
une certaine importance dans le cas du fer et pour les conditions de température et de vitesse de déforma 
tion étudiées. 

Une formation importante de trous aux joints des grains a été observée et est attribuée a cette pre 
dominance du cisaillement aux joints. 


DIE BILDUNG EINER SUBSTRUKTUR IM EISEN WAHREND 
DES KRIECHENS BEL 600°C 

Mit Hilfe von verschiedenen Methoden wurden strukturelle Anderungen im Eisen wahrend de 
Kriechens bei 600°C unter konstanten Spannungen von 176 und 550 kg/cm? untersucht. Diese Methoden 
umfassten metallographische Untersuchungen, hoch auflésende réntgenographische Verfahren und 
elektronenmikroskopische Durchstrahlung. 

Quantitative Messungen zeigen, dass die Subkorngrésse mit zunehmender Dehnung beim Kriechen 
konstant bleibt, jedoch nimmt der Orientierungsunterschied zwischen den Subkérnern zu und di 
Missorientierung des Gitters innerhalb der Subkérner nimmt ab Es wurden keine aufgestauten 
Versetzungsgruppen beobachtet. 

Nur 25 bis 30% der gesamten Dehnung kann durch die Gestaltsanderung der einzelnen Korner erklart 
werden. Dieser Befund zeigt, dass Scherung in den Korngrenzen ein sehr bedeutender Verformungs 
mechanismus des Eisens im hier untersuchten Bereich der Temperatur und der Dehnungsgeschwindig 
keiten ist. In den Korngrenzen wurde ausgiebige Porenbildung gefunden und dem Vorherrschen de 
Korngrenzenscherung zugeschrieben. 


INTRODUCTION 


other hand, finds that grain-boundary shearing contri 
Many investigators’! studying the structural 


butes only a small portion to overall creep deformation 
changes during primary and secondary stages of creep and ascribes a pre-eminent role to slip processes and 
have noted a close interconnection between substruc- substructure formation.“®!” The experimental ap- 
ture formation and deformation by slip processes and, proach of McLean differs from that of Rachinger in at 
in some cases, by grain-boundary shearing. Opinions least one important aspect Whereas McLean’s 
concerning the relative significance of various modes observations relate to structural changes on free 
of deformation during creep appear to be divided. external surfaces, Rachinger based his conclusions on 


tachinger® and to some extent Grant ef al."3!5) measurements of grain diameters well within the 
attribute considerable importance to grain-boundary deformed specimen 


shearing as a mode of deformation. McLean, on the This investigation aims to elucidate the structural 


modifications associated with primary and secondary 


* Received January 23, 1961. ; 
+ Edgar C. Bain Laboratory for Fundamental Research, Stages of creep by means of metallographic, high 
U.S. Steel Corporation fesearch Center, Monroeville, 
t Rutgers University, New Brunswick, New Jersey. methods. Most of the investigations on substructural 


ACTA METALLURGICA, VOL. 9, AUGUST 1961 


resolution X-ray and transmission electron microscopy 
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been made on_ face- 
this 


focusses its attention on the study of body-centered 


changes during creep have 


centered aluminum; however, investigation 
iron. Furthermore, the methods employed here permit 
the observation of substructural changes well below 


the external surface of the deformed specimens. 


EXPERIMENTAL PROCEDURES AND RESULTS 


(1) Spe cimen pre paration and testing technique 


The purified iron studied in this investigation 
contained impurities such as carbon and_ nitrogen 
ranging as high as 50 and 30 p.p.m., respectively, and 
a total impurity content of at least 100 p-p-m. The 
iron was cold-reduced from a 0.50-in. to a 0.125-in. 


diameter bar in two successive operations. An 


annealing treatment of | hr at 600°C in vacuum was 
The 


iron was finally drawn to wire 0.1 in. in diameter, and 


employed after each cold-reducing operation. 


civen an annealing treatment at 870°C in vacuum for 
24 hr. 

Most of the creep specimens were 3 in. in length and 
0.1 in. in diameter, and were subjected to a constant 
tensile stress of 550 kg/cm? at 600°C. The tests were 
made in vacuum, maintained at about 10-°> mm Hg, 
and the stress held constant by means of an Andrade 
The 

measured 
1 


Chalmers-type beam. creep strain was deter- 


mined from extensions with a dial gage 


sensitive to a change of 10~4 in., corresponding to a 


strain of 5 l0-®. Four specimens were tested until 
the respective true strains of 0.09, 0.15, 0.20 and 0.22 
The creep curves for these specimens 
l(a). 


strain the stress was removed and the specimen cooled 


were reached. 
are shown in Fig. Upon reaching the desired 
to room temperature in the apparatus under vacuum. 
Longitudinal sections of each specimen were then 
carefully electropolished and subjected to metallo- 
graphic and X-ray studies. The latter included X-ray 
reflection microscopy and diffraction analysis based 
on a double crystal diffractometer principle.“®&! 
Direct the 


developed during creep has also been made on one 


observation of dislocation network 
specimen by means of transmission electron micros- 
copy.“° For this observation a sheet specimen, 
0.020 in. thick and 0.5 in. wide over a 2.0 in. reduced 
section, was prepared by initially hot-rolling the 0.5 in. 
bar stock to a 0.04 in. sheet. Following an annealing 
treatment at 600°C for 1 hr, the iron sheet was cold- 
rolled to a thickness of 0.02 in. then annealed at 600°C 
for 4 hr. The specimen was tested under vacuum as 
before at 600°C under a constant stress of 176 _kg/em? 
The creep 


until a true strain of 0.08 was reached. 


curve for this specimen is shown in Fig. 1(b). Samples 
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TRUE STRAIN 


40 60 


80. 100 120 140 160 180 
TIME, HOURS 
iron at 600°C under 


reep curves for 


constant stress of 500 kg/em?. 


TRUE STRAIN 


10 20 30 40 50 60 70 
TIME, HOURS 


Creep curve for iron sheet specimen at 600°C 


under a constant stress of 176 _kg/em?. 

were removed from the reduced section and thinned 
by electropolishing*) to a thickness of 2000-3000 A 
for transmission electron microscopy studies. Upon 
examining the creep curve in Fig. 1(b) it is found that 
a strain of 0.08 represents a position well within 


secondary creep for the sheet specimen tested. This 


position corresponds very nearly to that found in the 


cylindrical specimen for a strain of 0.20 (Curve IIT, 
la). 


structural changes in these two specimens should be 


Fig. It would be expected therefore that the 


similar. 


(2) Structure of annealed material 
The the 
investigation is shown for the annealed condition in 


microstructure of iron studied in this 
Fig. 2. In this condition no real evidence of delineated 
substructure was revealed by various etching tech- 
niques. However, some grains do exhibit features 
which might be interpreted as manifestations of lattice 


inhomogeneities. X-ray reflection micrographs of such 
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0.20} { 
0.15} 4 
Iv 
0.10} 
| 
0 = 4 4 4 4 4 
0.20} 
0.15} 4 
0.05 
0.15} | 
O.10+ 4 
0 II 
‘ 
Fig. ¢ 
0.08} | 
| 


GAROFALO, ZWELL, KEH ann WEISSMANN: SUBSTRUCTURE AND CREE 723 


reflection images systematically increase and decrease 
in shape and intensity that a considerable degree of 
continuous lattice bending exists. The range of 
reflection is found to be 115’, 76’ and 79’ of are for the 
grains A, Band C, respectively, although for many of 
the other grains the angular range of reflection is below 
15’ of are. The absence of a distinct break-up of the 
reflections confirms the absence of a delineated sub- 
structure in which adjacent lattice domains are 
separated by distinct low angle boundaries. ‘Trans- 
mission electron microscopy further confirmed the lack 
of substructure in the annealed material. If the grain 
reflections as a function of specimen rotation are 
recorded at the circumference of a Debye—Scherret 
camera, rocking curves are obtained for the individual 
grains which are a measure of their lattice perfec 
tion, 16,17 
Fig. 4. 


Such typical rocking curves are shown in 


> 


3) Sf) uctural ( hande ing the nary cree stage 


Upon inspection of the photomicrograph showing 
the structure of the specimen subjected to 0.09 « reep 
strain at 600°C, given in Figs. 5 and 6, one notes a 
Fic. 2. Photomicrograph of annealed iron samph network within the grains which delineates a sub 

$50 structure. The creep strain of 0.09 represents a 

condition well within the primary creep stage (Curve | 

grains give more detailed information as to the nature Fig. la). The substructure observed is occasionally 
of these lattice inhomogeneities. Fig. 3 exhibits for characterized by well defined low angle boundaries 
three grains (A, B and C) in the annealed material a which separate adjacent subgrains as shown by the 
sequence of reflection images obtained as a function arrow in Fig. 5. More frequently, however, the 
of discrete specimen rotations. Crystal monochroma- substructure is characterized by a meandering-line 


tized CoK, radiation is employed to enhance structural network which etched continuously and occasionally 


details. It may be seen from the extent of the angular terminated in fine lines which etch discontinuously as 


range of reflections and from the manner by which the shown by the arrow in Fig. 6. These fine lines 


010 20 35 40 45 95 6 


6 85 


A 6 70 75 80 
ag” a 


016 41 46 6I 


3. X-ray reflection micrographs of three grains (A, B and C) in annealed iron as a function of indicated specimen 
rotations, minutes of arc, (110) reflections, CoK,g crystal monochromatized radiation 60 
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Fic. 4. Debye—Scherrer rocking curves for numerous 
grains in annealed iron, (110) reflections, rotation 
interval 5’ of are. 


Bo 


Fic, 5. Photomicrograph of an iron specimen subjected 
to a creep strain of 0.09. Arrow points to sub-boundary. 
1800 


delineated by a stringlet of discontinuous etch pits are 
interpreted to be due to dislocation walls separating 
adjacent lattice domains by a relatively small dis- 
orientation angle. The wide spacing between dis- 
locations in this low angle boundary accounts for the 
discontinuous etching characteristics. The continu- 
ously etched lines, on the other hand, are interpreted 
to be due to dislocation walls which separate adjacent 
lattice domains having relatively larger disorientation 
angles and the dislocations are, therefore, more closely 
spaced. 

The X-ray reflection micrographs and the correlated 
analysis by the double-crystal diffractometer method 
not only corroborated these qualitative metallographic 
observations, but permitted a quantitative analysis of 


the observed structural modifications. Fig. 7(a) and 


Fic. 6. Photomicrograph of an iron specimen after 
0.09 creep strain. Arrow points to sub-boundary with 
very low misfit angle. 330 


(b) represents the X-ray reflection micrographs as a 
function of specimen rotation for typical grains and 
subgrains of the unstrained and 0.09 creep-strain 
specimens, respectively. It will be noted that no 
break-up of the image reflections is observed for the 
unstrained specimen, whereas break-up due to sub- 
structure formation is discernible for the 0.09 creep 
specimen. This break-up is more conspicuous in Fig. 8 
where details of the rocking curves of grain reflections 
are shown. 

By measuring the size of the individual reflection 
images on the X-ray reflection micrographs, a quanti- 
tative statistical analysis of subgrain size was carried 
out. Since a great many grain reflections were 
measured, it is possible to compute a mean subgrain 
size S and a standard deviation og. The corresponding 
values for the various creep specimens are listed in 
Table 1. 

The average disorientation angle % between adjacent 


subgrains was measured from the angular separation 
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(a) 


0 5 


15 20 25 30 31.2 40 425475 -+— MINUTES OF ARC 


0.09 CREEP STRAIN AT 600°C. 


(b) 


O 5 1012517532540 45 50 55 60 +—MINUTES OF ARC 
0.22 CREEP STRAIN AT 600°C 


0 10 30 110 113 


Fic. 7. 


160 


X-ray reflection micrographs for (a) annealed material, (b) creep 


(c) 


200 *+— SECONDS OF ARC 


strain of 0.09 and 


(c) creep strain of 0.22, after indicated angular rotations, (110) reflections 60 


of adjacent reflection images of the X-ray micro- 


graphs and more precisely by tracing out the individual 


reflection images and measuring their angular separa- 


tion at increasing specimen to film distances.“®.!® 


Furthermore, a check for the 


measurements was made 


corresponding rocking curves which for grains with 
characteristic multimodal 


substructure exhibit a 


intensity distribution. By 


separation between adjacent intensity peaks, the % 


values can be determined independently. The mean 


ANNEALED 
5' ROTATION BETWEEN SPOTS 


Fic. 8. Debye-Scherrer rocking curves for annealed iron and after creep strains 


correctness of these 


by an analysis of the 


measuring the angular 


0.09 STRAIN 


disorientation various 


parameter 2%, for the creep 
specimens, with limits for one standard deviation of 
the distribution is given in Table 1. Knowing the size 
parameter S and the disorientation parameter % of the 
subgrains, the average dislocation density in the sub- 
boundaries Dd, can be computed from the simple 


22) 


relation 


dD (1) 


bS 


where } is Burgers vector. The Dd. values which are 


0.22 STRAIN 
2.5' ROTATION BETWEEN SPOTS 


of 0.09 and 0.22, (110) re 
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TABLE 


Jisorienté 
Subgrain I isorientation 
angle, «, 


size, 
between subgrains 


‘p strain 


(74) 
(min of arc) 


annealed) 
0.09 
O.15 
0.20 


(None 


0.08 


Represents grain size 


For annealed specimen dislocation density is computed on basis of grain size. 


observed. 
Determined by transmission electron microscopy. 


computed from the mean values of S and % are given 
in Table 1. 
It is also possible to determine the lattice perfection 


within the individual subgrains from measurements of 


half-width values of their rocking curves depicted in 
Fig. 8. From such measurements, a statistical para- 
meter B can be determined which is a criterion of an 
lattice 
The f values, for the various creep specimens, with 


average misalignment within the subgrains. 


limits for one standard deviation of the corresponding 


distribution are listed in Table 1. From the lattice 


misalignment parameter / and the size parameter S, 


the average dislocation density within the subgrains 


D,, can be computed by using the relation'?) 
(2) 


The values of the average dislocation density within 
the subgrains dD for the various creep specimens were 
computed from mean values of S and p and are also 
Table 1. 


shown in 


(4) Structural changes during the secondary cree p stage 


On examining the photomicrographs of specimens 
subjected to increasing creep strains ranging from 
about 0.15 to 0.22, certain salient features became at 
once apparent. It was observed that with increasing 
strain, the number and size of black markings along 
the grain boundaries increase markedly. It is con- 
cluded from a careful examination that these markings 
are metallographic manifestations of void formation. 
the the 
within the grains was found to become more cons- 


An illustrative 


Simultaneously, network of substructure 


picuous and more clearly delineated. 


example for a specimen extended to a true strain of 


0.22 is shown in Fig. 9. 
Typical X-ray reflection micrographs and X-ray 


rocking curves of grain reflections of this specimen are 


Misalignment 
parameter, p, 
within subgrains 
(min of are) 
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Average dislocation density — 
Grain 
deformation 
within 
subgrains 


(D)z 


associated with 
parameter 


sub boundaries (/ w) 


(107) 
107 
107 
10? 
10? 
107) 


In this condition only rarely is substructure 


shown in Figs. 7(c) and 8(c), respectively. It may be 
noted on the basis of a visual comparison of these 
X-ray data alone with those pertaining to the 0.09 
strain specimen (Figs. 7b and 8b) that with increasing 
strain (a) the size of the individual broken-up images 
did not change appreciably, (b) the break-up of the 
reflection images, i.e. the disorientation between sub- 
grains becomes more pronounced, and (c) the angular 
of the 
The statistical parameters defining the 


range reflection of these images decreased 


markedly. 
were obtained by a 


substructure characteristics 


quantitative analysis of the X-ray data analogous to 


Fic. 9. 
creep strain of 0.22 showing well-defined substructure 
voids. 450 


Photomicrograph of specimen subjected to a 


and grain boundary 
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Fic, 10, Typical electron micrographs of 
a stress ol 


that previously described and are listed in Table 1. 
For the 0.20 strain specimen, the statistical parameters 
obtained by the X-ray analysis may be compared to 
those obtained by transmission electron microscopy 
on 0.08 strain sheet specimen. Fig. LO depicts ty pical 
transmission electron micrographs in which the dis- 
the 
the 


substructure is 
the 


location network delineating 


directly visible and which form basis for 


analysis of the substructure parameters. One impor- 
tant these 
graphs is the lack of pile-up groups of dislocations. 

It should be borne in mind that the X-ray measure- 
the the 


and sub- 


and immediate observation from micro- 


between 


the 


disorientation angle 
the 
grains P from which the corresponding dislocation 


densities D, and D 


ments give 


subgrains % misalignment within 


are computed. Transmission 
electron the other 
measurement of D, and D, directly and on the basis 
The data 


microscopy , on hand, permits 


of these data one can compute % and /. 
obtained by transmission electron microscopy repres- 


ent, therefore, observations independent of the X-ray 


measurements. The agreement between D, and D 


determined directly from electron transmission meas- 
urements and those computed from the X-ray analysis, 
see Table 1, gives added confidence to the validity of 
the data. 

DISCUSSION 


The changes in substructure observed as a function 


WEISSMANN: 


SUBSTRUCTURE 


HOO ¢ unde! 


ron airtel 


of increasing creep strain may be interpreted In terms 
The 


decrease ot 


of concepts based on dislocation theory increase 


of disorientation angle, %. and lattice 


the the 


misalignment, $, within subgrains reflects 


increase ot dislocation density in the sub boundaries 


and decrease of dislocation densit in the lattice of the 
subgrains respectively (Table 1) This is inte rpreted 


that. during dislocations are being 


swept out of the subgrains into the subgrain bound 


to mean creep 


aries, presumably by a climb and glide mechanism 
thereby, the lattice perfection of the subgrains and the 


disoriented angle between adjacent subgrains are 


increased 

The quantitative determination of the substructural 
characteristics during creep provides not only a 
of the 


which th 


physical picture substructural changes. but also 


a criterion by contribution § of 


substructure formation to the creep mechanism may 


Using the data for the avera ais 


be evaluated 


orientation angle, Z% one can estimate the train 


Krom the ex 
by MeL i! 10 
for the 


associated with subgrain formation 


pression for creep strain given 


where is in radians, one finds that 


specimen exhibiting a macroscopic strain ot 


the average microscopic strain contribution due to 


subgrain formation is only 0.012. i.e. about 5 per cent 


total strain It Is 


ot the observed macroscopic 


interesting to note that since low values were obtained 
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boundary voids formed in specimen subjected to 0. 


Photomicrograph showing prominent grain 


creep strain. sv 


for the X-ray reflection half-width of the subgrains 


(low 


} values) and since no pile-up of dislocations was 


observed in the subgrains by electron transmission 
microscopy, the formation of long range bending 
stresses within the subgrains and consequently within 
the grains must be ruled out. A random distribution 
of dislocations within subgrains is therefore indicated. 

On the assumption that the volume occupied by a 
grain remains constant before and after creep, it can 


be shown that the strain resulting from gross grain 


In| 4 (3) 


deformation is given by 


where /,/w, and //w are the measured average length 
to width ratios of grains in the annealed material and 
in deformed specimens respectively. Measurements 
similar to those of Rachinger™ of the grain dimensions 
were carried out for each deformed specimen and for 
the annealed material and mean values of /,/w, and 
l/w were determined. The values computed with 
limits for one standard deviation are listed in Table 1. 
By application of equation (3) one obtains values for 
the gross grain-deformation strain which accounts for 
only 25-30 per cent of the observed macroscopic 
strain leaving a considerable portion of the total 
strain unaccounted for. 

Since gross grain deformation accounts for appreci- 
ably less than one-half of the observed creep strain 
at 600°C, the missing strain must be attributed to 
grain-boundary shearing. The observed sharp increase 
in void formation along the grain boundaries with 
increasing strain is a consequence of pronounced grain- 
stage of void 


boundary shearing. An advanced 


VOL. 9, 1961 
formation is shown in Fig. 11 for the specimen sub- 
jected to a strain of 0.22. 

In the light of these findings, the observed modifica- 
tions of substructure during creep should be viewed as 
processes which accommodate grain-boundary shearing 
at points where changes of directions in the shearing 
process occur. Brunner and Grant using a different 
experimental approach arrived at similar conclusions. 

Attention should be drawn also to the experimental 
observation that a relatively small increase in strain 
from 0.20 to 0.22 gives rise to an increase in the average 
dislocation density in the subgrain boundaries by a 
factor of about two, as seen from Table 1. This may 
suggest that grain-boundary shear is not a constant 
fraction of the total creep strain but may decrease 
with increasing deformation due to the increase in 
grain boundary corrugations as suggested by Brunner 
and Grant"), 

Finally, it may be argued that the grain-boundary 
shearing mechanism becomes less important during 
creep at sufficiently low temperatures. It is expected 
that grain deformation, subgrain formation and slip 
then the 
factors. Investigations towards the elucidation of 


will become predominant, contributing 


these aspects are currently in progress. 


CONCLUSIONS 
Quantitative measurements of substructural changes 
during creep of iron at 600°C over a limited range of 
stress lead to the following observations and con- 
clusions: 
(1) The subgrain size remains virtually constant as 
the creep strain increases. 
(2) The mean disorientation angle between adjacent 
subgrains increases, accompanied by a concomitant 
of lattice the 


grains, as the creep strain is increased. This is inter- 


decrease misorientation within sub- 
preted to mean that during creep dislocations are 
being swept out of the subgrains into the subgrain 
boundaries. 

(3) Pile-ups of dislocations are not found within 
the subgrains, thereby ruling out the presence of long 
range bending stresses. 

(4) The microscopic strain contribution resulting 
from subgrain formation accounts for not more than 
5 per cent and gross grain deformation for not more 
than 25 to 30 per cent of the total macroscopic strain. 

(5) In this investigation, grain-boundary shearing, 
resulting in void formation along the grain boundaries, 
accounts for the major portion of creep strain. 

(6) The fractional contribution of substructure to 
the total deformation is not constant but increases 
with larger strains. 
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THE TRANSITION FROM INTERNAL TO EXTERNAL OXIDATION 
AND THE FORMATION OF INTERRUPTION BANDS 
IN SILVER-INDIUM ALLOYS* 


R. A. RAPPT 


Wagner's theory for the transition from internal to external oxidation in alloys is evaluated for the 
Ag-—In system and experimentally tested at 550°C and at oxygen pressures varying from | atm to 10-4 
mm Hg. The theory assumes that the transition is caused by the blocking of the diffusion processes 
upon the formation of a critical volume per cent of the internal oxide in the matrix. Reasonable 
agreement between the theory and the experimental data leads to the conclusion that the formation of 
30 vol. °% In,O, in the silver matrix is a valid criterion for the transition from internal to external 
oxidation for Ag—In alloys. 

From measurements of the thickness of internal oxidation zones, the product of the mole fraction of 
oxygen in silver at Po, 1 atm and its diffusivity, was found to be 2.5 10-19 em2?2/see at 550°C, 
corresponding to a diffusion coefficient of 2.5 10-8 em?2/sec. 

An approximate theoretical description of the formation of interruption bands formed when a sudden 
pressure drop occurs during the internal oxidation of an alloy is presented and evaluated for the Ag—In 
system. Oxidation experiments at 550°C for Ag-In alloys in which the oxygen pressure was dropped 
from Po, 0.21 atm (air) to Po,’ 10-1, 10-2, 10-3 or 10-4 mm Hg are described. The widths of the 
experimentally observed interruption bands are in agreement with the predicted values. It is concluded 
that a double reversal of the oxidation front, as suggested by Meijering, does occur, and that this process 
1S adequately deseribed by the approximate treatment presented here. 

LA TRANSITION DE L’OXYDATION INTERNE A L’OXYDATION EXTERNE ET LA 

FORMATION DE BANDES D INTERRUPTION DANS LES 
ALLIAGES ARGENT-INDIUM 

La théorie de Wagner sur la transition de | oxydation interne a l’oxydation enterne dans les alliages 
est discutée poul le systeme \g—In et expérimentalement verifiée & 550°C et a des pressions doxy gene 
variant de 1 atm a 10-4mm Hg. La théorie admet que la transition est causée par le blocage du 
processus de diffusion lors de la formation d’un pourcentage en volume critique de oxyde interne dans 
la matrice. Un accord raisonnable entre la théorie et les données expérimentales conduit a la conclusion 
que la formation de 30°, en volume de In,O, dans la matrice d’argent est un critére valable pour la 
transition de loxydation interne a loxydation externe dans les alliages Ag—In. 


Des mesures de l’épaisseur des zones d’oxydation internes, le produit de la fraction molaire d’oxygéne 
10 


dans largent a la Po, 1 atm et de sa diffusibilité, a été trouvé égal a 2.5 10 em?/see, & 550°C 
correspondant & un coefficient de diffusion de 2.5 10-® em?/see. 

L’auteur présente une description théorique approximative de la formation de bandes d’interruption 
formées lorsque une chute soudaine de la pression a lieu au cours de loxydation interne dans un alliage 
et il le diseute pour le systeme Ag-—In. Des essais d’oxydation & 550°C pour des alliages Ag—In dans 
lesquels la pression d’oxygéne a été diminuée de Po, 0.21 atm (air) a Po,’ 10-!, 10-2, 10-* ou 10-4 
sont décrits. Les largeurs des bandes dint: rruption obs¢ rvées expr rimentalement sont en accord sur les 
valeurs prévues. L’auteur conclut qu'un double renversement du front d’oxydation a lieu, ainsi que l’a 
suggéré Meijering, et que ce processus peut étre décrit d'une maniére adéquate par les considérations 
approximatives presentees 1¢1, 

DER UBERGANG VON INNERER ZI AUSSERER OXYDATION UND DIE BILDUNG 
VON UNTERBRECHUNGSBANDERN IN STLBER-INDIUM-LEGIERUNGEN 

Wagners Theorie des Ubergangs von innerer zu Aéusserer Oxydation in Legierungen wird auf das 
\g-In-System angewandt und experimentell bei 550°C und bei Sauerstoffdrucken zwischen 1 Atm und 
10-4mm Hg gepriift. Die Theorie nimmt an, dass der Ubergang verursacht wird durch Blockierung 
des Diffusionsvorgangs nach der Bildung eines kirtischen Volumanteils von innerem Oxyd in det 
Matrix. Die verniinftige Ubereinstimmung zwischen der Theorie und den « xperimentellen Daten fiihrt 
zu dem Schluss, dass die Bildung von 30 Vol®, In,O, in der Silbermatrix ein giiltiges Kriterium fiir den 
Ubergang von innerer zu ausserer Oxydation bei Ag—In-Legierungen ist. 


Aus Messungen der Dicke der durch inn Oxydation gebildeten Zonen ergab sich 


as Produkt aus 


dem Molenbruch von Sauerstoff in Silber bei Po, 1 Atm und seiner Diffusivitat af 10 
em*/see bei 550°C, das entspricht einem Di fusionskoeffizienten von 2.5 10> em?/see 

Die Bildung von Unterbrechungsbandern, die bei einem plétzlichen Druckabfall wahrend der inneren 
Oxydation einer Legierung auftritt, wird naherungsweise theoretisch behandelt: die Theorie wird auf 
das AgIn-System angewandt. Oxydations« xperimente an Ag—In-Legierungen bei 550°C, bei denen det 
Sauerstoffdruck von Po, 0.21 Atm(Luft) auf Po, 10-', 10°2, oder 10°-4mm Hg erniedrigt 
wurde, werden beschrieben. Die Weite det experimentell beobachteten Unterbrechungsbander stimmt 
mit den vorausgesagten Werten iiberein. Es ergibt sich der Schluss, dass eine doppelte Umkehr der 
Oxydationsfront, wie sie Meijering vorschlug, tatsachlich auftritt, und dass dieser Vorgang durch das 
hier mitgeteilte Naherungsverfahren in angemessener Weise beschrieben wird. 


* Received January 23, 1961, and in revised form February 9, 1961. 
Max-Planck-Institut fiir physikalische Chemie, Géttingen. Present address: Metallurgy and Ceramics Research Branch, 
Aeronautical Research Laboratory, Wright-Patterson Air Force Base, Ohio. 
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RAPP: INTERNAL AND 
PART I. THE TRANSITION FROM INTERNAL 
TO EXTERNAL OXIDATION OF 
SILVER-INDIUM ALLOYS 


Alloys of silver, copper, or nickel with low percen- 
tages of a less noble alloying element, such as Al, Be, 
In, or Cd, are subject to internal oxidation when 
exposed to an oxidizing atmosphere at elevated 
temperatures. Through the investigations of Rhines 
et al."-®) and Meijering and Druyvesteyn™ the general 
features of the internal oxidation process are rather 
well understood. However, when the mole fraction of 
the less noble component in these binary alloys is 
increased to exceed a certain critical amount, the alloy 
no longer oxidizes internally but rather forms a 
compact, protective layer of the oxide of the less noble 
component on the outer surface of the alloy. Dietrich 
and Koch" and Schwartzkopf'® have reported this 
critical concentration as 9 at.°,, In in Ag-In alloys, 
and 10 at.% Cr in Ni-Cr and 8.3 at.°, Al in Ni-Al 
alloys, respectively. A change from the relatively fast 
oxygen uptake during internal oxidation (determined 
by the diffusion of oxygen in the matrix) to the very 
slow oxidation rate for the growth of a compact oxide 
by the the 


noble component ions through its oxide) occurs upon 


layer (determined diffusion of less 
exceeding the critical composition. This sharp decrease 
in the oxidation rate categorizes the transition as a 
passivation process. Although the absolute value of 
the free energy for the oxidation of the less noble 
metal in (Ag) + $0,(g) = In,O,(s)—is 
increased by increasing the indium content, the oxida- 


e.g. 2 In 


tion rate is sharply reduced because of a change in 
mechanism. 

Wagner” has proposed that the transition from 
internal to external oxidation with increasing mole 
fraction of the alloying addition is due to a reduced 
cross-section or a mechanical blocking of the diffusion 
processes caused by the precipitated oxide particles in 
the matrix. The diffusion of oxygen or metal ions 
within these oxide particles themselves in the matrix 
is negligible, and the reactant atoms are brought 
together only by diffusion around the particles. 
When the volume fraction of the oxide phase exceeds 
a critical mole fraction, further precipitation occurs 
in the same zone as the prior precipitation. A compact 
The 


critical volume fraction of oxide necessary for the 


oxide layer at the surface ultimately results. 


transition should be an approximately constant value 
for a given alloy system under any oxidizing condition, 
but probably has different values for other systems. 
The purpose of this investigation was to determine if 
a valid criterion for the transition from internal to 
in silver-indium alloys is the 


external oxidation 


3 


EXTERNAL OXIDATION 


attainment of a characteristic volume per cent of 
In,O, in the silver matrix. 

The transition from internal to external oxidation 
for Ag—In alloys oxidized at 550°C in air or oxygen at 
atmospheric pressure was found in this investigation to 
take place if the mole fraction of indium in the bulk 
alloy was greater than 0.15. Since the diffusivity of 
indium in the bulk alloy is much lower than that of 
oxygen, the indium atomsare relatively immobile during 
the internal oxidation at the aforementioned conditions, 
and the mole fraction of indium (as InO, ;) in the 
internal oxidation zone is virtually equal to that in the 
bulk alloy. The molar volume of the oxide InO, . is 
twice the molar volume of silver. Thus a mole fraction 
N, 


equal to 0.30 as the characteristic value for the transi 


, of 0.15 corresponds to a volume fraction of InQ, ; 


tion from internal to external oxidation. If, however 
Ag-—In alloys are heated in an atmosphere with a much 
lower oxygen partial pressure, the oxygen concentra 
tion at the outer surface is much lower according to 
Sieverts’ law; thus much less oxygen is supplied for 
diffusion into the interior of the alloy, and eventually 
diffusion of indium towards oxygen, as well as oxygen 


An 


indium in the precipitation zone results from this 


towards indium, is significant enrichment of 


outward diffusion of indium, and at sufficiently low 
oxygen partial pressures the enrichment of indium in 


the internal oxidation zone may reach such a high 


value that the transition from internal to external 


oxidation takes place for alloys with a bulk mole 
fraction of indium much less than 0.15. In the theore- 


tical section which follows, the assumption is made 


that the transition occurs for oxidation under all 
0.15 


oxygen partial pressures at Nj, Solving 
the diffusion equations, the degree of indium enrich- 
ment and thereby the indium mole fraction in the bulk 
alloy necessary for the Nj,6. 0.15 and transition 
are calculated for each reduced oxy gen partial pressure. 
The experimental portion of this investigation involved 
the 


pressures and the determination of the indium content 


oxidation of Ag-—In alloys at known reduced 


necessary for the transition. 


Basic theory 

Wagner’s theory” for the transition from internal 
to external oxidation is developed as follows: the 
depth & of the internal oxidation zone is a parabolic 
function of the time ¢ if diffusion control prevails 
Thus one may let 


= 2y(Dot)'” (1) 


where D, is the diffusivity of oxygen in the base 


metal, silver, and y is a dimensionless parameter 


which is calculated below in equation (10). 
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one-dimensional 


The 


diffusion of oxygen and indium according to Fick’s 


differential equations for 
second law are to be solved for the following boundary 


conditions 
for (2) 


fc 


fc 


Nin for x > 0, 
where x is the distance from the outer surface of the 
alloy, No is the mole fraction of oxygen, NV,” is the 
mole fraction of oxygen at the outer surface, N,, is 
the mole fraction of indium, and JN,,°) is the mole 
fraction of indium in the bulk alloy. 
The solutions read 
erf [x/2(D,t)'*)\ 
erf y 
erfe 
where 
q D,/D (8) 


In 


and D 
At the front of the zone of internal oxidation the 


1, i8 the diffusivity of indium in silver. 


flux of oxygen must be equivalent to the flux of 


indium since the precipitated indium oxide is virtually 
Thus 


Pal ae 


insoluble. 


lim, 


| (9) 


where vy = 1.5 is the number of oxygen atoms per 
indium atom in indium oxide. 
Substitution of equation, (6) and (7) into equation 
(9) vields 
(8) exp (y?) erf y 
Vo X] 
(10) 


whereby the parameter y introduced in equation (1) 
and therefore the thickness of the internal oxidation 
zone are determined. 

If 


l and yq 2 1, one has the approximations 


erf yo (2/m'!*)y; (11) 


/ 


exp (y?)~ 1 
erfe yp! ~ [exp (12) 
whereupon equation (10) becomes 
Substitution of equation (13) in equation (1) yields 
2N 9") Dot 


14 
(14) 
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Approximations (11) and (12) and therefore equation 
(14) are valid for Ag—In oxidation at 550°C in air, but 
at reduced oxygen pressures equation (14) may not be 
assumed. 

Let the mole fraction of InO, ; in theinner oxidation 
Then 


InO, ; in moles per unit volume is f/V, where V is 


zone be denoted by f. the concentration of 
molar volume of silver. If A represents the area of the 
sample, then the number of moles of InQ, ; ina volume 
element A(d&) is (f/V)A(d&) which must be equal to 
the number of moles of indium arriving at 2 = & in the 
time dt by virtue of diffusion from the region x > &. 
Hence 


fA(dé) 


dt. (15) 


lim, 


AD, 
V Ox z=é+ 
Substitution of equations (1) and (7) into (15) yields 
“9 1/2 exp ) erfe (yq 1/2) 
(16) 


Equation (16) gives the ratio « of the mole fraction 
of InO, ; in the internal oxidation zone to the mole 
fraction of indium in the bulk alloy. For the sake of 
brevity, the ratio « will be denoted as the enrichment 
factor. 

In view of the values of y and » reported below, the 
conditions y <1 and yg!” > 1 are valid for Ag—In 
alloys oxidized in air or oxygen of atmospheric pressure 
at 550°C corresponding to « ~ | according to equation 
(16), i.e. a negligible enrichment of indium. Under 
the 
external oxidation is found to take place if f = N 

0.15. 
transition at lower oxygen partial pressures, the pro- 


internal to 


(9) 
In 


these conditions, transition from 


If the same value of f is adopted for the 


duct of the enrichment factor « and the mole fraction 
N,,°°’* corresponding to the transition from internal 
to external oxidation should equal 0.15 whereupon 


(17) 


= 0.16/N,,“"". 


With the help of the foregoing equations one may 
calculate the oxygen mole fraction N,“)* at the sur- 
face of the alloy and the oxygen partial pressure P, * 
for the transition from internal to external oxidation 
pertaining to a given alloy composition in the following 
manner. For predetermined values of y one may 
calculate the righthand members of equations (10) and 
(5) 


according to equation (10), and secondly « versus 


16) and plot firstly log y versus log No 


log y according to equation (16). Then for selected 


‘ 
alloy compositions one may calculate the enrichment 


factor «* for transition from external to internal 


oxidation at reduced oxygen pressure oxidations with 
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the help of equation (17). The y value corresponding 
to «* may be read from the second plot and sub- 
sequently the corresponding value of log NV ,‘°/.V,,° 
may be taken from the first plot, whereupon one 
(5) * 


obtains NV, Finally, the corresponding oxygen 


partial pressure necessary for the transition may be 


calculated by using Sieverts’ law, 


Po *(atm) (18) 


y (8) 
No (Po, 1 atm) 
The evaluation obtained in this manner upon using 


the numerical values of D,,, Do, ete. which are dis- 
cussed presently is drawn as the solid curve of Fig. 1. 

To evaluate the foregoing equations and arrive at 
Fig. 1, it is necessary to know the diffusivities D,, and 
Do, respectively, of indium and oxygen in silver. An 
extrapolation of data taken by Seith and Peretti™ at 


higher temperatures yields 


Dy, 2.3 10-"! em?/see at 550°C. (19) 
Nowick™) has proposed that the diffusion data of 
Seith and Peretti at the lower temperature of 
measurement are somewhat high because of grain 


boundary diffusion. Nowick combines the use of a 
theoretically calculated temperature-independent term 
of the diffusivity and the highest temperature datum 
point of Seith and Peretti to obtain an expression for 
D,,, which yields a value of 1.1 = 
550°C. The discrepancy between these two values of 
Diy, 


theory here, and the D,,, value of equation (19) has 


em®/sec at 
does not significantly affect the evaluation of the 


been assumed. 

The product of the mole fraction of oxygen in silver 
saturated with oxygen of 1 atm, \,,"”, and the diffu- 
sion coefficient of oxygen in silver, ),, may be derived 
from measurements of the depth & of the internal 
oxidation zone of Ag—In alloys heated in pure oxygen 


at one atmosphere for a given time ¢. From the 


experiments of this investigation and with the help 


of the formula 


(20) 


follows from equation by solving for 


which (14) 
N,. Do, numerical evaluation of equation (20) yields 


N, Do 1 atm 


2.5 em?/sec at Po 


and 550°C. (21) 


According to Steacie and Johnson”® the mole 


fraction of oxygen in silver at 550°C and a partial 


pressure of O, equal to | atm is 1.0 Upon 


combining this value with the value of the product 
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> 
No 


’Do in equation (21), one obtains 


10-® em?/see at 550°C. (22) 


D 


(1) 


using the experimental values of the depth of the 


Substituting the value of D, in equation and 
internal oxidation zone of Ag—In alloys for P, l 
atm according to this investigation, one obtains values 
1.6 10-% for 
Thus, at 


of y ranging between 6 1O-* and 


Ag-—In alloys involving | to 12 at.°,, indium 


Po, 


therefore use equation (20) 


1 atm, y is much less than unity and, one may 


Upon combining the values for D,,, and Dy 


Theory for preoxidized specrmens 

Oxidation experiments at 550°C and reduced oxygen 
pressures vielded poorly reproducible results for reasons 
Thus, it was necessary 


Before 


10mm Hg the specimens were 


which will be discussed later 
to the 


experiment at 


change procedure each oxidation 


first preoxidized at 550°C for 2 min in air (P,, 0.21] 


atm). Then the specimens were further oxidized for a 
given length of time at a specified reduced oxygen 
reproducible re 


pressure. Using this pretreatment 


sults were obtained. However, the simple theory 
outlined above does not apply direc tly to this oxidation 
procedure, and a modification of the theory is needed 

Meijering™! has pointed out that when the oxygen 
partial pressure is reduced during an internal oxidation 
experiment, the internal oxidation front will reverse 
the direction of its movement shortly after the pressure 
change and move backwards toward the outer surface 
of the specimen until the new steady state concentra 
tion profiles for the newly imposed reduced oxygen 
pressure are nearly established in accord with equations 
(6) and (7). The front will then reverse the direction 
of its movement a second time and again move inward 
at a rate determined by the position of the boundary 


At the point of 


and the new oxygen partial pressure 
each reversal a dark band Is observable In the micro 
structure of the specimen indicating an increased oxide 


content at this point. This analysis of Meijering 


serves as an ingenious explanation for the interrup 


tion bands (St6rungsbander) observed in internal 


involving temperature ol 


oxidation experiments 
oxygen pressure changes 

For the experiments of this research in which a 
2-min preoxidation treatment in air at | atm pressure 
was followed by further oxidation at a reduced pres- 
sure. the boundary would be expected to reverse the 
twice, as suggested by 


direction of its movement 


Meijering. This expected behavior was substantiated 


733 
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by metallographic observations and calculations of 


Part II (see below). During some of the experiments 


of this investigation the partial pressure of oxygen was 


dropped considerably from Po = 0.21 atm to values 


10-4 mm Hg. 


as low as Po’ For such an extreme 
drop in the oxygen pressure after the preoxidation in 
air, calculations and metallographic observations 
indicate that the internal oxidation front returned a 
considerable fraction of the distance back to the outer 
After the 


second reversal had occurred and the steady-state 


surface before the second reversal occurred. 


profiles for the reduced pressure had been established, 
the second oxidation inward at the reduced oxygen 
pressure should have conformed to the simple theory 
For the oxidation experiments of this 


return 


given above. 
investigation at low oxygen pressures, i.e. Po ’ 
atm, the internal did : 
inward as far as its initial reversal point although 


oxidation front not 
rather long times were used for oxidation at these low 
oxygen Then the total 
InO, ; in the internal oxidation zone for these low 


pressures. mole fraction of 


pressure oxidations was not equal to f as computed 
Nj, 
since during the initial 2-min air preoxidation a mole 
fraction of InO, ; equal to N,,‘°) had already precipi- 
tated in the 
transition from internal to external oxidation may be 


from equation (16), but rather amounted to (/ 


same zone. Under these conditions, 


expected to occur when the total indium content of 
the internal oxidation zone, given by aN, + N,,, 


equals 0.15, i.e. if 


a* = 0.15/N,,° (24) 


Using equation (24) instead of (17), one obtains 
values of Po * for the transition from internal to 
external oxidation for preoxidized samples. These 
values are plotted as the dashed curve in Fig. 1 and 
apply to experiments in which the oxygen pressure 
for the subsequent oxidation is lower than about 
10-4 atm. The divergence between the two curves in 
Fig. | is not very large, i.e. as a whole, the preoxida- 
tion treatment does not bring about a drastic change 
in the theoretically predicted values for the transition. 

It cannot be expected that the predictions of this 
simplified theory are rigorously obeyed, particularly 
because of inhomogeneities such as grain boundaries, 
subgrain boundaries, dislocations and surface films 
which are prevalent to metals, but ignored by the 


theory. 


Experimental apparatus and materials 
The furnace used for the oxidation experiments 
consisted of a horizontal tube of 21 mm Supermax 


glass which was heated over a length of 11 in. by a 
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heating coil wound around the tube. This furnace was 
insulated from the convection currents of the labora- 
The 


transparent so that color changes of the specimens 


tory by two outer glass tubes. furnace was 
occurring during the oxidation treatments could be 
observed. The temperature of this furnace was main- 
tained at 550 +- 2°C by supplying a constant voltage 
to the furnace winding and maintaining the laboratory 
at a reasonably constant temperature. The tempera- 


with a Ni—NiCr 


thermocouple which was placed in a protective tube 


ture of the furnace was measured 
immediately above the specimens. The thermocouple 
had been calibrated at the melting points of zinc and 
aluminum. The glass furnace was a part of a high 
vacuum system with a liquid-air-trapped mercury 
diffusion pump. The production of constant reduced 
pressures of pure oxygen in the system was obtained 
in a manner similar to that used by Gundermann ef 


stopcocks and capillary tubes, a leak of oxygen into 


By the adjustment of a system of several 


the system and the pumping speed of the mercury 
pump were regulated in order to establish the desired 
pressure of pure oxygen, the oxygen pressure equaling 
the total pressure of the system. The flow rate was 
10-° mole/see at the lowest oxygen pressures (10-5 
10~* atm) and somewhat higher at higher pressures so 
that the oxygen consumption of the relatively small 
specimens (10 plates about 0.3 « 0.5 em) did not 
cause any substantial deviations from steady state 
conditions. The oxygen was purified of H,O and CO, 
vapor by bubbling the gas through concentrated 
H,SO, and NaOH solutions. The pressure of oxygen 
in the furnace was measured with a liquid-air-trapped 
McLeod gauge, and it remained constant at the desired 
oxygen pressures over indefinitely long periods of 
time. 

Silver—indium alloys were made in a small electric 
furnace by melting a weighed amount of 99.98 per 
cent silver in a glazed porcelain crucible under a borax 
flux and in a nitrogen atmosphere. Shortly after a 
weighed amount of 99.999 per cent indium was added 
to the silver, the alloy was cast by sucking the liquid 
into a 4 mm i.d. quartz tube by means of a rubber ball 
The 


mechanically cleaned of 


and then quickly quenching the tube into water. 
surfaces of the alloys were 
slag and oxide, and the alloys were then rolled into 
0.4 
intermediate anneal of the alloys at 700°C in oxygen- 


4mm?ribbons. The rolling was facilitated by an 
free nitrogen for 1} hr. Following the rolling, the 
alloys were recrystallized and homogenized at 700°C 
in nitrogen for 3 hr. The final average grain diameter 
was about 0.1-0.4 mm. 


Silver-indium alloys of 0.93, 1.73, 2.45, 3.45, 4.30, 
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5.60, 6.58, 7.70, 8.74, 9.90, 11.0, 12.6, 14.0, and 16.3 at. 
°., indium were used in the experiments. The com- 
positions of the first ten alloys were determined by 
X-ray lattice parameter measurements according to 
Hume-Rothery ef a/."*) and agreed fairly well with the 
weighed-out compositions. For the last four alloys, 
the weighed-out compositions were assumed. 


Experimental procedure 

To carry out an oxidation experiment, the specimens 
were placed in a glazed porcelain boat in the cold zone 
After the attainment of 550°C and the 
desired oxygen pressure, the boat was slid into the hot 


of the furnace. 


zone of the furnace by moving a magnet outside the 
vacuum system which activated a piece of iron 
In this 


manner specimens could be introduced into the hot 


attached by a long quartz rod to the boat. 


zone or removed from it at the desired oxygen pressure. 

In the initial stages of this research the surfaces of 
the annealed alloys were prepared by polishing on 5/0 
Using this 
to 


paper prior to an oxidation experiment. 
surface treatment, the 
external oxidation in air at 550°C was found to take 


transition from internal 
place at about 10 at. °, indium, in agreement with 
the results of Dietrich Koch) 
prepared their specimens by mechanically polishing. 


and who had also 


However, this surface treatment was found to be 
inadequate since very wavy internal oxidation boun- 
daries and very undefined transitions between internal 
and external oxidation resulted. 

In the second series of oxidations, the surfaces of the 
specimens were etched violently in concentrated 
NHO, at 95°C, rinsed in hot distilled water and then 
methyl! alcohol, and blown dry. The transition from 
internal to external oxidation for alloys with chemically 
etched surfaces which were oxidized at 550°C in air 
Although this 


surface preparation was an improvement over the 


took place at about 12 at. °, indium. 
polishing technique, chemically etched specimens 
showed very low and unreproducible values for the 
transition from internal to external oxidation at 
reduced oxygen pressures. 

In the third series of experiments, the specimen 
surfaces were prepared by electroetching in 1-N HNO, 
at a current density of 40-50 mA/cm? with constant 
agitation. Using this surface preparation, the transi- 
tion from internal to external oxidation at 550°C and 
in air or oxygen of | atm occurred at 15 at. °,. This 
surface preparation was the best technique which was 
found. Nevertheless, oxidation experiments at reduced 
oxygen pressures continued to yield low and unrepro- 
These difficulties 


with oxidations carried out at reduced pressures were 


ducible values for the transition. 
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believed to have been caused by the presence of films 
of solute or oxide which were retained on the surface 
from the etching process. These surface films presum- 
ably did not allow the equilibrium solubility of oxygen 
to be attained at the surface for oxidations at reduced 
pressure. This difficulty was found to be alleviated 


2 min in air 


by a preoxidation treatment at 550°C for 
for all specimens which were to be further oxidized at 
10mm Hg. 


2-min preoxidation in air at 550°C, internal oxidation 


reduced pressures, i.e. Po ’ During this 
was initiated in all specimens containing less than 15 
at. °,, indium, and the internal oxidation boundaries 
had penetrated 10-4-10-%cem into the specimens. 
Using this preoxidation procedure, the outer surfaces 
of the specimens for the subsequent oxidations at 
reduced oxygen pressures were made somewhat cleaner 
more standardized, since solute 
the 


oxidized in the pretreatment. The use of this 2-min 


and at least any 


remaining at outer surface after etching was 
preoxidation treatment prior to oxidation at reduced 
oxygen pressures finally resulted in the attainment of 
sufficiently reproducible results. 

The rate of oxidation of Ag—In alloys at 550°C and 
reduced oxygen pressures is very slow. Impractically 
long oxidation times would have been required at the 
reduced oxygen pressures in order to form internal 
oxidation zones of sufficient thickness to be observed 
in the microscope. Therefore, in order to determine 
whether the alloys had been oxidized by normal 
internal oxidation, or whether a compact, protective 
layer of In,O, had been formed during the oxidation 
at the reduced oxygen pressure, the oxygen pressure 
was raised to | atm at the end of the low pressure 
oxidation and the specimens were further oxidized for 
1 hr at 1 atm O,. If the alloy had undergone normal 
internal oxidation at the reduced pressure, then this 
subsequent 1-hr oxidation at 1 atm O, would merely 
further extend the internal oxidation band to a width 
which would be easily visible in the microscope 
However, if a compact layer had been formed at the 
reduced pressure, i.e. if the transition had taken place, 
then oxygen at | atm would not penetrate this pro- 
tective compact layer, and no zone for this subsequent 
treatment would have been seen in the microstructure 
of the specimen. 

Summarizing the procedure, oxidation experiments 


Hg) 


reported in this investigation were carried out in the 


mm 


at reduced oxygen pressures (P, ’ 10 


following manner. A specimen from each available 
alloy was electroetched and then oxidized in air for 
2 min at 550°C. The specimens were then oxidized at 


550°C and a 
ranging from 4 hr at 10 mm Hg to 20 hr at 10-4 mm 


reduced oxygen pressure for times 


\ 
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Hg. 


raised to 1 atm and the specimens were further oxi- 


The oxygen pressure in the furnace was then 
dized for 1 hr. The specimens were mounted in a 
cold-mount, polished, etched with a NH,QOH-H,O, 


solution, and observed in the microscope. Specimens 


which exhibited the wide internal oxidation zone of 


the oxidation treatment at 1 atm O, for 1 hr (as 
shown in Fig. 4a, ¢ and d) were considered to have 
been normally internally oxidized during the reduced 
pressure oxidation. If no zone for the final l-atm O, 
treatment appeared, as shown in Fig. 4(b), then the 
transition from normal internal oxidation to the 
formation of a compact In,O, layer (external oxidation, 
if the pretreatment had not been used) had taken 


place. 


Results and discussion 

The first important fact discovered in this investi- 
was that 
the 


important in internal oxidation experiments, especially 


gation the condition of the surface, and 


therefore surface preparation were extremely 
those at reduced oxygen pressures and high solute 


Che 


experiments were prepared by a controlled chemical 


contents. most favorable surfaces for these 


etch, i.e. an electroetch. 
the surface should be avoided in order to allow for the 
equilibrium solution of oxygen at the outer interface 
and to prevent the possibility of increased indium 
diffusion along dislocations or grain boundaries of the 
finely recrystallized region in the immediate vicinity 
of the The effect of 


deformation on the transition was clearly illustrated 


deformed surface. mechnical 
for a specimen containing 6.8 at. °,, indium which was 
oxidized at Po l atm at 550°C. The specimen had 
been identified by a number scratched on the surface. 
Immediately around the scratched area, the specimen 
oxidized externally; otherwise the specimen exhibited 
internal oxidation, and the transition for unscratched 
specimens did not become complete until 15 at. ° 
indium. 

Three oxidation experiments carried out at 550°C 
in air (Po. 


Po, 


0.21 atm) and three experiments at 


| atm, involving forty-nine specimens, were 


used to determine V,,) D, from the measurement of 


the widths of the internal oxidation zones. The value 
of No“ Do from internal oxidation experiments was 


derived according to equation (20): 


N, Do 


The No" Do 


forty-nine measurements, with all data converted to 


average value at 550°C from these 


Mechanical deformation of 
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l atm O, was 


1 atm) 2.5 101° em?/see. 


No" Dol Po, 


Assuming the value of NV,“(Po = 1 atm) equal 
to 10-4 at 550°C of Steacie and Johnson, the 
average D,, found from the measurements was Do 
2.5 10-® em?/see at 550°C. 

The from 


measurements made on specimens with mechanically 


average value of the diffusivity 


polished surfaces was somewhat lower than the value 


This value Dy, = 2.5 


was essentially in agreement with data reported in 


reported here. 10-® em?/see 
Figs. | and 2 of the paper by Dietrich and Koch‘* 
and with that reported by Meijering and Druyves- 
teyn™) for the oxidation of a Ag—Zn alloy. 
The results of oxidations carried out at reduced 
pressures following a 2-min preoxidation period in air 
were essentially in agreement with theoretical con- 
siderations. It was found that the indium content for 


transition from internal to external oxidation was 


lowered when samples were oxidized at reduced 


The 


place at a definite indium content but rather in a 


pressures. transition, however, does not take 


range of alloy composition. Accordingly, the results 
are indicated in Fig. | by (i) points for alloys exhibiting 
local perturbations to the penetration of internal 
oxidation (partial transition) and (ii) points for alloys 


exhibiting virtually no internal oxidation (completed 


0.16 


014 


T 


4 3 


log Po, (atm ) 


Fic. 1. Transition from internal to external oxidation 
of Ag—In alloys. Curve calculated for oxidation 
at constant curve calculated for 
preoxidized alloy exhibiting local 
perturbations to the penetration of internal oxidation, 
i.e. the start of the transition; alloy exhibiting 
virtually no internal oxidation, i.e. the completion of 
the transition. 


pressure ; 


specimens, 
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transition). The scatter of experimental points is due 
(i) to the statistical character of the formation of a 


dense In,O, layer from individual crystals initially 


formed and (ii) to the sensitivity of the observed 
phenomena to the preparat ion of the surface, especially 
at the higher indium contents. As a whole, observa- 
tions may be regarded to be in accord with theoretical 
of 30 of 


In,O, in the silver matrix may therefore be considered 


considerations, and the formation vol.° 


as a valid criterion for the transition from internal to 
Ag-—In 


deviations between experimental results and theoreti- 


external oxidation in alloys. Significant 
cal calculations are apparent especially at the lowest 
pressures, i.e. 10~7-10~® atm, possibly owing to the 
very low rate of oxygen supply which permits the 
formation of only very thin zones of internal oxidation 
or very thin and perhaps non-protective oxide layers 
during a given time. 

Price and Thomas" have shown that preoxidation 
of Cu—Al alloys in H,O—H, mixtures at 1000°C results 
in the formation of a dense protective film of Al,O, 
which is also protective against subsequent oxidation 
in air of atmospheric pressure. Similar observations” 
have been made on Ag-In alloys. Samples were ex- 
posed first to CO, of atmospheric pressure at 550°C 
for 1 and 16 hr, respectively, and subsequently to 
oxygen for 4 hr. Formation of protective In,O, layers 
0.14 and 0.025, 


respectively, whereas alloys containing less indium 


was observed on alloys with N,, 
showed internal oxidation. It seems remarkable that 
the formation of a dense layer of In,O, requires a 
considerable length of time even under conditions 
where practically no oxygen enters the interior of the 
alloy as is the case with CO, as the oxidizing agent. 

An 


analogous investigation for the Ag-Sn system was 


Observations on the oxidation of Ag-Sn alloys. 


attempted during the course of these experiments, but 
no satisfactory surface preparation treatment could 
found. It that the 
transition from internal to external oxidation in air 


be was, however, established 
at 550°C for Ag-Sn alloys occurred at about 8.8 at.% 5, 
which is higher than the 5.5 at.°, Sn _ previously 
reported by Meijering™®. An improved surface pre- 
paration over electroetching with 60°, HClO, may 
have resulted in a still higher value. In addition, the 
morphology of the internal precipitate favored such 
an investigation in the Ag-In system instead of the 
Ag-Sn system. The precipitate of In,O, for volume 
percentages greater than about 12 per cent formed as 
tiny needles crystallographically oriented in the silver 
matrix, but approximately perpendicular to the outer 
surface. However, the precipitate of SnO, for volume 


percentages greater than about 11 per cent forms a 
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network of oxide films, mostly nearly parallel to the 
outer surface, and one of these bands eventually 
thickens enough to halt internal oxidation in a rather 
unpredictable way. Therefore, for several reasons the 
Ag-Sn system does not offer the simplicity of the 
Ag-—In system for such an investigation. 
PART II. INTERRUPTION BANDS IN 
INTERNAL OXIDATION OF 
SILVER-INDIUM ALLOYS 


As was briefly discussed above in the Section 
‘Theory for preoxidized specimens” Meijering" has 
presented a qualitative description of the formation of 
interruption bands (St6rungsbander) which occur 
during an internal oxidation process upon a sudden 
change in the temperature or 


OX\ yen pressure 


Meijering explains that during normal, steady-state 
internal oxidation of an alloy of copper or silver at 
constant pressure and temperature, the flux of atoms 
of the oxidizable alloying element which arrive at the 
internal oxidation front is equivalent to the flux of 
oxygen atoms arriving at the front. For the formation 
ot In,Og, for example, the oxygen flux at steady state 
equals 3 the indium flux. However, if a sudden drop 
in the oxygen pressure occurs during internal oxida- 
tion, the flux of oxygen atoms arriving at the front is 
sharply reduced. In order to satisfy equation (9), 
i.e. maintain equivalent oxygen and indium fluxes at 
the internal oxidation boundary, the direction of 
of the front The front 


recedes toward the outer surface of the specimen until 


movement is then reversed. 
changes in the sign of the curvatures of the oxygen 
and indium concentration profiles at the front occur 
At this point the direction of the front movement 
the 
attain the steady-state profiles of equations (6) and 


again reverses, and oxygen and indium soon 
(7) for internal oxidation at the new reduced pressure 

When an internal oxidation front moves very slowly 
and especially when the front movement reverses 
direction, an increased volume fraction of the oxide 
particles is precipitated in the matrix, corresponding 
to the observation of a dark line on microscopical 
observation of a sectioned sample. For small decreases 
in the oxygen pressure during internal oxidation the 
two lines which mark the reversal points may be 
unresolvable in the microscope, but for larger pressure 
drops, the points of reversal may be separated by a 
These two lines constitute what 


An 


‘‘double reversal” of the internal oxidation 


considerable distance 
is called an interruption band (St6érungsband) 
analogous 
boundary has been illustrated by Meijering”" for 
situations where sudden temperature changes occur 


during the internal oxidation of an alloy For this 
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situation, the alloy and oxygen fluxes are brought out 
of steady-state equivalence because the activation 
energies for the diffusion of oxygen and the alloying 
element are not equal. 

It was the purpose of this research to semi-quantita- 
tively describe Meijering’s ““double reversal’? mechan- 
ism for a pressure drop occurring during the internal 
oxidation process in order to arrive at calculated 
values for the width of interruption bands which 
would be compared with experimentally observed 


widths. 


Theory 

Let us consider the internal oxidation of the Ag—In 
alloys which were oxidized in Part | at 550°C under 
the following conditions: 

(1) Initial oxidation in air of atmospheric pressure 
(Fe 0.21 atm), for the short time f, ( 120 see), to 
a depth E>. 

(2) Subsequent oxidation in oxygen ata reduced 
Pe: 

The reaction occurring in the silver matrix is 
2In 30 


tion 


pressure Po.’ 


> In,O,. The depth of the internal oxida- 
after the initial 
(14), and the 
oxygen and indium by equations (6) and (7), respec- 


Zone treatment is given by 


equation concentration profiles for 


tively. The indium profile of equation (7) describes a 
very steep local rise in the indium concentration at 


. c 


For the sake of approximation, one may 
represent this indium concentration profile at the 
beginning of the oxidation at the reduced oxygen 
partial pressure (t/ — 0) by a step function 


t 0 
t’ (0. (20) 


0 at x 
at x 


Vin 


Si) 


During the subsequent oxidation at the reduced 
pressure Py ‘(t’ > 0), the oxygen supply is much lower 


than during the preoxidation period. Therefore, the 


change of the indium concentration as a function of 


distance x and time ¢’ will initially be almost unaffected 
it will be 


Thus 


by the reaction of indium with oxygen, i.e. 
determined essentially by diffusion of indium. 
considering the initial indium profile of equation (25), 
and assuming that no oxidation occurs during the 
establishment of the steady-state concentration profiles 
for the new reduced pressure, the indium concentration 
would adjust itself according to the equation 

Nin = — erf — (26) 


In 
This concentration is illustrated in Fig. 2 for several 
times (t’ (). 
Actually, of course, a small amount of oxidation 
does take place during the relaxation of the step 
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x - 


Indium concentration profile at various times 
according to equation (26). 


function of equation (25) because a certain supply of 
oxygen, although small, is nevertheless present. For 
this reason one may expect the indium concentration 
profile of equation (25) to relax in a manner similar 
to equation (26) and Fig. 2 except that some oxidation 
should occur at the boundary between the indium and 
the dissolved oxygen. This boundary will stop moving 
toward the outer surface and reverse the direction of 
its movement again at some point x = x, andl’ = ¢,’, 
where the curvature of the indium profile at the front 
changes from positive to negative, and the curvature 
of the 
The concentration profiles at this reversal point should 


oxygen profile from negative to positive. 


approximate those drawn in Fig. 3. Here the indium 
concentration is represented by equation (26) for 
and the linear extrapolation of equation (5) 
and = The 


drawn the 


z> 
for x, x (time of reversal). 
oxygen concentration is linearly from 
solubility concentration at the reduced pressure V,,° 


Oto No 
approximate picture of the reversal (Fig. 3) reasonably 


atx x, (point of reversal). This 
supposes that the forward tail of the indium concentra- 
tion profile derived from pure diffusion considerations 
(Fig. 2) has been removed by oxidation. 

Since at the time of reversal, the velocity of the 
boundary is zero, the derivatives of both the indium 
and the oxygen concentrations with respect to time 
and ¢ = ¢, view of Fick’s 


meme vanish and in 


— 


Fic. 3. Approximate concentration profiles for indium 
and oxygen at the time ¢’ for the reversal in the 
direction of boundary movement. 


(0) 
— Nin 
t=O 
on tet, 
Nin 
Fe — 
Vol. 9 
1961 
¢ nl? 
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Nin 
or 
No J 
Nin \ 
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second law the second derivatives of the concentrations outer surface from &, is «*/&), and from equation (34), 


with respect to x also vanish. Thus, the linear 


l 
Do 
3N,,(.D 


dependence of the indium and oxygen concentrations 


on x at the point of reversal is indicated by 


(=) Oatt t. and x 


In order to evaluate these expressions for Ag—In 


alloys at 550°C, the following values which were 
and 
. discussed in Part I have been assumed 


ot 


Ox? 


Dol Oatti=—t, andar 
D 


0 


In addition, the changes in the sign of the curvatures 


of the indium and oxygen profiles at the front also 
require linear profiles, at least at the front. For these atm) = 10 
reasons, the approximation of Fig. 3 is believed to be ; 
a good description of the reversal. Now 2*, the width Sieverts’ law may be used to calculate 4 
of the interruption band, can be calculated assuming 10-4 (atm) 
that Fig. 3 describes the concentration profiles at the 


reversal. 
The oxygen flux arriving at x, at t’, is given by 
The internal oxidation experiments described in 


ONo _ Part I, in which Ag—In specimens were oxidized at a 
Jo Do 


Ox 


reduced oxygen pressure following a 2-min preoxida 


tion treatment in air, were used to test this semi- 
The indium flux arriving at x, at ¢,’ is given by quantitative theory 
For specimens oxidized at 1 mm Hg for 4 hn 


(following the preoxidation in air) the two lines of the 


Jin 
interruption band were quite close together and not 


resolvable in the microscope at 5OO This is 

expected from the theory. However, for oxidations 

at Po’ 10-*, 10-3 and 10-4 mm Hg, interrup 

tion hands were seen in the microscope and examples 
Differentiating equation (26) and evaluating of these are shown in Fig. 4 


Because the exact position of the outer surface 


(ON Ox), t, (7D,,f (31) 


cannot be established for these specimens due to 


Substituting equation (31) into equations (28) and (29), rounding off and cutting of the specimen during the 


equation (9) may be evaluated: mechanical polishing of the mountings, the distances 


x, or x* have not been measured. However. the values 


Dot No So — int) = 2 Pin = of x*/&, the fractional distance which the front 


returned to the outer surface, have been estimated 
Solving for ¢,’ in terms of &), one obtains from the photomicrographs in Fig. 4 and compared 
with values of 2*/&, calculated from equation (35) 


l The value 2*/& calculated from equation (35) is 


4N independent of & and therefore the use of this 
3N,O — standard for the comparison of theory and experiment 
. . eliminates possible discrepancies between the calcu 


Substituting equation (33) into equation (31), lated and observed values of &). In Fig. 4 the observed 


*/E are in good agreement with those 


values of x*/&, 


0 values calculated from equation (35). 


(1 4N,.°" Do ) The interruption bands predicted by the theory 


2 (0) were not always observed at ali sides of all the speci- 
3N Diy, 


mens, and occasionally the width of the band was not 


The fractional distance which the front returned tothe very constant. It is believed that these two types of 


(1 
. 
D,, = 2.3 x 10 cm2/see 
‘) 
01.9 
“ 
l 
é,? 
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Fic, 4. 
Ag-—In alloy containing 3.45 at.% 


at Po, | atm for | hr. 


(a*/E 0.17. 


calc 


Ag-In alloy containing 5.60 at.% In oxidized at 550°C in air for 2 min, at Po,’ 
1 atm for | hr. The last treatment did not cause further internal oxidation since the thin zone formed 


at PO, 
at 10-* mm Hg was a protective In,O, layer. 
(x*/E ear 0.51. 


Ag-—In alloy containing 3.45 at.®%, In oxidized at 550°C in air for 2 min, at Po,’ 10 


at Po, 1 atm for | hr. 
0.67. 


Ag-—In alloy containing 3.45 at.°, In oxidized at 550°C in air for 2 min, at Po,’ 


at Po, | atm for | hr. 


0.87. 


/So)cale 


All specimens were etched with NH,OH—H,Q,. 


deviation from the average and predicted behavior 
in these experiments were due to three causes: 

(1) & had been chosen at a rather small value, 
necessitating the use of higher magnifications for the 
observations and thus making microscopic observa- 
tions more difficult. 

(2) Rounding and cutting of the surfaces during the 
polishing and perhaps an inadequate etching technique 
may have prevented the detection of the band in some 


instances. 


(3) The attainment of the equilibrium solubility of 


oxygen in silver at the outer surface may have been 
hindered at the low oxygen pressures by the presence 
of surface films remaining from the electroetch surface 


preparation. 


In oxidized at 550°C in air for 2 min, at Po,’ 


Interruption bands in the internal oxidation of Ag—In alloys. 


10-! mm Hg for 6 hr, and 


(2*/Eg)ops 0.15. 


2 10-? mm Hg for 10 hr, and 


(2*/Eo)ons 


2 3mm Hg for 17 hr, and 


(2*/Es)ons 0.60. 


10-4 mm Hg for 20 hr, and 


(x*/Eq)ons 0.80. 


640, reduced 30% in size for reproduction. 


CONCLUSIONS 

Part I 

(1) The surface preparation of specimens is critical 
in internal oxidation experiments, especially those at 
reduced oxygen pressures and high solute contents. 
Electroetched surfaces were the most satisfactory for 
Ag-—In alloys. 

2) The value of Ny") Do(Po, = 1 atm) at 550°C 
was determined from measurements of the thickness 
1Q-10 


10~® em?/sec. 


of Ag—In internal oxidation zones to be 2.5 
cem?/sec, corresponding to Dy 2.5 

(3) The transition from internal to external oxida- 
tion for Ag—In alloys which were oxidized at 550°C and 
reduced oxygen pressures took place in reasonable 
agreement with the theory of Wagner‘). Therefore, 


-- 
740 
, 
Vol. 9 
(a) 
(b) 
0.50. 
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the formation of 30 vol. °, of In,O, in the silver 
matrix may be considered as a valid criterion for the 
transition from internal to external oxidation in Ag—In 
alloys. 


Part Il 


(1) Interruption bands formed in internal oxidation 
investigations involving a sudden decrease in oxygen 
pressure are formed by a double reversal in the direc- 
tion of movement of the internal oxidation front, as 


pointed out by Meijering””. 


(2) The kinetics of this double reversal process are 
adequately described by the approximate theoretical 
treatment presented in this investigation. 
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NON-BASAL SLIP AND TWIN ACCOMMODATION IN ZINC CRYSTALS* 


H. 


S. ROSENBAUM? 


\n etch pit technique was used to observe dislocation patterns on the basal plane of zinc monocrystals. 


It was confirmed that at room temperature non-basal slip occurs on the {1122} pyramidal planes. 


Observations were made on {1012} mechanical twins that go partially through the crystal. Such twins 


often terminated in a group of slip bands at 90° and 30° to the twin trace; the orientation of these slip 


bands is consistent with pyramidal slip. 


At other twins a row of dislocations emanates from the tip; 


these dislocations lie on the {1012} twin habit planes. 


When a crystal is annealed, the twins tend to become parallel-sided, and they recede leaving a trail of 


dislocations in the matrix crystal. 


ET 
CRISTAU 


GLISSEMENT NON-BASAL 


ARRANGEMENT 


X 


DES MACLES DANS DES 


DE ZINC 


L’auteur a utilisé une technique de piqures de corrosion sans observer les réseaux de dislocation sur le 


plan basal de monocristaux de zine. 
pyramidaux {1122} a la température ambiante. 


Il a confirmé la théorie de glissement non basal dans les plans 


Des observations furent faites sur les macles mécaniques {1012} qui traversent partiellement le cristal. 


De telles macles se terminent souvent par un groupe de bandes de glissement & 90° et 30° de la trace de la 


macle; lorientation de ces bandes de glissement est cohérent avec un glissement pyramidal. 


A d’autres 


macles, une rangée de dislocations émane de lextré mité, ces dislocations se trouvent dans les plans 


{1012: dhabitat des macles. 


Lorsqu’un cristal est recuit, les macles tendent a devenir paralléles et elles laissent une trainée de dis- 


locations dans la matrice cristalline. 


NICHTBASISGLEITUNG UND 


ZWILLINGSBILDUNG 


IN ZINKKRISTALLEN 


Mit Hilfe einer Atztechnik wurden Versetzungsanordnungen auf der Basisebene von Zink-Einkristallen 


Es dass bei 


Pyramidenebenen auftritt. 


beobachtet. wurde bestatigt, 


Beobachtungen wurden an mechanischen 


taumtemperatur 


{1012}-Zwillingen 


Nichtbasisgleitung auf den {1122}- 


angestellt, die teilweise durch den 


Kristall gehen. Solche Zwillinge enden oft in einer Gruppe von Gleitbandern, die mit der Schnittspur 


der Zwillinge 90° und 30 


Py ramidenebenen. 


bilden, die Orientierung dieser Gleitbander ist konsistent mit Gleitung auf 
Bei anderen Zwillingen tritt aus der Spitze eine Reihe von Versetzungen aus, diese 


Versetzungen liegen auf den {1012}-Habitusebenen der Zwillinge. 
Beim Erholen eines Kristalls zeigen die Zwillinge die Tendenz, parallele Seiten auszubilden; und sie 


weichen zuriick, indem sie eine Spur von Versetzungen in der Kristallmatrix zuriicklassen. 


INTRODUCTION 
Zine is known to deform by slip on the {0001} basal 
1120 1) 


zine crystal is deformed in such a way that basal 


planes and in the directions. ' However, if a 


plane slip is prevented (e.g. by applying stresses with 


no shear stress on the basal plane), then the crystal is 
forced to slip on different planes. Gilman‘) has shown 
that when zinc monocrystals are pulled in tension 
parallel to the basal plane at 250°—400°C, slip occurs 
on the first order prism {1010} planes and in the close- 
packed (1120) directions. Bell and Cahn, performing 
similar experiments at room temperature, found that 
slip occurs on the second order pyramidal {1122} planes 
and in the (1123) directions. These crystallographic 
systems are schematically demonstrated in Fig. 1. 
The crystal habit for mechanical twins is also well 


documented™ (see Fig. Id). 


* Received January 26, 1961. 
* General Electric Research Laboratory, Schenectady, N.Y. 


ACTA METALLURGICA, VOL. 9, AUGUST 1961 


However, the nature of 


742 


the deformation near a twin that goes only partially 
through a crystal is not known. Jillson) described 
such a situation and suggested that the lattice should 
accommodate to the twin by bending about an axis 
parallel to the twin. It was assumed that the bending 
would occur by the formation of a kink, or low angle 
tilt 
Subsequently, several workers have observed such 


boundary, perpendicular to the basal plane. 


accommodation kinks, or boundaries, near and 
roughly parallel to twins on cleavage surfaces of zinc 
crystals. Other accommodation markings observed 
on cleavage surfaces near twins run perpendicular 
1010) directions). Pratt and 


Pugh have described these as secondary accommoda- 


to the twins (i.e. along 


tion kinks. They are often found at the tip of a twin 
trace on the basal plane. 

In the present work a chemical etch pit technique 
to reveal which intersect the 
basal plane. The of Bell Cahn 
regarding the second order pyramidal slip plane are 


used dislocations 


IS 


observations and 
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ROSENBAUM: 


<1120> 


(000!) 
\ 


<> 


(a) 
BASAL SLIP 


PYRAMIDAL SLIP 


(SLIP ON SECOND ORDER 
PYRAMIDAL PLANES ) 


Fig. 1. 


NON-BASAL SLIP 


Schematic representation of the deformation modes considered 


IN Zn 


— {i010} 


(b) 


PRISMATIC SLIP 
(SLIP ON FIRST ORDER PRISM PLANES) 


(d) 
TWINNING 


(a), (b) and 


(c) show slip planes and slip directions, (d) shows the composition plane for twins 
and the direction of shear. 


confirmed, and observations are made on the accom- 


modation of twins. The technique is helpful in 


identifying the various markings on cleavage surfaces. 


EXPERIMENTAL TECHNIQUES 
An etch pit technique has been developed for 
revealing dislocations that intersect the basal plane 
of zinc. This will be reported elsewhere in detail, so 


only a brief description is given here. 


The crystals used were grown from the melt of 


nominally 99.999° zine obtained from New Jersey 
Zinc Company. The metal was contained in Pyrex 
glass during growth. In order to expose a basal plane 
surface the crystals were cleaved in the usual way in 
liquid N,. 


The etching was done by dipping the crystal, with 


its cleavage surface facing upward, into a solution of 


0.5 M HBr in ethanol with mild agitation for 5 sec. 
The solution was freshly prepared in small amounts 
by adding 1.5 ml of HBr (48%) to 25 ml ethanol. The 
surface was then washed in ethanol and dried in a 
stream of air. Sometimes a chemical polish was used 
either to remove the damage caused by the cleavage 
This 
dipping the crystal into a solution made from equal 
volumes of HNO, (70%), H,O, (30°) and ethanol as 


described by Gilman and DeCarlo. 


operation or to erase the pits. 


Mechanical deformation was carried out in various 
ways: 
(1) Indentations were made either at room tempera- 


ture or in liquid N, by placing a 0.62 cm diameter 


consisted of 


steel ball on the cleavage surface and tapping the ball 
with a small hammer. The specimens used for such 
experiments were cylindrical wafers about | cm in 
diameter and 0.2—0.7 em thick. 

(2) In order to watch the propagation of mechanical 
twins, a bending device was constructed such that the 
cleavage plane could be observed in the microscope 
during deformation. This device is similar to that used 
by Pratt 
Sometimes 


and Pugh" and is illustrated in Fig. 2. 


twins were started by indentation as 
above, and then propagated by deforming the speci- 
men in the bending device with the specimen’s convex 
surface (caused by the indentation) facing the 
microscope objective. 

(3) Crystals of square cross section 0.6 0.6 1.6 
These 


crystals were oriented such that one pair of lateral 


em were deformed in a four-point bending jig. 
faces was parallel to the basal plane. By placing the 
crystal in the jig with the [0001] direction parallel to 
the axis of bending, the crystal was forced to deform 
by non-basal slip. If the crystal was placed with the 


MICROSCOPE 
J OBJECTIVE 


SPECIMEN 


4 


STEEL BALL 


Sending device to fit on a microscope stage 
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COMPRESSIVE FORCE 


CZZZ. 


SPECIMEN 


Fic. 3. used to kink erystal 
specimens. 
plane of the diagram. The specimen was contacted by 


Four-point bending jig 
The basal plane surfaces are normal to the 


four 0.32-cm diameter brass cylinders. 


bend axis parallel to the basal plane, the crystal 
the 


kinked* as illustrated in Fig. 3. In all cases 
bending jig was activated by squeezing it in a vise at 


room temperature. 


RESULTS AND DISCUSSION 
Be nding 
Figure 4 shows the distribution of dislocations near 
the neutral axis of a bent crystal. The pits produced 
1120 
LOLO 


by this etchant have their sides parallel to the 
The the 


This is consistent with pyramidal slip 


directions. glide bands are along 
directions. 


(see Fig. 1) as found by Bell and Cahn, 


Determination of the non-basal slip plane 


The non-basal slip plane was determined in two 


experiments; in both of these the non-basal slip 


traces were observed on a previously polished surface 


Fic. 4. Crystal deformed at room temperature in four 

point bending about an axis normal to the basal plane. 

We see the region near the neutral axis. The sides of 

the pits are the 1120 
directions. 


parallel to close packed 


* In accordance with customary usage, the word *‘kinking”’ 
refers to two different phenomena. As used earlier in this 
report it means a low-angle tilt boundary with the tilt axis in 
the basal plane. As used in the present context, however, it 
refers to a very sharp macroscopic bend of the entire crystal. 
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normal to the basal plane and matched with etch pit 
bands on the basal plane. One experiment involved 
kinking a crystal of square cross section as described 
above. The second consisted of indentation at room 
temperature on the basal plane of a crystal of square 
cross section. In both cases basal as well as non-basal 
slip could be seen on the polished surface normal to 
the basal plane. The non-basal slip traces were very 
faint and diffuse. However, since they were intersected 
by the basal slip traces, the angles between the basal 
plane and the trace of the non-basal slip plane could 
be determined with an accuracy of +-2°. The traces on 
the basal plane were determined with at least equal 
accuracy by the orientation of the etch pits as well as 
by the twin traces on this plane. In this way the slip 
traces were plotted on stereographic projections of the 
crystals and determined to be of the type {1122} in 
agreement with Bell and Cahn®. The slip direction 
was not established in the present work; but in the 
1123 


reported by Bell and Cahn, will be assumed. 


remainder of this report the directions. as 


Twin accommodation 

Figure 5 shows the results of an indentation experi- 
ment at room temperature. The results are not altered 
by performing the experiment in liquid V,. Low-angle 
tilt boundaries (kinks) are seen to run parallel to the 
twin traces. These are similar to the “primary kinks” 
Pratt Pugh, 


traces perpendicular to and at 30° to the twins in 


described by and The deformation 
Fig. 5(a) are similar to what Pratt and Pugh called 
“secondary kinks.“ These markings are seen to be 
slip bands and have the same orientation as the traces 
Although the 
“secondary accommodation 


of the pyramidal slip. evidence is 
that 
kinks” are pyramidal slip bands. Such markings were 


(4,5,8,11) on 


indirect, it seems 


observed by other investigators cleavage 
surfaces, but were not explained. 

Notice that no etch pits occur on the primary kink. 
This is because it is composed of dislocations lying in 
the basal plane. Presumably, such a kink is composed 
of dislocations whose Burgers vectors lie in the 
two close-packed directions at 60° to the twin trace. 
On chemically polishing the deformed surface, the 
primary kink was not erased, but the traces of the 
non-basal slip bands at 90° and 30° to the twins 
disappeared. 

An interesting phenomenon associated with twins 
is illustrated in Fig. 6. Frequently one observes a row 
of etch pits emanating from the tip of the twin. By 
chemically polishing successive layers from the surface 
or by cleaving thin layers from the surface, the pits 


are seen to remain at the tip of the twin. Thus, they 
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must correspond to dislocations lying in the {1012} 
twinning plane of the material. The nature and origin 
of these dislocations are not known, but reasoning 


indirectly from the shear stresses caused by the twin, 


~ 


Fic. 6. Twin traces on the basal plane The crystal 

was deformed by indentation at room temperature and 

etched. Notice the row of etch pits emanating from the 
tip of the twin 


whether these dislocations precede the twin while it 
grows through the lattice, or whether they occur as the 
interface comes to rest to accommodate the stresses 
at the tip of the twin. 

Recently Kosevitch and Bashmakov"* measured 
elastic relaxation of mechanical twins that pass 
partially through bismuth, antimony and zine crystals. 
The possibility that the dislocations at the tip of 
twins might result from elastic relaxation was 
investigated in the present work. This was done by 
photographing a twin both before and after removing 
the load in the microscope bending device. No 
elastic relaxation was noticed at room temperature. 
For annealed zine crystals Kosevich and Bashmakov 
also failed to observe elastic relaxation, but they did 
observe such relaxation in cold worked crystals. 
These authors considered a twin which fails to pass 


Fic. 5. Deformation markings on a cleavage surface entirely through the crystal and concluded that unless 
In (a) the cleavage surface had been deformed by : : 
indentation at room temperature. The indentation is 
at the top of the photograph. Twins (labelled 7’ in the at the tip of the twin, the twin wedge would disappear 
photograph) emanate from the indented region; and . 
roughly parallel to the twins are primary kinks (labelled 
K). Deformation markings (labelled D) are seen at 90 
and 30° to the twin traces. In (b) the surface had been 
chemically polished to remove the surface steps, and 
the deformation markings disappeared. It had then (0001) 
been etched to reveal dislocations, and the deformation 


the crystal can plastically deform to relieve stresses 


when the external load is removed. They considered 


markings re-appeared as bands of etch pits. 
(1120) 


it appears likely that their Burgers vectors lie in the 


—sHEAR i101] 
DIRECTION 


shear direction of the twin, i.e. (L011), so that the pits 


correspond to screw dislocations. Fig. 7 illustrates this 


situation. In Fig. 8 it is shown that the twin advances ate 
: Fic. 7. Possible configuration of dislocations at the 


along the trace of these etch pits. It is not known tip of a twin 
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Fic. 9. Interaction of slip band and an accommodation 

kink. Twins had been formed by indentation. The 

specimen Wwas then etched and deformed under the 

microscope The deformation was interrupted for 

etching several times. The primary kink is labelled K 
and the slip bands D. 


have no way of observing the dislocations inside the 


twin, so the role of relaxation inside the twin is 


unknown. 


Dislocation interactions near twins 


Figure 9 shows the interactions of a pyramidal slip 
band with a group of twins. It is interesting to see 
that at the place where the pyramidal glide disloca- 
tions meet the accommodation kink, a row of 


dislocations parallel to the twin results. The non-basal 


Fic. 8. Twins in a crystal that had been deformed by slip dislocations are partially stopped bv the kink. 
indentation on the cleavage surface opposite that 


viewed, The crystal was then etched and placed in the 
microscope bending device. In (a) we see the erystal as 4 ¢ 
deformed and etched. There is a row of etch pits 
parallel to the twins diagonally across the photograph 
(labelled P). The jog in one of the vertical twins as it 
crosses the etch pit row indicates that a twin lies 
beneath the surface. In (b) the erystal had been 
slightly deformed under the microscope, and the twin 
suddenly appears along the row of pits. 


only slip in the basal plane of the matrix crystal and 


did not consider either non-basal slip of the matrix or 
any plastic relaxation inside the twin as means of y---7 


stresses must be relieved if the twin is to remain in the ~L 


relieving the stress. However, their premise that the 


[1210] 
OR 


crystal after removing the load seems reasonable. 


Since the dislocations on the twin composition plane 
are not seen when the pyramidal accommodation slip 
occurs, it may be that both of these phenomena are 
ways for the crystal to relieve the stresses and so to 


bili , Witl ‘ Fic. 10. Burgers vectors of a possible reaction between 
stabilize the twin. ith the present technique we pyramidal and basal plane dislocations. 
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ROSENBAUM: 


The rov of pits along ‘kink ma 
tions piled up at the kink. 

An alternative explanation is that the character of 
the slip dislocations is altered at the kink. If we assume 
that pyramidal glide dislocations have Burgers vectors 
1123 


is com posed of (1120 type dislocations, these might 


of the type and that the accommodation kink 
react to give (LO11) dislocations on the twinning plane. 
This reaction is illustrated in Fig. 10. In terms of the 
lattice the 
written [a, — c] + [—a,]— [a, — a, — ¢], 
letters in the brackets refer to unit vectors along the 


principal translations reaction can be 


where the 


principal crystallographic axes. 

Such a reaction seems plausible in view of the fact 
that rows of etch pits parallel to the close-packed 
directions were observed only in connection with 


4 


NON-BASAL SLIP 


IN Zn 


twins, either at t tip or next to twil If one uses 
the criterion of the Burgers vector squared to estimate 


relative dislocation § line energies one finds that 


unstable 
a, — a, — a, |*. 


ordinarily this reaction is because [a, 


However, the a, 


a. c| dislocation causes a shear in the same direction 
as that of 
tend to 


the twin. Therefore, the reaction would 


relieve stresses near the twin and, simul 


taneously, help relieve the stresses in the pyramidal 
glide band by removing some [a, — ¢]} dislocations 
from the band. 
Observations such as that of Fig. 9 suggest this 
kind of reaction, but caution must be used in inferring 
dislocation reactions from etch pits. Unless one can 
see the dislocation lines and identify their Burgers 


vectors, one cannot be certain of the reaction. 
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SPECIMEN 


ANNULAR SUPPORT 
SURFACE TO BE OBSERVED 


Fig. 12. Indentation with a conical indentor. 
Annealing 

Figure 11 shows the changes that occur in annealing 
Here, the 
differed slightly from that described in the section 


an indentation. method of indentation 


‘Experimental Techniques” in that a conical indentor 


was used and the crystal was supported as shown in 
Fig. 12. This is the technique previously used by Li 
et al.|3), 
The 
follows: 
(1) The 
themselves to form a net of low-angle tilt boundaries. 


(5,13) 


results of annealing can be summarized as 


non-basal slip dislocations re-arrange 
Previous investigators noticed such networks. 
(2) The sides of the twin tend to become parallel. 
This makes the twin interfaces coherent except at the 
tip. 
(3) The twin 


places a double row) of dislocations. 


behind a 
Although it is 
in the photograph, when the twin 


recedes leaving row (in 
not apparent 
recedes by annealing, the shear strain produced by the 
twin is not removed completely, if at all. That is, the 
surface contour of the crystal after the twin recession 
is nearly the same as when the twin was there. (Some 
smearing by surface diffusion probably occurs.) This 
can be seen by illuminating the crystal obliquely across 
the twin trace before and after the anneal. 

From Fig. 7 it can be seen that a twin which does 
not go through the entire crystal causes a rotation 
the amount of the 


about its composition plane; 


rotation is proportional to the maximum thickness of 


the twin. On annealing, this rotation may remain in 
the crystal and must be accommodated by a twist 
boundary of screw dislocations. 
these dislocations and the mechanism by which they 
are left by the receding twin are not understood. The 
observations that the twin anneals mainly by reducing 


The geometry of 
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its length while retaining the shear in the crystal 
suggests that the recession occurs by diffusion across its 


incoherent interface at the tip. 


SUMMARY 

(1) The second order pyramidal slip plane { 
has been confirmed for deformations at room tempera- 
ture. 

(2) Accommodation of stresses at the tip of a 
; 1012}; twin can occur by slip on planes whose traces 
on the cleavage surface is consistent with the {112: 
slip plane. 

(3) Often a row of dislocations emanates from the 
tip of a {1012} twin; the 
These 


dislocations may provide another way for the crystal 


the dislocations lie on 
composition plane of the matrix. 
to accommodate the stress at the tip of the twin. 

(4) On 


through a crystal recedes and tends to make its sides 


annealing, a twin which goes partially 


parallel. In this process a trail of dislocations is left 
in the matrix crystal. 
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SELF-DIFFUSION IN 50-50 GOLD-CADMIUM* 


H. B. HUNTINGTON,? N. 


Self-diffusion studies have been carried out on nominally 


ing technique using radioisotopes and 
28.0 keal/mole and D, 


em?/see for gold. 


values Q 


both diffusion plots. The ratio of the diffusivitic 


mechanism of nearest neighbor vacancy jumping. 


of energies for vacancy formation and motion previously reported 


discrepancy are suggested. 


AUTODIFFUSION DANS UN 


L’étude de lautodiffusion a été effectuée sur un 


C, 


k 


0.23 em?/sec for cadmium and Q 
Between 590°C and the melting point at 626°C there is a marked upward curvature it 


is roughly 


\ 
all 


MILLER? and V. NERSES?+ 


50 standard section 
are well fitted by the 
keal/mole and dD, 0.17 


50 Au—Cd alloys by the 


‘rom 300° to 590°C the results 


i 


2 


he activation energies for diffusion exceed the 


throughout and is consistent with 


um 


Two possible explanations for this 


LLIAGE 


50 


50-50 OR-CADMII 


par la méthode « 


M 
Le 


lage 50 or—cadmium section 


nement et en utilisant les radioisotopes Cd 115 et Au 198 


Entre 300°C et 590°C les résultats enregistrés sont en bon accord avec les valeurs théor iques ¢ aleulées 


pour Q 28,0 keal/mdle et D, 0,23 em?/see 


em? sec pour lor. 


Entre 590°C et le point de fusion a 626°C les 


Le rapport des coefficients de diffusion est partout d’environ 4 ; 


» 


du saut des lacunes vers les sites les plus proches. 


ir le cadmium et Q 27.9 keal/méle et Dy O17 


yurbes de diffusion subissent une monteéee brusque 


3 et est compatibl avee | canisi 


Les énergies dactivation pour la diffusion sont superieures a la somm<e 


déplacement des lacunes déterminées prece demm«e 


nt 


Deux explications possibles de cette divergence sont suggérées 


SELBSTDIFFUSION 


Selbstdiffusionsuntersuchungen wurden an 50 


Schnittmethode mit Hilfe der radioaktiven ISOvO} 
W 


die 


Ww iedergegeben durch 


9 keal/Mol 


die Ergebnisse gut 


Kadmium und Q 27 und 


Schmelzpunkt bei 626°C sind beide Diffusionskurven 


Dik 


iiberall 3 und ist 


Leerstellen 


Diffusivitaten ist 
Nachbarn in 


aus Bildungs 


der etwa 


nachster 


zwei moégliche Erklarungen fiir diese 


IN 


erte 
O17 


lke 


\ktivierungsenergien fiu 


und Wanderungsenergien von Leerstellen, wir 


\u 


50 GOLD-KADMIUM 


refiihrt 


dure} 


und 


Standard 


anu 


Cd-Legierungen 
98 Au 


aus 
300 
und 
Zwische 


Zwische 
Mol 
rhe 


6Cd und 


n erdet 


cm*/se ful 


rklic h nacl 


msistent mit 


friihe 


Abweichung vorgeschlagen 


INTRODUCTION 
The f-phase alloys of the gold—cadmium system 
attracted 


this was because of their remarkable ferroelastic prop- 


have considerable attention. Primarily 


” 


erties at the martensitic transformations to the / 


” 


p 


Chang and Read". The details of these transforma- 


phases which were first extensively studied by 


tions were later explored by Lieberman ef al. as 
prototypes of the diffusionless transformation. Many 
curious effects of prior history were found to influence 
the character of the transformation.) Later addi- 
tional information on the system was provided by 
measurements of the elastic constants reported by 
Zirinsky™. 

The high temperature phase is a cubic CsCl structure 
which stays ordered apparently up to the melting 
point. Studies of atomic movements in Au—Cd (49 per 
cadmium) initiated by Wechsler® in 


cent were 
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mcreases 


\t 
specimens 


the 


hi) he 


that 


a series O quenching experiments 


of of 


had been quenched from temperatures it 


observed resistivities 


l range 
from 200 to 500°C. The magnitude of these 
E |kT, 
quench temperature and £, was measured to be 0 


O.OL eV. 
150°C 


mcreases 


varied closely as exp where was the 


37 
The behav iour of the specimens quenched 
from and annealed in the range 60°—-90°C 
indicated a mobile defect with an energy of motion 
of 0.58 0.05 eV. It was tentatively assumed that 
the moving defect was a vacancy and that the extra 
resistivity of the quenched specimens could be attrib 
uted to large excesses of vacancies. Wechsler suggested 
that the measurement of self-diffusion should be used 
to this the 


energy for diffusion should be the sum of the energies 


check on assignment, since activation 


for formation and motion for the most mobile defect 
present. The present investigation was undertaken 


principally with this end in mind. 


EXPERIMENTAL PROCEDURE 


Accordingly, self-diffusion measurements have been 
the Au-—Cd at.°% alloy for both 


carried out on 50 o 


ol. 9 energies de tormati et 
1961 
mn 590°C und 
Mi inismu on Spriing 
= 
\ 


750 


constituents by the standard sectioning technique. 
A few remarks on the details of the experimental 


procedure follow ° 


(a) Single crystal specime ns 


The measurements were carried out on three single 


crystal specimens and one bicrystal* (used in the 


initial phases of the investigation). The alloy was 
made from gold of 99.99 per cent purity supplied by 
Baker and Co. and from cadmium of 99.95 per cent 
purity supplied by American Smelting and Refining. 
The mixtures were fused in evacuated quartz capsules 
and repeatedly rocked to insure homogenization. 
Weighing of the constituents before melting and of the 
slug after melting checked very closely indicating no 
loss during fusion. from 


Next, crystals were grown 


these specimens about 3 in. in diameter and several 
inches long. At this point the crystals were shipped to 
our laboratory where they were sectioned into $-in. 
lengths. 

No definite determination of the chemical composi- 
tion of the individual sections was made, but it was 
observed that there was an appreciable variation of 
density from one section to the next in the same single 
crystal. Under the assumption that this variation 
could be attributed to partial segregation in the 
gravitational field it would appear that there may 
have been as much as | per cent variation in composi- 


tion of specimens from top to bottom of the slugs. 


(b) Spe pre paration 

End surfaces suitable for diffusion study were 
prepared on each of the segments of the original single 
crystals. They were first faced off square and flat 


to } mil. The surfaces were then hand lapped and 
polished, using in the final stage levigated alumina 
on silk. This was followed by a l-min etch in the case 
of the but the etch 
continued as examination the etch 
slight The were 


annealed, hours at 


earlier studies later was dis- 


showed caused 
pitting. specimens 
550°C 


finally checked by X-rays for any residual cold work 


extensively 


several and above, and 


or recrystallization. 


(c) Plating 

The radiocadmium '°Cd was plated from a cyanide 
bath with the specimen being rotated during the 
plating process. To obtain the desired activity }—} 
min was required. The layer so plated was somewhat 


under 1 uw thick. Since the lifetime of the 1®Cd was 


* These were very kindly prepared for 
Dr. Wechsler at the Oak Ridge National Laboratory. 
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our use by 
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about 43 days general operation with this isotope 
could be leisurely. 

The radiogold Au was deposited from an acidic 
chloride bath as described by Gray“. Because of its 
shorter lifetime (2.7 days) operations with this isotope 
had to be carefully planned and executed with dis- 
patch. We had been warned that there might be a 
small amount of long-lived contaminant. As a check 
against this the decay of the radioactive shipment was 
observed over a 2-week period, but no departure from 
a single exponential decay rate was observed down to 


levels well below those used in this experiment. 


(d) Diffusion heating 


For the diffusion anneals the specimens were sealed 
in Pyrex tubing. The furnaces maintained constant 
temperature to +0.2°C, except during the insertion 
of the specimen. Corrections for insertion cooling and 
“warm-up time” were made for all runs under 6 hr 
according to the procedure of Makin et al.. The 
temperature of the furnace was monitored continually 
during the run by an iron—constantan thermocouple 
and these in turn were checked at the end of the run 
platinum standard 


against a platinum—rhodium 


calibrated by the Bureau of Standards. 


(e) Sectioning 

Since the sample preparation and sectioning were 
carried out at room temperature, the flatness of the 
surfaces was disturbed by the transformation up to 
the cubic phase and back to the tetragonal. Examina- 
tion of surface flatness showed resulting irregularities 
of 0.2 mil or less which in the worst cases might 
amount to half the thickness of a section slice or about 
twelfth of the total Such 
irregularities introduce a correction similar to that 


one diffusion distance. 


for faulty specimen alignment. By applying the 
correction formula” for faulty alignment one sees 
that the resulting error in the measured diffusion 
constant would be of the order of 0.1 per cent and so 
can be neglected. 

The actual sectioning was done in a lathe with the 
About 
were removed from the lateral surface to eliminate the 
effect 
sections were removed parallel to the diffusion surface. 


specimen aligned to within 0.5 mil. 20 mil 


of surface diffusion. From eight to twenty 
The total weight of the sections routinely compared 
with the loss of weight of the specimen. In most 
cases a check valid to a couple of per cent was obtained, 
although in some runs there was a weight loss of as 
much as 5-10 per cent of the total weight of the chips, 
due to faulty technique in retaining the finer chips. 
Another disturbing source of error was caused by the 
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SPECIFIC ACTIVITY 


vs 


PENETRATION DEPTH SQUARED, x? 


= 547.0°C 


= 7.73 x 107" sec. 


+ 


SPECIFIC ACTIVITY CcounTS / MG. MIN.) 
° 


| 
75 100 
2 2 
x x10 cm 
Fic. 1. Specific activity versus penetration cle pth square d, 


a" 


the during the sectioning 


process. Although careful technique could minimize 


burring of specimens 


this difficulty, the accuracy of several runs was 


impaired because of this shortcoming. 


(f) Counting 
The counting procedure differed somewhat for the 
the 


cadmium the lathe turnings for each section 


two isotopes employed. In case of the radio- 

were 
placed in an elongated porcelain combustion boat and 
dissolved with a few drops of etching solution. After 
drying under a heating lamp a thin uniform film formed 
at the of the The then 


arranged in a row of slots) separated by lead blocks 


bottom boat. boats were 


where they were counted automatically by a Geiger 


counter programmed to stay with each slot for | hr. 
In the case of the radiogold the sections were dissolved 
in Petri dishes 5 cm in diameter and then counted by 


a thin-walled Geiger counter. Of course account was 


SPECIFIC ACTIVITY 


vs 


PENETRATION DEPTH SQUARED, x* 


CCOUNTS / MG.MIN ) 


T= 529.0°C 
D= 3.97x 


ACTIVITY 
Lijitti 


2 
cm /SEC. 


= 


SPECIFIC 


20 25 


-4 
x? x10 cu? 


Specific activity versus penetration depth squared, 
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DIFFUSION IN 


50% 
TABLE |. Diffusion data 


into Au—Cd 


620.4 

43.0 
$95.2 
148.0 
388.6 


29, 7 
‘ 


taken the radio decay during the elapsed time of 


counting the sections from any run 


RESULTS 
The data from a particular run with the '°Cd are 
shown in Fig. | and in Fig. 2 is displayed a typical 
run for the Au. 


are compiled in Table | and are graphically displayed 


The results of all the diffusion runs 


in Fig. 3. The two straight lines on this graph are the 
least squares fit for all the data obtained below 590°C, 


_7 636 560 496 44) 393 352 315 282 


DIFFUSION COEFFICIENT 
vs 


RECIPROCAL TEMPERATURE 


2 
/ sec.) 


2 
Do, 0.16 cm“/ SEC 


K CAL 
27.9 MOLE 


2 
0.22 cm*/ SEc. 


DIFFUSION COEFFICIENT 


iti 


= 28.0 KCAL 


Qcp = MOLE 


Diffusion coefficient versus reciprocal temperature. 


10 
D 1/7 10-* 
3.08 lo’ 604.1 1.1399 
1.96 10-8 591.3 1.1570 
3.97 529.0 1.2471 
1.46 io” $82.5 1.3233 
3.12 10 $28.3 1.4249 
7.90 10 386.9 1.5147 
2.57 10 349.5 1.6053 
$.46 303.0 1.7355 
Cd into Au—Cd 
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The final values for D, (increased 5 per cent to include 
dimensional changes from phase change and thermal 
expansion) and for Q are given below: 
D, = O23 0.1 and Q 28.0 
cadmium ; 
Dy = 0.17 


for gold. 


0.7 keal/mole for 


0.03 and Q = 27.9 + 0.3 keal/mole 

The accuracy of these measurements is somewhat 
inferior to the best that with the 
Here the 
principal uncertainties arose from difficulties with the 


can be obtained 


sectioning technique as now practiced. 


weight loss and with the burring on some runs. On 
these we estimate a probable error of 15 per cent 
in the most unsatisfactory situations. Counting and 


alignment errors were considerably less. 


DISCUSSION 
An examination of the data displayed in Fig. 3 
(1) The 


points for both isotopes above 590°C tend to lie well 


brings to light three interesting observations. 


above the least-square fit lines as determined from 
measurements below that temperature. (2) The two 
lines are parallel to well within the experimental 
accuracy and are displaced by a ratio of about 4 : 3 
over the experimental range. (3) The activation energy 
of 28 keal/mole is definitely larger than the sum of the 
Wechsler to the 
motion of the mobile defect. 


13.5 


energies for 
These 


kcal/mole, 


values assigned by 
formation and 
numbers were 8.8 keal/mole and 
respectively. 

The upward curvature of the data points at high 
temperature is reminiscent of the measurements of the 
self-diffusion coefficients in /-brass“"® where a similar 
upward curvature was evident for both zine and 
copper as the critical temperature for ordering was 
approached. In this case good Arrhenius plots could 
be fitted to the data above 7', but 
smaller slopes than in the ordered region. Presumably 
the 


lattice “loosening” arising from increased short range 


with somewhat 


the upward curvature below 7, was 
disorder as the transition temperature was approached. 
For the 47.5°% Cd alloy Wechsler has shown that 
long range order persists up to over 600°C and 
presumably to the melting point at 625°C. However 
from the upward curvature of the diffusion data in this 
range there is indication that there is appreciable 
change in short range order. A similar curvature in 
the self-diffusion of "°Cd in the 47.5% alloy has been 
found by Gupta“ at the University of Illinois. 

The near equality between the diffusion coefficients 
of the two constituents in this experiment is what 
might be expected as the result of nearest neighbor 
the dominant mechanism. 


vacancy jumping as 


result of 
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CORRELATED NEAREST NEIGHBOR 
VACANCY JUMPING 
SIX SUCCESSIVE JUMPS OF VACANCY 


© 


IN (110) 


VACANCY 


NORMAL ATOM OF ONE SUBLATTICE 


NORMAL ATOM OF OTHER’ SUBLATTICE 


Fic. 4. Correlated nearest neighbor vacancy jumping. 


Because such a mechanism involves an equal number 
of jumps of the atoms of the two sublattices of the 
CsCl structure, one might be induced to conclude that 
The 


fact that, in the case of /-brass,“ the two diffusivities 


the two diffusion coefficients should be equal. 


differed widely (by a factor of about 2) has been con- 
strued as an argument against vacancy diffusion,°.!) 
Later Slifkin 


and Tomizuka"® have shown that departure from 


at least by nearest neighbor jumping. 


perfect order in an alloy could be responsible for a 
difference between the diffusivities, since, if one kind 
of atom would jump more readily than the other, it 
would move preferentially when it was on the ““wrong”’ 
sublattice. As the order parameters for /-brass are 
well-known over the temperature range of the diffu- 
sion, it was possible to plot the Dz,,/D,,, as a function 
of order and show that the ratio converged to unity 
for complete order."%) 

Lidiard“™) pointed out in addition that even in the 


case of perfect order the two diffusion constants would 


not necessarily coincide because of the requirement 
that lattice order be unchanged by the basic diffusion 
mechanism. As a result this basic mechanism must 
actually be a sequence of several individual jumps so 
chosen that the final state has the same degree of 
order as the initial. The simplest such combination 
is the sequence of six jumps schematically displayed 
in Fig. 4. (Of course the actual sequence can be 
varied by additional intervening steps provided that 


752 
om 
| 
/ 
7 
! 
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© 
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the deviating steps are subsequently reversed.) The 
correlation implied in such a sequence has the effect 
of altering the net contribution to the diffusion of the 
two constituents. In the particular case shown the 
atoms marked with crosses make two moves on their 
sublattice, while those marked with solid circles make 
only one. As has been pointed out by Elecock and 
McCombie™®), 


factor of 2 in ratio between the two constituents if only 


such a process could account for a 
sequences starting with the vacancy on a particular 
sublattice were allowed. Actually the value of 2 for 
the ratio of the diffusivities is probably quite a 
conservative upper limit since both sequences contain 
several common elements and probably operate with 
nearly the same frequency. 

One can estimate the relative frequency of operation 
of the two sequences by comparing the maximum free 
energy of activation for each process, since it is this 
which is the rate-limiting consideration. Suppose that 
the sequence starting with a vacancy on the A 
sublattice be designated sequence I and that starting 
with a vacancy on sublattice B be called sequence 
II. Each sequence is symmetric about its mid-point. 
For example sequence [ is composed of atomic jumps 
B-A-B-B-A-B, where the jumping atom has been 
designated A or B according to the sublattice on which 
it is found in the ordered state. One critical quantity 
is the free energy of the configuration where an atom 
is at a saddle point between two vacancies, one 
on each sublattice. Let us call these quantities Q , and 
@,, according to whether the moving atom is A or B 
type. (The choice of the letter Q emphasizes the near 
equivalence of these quantities to the activation 
energies for diffusion in the disordered alloy.) If 
Q, = Q,. then the two sequences can be considered 
to operate with the same frequency insofar as the Q’s 
are independent of the environment of the jumping 
then the 


maximum saddle points occur at different steps in the 


atom. If Q, is appreciably larger than Q»,, 


two sequences, for sequence II at steps 3 and 4, for 
sequence I at steps 2 and 5. In this case the activation 
energy for sequence II will exceed that for sequence I 
by the energy needed to take an A atom from an A site 
and put it on the B sublattice. This energy is of the 
magnitude of the ordering energy and surely does not 
exceed 2kT at the temperatures of diffusion. On this 
basis the frequency of operation of sequence I will not 
exceed that of sequence II by more than a factor of 
The ratio of diffusivities Dp, D, will be no 
more than (7 x 2+ 1 1):(7 2) or 5:3. It is to be 
noted that the ratio of Dey/D,, is 4:3 in 
experiment, which is still within this limit so that 


9 


our 


our results are consistent with a mechanism of nearest 


NERSES: SELF 


DIFFUSION IN 50% Au 


neighbor jumping without invoking any departure 
from long range order. 

To explain the fact that the activation energies for 
diffusion observed in this experiment exceed the sum 
of the energies reported earlier for defect formation 
and motion two suggestions have been put forward. 
In each case they concern difficulties with the 
determination of the formation energy. An important 
consideration in the actual experiment is the influence 
of specimen diameter as has been shown in the 


quenching of gold rods,“®* 


For the thicker specimens 
the quench is not always fast enough to retain all the 
defects and in additions the quenching strain associated 
with the larger specimens may increase the defect 
concentration. For these reasons only quenching 
relied on to 


this 


experiments with fine wires can_ be 
determine the energy of defect formation. In 
first Wechsler®) f in, 
Later studies with Sturm® 

their the 


appreciably lower. 


work used rods diameter. 


used } in. diameter rods 


and result for energy of formation was 


A second possible explanation of the discrepancy 


concerns the interpretation of the origin of the extra 


resistivity observed on quenching. Conceivably a 


certain amount of short range disorder may also be 
quenched-in along with the mobile defects. If the 


formation energy of the defects is larger than the 


apparent energy as observed, the ratio of number of 


defects to amount of disorder will decrease with 


decreasing quench temperature. As a result the 


slower with lower 


there 


should be 
though 


annealing kinetics 


quench temperature, should be no 


influence on the motion energy. 
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ATOMIC ARRANGEMENTS IN TITANIUM-MOLYBDENUM SOLID SOLUTIONS* 
J. M. DUPOUY and B. L. AVERBACH?+ 


The short range order and size effect coefficients as well as the thermal and static atomic displacements 
have been measured in b.c.c. solid solutions of titanium—molybdenum using X-ray diffraction techniques 
These solutions exhibit a strong preference for unlike near-neighbors even though a superlattice was not 
found. The size effect coefficients for the first shell of atoms were negative, indicating that the molyb 
denum atoms were smaller than the titanium atoms in solution. Center-to-center distances between 
the different pairs of nearest neighbor atoms were calculated from the size effect coefficients and the 
lattice parameters. Ti-Ti and Mo—Mo distances tended to approach the average distance in the solution 


at compositions between 20 and 50 at.°4 molybdenum. At 75 per cent molybdenum the Mo—Mo distance 


was smaller than in pure molybdenum and this was taken to indicate an electron exchange in the solution 


ARRANGEMENT D’ATOMES DANS LES SOLUTIONS SOLIDES DE TITANE MOLYBDENI 


L’ordre a courte distance et des coefficients d’effet de dimension ainsi que les déplacements atomiques 
thermiques et statiques ont été mesurés dans des solutions solides de titane molybdéne de réseau cubique 
centré par diffraction de rayons X. 

Les solutions montrent une grande préférence pour leurs voisins non semblables, quoiqu’une sur 
structure n’a pas pu étre trouvée. Les coefficients d’effet de dimension poul les atomes de la premiere 
orbite étaient négatifs, ce qui indique que les atomes de molybdéne étaient plus petits que les atomes ce 
titane en solution. 

Les distances d’un centre a l'autre entre deux paires différentes d’atomes les plus rapprochés ont été 
calculées d’aprés le coefficient d’effet ou dimension et d’aprés les paramétres du réseau 

Les distances Ti—Ti et Mo—Mo tendent a s approcher de la distance movenne dans la solution pour des 
teneurs entre 20 et 50% atomiques de molybdéne. Pour une teneur de 75°, de molybdéne la distance 
Mo-—Mo était plus petite que celle dans le molybdéne pur, ce qui indiquerait un échange d’électrons dans 
la solution. 


ATOMANORDNUNGEN IN FESTEN LOSUNGEN AUS TITAN UND MOLYBDAN 

Réntgenographisch wurden die Nahordnungs- und Grésseneffekt-Koeffizienten und die thermischen 
und statistischen Atomverschiebungen in k.r.z. festen Lésungen aus Titan und Molybdan bestimmt 
Diese Lésungen zeigen ein starkes Vorherrschen von ungleichen nachsten Nachbarn, obwohl 
Uberstruktur gefunden wurde, Die Grésseneffekt-Koeffizienten der Atome erster Schale waren nm 
das weist darauf hin, dass die Molybdanatome in der Lésung kleiner sind als die Titanatome 
Mittelpunktsabstande zwischen verschiedenen Paaren nachstbenachbarter Atome wurden aus 
Groésseneffekt-Koeffizienten und den Gitterparametern berechnet. Ti-Ti und Mo o Abstande nahe 
sich zwischen 20 und 50 At®%, Molybdan dem durchschnittlichen Atomabstand in dé sung an 
75 At®, Molybdan ist der Mo—Mo-Abstand kleiner als in reinen Molybdan, dis 


eines Elektronenaustauschs in der Lésung gedeutet. 


1, INTRODUCTION averaged over time and position mn the lattice 
lhe arrangement of atoms In a binary solid u,*, or the Debye temperature (-) If the atoms differ 


solution may be described in terms of parameters jy gize there is also a static displacement of each atom 


which can be measured by means of X-ray diffraction from the average lattice point and the square of this 
techniques. The average composition of the ith shells 


displacement averaged over every position in the 


of atoms about an atom at the origin is described by : . 
lattice, u.°, may also be measured 

the short range order coefficients, %,, which indicate om : 
hl rhe short range order and size effect coefficients are 
the preference for unlike or like neighbors in a é 
I determined from the diffuse scattering and thus 
particular shell. If the atoms are of different size, the 
provide averages over small correlation distances ii 
deviation of the individual interatomic distances 
f ned | il di é the lattice. In practice it is difficult to obtain informa 
rom the average determined by the cell dimensions is 
tion for distances greater than the sixth nearest 
expressed in terms of the size effect coefficients for ' 
h shell felasti neighbor, and in polyerystals data are frequently 
each shell, 1e spectrum of elastic waves associatec ; 
restricted to the first two atomic shells. On the other 
with the thermal motion of the atoms may be charac- 
ned the d hand, the thermal and _ static displacements are 
terized by the square of the dynamic displacement , : bas 
‘ : | determined from the intensities of the diffraction 


* Received December 14, 1960; revised February 8, 1961. lines and are thus averaged over correlation distances 


7 + Department of Metallurgy, Massachusetts Institute of which are large enough to provide coherent diffraction 
lechnology, Cambridge, Massachusetts. This paper is based 
on the Sc.D. dissertation of J. Dupouy at M.I.T. effects. These longer correlation distances are of the 
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order of 100 A or greater. It is interesting to note 
that a difference in atomic size produces effects at 
both This 


allows an independent evaluation of atomic size effects, 


small and large correlation distances. 


although the method of averaging is different in each 


Case, 


Titanium—molybdenum solutions were chosen for 


this study. The phase diagram" is shown in Fig. I. 


There is a large b.c.c. phase field with no indication of 


ordered phases or compounds, There is a large 
difference in the scattering power of these atoms, and 
the combination is fairly unique in that the heavier 
atom, molybdenum, has a smaller nearest neighbor 
This should 


result in a negative value for the nearest neighbor size 


distance than the lighter titanium atom. 


effect coefficient, /,, and this had never been observed 


before. In addition, the only other b.c.c. solutions 
which had been investigated previously were lithium 
magnesium solid solutions, and this system exhibited 
a relatively small size effect. 

Measurements on five titanium—molybdenum alloys 
are described in the following sections. Special 
attention is focussed on an improved method of data 
reduction and the results are discussed in the final 
section. 


2. EXPERIMENTAL METHOD 
(a) Materials 
The alloys were prepared from iodide titanium and 
pure molybdenum arc-melted under an argon atmos- 
phere. Ingots containing approximately 20, 30, 40 
and 50 at.°, molybdenum were melted at New York 


University and an alloy with 75 at.°, molybdenum 


°C) 


Temperature ( 


0.5 
Atomic fraction Mo 


Fic. 1. Titanium—molybdenum phase diagram. 
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was prepared at the Watertown Arsenal. The actual 
compositions were 19.5, 29.5, 40.5, 48.6 and 75.4 at. % 
molybdenum. Each button was remelted and turned 


over several times in order to eliminate dendritic 
structure and the final ingot was a cube approximately 
1.5 in. on edge. 

Attempts to use vacuum-sintered filings for diffuse 
scattering samples were unsuccessful. Long sintering 
times were required in order to sharpen the diffracti »n 
lines and to obtain sufficient mechanical strength: 
the resulting specimens were invariably contaminated 
the 
Solid samples were cut from each 


the 


with sufficient oxygen and nitrogen to form 
hexagonal phase. 
ingot along three perpendicular directions; 
specimens were packed in foils of a titanium—14 


wt.° molybdenum, sealed under a partial pressure of 
helium in Vycor tubing and annealed for 24 hr at 
1100°C. One set of samples was water-quenched from 
the annealing temperature and the other was cooled 
at a logarithmic rate from 1100 to 350°C over a period 
of 20 days and then quenched. These samples were 
only superficially contaminated; the surfaces were 
cleaned by mechanical polishing followed by electro- 
polishing in a solution of 5 per cent perchloric in 
glacial acetic acid. These samples all showed marked 
preferred orientation, but subsequent experiments 
showed that the diffuse scattering was not affected by 
this amount of texture. 

Samples with random orientation for the Bragg line 
measurements were obtained by using loosely packed 
filings. These filings were sealed in Vycor under 
helium and annealed for | hr at 1050°C. The annealing 
enough to sharpen the high angle 


time long 


diffraction lines sufficiently so that they could be well 


resolved but was short enough to avoid contamination. 
The filings were then mixed with Duco cement and 


acetone to form a flat diffraction sample. 


(b) X-Ray measurements 

The diffuse scattering measurements were made with 
monochromatic CuXk, radiation diffracted from a bent 
The 


detecting assembly consisted of a proportional counter 


silicon crystal cut to the (111) orientation. 


and a pulse height analyser arranged to eliminate the 
one-third wavelength of the white radiation (the one- 


half component was eliminated by the silicon crystal), 


the cosmic background and the fluorescence radiation 
from titanium. Readings were recorded continuously 
on a horizontal spectrometer with the counter rotating 
at 0.25° in 26/min and measurements were made 
from 10 to 132° in 26. Flat samples were used and the 
geometry of the system satisfied the usual double 


focussing condition. 
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The specimens were rotated around the axis normal 
to the reflecting surface to minimize the effects of 
preferred orientation and the coarse grain size. The 
diffuse intensity was found to be insensitive to the 
preferred orientation. Fig. 2 shows the scattering 
recorded from samples of the 30° molybdenum with 
the greatest difference in texture. One sample was so 
highly textured that the (200), (220) and (222) lines 
were almost absent, yet the diffuse intensities for both 
samples were quite similar. In practice the diffuse 
intensity was recorded from each of three samples cut 
at different angles from the ingot and the intensities 
were averaged. In the case of the 50°, alloy only two 
samples were available; only one was available for 
the 75% alloy. 

The intensities of the diffraction lines were measured 
with Mok, radiation and a scintillation counter. A 
holder filled with a mixture of powder and cement was 
pressed by a spring against the wall of a small chamber 
which could be filled with liquid nitrogen. The 
assembly was enclosed in an evacuated container 
which had a Mylar window glued with epoxy resin. 
Heating tape was wrapped around the window to 
prevent the condensation of moisture. The tempera- 
ture was measured by a thermocouple embedded in 
the powder. The diffraction lines were recorded and 
the areas under the peaks measured with a planimeter. 
The first four diffraction lines were ignored because 
of extinction effects, and the remaining eight to twelve 
lines were used for the determination of thermal and 


static displacements. 


Ti-Mo 


SOLID SOLUTIONS 


3. REDUCTION OF DATA 


(a) Thermal and static displace ments 
The integrated intensity of a diffraction line for a 
binary alloy is given by 
AN F*m(LP) exp [—2(B, B.) sin? 6/27] (1) 
where A is a constant, N the number of atoms irradi- 
ated, m the multiplicity, F the structure factor, LP the 
Lorentz-polarization factor (1 cos* 29)/sin* cos @, 
B, the Debye-Waller factor for thermal displacements 


and B, the static displacement factor. The thermal 
factor may be written in terms of the Debye tempera 
ture © as follows 

6h? 

where m is the average mass of the atom in solution, 
h is Planck’s constant, k the Boltzmann constant, 7’ 
y (-)/7' is the 


Plots of In J versus sin? 0/72 were 


the absolute temperature and q(y) 
Debye integral, 
straight lines, indicating that the powder samples 
Intensities measured at 


values of B. and B, 


The mean square atomic 


were quite random. were 


1OS and at 295°K and were 


determined for each alloy 
calculated relation- 


displacements may be from the 


ships: 


and 


re) 


Intensity (electron units) 


3 


“ 
(310) 


Ti-30 atomic percent Mo 
CuKa 
Specimen 33 
Specimen 3! 


1.5 


x 


wil 
2.0 


20 sin 


Comparison of scattering from two specimens with preferred orientation. 
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x 
i= 
x 
300 
x = X-ray dato 


Debye temperature (°K) 


0.5 
Atomic fraction Mo 


3. Debye temperature and static displacement 
factor. 


Values for the thermal and static displacements are 
listed in Table 1 and the variations of Debye tempera- 


ture and B, are shown in Fig. 3. It is interesting to 
note that the thermal and static displacements are 
of the same magnitude for each composition. There 
are no data for the Debye temperature of  b.c.c. 
titanium, but the present data extrapolate to a value 
300°K, the 
the Debye temperature for pure molyb- 


that 


quite close to value estimated by 
Kaufman"; 
denum was taken as 380°K.. It is evident 
there is a significant maximum in the Debye tempera- 
ture at 75 at. ° 


molybdenum. 


(b) Short range order and size coe fficie nts 


The intensities were placed on an absolute scale 
the 


an intensity measurement at 130 


lucite, 
in 24 
Values for the coherent 


by comparison with scattering from 


(C-H,.O,); 
was used for standardization. 


and incoherent scattering factors for carbon were 


taken from Berghuis et al. and Keating”, respec- 

tively. Scattering factors for oxygen were taken from 

Freeman"), 

TALBE 1. Thermal and static displacements in 
Ti—Mo solutions 


Atom fraction (-) 
(°K) | (A?) 

0.093 

0.085 

0.077 

0.065 

0.052 


0.075 
0.063 
0.055 
0.048 
0.036 


300 0.68 
314 0.57 
335 0.47 
385 0.34 
449 0.22 


Values for the coherent scattering of 
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hydrogen were taken from McWeeny"?), and the 
incoherent scattering of hydrogen was calculated from 
the tables of Bewilogua”*). The mass absorption 
coefficients were taken from Barrett). 

The contribution of the Compton modified scattering 
was calculated from the results of Bewilogua“®), with 
the total contribution assumed to be the weighted 
The the 
temperature diffuse scattering for a powder pattern 


average for each constituent. form of 
has been shown by Warren" to have the following 
form: 


(1 exp |—2B, 6/2?}) (4) 


where m, is the atomic fraction and f, the scattering 
factor for the ith atom, and W (2) isa modulating func- 
tion which has been calculated by Herbstein and 
Averbach"® for Values of B, 
obtained from the measurements of line intensities 
(Table 1): 
taken from Watson”? and for molybdenum from 


b.c.ec. lattices. were 


the seattering factors for titanium were 
James and Brindley™®. 


for both 
Templeton 


The dispersion corrections 


elements taken from Dauben and 


(19) 


were 
It was thus possible to calculate the 
temperature diffuse scattering from equation (4). 

the diffuse 


arises from the static atomic displacements. 


scattering 
This 


A similar contribution to 


scattering has the form 


(ma Mp H (x) 


(1 exp | —2B, sin? 0//?}). (5) 


The modulating function H(z) is similar in form to 


W(x) and was calculated here for a b.c.c. powder 


pattern. The modulations were small and the func- 
tion H(x) was taken as unity. A similar situation was 
observed for f.c.c. powder patterns.) The values of 
B. were taken from the diffraction line data (Table 2 
and the static diffuse intensity contribution was thus 
calculated. 

The diffuse scattering in absolute units was corrected 
for polarization and for the contributions indicated 
above, and the remaining diffuse scattering which 
describes the local atomic arrangement may be written 
as follows: 


sin 


SOx 


7 
an} 


m fy 1 


x 
“41 
l 


where C, is the number of atoms in the ith shell, 
r, (distance to shell 7)/a, a is the lattice parameter, 


«x = 2asin 6/A, A is the X-ray wavelength, and @ is the 


500 
400 
200 
05 | 
/ \ 
/ 
Thy 
02 
/ 
0.| 
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Specimen Atom fraction 
condition Mo 


quenched 0.2 
quenched 0.3 
slowly coole 

quenched 

slowly coole 

quenched 

slowly coole 

quenched 


Bragg angle. The short range order parameter «, is 
defined 


P;/"p (4) 


where p, is the probability of finding a B atom in the 
ith shell about an 4 atom at the origin. The size effect 


parameter is given by 


x) €pp| 


and ¢' 


Ilha A { The 


distance r', , is the distance between two A atoms with 


where 4 


one at the origin and the other in the ith shell, and r, is 
the average distance to the ith shell determined from 
the lattice parameter. 

The 


measurements of the diffuse intensity by means of a 


values of x, and /, were derived from the 


Fourier transform.*) The transform may be written 


approximately as 
*a(max) 
(x) exp ( 


r) 


sin 2ara dx 
0 
=) 


*br, 


exp — (7 (9) 


where K(x) —1, 6 is an 


arbitrary damping factor to reduce the fluctuations 


mpl 


arising by cutting off the data at 2(max) instead of 
infinity, and y, = a, — f,. 


A typical transform, evaluated by means of 


Lipson—Beever strips is shown in Fig. 4. It is obvious 
that contributions of « and f to the first shell cannot 
be separated from the contributions to the second 
shell. The coefficients for the third shell are negligible, 
but there appear to be some contributions in the 
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Short range order coefficients x 
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and size coeffici 


O79 
071 
073 
O60 
O63 
O46 
056 


O52 


shells. The 


were qualitatively 


the fourth and sixth 


transforms for all of the 


neighborhood of 
alloys 
similar. It was assumed therefore that the region in 


the transform from 7 0.4 to» 1.3 was associated 


only with the first two shells. Nineteen values of » 
and 


}, and which were 


were taken in this interval and values of y, iF 
fp. were obtained by a least squares fitting 


procedure gave values of la, Me 


were then 


that all 


phy sically plausible 
the 


Values for and %, 


estimated from transform, assuming 


values above /, were zero; the transforms consistently 
The 
of the local arrangement coefficients calculated in this 
manner are listed in Table 2. 


A critical test of the coefficients may be 


indicated negligible values for x, and «; values 


made by 
synthesizing the diffuse intensity using the values of 
The 


transforms are most affected by errors which oscillate 


4, and fp, listed in Table 2 and equation (6). 
with frequencies between Zar; and 277 constant or 
slowly varying errors have an effect only at very small 
values of r. On the other hand, the intensity curves are 
very much influenced by errors of the latter type. A 
typical scattering curve calculated in this way is 
compared with the observed diffuse intensity in Fig. 
5; the agreement is quite good and was consistently 
good for each set of data. It is difficult to calculate 
the overall error accurately, but the precision of the 
coefficients is estimated to be 


4 
0.002 for and 


0.005 for x, and a, 
0.01 for x, and x, and 
Lattice parameters were also determined from 
spectrometer data during the course of the investiga 
These 


0.003 A, are shown in Fig. 6 and agree reasonably 


tion. values, estimated to be accurate to 


well with other measurements.” Body-centered 
titanium does not exist at room temperature and the 
value for pure titanium is that obtained by Levinger™ 
from extrapolations of similar curves with many 
The lattice 


meters was taken to be an indication that the samples 


alloying elements. agreement in para 


contaminated by hydrogen, 
heat 


had a 


were not oxygen or 
treatment. 


effect on 


nitrogen during These impurities 


would have significant the lattice 


parameters. 
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ents, 
0.18 0.02 0.08 0.06 0 0.0138 
0.22 0.04 0.07 0.04 0 0.033 
0.29 0.04 O.10 O.15 0 0.032 
0.20 0.02 0.06 0.14 0 0.025 
0.27 0.08 0.12 0.2] 0 0.0383 
0.19 0.03 0.05 0.12 0 0.030 
0.29 0.04 0.11 0.24 0 0.032 
0.24 0.07 0.07 0.12 0.057 
0 Pi 
FL 
Mp 
| 
m4 
x 
2 
r;) 
t 
9 


Intensity (electron units) 
@ 


Lattice parameter (A) 
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Fourier transform for 0.5 Mo, quenched alloy. 


T 


—— Experimental 
-=-=— Calculated with coefficients 
from Fourier transform 


1.5 2.0 
2a 


Fic. 5. Local arrangement diffuse scattering, 0.5 Mo, quenched alloy. 
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0.5 
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‘1c. 6. Lattice parameters. 
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4. DISCUSSION OF RESULTS 


All of the alloys exhibit sizeable negative values of 


%, and thus show a strong preference for unlike 
nearest neighbors. Values for and are positive, 
but x, is again negative and quite large in magnitude. 
This pattern of short range order indicates a strong 
tendency to form an ordered solution, and further 
support of this is indicated in that the slowly cooled 
solutions exhibited more intense short range order than 
the quenched alloys. However, no evidence of a 
superlattice was found in the slowly cooled samples. 
The average number of molybdenum nearest neighbors 
about a titanium atom is listed for each composition 
in Table 3. The intensity of the short range order in 


the 75 at.°{ molybdenum alloy is indicated in that 


TABLE 3. Average number of molybdenum nearest 


neighbors about a titanium atom 


Number of molybdenum nearest 


Atom fraction neighbors 


Mo 


random quenched slowly cooled 


1.9 


an average of 7.5 out ofa possible 8 nearest neighbors 
about a titanium alloy are molybdenum alloys, and 
it is surprising that a superlattice was not found. 

It is also evident that the size effect coefficients and 
the static displacements for these solutions are large. 
The occurrence of negative values of /, indicates 
clearly, using equation (8), that the heavier molyb- 
the 
This was expected from the 
nearest the 
However, the values for Po were consistently positive 


denum atoms have smaller center-to-center 


distance in solution. 


neighbor distances in pure materials. 
and quite sizeable. This requires that Mo—Mo second 
neighbor pairs have a separation larger than that 
deduced from the lattice parameter. This would only 
seem reasonable if a second neighbor Mo—Mo pair has 
a high probability of including a titanium atom in 
between, and this is quite consistent with the high 
degree of short range order observed. Thus, nearest 
neighbor Mo—Mo pairs are closer together and second 
neighbor Mo—Mo pairs are farther apart than the 
corresponding average interatomic spacings; the 
inverse is true for the titanium atoms. 

Since both the static displacements and the size 
effect coefficients arise from the same basic effect, i.e. 
the presence of atoms of different size, it should be 


possible to calculate the values of 6, from the observed 
(20) 


values of u.*. Borie has derived such a relationship 
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for a random f.c.c. solution, and a similar calculation 
for b.c.c. solutions was used to compute values of p, 
from the values given in Table 1. The variation of 
f, with composition was correctly predicted, but all 
of the the 
probably failed because of the high degree of short 


values were too small and correlation 


range order in these solutions. 
The 


atomic distances and the nearest neighbor size effect 


relationship between the individual inter- 


coefficient P, are given in equation (8). There is an 
additional relationship between the average inter- 
atomic distance deduced from the lattice parameter r, 
and the individual interatomic distances which may 


be written as follows 


MyM p%y |=" yp (10) 


3/2 in the case of b.c.c. solutions. It is 


the 


where ry ay 


impossible to calculate individual distances 


uniquely from these two relationships and an 
approximate procedure was used. 

The 
deviation from Vegard’s law and this suggests that 
Ti—Mo distances are smaller than the average. If it 
the Mo—Mo and Ti-Ti distances in 
the solution are the same as in the pure materials, the 


the 


lattice parameters exhibit a large negative 


is assumed that 


calculated values of /, are of correct sign but 
considerably larger in absolute value in titanium-rich 
alloys and considerably smaller in the molybdenum- 
If only the Ti-Ti pairs are assumed to 
the Mo—Mo distance varies 

the Mo 


reasonable at the high concentrations of molybdenum 


rich alloys. 
retain their original size 
Mo distances are 


as indicated in Fig. 7(a): 


since they are little affected by the values chosen for 
Ti-Ti, but the values are implausible in dilute solu 
If the Mo—Mo pairs are assumed 
values the resultant Ti-Ti 
the Ti 


are reasonable at high concentrations of titanium and 


tions of molybdenum 
to retain their original 
distances are shown in Fig. 7(b) Ti distances 
unrealistic in molybdenum-rich alloys. 

An approximate set of distances was obtained by 


Ti and Mo—Mo in 


shown in Fig. 8. 


using the reasonable values of Ti 


Fig. 7 and the resultant curve is 


Several features of these interatomic distances are 


independent of the detailed assumptions made in the 


calculation. In the region of 20 at.°, molybdenum 
the Ti-Ti 

titanium the 75% 
Mo-—Mo distance must be smaller than in pure molyb- 


One of the striking features of the Mo—Mo 


distance must be smaller than in pure 


and in molybdenum region the 


denum. 
distances is the apparent decrease below the pure metal 
value, even though the molybdenum atom is the 


smaller to begin with. There are insufficient data to 


fil { { { alii pl Mp 
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r (Angstroms) 


a 
0.4 0.6 0.8 
Atomic fraction Mo 


Fic. 7. Nearest neighbor distances 
(a) assuming Ti—Ti constant 
(b) assuming Mo—Mo constant 


provide a unique explanation but it would appear 


that the molybdenum atom would have to lose one or 


This could 


considered evidence for a strong tendency 


more electrons in forming these solutions. 
also be 


toward compound formation at 75 at.°, molybdenum. 
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5. CONCLUSIONS 
This work indicates that titanium—molybdenum 
b.c.c. solid solutions exhibit a very strong short range 
order which extends for relatively large correlation 
distances in the lattice. The static displacements and 
that 


very much different size in solution, and the molyb- 


size effect coefficients show the atoms are of 
denum atoms, which are smaller than the titanium 


atoms, become even smaller in the vicinity of 75 at. % 


molybdenum. The Debye temperature also exhibits a 


maximum in the vicinity of Mo,Ti. There was no 
evidence for a superlattice or compound in any of 
order did 


these alloys although the short range 


increase on slow cooling. 
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THEORY AND DIRECT OBSERVATION OF DISLOCATIONS 
IN THE Fez;Al SUPERLATTICES* 


M. J. MARCINKOWSKI?+ and N. BROWN? 


It has been found that in order for dislocations to travel through superlattices of the type DO,, 12, and 
B2 without creating any net disorder across the slip plane, they must move as superlattice dislocations. 
A theoretical analysis of the superlattice dislocations in the DO, and L2, type structures shows that they 
should consist of four $a,(111) type ordinary dislocations bound together by two different type anti- 
phase boundaries. On the other hand, superlattice dislocations in the B2 structure consist of pairs of 


coupled dislocations. 

Calculations have been made of the separation between the superlattice dislocations for the specific 
case of the Fe,Al alloy exhibiting both DO, and B2 type ordered lattices. It has been found that for this 
specific alloy, the antiphase boundary energy associated with the superlattice dislocations is relatively 


low, resulting in a large extension of the individual dislocations constituting the superlattice dislocation. 


Jecause 


of this low energy, the possibility is suggested that dislocations might move through the Fe,Al 
lattice as ordinary $a,(111) types. 

In order to determine experimentally whether or not dislocations travel through the lattice as super 
lattice dislocations or as ordinary dislocations, for the particular Fe, Al alloy possessing both DO, and B2 
type structures, thin foils of the alloy were examined using transmission electron microscopy. It was 
indeed found that the dislocations in this alloy travel as ordinary dislocations, leaving behind on their 
slip plane ribbons of antiphase boundaries. In addition, a preponderance of screw dislocations were 


observed to be present, which in turn gives rise to wavy or noncrystallographic type slip behavior. 


THEORIE ET OBSERVATION DIRECTE DE DISLOCATIONS DANS 
DES SURSTRUCTURES DE Fe,Al 

lla été trouvé que des dislocations se déplagant dans des surstructures du type DO, L2, et B, doivent 
se mouvoir pour ne pas créer de désordre net le long des plans de glissements, comme des dislocations de 
surstructure, Une analyse théorique des dislocations de surstructures dans les réseaux du type DO, et 
L2, montre qu elles devraient étre constituées de 4 dislocations ordinaires du type l 24 L11) reliées 
ensemble par deux limites antiphase de type différent. 

D’un autre cdté les dislocations de surstructure dans le réseau B, sont constituées de paires de disloca 
tions couplées. La séparation entre les dislocations de surstructure pour le cas, spécifique de l’alliage 
Fe, Al présentant les deux types de réseau ordonné DO, et B? a été caleulé. 

Il a été trouvé que pour cet alliage specifique l’ énergie de la limite antiphase associée aux dislocations de 
surstructure, est relativement faible et conduisant ainsi a une estimation et importante des dislocations 
individuelles constituant les dislocations de surstructure. A cause de cette basse énergie, il est suggéré 
que les dislocations pourraient se mouvoir au travers du réseau Fe, Al comme des dislocations des ty pes 
ordinaires |/2a, (111 

\fin de déterminer expérimentalement si les dislocations se déplacent ou non au travers du réseau 
particulier de | alliage Fe,Al presentant des deux ty pes D0 et B, comme des dislocations de surstructure 
ou comme des dislocations ordinaires de pellicules minces de | alliage ont été examinées en utilisant le 
microscope électronique de transmission. 

Il a été trouvé en effet que les dislocations se déplacent dans cet alliage comme des dislocations ordin 
aires, en laissant derriére sur leur plan de glissement les bandes de limite antiphase. En plus, on a 
observé en prépondérance la présence des dislocations quia leur tour donnent naissance a un comporte 


ment de glissement du type ondulé ou non cristallographique. 


THEORIE UND DIREKTE BEOBACHTUNG VON VERSETZUNGEN 
IN Fe,Al UBERSTRUKTUREN 

Es wurde gefunden, dass sich Versetzungen durch die Uberstrukturen vom Typ D0,, L2, und B2 als 
Uberstrukturversetzungen bewegen miissen, wenn bei der Versetzungswanderung iiber die Gleitebene 
hinweg die Ordnung nicht zerstért werden soll, Eine theoretische Analyse der Uberstrukturversetzungen 
in den DO, und L2, Strukturen zeigt, dass sie wohl aus 4 gewé6hnlichen Versetzungen vom Typ 1/2 
ay (111) bestehen, die durch zwei verschiedene Arten von Antiphasengrenzen zusammengehalten 
werden. Andererseits bestehen Uberstrukturversetzungen in der B2 Struktur aus Paaren von 
Doppelversetzungen., 

Fir den speziellen Fall der Fe,Al-Legierung, die sowohl das geordnete Gitter DO, als auch den B2 
Typ aufweist, wurden Berechnungen fiir die Trennung zwischen den Uberstrukturversetzungen 
angestellt. Fiir diese spezielle Legierung wurde gefunden, dass die Antiphasen-Grenzflachenenergie, die 
mit den Uberstrukturversetzungen verkniipft ist, verhaltnismassig niedrig ist. Dies fiihrt zu einer 
grossen Aufspaltung der Einzelversetzungen, aus denen die Uberstrukturversetzung aufgebaut ist. 
Wegen dieser niederen Energie wird die Méglichkeit erwogen, dass sich die Versetzungen wie gewohnliche 


1/2 ag(111) Versetzungen durch das Fe,Al Gitter bewegen. 
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MARCINKOWSKI BROWN: 


AND 


DISLOCATIONS IN 


Fe,Al SUPERLATTICES 


Um experimentell zu entscheiden, ob die Versetzungen als Uberstrukturversetzungen oder als 


gewohnliche Versetzungen durch das Gitter wandern, wurden im Fall der besonderen Fe,Al-Legierung 


mit sowohl DO, als auch B2 Struktur diinne Folien dieser Legierung mit elektronenmikroskopischer 


Durchstrahlung untersucht. 


Es wurde tatsachlich festgestellt, dass die Versetzungen in dieser Legierung 


als gewohnliche Versetzungen wandern und auf ihren Gleitebenen Bander von Antiphasen-Grenzflachen 


hinterlassen. 


Zusatzlich wurde beobachtet, dass ein Uberschuss an Schraubenversetzungen vorhanden 


ist, der seinerseits Anlass gibt zu welligem oder nichtkristallographischem Gleitverhalten. 


INTRODUCTION 

Koehler and Seitz” first proposed in 1947 that 
dislocations which are perfect in disordered alloys are 
not necessarily perfect in the ordered lattice, in that 
they might leave a strip of disordered lattice in their 
wake. As a result, dislocations in an ordered lattice 
should frequently consist of multiples of ordinary 
dislocations. 

Brown and Herman™ have carried out an analytical 
treatment for dislocations in the CuZn type super- 
lattice. The somewhat more complicated dislocation 
configurations in the AuCu, and AuCu type super- 
lattices were investigated theoretically by Marcin- 
kowski et al.) (to be referred to as MBF henceforth), 
and the results were confirmed by transmission elect- 
the 


superlattice dislocations directly in AuCu, for the 


ron microscopy techniques which revealed 
first time. In particular, these superlattice dislocations 
were seen to consist of pairs of ordinary dislocations. 

However, to date, the dislocation configurations in 
another very important class of superlattice structures 
have neither been investigated theoretically nor 
experimentally. These are the ordered alloys of the 
type D0,* of which Fe,Al and Fe,Si are classical 
examples, and the very closely related ternary alloys 


of the type L2,* or the so-called Heusler alloys. 


The first portion of this paper will concern itself 


with a theoretical analysis of the dislocation con- 
figurations in the above mentioned superlattice types. 
Finally, the second aspect of this investigation will be 
devoted to an experimental observation of dislocations 
in thin-foils of a DO, type superlattice. The specific 
alloy chosen was Fe,Al, because it represents the 
which most 


classical DO, type superlattice with 


previous work has been done. 


DISCUSSION OF D0,, L2, AND B2 
TYPE SUPERLATTICES 
The most generalized description of all the super- 
lattices to be considered here is shown by the unit 
This 
penetrating face-centered cubic lattices labeled I, II, 
III and IV. 
lattice, 


cell in Fig. 1. cell consists of four inter- 


Specifically, for the DO, type super- 
A atoms occupy sites of type II, IIL and 


* These structure classifications are those used by the 


IV while B atoms occupy the remaining type-I sites. 
It may be noted that the B atoms have no first or 
second B atom nearest neighbors, and this immediately 
suggests that the interaction potential energy between 
second nearest neighbor B atoms is relatively large. 
Thus, unlike the CuZn and AuCu, superlattices, second 
nearest neighbor interactions are important in the 
D0, type superlattices and must be considered when 
calculating the energies involved in the formation of 
antiphase domain boundaries. Similar considerations 
should apply to Fe,Si although somewhat less work 
has been done with this alloy. 
Another type ot alloy to be considered and one 
which is closely related to the D0. type superlattice Is 
the L2, or Heusler type alloy, the classical example of 
which is Cu,MnAl. 


and LV sites, while B atoms occupy either | 


A atoms occupy II] 
or [I - 
type sites, the remaining sites all being occupied by 
Here again it will be noted that the B and 


In this case 


atoms. 
C' atoms are arranged so that they do not form like 
first or second nearest neighbors with one another. 


SUBLATTICE 
SUBLATTICE 
SUBLATTICE 
SUBLATTICE 


Fic. | 
penetrating face-centered cubic sublattices appropriate 
type DOs, L2, 


inte! 


Generalized unit cell consisting of four 


fora description ol superlattices of the 
and B2 
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Finally, the last type of superlattice to be considered 
is that of the B2 or beta brass type. In this structure, 
type III and IV sites are equivalent and contain all 
A atoms. Type I and II sites are also equivalent and, 
in the case of the true beta brass structure, contain 
all Batoms. The analysis of this particular superlattice 


2) 


type has been considered elsewhere™ and will there- 
fore not be treated in the present paper. On the other 
hand, it is of interest to consider here the imperfect 
B2-type order that occurs in some of the A,B alloys, 
in particular Fe,Al in which the type I and II sites are 
occupied at random by equal numbers of A and B 
atoms. 
DISLOCATIONS IN THE D0, 
TYPE SUPERLATTICES 

The disordered DO, lattice is body-centered cubic, 
and it will be assumed that the slip direction frequently 
the 
the 
present it will also be assumed that the slip plane is 
that of the close packed plane or {110}. 
the lattice 
Burgers vector $a,(111). It will also be assumed that 
the 


partial dislocations takes place. 


observed in body-centered cubic alloys, i.e. 


r 


close packed direction (111) will apply. 


Thus a 


dislocation in disordered will have a 


no dissociation of dislocations into 


Figure 2 shows the projection of the (110) glide 


(110) GLIDE PLANE 


IZ, - ATOM SITES IN PLANE OF DRAWING 


p,LZ, - ATOM SITES IN PLANE THAT 
DRAWING. 
AREA OF SUPERLATTICE 


CONNECTING NEAREST 


IMMEDIATELY ABOVE 


WITH RESPECT TO PLANE a 
NEIGHBOR SITES ACROSS SLIP 


=- UNIT 
- BONDS 
PLANE 
-BONDS CONNECTING 
SLIP PLANE 
SOLID DIAGONAL LINES ABOVE AND TO THE LEFT OF UNIT AREA 
INDICATE SITES THAT EVENTUALLY FORM NEIGHBORS WITH SITES 
UNIT AREA AFTER MULTIPLES OF A%Ha{Il]] TYPE DISPLACEMENT 


NEXT NEAREST NEIGHBOR SITES ACROS: 


Fic. 2. Variation of bond types across a unit area of 
slip plane due to shear displacements of type $a,{ 111 
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plane onto the plane of the paper with a unit area of the 
slip plane 2\/2a,? outlined, and which possesses the 
periodicity of the generalized DO,, L2, and B2 type 
superlattices. The various sublattices are labeled in 
accordance with Fig. 1. Now before slip occurs, the 
atom sites outlined by the unit area of plane a will be 
neighbors to certain sites in the plane immediately 
above or the 6 plane. Specifically, the a sites outlined 
by the unit area will have eight first nearest neighbor 
sites with sites in the b plane shown by the solid lines. 
In addition, the a sites outlined by the unit area will 
have eight second nearest neighbor sites with sites in 
the 6 plane. 

After the of the 
Sao| 111], the nearest and next nearest neighbor sites 


passage of a dislocation 


type 


do not remain the same but are altered in a manner 


shown by Table 1. In this table, Ayy and Ayyy 


TABLE |. Change in bonding across (110) slip plane 
associated with ordinary 4$a,|111] dislocations in the 
generalized D0;, L2, and B2 type superlattices 


First displacement 


Axx (I-1) 2(I-II) 
(IV-IV) 
2(11-I11) 2(II-IV)]| 

2(1-I11) 2(I-IV) 
4(11I-IV)| 


IIT) 
IIT) 2(I-IV) 


IIT) 2(II-IV) 


Second displacement 

| 2(I-IT) (111-111) 
2(11I-IV) (IV-IV)| 2(1 
2(1I-IV) 
2(1-I1T) 2(I-IV) 
2(I-I) 2(II-I1) 


2(111 


IIT) 
IIT) 


Third $a,| 111 


displacement 


2(I-IV) 


(I-I) 
(IV-IV) 2(1 
2(II-IV)] 

2(I—ITT) 2(I-IV) 2(1I—ITT) 
2(I-I) 2(1I-IT) 2(T1I—ITT) 


2(II-IV) 
2(IV-IV)] 
Fourth $a,{ 111] displacement 
2(I-IT) (II-III) (11 
(IV-IV) 2(1-II1) 
2(II-IV) 
III) 2(I-IV) 
II) {(111-1V) 


2(II-IV) 


represent the net change in the first and second nearest 
neighbor sites with respect to the unit area 2\/2 a," 
after the passage of a dislocation of type }a,{111] over 
the (110) slip plane. As will be noted, there is a net 
change in both NN and NNN sites with the consequent 
formation of an antiphase boundary (APB). A second 
sa,[111] displacement re-orders the NN sites but 
results in a further change in the NNN sites. A third 
dislocation again disorders the NN sites and results in 
still another change in the number of NNN sites. 


£27, N 
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Finally, the fourth dislocation re-orders both the NN 
and NNN sites across the slip plane. The manner in 
which each of the four }a,{111] ordinary dislocations 
alters the b sites with respect to a sites is also shown 
by the diagonal arrows in Fig. 2. It is therefore seen 
that a perfect dislocation in this generalized lattice 


will be a superlattice dislocation containing 4 ordinary 
ha,[111] type dislocations bound together by two 
distinct types of antiphase boundaries. The antiphase 


boundaries across the slip plane will be treated as 
discontinuous slip produced boundaries, in contrast 
to those that exist in equilibrium at higher tempera- 
tures as treated by Brown". 

For the particular case of the DO, type superlattice, 
type II, III and IV sites are equivalent and will be 
labeled Il. With this simplification, Table | trans- 
forms to Table 2. In this table, we see that dislocation 


TABLE 2. Change in bonding across (110) slip plane 


associated with ordinary $a,{111] dislocations 


in the DO, type superlattice 


Number of ordinary 


Net change in bonding 
111] dislocations 


Axx 


Axx 


Ann 


| produces an antiphase boundary involving a net 
change in only nearest neighbor bonds (NNAPB). 
Dislocation 2, on the 

NNAPB, however, it produces an antiphase boundary 
in which there is a net change in the number of next 
nearest neighbor bonds (NNNAPB). Similar reasoning 
holds for the third and fourth dislocation. The net 
result is the production of the superlattice dislocation 


other hand, eliminates the 


shown schematically in Fig. 3. 


To find the energies associated with the NNAPB 
NNNAPB it is to evaluate the 


energy associated with the various types of bonds. 


and the necessary 
For the particular case of the DO, type superlattice, 
the ordering energy associated with the first nearest 


neighbor bonds can be written as 


Vas Ven — 2Vap (la) 
where V ,, etc. are the interaction potentials between 


nearest neighbor A atoms, ete. Similarly, the ordering 
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energy associated with the next nearest neighbor 


bonds is 
W W 


Wan — 20 (Ib) 


14 
where W a4 etc. are the interaction potentials between 
next nearest neighbor Fe atoms ete. Since in Table 


sites, then from equation (la) the NNAPB energy 


2, A atoms occupy type II sites and B atoms type | 


per unit area is 


Ex. (2a) 
my 
Similarly with equation (lb), the NNNAPB energy 


per unit area is 


(2b) 
Equations (2a) and (2b) have been derived for the 
particular case where the dislocations glide on the 
{110} plane and thus produce APB’s across this plane. 
This is expected to be true for a large number of D0. 
type alloys; however from the results obtained with 
many body-centered cubic metals and alloys on 
which the D0. type lattice is based, it is to be antici 
pated that there may be other planes on which slip 
will occur. Depending on the particular alloy, there 
may be one or more or any number of planes lying 
within {111} zone axes which may act as possible slip 
planes, an outstanding example of this being iron. 
It is therefore of interest to derive expressions for 
Ex and Ey. which are valid for all of these possible 
choices of slip plane. 

A detailed derivation of the generalized expression 
for the APB energies in the DO, type superlattices will 
be considered in another paper dealing with those 
APB’s produced by FeAl. For this 


reason, we will be content to merely indicate some of 


diffusion in 


and apply them in 
In the first 


the results obtained therefrom 


detail to the case of slip produced APB Ss 


"NUMBER OF DISLOCATION 
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type supe rlattice 
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place, it will be noted from Fig. | that for the DO, 
type lattice, a displacement of one portion of the 
hay (111 


ordered crystal with respect to the other by 
always results in a net change of only NN bonds, but 
not NNN bonds. In general, any total displacement 
will form a NNAPB where n, is any 


Thus, dislocations | and 3 of Fig. 3 


of 
odd integer. 
result in the formation of NNAPB’s assuming that 
the general dislocation motion is towards the right. 
On the other hand, a displacement of one portion 
of the crystal with respect to another by a,)(111 
will always produce a NNNAPB but not a NNAPB. 
More 


accomplish this where ”, is any odd integer. Thus, 


n,a,(111 will 


generally, any displacement 


from Fig. 3 dislocations | and 2 
NNNAPB. The displacement that characterizes the 
NNNAPB could also be written as a,(100) since this 


Thus we see 


combined form a 


accomplishes the same result as a)(111 
that all superlattice dislocations are expected to be 
Fig. 3 


qualitatively the same as that shown in 


regardless of what plane in the (111) zone on which 
they lie. 

Using a procedure first carried out by Flinn"), the 
APB energy associated with NN and NNN for any 
plane {hkl} and characterized by the displacements 


described above are found to be as follows.™ 


(3b) 


where h, k and / are the Miller indices of a particular 
plane, V h' and h k l. 


(Akl) hkl) 


In order to 
Akl, con- 


sider for convenience those planes which have as their 


see how Ex, and Ex. ' vary with 


zone axis the slip direction [111]. For any plane in 
this zone Akl must be all positive and may satisfy the 
that h>k>l. 
sufficient to consider only those planes which lie 
(110) 
describe all of the planes which lie in the [111] zone. 


requirement Furthermore, it is 


between and (211) since they satisfactorily 
Ey) is shown plotted in units of V/2a,? in Fig. 4 
for all those planes between (110) and (211) which are 
degrees from (110). 


the APB energy is lowest across the (110) plane and 


It is seen from the graph that 


highest across the (211) plane. However, this difference 
(hkl) 
E NN 


from 


is only about 14 per cent. can also be 
obtained in units of W/a,? 
Fig. 4 since h = k +- l. 

To find the equilibrium separation of the dislocations 


in the DO, type superlattice, i.e. r and r,, in Fig. 3, it 


the same curve of 
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is first necessary to write the total energy of the 
configuration using only those contributions that are 
a function of r and 7r,. This energy will consist of the 
the 
dislocations and the energies associated 
two types of APB. 
theory for dislocations, the total energy per unit length 


interaction between four 


the 


By using the isotropic elastic 


energies 


with 


of the superlattice dislocation for an arbitrary Burgers 


vector is 


R 
1 


+ Exxn (r —2r,) (4) 


Risa that has the dimensions of the 


crystal, y is Poisson’s ratio, G is the shear modulus, 


where term 


and b the Burgers vector of the ordinary dislocation. 
This calculation is somewhat similar to that made by 
MBF for the AuCu, superlattice and will therefore 
not be carried out in detail. The equilibrium values of 
with 


minimizing £ 


r and r, are obtained by noted 


MILLER INDICES OF PLANES CORRESPONDING 


ED IN UNITS O 


c 


ANTIPHASE BOUNDARY ENERGY EXPRESS 


| | 
5 10 15 20 25 30 
@ (IN DEGREES) MEASURED FROM (110) PLANE 


Fic. 4. Variation of antiphase boundary energy with 
hkl for those planes which have [111] as their zone axis. 
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respect to r and r, which leads to the following equa- 
tions: 


OB 


Or = (5a) 


OE 
ar, 


0. (5b) 
It is not possible to obtain an analytic expression for 
rand r, from these two equations; however they can 
be solved by graphical techniques. If Ey,. were 
small compared to Ly, then an approximation similar 
to that made by MBF for the AuCu, type superlattice 
could be used to obtain closed expressions for r and 
r,. However, as the following sections will show, Ey. 
is about the same as that for Ly. x, at least in the case 


of Fe,Al and Fe,Si. 


DISLOCATIONS IN L2, TYPE SUPERLATTICES 

Consideration will next be given to ternary super- 
lattices of the type L2, commonly known as the 
Heusler alloys, of which the alloy Cu,MnAl is best 
known. In this case, A atoms are arranged on type 
III and IV sites and B and C atoms on type I and II 
sites, respectively. Since both B and C atoms prefer 
not to have like second nearest neighbors, it appears 
that the second neighbor interactions will be impor- 
tant, similar to the case of the DO, type superlattices. 
The net change in both NN and NNN resulting from 
the various ordinary dislocations gliding over the 
slip plane is therefore shown in Table 3. From this 
table, it is seen that the superlattice dislocations in 
will be similar to those in the D0, 


this case very 


type superlattice shown in Fig. 3. In particular, the 
superlattice dislocation will contain four ordinary 


Dislocations | and 2, 


dislocations. as well as 3 and 
4, however will be held together by an APB which 
involves a net change in both first and second nearest 


neighbor atoms, whereas dislocations 2 and 3 


will be 
separated by an APB involving a net change in only 
second nearest neighbors. The expressions in Table 3 
for Ayy and Ayy,x, and therefore the corresponding 
energies of the APB are quite complicated. Although 
ordering in the Heusler type alloys has been considered 
by several authors®:! using the Bragg and Williams 
approximation, the results do not permit a determina- 
tion of the interaction potentials between atom pairs 
in terms of those derived from Table 3 and which can 
be related to the critical ordering temperature. For 
this reason, we can at present give only the qualitative 
the 
Heusler type alloys. 


configuration of superlattice dislocation in 


DISLOC 


ATIONS IN Fe,Al SUPERLATTICES 


TABLE 3. Change in bonding across (110) slip plane 
associated with ordinary $a,|111] dislocations 
in the L2, (Heusler) type superlattice 


Number of ordinary 


Net change 
111 et change in bonding 


dislocations 


III) 2(1-I1) 

ITT) 


(I-I) 

4(1-IIT) 
IIT) 


(II-II) 
2(1—II)] 
4(11—I11) 
$(11—I11) 
2(1-—1) 


4(111-I11) 2(1-I1) 
$(1-I 11) 
4(1-I11) 

2(1-I) 
2(11-I11) 


IT) 
2(I-I1) 
$(11-I11) 
$(1-I1) 


DISLOCATIONS IN THE IMPERFECT (B2) 
TYPE SUPERLATTICES 
Lastly, consideration will be given to the dislocation 
configurations in the A,B alloys possessing a B2 type 
As previously mentioned, this kind of 
this 


ordered lattice. 


ordering must be imperfect. For particular 
superlattice, type 1 and II sites are equivalent and 
Type [Il and LV sites are 
With 


this notation, the change in bond sites across the slip 


will be labeled type I sites 


also equivalent and will be labeled type LI sites 


plane for different numbers of ordinary dislocations 
can be readily constructed from Table | and are given 
in Table 4. 


bond 


It will be noted that this table shows only 
first 
tact 


nearest 


that 


with 
the 


those changes associated 


neighbor sites. This follows from the 


type III and LV sites contain equal numbers of A and 
B atoms distributed at random, and since these are 
the sites associated with the second nearest neighbor 
are already disordered before 


ordering energy, they 


slip and thus need not be considered in calculating the 


APB energy. Table 4 therefore shows that dislocation 


in bonding across (110 » plane 


distor 


superlattice 


TABLE 4. Chang 
associated with ordinary 


B2 type 


Im the 


ordinary 


Number of 
haf 


et change in bonding 


dislocations 


‘(11-11 


and 
. 
Axx [-1) 
‘(111-0 
? 
211-1 
Ayn 1-1) 
= 
961 (111-111 
{ (1-111 
— 11-11] 
‘(111-111 
} 
(1-1 
A (1-1 (11-11 
(11-11) — 8(1-11 
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| gives rise to a net change in the NN and NNN 
atom sites across the (110) slip plane. Dislocation 
2 on the other hand, completely re-orders the slip 
plane. The superlattice dislocation for this structure 
thus consists of a pair of ordinary dislocations held 
NNAPB. 


dislocations are shown schematically in Fig. 5. 


together by a Two such superlattice 

In order to calculate the energy associated with 
the APB between dislocation pairs, first consider 
the term 4(I-I) for Ayy in Table 4. 


have equal probability of being occupied by either 


30th type I sites 


A or B atoms. The number of distinct atom pairs 


associated with 4(I—-I) is thus simply 
(A—A) (B-B) 2(A-B). (6) 


Carrying out this procedure for both 4(II-II) and 
8(I-II) in Table 4, we obtain for Ay 


Ayy = (A-A) 


In terms of equation (la), the energy per unit area 


(B-B) — 2(A-B),. (7) 


associated with the NN interactions is 
Axx 


Similarly Ayyy is given by the negative of equation 
(2b) since the order associated with NNN’s is restored 
the APB. The APB is 


by a shear displacement of the type }a)(111). In 


across also characterized 


addition, it can be shown" that the general expression 
for the APB on any plane {hk/} in this imperfect B2 
type superlattice is given by equations (3a) and (3b). 

It is now a simple matter to calculate the equilibrium 
Since 


now depends only on 7’;, then from equations (4) and 


total 


spacing of this superlattice dislocation. 


(Da). we obtain 


cos? 6 
| 


sin? 0) 


7 
—Exyx x) 


DISCUSSION OF THE PREVIOUS RESULTS 
IN TERMS OF THE SPECIFIC Fe,Al AND 
Fe,Si SUPERLATTICES 

The two classic alloys that undergo the DO, type 
ordering transformation are Fe,Al"!!”) and Fe,Si.“) 
Since more work, both theoretical and experimental, 
has been done with Fe,Al it will be treated in somewhat 
more detail. 

Below about 560°C, the Fe,Al alloy possesses the 
D0, type superlattice in which iron atoms occupy 
sites of type II, IIIf and IV in Fig. 1, while the Al 
atoms occupy the remaining type-I sites. Above 
560°C, this DO, type superlattice disorders partially 


.n such a manner that type I and II sites contain equal 
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NUMBER OF DISLOCATION 
2 


Fig. 5. Pair of 111] superlattice dislocations in the 


imperfect B2 type superlattice. Note that there is no 
coupling between 111] dislocations. Note: NNAPB 
in shaded area above should read APB only. 


numbers of Fe and Al atoms distributed at random, 
while the type III and LV sites continue to be occupied 
by Fe atoms. It can therefore be inferred from this 
behavior that at about 560°C, the thermal energy is 
sufficient to overcome the second nearest neighbor 
but the 


For convenience, this structure 


ordering forces, not those associated with 
first nearest neighbors. 
will be designated as Fe,Al-B2 since it is based on the 
B2-ty pe superlattice. Finally, above about 800°C, the 
alloy becomes completely disordered, there being no 
preference of any one type atom for any particular type 
sublattice. 

It is now of interest to find the ordering energies 
associated with the first and second nearest neighbor 
atom interactions in the Fe,Al alloy. This problem is 
obviously quite difficult to treat rigorously. On the 
other hand, Matsuda“) has used the Bragg and Williams 
approximation in which both first and second nearest 
neighbor interactions are taken into consideration. 
It is not possible, even with this simple approximation, 
to obtain an analytical solution for V and W; however, 
2V, Matsuda obtains rather good 
the X-ray 


Rudman" has made 


by assuming W 
qualitative agreement with results of 
Bradley and Jay"). Recently 
a calculation of the relative ordering energies in the 
Fe—Al to that of Matsuda, 
apparently unaware of the previous work that had 
the 


alloys very similar 


been done. Rudman, however, finds ratio of 
second to first nearest neighbor ordering energies to 
be about one half. This is not significantly different 
from that obtained by Matsuda and whose results we 
will therefore use in view of their good agreement with 
experiment. An estimate of V is made by noting that 
above 800°C the Fe, Al- B2 type structure becomes 


completely disordered; i.e. the first nearest neighbor 


| 
50, [iti] 50,(i1i] 111] 
MY 
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order is destroyed. The simple Bragg and Williams 
approximation which involves only nearest neighbor 


atom interactions can thus be used and is given by"® 


kT, 
Fy FyZ 


(9) 


where k is Boltzmann’s constant, F',, and F,, are the 
fractions of Al and Fe atoms in the crystal respectively, 
and Z is 8, the number of nearest neighbor atoms. 
10-4 ergs, and 

Substituting 


Equation (9) thus gives } (Fe, Al) 10 
therefore WV (Fe, Al) 6.6 LO 
these values into equations (2a) and (2b) and using 
» 
2.89 Exx(real) = 42 


» 
96 ergs/cm-. 


ergs. 


em, we obtain 


0 
ergs/cm? and ENNN(¥e, Al) 
It is of interest now to find r and r, using equation 
(4) for superlattice dislocations in the Fe,Al super- 
lattice. The value of is readily found to be 2.51 
10-*, » is estimated to be the same as that for pure iron 
or 0.28 while G is calculated from the 
Yamamoto and Taniguchi” to be 5.86 


em*. The values of r and r, obtained from a graphical 


10! dyn 


solution of equations (5a) and (5b) are found to be 
610 A 260 A. 
superlattice dislocation i.e. 9 = 90° in 


and respectively, for a pure screw 


Fig. 5, and 
represents the minimum extension. For a pure edge 
superlattice dislocation, i.e. 4 0°, a maximum 
results in which the 
that for the 
The extensions quoted above refer to super- 


As has 


been previously shown, this is the plane on which the 


extension values of ry and ry 


are almost twice pure screw disloca- 
tion. 


lattice dislocations lying on the {110} plane. 


APB energy is the lowest, however, the APB energy 
is only 14 per cent higher than this on the highest 
energy APB in the (111 
dislocation extension is not expected to be significantly 


zone, so that the superlattice 


different from one plane to another in this zone. By 
using equation (8), r, can be found for the superlattice 
dislocation in the Fe, Al- 62 superlattice. In particular 
for the screw type superlattice dislocation 7, ~ 450 A 
if Matsuda’s energy relationship is used and infinite 
if Rudman’s is used. 

We see then that the spacings between the ordinary 
dislocations constituting the superlattice dislocation 
in the Fe,Al and Fe,Al-B2 superlattices are quite 
large, and arise primarily from the relatively small 
value of the APB energy. It might be anticipated at 
this point that these widely extended superlattice 
dislocations would be difficult to move as a unit over 
large distances through the crystal. This is particularly 
true in the case of the Fe,Al alloy where, as the follow- 
ing sections will show, cross-slip onto any of the 
planes lying in the (111) zone can occur with relative 


ease. Because of the relatively low NNAPB energy, 


work of 
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it may perhaps be not much more difficult if the 
dislocations travel through the lattice as ordinary 
$a)(111) type dislocations leaving behind a }a,(111 
type APB on the slip plane. The externally applied 


stress to do this is given by 
(10) 
and leads to a value for + of 16.7 10° dyn/cm? or 
about 24,000 Ib/in® for the Fe,Al-D0, superlattice. 
The work of Kayser'®) indicates that strengthening 
increments of this order and larger occur in the Fe, Al 
alloy possessing DO, type order 
Because of the lack of sufficient experimental data, 
no analysis of the ordering energies associated with 
the Fe,Si superlattice has yet been made Reference 
to the Fe-Si system,"* however, indicates that the 
B2 type superlattice does not occur in this system. 
The Fe,Si alloy the DO. type 


structure up to its melting point of about 1250°C, 


appears to 


ISSECSS 


which is nearly twice the critical temperature for the 
Fe, Al 


superlattice. It may be anticipated therefore that the 


destruction of the D0. type order in the 
APB energy between the individual dislocations consti 
tuting the superlattice dislocation shown in Fig. 3 for 
the Fe,Si alloy is at least twice as great as that in the 
FeAl alloy. This in turn could reduce the extension 
of the superlattice dislocations in Fe,Si to about half 
that of the Fe,Al alloy. In addition, as Barrett et al.(°° 
silicon additions greater than 4 wt 


have shown, , 
eliminate the wavy slip lines exhibited by iron and 
This 
inhibition of wavy slip with increasing silicon content 


high of the APB’s in 


Fe,Si would increase the probability of observing 


give rise to straight slip lines on {110} planes. 


plus the relatively energies 


superlattice dislocations (Fig. 3). 
with work’ on the thermally 
APB’s in the Fe, Al 


experimental part of the investigation was concerned 


In line previous 


produced superlattice, the 


with the observations of dislocations in Fe,Al 


EXPERIMENTAL PROCEDURE 


The FeAl alloy was prepared by first melting 430 g 


of plastiron under vacuum in a zirconia crucible. In 


order to compensate for the loss of aluminum due to 
vaporization, 71.5 g of 99.99°, aluminum were added 
to the iron after it had become molten. The molten 


into a flat mold. 


poured copper 


alloy was then 
Chemical analysis showed the resulting ingot to be 
homogeneous, and to contain 25.5 at.°, aluminum, 

that 


1100°C into strips 


The resulting ingot was sectioned into bars 


were subsequently hot rolled at 
about 0.015 in. thick. These strips were in turn cold 
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rolled to a final thickness of about 0.006 in. Further 
reductions led to severe cracking of the strips. In 


order to obtain a large grain size, portions of these 


strips were sealed in evacuated Vycor capsules and 


annealed for 1 hr at 1050°C and finally air cooled to 
room temperature. To ensure a high degree of the 
Fe,Al-B2 type order, one half of the air cooled speci- 
mens were annealed | hr at 600°C, i.e. just above the 
critical temperature for the DO, type order and 
quenched. The remaining air cooled specimens were 
annealed | hr at 600°C and then slowly cooled at a 
rate of 3.58°C/hr to 250°C in order to develop a high 
degree of the DO, type order which will be termed as 
the Fe,Al- D0, type henceforth. 

Square samples about 15 mm on an edge were then 
cut from the ordered specimens and electrolytically 
polished into thin foils using a procedure similar to 
that employed by Fisher and Marcinkowski! for 
AuCu, alloys. The electrolyte was also the chrome 
acetic acid solution used for AuCu, alloys. In using 
this solution to thin the Fe,Al samples, it was found 
that below a critical voltage ( ~ 30 V) the specimens 
developed a brownish-yellow polishing film on their 
surface. As the solution aged, this critical voltage 
became higher. The polishing times were rather long 
and required on the average, about 3 hr. About one 
out of three specimens was found suitable for trans- 
mission electron microscopy. 

All of the electron microscopy and diffraction 
observations were made with the Siemens Elmiskop 
operating at LOOKkYV. 
diffracted rays contributed to the bright field image, 


In order to insure that no 


a 20 lu objective aperture was used. All selected area 


diffraction patterns were obtained using an inter- 


mediate aperture of 20 u. 
EXPERIMENTAL RESULTS AND DISCUSSION 
A few 


conventional light microscopy techniques in order to 


observations were first carried out using 
obtain some preliminary information concerning the 
general features of the slip markings produced on the 
surface of the Fe,Al specimens after deformation. As 
far as the authors are aware, there have not yet been 
any observations of this type reported for the Fe, Al 
alloy. To accomplish this, samples of Fe,Al-B2 as 
well as Fe,Al- D0, were first electropolished and then 
Oblique 


illumination was then used to enhance the contrast 


deformed plastically several per cent. 


arising from the slip lines on the surface of these 
The both 


types of order are shown in Figs. 6(a) and 6(b) and are 


samples. results obtained therefrom for 
quite representative of the general features of the 


slip patterns observed throughout the entire specimen. 
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In both these micrographs, it will be noted that the 
slip lines are extremely wavy and quite similar to 


22.23) 


those observed in iron.'**-?3) Furthermore, there does 
not appear to be any significant difference between 
the slip markings in the Fe,Al-62 and Fe,Al-D0, 
structures. Unfortunately, it is not possible to retain 
the fully disordered state by quenching in this alloy, 
however, the similarity of the slip markings in both 
types of ordered configurations as well as their marked 
similarity to those observed in iron, indicates that 
the crystallographic aspects of the slip process are 
essentially independent of the state of order and are 
probably quite similar to that occurring in iron. It 
can also be inferred from these results that aluminum 
additions, unlike silicon®® have virtually no effect on 
the general features of the slip process occurring in 
iron, 

Although a large number of grains in both types of 
ordered alloys showed wavy slip lines, rather straight 
slip lines such as those at A in Fig. 6(a) could be 
The most logical explanation to account 
The 


straight slip lines are produced by the edge components 


observed. 


for these two types of slip patterns is as follows: 


of dislocations which cannot cross slip nor climb at 
room temperature. On the other hand, screw disloca- 
tions are able to glide on any plane lying in the (111 
zone, and can thus give rise to wavy slip lines. This 
latter process has often been termed ‘“‘noncrystallo- 
graphic” slip and will be so designated in this paper. 
In order to give a better insight into the configurations 
and movements of the dislocations giving rise to the 
slip patterns discussed above, direct observations of 
these processes using the more powerful techniques 
of transmission electron microscopy will be discussed 
in the following sections. Up to the present time most 
such observations have been confined to the close 
packed structures, with relatively little consideration 
being given to the body-centered cubic metals and 
alloys. 

Figure 7 shows the dislocation configuration in an 
alloy that was ordered so as to form the Fe,Al- D0, 
These 


originate at some region to the lower left hand corner 


type superlattice. dislocations are seen to 
of the micrograph which is obscured by an extinction 
contour. The general motion of these dislocations, as 
noted by the slip traces they leave behind, is to the 
interesting 

The first 


is that the dislocation lines all make an acute angle 


upper right of the figure. Two very 


observations can be obtained from Fig. 7. 


with the slip trace, and in addition they all lie in the 
same direction. From an analysis of this micrograph, 
the direction of these dislocations was found to be 


[111], indicating that they all may be of pure screw 
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Fic. 6(a). Light micrograph taken with oblique illumination of slip line trace 


Fic. 6(b). Light micrograph taken with oblique illumination 


that the dislocations 


been able to move 


The observation 
below A and B of Fig. 7 
noncrystallographically leaving behind them sharply 


character.* 
have 


curved slip traces suggests that these dislocations are 
indeed of the pure screw type. A second important 


* Tt will be noted that in Fig. 7, as well as in subsequent 
micrographs, the vector indicating the (111 direction 
not in general lie in the plane of the figure, but at some angle 
to it, and parallel to the dislocation line, and will therefore be 


does 


drawn dotted. 


of slip line traces in Fe,Al- D0 


feature of this micrograph is that the general direction 
of the slip line traces vary in an almost continuous 


manner across a slip band. On the basis of the [111] 


slip direction found above, the possible range of slip 


planes in this zone, on which the dislocations have 


traveled, is shown in the upper left corner of Fig. 7. 
We see 


an almost 


rom this that the dislocations have moved on 


distribution of slip planes 


743), 1.e. 


continuous 


included between (110) and a spread of 
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Fic. 7. 


the lower left hand corner of the micrograph. 


26°. It is concluded therefrom that screw dislocations 
in Fe,Al can choose one of any of the possible planes 
which have (111) as their common zone axis. 

Not only are the screw dislocations in the Fe, Al 
alloy able to travel on any slip plane in the (111 
zone, but any one screw dislocation may move 
smoothly from one plane to another within this zone 
leaving behind wavy slip traces as shown in Fig. 8. 
In this figure a number of screw dislocations have 
moved from right to left. The rather sharp contrast 
produced by the slip traces is thought to be associated 
with an aluminum oxide film produced on the speci- 
men surface during electrothinning. It is 


interest to note at this point, that the dislocations 


also of 
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Band of screw dislocations in Fe,Al-D0, which have been nucleated in the region at 


Normal to micrograph is [111 


observed in the Fe,Al- D0, ordered structure are, as 
far as can be determined, ordinary dislocations and 
not superlattice dislocations of the type shown in 


Fig. 3. 


As was shown previously, this was expected 
on theoretical grounds for the Fe,Al alloy. 

In Fig. 9(a), several bands of dislocations which have 
moved upward from the lower portion of the micro- 
graph can be seen. Unlike the dislocations shown in 
Fig. 8, the dislocations here move on a single type of 
slip plane which was found to be (101). The reason 
why these dislocations are confined to move on given 
slip planes can be obtained by analysing the geometry 
of the dislocations themselves. In most cases they 


have a hooked appearance, and must therefore be of 
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AND 


Fic. 8. Wavy slip traces created by the motion of screw dislocations in the Fe, 
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SUPERLATTICES 


DOs 


structure. 


different along their 


length, i.e. either edge, screw or mixtures of the two. 


varied character at places 
It is therefore the edge components that confine the 
dislocations to a given slip plane. It is of interest to 
exe mine the hooked appearance of these dislocations in 
somewhat greater detail. An enlargement of the region 
near A in Fig. 9(a) showing several of these dislocations 
is clearly shown in Fig. 9(b). We can give only the 
following tentative explanation for this behavior at 
the present time. Considering one of these dislocations 
DEF, it is suggested that the segment DE is pure 
the {111}. In 


traveling along the dislocation line from point FE to F, 


screw because it lies in direction 


the edge component must consequently become larger 


since the angle that the dislocation line makes with 
DE approaches 90 
to the work of Chen and 


as F is approached According 
Pond"), 


are found to move much faster than screws because 


edge dislocations 


In particular, Johnston and 
that 


jogs retard the screws. 


Gilman") have found over a large range of 


velocities, edge dislocations in LiF move 50 times 


faster than screws. Similar behavior is expected to 
also be true for the Fe, Al alloy It therefore appears 
logical to assume that the edge portion of the disloca- 


tion line near F can move much faster than the screw 


portion along DE with the consequent lagging behind 


of the screw portion. The result of this behavior there- 


fore is the hooked appearance of the dislocation lines. 
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Fic. 9(a). Dislocations in the Fe,Al-D0, structure that vary 
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(101) 
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between edge and screw 


character along their length and move on a single (101) plane. Normal to micrograph is | 111 


Another important feature of Fig. 9(a) is the elon- 
gated dislocation line BC. Both ends of this disloca- 
tion line can be seen to terminate on the same surface. 
Furthermore, the only visible slip trace is that which 
connects the terminal points of the dislocation line, 
indicating that the dislocation has swept out only that 


area contained between itself and the slip line BC, 


We conclude therefrom that the dislocation line BC 


was nucleated at the surface of the foil and expanded 


into the configuration shown in Fig. 9(a). Several other 


similar loops can be seen at various other places in 
this micrograph. Finally, many of the dislocations, 


particularly those in the band to the left of Fig. 9(a), 


appear to be arranged in pile-ups. However. closer 
examination of the slip traces on which the dislocations 
lie shows that a relatively small number of dislocations 
are arranged on many closely spaced slip planes. 
Figure 10(a) illustrates the manner in which disloca- 
tions can be generated at a grain boundary. In 
particular, the dislocations are seen to originate from 
that portion of the grain boundary near the corner of 
the grain which forms a junction with two adjacent 
grains. Junctions of this sort are expected to be 


particularly favorable for generating large stress 


concentrations. Furthermore, it was found here again 
that the dislocations are all alligned parallel to [111] 
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AND 


Fic. 9(b). Enlarged view of area A in Fig. 9(a) showing mixed charactet 


and are therefore probably of pure screw type. The 


rather sharp curvature of the slip traces near A in 
Fig. 10(a), as well as the divergence of the band of 
dislocations from its point of origin illustrates the 
large amount of freedom which these dislocations have 
to move on any plane in the (111) zone. The particular 
plane within this zone that is chosen at any one point 
in the crystal appears to be determined by the local 
stress conditions at that point although it will be noted 
that the slip band as a whole lies close to the (O11) 
plane. Each individual screw dislocation will tend to 
travel on that plane within the (111) zone, on which 
the 
addition, the dislocations in Fig. 10(a) appear to be of 


resolved shear stress is a maximum.'22) In 


the ordinary 4a,(111) type as opposed to superlattice 
2% YI P} | 


DISLOCATIONS IN Fe 


Al SUPERLATTICES 


3 


of dislocation lines 


dislocations should then leave 


These 
a strip of APB of the type sy 11] 


However, as Fisher and Marcinkowski!) have shown. 


dislocations. 
behind them 
APB’s show contrast only when the foil is oriented so 
that a strong superlattice reflection is diffracting into 
the objective aperture Such is not the case in Fig. 
10(a) sothat no APB’s are seen; 
that by the holder of 


Elmiskop Il about one degree. it was possible to obtain 


however it was found 


rotating stereo the Siemens 
strong diffraction from the 200-superlattice reflection. 
This was sufficient to resolve the APB’s produced by 
the dislocations seen in Fig. 10(a), and is shown in 
Fig. 10(b). Because of the large number of dislocations 
giving rise to these boundaries, they are difficult to 


resolve in some areas, particularly near this point of 
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111] originating from corner of grain in Fe,Al-D0,. 


Normal to micrograph is |013}. 


origin at the top of Fig. LO(b). In addition to the APB’s 
produced by slip, the large irregular thermally pro- 
duced APB’s can also be observed. These boundaries 
the the 


32 type order, and will be discussed in 


are associated with formation of higher 


temperature 


detail in another paper. It can be shown that these 


thermally produced APB’s are also described by a 


shear of the type 4a)(111 
We have that APB 


arises only when the foil is oriented for strong super- 


mentioned above contrast 


lattice reflection. The reason for this is that diffracted 
electrons undergo a change in phase angle « as they 
travel through the APB given by 


a=-2rg-R (11) 


where g is the reciprocal lattice vector of the diffracted 
wave hkl, and R is the shear displacement vector 
describing the APB between the two portions of the 
crystal. This change in phase in turn produces a 
difference in intensity between that of electrons diffrac- 
ted at the APB and those diffracted from its surround- 
ings. As described previously, R is simply $a,(111 

Now 0 for the fundamental 
reflections, for the 


superlattice reflections depending on whether the 


as Table 5 shows. « 


while it is either +-7/2 or +a 
indices of the superlattice reflection are all odd or all 
even. For convenience these have been designated as 
superlattice reflections of the first and second kind, 


respectively, in Table 5. Thus for the 200-reflection 
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at 


Fic. 10(b). Same area as that in Fig. 10(a) but tilted slightly to eliminate dislocation 

contrast and reveal both thermally produced antiphase boundaries as well as those 

produced by the dislocations in Fig. 10(a). Antiphase boundary contrast arises from 
200 superlattice reflection. 


giving rise to the APB contrast in Fig. LO(b), y 7. It TABLE 5. Phase angles x associated with first seve ral hkl 
reflections for APB produced by big LLL) type slip 


will be noted that in using equation (11), we have ; 
in the Fe ,Al D0, supe rlattice 


expressed R in terms of a, which is only one half the 


unit cell dimensions of the Fe,Al- D0, structure. Thus Type of refleetion 
g in this equation must be multiplied by a factor of one 
half, since Akl in Table 5 are given in terms of the 


actual unit cell dimensions of 2a). Another important 


0° 
feature of Figs. 10(a) and 10(b) is that the dislocation 

contrast exhibited in the former is not present in the 

latter. This is in general true since the conditions 100 

imposed which give rise to dislocation contrast are 

F refers to fundamental reflections whereas and refet 


in general different from those which produce APB 
to superlattice reflections of the first and second kind, res 


contrast. pectively, 
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Ll. Formation of antiphase boundaries in Fe, Al B2 by ordinary screw dislocations 


originating from region to the right 


ot micrograph. 


Normal to micrograph is | LOO}, 


\ntiphase boundary contrast arises from 100-superlattice reflection. 


Finally, it is instructive to consider the interesting 


but rather unlikely possibility that the dislocations in 


Fig. 10(a) may actually be very closely spaced pairs. 


If such were the case, they would then leave behind 
them a NNNAPB described by a a)(111) or 100 
type shear. However, from equation (11) we see that 
under these conditions the 200-superlattice reflection 
could give no APB contrast since « would be 27. 
This rather unlikely possibility can therefore be 
eliminated. 

Having considered the dislocation configurations 
and behavior of the Fe,Al- D0, superlattice, we now 
turn to those alloys which were annealed and quenched 
which therefore 


from above 600°C, and possess an 


ordered lattice described as Fe, Al- 32. Fig. 11 shows 
a large burst of dislocations originating from some 
area, presumably a region of high local stress con- 
centration, to the right of the micrograph. Here again, 
it will be noted that the dislocations are of the ordinary 
ScCTeW 
[111] leave 
behind them APB’s of the type $a,[111]. A few large 
loops of the thermally produced APB’s can also be 


type—i.e. }a,|111] since they are parallel to 


exhibit noncrystallographic slip and 


seen. In addition, the foil is apparently bent so that a 
portion of Fig. 11 to the right is oriented for disloca- 
APB contrast, whereas that 
region to the left is oriented for APB contrast but not 
for dislocation contrast. 


tion contrast but not 


The superlattice reflection 
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TABLE 6. Phase angles « associated with first several hkl 


reflections for a }a,(111) type slip produced APB 
in the Fe,Al-B2 superlattice 


hkl Type of reflection 


100 
110 
111 
200 
210 
211 


giving rise to contrast was found to be 100 and from 
equation (11) or Table 6, the phase angle associated 
with this reflection is +7 


die 


Fic. 12(a). Bright field micrograph of 
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At this point, it is of interest to notice that aside 


from the noncrystallographic type behavior of any 


one particular dislocation within the band of Fig. 11, 
there is also an overall tendency for this band of 
dislocations to diverge away from its point of origin. 
This is a very common feature associated with all 
those dislocations that appear to originate in large 
numbers from some particular source. Such behavior 
has already been seen in Figs. 7 and 10 of the Fe,Al- D0, 
Furthermore, the dislocations in all cases 
We believe that 
Each of the 


structure. 
have been of the pure screw type. 


the reason for this behavior is as follows. 


Fe,Al-B2 showing the formation of antiphase 
boundaries by moving dislocations of ordinary type 


Normal to micrograph is { 103 


Antiphase boundary contrast arises from 100- superlattice reflection shown in selected 


area diffraction pattern of Fig. 


12(b). 
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Fic. 12(b). Selected area diffraction pattern obtained within area shown in Fig. 12(a). 


screw dislocations has associated with it a radial 


stress field given by 
Gb 
or (12) 


where r is the distance between dislocations. Since 
all of these dislocations are of the same sign, they will 
exert repulsive forces on one another. The relative 


ease with which these screw dislocations can move 


from one slip plane to another within the (111) zone, 
coupled with these repulsive forces, will then cause the 
individual dislocations within the band to separate 
from one another until the repulsive forces are 
eventually balanced by the lattice friction forces. 
The rate of divergence of the dislocation flow from 
the source is quite likely influenced primarily by the 
density of dislocations within the band as well as the 
magnitude of the applied stress or stress concentra- 


tions. In particular, the higher the density of disloca- 


tions within the band, and the smaller the applied 
stress, the greater will be the divergence of the band 
and vice versa. The mutual repulsive forces between 
screw dislocations together with their easy mobility 
on different slip planes also accounts for the observa- 
tion that there is only rarely more than a single 
dislocation associated with a given slip trace. It 
follows also that dislocation pile-ups in this particular 
alloy are expected to be virtually eliminated, which 
is also in agreement with the present observations. 
Lastly, we wish to consider in some detail certain 
aspects of the APB contrast produced by the disloca- 
tions in the Fe,Al-B2 superlattice. No generality will 
be lost in considering this particular structure since 
it is obvious at this point that the dislocation behavior 
as well as the APB’s produced therefrom are, as far 
as can be determined, identical in both the Fe,Al-B2 


and Fe,Al- D0, superlattices. Fig. 12(a) shows a bright 


field micrograph, i.e. the contrast was produced by 
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Fig. 12(c). Dark field micrograph of approximately same area as that shown in Fig. 12(a). 
Dark field antiphase boundary contrast arises from 100-superlattice reflection of Fig. 12(b). 


allowing only the direct electron beam to pass through 
the objective aperture, exhibiting both slip-produced 
APB’s as well as the thermally produced Fe,Al- 62 
domain boundaries. A selected area diffraction pattern 
obtained within this area is shown in Fig. 12(b). It is 
obvious from this figure that the strongest reflection 


present is that of the 100-superlattice reflection, and 


is responsible for the APB contrast shown in Fig. 12(a). 
In order to verify this, a dark field image of Fig. 12(a) 
was formed by adjusting the objective aperture so as 
to allow only those electrons contributing to the 
100-diffracted beam to pass through it. The resulting 
micrograph which was found to be exceptionally sharp 
is shown in Fig. 12(c). As expected, it will also be noted 


that the alternate light and dark contrast of the APB’s 
in Fig. 12(a) is reversed in the dark field micrograph 
of Fig. 12(c). In order to obtain more insight into the 
the APB’s 


111) type dislocations, the 


with formation of 


la 


details associated 


generated by ordinary }a, 
areas labeled as A in Figs. 12(a) and (c) were enlarged 
by a factor of 2, and are shown in Figs. 12(d) and (e), 
respectively. By very fortunate circumstances, the 
area obtained by bright field illumination in Fig. 12(d) 
was oriented so as to exhibit only dislocation contrast. 
This very same area, observed with dark field illumina- 
tion, is shown in Fig. 12(e) and is oriented so as to show 
contrast only from the APB’s produced by the disloca- 


tions in Fig. 12(d). All of the dislocations in Fig. 12(d) 
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Enlargement of area 
for disloc 
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are numbered and by referring to Fig. 12(e), it will be 
noted that all of the slip-produced APB’s terminate in 


thesame line (also numbered) corresponding to the exact 


places where the dislocations seen from Fig. 12(d) should 


lie. Here again the dislocations are found to be of the 


screw type, which in turn enables them to move 
continuously from one slip plane to another. This is 
very vividly illustrated in Fig. 12(e) by following the 
APB’s left behind by the moving dislocations. All 
nine dislocations in these two figures give rise to wavy 
slip traces; however the change in direction associated 
with dislocations 2, 6 and 7 is particularly severe. 
We have seen from the previous observations that 
the majority of dislocations observed were of the pure 
screw type, which in turn gave rise to complex slip 
behavior. There are several possible reasons for this 
phenomenon. The first, and probably least likely, is 
that according to the isotropic elastic dislocation 
theory, the strain energy associated with a screw 


(26) 


dislocation is about two thirds that for an edge. 
Thus it may be energetically more favorable to have a 
preponderance of pure screw dislocations within the 
metal foils. However, if this were so, the same general 
results observed in this particular alloy should occur 
in many others, but such has not been found to be the 
case. Another and more likely possibility to account 
for this behavior is the relatively high stacking fault 
This 


great so as to 


energy expected to exist in the FeAl alloy. 


energy is apparently sufficiently 


prohibit any dissociation of 111) type dislocations 
into partials. Therefore, unlike the close packed 
structures, there is no favorable plane on which a 
dissociation of the whole dislocation into partials can 
take place, so as to lower its strain energy. Since there 
is no favorable plane on which the dislocation can 
glide, it glides on any plane in which its Burgers vector 
can lie, i.e. any plane in the (111) zone. However, 
before the dislocation is able to glide from one plane 
to another in this zone, it must be of the pure screw 
type. It is concluded then that in order to move on 
those planes on which the critical resolved shear stress 
due to stress concentrations and/or the applied stress is 
greatest, the dislocations are forced into a parallel 
alignment with the Burgers vector. In this manner, 
they are thus able to “‘seek’’ those planes of highest 
shear stress; their movement through the crystal being 
determined by complexity of state of stress within the 
structure. 

Finally, there is a possibility that the Peierls energy 
barrier may be quite large in body-centered cubic 
metals and alloys, so that the dislocation lines possess 
minimum energy when they lie along close packed 
directions in their slip plane.” This could lead to a 
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predominance of pure screw dislocations. However, 
there is as yet no satisfactory theoretical explanation 
why the Peierls energy barrier should be appreciably 
larger in body-centered cubic structures than in close 
packed ones. On the other hand, several investigations 
of the large temperature dependence of the yield and 
number of body-centered cubie 


flow stresses in a 


metals and alloys, and in particular iron,%.*9 


suggest 
that the Peierls mechanism may be predominant. 
Because of the high degree of freedom associated 


the the Fe, Al 


superlattice and also because these dislocations are 


with movement of dislocations in 
of the ordinary type, the destruction of long range 
work should be very great 


X-ray 


findings of Flinn®®. This behavior is quite different 


order by moderate cold 


This is in agreement with the preliminary 


W hic h 


from that found in ordered AuCu, in super 


lattice dislocations are present 4) In this alloy cold 


work results in only a reduction of the antiphase 
domain size. 
SUMMARY AND CONCLUSIONS 

A theoretical analysis has been made of the disloca 

tion configurations in superlattices of the type DO, 


L2, and B2. 


dislocation in 


It is found that a ye rfect or superlattice 


the DO, and L2, structures should 


consist of four ordinary dislocations of the type sa, 


The 


111 bound toget he r by antiphase boundaries 
antiphase boundaries between these pairs are of two 


different types. In the DO, alloy in particular, one 


type consists of only wrong first nearest neighbors 
whereas the second type consists of only wrong second 


nearest neighbors. Consideration of the superlattice 
dislocations in the imperfect Bb2 lattice, i.e 


type 
one that is based on the composition AB, shows that 
they should consist of pairs of ordinary dislocations of 


the type sa,(1l1) bound together by an antiphas 


boundary. Expressions for the spacings between the 


ordinary dislocations constituting the superlattice 
dislocations as well as expressions for the antiphase 
boundaries between them have been derived. 

Application of the above results to the specific 
case of the Fe,Al alloy shows that when this alloy 
possesses the DO, type superlattice the total extension 
of the superlattice dislocation will be at least about 
600 A. On the other hand, when the FeAl alloy is 
in the B2 type ordered condition the extension of the 
superlattice dislocation may be infinite. These 
large extensions arise from the relatively low energies 


FeAl, 


more 


associated with the antiphase boundaries in 


and because of this, it may be only slightly 


difficult for the dislocations to travel as ordinary 


types instead of as superlattice dislocations. 
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of the 
possesses a DO, type superlattice, indicates that the 


grief consideration Fe,Si alloy, which also 


antiphase boundary energies associated with the 
superlattice dislocations should be appreciably greater 
than those associated with the Fe,Al system, possibly 
more than double, so that the extension of the super- 
lattice dislocations is expected to be comparatively 
small in this alloy. 

In order to check these theoretical considerations, 
dislocations were observed directly by using trans- 
mission electron microscopy techniques with electro- 
chemically thinned foils of Fe,Al obtained from the 
bulk material, and possessing both the DO, and B2 
type ordered configurations. As anticipated, it was 
found that the dislocations in alloys of both ordered 
structures travel through the lattice as ordinary 


dislocations. 


type dislocations instead of as superlattice 
In most cases, the dislocations were found 
to be of a pure screw type which were able to move on 
any slip plane within the (111) zone, thus giving rise 
to wavy slip traces. By selecting the proper orientation 
of the foil, it was possible to obtain the necessary 
contrast conditions needed to observe the antiphase 
boundaries left behind by the ordinary $a,(111) type 
dislocations. 

The absence of superlattice dislocations in either the 
DO, or B2 structures in the Fe,Al alloy is attributed to 
two factors. One that has already been mentioned 
is that the energy of the antiphase boundary generated 
by an ordinary }a,)(111) dislocation is rather small so 
that a relatively small applied stress is necessary to 
move it against these ordering forces. Secondly, the 
ordinary dislocations are highly mobile on any plane 
within the (111) zone, making it difficult for the super- 
lattice dislocation to the 
lattice. On the other hand, the Fe,Si superlattice, 


because of its relatively large antiphase boundary 


move as a unit through 


energy as well as the possibility that it may possess 
a single {110} slip plane, should make it a somewhat 
better alloy than Fe,Al in which to observe super- 
lattice dislocations of the type predicted. 

Finally, two possibilities have been suggested to 
account for the preponderance of screw dislocations 
in the Fe,Al alloy. 
may be associated with a significantly smaller elastic 


In the first place, this behavior 


strain energy for a screw dislocation in the Fe,Al 
alloy compared to that of an edge. In addition, a 


screw dislocation has a much greater degree of freedom 


VOL. 9, 1961 
than an edge, in that it is able to move on those slip 
planes in the (111) zone, on which the critical resolved 


shear stress is a Maximum. 
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EFFECT OF ANNEALING UNDER HIGH PRESSURES ON DISLOCATIONS 
IN LITHIUM FLUORIDE, ALUMINUM, COPPER AND IRON* 


J. E. 


HILLIARD, J. M. LOMMEL, J. B. HUDSON?, D. F. 


STEIN and J. D. LIVINGSTON: 


Single crystals of lithium fluoride, aluminum, copper and iron have been annealed for 1 hr at 500 


600°C under a pressure of 40 kb. The dislocation structure was studied, before and after treatment, by 


the Berg—Barrett X-ray technique in aluminum and by etch pitting in the other materials 


The high-pressure anneals produced no detectable change in the dislocation densities of any of the 


four materials. 


For lithium fluoride a double-etch technique revealed that far less dislocation motion 


had occurred in the crystal annealed under pressure than in one given the same thermal treatment at 


atmospheric pressure. 


These results are consistent with calculations which show that the application of pressure 


both the climb and glide rates of a dislocation. 


EFFET DU RECUIT 
DANS LE FLUORURE DE 


SOUS 
LITHIUM, 


Des monocristaux de fluorure de lithium, d’aluminium, de 


500—600°C sous une pressionde 40 kb. 


ment, par la technique des rayons X Berg—Barrett pour l’aluminium et par les piqdres de 


pour les autres matériaux. 


HAUTES PRESSIONS SI 


L’ALUMINIUM, LE CUIVRE ET LE FER 


La structure de dislocation a été étudié« 7 


will reduce 


R LES DISLOCATIONS 


cuivre et de fer ont été recuits | heure a 
avant et apres le traite 


corrosion 


Le recuit sous haute pression se produit aucun changement décelable dans la densité de dislocations des 


quatre matériaux. Pour le fluorure de lithium, une technique double d’attaque a 


révélé que le mouvement 


des dislocations était plus réduit dans les cristaux recuits sous pression que dans ceux qui recurent le 


méme traitement thermique a la pression atmosphérique. 


Ces résultats sont cohérents avec les résultats des calculs qui montrent que l’'application d'une pression 


réduira a la fois les vitesses de grimpage et de glissement d’une dislocation 


DER EINFLUSS GLUHENS 


LITHIUMFLUORID, 


DES UNTER 


HOHEM 
ALUMINIUM, 


DRUCK AUF IN 


KUPFER UND EISEN 


Kinkristalle aus Lithiumfluorid, Aluminium, Kupfer und Eisen wurden unter einem Druck von 40 kb 


eine Stunde bei 500—600°C gegliiht. 
sucht; 
Materialien durch Atzgriibchen. 


Das Gliihen bei hohem Druck ergab bei keinem der vier Materialien eins 


der Versetzungsdichten. 


Die Versetzungsstruktur 
bei Aluminium durch das réntgenographische 


wurde vor und nach der Gliihung untet 


Jarrett-Verfahren und bei den anderen 


Anderung 


wahrnehmbare 


Bei Lithiumfluorid zeigte die Technik det Doppelatzung, dass bei dem unter 


Druck gegliihten Kristall weit weniger Versetzungsbewegung aufgetreten war, als bei einem, der dieselb« 


Warmebehandlung bei Atmospharendruck erhalten hatte 


Diese Ergebnisse stimmen tiberein mit 


sowohl die Klettergeschwindigkeiten als auch die Gleitgeschwindigkeiten von Versetzungen 


Rechnungen, welche zeigen, dass di 


Anwendung von Druck 


vermindert 


INTRODUCTION 

The investigation to be described is part of a more 
general study being made in this Laboratory on the 
effect of pressure on properties known to affect the 
Such 


and 


information is 
the 


overall effects of pressure treatment on materials. 


rate of phase transformations. 


necessary in order to predict interpret 


In some transformations dislocations provide 


preferential nucleation sites and diffusion paths. In 


such cases a sizeable change in dislocation densities 
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with pressure would be an important factor. It would 
also be of intrinsic interest, since it has been suggested 
that the perfection of cry stals might be increased by 
treatment under pressure. 

Zumwalt et al.“.*) 


aluminum single crystals subjected to a pressure of 


have made observations on 
room 


lattice 


approximately 14 kb for periods of 1-7 days at 


temperature. From measurements of the 
parameter and X-ray line breadth before and after 
that there had 


pressure induced migration of dislocations from the 


treatment, they concluded been a 
center to the surface of the cry stals. The purpose ot 
the present investigation was to determine whether 


more pronounced effects might be found at the higher 


temperature and pressure used in the transformation 


studies. 
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Pyrophyllite Pill 


Fic. 1. Cut-away drawing of cell used for high 


pressure anneals, 


EXPERIMENTAL PROCEDURE AND RESULTS 
The high-pressure treatments were carried out in 
the “Belt” 


pressure equipment, the pressure is usually transmitted 


apparatus. As with other ultra-high- 


to the specimen by ps rophyllite or other solid media. 
This practice inevitably leads to some nonhydrostatic 
deformation of the specimen during the application 
and release of pressure. Since such deformation could 
the the 


stainless-steel 


not be tolerated in present investigation, 
crystal specimens were sealed in a 
capsule filled with a medium which remained fluid 
the The 


choice of fluid depends on the maximum temperature 


throughout pressure—tem perature cycle. 
and pressure to be used as well as other factors. For 
the that 


satisfactory for use up to 600°C and 40kb. Silicone oils 


present work we found mineral oil was 
might be expected to have better thermal stability, 
but we found that these undergo partial polymeriza- 
tion at high pressure and become viscous enough to 
deform the specimen during the release of pressure. 
The details of the high-pressure cell are shown in 


Fig. 1. 


resistance heater, the current being led in through the 


The stainless-steel capsule also served as a 


punches (not shown). The temperature was measured 
with a chromel-alumel thermocouple which passed 
half-way around the outside of the capsule. Because 
of heat conduction down the thermocouple wires, the 
temperature indicated by the couple was lower than 
the true temperature inside the capsule (by about 
30° at 600°C). The necessary correction was deter- 
mined by test runs in which a second thermocouple 
was introduced with its hot junction at the center of a 
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-HELD FOR 
ONE HOUR 


(°C.) 


TEMPERATURE 


10 20 30 40 
PRESSURE (kilobars 


Pressure—temperature cycle used for high 


pressure anneals, 


dummy specimen. The reported temperatures are 
based on an atmospheric pressure calibration of the 
thermocouple wire; the actual temperatures under 
pressure may have been a few degrees higher because of 


) of the thermal e.m.f. 


a pressure dependence‘ 

The pressure apparatus was calibrated by observa- 
tions of transitions in bismuth and barium at room- 
The for the 


pressures were 25.3 and 60 kb, respectively. It 


temperature. values®) used transition 
was 
assumed that the chamber pressure varied linearly 
with ram pressure between the two calibration points. 

All the pressure anneals were made at 40 kb and 
500°-600°C. The 


temperature were changed simultaneously as shown in 


temperatures of pressure and 
Fig. 2 in order to avoid freezing of the mineral oil. 
The temperature was increased and decreased slowly 
(about 10°C/min) so as to minimize thermal stresses 
in the specimen. During the anneal, the temperature 
and pressure were controlled automatically to °C 
and 0.3 kb. After the the 
specimens were rinsed in xylene and acetone; the 


surfaces of the specimens were clean and bright, and 


removal from cells, 


apparently uncontaminated by the mineral oil. 
The preparation, examination and results will now 


be considered separately for the four materials. 


Tron 


Specimens 0.080 0.055 0.150 in. were cut 


from a single crystal of iron grown by a strain-anneal 


technique.” The iron was “‘Ferrovac E” containing 


a total of 0.1 per cent impurities, the principal ones 


being: carbon 0.005, nickel 0.04, oxygen 0.0092 
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(a) 


Fic. 3. 


Crystal of iron etched (a) before and (b) 


per cent. The specimens were annealed for 8 hr at 
150°C to decorate the dislocations and then chemically 
polished in a solution containing 10 g of oxalic acid, 
20 ml of 30°% hydrogen peroxide and 300 ml of water. 
The largest faces of the specimen had a (112) orienta- 
tion and these were etched) to reveal the dislocations 
(Fig. 3a). After 
annealed for 1 hr at 500°C and 40 kb, decorated and 
etched. 
after the pressure anneal; comparison with Fig. 3(a) 


repolishing, the specimen was 


Fig. 3(b) shows the dislocation structure 


indicates that there has been no appreciable change in 


dislocation density. 


Coppe r 


Specimens were sawn from a single crystal of 
tefining Company 
199 per cent and the 


American Smelting and copper 
having an estimated purity of 
deformed metal removed by electropolishing in an 
aqueous solution of 60 per cent phosphoric acid. The 
(111) of the 


specimen by etching in a solution containing | part 


dislocations were revealed’ on faces 
bromine, 30 parts glacial acetic acid, 45 parts hydro- 
chloric acid and 250 parts water by volume. 

The initial dislocation density was approximately 
5 <« 10° per em*® and remained unchanged (within 
an experimental uncertainty of 20 per cent) after an 
anneal for 1 hr at 600°C and 40 kb. 


Aluminum 


Two sets of single crystals were grown from alu- 


minum of 99.993 per cent purity by a strain-anneal 


ANNEALING 


after annealing for 


UNDER HIGH 


PRESSURE 


500°C and 40 kb 


method;:"® one set was from material 5 mm thick 
and the other set from a portion of the same material 
had rolled to a 


Specimens cut 


which been thickness of 1 mm. 


from the crystals were thermally 


cycled 20 times between room temperature and 


640°C, and were held in every cycle for | hr at the 
upper temperature. This treatment gave a subgrain 


size of 0.2—-1.0 mm and a dislocation density within 


the subgrains of about | 10° per cm". One face of 
electro-machined with a 


Avery et al.“ 


then 
that 


each specimen was 


device similar to described by 
using as an electrolyte a solution of | part by volume 
of perchloric acid to 5 parts of methyl! alcohol 

The dislocation structure on the polished surface 
was observed by the Berg—Barrett X-ray technique”? 
that 


X-ray 


with a specimen-film similar to 


Newkirk". A 


geometry 


employed by semi-fine focus 


source was used so that individual dislocations could 
Crk 


be resolved.“ radiation was used with (220) 
reflecting planes 
In pressure made on from the 


runs specimens 


thicker (5 mm) crystals a large increase in dislocation 
density was observed. A metallographic examination 
of the single crystal from which the specimens had 
been cut revealed the presence of porosity and it was 
deduced that the increase in dislocation density was 
caused by collapse of the pores under pressure. A 
second set of specimens was therefore prepared from 
the l-mm stock which, because of the greater reduction 
was more likely to be free of porosity. 


the results of the 


in thickness, 
This conclusion was borne out by 


pressure treatments; after annealing for | hr at 


is89 
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Fia. 4. 
annealing for 1 hr at 550°C and 40 kb. 


VOL. 


X-ray diffraction micrographs of the surface of an aluminum single crystal (a) before and (b) after 
The surface of this crystal was then electro-machined and X-ray 


micrographs taken when the crystal was (c) } and (d) $ of its original thickness. 30 


550°C and 40 kb, there was no discernible change in 


dislocation density as will be seen from a comparison of 


Figs. 4(a) and (b). 

The pressure-treated specimens were then thinned 
down by electro-machining and X-ray diffraction 
micrographs (Figs. 4c and d) taken when the sample 
was } and } of its original thickness. As will be seen 


from a comparison of Figs. 4(b), (c), and (d), there was 


a progressive increase in dislocation density from the 


surface to the center of the crystal. The same non- 
uniform distribution of dislocations has been observed 
in untreated specimens and it is not, therefore, 
caused by the pressure treatment, but instead arises 
at some stage in the preparation of the specimens, 


probably during the thermal cycling. 


Lithium fluoride 

The lithium fluoride crystals were purchased from 
the Harshaw Chemical Company, Cleveland, Ohio. 
From a 4-mm strip of the crystals specimens were 
cleaved off along the (100) plane to produce pairs of 
specimens having an identical grown-in dislocation 
array along their common cleaved faces. By using one 
specimen from each pair as a control, more systematic 
observations were possible than with the other 
materials. 

The dislocations on the (100) faces were revealed 
by etching in a solution® consisting of equal parts 
by volume of hydrofluoric and glacial acetic acids with 
the addition of | per cent of hydrofluoric acid saturated 


with ferric fluoride. After etching for 30-60 sec the 


790 9, 1961 
4 
\\w 
(a) (b) 
1961 
(c) (d) 


ANNEALING 


Fic. 5. 


crystal was rinsed in absolute alcohol and then in 
anhydrous ether. 

A pair of cleaved crystals were etched and then 
annealed for 1 hr at 500°C, one at atmospheric 
pressure, the other at 40 kb. The heating and cooling 
rates of the atmospheric-pressure specimen were kept 
approximately the same as for the other specimen; 
namely, 10°C per min. After annealing, the specimens 
were re-etched with the results shown in Figs. 5(a) and 
(b) which are micrographs of corresponding areas of 
the two specimens. 


The purpose of the double etching was to reveal any 


the 
Johnston) 


migration of dislocations during annealing. 


demonstrated that 
re-etching will widen any pre-existing pit, but will 


Gilman and have 
only continue to deepen it so long as the dislocation 
responsible for it is still present. 

It will be observed (Fig. 5a) that all the large pits 
in the specimen annealed at atmospheric pressure 
have developed flat bottoms, showing that the disloca- 
tions have migrated during the anneal. The new sites 
In 
the crystal treated at 40 kb (Fig. 5b) the majority of 


are indicated by the small, sharp-bottom pits. 


pits have remained sharp and no new pits are to be 
seen. We can thus conclude that the application of 
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“a 


(b 


Matching cleaved faces of a lithium fluoride crystal one portion (a) of which was annealed for | hr at 500°C and 
atmospheric pressure, the other (b) given the same thermal treatment at 
after annealing. The flat bottom pits in (a) denote sites from which dislocations have migrated during the anneal 


$0 kb. Both samples were etched before and 


Loo 


pressure has inhibited the motion of grown-in 
dislocations. 
DISCUSSION 
The experiments have shown that annealing under 
a pressure of 40 kb produced no change in the 
dislocation densities of lithium fluoride, iron, copper 
and aluminum within a factor of 2 or less. 


fluoride the 


In addition, 


for lithium motion of dislocations was 


found to be reduced under pressure. 

In order to interpret these results, we will need to 
know the effect of pressure on the dislocation energies 
and self-diffusion coefficients. Since these quantities 
have not been measured for any of the four materials 
studied, it is necessary to resort to theoretical 
estimates. 

The change in diffusivity with 


pressure can be 


represented by an activation volume. 
D/OP),» 


where 7’ is the absolute temperature and F the 


y* (1) 
gas 
constant. No experimental measurements of V* have 
for the 
but 


this 


can be 


been made four materials studied in 


investigation, approximate estimates 


obtained from an expression derived by Keyes”® : 


iy 


H 
4 
(a) 
m= 
/ 
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where y is the Griineisen constant, 7 the isothermal 
compressibility and G* the Gibbs activation free 
energy of diffusion. Keyes found that if the calculated 
value of V* was increased by a factor of 1.4 a good fit 
was obtained with most of the presently available 
experimental data for the effect of pressure on diffu- 
sion. This correction has been applied to the calculated 
values of V* for iron, copper, aluminum and lithium 
fluoride presented in Table 1. Values of 7 and y 
for the first three are taken from a compilation given 


by Leibfriec For lithium fluoride, 7 was derived 


from the elastic constants and y was calculated 


from the relation 

using values of 11.3 cm® for the molar volume J, 
102 10-6/°C for the volume coefficient of expansion 
The 


activation free energy, G*, was obtained using experi- 


f, and 9.67 cal mole for the specific heat C.,,. 


mentally determined activation energies of 73.2, 


54.0. 32.0 and 45.9 keal/mole for diffusion in x-iron,“® 


copper, aluminum’! and lithium fluoride in 


conjunction with another expression due to Keyes"® 
for the entropy of activation 


S* 2(y 


which can be re-written in terms of the activation 


energy Q* to give 
Q*/{1 2T (y 
In column 6 of Table 1 are listed the ratios of the 
diffusion coefficients at | atm and 40 kb estimated on 
the 
independent of pressure. It 


volumes are 
that the 


decrease in diffusivities at the pressure used in this 


the assumption that activation 


will be seen 
investigation range from factors of 70-580. 

We next have to calculate the pressure dependence 
of the specific free energy of a dislocation. Since the 
formation of a dislocation is accompanied by a dilation 
of the lattice, the 


pressure. Specifically, if # is the free energy per unit 


line energy will increase with 


TaBLeE 1. Calculation of the change with pressure 
Activation 


Griineisen free energy 


Compressibility 


/ constant 
10°) at 500°C 
(cal 10-3) 


(cal em 


Activation 
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length, and AV is the increase in volume of the crystal 
per unit length of dislocation, then 
(OZ/0P), = AV. (3) 

Keyes"® has shown that EF and AV are related in the 
same manner as the quantities G* and V* in equation 
(2). We can thus re-write equation (3) in the form 

(0 In E/OP)» = Ay — 4)y. (4) 
Assuming the derivative to be independent of pressure, 
the ratio of the dislocation energies at 40 kb and atmos- 
pheric pressure has been calculated with the results 
It will be noted that 


the change in energy is comparatively small, being a 


shown in column 7 of the Table. 


maximum of 20 per cent for aluminum. 

The final column lists the relative change at 40 kb 

in the shear modulus C as calculated from 
(0 In C/OP)y = + }). 

We now turn to the application of these results to the 
estimation of the effect of pressure on the climb and 
glide rates of a dislocation. 

For climb to occur, point defects have to be emitted 
or absorbed at jogs. The climb mobility will therefore 
be determined by the concentration and mobility of 
the point defects, the effect of which can be represented 
by the self-diffusion coefficient. As we have already 
seen, the diffusivity is reduced by at least two orders 
of magnitude at 40 kb, and consequently there will be 
a corresponding decrease in climb mobility. In 
addition, there will be a decrease in the equilibrium 
jog concentration because of the increase in disloca- 
tion energy. If the concentration of jogs is less than 
that 


defects along the dislocation, then the change in jog 


required to maintain a quasi-equilibrium of 


concentration will decrease the climb mobility still 
further. 
forces for 


the driving 


will be seen that there will 


affect 
Table | it 


be about a 20 per cent increase in the driving forces 


How will pressure 


climb? From 
due to line tension and the interaction of dislocations 


the diffusion coefficients and dislocation energies 


Ratio of 
elastic shear 


Ratio of 


volume Ratio of lis] 
diffusivitie 
moduli 


energies 
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— 
Fe 25.1 1.83 67.8 7.1 13.2 10-* 1.07 1.11] 
Cu 31.4 1.96 $8.2 6.9 9.8 10-3 1.10 1.15 
Al 57.3 2.17 27.0 8.0 +.7 10-8 1.20 1.32 
LiF 61.5 1.94 36.7 10.2 5.0 10-8 1.19 1.30 
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with one another and with the surface. The driving 
force arising from residual and thermal stresses will 
be changed by about the same amount as the shear 
modulus—an increase of 30 per cent or less at 40 kb. 
(It is assumed that the applied pressure is truly 
hydrostatic so that no shear stresses are introduced by 
the pressure treatment.) A change in the equilibrium 
vacancy concentration following a variation in 
temperature or pressure also provides a driving force 
for climb. There are three possibilities to be con- 
sidered: 

(1) Variation in te mperature, pressure held constant. 
For a given temperature increment, the change 
in equilibrium vacancy concentration will be 
smaller the higher the pressure. The application 
of pressure decreases the driving force. 
Variation in pressure, te mperature held constant. 
The 


tration provides a driving force for climb. 


attendant change in vacancy concen- 
Simultaneous variation in pressure and te mpera- 
ture. As compared with a temperature variation 
alone, the driving force may be either increased 
or decreased depending on the relative magni- 
tude and direction of the variations. For the 
pressure—tem perature cycle used in the present 
investigation, the change in vacancy concen- 
have 

the 


this 


tration was less than that which would 


been produced by heating or cooling 

specimens at atmospheric pressure, In 

case, therefore, the driving force was decreased. 
It should be noted that the change in equilibrium 
vacancy concentration with pressure affects both the 
driving force and mobility, and the two effects are 
not therefore completely separable. If dislocations 
were the only sources and sinks for vacancies, then 
the total amount of dislocation climb would depend 
only on the difference between the initial and final 
equilibrium vacancy concentrations. 

If we disregard the climb induced by an isothermal 
change in pressure, we can conclude from the fore- 
going analysis that the application of pressure will 
markedly reduce the dislocation climb rate, because 
the increases in the driving forces are not nearly large 
enough to compensate for the decrease in diffusivity. 

We 


With increasing pressure the glide mobility will be 


will next consider the change in glide rate. 
decreased, but the effect will be much smaller than for 
climb because the diffusion of point defects is not 
involved. Exactly the same difference applies to the 
relative effects of pressure on interstitial and substitu- 
tional diffusion; and it has been shown experimentally 
that the pressure dependence of the former is much less 
than that of the latter.“® 


In order to get a rough 
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estimate of the change with pressure in glide mobility, 
we can substitute in equation (2) a value) of 4000 
the 
minum and thus obtain an activation volume of about 
mole. At 


corresponds to about a two-fold decrease in mobility. 


cal/mole for activation energy of glide in alu- 


| em? per 10 kb this activation volume 


While this is much less than the decrease in climb 


greater than the 10-30 


mobility, it is nevertheless 
per cent increase in the driving forces 
There is factor which we not 


one have so tar 


considered. This is a change in mobility resulting 
from a change in the degree of impurity segregation at 
the dislocations. 


the 


Little can be said about this apart 


from obvious statement that if segregation is 


accompanied by a decrease in the volume of theery stal, 
then it will be increased by the application of pressure. 

Providing the segregation effect is not decisive, we 
can conclude that the only circumstance in which a 
pressure treatment might induce more dislocation 
motion than a purely thermal treatment is when the 
pressure cycle is such as to increase the change in 
equilibrium vacancy concentration and hence increase 
the amount of dislocation climb. However, in general 
this effect will be unimportant in comparison with the 


mobilities. We 


actually 


changes in the climb and glid must 


therefore expect as Was observed in. the 


experiments, that a pressure treatment will be less 


effective in changing the dislocation density than the 


same thermal treatment at atmospheric pressure 
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ERRATUM 
J. Dasn and M. E. Fixe, Temperature and composition dependence of the strength of 
aluminum base zine alloy single crystals, Acta Met. 9, 149-154 (1961) 


The sizes of the Guinier—Preston zones were erroneously reported. Assuming the 
Walker—Guinier™ model for the zone—an inner core of high zine content of radius R, 
surrounded by a shell depleted in zinc of radius R,, the correct radii determined from 
the X-ray data are given in the table below. The specimens were solution treated | hr 
at 460°C, quenched in water to and aged at 25°C for 24 hr. 


R. 
Al-3-4 at.°%, Zn 37 A 
Al-5-3 at.°, Zn 20-5 A 44 A 


These results are in line with those of Graf, who reported values for R,. 
The authors are indebted to Drs. J. B. Cohen and H. Herman for pointing out 
this error to them. 
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ON SPINODAL DECOMPOSITION’ 
JOHN W. CAHN + 


The stability of a solid solution to all infinitesimal composition fluctuations is considered, taking surface 
tension and elastic energy into account. It is found that for infinite isotropic solids, free from imperfections 
the spinodal marks the limit of metastability to such fluctuations only if there is no change in molar volume 
with composition. Otherwise the elastic energy due to a fluctuation stabilizes the solution and alters the criterion 
for the limit of metastability. For an unstable solution the kinetics of decomposition are discussed and the 
expected mean particle size or wavelength of the most rapidly growing fluctuation is derived 


SUR LA DECOMPOSITION SPINODALI 


L’auteur considére la stabilité d’une solution solide en relation avec des fluctuations infinitésimales de la 
composition. En tenant compte de la tension superficielle et de lénergie élastique, on trouve que pour des 
solides isotropes infinis et exempts d’imperfections, la décomposition spinodale indique la limite de métastabi- 
lité aux fluctuations considérées seulement dans le cas ot il n’intervient pas de modification du volume molaire 
avec la composition. Autrement, l’énergie élastique résultant d’une fluctuation stabilise la solution e ‘modifie 
le critire de la limite de métastabilité. L’auteur discute de la cinétique de la décomposition dans le cas d’une 
déduit la dimension moyenne de la particule ou de la longueur d’onde associée 


solution instable et il en 


a la fluctuation la plus rapide. 


UBER DIE UMSETZUNG AN DER SPINODALEN 


Die Stabilitat festen Lésung gegeniiber allen infinitesimalen Schwankungen der Zusammensetzung 
wird betrachtet, dabei werden Oberflachenspannung und elastische Energie mit beriicksichtigt 
daB im unendlichen, isotropen und fehlerfreien Festkérper die Spinodale nur dann die Grenze der Metasta- 
bilitat beziiglich solchen Schwankungen darstellt, wenn sich das molare Volumen mit der Zusammensetzung 
nicht andert. Andernfalls stabilisiert die mit der Schwankung verkniipfte elastische Energie die Lésung und 


verandert die Bedingungen fiir die Grenze der Metastabilitat. Fiir eine instabile L6sung wird die Kinetik der 


einer 
Es wird gezeigt, 


Umsetzung diskutiert und die zu erwartende mittlere Teilchengr6Be oder die Wellenlange der am schnellsten 


wachsenden Schwankung abgeleitet. 


1. INTRODUCTION with increasing density of that component. For 


a two component fluid this condition is equivalent 


In his classic treatment of stability of phases, 


Gibbs” separated into two categories the infini- 
tesimal changes to which a metastable phase must 
be resistant. One is a change that is infinitesimal 
in degree but large in extent, as exemplified by a small 
composition fluctuation spread over a large volume. 
If a phase is unstable to such a fluctuation, then 
barrier (other than a one) 
stable 


conditions 


there is no diffusional 


continuous transformation to a more 


Gibbs 


necessary for 


to a 


phase. formulated the general 


this type of instability. Specifically 


he showed that a necessary condition for stability 
for a fluid phase to such a fluctuation be that the 


chemical potential of each component increase 


*Received February 9, 1961. 
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to | 0 where G is the Gibbs free energy 
( Cc 

per mole of solution and c the composition. On 

a binary phase diagram the boundary of the unstable 


G 
0 and 


region is defined by the locus of | - 


is usually but inappropriately called the spinodal. 
This condition for instability can be traced conti- 
nuously to Gibbs’ original work, and initially received 
much attention in Germany after a German transla- 
tion by Ostwald of 
in 1891, although reference to Gibbs was rarely made. 


Gibbs’ paper was published 


In recent years there have been a number of wor- 


kers who have extended Gibbs’ concept of the spi- 


nodal to solid solutions’*~*’ without clear proof 


that it continues to be valid. It is the purpose of the 


present paper to explore its validity. 


| 
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[he other changes considered by Gibbs are those 
which are large in degree but small in extent, an 


example being that of an infinitesimal droplet of 


material with properties approaching those of the 
more stable phase. This has given rise to the well- 
nucleation theory. The two cate- 


known classical 


gories have apparently led to two irreconcilable 
schools, although they were clearly compatible to 
that the 


Gibbs. Recently it has been shown‘? 
mechanism of nucleation approaches the mechanism 
of spinodal decomposition continuously as_ the 
spinodal is approached. 

The main controversy revolved around the apparent 
neglect of surface tension in the theories of spinodal 
The 
is in the fact that within the spinodal the solution 


form 


decomposition. answer to this controversy 


is not unstable to fluctuations which small 
droplets, but unstable to long range fluctuations, 
which are sufficiently large in extent that the surface 
tension contributions are always smaller than the 
paper 


fact, considers the kinetics of decom- 


volume contributions. In a_ recent 
Hillert, in 


position within the spinodal of a regular solution 


energy 


with near neighbor interactions only, taking inci- 
pient surface tension into account, and in the present 
paper Hillert’s treatment will be extended to three 
dimensional isotropic solids and generalized to any 
type of solution free from structural imperfections 


that give rise to long range elastic fields. 


2. THE SPINODAL CONCEPT 
(a) Incompressible isotropic binary solution of constant 
molar volume 
It will be simpler first to consider an isotropic 
solution free from which 


solid imperfections in 


the molar volume is independent of both composition 
and pressure. For such a material it is possible“? 


to write the total Helmholz free energy as 


F zx(\/c] dV, (1) 


where f’(c) is the Helmholz free energy of a unit 
volume of homogeneous material of composition 
c and x(\/c)’ is the first term of an expansion repre- 
senting the increase in free energy due to introducing 
a gradient of composition. The second term gives 
rise to surface tension. Since we shall be concerned 
with testing the stability of an initially homogeneous 
infinitesimal fluctuations 


solution to composition 


the gradients will also be infinitesimal and the second 


term will be completely sufficient to describe the 
contribution from the incipient ‘surfaces’ (between 
regions differing in composition). Higher 
gradient energy will be negligible, 
at very large gradients. 

We may also expand /’(c) about the average 


order 


terms except 


composition c, 


=f (eo) + Ce 


The difference in free per unit volume 


between the initial homogeneous 


energy 
solution and one 


with a composition given by 


(3) 


If this is negative, then the solution is unstable with 


respect to sinusoidal fluctuations of wavelength 
2x/f. Both terms are quadratic in the amplitude, 
stability independent 


of amplitude. 


so the criterion is initially 

We shall assume x to be positive; otherwise we 
would have negative surface tension, and no stability 
With 0 the 


solution is stable with respect to infinitesimal sinusoi- 


even outside the spinodal. 


dal fluctuations of all wavelengths. With 0?f"/¢c? < 0 
the solution is unstable with respect to infinitesimal 
sinusoidal fluctuations of wavelengths greater than 
where 

2x (5) 


This concept was first given by Hillert’’, and shows 
that as the spinodal is approached the critical wave- 
length approaches infinity. The effect of incipient 
surface tension is to disallow the solution to decompose 
on too small a scale. 

Now consider an arbitrary composition fluctu- 
ation. It can always be described by its Fourier 
components and, because of their orthogonality, 
the total change of free energy is the sum (or integral) 
of the free energy change accompanying each Fourier 
component. It is therefore sufficient to consider 
only the individual sinusoidal fluctuations in testing 


for stability to infinitesimal composition fluctuations; 
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if it is stable to all of these individually, it is stable 


to all infinitesimal fluctuations. If it is unstable 
to any of these it is obviously unstable, since we have 
taken surface tension into account. 

For an infinite system, the limit of instability 
corresponds to the spinodal; for a finite system, 
neglecting changes in its exterior surface the spinodal 
curve take 


fact that # can not be zero. Instability occurs ap- 


is to be modified to into account the 


proximately for a value of 


0c?) (6) 


(e*f° 


where L is the largest linear dimension of the system. 
Since x is of the order of x7.N!* where T, is the cri- 
tical temperature and N, the number of atoms in 
a unit volume, this is a negligibly small correction 
except for very small systems. 

It may be worthwhile to point out that equation 
(1) requires some sort of smoothing process and 
fluctuations its 


this 


wavelength 
doubtful. 


application we have a short wavelength cut-off to 


that for really short 


meaning would be Happily in 
the fluctuations of interest, because of the gradient 


energy term. 


(b) /sotropic binary solid solution free from imper- 
Sections 

In the previous section we considered a solution 
of constant molar volume. As a result, composition 
fluctuations were not accompanied by strains. In 
this section allowance for strain energy will be made. 
In order to do this we will require that f’(c) be the 
Helmholz free energy of 1/V, moles of stress free 
homogenous material where V, is the molar volume 
of material of composition c,. It therefore is directly 
proportional to the free energy usually measured, 
except for a pressure term, which is negligible at 
one atmosphere. It is also the free energy needed 
to describe the equilibrium of two incoherent phases. 
If we consider a long range infinitesimal composition 
fluctuation in a perfect crystal there will be coherency 
Strains if the molar volume is a function of composi- 
tion. This will introduce additional energy. Because 
we are considering infinitesimal fluctuations only 
we may neglect the effect of spontaneously created 
dislocations in modifying the strain energy of the 
such dislocations would require 


fluctuation, since 


a finite energy. 


DECOMPOSITION 


Let us as before consider a fluctuation described 
by equation (3) in an isotropic material in which 


small (c—c,) is 


the stress free molar volume for % 


given by 


)) 3 17, COs Px), 


V(c) V(1 34 (C—Cy 


and the stress free strain is a pure dilatation, # being 
the linear expansion per unit composition change 
The components of total strain resulting from this 


composition fluctuation are 


The elastic strain is the difference between the total 


strain and the stress free strain and is 


where EF is Young’s Modulus for the average composi- 
of E 


only in higher order terms. The 


tion. The variation with composition enters 


local elastic strain 


energy per unit volume is thus 


(10) 


and the average elastic energy per unit volume Is 


(0,,¢ 


which is independent of the wavelength. 
It is possible to derive the elastic energy of an 


arbitrary composition fluctuation. By Fourier ana- 


lysing the composition, finding the elastic energy 


of each Fourier component and noting that the 


components do not interact, one obtains that the 


total 
with an arbitrary composition fluctuation Is 


elastic energy of an infinite isotropic solid 
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(11) 


where 


Cy)*dV. 


The elastic energy depends only on the integrated 
square deviation from the average composition 
and is independent of the other details of the fluctu- 
ation. Thus instead of equation (1) we have 
F = (c — + (12) 
| y 
\ 
We have taken our co-ordinate system as imbedded 
in the original undistorted lattice. A unit volume 
in that co-ordinate system always contains 1/V, 
moles. It was for this reason that the quantity f° 
was defined as it was. The difference in free energy 
per unit volume between the initially homogeneous 
solution and one with a composition fluctuation 
given by equation (3) is 


As before, if this is negative then the solution is 
fluctuations 


(13) 


unstable with respect to sinusoidal 


of wavelength 27//. Again all terms are quadratic 
in amplitude, so that the stability criterion is initially 
independent of amplitude. We find that the solution 
stable to 
inside the spinodal until 


0c* | y 


should remain infinitesimal fluctuations 


472 
E 


rhe limit of stability is given by the locus of 
(14) 


This condition reduces to the spinodal if » = 0. 
In order to estimate the magnitude of the change 
in the stability condition due to coherency strains, 
let us compute the distance on a phase diagram 
between the spinodal and the stability condition 
for several systems; Au-Ni for which 7 is large 
Al-Zn and Au-Pt for 


us express the difference as an undercooling below 


and which » is small. Let 


the critical point for a material of the critical compo- 
sition. For this approximately 
0c? | 


4k(T — T,)N,,. 


1961 


is at 7 


The spinodal .; instability sets in at 


2(1 — v)kNy 


(15) 


Thus coherency stress will stabilize a solid solution 


against infinitesimal composition fluctuations for 


TABLE | 


System 


0.0257 
0.038 
0.15 


Al-Zn 
Au-—Pt 
Au-Ni 


a large undercooling below the spinodal. The pheno- 
menon is clearly consistent with the great stability 
which Au—Ni exhibits to decomposition. Precipitation 
at higher temperatures is clearly cellular. For all 
compositions in the two phase field the solid solution 
remains unchanged until the cell front passes, 
which is not what is expected if the solution were 


unstable. 
(c) The effect of the free surface 


In the infinite solid the total strain normal to the 
sinusoidal fluctuations has to be zero. In the vicinity 
of a free surface this need not be and some reduction 
of the elastic energy is to be expected. In addition 
a certain amount of interaction between Fourier 
components will occur. The extreme of this is for 
a finite solid with a constant composition gradient 
across it. For such a solid there is no elastic energy 
whatsoever. Thus a finite solid free from imperfec- 
unstable at the spinodal to such 


a composition fluctuation involving the whole crystal 


tions becomes 
if we neglect gradient energy and changes in surface 
tension due to composition changes at the free 


surfaces. 


(d) The effect of imperfections 

The effect on the stress field of various imperfec- 
tions will be such as to give rise to ‘‘atmospheres”’ 
in which the composition is so altered as to reduce 


the elastic energy. At certain critical compositions 


some imperfections give rise to atmospheres which will 
grow without limit, and it is highly unlikely that 
these compositions will be closely related to the 


spinodal. 
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3. KINETICS OF DECOMPOSITION WITHIN THE 
SPINODAL 


Hillert’” has treated the kinetics of spinodal 


decomposition by considering a diffusion equation 
in which the thermodynamic factors are included. 
Because the chemical potential decreases with increasing 
concentration of that component within the spinodal, 
the direction of the diffusive flux must correspond 
to a negative diffusion coefficient. In addition the 
diffusion 


reflecting the 


must contain a 


thermodynamic 


equation higher order 


term contributions 
of the gradient energy term. This will, for example, 
express the fact that in an equilibrium two phase 
mixture, composition gradients can exist at inter- 
faces without a corresponding flux. 
Because of the complexity of his formulation, 
Hillert had to constrain his composition fluctuation 
to those in which all composition gradients were 
along a given crystallographic direction, that is, 
normal to lattice planes of constant composition. 
In this paper, this artificial constraint on the gradients 
will be and introduced. 
By limiting ourselves to the initial stages of decompo- 
sition, it will be possible to get an analytic expression 
for the rate of growth and form of the composition 
fluctuation, Hillert’s 
method. On the other hand the present treatment 


removed, elastic energy 


which was not possible in 
does not lend itself as readily to the consideration 
of the later stages of spinodal decomposition. In 
a homogeneous alloy the quantity (0f’/0c) is pro- 
portional to the difference in the chemical potential 
of the two components, since it is the change in free 
energy when we replace some of one component 
by another. In the presence of a gradient, if we 
make a local change in composition we also change 
the local gradient. The 
to (cf’/Cc) and proportional to the chemical potential 


quantity, corresponding 


difference, is called the variational derivative. Consider 
a variation in composition 


OF fi 
| Ware 
\ 
(16) 


2x\/c O(\ dv . 


After integrating the last term by parts this becomes 


of” 277E 
OF (c Co) 
0c l—y 


DECOMPOSITION 


2x bea (17) 
The quantity in brackets is the change in free energy 
due to a local change of composition 6c. We may 
now define a positive quantity M such that the net 
flux of B atoms is given by 


of’ 


M grad | 


If we confine our interest to the initial stages of 


spinodal decomposition we may neglect all terms 
not linear in ¢ and obtain 


2Mx\/! (18) 


M [(0*f?/0c*) 
interdiffusion 


(2n2E/1 — v)] is 


coefficient 


The quantity now 


identified with the and 


(— Mx) is the thermodynamic correction factor for 


incipient surfaces. Note that the coherency strains 
have altered the usual thermodynamic factor ap- 
pearing in the diffusion coefficient. 


Equation (18) has one serious fault for small 


fluctuations, and that is that it can not possibly 


describe nucleation. It describes a system whose 


free energy decreases monotomically by a diffusion 


process, and therefore does not permit the small 


but finite 
Equation (18) has a general solution of the form 


excursions necessary for nucleation. 


(19) 


A(B,1)cosB 


where A(B,f) obeys the differential equation 
2 Mx f 


and therefore 


A(8,t) = A(B,9) exp[R(B)’), 


where 
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Comparison with equation (13) shows that the kinetic 
amplification factor R is negative when the solution 
is stable to that fluctuation. It is zero for /. and 
positive for longer wavelengths and has a maximum 
at exactly y2 times the critical wavelength. 

solution within the 


Consider an homogeneous 


spinodal. It will have initially a certain amount of 


fluctuation from the average composition which 


may be written as a Fourier integral 
r) dB. 


c(r,0) A(p,9) exp (iB 


Each Fourier component of that fluctuation will 


grow or diminish according to its wavelength and 


at any later stage 


{ A(B.0) exp [R(B) 7 


ig - r)dg. (21) 


Wwave- 


length, those components of the fluctuation with y 2 


Because of the maximum in Ras a function of 


times the critical wavelength will grow fastest and will 
dominate. This principle of selective amplification 
depends on the initial presence of these wavelengths 
but does not critically depend on their exact amplitude 
relative to other wavelengths if the time f¢ is large 
compared with 1/R(f./} 2). It does not depend on 


any additional assumptions, since different wave- 
lengths can coexist and do not interfere with one 
another. 

We can not say much about the actual 
spinodal decomposition, except to place an upper 


limit on it. 


dina 
dt 


where « is defined in equation (10). The quantity 
dina/dt will be greatest when the fluctuation is sinu- 
soidal with wavelength 2) 2x/fc. Since it will approach 
zero as the limit of metastability is reached, it is 
unlikely that this mechanism of spinodal decomposition 
will be 


for it is too slow there, and long before it will have 


observed near the limit of metastability; 
a chance, ordinary nucleation and growth resulting 
from finite fluctuations not permitted by equation 
(18) taken 
the unstable region when the critical wavelength 


will have over. However, well inside 


has become small, this spinodal mechanism may be 


the observed one. 


rate of 


1961 


4. DISCUSSION 


We have seen that the concept of a region in the 
phase diagram in which the solution is unstable 
to infinitesimal fluctuations is unaltered by the 
introduction of surface tension and elastic energy. 
However, the details are altered. Surface tension 
prevents decomposition of the solution on too fine 
a scale, without altering the criterion for stability. 
Elastic energy alters the criterion itself. 

We have examined only infinitesimal fluctuations. 
For these, the treatment of the elastic energy and 
incipient surface free energy is exact. By considering 
the rate of growth of the fluctuations it was possible 
to make some prediction about the nature of the 
finite fluctuations resulting from the infinitesimal 
ones. To treat the problem more fully requires the 
introduction of higher order terms, particularly 
in the free energy expansion, so that the fluctuation 
will cease growing when equilibrium is_ reached. 
This was done in one dimension by Hillert. It is 
hoped that the interparticle distance or wavelength 
expected from considering the initial stages of decom- 
position will persist at least until the stage of coalescen- 
ce when larger particles will grow at the expense 
of smaller ones. 

There is no nucleation barrier when the solution 
is unstable to infinitesimal fluctuations, but that 
does not mean that decomposition will proceed by 
Within the part 
sufficiently near the limit 
be slower 


a spinodal mechanism. unstable 
of the phase diagram, 
will 


of metastability such a mechanism 


than a nucleation and growth mechanism whose 
rate need not vanish at the limit. Thus the expected 
change of mechanism will not be observed at the 
spinodal in solids for two reasons: 

(1) Elastic 
the limit of metastability. 

(2) The rate of the spinodal mechanism is initially 


change the criterion for 


energy will 


too slow to compete with a nucleation and growth 


mechanism. 
These two factors are most serious near the critical 
decomposition should 


temperature, spinodal 


not be observed there. At lower temperatures the 


spinodal curve is not sufficiently well known to permit 


a clear test of the shift, except when the predicted 
shift is very large as it is in the Au—Ni system. In 


fact nothing which could possibly be interpreted 


as spinodal decomposition has been reported at 


high temperatures for Au-Ni. Even for Al-Zn it 
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has been reported that the solid solution undercools 
by about 10°C in the vicinity of the critical temper- 
ature."” Presumably at only 10°C  undercooling 
it decomposes by a nucleation and growth mechanism. 

How does one experimentally distinguish between 
a spinodal and a nucleation and growth mechanism? 
For much of the decomposition attributed to the 
spinodal it has been possible to show that it was 
clearly nucleation and growth since decomposition 
started at a few nucleation centers and spread from 
there."!) The problem is much more subtle when 
there is apparently easy and copious volume nuclea- 
tion, especially to phases intermediate in composition. 
True 


following properties. 


spinodal decomposition should possess the 


(1) It should occur everywhere within a sample, 


except that near a structural imperfection the rate 


or mechanism may be different. 

(2) The amplitude of 
should grow continuously until a metastable equili- 
brium is reached with a preferential amplification 


composition fluctuations 


of certain wavelength components. The investiga- 


tions on spinodal decomposition®~* in systems 


in which side bands appear, have shown these criteria 
Whether there are other 


are satisfied. mechanisms 


which give rise to similar behaviour but which do 


not rely on instability to infinitesimal composition 


fluctuations remains to be seen. 
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THE PLASTIC DEFORMATION OF BICRYSTALS OF F.C. C. METALS * 


J. J. HAUSER+ and B. CHALMERS} 

An analysis is given of the conditions that govern the compatibility of the deformation of the two crystals 
of a bicrystal and the interaction of adjacent crystals is discussed in terms of macroscopic and microscopic 
effects. A technique is described for the production of bicrystals and for the preparation of a new type of 
bicrystal in which one crystal totally surrounds the other: also a technique for the preparation of specimens 
of silver consisting of a single crystal surrounded by a layer of polycrystalline metal. The results of tensile 
tests On such specimens are reported and discussed in terms of the conditions of microscopic and macroscopic 


compatibility. 
DE BICRISTAUX DE METAUX C.F.C. 


gouvernent la compatibilité de déformation des deux cristaux 


DEFORMATION PLASTIQUE 


Les auteurs analysent les conditions qui 
qui constituent un bicristal, et discutent les effets macroscopiques et microscopiques de l’interaction de cristaux 
adjacents. Ils décrivent une technique de préparation des bicristaux, une technique de préparation d’un nou- 
veau type de bicristal dans lequel l'un des cristaux entoure entiérement l’autre, ainsi qu’une technique de 
préparation d’éprouvettes d’argent comportant un monocristal entouré par une couche de métal polycristallin. 
Les auteurs donnent des résultats d’essais de traction exécutés sur de tels échantillons et discutent les conditions 
de compatibilité microscopique et macroscopique, telles qu’elles apparaissent a partir de ces essais. 
DIE PLASTISCHE VERFORMUNG VON BIKRISTALLEN AUS K.F.Z. METALLEN 

Die Bedingungen, welche die Kompatibilitat der Verformung eines Bikristalls gewahrleisten werden analy- 
siert und die Wechselwirkung benachbarter Kristalle wird mit Hilfe von makroskopischen und mikroskopi- 
schen Effekten diskutiert. Ein Verfahren zur Herstellung von Bikristallen und zur Préparation eines neuen Typs 
von Bikristallen, bei dem der eine Kristall den anderen vollkommen umgibt, wird beschrieben, ferner wird 
ein Verfahren zur Herstellung von Silberproben beschrieben, welche aus einem Einkristall bestehen, der voll- 
kommen von einer Schicht polykristallinen Materials umgeben ist. Die Ergebnisse von Zugversuchen an solchen 
Proben werden mitgeteilt und an Hand der Bedingungen fiir makroskopische und mikroskopische Kompati- 


bilitat besprochen. 


1. INTRODUCTION croscopic compatibility” as a necessary condition 


The effects of crystal boundaries on plastic deforma- for the deformation of a biscrystal. This is the re- 


quirement that the two crystals deform identically 


have been the subiect of numerous investiga- 


11) 


tion 
in respect to those components of strain that control 


It 
that the application of this criterion led 


tions.” Most of the experimental studies have been 


the deformation of the boundary plane. was 


(10) 


concerned with the comparison between the behavior 


of a single crystal with that of a specimen consisting Shown 


of two crystals and one boundary that is, a bicry- 0 the prediction of secondary slip near the bound- 
stal. The earlier experiments"?4°.) were mainly res- TY under stress conditions that would cause only 
tricted to establishing the existence of an effect primary slip in the single crystal. 
the 
various parameters such as orientation and size. In 


attempts 


and to semi-quantative studies of effects of One objective of these studies has been the pre- 


diction of the stress-strain behavior of polycrystals 
in terms of the properties of single crystals. The 


the more recent experiments: were 


made to examine the effect in terms of the disloca- bicrystal consisting of two rectangular single crystals 


tion mechanism of plastic deformation. This earlier 
work led to the formulation of the concept of “ma- 
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with a planar boundary is only the first step from 
the single crystal to the polycrystal; the interaction 
at the single planar boundary is less severe than for 


the crystals of the polycrystal, where each surface 


of each crystal is expected to demand compatible 
deformation. For this reason, two further stages to- 
wards the polycrystal have been studied; these are 


Vol. 9 
1961 


HAUSER anp CHALMERS: THE 


(1) bicrystals in which one crystal is totally sur- 
rounded by the other crystal; 

(2) specimens in which a single crystal is totally 
surrounded by a thin layer of polycrystalline 
metal. 


2. THEORY OF GRAIN BOUNDARY EFFECTS 


2.1 Cases of compatibility 

Consider the bicrystal described in Fig. 1, with 
the three orthogonal axes x, y, z, such that y is nor- 
mal to the grain boundary, x is in the boundary and 
z is the axis of the specimen but not necessarily the 


tension axis. It will be assumed that the single crystals 


Fic. 1. Conventional bicrystal. 


A and B are oriented in such a manner that the resol- 
ved shear stress is greater on one slip plane than on 
any other. The point of interest is to find how the 
boundary perturbs the deformation of the single 
crystals. It will be assumed during this analysis that 
slip can be regarded as homogeneous shear deforma- 
tion and the microscopic inhomogeneities that can 
arise at the grain boundary will be ignored. The 
deformation of the bicrystal can be described in terms 
of the six strain components: ¢,,, &,,, €.,€,,, €,, and 
e.,. The stress situation will not be considered for the 
moment, and consequently the analysis is similar to 
the one used by Taylor for the polycrystalline mate- 
rial.) 
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If crystal A shears by an amount s4, on its primary 
slip system, the strain components mentioned above, 
can be expressed in terms of s#. If it is further assumed 
that sj is small, and second order terms in s4 can be 
ignored, then the strain components are simply pro- 
portional to s}. The three strain components of impor- 
tance at the grain boundary are related to s# as fol- 
lows: 
= m4, 
If e is a unit vector normal to the slip plane, g a unit 
vector parallel to the slip direction, the three geo- 


4 


metrical factors mj, n4, p{ are defined by the fol- 


lowing relations 


m4 (z.e)(z.g) nj = (x.e)(x.g) 


Pi [(z.e)(x.g) + (x. e)(z.g)] (2) 


where z for example, represents a unit vector along 
the z axis. If single crystal A deforms on N slip sys- 
tems by shearing by a small amount s4 on each one 


of them, then 


Pisi- 
The presence of the boundary requires continuity of 


strain across it, which can be represented by the 


relations: 


(4) 


If crystal B deforms by a small amount s® on its pri- 
mary slip system a relation similar to expression (1) 
can be written for crystal B. Substituting (1) and the 


similar expression for B into relation (4) yields 


Where c and < | does not imply isoaxiality 


because the tensile axis does not necessarily lie along 
the z axis. However, if the bicrystal is isoaxial and 
the tensile axis is along the z axis, then the m factor 
defined by relation (2) is intendical to the Schmid 
factor, and for such a bicrystal = and « 


A compatible bicrystal satisfies the conditions 


(4), and deforms on two slip systems, one system in 


each single crystal. A bicrystal which does not satisfy 


= 
ol. 9 
| 
| A B sé 
eA > nA (3) 
\ 
| 
/ 

| / 


804 ACTA METALLURGICA, VOL. 9, 


these relations is called incompatible. As expression 
(4) represents three independent relations and in 
addition there exists a fourth relation fixing the value 


of ¢.. (if the tensile axis is assumed to be along the z 


axis), the most incompatible bicrystal will therefore, 


in general, deform on a total of four slip systems. 
These four slip systems can be distributed in such a 
way that there is one slip system in A and three in B 
or vice versa, or two in A and two in B. 

As the compatible bicrystals, from a macroscopic 
point of view, should have the same stress-strain 
curve as the component single crystals, it is of inter- 
est to know all the types of compatible bicrystals. 

For each single crystal, e and g refer to the pri- 
mary slip system. By inspection of the relations, (2) 
it is obvious that y can be changed into -y, or e into 
g without altering any of the relations. Thus if cry- 
stal B is obtained from crystal A by one of these 
operations, the result will be a compatible bicrystal 
(at least compatible at the onset of deformation be- 
fore appreciable lattice rotation has occurred). 


So far, 


However, it will be apparent that in certain special 


the tensile axis ¢ has not been specified. 


cases of compatibility the tensile axis can only have 
one specific orientation or at most can only vary with- 
in specified limits. Furthermore, for any compatible 
case satisfying the relations (5), the tensile axis must 
be such that the slip systems under consideration are 
really activated. Consequently, certain solutions which 
satisfy the relations (5) might be unacceptable because 
no tensile axis can be chosen that will activate that 
combination of slip systems. From another point of 
view, lattice rotation occurs during deformation. This 
gives rise to a group of bicrystals which shall be 
called transiently compatible. This group satifisies 
the relations (5) before deformation takes place, but 
subsequently as deformation takes place and lattice 
rotation ensues, the relations (5) are no longer satis- 
fied and the bicrystal becomes more and more 
incompatible. 

A symmetric bicrystal, in which single crystal B is 
the mirror image of single crystal A with respect to 
the grain boundary plane xz is compatible. As des- 
cribed by Schmid and Boas, after a tensile strain 
of e, the angle 2, between the tensile axis and the slip 
direction in a single crystal decreases to a value / 


given by 
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Consequently, the rate of rotation is 


tan A. (7) 


Therefore unless the tensile axis is in the grain bound- 


ary plane, 4, # A, and consequently w, ~@, and 
this is a case of transient compatibility. The same 
conclusion follows from the fact that in this sym- 
metric case, in relations (5) is unity, which, 


means that s{—s4. Thus the only type of symmetric 
bicrystal which is compatible is isoaxial; a non-iso- 
axial symmetric bicrystal is only transiently com- 
patible. 

A second case of compatibility arises when single 
crystal B is the mirror image of A with respect to the 
slip plane. Therefore, both A and B have the same 
slip plane and the same slip direction. This bicrystal 
has the lowest easy glide slope as demonstrated by 
Livingston’) because even the microscopic incom- 
patilibities, that will be discussed later, are minimized 
when the slip system is continuous across the grain 
boundary. This type of bicrystal will be called pseudo- 
identical because the two single crystals are indentical 
as far as the primary slip systems are concerned. Here 
again, the constant c in relations (5) is unity and 


Sy 


are continuous across the boundary, this does not 


s®; however, as the slip plane and slip direction 


restrict the position of the tensile axis. Thus in general, 
although c = 1, the pseudo-identical bicrystal is not 
isoaxial. 

Finally the two symmetry operations, one with 
respect to the grain boundary and one with respect 
to the slip plane can be combined to yield a pseudo- 
symmetrical bicrystal. This bicrystal is such that the 
primary slip systems of A and B are symmetrical with 
respect to the grain boundary but the lattices of A 
and B are not. As in the symmetric case, the tensile 
axis must lie in the grain boundary plane because 
c = 1. But, because of the symmetry operation with 
respect to the slip plane, this bicrystal is not neces- 
sarily isoaxial. 

The cases that will be considered now are special 
cases, in the sense that the boundary has been chosen 
in such a way that at least one of the three geometri- 
cal factors m, n or p be zero. The case where both m 
and n are zero is impossible as this would imply that 
no deformation at all is taking place. 

From the definition of c, it is obvious that if the 
cases of symmetry, pesudo-symmetry, pseudo-identity 
and the case where e and g are interchanged, are left 
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aside, c must in general be different from unity. It 
will now be shown that when c is different from unity, 
permanent compatibility can only be attained if the 
tensile axis is along the z axis. For a certain bicrystal 
m4 and mf? are fixed, and consequently c is fixed 
through relations (5). If the axis of tension is parallel 
to tandt+z 


and 
BR 1A a: 


where 


and m,® (t.e,,)(t g,). (10) 


(t.e,)(t g,) 


Thus, in general when t + z, mj4/m,;®~m;}/m?, if one 
ignores the special cases treated before, and the case 
where e and g are interchanged (which will be treated 
later), where 1. Therefore, after an infini- 
tesimal amount of deformation s?/s/—m’'}/m'? which 
is different from c = m;/m?, and consequently, this 
can be at best a case of transient compatibility. The 
analysis will therefore be pursued, assuming the ten- 


sile axis to be along the z axis. 
n=p=0 


The only solution is (x e) 


X X 


FiG. 2. Compatible bicrystal with n 


A compatible bicrystal of this type is shown in 
Fig. 2 for 0 < $2 < 90°. In 


OA 


general 1, ~0,, be- 
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cause 4 4, is the symmetric case treated before. 


The relations (5) for such a bicrystal become, 


(11) 


my cm, 0 c.0 0 c.0. 


The last two relations in (11) are satisfied regardless 
of the value of c and the first relation will be satisfied 


even during deformation. 


m 


This case can be obtained from the previous one 
by a simple interchange of z and x. However, as the 
tensile axis is assumed to be along the z axis, any case 


with m= 0 is impossible. 


X XxX 


Transiently compatible bicrystal with n — O (x.e) 


Fic. 3 


n Om 


n = O if either (x.e) = 0 or (x.g) = 0. If (x.e) = 0 


a bicrystal can be produced with single crystals of 


the type shown in Fig. 3 with 0 90°. For 


such a bicrystal the relations (5) become 


g C(Z.e,)(Z.8,) 


(12) 
(z.e.)(x.g-) 


Taking the ratio of the first and last relations in (12) 


one obtains the condition of compatibility: 


(z.@.)/(X.g.) = (Z.g,)/(X.g,). (13) 


Consequently, the locus of g, and g, is a plane going 


through the y axis and making the x-z plane an angle 
and 


tan! (z.g,)/(x.g,). In general when 4 


st = (8) 
m,4 m,® 
Cc (9) 
Z Z 
ol. 9 
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# y, this will be a case of transient compatibility. 


If n = 0 were obtained by (x. g) = 0, this case would 
only differ from the previous one by an interchange 
of e and g and consequently would yield the same 


result, namely: transiently compatible bicrystals. 
m=On 40 p #0 


[his case is impossible when the tensile axis is along 
the z axis. 
p=O0mF0n FD 


p , [(z. e)(x.g) + (z.g)(x.e)] = 0 


(14) 


therefore 


(Z. €)(X.g) — (Z.g)(xX.e). 


Definition (14) will be satisfied if e and g are at 45 
to the z axis that is for any isoaxial “0.5” bicrystal. 
For all bicrystals with p = 0, m?# = m? = } and con- 


sequently c= 1. 


X X 


Fic. 4. Transiently compatible bicrystal with p = 0. 


In conformity with Livingston’s notation let the angle 
between the e-g plane and the x-z plane be called 
rotate to- 


4. As deformation takes place g, 


and g, 
wards the tensile axis and make an angle 2 # 45 
with the z axis. Then mj = m? = cos 24 sin 2. 


Thus 


Ip } cosA cos 0, —cos 0, (15) 


One of these cases is shown in Fig. 4. For this 
0 and An=0 
0. However, when de- 


bicrystal, as initially 2 = 45°, Am 
and from relation (15) Ap 
formation takes place, An and Am are still zero, but 
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Ip cos 2A and consequently this is a case of tran- 


sient compatibility. 

Livingston considered that as the bicrystals with 
0, = 0°, 6, = 180°, on one side and the bicrystal 
with 7, = —90°, 6, = 90° on the had 
the same 19 = 180°, the same m’s, the same An = 0 
but differed only in the 4m, which was two for the 


other side 


fir tbicrystal and zero for the second, the comparison 
of these bicrystals was an excellent test of the impor- 
tance of 4Aw,. However, the validity of this compari- 
son is debatable for the following reasons: first of 
0 the bicrystal is permanently 
lw, #0 the bicrystal is 


all, whenever 1, 
compatible and whenever 
transiently compatible only; furthermore, referring 
to formula (7) 


tan A cos 


Thus for A 


cos 2A 
Ip lw,. 


2 


(16) 


Consequently, the fact that for a given AQ, it is found 
that the higher 4m, the harder the bicrystal, could 
be explained by the fact that the higher 1w,, the 
higher Ap', and hence the faster the departure from 
compatibility. Although it is true that the lattice rota- 
tion is very small, and that consequently the departure 
from compatibility will also be very small, it is pos- 
sible that 1m, is only important through its effect 


in equation (16). 


40 


It is obvious, without any analysis, that in this 
most general case there is no permanently compa- 
tible bicrystal. Even when g,, g, and t were co- 
planar, and g, and g, made equal angles with t in 
the case p= 0, there is no permanently compatible 
bicrystal other than the four special cases mentioned 
before. A completely general analysis of the relations 
(5) is very lengthy and does not make any contri- 
bution. 

So far, the state of stress has not been mentioned 
at all, although it is quite possible that satisfactory 
solutions to relations (5) require an impossible state 
of stress. However, the stress analysis is very compli- 
cated and should be studied for each case separately. 
The only approach to the calculation of the state of 
stress is that of Budiansky,“® on very thin, plate-like 
bicrystals, but this method cannot yet be applied to 
the type of bicrystals used in this investigation. 
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2.2 Factors affecting the stress-strain curve of a 
bicrystal 

It has not been possible to establish a theory that 
would predict the stress-strain curve of a bicrystal 
from the stress-strain curves of its component single 
crystals. However, certain factors are found to be 
important in affecting the stress-strain curve of the 
bicrystal, and these factors can in certain cases help 
to predict the relative level of two or more bicrystals. 

The first factor of importance is the Schmid factors 
of the component single crystals as it controls the value 
of the resolved shear stress on the primary and the 


secondary slip systems. This makes the analysis of 


a non-isoaxial bicrystal very hard as the two com- 
ponent single crystals different 
stress-strain curves. The resolved shear stress on the 


have completely 
secondary slip systems is very important, because no 
matter what mechanism prevails in the bicrystal de- 
formation, it is only necessary to raise the shear stress 
from the tensile resolved shear stress up to the cri- 
tical resolved shear stress to make that secondary 
system operative. 

The comparison of an isoaxial bicrystal with its 
component single crystals can be ambiguous too, 
because of the size effects encountered with single 
crystals. Gilman“ and Livingston” chose to com- 
pare their bicrystals with single crystals of the same 
cross-sectional shape. Livingston justified this com- 
parison on the basis that the difference between the 
single crystal curves could be due to grip constraints. 
However, the grip effect discussed by Jackson and 
Hauser" is zero for the 0.5 orientation, and the 
grip effect due to lattice rotation could be less for a 
bicrystal than for a single crystal of the same cross 
section. Therefore, it might be better to compare the 
bicrystals with single crystals that have the same 
geometry as those composing the bicrystal. 

The most important factor controlling the stress 
strain curve of a bicrystal is its degree of compati- 
bility which is represented by the relations (5). Actual- 
ly, if the bicrystal is incompatible, its stress-strain 
curve will depend on the solutions of equations (4). 

When the incompatibility is of a macroscopic na- 
ture, the multiple slip layer can extend up to two or 
three millimeters. The volume of bicrystal affected 
by this multiple slip layer will affect the level of the 
stress-strain curve in a proportional manner. When 
the incompatible bicrystal deforms on its two primary 
slip systems, very high elastic stresses are built up at 
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the grain boundary. In order to relieve these very 
high stresses, secondary slip systems are activated. 
Single crystal A of bicrystal A—B is assumed to have 
the same resolved shear stress due to tension as it 
would have if it were to be pulled in tension separa- 
tely on each of its slip systems. In addition, single 
crystal B superimposes on single crystal A the shear 
taking place on its primary slip system. This means 
that the extensions of the slip planes of crystal B in 
crystal A have a shear which is the continuation of 
the applied shear on the primary slip planes in B. 
This from the 
boundary in a manner which is controlled by the rela- 


“transferred” shear decreases away 
tive sizes of the neighboring single crystals and the 
degree of incompatibility. The superimposed shear 
of crystal B on crystal A can be resolved on all the 
systems of crystal A. If P is the shear on the primary 
system (e,,g,) of crystal B, the resolved shear P, on 
system (e,g,) of crystal A is 

P,= PN, = P{(e,- e)(g,-g,) + (17) 
Similarly the shear on the primary system of A can 
be superimposed on crystal B by the use of N,,. As 
the transferred shear is produced by the action of 
one crystal on its neighbor, such macroscopic con- 
sideration will not lead to a grain size effect in poly- 
crystals. 

Therefore, although secondary slip systems can 
be predicted by the N,, factors, the major effect on 
the stress-strain curve is obtained by checking how 
well the slip systems satisfy the relations (4), Le. 
how well these slip systems help to maintain the conti- 
nuity of strain across the grain boundary. 

Another important consideration is the type of 
secondary slip system that is activated, and the type 
of dislocation reaction that it makes with the primary 
slip system. If, because of grain boundary interac- 
tion, a system forming Cottrell-Lomer locks with 
the primary system is generated, this will shorten easy 
glide considerably and lead to a very high stress 
strain curve. For a given type of secondary slip sys- 
tem, the amount of secondary slip relative to primary 
slip will also be of importance as it is a measure of 


the amount of interaction. If in the vicinity of the 


grain boundary, the conditions are such that the se- 


condary slip system is activated so strongly as to 
obliterate the primary slip system, this will produce 


a weak interaction, because the secondary slip sys- 
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tem has no primary slip system with which to in- 
teract. 

These various factors were applied successfully 
to the isoaxial bicrystals investigated by Livingston. 
with and 
and @, 90 
Consequently the 


For example the bicrystal 
45 


have the 


and the one with #, — 45 


both of 45 


\., factors are the same for both and predict secon- 


same 


dary slip in B only. However, the solution of (4) 
requires no secondary slip in A for the first bicrystal 
but requires secondary slip in A for the second bi- 
crystal. Therefore, the second bicrystal should be 
harder than the first because the compatibility require- 
ments are not satisfied. This is in agreement with 
experiment. The relative stress level of other bicrystal 
in the same 


stress-strain curves can be rationalized 


manner. 


+ 


3. Microscopic considerations 


So far it has been established that when a bicrystal 
is incompatible, i.c. when its primary slip systems 
do not satisfy the relations (5), an additional number 
of slip systems must be introduced. Livingston pro- 
posed, as a model for the selection of these slip sys- 
tems, the stress concentration arising ahead of dis- 
locations “piling-up” at the grain boundary. Frank"? 
has pointed out that the stress concentration can be 
intense enough to activate sources in the neighboring 
crystal. However, aluminum or silver are not ma- 
terials displaying a yield point and consequently the 
Same stress is necessary to activate sources as to keep 
dislocations moving. Therefore, if the resolved shear 
stress was only large enough over the extent of a 
source, i.e. over the distances of the order of microns 
as was assumed by Livingston, the slip bands should 
only extend for a few microns. However, slip bands 


+ 


of the order of 0.1 mm to as much as 3 mm have 


been observed. Therefore, the stress concentration 
must raise the resolved shear stress on a secondary 
slip system above the critical resolved shear stress 
over such large distances, for dislocation pile-ups 
to be responsible for secondary slip system activation. 

At the very beginning of plastic deformation, the 
slip bands in each individual crystal of the bicrystal 
are well separated and therefore it is possible to 
consider each pile-up separately. The boundary can 
act as an effective obstacle to moving dislocations. 
Therefore, in this stage, it is possible to assume, 


in agreement with Livingston’s hypothesis, that the 
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pile-up leads to an effective shear stress acting in a 
plane parallel to the slip plane of the piled up dis- 
locations and in a direction parallel to their slip 
direction. The resulting resolved shear stresses P, in 
crystal A on the various possible slip systems is 
given in terms of the shear stress P due to the dis- 
locations piled up in crystal B by the same formula 
(17) 


shear of B on crystal A. 


which gave the result of superimposing the 


In the isoaxial bicrystals studied by Livingston,” 
the secondary slip system predicted was always the 
one forming sessile jogs with the primary. The resolv- 
ed shear stress on such a system is only 6 per cent 


lower than on the primary. The stress concentration 


(L/x)?]: thus in the case of a “0.5 


factor is g = [I 


aluminium bicrystal where one wants the shear 


stress to be raised by 6 per cent for a distance x 
0.001 
cm. The number of dislocations that can be packed 


a Lok 


3 mm, the length of the slip band will be L 


into a length L of the slip plane is n 


where 


10° g/mm? 
2.8 x 10 


50 g/mm? 
therefore 


n 2 


and consequently, in the early stages of deformation, 
when slip bands are well apart, it is very easy to 
produce by stress concentration very long slip bands 
of secondary slip system. 

been 
(19) 


This type of slip activation has actually 
observed in polycrystalline a-brass by Weinberg. 

However, as deformation proceeds, still during 
easy glide, the slip bands get very close, and it is 
not possible any longer to consider isolated pile-ups. 
Let the slip direction of a pile-up be the x axis, and 
the normal to the slip plane the y axis. A dislocation 
pile-up of n dislocations, with strength 6, can be 
considered at fairly large distances as a large dis- 
location of strength nb situated at the center of 
gravity of the pile-up. Therefore, many pile-ups 
on a boundary can be thought of as a vertical array 
of disclocations. The shear stress due to an edge 
dislocation with a Burgers vector along the x axis 


in the y= 0 slip plane is 


ub 
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If one considers an infinite wall of edge dislocations 
in the plane x = 0 separated by a distance h 


ub \ 


22 (1 


where 
Vn = y+ oh. 


This sum has been evaluated by Burgers'*) giving 


ub x (cosh 22x/h)(cos 2ay/h)— | 


sin? ay/h) 
(20) 


vy) 2(sinh?2 ax/h 


At large distances, when x >/, equation (20) becomes 


9 
“x 2; h) 


ub a 
4e cos2ay/h, 


vy) 


0 (21) 


Near one of the dislocations, where x < / and 


y < h equation (20) becomes identical to relation (18). 
When x is larger than /, the stress is given by rela- 
tion (21) and is very small because of the exponential 


fall-off. Therefore, when pile-ups occur, the stress 


concentration is only present next to the head of 


one pile-up for a distance comparable to the separation 
h of the slip bands, which is of the order of a few 
microns. But at larger distances, the stress concentra- 
tion produced by an individual pile-up is cancelled 
by the exponential decay. 

So far the discussion has been restricted to pile-ups 
of edge dislocations, but pile-ups of screw dislocations 
as well. The shear 


should be considered 


a screw dislocation lying along the z axis is 


ub 
(22) 


For an array of such dislocations, using the techniques 


of Burgers, one finds: 


ub 


ub sinh 2ax/h 


(23) 


2h cosh 22x/h—cos2ay/h 


Again when x < / and y < A equation (23) reduces 


to (22): but when x > A one finds 


ub 


2h 
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This from the found 


with edge dislocations. 


result is very different one 


The stress levels off at an 


asymptotic value, which in aluminium for A 


3 x 104 cm is equal to about 100 g/mm?. There- 
fore a single set of parallel screw dislocations will 
be unstable, because it produces a shear stress extend- 
ing much too farfrom the boundary. This is why 
a crossed grid of screw dislocations must be intro- 
duced so as to eliminate these long range stresses. 
Thus, as screw dislocations are not limited to one 
slip plane, they will move out of the slip plane to 
avoid the pile-up. 


Thus although at the very onset of deformation, 


dislocation pile-ups can activate a few fairly long 


but well separated slip bands of secondary slip, 
they cannot account for slip activation over a distance 
comparable with the separation of the slip bands, 
i.e. a few 

If a 


it can still be harder than its component single crystals 


microns. 


bicrystal is macroscopically compatible, 


because of microscopic incompatibilities. In order 


to have a bicrystal which is not only compatible 


if considered as a continuum, but compatible every- 
where, one would require a one to one correspondence 
of slip planes at the grain boundary. The lack of this 
1:1 correspondence represents one form of microscopic 


incompatibility. Furthermore, because of the dis- 


location pile-ups and the superimposition of shear 
of one crystal on the other, secondary slip can be 
produced, even in cases where the bicrystal is macro- 


scopically compatible and could therefore deform 


only on the primary slip systems. This secondary 


slip cannot exist in a pseudo-identical bicrystal. It 
can exist in a symmetric bicrystal, but as the bicrystal 


is symmetric even for the secondary slip systems, 


the effect will be negligible. However, when this 


secondary slip is present in a _ pseudosymmetric 


bicrystal, it destroys the compatibility of the bicrystal, 
because such a bicrystal is not compatible as far 


as its secondary slip systems are concerned. This 


explains why sometimes a pseudosymmetric bicrystal 


can be appreciably harder than the single crystals 


composing It. 
It is by no means certain that there is a grain size 


effect in f.c.c. metals. The observed effects in poly- 


crystals reported by many observers’? *" could 


be due to substructure or preferred orientation. 


If a true size effect exists, it could be explained by 


the presence of this microscopic multiple slip layer 


(19) 
(t+ 
961 
In (x2 + y*) 
(24) 


810 ACTA METALLURGICA, VOL. 9, 


of constant thickness, but not by the compatibility 


analysis. 
3. EXPERIMENTAL STUDY OF BICRYSTALS OF SILVER 
3.1 Experimental procedure 

All the single crystals used in this investigation 
had an axial orientation close to <210>, called the 
“0.5” orientation. This is the orientation for which 
the tensile axis is 45° from both the slip plane and 
the slip direction. The two orientations used can 
be described by a @ of 27° (type B) and of 72° (type A) 
where @ is the angle between the e-g plane and 
the x-z plane. Fig. 4 shows on the left the reference 
orientation # = 0°. The single crystals were grown 
from the melt in milled graphite boats at a rate 
of 8.6 mm/min under a helium atmosphere. The 
silver used in the experiment was 99.98 per cent pure. 
In order to obtain the proper cross-section, the 
free surface of any grown single crystal was machined 
by milling. The milling operation was carried out 
by taking off successively smaller amounts, starting 
at three thousandths and finishing at one thousandth, 
at a feed rate of 2 in/min. All the crystals had a length 
of 14cm and an approximate cross-section of | cm 

1 cm. Afterwards, the specimens were electro- 
polished in a solution of 9 per cent KCN in water 
and then annealed at 940°C +2°C in a helium at- 
mosphere for 24 hr and then furnace cooled over 
a period of 7 hr. The orientation of the specimen 
was determined within +-2° by the Laue back ref- 
lection method. 

The specimens were tested in a soft-type tensile 
machine (the load is prescribed) up to 3 
The increased continuously at 
approximately 30 g/mm?/min. The strain was measured 


per cent 


strain. stress was 
over a 5-cm gauge length with a mechanical exten- 
someter employing an optical lever. The strain and 
stress were measured with accuracies of +2 x 10° 
and +2 g/mm®*, respectively. The remainder of the 
stress-strain curve up to 20 per cent strain was obtained 
in a hard-type tensile machine (the strain rate is 
prescribed). The strain and the stress were measured 
in that machine with an accuracy of 2 per cent. 

Bicrystals were grown from the melt, using seeds 
of predetermined orientation in milled graphite 
boats. The graphite boats had a longitudinal pro- 
jection in the bottom, and another longitudinal 
projection in the cover, in order to prevent the bound- 


ary from wandering off the plane of symmetry. 
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A new technique was devised to produce the 


with a _ longitudinal boundary, which 


had only been grown from the melt. 


bicrystals 
previously 
Two single crystals about 14 cm long and with a cross 
section of ? in. x ,4. in. were sintered together 
on their widest faces. The sintering was accomplished 
in very accurately milled graphite boats. The differen- 
tial expansion of the graphite and the silver caused 
the crystals to be pressed together. Sintering was 
carried out at 940 +2°C, under a helium atmosphere 
for a period of about 70 hr. The sintered surfaces 
were the flat surfaces in contact with the sides of 
the graphite boat and required no special prepara- 
tion before sintering. 

The amount of compression necessary for satis- 


factory sintering was determined by trial and error, 


A 4 
Lay 
A A | 


Fic. 5. Totally surrounded bicrystal. 


as the expansion of the graphite is not very well 
known. Generally, it can be stated that the amount 
of compression should be large enough to bring 
the surfaces of the crystals into intimate contact, 
but not so large as to cause recrystallization to occur. 
After sintering, the specimens were always cooled 
in the furnace to avoid quenching stresses. As the 
sintering is never very good at the edges of the crystals, 
these bicrystals were machined by milling in order 
to remove the regions of poor sintering. 

By means of this sintering technique it was possible 
to produce a “totally surrounded bicrystal” in which 


— 
| 
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one crystal B is completely surrounded by the other 
crystal A. Such a bicrystal is shown in the exploded 
view of Fig. 5. Crystal B had a cross section of ,', 
in. X 3 in. and the two small adjoining A crystals 
had a cross section of | in. x 3 in. These three 
crystals made contact on the 3 in. wide faces. 
After sintering these three crystals, the resulting 
tricrystal was then milled to a width of } in. measured 
parallel to the boundaries. After electropolishing 
and annealing, the resulting tricrystal was then sin- 
tered onto the large crystals A shown in Fig. 5. 
These large A crystals had a cross section of } in. 
x | in. and were sintered on the previous tricrystal. 
The various A crystals shown in Fig. 5 form one 
continuous A crystal except for small misorientations. 

Composite crystals in which a single crystal 
is completely surrounded by a polycrystalline layer 
were obtained by surface recrystallization. The 
four faces of an annealed single crystal were milled, 
and an amount of approximately ten thousandths 
was removed on each side. This resulting crystal 
was then subjected to the usual annealing treatment, 
thereby producing a fine polycrystalline layer about 
eigth thousandths thick. 


3.2 Experimental results 


(a) Bicrystals. One single crystal was produced 


by sintering two identical single crystals, leaving 
a small misorientation of 2° or 3° at the grain boundary, 
Inside the bicrystal, about 90 per cent of the boundary 
is sintered. The rounded cavities left by the sin- 


tering process are shown in Figs. 6 and 7. 

The cross section of the totally surrounded 
bicrystal is shown after 20 per cent elongation in 
Fig. 8. One can observe the continuity of slip lines 
across the boundaries in Fig. 9. The boundaries 
revealed in Fig. 9 are boundaries of the type A-A 
and hence, are not real boundaries or at most they 
may be small-angle boundaries. 

The stress-strain curves for the various crystals 
investigated are shown up to 3 per cent elongation 
in Fig. 10 and up to 20 per cent elongation in Fig. 11. 
The two single crystals A and B have the same stress 
strain curve. The single crystal which was obtained 
by sintering two single crystals with a slight misori- 
entation, also has the same stress-strain curve as 
a regular single crystal. 

The major difference between the single crystals 
and the bicrystals occurs during the early stages 


(b) 


Fic. 6. Sintered boundary with cavities, 
21,6 as polished. 


Fic. 7. Sintered boundary with cavity, 
cent elongation. 


top 97, bottom 


<97, etched 20Zper 


(a) 
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Fic. 8. Cross section of totally surrounded bicrystal 
per cent elongation. 


* 


Fic. 9. Continuity of slip lines across boundaries of totally 
suttounded bicrystal, top «54, bottom x4.3 


of deformation i.e. during easy glide; during the 
later stages of deformation, the stress-strain curves 
for the single crystals and the bicrystals run appro- 
ximately parallel. The bicrystal which was obtained 
by the conventional technique of growing from 
the melt and the sintered bicrystal both have the 


same stress-strain curve. 


POLYCRYSTAL 


(100) 


TOTAL 
SURROUNDED 
CRYSTAL A-B> 
SINTERED — 
BICRYSTAL 
4-8 


STRESS gm/mm2 


SINGLE 
CRYSTAL 
TYPE A 


— SINGLE 
CRYSTAL 
TYPE 


SINTERED 
SINGLE 

CRYSTAL 

o5 10 15 20 


% STRAIN 


Fic. 10. Stress-strain curves up to 3 per cent elongation. 


The totally surrounded bicrystal has a_ higher 
stress-strain curve than the conventional bicrystals. 
There is as much difference between the stress-strain 
curves of the totally surrounded bicrystal and the 
planar bicrystal, as there is between the bicrystal 
and the single crystal. In the later stages of deformation 


9 T 


POLYCRYSTAL 


STRESS kg/mm? 


1 
10 15 
STRAIN % 


Fic. 11. Stress-strain curves up to 20 per cent elongation. 


the slope of the totally surrounded bicrystal approaches 
that of the polycrystal. However, the totally sur- 
rounded bicrystal still exhibits a certain amount 
of easy glide which is nonexistent in the deformation 
of a polycrystal. The curves for the [100] and [111] 
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single crystals are shown in Figs. 10 and 11 as a means 
of comparison for the other stress-strain curves. 
It is, however, more logical to compare these various 
crystals on a shear stress-shear strain basis. This 
comparison is really only good during easy glide, 
when one slip system only is operative. In order 
to represent the polycrystal by a shear stress—shear 
strain curve, it is necessary to use the average Schmid 
factor of 3.1 used by Taylor."*) These shear stress 
curves are shown in Fig. 12, and it 


shear strain 


TOTALLY SURROUNDED 
CRYSTAL 4-8 


SHEAR STRESS IN gm/m? 


BICRYSTAL A-8 


3 4 
SHEAR STRAIN 


Fic. 12. Shear stress-shear strain curves. 
can be seen that the totally surrounded bicrystal 
is a much better approximation of the polycrystal 
than the conventional bicrystal in the sense that 
the slopes of the polycrystal and the totally sur- 
rounded bicrystal curves are identical. It is also 
evident from Figs. 10 and 11 that the single crystal 
bicrystal and polycrystal curves all display the same 
yield point. 

(b) Single crystal surrounded by polycrystalline 
layer. Single crystals were surrounded by a fine 


Os 
STRAIN % 

Fic. 13. Stress-strain curve for composite crystal. 
polycrystalline layer approximately eight thou- 
sandths thick and with an average linear grain size 
of 0.1 mm. Therefore, no more than two grains 
on the average could be found across the layer. This 
polycrystalline layer represented about 10 per cent 
of the volume of the composite single crystal. Fig. 13 
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shows the stress-strain curve for such a composite 
single crystal up to 3 per cent elongation. On this 
figure, is also shown a theoretical curve calculated 
on the basis of 90 per cent single crystal and 10 per 
cent polycrystal. This latter curve is below the former 
one and the two curves are approximately parallel. 


Fig. 14 shows the stress-strain curve of the composite 


STRESS kg/mm? 


Fic. 14. Stress-strain curve of composite crystal stripped 
of polycrystalline layer after 3 per cent elongation 


single crystal after 3 per cent elongation and the 


stripping of the polycrystalline shell by electro- 


polishing. Its curve coincides approximately with 
a theoretical curve which is derived from the single 
crystal curve by a translation of 120 g/mm? parallel 
to the stress axis. After 3 per cent elongation, the 


composite single crystal was strippped of approxi- 


Stress-strain curve of composite crystal stripped 
3 pel 


Fic. 15 
of polycrystalline layer and multiple slip shell after 
cent elongation 


mately fifteen thousandths, which is twice the thickness 
The 


strain curve is shown in Fig. 15, and it can be seen 


of the polycrystalline layer. resulting stress 
that the stripped composite single crystal now behaves 
similarly to a normal single crystal. The final experi- 
ment consisted in extending the composite single 


crystal up to 6 per cent elongation. After removal 
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of the polycrystalline layer only, the resulting crystal 


is found to have the same stress-strain curve as 


a single crystal of the same type as evidenced by 
Fig. 16. 


TRAIN % 


Fic. 16. Stress-strain curve of composite crystal stripped 
of polycrystalline layer after 6 per cent elongation. 


3.3. Discussion 


(a) Bicrystals. The new technique used in this 
investigation has made possible the formation of 
grain boundaries by sintering rather than from 
the melt as was customary so far. The first question 
which arises is whether a grain boundary produced 
by sintering behaves in the same way as one produced 
from the melt. The formation of a grain boundary 
by sintering takes place by a diffusion process. 
Consequently, as the processes of formation are 
different, one could expect differences in the proper- 
ties of the two types of boundaries. However, Chalmers 
and Davis”) obtained small tricrystals, where a single 
crystal of silver was sintered onto a grown bicrystal 
of silver. The two boundaries, which were originally 
at 90°, moved during annealing and reached the 
equilibrium dihedral angles of 120°. 

Thus it is demonstrated that the sintered boundary 
can move in the same way as a grown boundary 
and that it has the same specific free energy when 
it has reached its equilibrium configuration. The 
sintering operation leaves some spherical cavities 
along the grain boundary. It is possible by prolonged 
sintering to remove most, if not all, of these cavities. 
This was nevertheless not done, because if all the 
cavities were removed in the case of the totally sur- 
rounded bicrystal, the center crystal would then 
shrink by inward migration of the boundaries. 

A comparison was made between the tensile 
properties of a grown bicrystal and a sintered bicrystal. 
It is expected, if one ignores the microscopic com- 


patibility argument, that these microcavities should 
not affect the plastic properties as long as there is 
enough sintered boundary for the macroscopic com- 
patibility equations (5) to be felt. Figs. 10 and 11 
show that the grown bicrystal and the sintered bicrys- 
tal have the same stress-strain curve. Therefore, 
even though a sintered boundary contains cavities, 
it is still identical in its plastic behaviour to a grown 
boundary. 

For the bicrystal used here the N,, factors predict 
slip in B only, which was observed experimentally. 
the secondary system) which 


For 


The solution of the equations (4) yields s4 
(s, meaning slip on 
fair amount of incompatibility. 
0.58. 

It has been shown by von Mises‘**) that the unres- 
tricted change of shape without change in volume 


represents a 
such a bicrystal dw, 


of a grain in a polycrystal would require slip to take 
place on at least five different slip sytems. From 
another point of view, the bicrystal only requires 
four slip systems even in the worst case of incom- 
patibility. This difference between the number of 
slip systems required in these two cases reflects the 
difference in the constraint imposed. It was the need 
for a better physical approximation of the poly- 
which the development of the 


crystal prompted 


totally surrounded bicrystal. 
Physically, it is obvious that the totally surroun- 
ded bicrystal is a better approximation to the poly- 


crystal, since most of the grains in a _ polycrystal 


are fully surrounded by other grains. Furthermore, 
the totally surrounded bicrystal shown in Fig. 5 
has two parallel A-~B boundaries which are similar 
to the zx boundary shown for a regular bicrystal 
The totally surrounded bicrystal has, in 
A-B boundaries which are in 


in Fig. 1. 


addition, two other 
the zy plane. The relations (4) still hold for the zx 
and hold for 


boundaries the following relations 


the other two boundaries: 


(25) 

If one combines equations (4) and (25) one does 
not obtain six first of all because e4, 
e®, is common to both and then because e4, e&4, 


equations, 


and «4, are not independent as the volume may be 


treated as constant. Therefore the relations (4) and 
(25) combine to give four independent relations: 


(26) 
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However, at the intersection of the two types of 
boundaries the following relation must be satisfied 
if no gap is to be opened at the corners of the inner 
crystal: 


As in addition to these five independent relations, 
the amount of ¢,, is fixed in a tension test, this makes 
six independent relations which in the worst case 
of incompatibility will require deformation on six 
different slip systems. 

Although mathematically a certain orientation 
relationship requires six slip systems, 


not be true physically. In the center of a grain boundary 


this might 
far enough from the other two orthogonal boundaries, 
the effect of the other boundaries might not be 
felt. In this region therefore, compatibility will be 
satisfied by either relations (4) or (25) but not both 
at the same time, and consequently, in this region 
four slip systems only will be sufficient. In a region 
close to a corner of the inner single crystal the two 
sets of relations (26) and (27) must be satisfied and 
in this region deformation must take place on six 
slip systems. There might also exist a transition region 
with five slip systems. The relative extent and the 
existence of these various regions depend on the 
relative size of the center single crystal. 

As was pointed out, the totally surrounded bicrystal 
possesses a boundary in the yz plane which is dif- 
ferent from the other boundary in the xz plane: 
this latter boundary is the same as the one found 
in the planar bicrystal. For this new boundary as 
A@ is still 45 
secondary slip is still 
The solution of the relations (4) for this case is 
s4=0 if one rounds off the geometrical factors 
Consequently, the solution 


the N factors are unchanged and 
only predicted in crystal A. 


to the nearest tenth. 
required for compatibility is in 
the result predicted by N factors. As the dw, for 
this boundary is 0.50, it is safe to conclude that this 


much less hardening than 


agreement with 


boundary will produce 
the other boundary and therefore, any 
bicrystal and the totally surrounded 


difference 
between the 
bicrystal is caused by the different geometries of 
the two bicrystals. 

From another point of view, as the orientations of 
the individual single crystals were determined at 
best with an accuracy of +2°, it might be suggested 


BICRYSTALS OF F.C.C. METALS 815 


that if the totally surrounded bicrystal is found 
to be harder than the planar bicrystal, it is due to 
the fact that the outside A crystal is not a continuous 
single crystal, but really four single crystals separated by 
low angle boundaries. For that reason, a single crystal 
was made by sintering two identical single crystals with 
a slight misorientation of 3°. The stress-strain curve 
for such a sintered single crystal is the same as the 
stress-strain curve for the normal single crystal. 
As expected from the previous discussion the totally 
surrounded bicrystal is indeed harder than the bicrys- 
tal. But the totally surrounded bicrystal still exhi- 
bits some easy glide which is absent in a polycrystal. 
The presence of this easy glide could be attributed 


to the absence of transverse boundaries which are 
present in a polycrystal. It is of course possible 
to vary the so that the totally enclosed 


bicrystal be a still better approximation of the poly- 


geometry 


crystal. 
From the study of the cases of compatibility 
made previously for bicrystals, it is obvious that 


the only compatible totally sourrounded bicrystal 


is pseudo-identical. All other totally surrounded 


bicrystals represent various degrees of incompati- 
bility. Consequently, it is proposed that a polycrystal 
is the average of such totally surrounded bicrystals, 
averaged over all orientations and all degrees of 
incompatibility. 

In all the experiments performed by Livingston 
with aluminium, and in this investigation with silver, 
the yield stress was always the same. This shows 
that the fic.c. case is quite different from the b.c.c. 
case with interstitials, where the yield points are 
changed by grain size to a very definite extent. The 
difference is that in f.c.c. the flow stress is the “friction 
b.c.c. the “starting stress” can be 


stress” while in 


much higher than the friction stress. Thus the ex- 


planation of the effect of grain size on the yield point 


in iron (or silicon-iron) does not apply here. 

(b) Single crystals surrounded by polycrystalline 
layer. So far, the cases of compatibility have been 
established, and when a bicrystal is incompatible, 
certain mathematical factors can be used to evaluate 
the degree of incompatibility. However, this still 
does not provide a physical evaluation of incompa- 
tibility. 
Figs. 10 and 11, 
observed mainly during easy glide. This is the expected 
multiple 


From the stress-strain curves shown in 


it is seen that incompatibility is 


result as incompatibility causes slip to 
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occur in the vicinity of the grain boundary, when 
otherwise the individual single crystals could still 
deform on a single slip system. Later on, during 
deformation, the self-incompatibility of the single 
crystals themselves becomes more important. In 
other words, after easy glide a single crystal deforms 


on more than one slip system, and the multiple 


slip of the individual single crystals overshadows 


the multiple slip caused by the grain boundary 
interactions. This is especially true in the case studied 
here, where the secondary slip system introduced 
by the boundary forms sessile jogs with the primary, 
while the secondary slip system ending easy glide in 
a single crystal forms Cottrell-Lomer locks with 
the primary. The single crystals surrounded by 
a polycrystalline layer were examined in order to 
study experimentally the nature of incompatibility. 

The stress-strain curve for a single crystal sur- 
rounded by a polycrystalline layer is shown in Fig. 13. 
This crystal is composed of 90 per cent single crystal 
and 10 per cent polycrystal by volume. Therefore, 
one that the 


such a crystal is the result of the superimposition 


could assume stress-strain curve of 


of the single crystal and the polycrystal stress-strain 
The 


theoretical curve based on this averaging of poly- 


curves in the above mentioned proportions. 
crystal and single crystal is shown in Fig. 13 and 
is found to fall below that of the composite crystal. 

However, the composite crystal is not equivalent 
to a polycrystal plus a single crystal, but because 
of the incompatibility at the boundary of the single 
crystal there is a layer of multiple slip which was 


ignored in the theoretical curve. Consequently, 


the difference in stress between the theoretical and 
the experimental curves is a measure of the incom- 
This 


at 3 per cent strain. 


is equal to 120 g/mm* 


> 


patibility. difference 


This composite single crystal was stripped of 


its polycrystalline layer after the 3 per cent strain 
i.e. at the end of easy glide. The composite single 
crystal, stripped of its polycrystalline shell, was 
then reloaded and the resulting stress-strain curve 
is shown in Fig. 16. This stripped composite crystal 
should be harder than a single crystal, as it still 
contains the multiple slip layer left by the presence 
of the polycrystalline layer. This is evidenced in 
Fig. 14. The 


is again a measure of the incompatibility. If one 


difference between these two curves 


adds to the stress-strain curve of the single crystal 
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the amount of incompatibility found in Fig. 13, 
i.e. if one translates the single crystal stress—strain 
curve by 120 g/mm? parallel to the stress axis, one 
obtains the dashed curve of Fig. 14. This dashed 
curve coincides as was expected with the experimental 
curve at 3 per cent strain. However, the experimental 
curve and the dashed curve diverge with increasing 
strain. As this divergence is very small and falls 
very close to the experimental accuracy of these 
curves, it could be meaningless. If this divergence 
were a real effect, it would mean that the incompa- 
tibility caused by the grain boundary interaction 
is still effective in the second stage. This would be con- 
sistent with Seeger’s* theory of stage II, which pro- 
poses that the linear slope of stage II is caused by 
of Cottrell-Lomer locks. 
Therefore, it is reasonable to assume that enough 


the progressive creation 


Cottrell-Lomer locks will be needed to completely 
mask the effect of the grain boundary, and during 
the early parts of stage II the effect of the grain bounda- 
ry should still be apparent. 


Another composite single crystal was stripped 
of a layer twice as thick as the polycrystalline layer 
after 3 
performed in an attempt to remove the multiple 
slip layer, as it was felt that a polycrystalline layer 


per cent elongation. This experiment was 


could not affect a layer greater than its own thickness 
inside the single crystal. That this is true is demon- 
strated in Fig. 15 where the composite single crystal 
stripped of a fifteen thousandths thick layer has more 
or less the same stress-strain curve as the single 
Actually, the 


stripped crystal falls slightly below that of the single 


crystal. stress-strain curve for the 
crystal, but this effect is most probably due to grip 
slippage. 

A single crystal with a polycrystalline layer was 
extended up to 6 per cent strain and then unloaded. 
After removing the polycrystalline shell, the resulting 
single crystal with the shell of multiple slip caused 
by the polycrystalline layer was reloaded. The result- 
16, and 
it can be seen that the stress-strain curve of the 
composite single crystal without its polycrystalline 
shell coincides with that of the single crystal at 
6 per cent strain. The slopes of the composite single 
crystal and of the single crystal are approximately 
equal at 6 per cent strain. This fact shows that the 


ing stress-strain curves are shown in Fig. 


grain boundary interaction is masked by the Cottrell 
Lomer locks. It is nevertheless necessary in second 
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stage, to remove the polycrystalline shell to return 
to the single crystal state. This is due to the fact 
that even in second stage, where grain boundary 
interaction is negligible, the stress-strain curve 
of the composite single crystal still remains the 
average of the stress-strain curves of the single 
crystal and the polycrystal. 


CONCLUSIONS 

Assuming that the continuity of strain across 
the boundary of a bicrystal is the important criterion 
and ignoring the state of stress, it has been established 
that there exist only four different cases of compa- 
tibility, namely: symmetry, pseudosymmetry, pseudo- 
identity and the case n= p= 0. All other cases 
can be at best transiently compatible, i.e. compatible 
at the onset of deformation, and more incompatible 
as deformation proceeds. The importance of dw, 
is questionable from the fact that Ap is proportional 
to Jw, which in turn means the greater the degree 
of incompatibility for a certain percentage of strain. 

At the very onset of deformation, dislocation 
pile-ups can be responsible for the formation of 
fairly long slip bands of secondary slip system in 
the neighboring crystal. However, the main effect 
of dislocation pile-ups formation 
of a multiple slip layer in the vicinity of the grain 
boundary, of which the thickness is comparable 
to the separation of the slip bands, i.e. a few microns. 


results in the 


These microscopic effects can cause a macroscopi- 
cally compatible bicrystal to be harder than _ its 
component single crystals. The macroscopic layer of 
multiple slip found in an incompatible bicrystal is 
believed to be caused by the superimposition of the 
shear taking place in one crystal on the deformation 
of the adjoining crystal. 

As the microscopic layer has a constant thickness 
independent of grain size, it could explain the grain 
size effect that is believed to exist in polycrystals. 
The secondary slip systems activated by either mech- 
anism can be predicted with the use of the JN, 
factors. 

Although no rigorous theory has been establish- 
ed to predict the stress-strain curve of a bicrystal 
some factors of importance are pointed out, which 
could explain the relative level of the stress-strain 
curves of some bicrystals. The Schmid factor and 
hence the resolved shear stress on all slip systems 
are of primary importance. Size effects which are 
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present in both single crystals and bicrystals should 
be taken into account especially when comparing 
a bicrystal with its component single crystals. The 
most important factor controlling the stress—strain 
curve of a bicrystal is its degree of compatibility 
as determined by the strain relations at the grain 
boundary. When the bicrystal is incompatible the 
degree of agreement between the predictions of the 
N,, factors and the requirements to maintain compa- 
tibility will determine the relative strength of the 
bicrystal. The type of secondary slip system activated 
and its amount relative to primary slip are also 
very important as they determine the magnitude 
of the interaction, Finally, the stress-strain curve 
will of the 
layer produced at the grain boundary. All these 


depend on the extent multiple slip 
factors can successfully be used to rationalize the 
relative levels of the stress-strain curves of various 


bicrystals. 


Bicrystals were obtained by sintering two Single 


crystals. The sintered boundary behaved plastically 


in an identical manner to the grown boundary. 
A sintered single crystal with a slight misorientation 
at the sintered boundary has the same stress-strain 
curve as a normal single crystal. This sintering tech- 
nique has made possible the achievement of a totally 
surrounded bicrystal, in which one crystal is fully 
surrounded by another. 

This totally 


on aS many as six slip systems in the worst case 


surrounded bicrystal can deform 
of incompatibility, while in a similar situation a bi- 
crystal would deform on only four slip systems. 
The totally surrounded bicrystal is harder than the 
bicrystal and is a better approximation of the poly- 
crystal. The slope of the shear stress-shear strain 
curve of the totally surrounded bicrystal is the same 
as that of the polycrystal. The polycrystal could 
therefore be considered to be the average of such 
totally surrounded bicrystals over all orientations 
and all degrees of incompatibility. 

Single crystals surrounded by a polycrystalline 
layer were pulled in tension to study the nature of 
incompatibility. It was indirectly shown that incom- 
patibility produces a multiple slip laver in the vicinity 
of the grain boundary. The maior effect of incompa- 
tibility is felt 
effect still exists during the early part of stage II, 


during easy glide, although some 


when only a few Cottrell-Lomer locks have been 


produced. This corroborates the fact that most 
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the difference between the stress-strain curves 


a single crystal and a bicrystal occurs during 


easy glide and only a small divergence occurs there- 


after. 
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THE MARTENSITIC TRANSFORMATIONS IN GOLD-MANGANESE ALLOYS NEAR THE 
EQUIATOMIC COMPOSITION * 


J.H. SMITH? and P. GAUNT?# 


These alloys form an ordered body-centred structure which distorts into a tetragonal structure, having 
c/a < 1, with the onset of antiferromagnetic ordering. On further cooling, alloys containing less than 50 
at. °% gold undergo a second martensitic transformation to a tetragonal structure with c/a> | 
The transformations have been followed with X-rays and by microscopy and the results have been shown 
to agree with an approximate crystallographic description of the transformations 
LA TRANSFORMATION MARTENSITIQUE DANS LES ALLIAGES OR-MANGANESI 
PROCHES DE LA COMPOSITION EQUIATOMIQUI 
La structure ordonnée cubique centrée de ces alliages se déforme en une structure tétragonale (avec c/a 1) 
accompagnée de la formation d’un order antiferromagnétique. Au cours d’un refroidissement ultérieur, les 
alliages contenant moins de 50°, at. d’or subissent une deuxiéme transformation martensitique qui produit 
une structure tétragonale avec c/a I 
Les auteurs ont suivi ces transformations par examen aux rayons X et au microscope. Les résultats sont en 
accord avec une description cristallographique de ces transformations 
DIE MARTENSITISCHEN UMWANDLUNGEN IN GOLD-MANGAN LEGIERUNGEN IN DER NAHI 
DER ZUSAMMENSETZUNG VON 50 ATOMPROZENT 


Diese Legierungen bilden eine geordnete raumzentrierte Struktur, welche sich beim Beginn der antiferro- 
magnetischen Ordnungseinstellung zu einer tetragonalen Struktur verzerrt mit c/a 1. Bei weiterem Abkihlen 
erleiden Legierungen mit weniger als 50 At. °4 Gold eine zweite martensitische Umwandlung in eine tetragonale 


Struktur mit c/a a 
Die Umwandlungen wurden réntgenographisch und mikroskopisch untersucht. Es wird gezeigt, dafs die 
Ergebnisse mit einer naherungsweisen kristallographischen Beschreibung der Umwandlungen iibereinstimmen 


1. INTRODUCTION 


An alloy containing equal numbers of gold and 
manganese atoms forms an ordered cubic structure 
with gold atoms at [000] and manganese atoms at 
[444]. At room temperature the alloy has a similarly 
ordered but tetragonal structure with c/a ~0.96. Alloys 
with compositions differing by as much as 10 at.%, 
on either side of this perfectly ordered structure still 
show strong order lines in their X-ray diffraction 
patterns, but at room temperature alloys containing 
more than 50 at.% gold have a tetragonal structure 
with c/a <1 whilst alloys containing less than 50 
at.°, gold have c/a> 1." However, recent investi- 


gations by one of us of the variation of magnetic 


susceptibility, Young’s modulus of elasticity and re- 
sistivity of these alloys showed anomalies not only 
at the Néel point but also at a lower temperature in 
alloys containing less than 50 at.°,, gold. The present 
work shows that on cooling alloys containing 40-53 


*Received August 3, 1960; revised January 1, 196] 

Fic. 1. Upper and lower transformation temperatures for 
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at.°4, gold from high temperatures the ordered cubic 
structure (c) transforms initially to a tetragonal struc- 
ture (f,) with c/a <1, at a temperature which is 
associated with the onset of antiferromagnetic or- 
dering.”’ The anomalies at lower temperatures occur 
in alloys containing less than 50 at.°,, gold and are 
associated with a further transformation to a tetra- 
1. In Fig. 1 the upper 


and lower transformation temperatures derived from 


gonal structure (f,) with c/a 


measurements of resistivity and Young’s modulus 


measurements are shown. 


2. X-RAY MEASUREMENTS 


A detailed survey of the structural changes which 
occured on heating an alloy containing 47 at.°, gold 
was undertaken by X-ray examination of a small 


Temoerature, °K 


Fic. 2. Variation of lattice parameters and axial ratio with 
temperature for an alloy containing 47 at. °% gold. 


block of approximate dimensions 3x0.4«0.3 cm? 
which had previously been used for measurements 
of the elastic modulus. The X-ray patterns were 
obtained by allowing the beam to glance off a corner 
of the specimen which was oscillated through an angle 
of 15°. 
camera, spotty 
were obtained. The specimen could be maintained 
at steady temperatures up to 500°K by passing a 


Using copper radiation and a 6-cm diameter 


clear but Debye-Scherrer patterns 


controlled current through nichrome wire wound 


round the specimen over asbestos paper. The lattice 


parameters of the three phases were calculated from 
the {222} and {321} diffraction maxima, the estimated 
error being about 0.1 per cent and within this ac- 
curacy it was found that there was no volume change 
accompanying the transformations. The results are 
shown graphically in Fig. 2. The transformation from 
tetragonal with c/a <1 to c/a> 1, showed consid- 
erable hysteresis in that small amounts of the old 
phase persisted over quite large temperature ranges 
as indicated by the dotted curves of Fig. 2. 
Measurements made on other alloys near the 
equiatomic composition confirmed the phase relations 
shown in Fig. 1. Thus the alloy containing 40 at.%, 
gold was cubic at room temperature and was tetra- 
gonal, with c/a <1, at liquid nitrogen temperature. 


3. MICROSCOPIC OBSERVATION 


To establish the martensitic nature of the trans- 
formations the patterns observed on etching trans- 
formed specimens at room temperature, and the relief 
markings produced on heating and cooling polished 
specimens were examined. 

Etch patterns 

Figure 3 shows the surface of a specimen which 
was polished and etched electrolytically in concen- 
trated hydrochloric acid. The specimen contained 


Fic. 3. 


Etched surface of an alloy containing 50 at. % gold 
showing structure of main and sub-bands. x 300. 


slightly more than 50 at.°, gold so that the trans- 
formation product was tetragonal with c/a <1 at 
room temperature. The transformation product was 
clearly similar to that observed by Bowles et al.“ 


3.34] 1961 
| 
| 
| 
>, 


SMITH AND GAUNT: MARTENSITIC TRANSFORMATIONS IN GOLD-MANGANESI 


for the face-centred cubic to face-centred tetragonal 
transformation in indium thallium alloys (ca 20 per 
cent thallium) where the main bands were traces of 
{110} planes, the sub-bands were traces of {110} planes 
at 60° to the main band planes, and different sub- 
bands in the same main bands were traces of {110} 
planes at 90° to each other. A stereographic analysis, 
(Fig. 4), showed that all five traces from the large 


Fic. 4. Stereographic analysis of normals to main- and sub-band 

traces of Fig. 3.@[110] Plane normals on standard (100) pro- 

jection; [110] plane normals projected in plane of specimen 
as derived from trace normals. 


original cubic grain in Fig. 3 could be fitted accura- 
tely (within 1°) to {110} planes. Additional confirmation 
of the correctness of this analysis was provided by 
the fact that the angular relationships between main- 
and sub-bands were those found in the f.c.c. -> f.c.t. 
transition investigated in Ref. 3. It can be inferred 
therefore that the crystallographic description of the 
cubic—tetragonal transformation in Au—Mn is similar 
to that for the transformation in In—Tl with the main 
bands parallel to {110} habit planes; the sub-bands 
being fine accommodation twins with twinning planes 
at 60° to the habit plane. Exactly similar transfor- 
mations to a finely twinned tetragonal product have 
been observed in Mn-—Cu alloys.“* 


Relief markings 


Five specimens containing 47-53 at.°,, gold were 
electropolished, using a potassium-cyanide electrolyte, 


and the relief markings produced on heating and 


ALLOYS 821 


cooling the specimens were observed. Each specimen, 
with a thermocouple attached, was mounted in a heat- 
ing chamber attached to the microscope stage. The 
was small 


surrounded by a electrically 


of the 


specimen 


heated coil, and the surface specimen was 


observed through a window sealed to the water 


cooled chamber. A slow stream of argon through 
the chamber prevented oxidation of the specimen. 
On heating, markings delineating the main bands 
quickly appeared on the originally flat surface. These 
relief markings were caused by accommodation stres- 
ses produced by the differential thermal expansion 
of the a- and c-axes of the tetragonal crystals, and 
were made visible by tilting the microscope objective 
to illuminate the specimen obliquely. Very rapid 
changes in the brightness of the bands and therefore 
of surface tilt were also observed at temperatures 
closely corresponding to those given in Fig. 1, but 


these were too fast to be followed visually. 

The distance of the specimen from the microscope 
objective limited the magnification which could be 
obtained, and the markings produced by thermal 
expansion strains over a wide range of temperature 
tended to inhibit and mask the surface changes at the 
transformation temperatures. A specimen contain- 
ing 47 at.°,, gold was therefore used in a more detail- 
ed investigation of the lower temperature transfor- 
mation which occured just above room temperature 
in this alloy. The specimen was mounted directly on 
the microscope stage, thus allowing greater magnif- 
ication to be obtained, and was heated by a hot air 
blower. It could also be cooled below room tempera- 
ture by contact with a metal beaker containing some 
liquid nitrogen, condensation of water on the face 
of the specimen being prevented by a film of butyl 
alcohol. The specimen was polished on a hot plate 
at about 380°K using a fine diamond paste. This 


temperature was above the transformation 


temperature but below the c—/, transformation 


temperature. The surface tilts produced on heating 
and cooling the specimen are shown in the series of 
photographs in Fig. 5 on each of which is superposed 
a strip from photograph (g) so that the changes in 
the tilts as the temperature was varied may be more 
readily appreciated. Plate (g) of Fig. 5 shows the 
room temperature after the 


pattern observed at 


specimen had been cooled in liquid air to produce 


complete transformation to /,.On heating to ~ 380°K, 


this being the temperature at which the specimen was 
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polished flat, no strong markings are to be seen 
(plate b). Plates (a) and (c) show the surface when 
the temperature of the specimen was some 30°C 
10°C below the polishing temperature 
respectively. The the tilt of the bands 
on passing through the polishing temperature is as 


above and 


reversal of 


Fic. 5. Photographs of a 47 at. % gold alloy 


transformed to the ¢, phase and was rapidly followed 
by the transformation of two more bands (plate d). 

Plate (e), at room temperature, shows that the 
specimen has almost completely transformed to the 
t, phase, although the white edge to some of the 
bands may indicate incomplete transformation. Fur- 


polished flat at 380° K (plate b) and observed at various temperatures. 


The plates (a) to (f) are arranged in order of decreasing specimen temperature. 100. 


would be expected if they were due to the decrease 
of c/a with temperature, and the sign of the tilt below 


the polishing temperature (plate c) is the same as if 


the specimen had been polished flat in the cubic 
region. 

Most of the bands of plate (c) are of opposite 
sign to the reference strip with the exception of one 
strong dark band which seemed to appear instan- 
taneously. Although the temperature must have been 
changing slightly, the length of this new band of the 
t, phase remained constant while the exposure was 
made. On further cooling, the remainder of this band 


ther cooling below room temperature (~ 260°K 
plate f) reduced this “white edge” effect, which was 
no longer present at room temperature after cooling 
in liquid air (plate g), thus indicating the considerable 
hysteresis associated with the ¢, > ¢, transformation. 

Thus the correspondence between the sign of the 
tilts at room temperature and at a temperature above 


the polishing temperature (plate a) indicates that the 
sign of the macroscopic shear required to produce 
the transformation f, > f, is opposite to that required 
> t, transformation, and that both shears 


for the c 
must be on the same habit plane. 
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4. CRYSTALLOGRAPHY OF TRANSFORMATION 


The following crystallographic description makes 
use of the approximate treatment of Burkhart and 
Read‘® which enables the main features of the postu- 
lated transformation mechanism to be clearly pre- 
sented, and comparison with the exact treatment of 
Weschler ef al."® shows the approximations to be 
justifiable. 

One variant of the pure strain required to bring 
transformation c-—> f, 


about the is given by the 


matrix 


c'Pt, 


0 0 + & 


where, to a first approximation, when e, is small, 
c/a= 1 —3e, and the volume change is zero. A 
variant of the pure strain—which combined with 
a small rotation, will give a tetragonal crystal, twin 
related to that produced by c! P ¢, — is 


2e, 0 O 


If, however, ¢, is small the rotation can be neglect- 
ed and the two products are twin related on a (110) 
twinning plane of the parent lattice. If these two 
twin orientations are combined on a fine scale in the 
ratio 2:1 then the macroscopic strain will be pure 
shear on an (011) habit plane, since the conditions 
for a pure shear are then fulfilled; i.e. that the volume 
change should be zero, that two principal strains 
should be of opposite sign and that one principal 
strain should be zero. Thus the macroscopic strain 
for the transformation from the cubic to the twinned 


t, structure is given by 


cMt, 


ALLOYS 


0 


The exact treatment of Wechsler ef a/.‘® which 


does not neglect the small rotations required to 


procuce coherent twins gives the direction cosines 


of the habit plane normal as 


and ¢ being the 


where 


lattice parameters of the tetragonal phase, (c the 
length of the unique axis), and a, being the lattice 
parameter of the cubic parent phase. 


From the data presented in Fig. 2 


the values of 
y, and 7, are estimated to be 1.0037 and 0.9926, 
respectively, at the c-»/, transformation tempera- 
ture. This gives a habit plane at (0.005100, 0. 707800, 
0.706394) which is about 20° away from the (011) 
plane estimated using the approximate method. On 
cooling, the values of 7, and 7,, in the ¢, phase, change 
quite markedly until at about 338°K 4, is 1.016 and 
No is 0.9687. 

A measure of the strains set up by these changes 
is provided by the angle between the predicted habit 
plane and the habit planes on which the transfor- 
mation would have occurred if the cubic phase had 
transformed directly to this lower temperature tetra- 
gonal phase. This hypothetical habit plane would be 
at (0.022400, 0.701200, 0.712613), and this is 1° 7’ 
from the predicted habit plane. 

The finely twinned nature of the 4, product must 
strongly influence the course of the further transfor- 
mation to the ¢, phase. Experimentally the 7, product 
is finely twinned and transformation takes place on 
the same main bands as the c->/, transformation 
but with a shear of the opposite sign. It is therefore 
proposed that the ¢, > ¢, transformation takes place 


on the same habit plane as would a c-> f¢, transfor- 
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mation. This transformation could be brought about 
by a combination of pure strains in the ratio 1:2, 1.e. 


crs, 


cMft, 


This shear is on the same habit plane but the 
macroscopic shear is opposite in sign to the macros- 
copic shear involved in the c-—>‘¢, transformation. 
The above strains were so chosen that the correspond- 
ing strains c'Pf, and c'Pt, should involve the smal- 
lest possible length changes during the f, — f, trans- 
The habit plane for the ft, 
transformation, using the data of Fig. 2 at 338K, 


(—0.015400, 0.710400, 0.703630) 


formation. exact 


would be which 


[100] 


Fic. 6. 
t, and f, phases relative to an originally flat (O11) cubic face. 


Main-band and sub-band twinning arrangement in 


is 1° 12’ from the cf, habit plane. The strains 
involved due to the slight non-parallelism of this 
ideal habit plane and the c — ¢, habit plane are there- 
fore only very slightly greater than those produced 
on cooling the ¢, phase to 338°K. The macroscopic 


shear involved in the ¢, — f, transformation is given by 


t, Mt, = t, MccMt, 


This shear is larger and opposite in sign to the shear 
required to bring about the c—¢, transformation 
but is on the same habit plane. The treatment does, 
however, imply that the twin ratio in the main bands 
will change from 2:1 in the ¢, product to 1:2 in the 
t, product. Motion of the habit plane between the 
two tetragonal phases thus involves the movement 
of low angle twin boundaries. Similar twin boundaries 
in tetragonal crystals of In—-Tl, where c/a was close to 


unity, had twin boundary energies of ~ 2.5 erg/cm? 
and were readily moved by stress in single crystal 
specimens. 

Any other relationship between the two tetragonal 
lattices than the one advanced above would involve 
larger lattice strains along particular directions or 
a habit plane not parallel to that of the c— ¢, trans- 
formation. 

The predicted main-band profiles in relation to 
an originally flat (011) cubic plane, and the twin 
ratios, are shown diagrammatically in Fig. 6. 


5. STRESS INDUCED TRANSFORMATION 


Bumm and Dehlinger’” noted that cold working 
caused the ordered body-centred phase discussed 
above to revert to a disordered face-centred cubic 
structure. These results have recently been repeated 
in this laboratory and unannealed powders filed from 
pieces of the body centred phases (whether cubic or 
tetragonal) show almost 100 per cent conversion to 
the face-centred cubic disordered structure. The trans- 
formation is accompanied by a reduction, (~ | per 
cent), in atomic volume and is probably martensitic. 


and 


magnetic properties of the new phase are continuing. 


Investigations of the transformation kinetics 
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THE EFFECT OF TEMPERATURE AND DEFORMATION ON THE RECRYSTALLIZATION 
OF DOPED TUNGSTEN WIRES * 
G. D. RIECK* 


The influence on the recrystallization texture and crystal size of three different dopes in tungsten wires 
were studied with X-ray diffraction and microscopically. Two main types of preferred orientation are produced, 
the [110], [320], etc., type (A), and the [531] or [421] type (B). The ratio in which those types occur and 
the crystal size depend with each dope on the annealing temperature and, as proved for the normal K-Si-Al 
dope, also on the degree of deformation of the wire. 

At temperatures of about 2000°C a [110]-type recrystallization texture is always found; at higher 
temperatures the ratio A/B changes in favour of the B-type. 
of influence if it results from mechanical deformation. With diameters larger than 250, type 


The decrease in diameter of the wire is only 


{4 dominates; 


the maximum of B-type orientations is found in (K, Si, Al) doped wires of 180 ,/. 
This behaviour can be explained by the theory of the “damaged dope-skins” and by the relatively difficult 


deformation of the crystals with B-type orientation. 


EFFET DE LA TEMPERATURE ET DE LA DEFORMATION SUR LA RECRISTALLISATION 
DE FILS DE TUNGSTENES DOPES 

L’auteur a étudié par diffraction des rayons X et par microscopie, l’influence de la texture de recristal- 
lisation et de la taille des cristaux de fils de tungsténe dopés de trois maniéres différentes. Il existe deux 
orientations préférentielles: type A, [110], [320], etc, et type B [531] ou [421]. La fréquence de lun de ces 
deux types d’orientation ainsi que la taille des cristaux dépend, pour chaque type de fils dopés, de la tem- 
pérature de recuit et aussi du pourcentage de déformation du fil, tout au moins lorsqu’il est dopé avec K-Si-Al 
A une température voisine de 2 000 °C, on trouve toujours une texture de recristallisation du type [110]; pour 
des températures supérieures, le rapport A/B se modifie en faveur du type B. Une diminution du diamétre 
des fils n’a d’influence que lorsqu’elle résulte d’une déformation mécanique 

Lorsque le diamétre est supérieur a 250 microns, le type A prédomine; le maximum d'orientation de 
type B est obtenu avec des fils dopés (K, Si, Al) de 180 microns. Ce comportement peut étre expliqué par 
la théorie de Meyering et Rieck‘*) et par la difficulté de déformation des cristaux possédant une orientation 


du type B. 


DER EINFLU& VON TEMPERATUR UND VERFORMUNG AUF DIE REKRISTALLISATION VON 


DOTIERTEN WOLFRAMDRAHTEN 


von Wolframdrahten Rekristallisations textur 


Die Wirkung von drei verschiedenen Dotierungen auf die 
und die KorngréBe réntgenographisch und mikroskopisch untersucht. Es bildeten sich zwei Haupt- 
typen von Vorzugorientierungen, [110], [320] u. s {4 und [531] oder [421], Typ B. Das 
in dem diese Typen auftreten, und die Korngr6éBe hangen bei jeder Dotierung von der Gliihtemperatur und, 
wie im Fall der normalen K-Si-Al-Dotierung bewiesen wurde, vom Verformungsgrad des Drahtes ab 

Bei Temperaturen von etwa 2000°C findet man immer eine Rekristallisationstextur vom Typ [110], bei 
hdheren Temperaturen verandert sich das Verhaltnis A/B zugunsten des Typs B. Eine Abnahme des Draht- 
durchmessers hat nur dann einen EinfluB, wenn sie von mechanischer Verformung herriihrt. Der Typ A herrscht 
vor bei Durchmessern gréBer als 250 1, das Maximum der Orientierungen vom Typ B wurde in K-Si-Al- 


wurde 


w., Typ Verhdltnis, 


dotierten Drahten von 180 . Durchmesser gefunden. 
Dieses Verhalten laBt sich erkléaren durch die Theorie der ,,beschadigten Dotierungshaute” 


die verhaltnismaBig schwierige Verformung von Kristallen mit der Orientierung vom Typ B 


und durch 


INTRODUCTION 
Tungsten, used for the coils of incandescant lamps, 
and to which a “dope” has been added, has given 
rise to several discussions in the last few years."~® 
The reason for this is its peculiar behaviour at high 
*Received February 8, 1961. 
TPhilips Research Laboratories, N. V. Philips’ Gloeilam- 
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temperatures. Below about 1800°C a process takes 


place during which the fibrous structure of the wire 


is “broken-up”’. As is generally accepted, the texture 
remains the same as that of the drawn wire, which 
is of the [110] type. Therefore some investigators do 
not accept this as a primary recrystallization as they 
consider a change in texture a fundamental property 
Most 


investigators, 


of a recrystallization process. 


| 
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however, accept the more metallographic view that 
this phenomenon in tungsten is a primary recrystalliza- 
tion, because of the change in metallographic 
structure. On a Debye-Scherrer X-ray diagram (with 
conventional macro-technique) separate spots as 
reflections of the tiny crystals cannot be seen when 
the wire is heated to 1800°C. With 


beam technique, however, a sharpening and some- 


below micro- 
times enlarging of the spots can be detected. 
In the temperature 2000—2400°C an 


exaggerated grain growth takes place suddenly, re- 


range of 
sulting in very long crystals (e.g. 1-2 cm) in the 
wire. This growth is often called secondary recrystalliza- 
tion, but in view of the above-mentioned difference 
of opinion others consider it simply as_recrystalliza- 
tion. We prefer the terms primary and secondary 
recrystallization but, as we are only concerned with 
temperatures of 2000°C and above, shall refer to the 


latter as recrystallization. 
The recrystallization texture of the wires of tung- 


aluminium 
4 5) 


sten doped with potassium silicate 
oxide has been investigated by several authors," 
who disagree in their conclusions. Some report 
a [531] texture, some a [531] and [421] texture 
mixed with other orientations,”’ others, however 
exclusively a [110] recrystallization texture. A dif- 
ference in dope has been found to affect the size of 
the crystals and to give a texture intermediate be- 
tween the [531] and [421] types and the [110] type 
textures of undoped wires.”’ Even when using the 
same type of dope, the drawing and annealing of the 
wire may influence its properties and, as will be 
shown, also its texture to a large extent.“ It was 
therefore considered worth while to study the recrys- 


tallization and the resulting texture in relation to 

(a) the type of dope added to the tungsten: 

(b) the working and heat treatment of the wire 

previous to the last stages of drawing; 

(c) the temperature of recrystallization: 

(d) the diameter of the wire. 
This investigation was intended to afford an idea 
about the nucleation and exaggerated grain growth 
(or secondary recrystallization) processes which occur 
during recrystallization of doped tungsten wire. 


EXPERIMENTAL PART 

Three types of material were investigated: 

(1) Tungsten with a dope of 2 per cent ThO,, cal- 
led “Thoriated wire”. 


1961 


(2) Tungsten consisting of 50 per cent undoped 
W and 50 per cent (K,O, SiO,) doped W, called 
“Tungsten with small amount of dope”. 

(3) Tungsten as normally used in filaments, having 
a dope of potassium silicate + aluminium oxide, 
called “Normally doped wire”. 

The working of the material took place accord- 
ing to the normal manufacturing scheme except 
when deliberately different conditions were chosen 
(4a). The normal working conditions were: heating 
twice during swaging of the rod to 2.5 mm diameter, 
and drawing from 2.5 mm down to 180 u. 

The recrystallization was carried out as follows: 
The straight wires of about 15 cm length were bent 
to a V-shape and mounted in a lamp. Normally 
the lamp was evacuated (in some cases an argon 
or hydrogen atmosphere was used). The wires were 
resistance-heated in the lamps at different tempera- 
tures which were measured by means of an optical 
pyrometer (corrections for selective radiation of 
tungsten were applied; in this paper the brightness 
temperature will be given). 

On each leg of the filament treated in the above 
manner, about 10 Debye-Scherrer diagrams were 
made at random sites along the wire, which was 
being rotated around its axis. Flat film and CuK, 
radiation were used. The diagrams were compared, 
for quick evaluation of the texture, with a set of 
about twenty standard-texture diagrams. 

In all more than 1000 pictures were examined in 
this way in order to obtain some statistical certainty 
The textures were 


despite the many variations. 


divided into groups: 

(1) Type A: The [110] texture, and the related 
textures [320], [430] and so on, the latter forming 
a subgroup. 
Type B: The [uvw] textures, 
mainly represented by [531], [421] 
and so on. The rather rare [uuw] type belongs 


more complex 


textures 


to the same group. 

(3) Mixed A and B textures. 

In most cases only one or two crystals were ir- 
radiated and their orientations could easily be deter- 
mined. In some cases, when the crystals were small, 
a combination of three or more textures occurred. 
Although sometimes the exact orientation of the 
crystals could not be found, the occurrence or absence 
of spots due to the 110 and 200 reflections on the 
equator (zero layer line) could be used as an indication 
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whether or not a [110] or [wv0] texture was present 
or not. 
In order to evaluate the textures found under certain 
number of A and B 
Dia- 
grams with mixed A and B textures were counted 
both as A and B when calculating A/B. 

As soon as small separate spots could be detected 


conditions, we counted the 


textures found, and calculated the ratio A/B. 


in the blackened area of a normal fibre-texture 


diagram we considered the wire as partly recrystallized. 


Fic. 1. Electron micrograph of a section of a thoriated tungsten wire. 


The crystal size in the wires investigated by 


X-rays was determined after slightly etching in 


a solution of sodium hydroxyde and potassium 
ferricyanide. We counted the number of crystals 
which were found on a straight line drawn on the 
exterior or on the longitudinal cross-section of the 
wire. This number was then reduced to the number 
of crystals on a length of 1 cm. If necessary a note 
was made of numbers and size of the crystals when- 


ever the distribution called for it. 


1. Tungsten with 2 per cent ThO, 

We chose this type of dope for a series of experi- 
ments, because in this case a large part of the dope 
is known to be present as particles of a second phase, 
which can be detected 


microscopically, electron- 


microscopically and radiographically.“ It has even 


been found that in removing (by heating in HCl 


and air) the tungsten of a thorium-doped tungsten 
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wire a coherent skeleton of ThO, remains, a fact 


which seems to be in accordance with a presence 


of coherent walls of ThO, in the wire. Fig. | repre- 


sents an electron-micrograph made by de Jong 


and Israél, to show the presence of the separate 


ThO, particles. Normally a ThO, dope hinders the 


crystal growth and gives, after recrystallization, 


a wire with many small crystals. With certain heat 
rather 


treatments it is, however, possible to grow 


large crystals in the wire during heating, and we 


10,000. 


wanted to investigate this phenomenon. A wire of 


450 uw diameter was used. The annealing was done 
once, when a mixture of 


in vacuo except H, and 


N, was used. 


Discussions of the results of 1. From the results 


the conclusion can be drawn that recrystallization 
at 2200°C proceeds slowly and results in [110] -orient- 
ed, and some [uvw] -oriented, small crystals. Re- 
2600 °—2700°C 


[110] crystals in the first stage or later, but only 


crystallization at does not show 


[uvw] or [uww] crystals. The resulting crystals are, 
small (12-14 per 


relatively 


however, rather cm): therefore 


at this temperature a large number of 
[421] nuclei were formed. If we heat first at 2200°C 
and then at 2700°C the [421] crystals are large (4 
per cm). Preheating at 1800°C does not have the 
same effect on the size of the secondary crystals. 
We may therefore conclude that at 1800°C no nuclea- 


tion takes place, and that at 2200°C a small number 


a 
— 
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(C) 


Fic. 2. X-ray DS diagrams of a thoriated tungsten wire (CuKa 
radiation, samples rotated around vertical wire axis) (a) after 
heating at 2200 C, (b) after subsequent heating at 2700°C 


(c) after prolonged heating at 2700 C. 
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of nuclei are formed, which can grow out at 2700°C 
to large crystals. If we anneal too long, e.g. 90 min 
at 2200°C, [421] and many [110] -crystals 
are nucleated. However, if we heat the same sample 
subsequently at 2700°C, the [110] crystals 
are eaten up by the [421] -oriented crystals, and 


some 
small 


a small number of large crystals results. In Fig. 2 
(a-—c) the DS X-ray diagrams of a wire are repro- 
duced in the first stage of crystallization, after ad- 
ditional heating at a higher temperature and in the 
final recrystallized form. 


From these experiments the assumption was 
made that we were dealing with two types of nuclei, 
namely those with a [110] orientation (type A) and 
those with [uvw] or [uuw] orientation (type B). The 
type A would be abundant at low temperatures 
(about 2000-—2200°C) 2200°C 


some type-B nuclei come into existence or assume 


and only at would 
a capacity for growth. The latter increase in number 
with rising temperature, whereas the [110] nuclei 
cannot compete with them and are even eaten up. 
In the following part this idea was checked on wires 


with other types of dope. 


2. Tungsten with dope of oxides of K and Si 

Tungsten wire with a small amount of dope of 
K,O + SiO, (for analysis cf. Ref. 1) of which the 
final recrystallization texture had already been inves- 
tigated, was again used to study the influence of 


the temperature on its recrystallization texture. The 
A summary of the results is given in Fig. 3 (a) 


and (b). 


Wires of diameter were heated in vacuo. 


Discussion of the results of 2. \t can be seen from 
Fig. 3(a) that at higher recrystallization temperatures 
the texture shifts towards the [wvl] type or type B. 
In this case the [wvl] orientations often have the 
[531] axis in the wire direction. The small crystals 
with the [110] orientations which grow at 2000°C 
disappear during subsequent heating at 2400°C in 
favour of B-type crystals. The change in texture is 
the change in A/B from values 
| at 2400°C and higher. 


demonstrated by 
of 6-14 at 2000°C to A/B 


From experiments with different times of heating 
we can conclude that at 2300°C B-type nuclei capable 
of growing are generated and already at that tempera- 
ture are able to eat up the smaller A-type crystals. 
At temperatures above 2300°C this process occurs 
more quickly. As the texture changes over more 
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and more to the type B at higher temperatures, 
Fig. 3b) at 
this 


the increase in number of crystals (cf. 
temperatures above 2300°C 
is minimal) means that very probably the number 


(where number 
of the type-B nuclei increases with a rise of temperature 
above 2300°-3000°C. 
which the wire is heated-up may play a role too. 


Of course here the rate at 


2000 2300 2600 3000 TF °C 


Fic. 3. 
and (b) number of crystals per cm 
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[320] 
crystals could occur. In general no crystals smaller 
200 


will be found after prolonged heating at 2600°C or 


that under these circumstances some more 


than such as occur at lower temperatures, 


above. Apparently they are eaten up by the larger 
crysiais even if they had a type-B orientation. From 


the X-ray diagrams it follows that if very small crystals 


Cem 


— = 
| 
| 


2000 2300 2600 30007 °C 


“Partially doped” wire. Dependence on annealing temperature of (a) texture ratio A/B 
The vertical line at each temperature indicates the spread due 


to different annealing times 


Fic. 4. 


Recrystallized (K, Si, Al) doped tungsten wire ( 


400): Groups of small crystals 


occur at the boundaries of the large ones 


3. Tungsten with dope of K, Al and Si oxides 

The normal type of dope of wires for the coils 
ofincandescant lamps consists of K, Si and Al oxides. 
The chemical analysis of such a wire is given in Ref. 1. 
Wires of 180 yu 
heating in vacuo. With some batches of wires no 


diameter were investigated after 
[110] or [wvO] crystals are found except for a few 
2000°—2300°C. With 


other batches, however, a minority of such oriented 


small ones after heating at 
crystals could be detected (see Ref. | and Section 4 
of this article). A few experiments of heating in an 
2300°, 2700 3000 °C 


the same results as with annealing in vacuo. 


argon atmosphere at and 


gave 


Heating in flowing forming gas gave an indication 


are present they always have a type-A orientation. 
They often occur in groups at the boundaries of the 
large ones (Fig. 4), which confirms the assumption 
that they had grown to some extent before the large 
and could eat 


crystal had reached their boundary 


them up. 

The general conclusion from Sections |, 2 and 3 
is that the previous results"? are confirmed as to the 
influence of the type of dope on the texture, and 
[531 }-[421] 
2200°C, 


also that the largest crystals have a 


orientation. At up to about 
[110 ]-oriented 


at higher temperatures the type B dominates. 


temperatures 


crystals (type A) may grow, but 


They 


grow faster than those of type A and are able to 


| | 
ol. 9 | | | | 
961 20}— | 
| I 
10}+—+— 4 
| 


830 ACTA METALLURGICA, VOL. 9, 


consume the smaller A-type crystals. The number 
of type-B nuclei seems generally to increase with 
a temperature rise from 2300°C to 3000°C. 


4. Effect of deformation on the recrystallization 
fexture 
test 


(a) Abnormal deformation. A comparative 


was carried out to determine whether abnormal 
deformation occurring during the drawing of the 
wire could lead to changes in the recrystallization 
texture at a wire diameter of 180u. The basic material 
for the test was a rod of normally (K, Si, Al) doped 
tungsten, which was cut in two; the two halves were 


formed into 180- wires in the following manner: 


(1) normal treatment, i.e. heated twice during ham- 
mering and drawn from 2.5 mm down to 180 uw; 

(2) forced treatment, i.e. heated only once during 
hammering and then drawn from 3.6 mm. 
Both wires were made to recrystallize by heating 

to 2200°C 


the results 


for 10 min in a hydrogen atmosphere. 
that treatment 
A/B value of 0.3, whereas forced treatment yielded 


were normal gave an 


a value of A/B = 1. Both wires had 2-3 crystals/cm. 


Thus abnormally severe deformation gives more 


of the A-type crystals. We will consider this effect 
in the last section. 
from the 


(b) Normal drawing 


findings under Section 4a, the fact that Swalin and 


process. Apart 
Geisler in a 250-« wire found exclusively a [110] 
Rieck"! 
a 180-~ wire a dominating [531]-type orientation, 


texture whereas and others®:*) found in 
made it seem worthwhile to investigate the recrystal- 
lization texture at the various thickness stages of the 
wire-drawing process. 

In addition the effect of the diameter itself on the 
recrystallization texture had to be studied and therefore 
wires were etched down to smaller diameters and 
then recrystallized. Further it was desirable to use var- 
ious recrystallization temperatures. 

For the experiments a rod was used of normally 
(K, Si, Al) doped tungsten. It was normally swaged 
500u, of 250u and 


of 180u were kept apart for investigation. We etched 


and drawn to 100u. Pieces of 


pieces of | mm wire down to 200u, and of 180u 
wire to 100u and to 58u. During the drawing the wire 
was heated at temperatures between 700° and 1100°C. 
Table | 


gives the resulting texture. Fig. 5 sum- 


marizes the results and shows the dependence of 


A/B on the annealing temperature and the diameter 
of the drawn wire. 


1961 


Discussions of the results of 4. From these results 
it is clearly seen that the recrystallization texture 
depends on the thickness of the wire, and again the 
influence of the temperature of heating is confirmed. 

The thickness of the wire may in several ways 
influence the recrystallization phenomenon: 

(a) By the degree of deformation of the metal, 

which increases with decreasing diameter. 

(b) By the fact that in a thin wire an outgrowing 

nucleus reaches the outer surface of the wire 
be attacked 


rounded by other crystals. 


sooner, where it cannot or sur- 


A VB 


_—-—- 500 | 
2504 


2000 2300 2600 3000 T °C 


Fic. 5. “Normally doped” wire. Dependence of the 
texture ratio A/B on temperature of annealing and dia- 
meter of drawn wire. 

(c) If there is a certain concentration of nuclei 
per unit volume their number per unit length 
will decrease with decreasing diameter. 

The experiments with etched wires cover the 

possibilities (b) and (c). The type of texture seems 

to be practically independent of the diameter as such 

and 25; 13, 23 and 26; 14, 


24 and 27 give about the same values for type-A 


(experiments I1, 22 


and type-B textures and for the ratio A/B). The 
experiments with wire and the same _ wire 
etched down from 500u to 200u show that although 
in wires which are not severely drawn the texture 
is always of the A-type, it seems that the centre of 
the wire gives a somewhat sharper recrystallization 
texture than the outer part. This could well be a result 
of the sharper drawing texture that always exsists 
in the centre of a drawn wire compared with that 
of the circumference. 

Neither (b) nor (c) have much influence on the 
number of crystals counted on the wire if we compare 
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original diameter 


etched-down wires with those of the 
xperiments Nos. 10-16; 22-24; 


25-27 all give about 
~3 crystals/cm). 
however, due to 


If the decrease in diameter is, 


drawing—possibility (a)—we will observe differences 
both in texture and number of crystals. This is in 
accordance with the findings of Section 4a about 
the influence of degree of deformation. 

The results show that in 500u wires only A-type 
textures are A/B = oo. 
temperatures above 2000°C at 250u we get A/B values 
between 1.5 and 2.2, but at 180u the ratio of A/B 


ranges from 0-0.7 and at 100u again from 1.4-2.6. 


formed and If we consider 


TABLE |. 


Annealing time 
and temp. 


Diameter 
(44) 


Experim. 


No. [110] 


almost 
[110] 


l hr 2300 Texture 


hr 2600 


hr 2000 [110] 


2000 
2300 
2300 
2600 
2600 
3000 


hr 
min 
5 hr 
min 
hr 
min 


2000 
2000 
2150 
2300 
2600 
2600 
3000 


180 hr 
180 
180 
180 
180 
180 
180 


hr 
hr 


hr 
hr 
min 


2000 
2000 
2300 
2500 


100 hr 
100 
100 


100 


hr 
hr 


hr 


200 etched 
from | mm 
100 etched 
from 180 4 
100 etched 
from 1804 
100 etched 
from 1804 


58 etched 


2600 
2000 
2300 
2600 
from 1804 2000 
58 etched 
from 1804 2300 
58 etched 


from 180 4 2600 
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Recrystal. texture 
[uvO], etc 


Fibre texture 


drawing 
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This effect might at least partially explain the con- 
tradiction between the results of Swalin and Geisler 
(who found a [110] -texture in recrystallized doped 
10 250u 
those published by the present author"? and others®: 7 
(who found a [421 ]—[531] -texture in thinner wires). 
But that thicker 250u 
one third of the crystals still had a [uvl] -texture. We 
must, take 
of Section 4, viz. that slight differences in the mechanical 


tungsten wires of mils diameter) and 


we observed in wires than 


however, also into account the results 


treatment may somewhat change the recrystallization 


texture. 


Results of recrystalization of normally doped W-wires 


Number! 


crystals/cm 


Mixed A andB of 


texture 


[uvl]  A/B 


absent, except for some 20 
type crystals 


Idem 


some random 
74 


crystals 2 non-recryst 


idem 


60—600 


non-recryst 


text many small 


a few 


‘ZI 
ol. 9 
2 500 | 12 
3 250 
4 250 3 x 
5 250 1} 7 2 6 1.5 | 
6 250 1 4 2 4 1.7 8 
7 250 1 3 4 | 3 2 5.5 
° 250 4 I 3 1.6 3.3 
9 250 | 3 5 3 3 2 12 
10 12 l x ? non-cryst 
11 2 3 5 0.5 ? 
13 13 0 2 
14 l 3 7 0.3 2 
15 14 0 2 
16 3 4 Ss 0.7 _ 
17 7 3 ? 1] mat 
18 3 l 3 4 
19 6 | 5 1.4 2 
20 |_| | 2 4 | 2 2.6 5.5 
21 
4 
6 | 6 2 
23 
2 1] 0.2 3 
24 
| 3 10 0.4 2.5 
25 
7 
26 
3 6 0.5 
27 
10 0 3 


ACTA METALLURGICA, VOL. 9, 


DISCUSSION OF ALL RESULTS 


(a) Effect of the dope 
The effect of the dope on the texture was reported 


earlier.”’ From the foregoing we may conclude in 


addition that in tungsten wires doped both with 
2 per cent ThO, and with different K, Si, (Al) dopes 


there are two general types of recrystallization tex- 


tures, which may be present in a pure or mixed 


The first type (A) has an orientation with 


[110] or [uvO] along the wire axis; the other type 
(B) has a [uvw] of about [421] or [531] direction 


along the wire axis. 


State. 


Those dopes and treatments which give the larg- 


est secondary crystals also generate a more pro- 


nounced type-B texture. 


(b) Effect of temperature 

At temperatures around 2000°C where the second- 
ary recrystallization starts, a large number of A-type 
nuclei can at first grow out into rather small crystals. 
Those crystals can eventually be eaten up by B-type 
crystals if the temperature is raised, e.g. to 2600°C. 
At about 2300°C there are only a small number 
of B-nuclei which of growing, 
The 


temprature 


have the capacity 


and large secondary crystals result. number 


of B-nuclei increases with elevation of 


to 2600°C and 


sort of 


3000°C. This would mean that there 


exists some growth selectivity depending 
on nucleus orientation and temperature of recrystal- 


lization. 


(c) Effect of deformation 
The that 
and 250u) the 


(500 


texture is of the 


fact with small deformations 
recrystallization 
A-type and with further deformation gradually 
changes over into a B-type texture, whereas below 
a diameter of 180u the A-type texture again increases 
slightly, could be explained, in our opinion, by the 
theory of ‘damaged dope skins”’. 
a secondary phase (containing the remnants of the 


dope in some form) was formulated by Meijering 
and Rieck‘) and extended by van Bueren and Rieck.” 


Between fibres in drawn tungsten wires there 


are supposed to exist walls of a second phase, as 
if the metal were surrounded by a “‘tube’’ parallel 
to the fibre. These walls would be very thin, in some 
cases as “thin” as a few atoms, and might even 
in some places be replaced by pores, but in any case 


they would temporarily inhibit crystal growth. There 


The idea of walls of 
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could, however, be “leaks” in the walls through 
which a crystallite might grow into the next fibre 
and at other places there might be “dams” in the 
enclosing tube to stop growth along the fibre direction. 
During primary recrystallization a new crystal may 
be formed in those parts of adjacent fibres between 
Thus a 


fibre structure results, as this crystal growth will 


which hardly any wall exists. broken-up 


stop at those walls which are more or less coherent. 


The walls or skins around crystallites of the 


B-orientations would suffer more heavily during 


certain stages of deformation, because this orientation 
does not have as many glide possibilities as other 
[110] 


The damage done to the skin of dope would enable 


orientations e.g. those near the direction. 


the B-crystallites to grow out more easily under 


certain circumstances than crystallites with other 
orientations: they would be the real nuclei of secondary 
recrystallization. According to the above-mentioned 
temperature effect only at temperatures where rapid 
2300°C) 


lead be sufficient to outgrow and even eat the A-type 


growth occurs (e.g. above would their 


crystallites. In the large crystal of the finally recrys- 
tallized wire the “swamped” walls or strings would 
still be present and might markedly influence the 
capacity for deformation of the recrystallized wire.“ 
The influence of the deformation on the texture 
of the recrystallized (K, Si) doped wires can be ex- 
plained with the above mentioned mechanism. In 
the earlier stages of drawing (1 mm, 500u diameter) 
the dope walls around B-type crystallites have not 
yet suffered much, they have therefore not yet a 
favourable lead in growing capacity over the numerous 
[110] -oriented crystallites; the result is that the 
[110] 
250u, 


however, some of the B-type crystallites act already 


recrystallization texture is entirely of the 


type and the resulting crystals are small. At 


as nuclei for rather large crystals, but in many places 
A-type nuclei are still able to grow out to rather 
small crystals. Among the latter are relatively many 
of the [wv0] type because many crystals pass during 
[320] 


orientation. 


orientations of 
[110] 
At about 180u the optimum conditions are reached 


deformation through e.g. 


before they obtain their final 


for the B-type crystals to dominate the recrystal- 
lization texture. Practically all other crystallites have 
attained the [110] position and the B-type crystallites 
are still in their original orientation, but their dope 
skins have suffered heavily by the maximum of bound- 
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ary flow. Their differences in orientation from the 
rest of the matrix, combined with the broken ‘‘walls”’ 
and annihilated ‘“‘dams’’, make them the nuclei for 


exaggerated growth. In this case we might speak 


of an oriented nucleation according to Burgers,‘* 
whereas considering the temperature effect the idea 
of growth selectivity according to Beck would 
be the more probable explanation. In our opinion 
the behaviour of tungsten illustrates the fact that 
neither of the two theories can completely explain 
all the different processes that can take place during 
recrystallization under different circumstances. 


Further deformation of the wire by drawing to 


100u diameter results in a change in orientation of 
a number of B or [531]-type crystallites, because of 
their glide in the [111] direction, to the region of 


[320]-type orientations and subsequently to the [110] 
position. We see in Table | at 100u relatively many 
[wv0] crystals under the A-type orientations. The A/B 
ratio (after heating above 2000°C) changes from an 
average of 0.25 at 180u to an average of about 2 at 
100u, and accordingly the crystal size is somewhat 
smaller. The same effect on the texture is observed 
if we compare wires of a certain diameter once drawn 
with a normal gradual deformation and the second 
time with a heavier deformation. It is quite probable 
that the degree and nature of the deformation has 
an additional effect on the number of leaks and dams 
in all the fibre walls, and that therefore the B-type 
crystals can lose part of their lead if severe deformation 
is applied. 

In the wires with ThO, dope the walls are of an 
entirely different composition and in consequence the 
optimum diameter for B-type recrystallization is also 
different from that in the case of (K, Si) doped wires. 

Recently Mannerkoski"® [531 ]- 
type of secondary recrystallization texture, but gave 


confirmed the 


a slightly different explanation for the process. 
Although he also assumes a tube-like structure, he 
supposes that its formation would be the result of 
displacement of dissolved atoms to the boundaries 
of the fibre-shaped crystallites during the deformation 
and annealing. Although we do not deny that part 
of the dope will be in a dissolved state and in this way 
also may have an influence on the complicated process 
that takes place when doped tungsten is heated from 
800" to about 2600°C, we would expect that the 
diffusion of dissolved dope to the boundaries ought 


already to have taken place when the first recrystal- 
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lization in the thick bar of tungsten took place during 
sintering of the deformed particles. If so the segregat- 
ed dope would be found at the surface of the tung- 
sten particle (whereas in our opinion it will be enclosed 
in the conglomerate of small W crystals forming 
a particle) and will be elongated to strings or walls 
during swaging and drawing and spread out between 
the fibres in the unrecrystallized wire. 

Millner“”’ assumes the dope in tungsten to be in a 
dissolved state during the whole process of manu- 
facturing and recrystallization. In an experiment on 
the recrystallization of cast tin with a small amount 
of silver he showed that the silver moves as a second 
phase with the grain boundaries.''*’? He assumes that 
if in tungsten a second phase were present, it would 
behave in the same manner, of which no indication 
metal because 


this system, 


can be found. However, 
of its difference in components and preparation, can 
the \re- 


hardly be regarded as a suitable model for 


crystallization of doped tungsten wires. 
CONCLUSIONS 


(Al) 


two 


K-Si 
dope the recrystallization textures are of the 
types: [110], [320] etc. called type A, and [531], [421] 


etc. called type B. The largest crystals of type B are 


In tungsten wires with ThO, dope ot 


nucleated above 2000°C and can consume the A-type 


grown at about 2000°C. The number of B-type nuclei 
increases with a rise of temperature. There is a marked 
influence of the degree of deformation on the recry- 
Stallization texture, the number of B-type crystals 
going through a maximum with decrease in diamete! 
by drawing. This is in accordance with the assumption 
that the B-type crystallites owe their growing capa 
city to “damage dope skins” and their special « 

tation. The latter explains also the occurrence of 


type orientations. 
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UNIDIRECTIONAL SOLIDIFICATION OF MELTS PRODUCING THE PERITECTIC 
REACTION* 
D.R. UHLMANN and G. A. CHADWICK+ 


The unidirectional solidification of liquid alloys that undergo a 
a prediction of the micro-morphology resulting from the solidification process is given 


peritectic reaction is discussed and 


Experimental results 


substantiate the prediction. Dendrites of the higher melting point phase are found in a matrix of the lower 


melting point phase in all alloys within the range of compositions of the peritectic horizontal 


SOLIDIFICATION UNIDIRECTIONELLE 
REACTION PERITECTIQUI 


A UNI 


L’auteur discute la_ solidification 


péritectique, et prédétermine la micro-morphologie résultant du processus de solidification 


DE BAINS DONNANT LIEl 


unidirectionnelle des alliages liquides qui donnent lieu a une réaction 


Des résultats expéri- 


mentaux confirment cette prédétermination. On trouve des dendrites de la phase présentant le point de fusion 


le plus élevé dans une matrice de la phase présentant le point de fusion le plus bas, pour tous les alliages com- 


pris dans la gamme de teneurs de l’horizontale péritectique 


GERICHTETE 


ERSTARRUNG EINER SCHMELZE 


IM ZUSAMMENHANG MIT DER 


PERITEKTISCHEN REAKTION 


Die gerichtete Erstarrung einer fliissigen 


sprochen und iiber die Mikromorphologie, die durch den Erstarrungsprozel 
gemacht. Experimentelle Ergebnisse unterstiitzen die Voraussagen 


zentrationsbereich die peritektischen horizontalen 
Matrix der Phase mit niedrigem Schmelzpunkt 


A binary liquid alloy can undergo one of three 
characteristic reactions during solidification: 


(1) production of a single solid solution; 
(2) production of a duplex structure by a eutectic 
reaction; 
(3) production of a duplex structure by a peri- 
tectic reaction. 
Of these, the first has been investigated quite 
thoroughly during the last decade by Chalmers and 


his co-workers." 


Theoretical treatments and experi- 
mental results of this reaction have been presented 
and the mechanics of the reaction are fairly well 
understood. Similarly, the solidification of a liquid 
of eutectic composition has been treated theoretically 
in minute detail,’ although experimental research 
in this area is lacking. However, it is of interest to 
note here that Chilton and Winegard” have obser- 


ved that when a melt of zone—refined lead and tin of 


eutectic composition is solidified, a simple lamellar 
Structure is produced at all rates of solidification. 


*Received March 10, 1961. 
*Gordon M°Kay Laboratory, Harvard University, Cam- 
bridge, Massachusetts. 
ACTA METALLURGICA, VOL. 9, 


SEPTEMBER 1961 


Dentriten der 


Legierung, die eine peritektische Reaktion durchlauft, wird be- 


entsteht, werden Voraussagen 


Man findet bei allen Legierungen im Kon- 


Phase mit héherem Schmelzpunkt in einer 


The solidification of a liquid leading to the peritectic 


reaction (subsequently termed peritectic melt) has 
received sparse attention, despite the fact that this 
reaction is extremely common. Descriptions of the 
peritectic reaction given in most metallurgical texts 
are in terms of maintaining equilibrium conditions 
during the solidification process, conditions that will 
hardly be approached 'n practice. 

One exception to this generalization is the des- 
Rhines™ of 


the buik liquid. A second exception is that of Chal- 


cription by “natural” solidification in 


mers” who has given a prediction of the morphology 
of the constituents as a result of unidirectional soli- 
dification of a peritectic melt. 

Rhines 


conflicting, and it is the purpose of the present article 


The descriptions by and Chalmers are 
to attempt to resolve the discrepancy. The unidirec- 


tional solidification of a peritectic melt is analysed 


qualitatively and the micromorphology of the alloys 


is predicted. Results of controlled solidification experi- 
ments are presented. It is shown that under normal 
solidification conditions the distribution of phases 
is markedly different from that expected from phase 


diagram considerations. 


0 
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THEORETICAL 

(1) Equilibrium solidification 

Figure | depicts the phase diagram of an ideal 
peritectic reaction and it indicates which phases will 
be found in equilibrium at any temperature. Nor- 
mally one will never obtain ideal solidification con- 
ditions, and the phase diagram merely represents the 
extreme condition to which the reaction will tend to 
proceed. It thus provides a limiting condition with 
which the steady state structures can be compared. 
Under equilibrium conditions all alloys to the right 
of C solidify as crystals of solid solution f. Similarly, 


all alloys to the left of D produce only crystals of 


the solid solution a. Alloys between C and E first 
deposit crystals of a but on cooling past the transition 
temperature, these are converted into the stable form 
fb. Alloys between D and E when solid form a complex 
of saturated a and / crystals having the compositions 
D and E£, 
and FE changes only the relative proportions of the 


respectively. Varying the alloy between D 
two phases without altering their compositions. 


(2) Steady state solidification 


The only theoretical treatment of the steady state 


solidifications of a peritectic melt has been given 


| 
C 
a 


| 
iE 
\ 


%B 


Fic. 1. 


B 


by Chalmers”. He has predicted that, except for 
a liquid of composition C,, any liquid between C, 
and somewhere to the left of C, will attain a steady 
state solidification of both a and / simultaneously, 
presumably at a planar interface. This mechanism is 
essentially similar to that of a eutectic reaction and 
the structure expected would be of a eutectiferous 
type, i.e. lamellar. Liquid of composition C, is sug- 
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gested to reach a steady state in which the / phase 
solidifies as the only solid phase from a liquid whose 
composition at the interface is C, and in the bulk 
is Cs. 

In the present analysis it is predicted that for all 
liquid alloys in the range C, to C,, a steady state 
process involving a planar interface will be unstable, 
and that solidification will constantly progress over 
a range of temperatures from the primary liquidus 


Fic. 2. 


temperature to a temperature somewhat below the 
critical temperature. A duplex structure is expected 
anywhere within the same range of compositions. 

Consider a peritectic melt of composition M, 
say, in Fig. 2, solidified directionally under an imposed 
temperature gradient. We will idealize conditions 
by assuming that the temperature gradient is lineat 
and is moved at a constant rate through the liquid. 
This is illustrated in Fig. 3. Assume that there is no 
convection in the liquid and the only transport mecha- 
nism in distributing the atoms of components A and 
B is by liquid diffusion. Assume that there is no 
diffusion in the solid. These conditions will be met 
to a greater or lesser degree in practice and in the 
controlled solidification experiments described later. 

Consider some fixed point, P, in the liquid at 
a temperature higher than 7, (Fig. 3) and witness 
the progression of the temperature gradient past this 
point. 

When the temperature of the liquid falls to 7,, 
primary crystals of a of composition A, (Fig. 2) can 
nucleate randomly in the liquid. As the temperature 
falls to T, more a will solidify, either onto the first 
formed nuclei or by the production of more crystals 
of a. In the temperature range 7, to 7;, corresponding 
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to a distance L in the liquid in Fig. 3, the amount of 
primary a phase will continue to increase and its 
composition follows the solidus down to point Ag. 
During the course of solidification the a crystals will 
reject B at the interface as in normal steady state 
growth, and as the temperature falls the composition 
of the liquid adjacent to the a crystals will become 
correspondingly richer in B. Thus there will be a layer 
of constitutionally supercooled liquid surrounding 
the primary phase. Also, as will be seen from Fig. 


Temperoture 


Distonce 


Solid a+liq Solid 


Liquid C, 


+ Direction of motion of temperature gradient 


Fic. 3. Schematic drawing showing length of solidification 


zone, L, due to imposed temperature gradient 


3, the surfaces of the a crystals that face in the direction 
of 7, will have access to grow in a liquid the tempera- 
ture of which decreases with distance from the inter- 
face. Each of these conditions of undercooling ahead 
of the interface can be individually responsible for 
be 
expected, therefore, that the combined effect of the 


producing a dendritic morphology. It would 


two factors would undoubtedly yield dendrites of a. 


The various branches of the a dendrites will grow 
until inhibited in the lateral direction by other den- 
drites of a, or by the solid Bliquid interface in the 
longitudinal direction. The micromorphology of the 
primary a phase, however, will be dependent on the 
temperature gradient and the solidification rate in 
the following manner. 

If the temperature gradient is steep and the soli- 
dification rate is high, there will only be a narrow 
region of undercooled liquid (ZL in Fig. 3) to which 
the dendrites can grow; and the time allowed for 


THE PERITECTIC REACTION 


growth in the lateral direction will be short. The 


interdendritic liquid will undercool substantially 
unless it can nucleate more crystals. When it does so 
they will also grow dendritically. Under this set of 
imposed conditions the primary a phase will occur 


as fine, small dendrites. 

Now imagine the conditions changed such that 
the temperature gradient is shallow and the growth 
rate is slow. Dendrites of the a phase will again be 
produced but they will have a much longer time to 
grow laterally into the supercooled liquid. The latter 
will be depleted of the excess A atoms by the trans- 
verse growth of the dendrite branches rather than new 


nuclei of a being formed therein. The large time 
factor involved allows the fine primary dendrites to 
attain a more massive growth form in which the 
branches grow large and round. 

The difference in growth conditions should there- 
fore lead to a distinguishable difference in the micro- 
structure in the two cases. The ratio of the amount 
of a to the amount of liquid of composition M, re- 
maining to solidify as B will be given by a simple 
application of the lever rule along the invariant line. 

The simplest case to consider for the solidification 
of solid B from the liquid in the interdentritic spaces 
is to assume that when the imposed isotherm on the 
point P under consideration falls to 7, the liquid is 
of a uniform composition M,. If this were the case, 
in the steady state condition, / would solidify to a 
composition B, at a quasi-planar interface with the 
rejection of B atoms from the solid. The liquid at 
the interface would be of composition M,. A diver- 
gence from a planar solid B-liquid interface would 
solid a of 


be expected since, at the a—/ junction, 


composition A., solid / of composition B, and liquid 
of composition M, can exist together at the tempera- 
ture 7,. Very locally at this junction the reaction will 
tend towards the equilibrium reaction, but its sphere 
of influence will probably be small. This consideration 
will lead to the / phase being produced at a concave 
interface with the composition B, adjacent to the a 
dendrites and B, in the interior regions. Fig. 4 illus- 
trates this point. 

Under normal steady state growth conditions there 
will be a constitutionally supercooled layer around 
the dendrites. Consequently the liquid in the inter- 
dendritic regions will not be of a uniform composition. 


The f phase will be able to nucleate first on the a phase 


by exactly the same reasoning as above. In the interior 
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regions the liquid concentration will be between M, 
and M, and the a phase can still nucleate and grow. 
If the nucleation of a is suppressed the concentration 
of solid B will increase from the steady state value 
of B, to a value between B, and B,. 

It is predicted that the above described morpho- 
logies of fine massive dendritic forms of a in a 


matrix of / will be found in all alloys of compositions 


Liquid 


Rejection 


Fic. 4. Schematic illustration of cencave solid B-liquid inter- 


face between « dendrites 


between C, and C, of Fig. |. In the region of compo- 
sitions C, to C, (Fig. 1) will be 
available for the dissolution of primary a to give 


insufficient time 
complete solidification of B. Consequently, a den- 


drites will remain. 


EXPERIMENTAL DETAILS 


Silver—zinec alloys exhibit a peritectic reaction bet- 
ween the compositions 83 wt.°, and 96.8 wt.°, zinc. 
The phase diagram has been determined accurately, 
and the appropriate part containing the peritectic 
reaction is reproduced from Hansen“? in Fig. 5. Since 
both high purity silver and zine are readily available, 
it was convenient to investigate this particular system 
even though practical difficulties are inherent in work- 
ing with a volatile material. 

Silver of 99.98 per cent purity and zinc of 99,999 
per cent purity were used in manufacturing ingots 
of pre-determined compositions. Calculated amounts 
of silver and zinc were weighed to an accuracy of 0.1 g 
to produce alloys weighing approximately 200 g. The 
metals were sealed and melted in evacuated silica 
capsules and quenched from the liquid state. The 
alloys were removed from the capsules, quickly melted 
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into a graphite mold under a helium atmosphere to 


produce ingots 3in. x jin. x 3in., and rapidly cooled 
to prevent loss of zinc from the free surface. The final 
composition of each alloy was assumed to be its 
nominal composition: no chemical analyses were 
performed on the ingots. 
Unidirectional solidification 
performed on several alloys in a covered graphite 
boat held in a helium atmosphere. Chalmers’ tech- 


nique™ was employed for controlling the growth 


experiments were 


rate. Water cooling was applied to the colder end of 
the boat to achieve a constant temperature gradient. 


600 


Temp °C 


80 90 
¥% Zn 
Fic. 5. Appropriate section of silver- 
zinc phase diagram involving perit- 
ectic reaction. 


Temperature gradients of 35°C/cm and 70°C/cm were 
measured and maintained at growth rates of 0.2, 


1.6, 4.0 and 10 cm/hr. 


RESULTS AND DISCUSSION 


After solidification, transverse and longitudinal 
microsections were taken from each ingot. Following 
grinding and polishing, the sections were etched in 
a dilute solution of mixed hydrofluoric and sulphuric 
acids,"*) which etches preferentially the zinc-rich or, 
phase. The 


) 


in the notation used previously, the / 
microstructures observed are in general agreement 
with those expected from the theoretical treatment 
given and need no further elaboration. Representative 
photomicrographs of alloys solidified under a variety 
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of conditions are given in Figs. 6-8. Primary solidi- 
fication of a occurs during steady state solidification 
of all alloys of compositions within the limits of the 
peritectic horizontal, even though the equilibrium soli- 


dification may be of a single solid solution. Dendrites 


Fic. 6. 90 wt. zinc-10 wt.% silver. G = 70 C/cm; 
R — 0.2 cm/hr. Primary silver-zinc phase light, 
zine-rich phase dark. 150. 


of the a phase (the silver—zine intermetallic compound) 
are observed in microsections of alloys where the pro- 
portion of the # phase is sufficient to form a contin- 
uous matrix. With larger proportions of a, the / phase 


is trapped in isolated interdendritic regions, and 


silver. G 35 C/cem: R 4.0 


150. 


8 wt.% 
cm/hr. 


zinc 


dendritic growth form is undiscernible. The expected 
coring in the zinc-rich phase results in an uneven 
attack of this phase by the etchant. It was found 
impossible to distinguish between transverse and longi- 
because of the randomness of 


the dendrite orientations. 


tudinal microsections 
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Decomposition of the / phase was incidentally 


observed in specimens that had been aged at room 


temperature for several weeks. At room temperature 


silver. G 35 ¢ 


150 


zinc-5 wt 
4.0 cm/hr 


cm, 


the P phase is highly supersaturated with respect to 


the a phase, and discontinuous precipitation of the 


a phase from the / matrix occurs in a manner similar 


(9) 


to the precipitation of tin from lead.’ The typical 


Fic. 9. Typical grain boundary precipitation reaction occuring 


in zinc-rich phase 750. 


is shown in Fig. 9. 


but it 


This phenomenon was 


that 


structure 


not studied in detail, was observed the 


reaction generally occurred at the / phase boundaries 
for 


nearest to the primary « In these 


the 


phase. regions, 


reasons given earlier, } phase would be richer in 


A than in regions far removed from the primary 


phase, and there would be a greater driving force to 


cause the precipitation reaction to proceed. 


4 
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CONCLUSIONS 


(1) The steady state solidification of the peritectic 


melt cannot occur with a planar solid-—liquid inter- 
face, but occurs gradually over a range of tempera- 
tures. 

(2) The two co-existing phases solidify over suc- 
cessive temperature ranges and not simultaneously. 

(3) The high temperature phase, a, grows den- 
dritically. A dendritic morphology is 
sufficient # phase is present to delineate the individual 
crystals of a. 

(4) Dendrites of a will be found in all melts that 
undergo the peritectic reaction when solidification 
proceeds under steady state or any nonequilibrium 
conditions. 
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EFFECT OF HYDROGEN ON THE YIELDING BEHAVIOR OF MOLYBDENUM * 
A. LAWLEY?, W. LIEBMANN? and R. MADDINS§ 


Molybdenum wires were quenched i vacuo and in hydrogen (1 atm pressure) from within 50°C of the 
melting point. Subsequent annealing in the range 25 C-130 C gave rise to substantial transient changes in 
the room temperature mechanical properties for material quenched in hydrogen; a similar annealing pro- 
duced no variation in the mechanical properties of material quenched in vacuo 

The variation of lower yield and flow stress with time of anneal resembles that of a typical age-hardening 
alloy with a maximum increase in lower yield stress of ~ 80 per cent over that of slowly cooled material 
Additionally a distinct upper yield point develops, the maximum yield drop coinciding with the maximum 
in lower yield stress. On further annealing the stress levels fall to those of the slowly cooled material with 
no upper yield point. From the kinetics of the annealing process the diffusion energy of hydrogen in 
molybdenum is found to be 0.40+0.02 eV. 

The large increase in yield and flow stress is considered to be due to a strong electrical interaction 
between hydrogen atoms and dislocations, the hydrogen atoms actually moving with dislocations in the 
plastic region. The observed effects are of a transient nature since there is a continuous decrease in the 
hydrogen content of the lattice on annealing, a picture consistent with gas analyses and recent data on the 
temperature dependence of the solubility and diffusion of hydrogen in molybdenum. The results have practical 
value in the commerical processing of molybdenum, as they indicate suitable heat treating conditions for 
the removal of hydrogen. 


EFFET DE L’HYDROGENE SUR LA LIMITE ELASTIQUE DU MOLYBDENEI 


Des fils de molybdéne ont été trempés sous vide et sous hydrogéne (pression | atmosphére) a partir d’une 
température inférieure de 50°C au point de fusion. Un revenu a des températures comprises entre 25 ¢ 
et 130°C a provoqué des modifications conséquentes des propriétés mécaniques a température ambiante du 
molybdéne trempé dans I’hydrogéne. Un traitement similaire du molybdéne trempé sous vide ne produit 
pas de variations des propiétés mécaniques. 

La variation de la limite élastique inférieure et de la tension de glissement en fonction du temps de revenu 
est identique a celle observée dans un alliage a durcissement structural. L’accroissement maximum de la 
limite élastique inférieure est de l’order de 80°, par rapport a celle du molybdéne refroidi lentement. De 
plus, il apparait un crochet de traction dont l’'ampiittude maximum coincide avec le maximum de la limite 
élastique inférieure. Au cours du revenu, les valeurs des différentes tensions se rapprochent de celles correspon- 
dant au molybdene refroidi lentement. En s’appuyant sur la cinétique du revenu, on trouve que |’énergie de 
diffusion de hydrogéne dans le molybdéne est de 0,40 + 0,02 eV 

L’accroissement important de la limite élastique et de la tension de glissement est di a une interaction élec- 
trique existant entre les atomes d’hydrogéne et les dislocations. En effet, les atomes d’hydrogéne suivent les 
dislocations au cours de la déformation plastique. Les effets observés sont éphéméres car la concentration d’*hydro- 
gene dans le réseau de molybdéne diminue continuellement au cours du revenu. Ce dernier résultat est en 
accord avec des dosages par analyse des gaz et avec les connaissances actuelles de |’effect de la température sur 
la solubilité et la diffusion de lhydrogéne dans le molybdéne. Ces résultats ont une valeur pratique pour 
la fabrication du molybdéne, car ils déterminent les conditions de traitement thermique adéquates a |’élimination 
de lhydrogéne. 


EINFLUB VON WASSERSTOFF AUF DAS FLIEBVERHALTEN VON MOLYBDAN 


Molybdandrahte wurden im Vakuum und in Wasserstoff (1 Atm. Druck) von Temperaturen von etwa 50 
unterhalb des Schmelzpunkts abgeschreckt. Nachfolgende Gliihungen im Bereich von 25 C bis 130 C gaben 
AnlaB zu erheblichen Anderungen der mechanischen Eigenschaften des im Wasserstoff abgeschreckten Ma- 
terials bei Raumtemperatur; eine dhnliche Gliihung ergab keine Anderung der mechanischen Eigenschaften 
des im Vakuum abgeschreckten Materials. 

Die Variation der unteren Streckgrenze und der FlieBspannung mit der Gliihzeit 4hnelt der einer typischen 
Aushartungslegierung mit einem maximalen Zuwachs der unteren Streckgrenze von 80 °, verglichen mit dem 
langsam abgekiihlten Material. Zusatzlich entwickelt sich eine ausgepragte obere Streckgrenze, dabei fallt 
das Maximum des Abfalls der FlieSspannung zusammen mit dem Maximum der unteren Streckgrenze. Bei 
weiterem Gliihen nahern sich die Spannungswerte denjenigen des langsam gekiihlten Materials ohne obere 
Streckgrenze. Aus der Kinetik des Auslagerns ergibt sich die Diffusionsenergie von Wasserstoff in Molybdan 

Der grobe zu 0,40 + 0,02 e V. Zuwachs der Streckgrenze und der FlieBspannung wird auf eine starke elektrische 
Wechselwirkung zwischen Wasserstoffatomen und Versetzungen zuriickgefiihrt, wobei sich die Wasserstoffatome 
im plastischen Gebiet mit den Versetzungen mitbewegen. Die beobachteten Effekte haben die Natur von Uber- 
gangserscheinungen, denn der Gehalt an Wasserstoff im Gitter nimmt beim Gliihen kontinuierlich ab; dies ist 
im Einklang mit Gasanalysen und neueren Daten zur Temperaturabhangigkeit der Léslichkeit und der Diffusion 
von Wasserstoff in Molybdan. Die Ergebnisse haben praktischien Wert fiir die komerzielle Verarbeitung von 
Molybdan, da sie geeignete Warmebehandlungen zur Entfernung des Wasserstoffs aufzeigen 
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INTRODUCTION 

The character of the hydrogen—metal interaction 
and the consequent effect on the yield behavior is 
expected to vary markedly with the position of the 
metal in the Periodic Table, being essentially metallic 
for Group VIIIA metals and ionic in the case of Group 
VA metals. The effect of hydrogen on the yield pro- 
cess has been studied in iron, and also in vanadium 
and columbium; however, little data is available on 
the role of hydrogen in the Group VIA metals molyb- 
denum snd tungsten. By studying the possible effects 
of hydrogen on the yield processes in molybdenum 
and in conjunction with the data on iron, vanadium 
and columbium it should be possible to gain a clearer 
overall picture of the hydrogen—metal interaction in 
transition metals. 
Rogers": *) has shown that below —80°C hydro- 
gen Causes an upper yield point to appear in iron, the 
nature of which is closely related to the yield point 
due to carbon and nitrogen. At room temperature, 
however, hydrogen suppresses the carbon or nitro- 
gen yield point. 
that 
point by hydrogen is caused by local stresses sur- 


More recently DeKazinezy’ has 


proposed the suppresion of the upper yield 


rounding inclusions of molecular hydrogen which 
contribute to the stresses at the specimen shoulder 
and so facilitate the initiation of the first Luders 
band. For a concentration of 100 p.p.m. hydrogen, 
the increase in flow stress is <1.0 per cent and is 
considered to be due to the dragging of hydrogen 
along with moving dislocations. 

In vanadium, Roberts and Rogers and Magnus- 
son and Baldwin’? report ductile—brittle-ductile be- 
havior for hydrogen contents in the range 80-600 


p.p.m. Eustace and Carlson“ have shown that hydro- 


gen in iodide vanadium increases the separation of 


the upper and lower yield point; with 10 p.p.m. 
hydrogen the flow stress increases by ~ 60 per cent 
giving a minimum in ductility in a narrow temperature 
about — 80°C. 


of temperature for maximum flow stress with strain 


range centered From the variation 
rate the authors conclude that hydrogen atmospheres 
move along with the moving dislocations. The model 
is based solely on an elastic interaction between hydro- 
gen and the dislocations. 

By studying the strain ageing kinetics of hydro- 


genated columbium (yield point return, dynamic 


modulus), Wilcox and Huggins‘? conclude that hydro- 
gen is responsible for the development of a distinct 


upper yield point. Measuring lower yield stress as 
a function of grain size and using the well known 
equation: 


it is shown that o,, the shear stress resisting the move- 
ment of unpinned dislocations is relatively insensitive 
to hydrogen content. K,, a measure of the locking 
stress, is found to increase fourfold with increasing 
hydrogen contents in the range 7-61 p.p.m. 
Information on the solubility level of hydrogen 
in molybdenum at ambient temperatures is incomplete. 
The absorption of hydrogen is endothermic in ac- 
cordance with an increase in solubility with rising 
temperature. Recent data by Hill™ gives solubility 
levels of ~ 70 p.p.m. and ~ 230 p.p.m. hydrogen at 
1280 


general agreement with the earlier work of Sieverts”® 


and 1700°C, respectively. These values are in 


in the temperature range 600°C-1100°C. By extra- 
polation, the room temperature solubility is found 
to be less than 5 p.p.m. In view of the low solubility 
figure it was decided to hydrogenate the molybdenum 
by thermal treatment. 


EXPERIMENTAL PROCEDURE 
(i) Heat treatment 
Tensile specimens were prepared from Fansteel 


G molybdenum wire, } mm diameter. Impurity levels 


(parts per million) of the four major impurities are 
listed in Table 1. 


All material was recrystallized in 


a hydrogen atmosphere to a constant grain size of 
TABLE | 


Condition of O N Fe H 


material 


As received 130+5 11445 40+5 300 max n.d.* 
Recrystallized and 
slowly cooled in 
hydrogen 20+5 52+5 20+5 
After water 
quenching 20+5 88+5 30+5 
After quenching 


20+ 5 


in hydrogen 
* Not determined. 


0.05 mm dia. This treatment resulted in a decrease 
in the carbon, oxygen and nitrogen contents to 20, 
52 and 20 p.p.m., respectively (Table 1). 

In order to study the specific effect of hydrogen, 
wire specimens were heat treated in one of the four 
following ways: 
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(a) Cooling slowly in hydrogen (1 atm pressure) 
from 2550°C down to room temperature. 
(b) Quenching from 2550°C in hydrogen (1 atm 
pressure). 

(c) Quenching from 2550°C (hydrogen, | atm 
pressure) into water. 

(d) Annealing in vacuum (2550°C) and gas quen- 


ching with helium. 


U 


Copper lead 


Electrodes 


Electrodes 


Woter 


Apparatus for quenching into water (schematic). 


Specimens were then annealed in an oil bath, at 
25, 50, 100 and 130°C for periods of time ranging 
from 0 to 200 hr. 

In the process of quenching into water, oxygen 
and nitrogen are picked up, the impurity levels rising 
from 52 to 88 p.p.m. and 20 to 30 p.p.m., respec- 
tively (Table 1). Samples annealed as in (a) and (b) 


above were analysed for hydrogen within 60 hr of 


heat treatment. For part of this period of time, the 
samples were stored under liquid nitrogen in order 
to minimise diffusion of hydrogen. Average hydrogen 
levels were 0.2 p.p.m. after slow cooling and 6.0 
p.p.m. after quenching. 

For heat treatments (a) and (b) the specimen is 
set between water cooled copper electrodes inside 
a Vycor tube and is self heated by the passage of an 
a.c. current. Hydrogen flows through the tube at | 


atm pressure. In treatment (b) the sample is quenched 


by simply cutting off the heating current. 

In order to quench into water, treatment (c), a 
steel tank was constructed as shown in Fig. 1. The 
wire is supported by two copper electrodes and is 
self-heated by a.c. current. Electrodes and wire form 
the quenching unit which is attached to the upper part 
of the tank by means of a thread. For quenching, 
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the thread is burned by the passage of a d.c. current 
through a coil surrounding the thread, the complete 
assembly dropping into the water. Contact between 
the upper part of the tank and the quenching unit 
is made by copper springs which can be adjusted so 
that the current is shut off at any specified time e.g. 
when the specimen has just fallen below the water 
surface. Hydrogen, at | atm enters and leaves the tank 
through tubes placed adjacent to the electrodes. 
The quenching device for heat treatment (d) is 


5 


shown schematically in Fig. 2. The specimen is sus- 


pended between water cooled electrodes inside a 


vacuum sealed Vycor tube. Two copper tubes are 
placed parallel to, and on either side of the specimen. 
Each tube has a series of holes which point radially 
toward the specimen along its length. By means of 
a valve, the two tubes can be connected with a sto- 
The whole 


10 4 


rage reservoir of purified helium 


gas. 
arrangement can be evacuated to a pressure of 3 
mm Hg. 

When the valve is opened, the helium is sucked along 
the tubes and ejected through the holes onto the hot 
wire specimen. Due to the drop in temperature, the 
resistance of the decreases and the 


electrical wire 


increased current activates a Thyratron tube which 


in turn causes a relay to switch off the heating current.* 


Fic. 2. Helium quenching arrangement (schematic) 


In all cases, the temperature of the wire is deter- 


mined from the measured electrical resistance. For 


this purpose, a small d.c. current is superimposed 


on the a.c. current and the d.c. voltage developed 


* The authors are indebted to Mr E. Korostoff for the 


design of the quenching circuit 


| | | | 
| | 
= | 
ol. 9 springs | 
961 | | 
+— | 
| 
| 
|. 
Valve 
Purified he — 
Fiectrode 
\ 
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across the specimen measured by means of a poten- 
tiometer. 
The quenching rates obtained with the three ex- 


perimental methods were measured by feeding the 


voltage, developed across the wire specimen during 
cooling, into an oscillograph. Cooling curves for the 
water quench, helium quench and hydrogen quench 
are shown in Fig. 3. For water cooling, the time 
taken to reach room temperature from 2550°C is 


approximately 0.25 sec, giving an overall cooling 


Helium - vacuum quench, 


hydrogen quench 


Fic. 3. Cooling curves for: (i) hydrogen, (ii) water, 


(iii) helium quench. 


rate of 10,000°C/sec. It is important to notice that 
over the first 1000°C drop, the quenching rate is in 
excess of 30,000°C/sec. With the helium quench and 
the quench in hydrogen, an overall cooling rate of 
5000°C/sec is found. Again, the quenching rate over 
the first 1000°C drop approaches 30,000°C/sec. 


(ii) Tensile testing 

Specimens were tested in tension at room tempera- 
ture on a standard Instron machine. Grips for the 
wire specimens were designed to move smoothly 
inside a circular metal casing with universal joints 
attached to each grip. In this way, any possible ben- 
ding and misalignment of the wire specimen was 
avoided. A constant gauge length of 1.5 in was used. 


EXPERIMENTAL RESULTS 
(i) Slow cooling in hydrogen 
5x 10-5-5~x 10-3 


sec ', slowly cooled material does not show an upper 


For strain rates in the range 
yield point. For purposes of comparison the yield 
stress was taken at the intersection of the elastic slope 
and slope of the plastic region of the load-elongation 
curve. In the first stages of plastic deformation, the 
constant. 


work hardening rate was found to be 


Over the range of strain rates investigated, both 
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yield stress versus log strain rate and log yield stress 


versus log strain rate give approximately linear 
plots. The first plot is illustrated in curve (a), Fig. 4. 
A linear log stress—log strain rate relationship was 
reported by Carreker and Guard for molybdenum.“ 
UTS. and elongation to fracture are also a sensitive 
function of strain rate. Annealing has no effect on 
the magnitude of the yield stress. 

(ii) Water quenching and annealing 

2550°C) the 


yield stress* is raised by ~5000 Ib/in?. On annealing 


Immediately after quenching (T, 
in the range 25°-130°C the room temperature yield 
stress increases to a value of 60,000 Ib/in? (i.e. an 
increase of 82 per cent over the value for the slowly 
cooled material) independent of annealing temperature 
and then decreases again approaching the value of 
Fig. 4, (b), 
the yield stress levels are plotted after 36 hr annealing 
at 25°C, 


a stress 


the slowly cooled material. In curve 


an intermediate stage of hardening, giving 
11,000 1b/in?. 
annealing curves is given in Fig. 5 
10-4 sec}. 


If the logarithm of the ageing times for maximum 


increase of A typical set of 
for a constant 


strain rate of 1.1 


room temperature yield strength are plotted against 


Ib/in x 10 


yield, 


Slowly cooled 


Lower 


Strain rote, 


dependence after 


annealing. 


. 4. The lower yield point-strain rate 
(i) slow cooling (ii) water quenching 


the reciprocal of the corresponding annealing tem- 
peratures (°K), a straight line relationship is obtained, 
Fig. 6, the slope of which gives an activation energy 
0.02 eV. If the time taken 


to reach 25 or 50 per cent of the total yield point 


for the process of 0.40 


increase is used for the above plot, the same acti- 


* After quenching and quenching plus annealing, a drop 
in load at the yield is observed, the magnitude of which depends 
on the applied strain rate. The stress level quoted is then the 


lower yield stress. 
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Ageing 


Fic. 5. 


vation energy is found. After the yield stress maximum 


has been reached however, the activation energy 


is no longer constant but increases steadily with 

annealing time to a maximum of ~1 eV for the 

longest times used in these experiments. 
The shape of the stress-strain curve changes 


significantly with annealing as shown schematically 


30 
xlO, °K 


Fic. 6. Plot of In (time for yield maximum) versus T°K-}. 


in Fig. 7 for temperatures of anneal from 25 to 130°C. 


Curve (a) for the slow cooled material shows no 
sharp yield point, the shape of the curve and the 
values of yield and flow stress being independent 
of any annealing treatment. Immediately after quen- 
ching curve (b), the yield and flow stresses are some- 
what higher than for curve (a) and depending on 
strain rate a more or less pronounced yield drop 


is observed. The total deformation prior to fracture 


Annealing curves for quenched material. Strain rate 1.1 


time nr 


Testing temperature 25 
is smaller than for curve (a), all wires however still 


fracture in a ductile manner. On annealing, the 


yield and flow stresses increase steadily with a con- 
decrease in deformation to fracture, 


At a 


and lower yieled point develops, with a maximum yield 


sequent prior 


curve (Cc). later stage a pronounced upper 


e 


Fic. 7. Variation of the stress-strain curves with anneal- 


ing following quenching 


drop occurring at the same annealing time as for 


maximum lower yield stress, curve (d). At strain 


rates lower than ~8 10 > sec! 


there is no drop 
in load at the yield and the stress-strain curves for 
the slowly cooled and quenched material are similar 


except for the absolute magnitudes of the yield and 


845 
= | T, = 2550 °C 
ol. 9 
| 
| —i 
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| | / | 
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flow stress. After the strain rate—yield stress relation- 


ship had been confirmed subsequent tests were made 


10-4 sect. For 


longer annealing times the magnitudes of the yield 


at a fixed rate of strain of 1.1 
drop, yield stress and flow stress decrease and the 
material regains its ductility, curve (e). In the final 
stages, curve (f), there is no drop in load at the yield 
point and curves (a) and (f) are identical. At no point 
in the annealing sequence is the molybdenum com- 
pletely brittle in the sense that fracture occurs on 
the elastic slope. There is always some plastic defor- 
mation prior to fracture, cf. curves (c) and (d). 
The sequence of events described in the preceeding 
paragraph gives rise to a double transition (ductile 
can be seen from Fig. 8 


brittle—ductile) which 


Time, nr 
8. The variation of lower yield strength and UTS 
with annealing time at 100 C. 


where in addition to lower yield strength, the utlimate 


tensile strength has been plotted as a function of 


annealing time. The separation between the two 
curves is a measure of the ductility of the material. 
The molybdenum is ductile immediately after quen- 
ching, becomes brittle at an intermediate stage of 
annealing (brittleness is defined as fracture at the 
yield after a small plastic deformation) and then 
regains its ductility after further annealing. 

Room temperature yield stress maxima occur 
after shorter and shorter annealing times as the 
Above 300°C 


it is no longer possible to catch the intermediate 


temperature of anneal is increased. 
stage of maximum stress. 
(ili) Quenching in hydrogen and annealing 

Results of these tests were completely equivalent 
to those shown in Fig. 5 for water quenched material 
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except that the maxiumm increase in yield and flow 
stress was ~73 per cent compared to 82 per cent 
after water quenching and annealing. 
(iv) Quenching in vacuo and annealing 

Immediately after quenching, the yield stress 
is 8000 Ib/in? higher than for slowly cooled material 
and 3000 Ib/in? higher than for the water quenched 
material. However, annealing up to 300°C has no 
stress levels, the stress—strain 


effect on the curve 


remaining identical to curve (a), Fig. 7, with no 
upper yield point. The ageing curve for 130°C is 
given in Fig. 5. 

After all three quenching procedures, ductility 
changes are observed after annealing above 800°C. 
For annealing temperatures of 1000, 1100 and 1300°C 
the room temperature ductility shows a maximum 
followed by a minimum during the first hour of 
anneal whereas the yield stress remains approxi- 
mately constant. Similar annealing of slowly cooled 


material has no effect. 


INTERPRETATION 
(a) General considerations 

It is first necessary to consider the factors that 
can give rise to the observed changes in flow charac- 
teristics on annealing below 300°C. These include 
(a) a redistribution of carbon, nitrogen and oxygen 
impurities after quenching; (b) strain effects intro- 
duced into the lattice while quenching; (c) the quen- 
ching in of excess vacancies; (d) hydrogen quenched 
into the lattice. 

The carbon impurity level is unaffected by heat 
treatment but there is a pick up of nitrogen and 
oxygen from the water during the quench (Table 1). 
However, since the low temperature stress peaks 
occur after both water and hydrogen quenching, 
and there is no contamination in the latter treatment 
it is clear that these impurities are not responsible. 
Further, the absence of an upper yield point after 
slow cooling and after quenching in vacuo plus 
annealing means that carbon nitrogen and oxygen, 
present at the levels stated in Table | are not respon- 
sible for any such effect. 

Because of the similar cooling rates in the three 
quenching treatments, subsequent annealing effects 
due to quenching strains should be apparent in 
all specimens irrespective of the mode of quenching. 
This is not the case cf. Sections (ii), (iii) and (iv) 
above. Further, the magnitude of any such effects 


Vol. 
| 
ke 
| | | 
| | 
| | 


LAWLEY ef al.: EFFECT OF HYDROGEN ON 


should decrease continuously on annealing, contrary 


to the observed pattern of events. 

As in the case of quenching strains, any effects 
due to quenched-in vacancies should appear in all 
specimens, irrespective of the mode of quenching. 
The absence of any variation in yield stress on an- 
below 300°C 


re-arrangement is not respon- 


nealing vacuum quenched material 
confirms that vacancy 
sible. 

From the above considerations it is concluded 
that the transient increases in yield and flow stress, 
and the accompanying drop in load at the yield point, 
are consistent with and directly related to hydrogen 
quenched into the lattice and its subsequent rear- 
rangement. Before 


in detail, mention should be made of the yield stress 


discussing the role of hydrogen 


increase observed immediately after water, hydrogen 
or vacuum quenching. It is possible that the increase 
is caused by an excess vacancy concentration, the 
vacancies being immobile below 300°C. This effect 
and the ductility changes occurring on annealing 
above 800°C are considered further in a later section. 


(b) The role of hydrogen 

Immediately after quenching, hydrogen is expected 
to be distributed randomly throughout the lattice 
and on annealing (25—130°C), to diffuse to dislocations, 
grain boundaries and free surfaces. If the dislocation 
density is 0, the time t needed to achieve equilibrium 


between hydrogen and the dislocations is of order 


2 Do 


(1) 


where D is the diffusion coefficient of the dissolved 
hydrogen atoms. From the recent work by Hill, 
coefficient D over the 


the diffusion temperature 


range 575-980°C is given by 
D 0.059 e 14700 RT ; 2) 


If it is assumed that this relationship holds down to 
25°C then Dy5¢-= 1.3 
6x 10 cm 
108 hr and 7,39¢ 0.25 hr for a dislocation density 


10 cm? sec ! and D, 39° 


> 


~ 


sec '. From equation (1), Ts 


of 10° cm *. These times are consistent with those 
required to develop the yield stress maxima, Fig. 5. 
The activation energy derived earlier for the annealing 
(0.40 0.02 


the activation energy of 0.63 eV in equation (2). 


process eV) is in fair agreement with 
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Extrapolation of equation (2) to lower temperatures 
is therefore reasonable. 

Atmospheres formed at dislocations by interstitial 
carbon and nitrogen in iron, and the equilibrium 
distributions of these impurities elsewhere in the 
lattice are stable in the sense that once formed, they 
are unaffected by prolonged annealing. Only with 
plastic deformation can the dislocations become 
free from impurities again. This is not the case for 
hydrogen in molybdenum since the upper yield point 
is removed and the yield and flow stress revert to 
the equilibrium values on annealing (Fig. 5 and 7). 
This 


a continuous decrease in the hydrogen concentration 


“over ageing” may be explained in terms of 
while annealing in the range 25—130°C, the hydrogen 
level eventually falling to that of the slowly cooled 
material (0.2 p.p.m.). 

Hydrogen concentration can be calculated from 
the solubility equation given by Hill" 


S 7 e 9700 / RT 


cm? 100g. (3) 


hydrogen at | atm 


Hill 
pressure at temperatures from 1280 to 1700°C and 


heated molybdenum in 


then quenched in water. Based on the diffusion 
coefficients given by equation (2), it was concluded 
that no significant quantity of hydrogen was lost 
during the quench. Thus, the solubility at the quen- 
ching temperature could be obtained by measuring 
the total hydrogen content of the quenched sample. 
The cooling rate for our molybdenum wires was 
that Hill so that 


will give the hydrogen content, at room temperature, 


faster than used by equation (3) 


after temperatures up 
240 p.p.m. 
5500 ( 


equation al 


immediately quenching for 
to at least 1700°C. It is found that S;799¢> 
2500°C, then 


If equation (3) is used at 


400 


temperature is 


p.p.m. The validity of the this 


uncertain; however the hydrogen 


content immediately after quenching will certainly 
be 240 p.p.m. Within 60 hr at room temperature 
the hydrogen level has fallen to ~6 p.p.m. (Table 1). 
yield drop, 


At room the maximum 


yield and flow stress (and minimum ductility) occu 


temperature 


~125 hr after quenching so that these effects are 


associated with a hydrogen concentration of less 


than 6 p.p.m. 

We now consider the possible hydrogen—dislo- 
cation interactions which can give rise to a yield 
drop and an associated increase in yield and flow 
that the hydrogen causes an 


stress. We suppose 
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upper yield in molybdenum, the nature of which 
is closely related to the yield point caused by carbon 
and nitrogen in iron. The increase in flow stress 
can be due to one of two mechanisms, either (1) 
a dragging of hydrogen atmospheres along with the 
moving dislocations or (ii) a hinderance to dislocation 
movement from the stress field of stationery hydrogen 
atoms in the lattice. For hydrogen in iron) and 
vanadium it has been shown that the experimental 
data is consistent with mechanism (i). In view of the 
relatively high mobility of hydrogen in molybdenum 
at ambient temperatures and the sensitivity of the 
yield drop and flow stress to strain rate, it appears 
likely that mechanism (i) may be operative here 
also. For this to be so, the applied strain rate must 
be of such a value that the dislocation velocity matches 
the drift velocity of the atoms comprising the atmos- 
phere. Following Cottrell“? the condition for maxi- 
mum interaction is of order 


Dom~é (4) 


where D is the coefficient of diffusion, o the dislocation 
density and é the required strain rate. Taking D5-°¢ = 
o= 10°-108 cm? 


and 
Do= 10 ®-10 * sec’!. The detailed curves of Fig. 5 


cm? sec 
are for é = 10 ‘sec ! so that the hydrogen atmospheres 
are certainly moving with a speed comparable to that 
of the dislocations. This mechanism will be operative 
the critical 


for strain rates a little above or below 


value of ¢, the magnitude of the effect then being 
lowered. 

The room temperature yield process for a speci- 
men annealed to maximum strength may then be 
pictured in the following way. At the upper yield 
point, dislocations are temporarily freed from hydrogen 
atmospheres; however, since equation (4) is satis- 
fied, a dislocation is not completely removed from 
the influence of its atmosphere and the latter is able 
to move with the dislocation but lags behind at 
a distance dependent on the applied strain rate. 
The shape of the stress-strain curve is in accord 
with this picture since the drop in load following 
the upper yield is not sharp and discontinuous but 
is well-rounded indicating that the mobile atmospheres 
dislocation 


prevent any catastrophic break-away. 


It is interesting to note that for é less than ~8 


10°° sec’, there is no observable drop in load. 


According to Cottrell") the maximum increase 


in flow stress due to this mechanism is given by 
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lo (shear) ~ 17 Cy N (5) 


0 


where N is the total number of atoms per unit volume, 
0 
interaction energy between a solute atom and a dis- 


is the average solute concentration and U is the 


location. In deriving equation (5) it is assumed that 


the equilibrium concentration C of solute atoms 
in the atmosphere is given by the Maxwell—Boltz- 


mann law 
(6) 

Based on experimental data on the dilatation 
caused by hydrogen and carbon in iron, “2: De- 
~ 0.20 eV for 


104 this gives Ao 


Kacincezy calculates U hydrogen 
With C, (shear) = 
500 Ib/in? in fair agreement with the experimental 
of 350 1|b/in?. 
interstitial hole size in molybdenum and vanadium, 


max 


in iron. 


value From a consideration of the 
and using the above value of 0.20 eV, the correspon- 
ding elastic interaction energies for hydrogen in mo- 
lybdenum and vanadium are ~ 0.16 eV and~0.17 eV, 
respectively. We should therefore expect that the 
effects due to hydrogen should be approximately the 
same for all the transition metals at the same hydrogen 
(shear) in 
10° in the case of vana- 
Of © 100 eV 
12,100 Ib/in?*. 
This demonstrates clearly that for the Group VA 


concentration. This is not so since Ao 
the present work is 12,100 Ib/in? for C,~ 6 
and is 7500 |b/in? for C, 
dium. Using equation (5), a value for Ll 


would be needed in order to give Ao 


and VIA metals there is a strong electrical interaction 
between hydrogen and the dislocations in addition 
to a small elastic interaction. In this case, equation 


dislocation 


and the 
will be 
much higher than that given by equation (6). Just 


(5) is no longer valid since U, 
concentration of solute at the 
what is a realistic figure for the electrical interaction 
energy is not known. 

From estimates of the interaction between a charg- 
ed ion and the electrical field (dipole) associated 
with the dilatational elastic field around an edge dis- 
location, Cottrell" has shown that in most cases 
this interaction energy should be small compared to 
the elastic component. However, in the case of ionic 
bonding, these interactions will be stronger. Recently 
Libowitz"® transition 


studied the nature of the 


*The relationship derived by Cracknell and Petch'’? for 
the elevation of flow stress due to the stress field of stationary 
solute atoms, gives an even higher value for Umax 
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metal hydrides and concluded that these are definite 
chemical compounds, deviation from stoichiometry 
being due to either vacancies or hydrogen interstitials. 
The atomic bonds in these compounds are largely 
ionic in character and the tendency to form hydrides 
decreases toward the right of the periodic table. 
Metals above Group V do not in general form hydrides. 

We may conclude that when the metal—hydrogen 
interaction is ionic in character as with the Group 
VA metals, then this is reflected in a strong electrical 
interaction between solute atoms and dislocations 
even though the hydrogen concentration may be 
well below the level required for hydride formation. 
For Group VIII metals, the metal—hydrogen inter- 
action is metallic in nature and only the elastic 
interaction between the hydrogen and the dislocations 
is important. The behavior of hydrogen in molyb- 
denum (Group VIA) resembles closely that of the 
Group VA metals even though there is no stable 
hydride possible. This is consistent with the obser- 
vation that the yield drop is large for hydrogen in 
Vanadium, even at low hydrogen contents; in molyb- 
denum the yield drop is less pronounced while in 
iron, the specimen has to undergo severe electrolytic 
charging in order to produce a yield drop.” 

“Over-ageing” of the material corresponds to 
a decrease in the average hydrogen concentration 
to a level at which there is insufficient hydrogen 
to form effective atomspheres at the dislocations. 
This concentration is of order | p.p.m. or less. It is 
possible that since the concentration of hydrogen 
is increased at the dislocations, this may lead to the 
formation of molecular hydrogen on a very fine 
scale, the hydrogen then escaping in this form. 
Significantly, beyond the yield stress maxima, the 
measured activation energies increase with increasing 
time of anneal, indicating that there is no longer 
a singly activated process. 


QUENCHED-IN VACANCIES IN MOLYBDENUM 


Consideration is now given to the ductility changes 
found after annealing above 800°C. Similar ductility 
minima were reported by Basche"” after quenching 
and annealing molybdenum in the same temperature 
range. He attributed the ductility minima to oxide 
or carbide precipitation. The yield point is known 
to be strongly affected by oxide or carbide, but the 
present results show that only ductility varies on 
annealing, the yield strength remaining constant. 
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The ductility minima observed in the present work 
therefore do not appear to be due to the formation 
of such compounds. Metallographic examination 
with the optical microscope did not reveal any pre- 
cipitation. 

It is possible that the effect is caused by the 
motion of point defects, retained in the lattice along 
with hydrogen after the quench. To our knowledge 
it has not yet been possible to introduce point defects 
into refractory body centered metals by rapid quenching. 
Kinchin 
irradiated molybdenum and found the latter to be 


(8) measured the resistivity recovery of 
a uniquely activated process with an energy of motion 
of 1.30 eV at temperatures ~190°C. Similar results 
(Makin 


Martin” studied the resistivity recovery 


were obtained for irradiated niobium and 
Minter“), 
of cold worked molybdenum and obtained an acti- 
vation energy of motion of 1.30 eV at ~I150°C. 
These results were interpreted in terms of the motion 
of interstitials. As yet there is no satisfactory calcula- 
tion of the energies of formation and motion for point 
defects in the refractory b.c.c. metals. If the ductility 
changes are due to the interaction of point defects 
and dislocations, then from a consideration of the 
temperatures and times involved, an activation energy 
of motion for the defects of at least 2.0 eV would 


be involved. For f.c.c. materials experimental values 


of motion energies are usually 1.0 eV. Further 
studies are to be made on the ductility phenomenon 
in an attempt to understand more fully the factors 


involved. 
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DEFORMATION STACKING FAULTS IN FACE-CENTERED CUBIC THORIUM AND CERIUM * 


McHARGUE?+ 


The deformation stacking fault probabilities were calculated from the peak shifts of X-ray diffraction 
lines for thorium and cerium deformed at room temperature. The values of 0.018—0.031 for cerium and 0.019 
for thorium are considered to be high, indicating that these metals have low stacking fault energies 


LES DEFAUTS D’EMPILEMENT 
CERIUM ET LI 


DEFORMATION DANS LI 


PROVOQUES PAR UNI 
THORIUM C.F.¢ 


L’auteur a calculé la probabilité des défauts d’°empilement provoqués par une déformation, a partir des dépla- 


cements des pics de raies de diffraction, pour le thorium et le cérium déformés a la température ambiante 


L’au- 


teur considére que les valeurs de 0,018-0,013 pour le cérium et 0,019 pour le thorium sont élevées, ce qui 
indique que ces métaux ont de faibles énergies de défauts d’empilement 


VERFORMUNGSSTAPELFEHLER 


IN KUBISCH-FLACHENZENTRIERTEM 


THORIUM UND CER 


Die Haufigkeiten von Verformungsstapelfehlern wurden aus den Verschiebungen der Maxima von R6ntgen- 


interferenzlinien von Thorium und Cer 


talle niedere Stapelfehlerenergien haben 


INTRODUCTION 


Close-packed crystal structures may be formed 
by stacking close-packed planes of atomic sites on 
top of each other, each layer lying in one of two 
sets of hollows on the first layer. If the atoms in 
the initial layer take positions called A, those in the 
next layer may take positions denoted either as B 


or C. The face-centered cubic structure is character- 


ized by a stacking sequence in which the atoms of 


each layer take positions different from those of 


the two preceeding layers, or in the above notation, 
ABCABC.... In _ the 


hexagonal close-packed structure, each layer must 


have the stacking sequence 


differ only from the preceding one, i.e. have the 
stacking sequence ABABAB.... 

A stacking fault is a break in the stacking sequence 
which maintains the number and distance of nearest 
neighbors. In the face-centered cubic structure, one 
fault 
plane (111) but with the glide vector in a [112] di- 
rection. This 
ABCACABC... 
It was shown by 


such results from glide on the close-packed 


produces the stacking sequence 


called a deformation fault 
Barrett that 


face-centered cubic metals produces such faults and 


and is 
cold work in some 
that these faults have important effects on the X-ray 
pattern.) 


* Received February 27, 1961. 

+ Metallurgy Division, Oak Ridge National Laboratory, 
operated for the U.S. Atomic Energy Commission by Union 
Carbide Corporation 
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welches bei Raumtemperatur verformt worden war, berechnet. Die 
Werte von 0,018-0,031 fiir Cer und 0,019 fiir Thorium werden als hoch 


angeshen, sie zeigen, dal} diese Me- 


Considerable interest in the properties of stacking 


faults has been generated by the realization that 


they might be produced by the splitting of a total 
dislocation into two partial dislocations. If the two 


resulting Shockley partial dislocations move apart 


in the slip plane, they are connected by a section 


of fault. Seeger has been particularly active in at- 


tempting to explain differences in the plastic prop- 


cubic metals in terms of 


erties of face-centered 


such extended dislocations. 


It has been observed that the monovalent face- 


centered cubic metals and lead have a relatively 


high frequency of stacking faults after cold work, 


whereas aluminum contains almost no faults. ° 


Seeger? *) has attempted to group the close-packed 


metals into those with high faulting ene (low 


Lies 
incidence of faults) and those with low faulting energies 
Although one 


nickel and platinum to have high faulting energies, 


(many faults present). paper predicts 


later considerations have led Seeger to believe that 


these metals should have low faulting energies 


The experiments of Wagner"? showed a stacking 


fault probability of 0.005-0.006 for nickel filings 


prepared at liquid oxygen temperature. If the faults 
were randomly distributed, this would be one fault 
for every 160-200 (111) planes. This faulting probabil- 


ity is io be compared with one of 0.012 for 


0.017 for 0.003 for 


copper, 


silver’ and aluminum"? in the 


same temperature range. It would seem that the 


number of faults in nickel is intermediate between 


the low and high stacking fault energy metals. On 


ol. 9 
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the other hand, a recent study by Taranto and Brotzen 
found a faulting probability of 0.016 (one plane in 
sixty-two) for platinum filings prepared at room 
temperature." Since one would expect the faulting 
probability to increase with decreasing temperature 
of deformation, it seems that there is a significant 
difference in platinum and nickel. 

The present study was carried out in order to 
investigate further the occurrence of faults in the 
face-centered cubic metals. The metals cerium and 
thorium were chosen partially because each is the 
initial element of a rare earth series in which the 
4f or 5f electronic states are being filled rather than 
the “outermost shell” of 6p or 7p. Furthermore, 
face-centered cubic cerium transforms at a tempera- 
ture slightly below 273°K to a hexagonal structure 
which has the stacking sequence ABACABAC....“” 
These two structures are related in somewhat the 
same way as the cubic and hexagonal structures of 
cobalt. The geometrical features of one lattice can 

e generated from the other by an array of stacking 
faults. Thus, it might be expected that deformation 
of cerium at room temperature might result in a high 
density of stacking faults. 

Berlincourt has reported that band calculations 
by Lehman indicate a striking similarity between the 
forms of the 6d bands in face-centered cubic thorium 
and the 3d bands in nickel.” If, as Seeger believes,‘ 
there is a close relationship between the band structure 
and faulting energy, one might expect the faulting 


behavior of thorium to be similar to that of nickel. 


EXPERIMENTAL PROCEDURE 


The cerium used was made available by F. H. 
Spedding of the Institute for Atomic Studies, Ames, 
lowa. It was melted in a tantalum crucible under 
a vacuum of 10 7 mm Hg to outgas and to reduce 
volatile impurities. A typical analysis of a specimen 
is 0.006 Mg, 0.012 Si, 0.006 Ca, 0.025 Fe, 
0.018 O, 0.001 N and 0.005 H (per cent).* All other 
elements were below limits of detection. The iodide 
crystal-bar thorium used contained only 30 p.p.m. Fe, 
150 p.p.m. C, 20 p.p.m. O and 10 p.p.m. N as signif- 
icant impurities. 

Because of the difficulties associated with handling 


powders of these metals without significantly contam- 


*Mg, Si, Ca and Fe were determined by spectrographic 
analysis; O, N and H were determined by the vacuum fusion 
method. 


1961 


Defor- 
mation was accomplished by either rolling an an- 


inating them, solid specimens were used. 
nealed plate to a reduction in thickness of 75 per cent 
or by peening the surface of the specimen with an 
electric vibrating tool. In all cases, the deformation 
was carried out at room temperature. 

The shapes and shifts of the 111 and 200 X-ray 
diffraction peaks were recorded with a Norelco 
diffractometer using CuK, radiation. To minimize 
both 


20/min. The peak position was 


positioning errors, peaks were recorded in 
a single run of 1/8 


taken at half-maximum intensity after the K,, and 


K.,, components had been separated using the graphical 


method of Rachinger."® 


Paterson" has shown that deformation stacking 
faults on {111} planes of a face-centered cubic metal 
broadening of the X-ray 

shift. 
small 


produce a symmetrical 


powder pattern and a small peak Warren 
and Warekois") that for 
a (the probability of finding a fault on a {111} plane), 


the shift in the peak position is given by 


showed values of 


270 3 a cos? @ tan 4, 
(A20°) = (+) (1) 


where 9, is the Bragg angle, /, is the reciprocal 
lattice co-ordinate, and @ is the angle between the 
reflecting normal and the planes containing defor- 
mation faults. If we consider the 111 and 200 reflec- 
tions, the change in the peak separation for a faulted 
and unfaulted specimen is given as 


0(A26°) = (—7.90 tan tan (2) 


In all the treatments of the effects of stacking 
faults on X-ray diffraction maxima, it has been as- 
sumed that the faults occur randomly on only one 
parallel set of [111] planes. Moreover, the faults 
are treated as if they extend over the total width 
of the grain or subgrain. Hopefully, all investigators 
assume that the value of a calculated from the change 
in peak separation will be the total probability of 
finding faults on all members of the [111] planes. 
It is not yet clear just what effect the occurrence of 
the faults only as ribbons between partial dislocations 
which have a separation of the order of a few inter- 
planar spacings would have on the diffraction maxima. 


DISCUSSION OF RESULTS 


The results of this study are summarized in Table 1. 
Both cerium and thorium show high deformation 
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stacking fault probabilities after room temperature 
deformation. The value of 0.031 for a for the specimen 
Ce | is approximately the value of a reported for 


copper alloys deformed at room temperature and 


is considered to be quite high. 

It is not surprising to find a high faulting proba- 
bility in cerium if one considers the face-centered — 
hexagonal transformation which occurs in this metal. 
The temperature for the start of transformation is 
10°K or only 25°-45° below the 
The low temperature 


reported to be 263+ 
deformation temperature. 

phase is hexagonal with a 
ABACABAC.... The hexagonal lattice can be describ- 
ed as being related to the cubic lattice by the passage 
dislocations across alternate 


of Shockley partial 


planes of the cubic lattice. 


TABLE 1. Peak shifts, stacking fault probabilities and recip- 
rocal stacking fault probabilities for cerium and thorium 
deformed at room temperature 


Change 


Method of deforming 
in (120°) 


Specimen 
0.031 
0.018 
0.019 
0.019 


0.110 
0.062 
0.070 
0.070 


Ce Rolling 
Ce Surface peening 
Th Rolling 
Th Surface peening 


According to Seeger, platinum and nickel should 
show similar behavior with regard to 
deformation stacking faults, and it would be reason- 
able to expect thorium to exhibit the same behavior. 
The results of this study show a high faulting proba- 
bility for thorium as do the results of Taranto and 
Brotzen for platinum,”® whereas, studies on nickel 


have failed to detect any significant number of 


faults (9.1617) 
In order to 
as-deformed and annealed filings of nickel were run 


check this difference in behavior, 


stacking sequence of 


formation of 


THORIUM AND CERIUM ss 853 


on the same diffractometer as the thorium with all 
experimental conditions as nearly the same as pos- 
sible. Filings of 99.99 per cent pure nickel which 
passed through a 325 mesh screen were prepared at 
room temperature. Those used to obtain the unfaulted 
800°C in a 


mm Hg. No shift was observed in the sep- 


data were annealed 2 hr at 


3x 10 
aration of the 111 


vacuum of 


and 200 diffraction maxima and 
it must be concluded that the faulting probability 
of nickel is very low and differs significantly from 


thorium and platinum. 
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PLASTIC MICROSTRAIN IN SILICON-IRON * 


J.C. SUITS? and B. CHALMERS?* 


Specimens of fine and coarse grain 3!/,°, silicon-iron were stressed in tension to various stresses below 
the upper yield point and then examined by an etching technique sensitive to dislocation sites. Slip was 
first observed at approximately 30 kg/mm? independent of grain size. This is the approximate value of friction 
stress and single crystal yield stress for silicon—iron observed by Stein and Low." As the applied stress 
was increased above 30 kg/mm?*, more and more individual grains yielded, and somewhat below the macro- 
scopic yield stress clusters of yielded grains were observed. The behavior of this “pre-yield” plastic micro- 
strain was markedly dependent upon grain size. 

The percentage of grains yielded versus applied stress was measured for the 204 and 1704 grain sizes 
These curves are consistent with the theory that plastic microstrain nucleates at stress concentrations, e.g. 
precipitates, randomly distributed throughout the volume. From these curves the density of active nucleation 


sites was derived as a function of applied stress 


MICRODEFORMATION PLASTIQUE DU FER-SILICIUM 

Les auteurs ont déformé par traction des échantillons de fer-silicium (3,25°%) a petits et gros grains. La 
tension appliquée est inférieure a _ la limite élastique supérieure. Les échantillons sont alors examinés par 
une méthode d’attaque sensible aux sites de dislocations. Le premier glissement apparait pour une tension 
voisine de 30 kg/mm* qui est indépendante de la taille des grains. Cette valeur est voisine de la valeur de 
la tension de friction et de la limite élastique des monocristaux de fer-silicuim mesurés par Stein et Low.(') 
Lorsque la tension appliquée est supérieure a 30 kg/mm /”, le nombre de grains individuels qui se déforment s’accroit. 
Lorsque l’on est proche de la _ limite élastique macroscopique, on observe des amas de grains déformeés. 
Ces microdéformations plastiques dépendent fortement de la taille des grains. Le pourcentage de grains déformés 
en fonction de la tension appliquée a été mesuré pour des tailles de 20 microns et 170 microns. Ces courbes 
sont en accord avec la théorie de la germination de la microdéformation plastique aux lieux de concentration 
de tension, par exemple sur des précipités distribués au hasard dans la matiére. 


A partir de ces courbes, on a calculé la densité des sites de germination actifs en fonction de la tension appliquée 


PLASTISCHE MIKRODEHNUNG VON SILIZIUM-EISEN 

Grobkornige und feinkérnige Proben aus Eisen mit 3,25°, Silizium wurden gedehnt bis zu verschiedenen 
Spannungen unterhalb der oberen Streckgrenze und dann untersucht mit einer Atztechnik, welche die Versetzungen 
anzeigt. Die erste Gleitung wurde bei etwa 30 kg/mm? beobachtet, unabhangig von der Korngr6éBe. Dies ist 
ungefahr der Wert der Reibungsspannung und der FlieBspannung von Einkristallen aus Silizium-Eisen, wie 
ihn Stein und Low(') beobachteten. Mit zunehmender duBerer Spannung erreichten immer mehr Einzelk6rner 
ihre FlieBspannung und etwas unterhalb der makroskopischen Streckgrenze wurden Anhadufungen von verform- 
ten K6rnern beobachtet. Das Verhalten dieser plastischen Mikrodehnung vor dem FlieBen hing merklich von 
der Korngrébe ab 

Der Prozentsatz von verformten K6rnern wurde als Funktion der angelegten Spannung gemessen fiir die Korn- 
groBben von 20% und 170u. Diese Kurven sind im Einklang mit der Theorie, daB sich 1 Keime der plastischen 
Mikrodehnung an Spannungskonzentrationen, z. B. an statistisch verteilten Ausscheidungen bilden. Aus diesen 


Kurven wurde die Dichte der aktiven Keimbildungsstellen als Funktion der angelegten Spannung ermittelt. 


Cottrell’s theory’) of the effect of grain size loose from their atmospheres in the vicinity of stress 


upon the yield point of polycrystalline iron essentially concentrators, e.g. precipitates, grain boundaries, 


States that at stresses below the upper yield point fillets, etc., and these dislocations then pile up on 
plastic microstrain occurs by dislocations breaking grain boundaries. When the stress becomes high 
enough, these dislocations initiate slip in neighboring 
*This work was performed in the Division of Engineering 8'4!NS and the upper yield point has been reached. 
and Applied Physics, Harvard University, Cambridge, Massa- Louat’s theory of vielding.“’ on the other hand. 
chusetts, Received February 13, 1961. 
+Present address: IBM Research Center, Box 218, York- 
town Heights, N.Y. as-grown dislocations and requires macroscopic 
tDivision of Engineering and Applied Physics, Harvard 
University 


attributes pre-yield microstrain to bowing out of 


yielding to occur as soon as the first dislocation is 
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SUITS 


released from its atmosphere. It was therefore of 


interest to examine dislocation etch pit patterns in 
polycrystalline silicon-iron stressed to various stresses 


below the upper yield point. 
EXPERIMENTAL PROCEDURE 


The composition in weight per cent of the as- 
mm thick silicon—iron sheet used in this 
3.14, C = 0.001, Mn—0.043, 
0.066, Cu—0.079, Sn 

This material had 


received | 
investigation was Si 
P—0.008, S—0.018, Ni 

0.010, Cr—tr and Al—tr. 
hot-rolled and annealed in hydrogen for 22 hr at 
850°C. Suits and Low™) had found that about 0.004 


wt. °,, carbon was necessary in order to etch dislo- 


been 


cation sites. Therefore, the as-received silicon-iron 
was cut into strips, rough polished, and then car- 
burized by annealing the samples for about 10 min 
at 900°C in an atmosphere of hydrogen which was 
continually bubbled through normal heptane.“ 

Next, the strips were strained in tension or by 
The 


surfaces of the samples which were strained in tension 


rolling in preparation for recrystallization. 


were ground flat. 

Then, a group (usually six or eight) of carburized, 
strained and ground specimens was placed between 
steel and the 


two $ in. thick sheets of low-carbon 


entire “sandwich” was tightly screwed together. 


The 


specimen shape of the following dimensions: gauge 


sandwich was then machined into a tensile 


section 3.83 by 33 mm, fillets 25 mm radius, total 
specimen length 95 mm. The thickness of each in- 
dividual specimen in the sandwich was about 0.75 mm. 

Following machining, the sandwich was _heat- 
For 


example, the 170u grain size (average grain diameter, 


treated according to the grain size desired. 


was produced by an 8 per cent strain in tension 
1075°C, 


20 mw grain size was produced by rolling 50 per cent 


followed by a 30-min anneal at and the 


followed by a 10-min anneal at 700°C. The dislocation 


density was 6 10° cm ? for both the 170 and 20u 
grain sizes. 
After 


up and each specimen was loaded in tension to 


annealing, the sandwiches were opened 
a particular value of stress below the upper yield 
point and then unloaded. All tensile tests were made 
|| The specimens 
150°C for 20 
to segregate carbon to the dislocations. Then, the 
(about 50u 


at a strain rate of 1.2* 10? sec 


were then annealed at min in order 


specimens were hand-polished was 


anc CHALMERS: PLASTIC MICROSTRAIN IN SILICON-IRON 


removed), lightly electro-polished, and electro-etched 
with chrome-acetic acid by the Dunn and Daniels 


technique.) 
EXPERIMENTAL RESULTS 


The stress-strain curves for fine and coarse grain 
silicon—iron are shown in Fig. |. The fine grain ma- 
terial, in contrast to the coarse grain material, has 


a high yield stress and deforms inhomogeneously 


GRAIN SIZE = 20 MICRONS 


STRESS | 


G/MM2) 


30+ 


STRAIN 


Stress-strain curves of fine and coarse grain silicon 


iron 


showing an upper and a lower yield stress. Fig. 2 


shows the variation of lower yield stress with grain 


size for the silicon-iron of this investigation and 


also for three different varieties of steel tested by 
Hall. Both straight lines were drawn with the same 
slope. Adding silicon to steel appears to shift the 
entire curve upward without changing the slope. 

A yielded grain in fine grain silicon—iron appears 
as in Fig. 3. The solid dark lines are grain boundaries 
and the pits are the points of intersection of disloca- 
tion lines with the plane of the photograph.” The 
rows of pits in the center grain represent dislocations 
in slip planes. Fig. 4 shows a region in which yielding 
has propagated from one grain to an adjacent grain. 


The continuity of slip across grain boundaries shown 
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STRESS 
(KG/MM 2) 


3% Si 
045% C 
060%C }HALL'8) 


-020%C 


1 
6 7 9 


me 
(MM- >) 


Fic. 2. Variation of lower yield stress with d~'/? where d is the average grain diameter. 


here is not usually observed. The spacing between TABLE | 


etch pits in a given slip line was irregular and did not 
Gauge length 
exhibit the type of pile-up described by Eshelby ee 


et al.°) The average spacing in a slip band in the 


slip 


no. 


rains yielded 


Maximum cluster size 


N 
D 
= 
x 
2. 


grains yielded 


lines/grain 


Average 


o 


Stress (kg/mm?) 


Sample 


Grain size 


0.0 
0.03 
0.06 
0.3 
0.9 


3 
iiders’ band started 


Fic. 3. A yielded grain in 20, silicon-iron after being. 


stressed to 90 per cent of the lower yield point. » 2000. eo 


microstrain region varied between about 0.5 and 
2m. These limits were relatively independent of 
grain size. 

Values of percentage grains yielded, average 
number of slip lines per grain, and maximum number 


of grains in a yielded cluster are given in Table 1. 


856 
50 
40 
x 
30 
20 
° 
4 
x 
10 e 
2 3 a 5 10 il 
! Oo . 
¢-= 
7 1961 
© = 
* 
© * ‘ © 
‘3 100 0 0 0.0 0 0 
c 
103 33.6 0.2 4 
. 102 38.1 9 
ry 98 43.4 3 l 2 8 2 
99 45.5 4 6 10 5 
152 28.7 0.0 0 0 2 10 l 
151 30.8 0.4 10 | 5 11 1 
150 | 34.2 0.9 11 3 7 17 3 
148 | 37.2 ’ 20 7 50 34 15 
147 | 38.2 50 100 20 50 100 15 
146 40.0 100 200 100 200 


SUITS anp CHALMERS: PLASTIC MICROSTRAIN IN SILICON-IRON 


Due to the stress concentration in the vicinity of 


the fillets, measurements were taken in 


this region. Some of these measurements are plotted 


separate 


graphically in the next section. 


Fic. 4. Yield propagation. «1700. The grain size is 20. 


DISCUSSION 

The general picture of pre-yield plastic microstrain 
for fine grain size is illustrated in Fig. 5 and may be 
described as follows: at a stress considerably below 
the macroscopic yield stress, slip in individual grains 
occurred. As the stress was increased, more and 
more individual grains yielded. At still higher stresses 
clusters of yielded grains were observed in the fillet 
region indicating that slip had begun to propagate 
from individual grains into adjacent grains. As the 
stress was increased further, these clusters. grew 
in size. At the upper yield point a cluster had grown 
large enough to propagate across the cross-section 
of the specimen in the fillet region, at which point 
the cluster is called a Liiders’ band. These Liiders’ 
bands then propagated along the gauge length at 
the lower yield stress. It is interesting to note that 
at the upper yield stress where 100 per cent of the 
grains in the fillet region had yielded only about 
1 per cent of the grains in the bulk of the specimen 
had yielded. Also, at the upper yield stress there 
were no clusters of yielded grains in the bulk of the 
specimen. 

The general behavior of the coarse grain silicon 
iron was somewhat different. Although slip began 
considerably below the macroscopic yield stress, 
clusters of yielded grains appeared at a relatively 
low stress in both the bulk and in the fillets. Many 


of these clusters grew quite large in many areas of 
the specimen, and the stress at which these clusters 
coalesced and thereby covered the entire specimen 
was the yield stress on the macroscopic stress-strain 
curve. In this case, just below the macroscopic yield 
stress the majority of grains were yielded in the 
bulk of the specimen. 

that the stress at 


Table 1 it be seen 


which slip began in coarse grain silicon-iron was 


From may 


29-31 kg/mm, and in fine grain silicon—iron 29-33 


kg/mm?*. This result, i.e. that the stress at which 


yielded grains were first seen was relatively independ- 


ent of grain size, is to be expected if one identifies 


Fic. 5. Microstrain in fillets (curves | and 2) and ma 


(curve 3) versus applied stress. The grain size 


this stress with the friction stress of the undeformed 
material. Now, the order of magnitude of dislocation 
velocity which is important for the yielding of a poly- 
crystalline metal is approximately that for which 
dislocations move rapidly enough to move from one 
grain boundary to the next in the time of application 
of the load. For ordinary tests this means that the 
applied stress must be such as to give the dislocations 
a velocity in the range 10 ®-10 * cm/sec. Stein and 
that 


16.1 


Low’s measurements"? on silicon—iron indicate 


this velocity requires a shear stress of 13.3 


kg/mm?, corresponding to a tensile stress of 26.6 
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for favorably oriented slip planes. 

nd Low had also found that the tensile yield 
stress of a single crystal of silicon—iron is 30.0 kg/mm? 
at room temperature for favorably orientated crystals. 
Thus, a consistent picture of the initiation of dis- 
location motion in both single crystals and polycrystals 
is available, namely that dislocation motion occurs 
in both at approximately the friction stress of the 


undeformed lattice (see Fig. 6). 


Fic. 6. The influence of friction stress 

Figure 7 illustrates the dependence upon applied 
tensile stress of the percentage of grains yielded, «. 
Considering the origin of these curves, the most 
obvious possibility is relative grain orientation, 
i.e. grains oriented such that they have the highest 
resolved shear stress will be the first to slip, and 
grains less favorably oriented will slip only at higher 
applied stresses. One may approximately calculate 
the a versus o relation to be expected from this theory 
2.04, 


9 


(see Appendix). One finds that for 2< oa 


(a) —1) (1) 


where o = 2 is the minimum value of applied tensile 


stress which will produce slip. From equation (1), 
a(2.02) = 0.035, which means that in order to yield 
33 per cent of the grains, one need increase the applied 


stress only | per cent over the minimum stress for slip 


196] 


to occur. Experimentally however, one finds that for 
fine grain material, in order to yield 1 per cent of 
the grains, one must increase the applied stress 
60 per cent over the minimum stress for slip to occur. 
Secondly, it is to be noted that if the experimental 
curve of a versus o is due to the variation in relative 
grain orientation (or due to elastic anisotropy), 
then one would expect these curves to be independent 
of grain size. Since this is experimentally (Fig. 7) 
that the 


relative grain orientation cannot satisfactorily explain 


not the case, it is concluded variation in 
the experimental curves. 

It is believed instead that these curves are probably 
due to local stress concentrators which are distributed 
(Stein and low 
have noted” that slip was nucleated at non-metallic 
Some 


randomly throughout the matrix. 


inclusions in silicon-iron single crystals.) 
stress concentrators are more effective than others, 
thus producing a variation in number of available 
active sources as a function of applied stress. One 
may consider the percentage grains yielded as a direct 
measure of the number of active sources available 
in the crystal as a function of stress, provided we 
confine our attention to less than about 10 per cent 
grains yielded. Suppose, for example, that | per cent 
of the grains have yielded. If the stress is increased 
slightly and more sources are activated, the proba- 
bility is 100 : 1 that the new activate 
slip in new grains rather than in grains which have 
per cent 


sources will 


already deformed. Thus, up to about 10 
grains yielded, the probability is very low that two 
sources will be activated in the same grain. 

One 
stress distribution to a power law of the form 


may approximately fit the experimental 


G 0 
0 k 


where o is the volume density of active sources, k, 


n and oa, are constants, and o is the applied tensile 
Now, the probability of a grain having an 


stress. 
active source is 


p = 


where d is the average grain diameter, and m is 
a geometrical constant equal to | for cubic grains. 
Thus, we have 


km 
d3 


(3) 


Now, p is also the percentage of grains yielded (i.e. 


p =a for p < 0.1), and thus we have an expression 
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Fic. 7. The percentage of grains yielded in interior versus applied stress 


60 
STRESS 
(kg /mm?) 

5 


l 1 
2 4 
NUMBER OF ACTIVE SOURCES / VOLUME (108 cm-3) 


Fic. 8. Density of active sources 


which we may compare with the experimental curves coarse grain size curve (d= 170m). Equation (4) 
of o versus a. yields the lower solid curve in Fig. 7 showing that 

Choosing o, = 28 kg/mm*, n= 4, and km'4 our assumption of a random distribution of sources 
62 kgcm~*4, gives the upper curve in Fig. 7, and throughout the volume does explain the strong 


dependence upon grain size of the experimental 


equation (3)becomes. 
curves of o versus a. Using the above value of k 


62 

28 p4 (4) and assuming m= 1 we obtain from equation (2) 

d the density of active sources in our crystal as a function 


From this equation we should be able to predict the of applied stress which is shown in Fig. 8. 
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APPENDIX 


[To derive equation (1) we assume (1) a single 
slip plane per grain, (2) a random distribution in 
space of slip plane orientations, and (3) the slip 
direction in a particular slip plane is in the direction 


of maximum resolved shear stress. Consider the 


collection of unit vectors normal to the available 


slip planes as originating from a point. The tips of 
these vectors will then be randomly distributed 
points on the surface of a unit sphere. Letting 9, 
be the number of points per unit area of sphere 
surface, the fraction of points between @ and 0+-d0 
will be 

20,d A 


da sin Od 0 0 


where @ is the angle between the tensile axis and 
element of surface area 
dO, 4a is the total 


is the 
and 


number of points, and the factor 2 is 


a unit normal, dA 


subtended between 
inserted so 
that all points on the sphere may be included by 
letting run between O and 2/2. 

Letting o be the applied tensile stress, t the re- 
solved shear stress on a particular plane, and wy the 
angle between the Burger’s vector and the tensile 
axis, 

T l 
(9) 


cos cos y) cos sin 


where we have chosen unity as the value of Tt at 
which slip begins. Therefore, we find 
da da dé 
do d0 doa 


sin® cos? 


1—2 cos* 


196] 


Eliminating 4 from equation (6) by using equation 
(5) gives da/do as a function of o. The distribution 
function is a double-valued function of 6 or o. Adding 
both branches of da/do gives the total distribution 
function. 

da/do is singular 


Equation (6) indicates that 


at o = 2 (0 = 45°). In this region one may express 


da/do as a simple function of o. Letting 4 +X, 
4 


for x ~ 0, one finds 


da 
do 
and 
l 


sin cos 6 
and therefore, 


(7) 


By integrating equation (7) taking the principle 


value one obtains 


a (oc) 
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THE CRITICAL TEMPERATURE OF SUPERCONDUCTING ALLOYS * 


D. P. SERAPHIM, C. CHIOU and D. J. QUINNt 


An analytic expression involving two arbitrary constants is fitted to the variation of critical temperature 
with alloy concentration in primary solid solutions. The fit is good over both the low concentration 
region where 7, decreases rapidly with concentration, and at higher concentration where often 7, increases 
well above the value for the pure solvent. The fit continues up to the limit of solid solution (in some cases 
up to 15 at. % solute). Both constants correlate qualitatively with the square of the difference in valence 
between solute and solvent and quantitatively with the change in reciprocal free path with solute concentra- 
tion. The correlation is apparent for fifteen different solid solutions with solvents In, Sn and Al. As a result 
we have predicted and found Al—Mg and AI-Zn rich solid solutions to be superconducting at temperature 
above the critical temperature for pure Al. The effect for gallium in indium, previously an anomaly, fits into 
this empiricism. 


LA TEMPERATURE CRITIQUE DES ALLIAGES SUPRACONDUCTEURS 

Une expression analytique comprenant deux constantes arbitraires est proposée pour représenter la variation 
de la température critique avec la concentration de l’alliage dans les solutions solides primaires. La correspondance 
est bonne, a la fois dans le domaine des faibles concentrations ot 7, décroit rapidement avec la concentration, 
et pour les concentrations plus élevées ot 7, augmente souvent bien au-dessus de la valeur correspondant 
au solvant pur. Cette bonne correspondance se continue jusqu’a la limite de la solution solide (dans certains 
cas jusqu’a 15 atm. °% de soluté). Les deux constantes montrent une corrélation qualitative avec le carré de la dif- 
férence des valeurs entre le soluté et le solvant, et une corrélation quantitative avec la modification du libre 
parcours réciproque avec la concentration en soluté. La corrélation est apparente pour quinze solutions solides 
différentes ayant pour solvants In, Sn et Al. Les auteurs ont prédit, et ont vérifié que_les solutions solides 
riches Al-Mg et Al-Zn étaient supraconductrices 4 une température supérieure a la température critique 
de aluminium pur. L’influence des gallium dans l’indium, précédemment considérée comme une anomalie, 


correspond a ce que prévoit cette formule empirique. 


DIE KRITISCHE TEMPERATUR SUPRALEITENDER LEGIERUNGEN 

Ein analytischer Ausdruck mit zwei willkiirlichen Konstanten wird an die Abhangigkeit der kritischen Tem- 
peratur primdrer fester L6sungen von der Legierungskonzentration angepabt. Die Anpassung ist gut sowohl 
im Bereich niederer Konzentrationen, wo 7, mit der Konzentration rasch abfallt, als auch im Bereich hoher 
Konzentrationen, wo 7, oft merklich tiber den Wert der reinen Hauptkomponente hinaus ansteigt. Die 
Anpassung erstreckt sich bis zur Grenze der festen L6sung (in manchen Fallen bis zu 15 Atm. °% gelésten Stoffs). 
Beide Konstanten hangen qualitativ zusammen mit dem Quadrat der Valenzdifferenz der beiden Komponenten 
und quantitativ mit der Anderung der reziproken freien Weglinge mit der Konzentration der Lésung. Der 
Zusammenhang besteht fiir fiinfzehn verschiedene feste Lésungen in In, Sn und Al. Als ein Ergebnis wurde 
vorhergesagt und aufgefunden, da feste L6sungen hoher Konzentration aus Al-Mg und AI-Zn supraleitend 
sind bei Temperaturen oberhalb der kritischen Temperatur von reinem Al. Der Einflu8 von Gallium in Indium, 
friiher fiir anomal gehalten, fiigt sich in diese empirischen Regeln ein. 


INTRODUCTION resistivity, i.e. there is an apparent mean free path 
0.2+0.5°K/u22 cm. Other 


The effect of solute concentration on the super- ¢ffect of magnitude 
solid solutionst show this effect; for example, nitro- 
(4) 


conducting critical temperature of dilute tin, indium 


and aluminum base solid solutions has been discussed gen, oxygen and hydrogen dissolved in tantalum 


by Lynton et al. and by Chanin et al."2) (to be re- and vacancies in tin.® Deviations from a linear 
ferred to as LSZ™ and CLS). For seventeen of decrease of 7, with increasing normal state resistivity 
these primary solid solutions, the critical temperature generally appear to be positive and they often occur 


initially decreases with solute concentration in almost in the very dilute solute range of 0.0001-0.01 mole 


direct proportion to the increase in normal state fraction. The positive deviations have been attributed 
* Received February 28, 1961. t Thallium base alloys'®) are perhaps an exception in 
+ Research Center, International Business Machines that the transition temperature initially increases with increasing 
Corporation, Yorktown, New York. solute concentration. 
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to valence effects since solid solutions for which the 
solutes have equal valency have, in general, critical 
temperature vs. concentration curves which are 
quite similar. Thus the effects of solute have been 
associated with a mean free path effect which decreases 


T. and a valence effect which increases T7.. 


In this paper the authors propose a method of 


analysis which appears to be equally good for data 


on concentrated (0.1 mole fraction) or on dilute 


solid solutions. Thus predictions of critical tempera- 
tures can be made in the range where 7. is increasing 
with composition from the data in the dilute solute 


range where J. is decreasing with composition. 


The T. 


two arbitrary constants for a given alloy system. 


versus composition data is fitted with only 


[hese constants are qualitatively correlated to the 
square of the valence difference between solute and 


Since defect scattering also varies 


in this manner“ with valence, it might be inferred 


solvent. point 
that the mean free path is influencing the electronic 
energy of the metal in a systematic way throughout 
the primary solid solution. 

Experiments to assist in the evaluation of the 


interaction constants are briefly described. 


EXPERIMENTAL 

Alloy preparation 
Indium, tin and aluminum base solid solutions 
have been prepared to extend the data of LSZ™ 
and CLS®) from the dilute to the (~ 10 


at. °4) range. For example, the critical temperature 


nondilute 


has been ascertained for the entire primary solid 


solution of tin dissolved in indium. Likewise meas- 


urements have been made for a few rich alloys of 


lead, thallium and cadmium in indium, as well as 


on a series of Al-Mg solid solutions and on one Al-Zn 
specimen. In these latter materials the preparation 
of the alloys is of great importance in view of the 
variety of metastable structures™*) to be found 
below and above room temperature. The formation 
of solute rich clusters up to 100 A is particularly 
troublesome since these form quickly at room tem- 
perature. The solute is effectively removed from 
solution when clustering occurs and hence can be 
expected not to contribute to the usual valence or 


mean free path effect. Thus, the aluminum alloys* 


*The authors are grateful to B. S. Berry and A. S. Nowick 
for some of these alloys which were originally supplied by 
G. Marchand, of Aluminium Laboratories, Kingston Ontario, 
Canada 
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were solution treated above the solvus temperature, 
quenched into iced brine and transferred immediately 
into liquid nitrogen. The specimens were mounted 
while they were in the liquid nitrogen and then 
transferred into the cryostat without delay. Where 
necessary a more elaborate quenching method was 
employed for the indium and the tin base solid 
solutions. The quenching media here was a mixture 
of pentene-!1 and methyl-cyclo-hexane held near 
—160°C. The 


solution by the release of a spiral spring to which they 


specimens were plunged into the 
were attached. The specimens were in the form of 
wire which was extruded from quench cast well 
better 99.995 


Prolonged homogenizing anneals near the melting 


mixed elements, than per cent pure. 
point were provided for all specimens. 

The alloy concentration of the specimens was 
methods and checked by 


measured by chemical 


a calibration with residual resistivities. In the few 
cases where discrepancies appeared the concentration 
as determined by resistivity was used. 
Measurements 

The measurements of temperature in the cryostat 
were made by measuring absolute pressures with 
a mercury U-tube monometer and a Wild catheto- 
meter. The 1958 helium temperature scale has been 
used to determine the absolute temperature. 

Transitions of specimen resistivity and magnetic 
susceptibility have been measured in magnetic fields 
set up with Garret type solenoids calibrated by 
proton resonance techniques. The transition tempera- 
ture in zero field has been obtained by extrapolation 
of the critical field-temperature data near 7.. For 
the In—Sn system, a pure indium specimen was used 
as a reference. The relative accuracies in 7. appear 
to be better than +-0.0005°K in this case. The tran- 
sition temperature for pure In is taken as 3.4035°K, 


for Sn as 3.729°K and for Al as 1.175°K. 


RESULTS 
Indium solutions 


The dependence of the transition temperature, 
7. on composition is represented by the equation, 


OT. T.—T, k, x In x (1) 


0 


k,x 


where x is the mole fraction, k, and k, are constants 
is the critical tem- 


for a given alloy system, and 7 


perature for the pure solvent. The fit of this empirical 
equation to the data for the In—-Sn primary solid 
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solution is shown in Fig 1 (a) and (b). In Fig. 1 (a), 
6T./x is plotted against x on a logarithmic scale. 
A straight line with slope 2.3k, and intercept k, 
1 may be drawn through the experimental 


at x 
points. By using the values of k, and k, determined 
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T 
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Fic. la. The change in critical temperature 67,, divided 

by mole fraction x plotted against x on a logarithmic scale 

for the In—-Sn solid solution. The intercept at x | provides 
k, while the slope provides k, in equation (1) 


in this 23.0, ky = 4.38), T. can 
be computed with the aid of equation (1) for any 


manner (i.e. k, 


alloy composition in the In—Sn primary solid solution. 


08 1.0 


TIN CONCENTRATION 


Fic. 1b. The change of critical temperature with composition in the In-Sn primary solid solutions 
has been fitted by the constants k, and k, from Fig 
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l(b) has been fitted within 
--0.002°K to the 
authors 


Thus the curve in Fig. 
the experimental error of data 
of CLS, and to the data 
up to mole fraction 0.021 and, less accurately, to 


fraction 0.06. Only 


of the present 


mole two arbitrary constants 


7 TT 
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primary solid solution 


are necessary even though the solute concentration 
is varied by more than two orders of magnitude. 

A similar equation (with different values for k, 
Pb and In—Cd 


The curves computed with 


and k,) fits the data for the In—Tl, In 
primary solid solutions. 


the constants in these cases also cover more than 


12 
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two orders of magnitude in solute concentration as 
shown in Figs. 2, 3 and 4. 

Thus the transition temperature for the indium 
solid solutions may be characterized simply by a plot 
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and the values for mercury calculated from the data 
of Reeber.“” It may be noted that the authors have 
also included the constants for gallium which did 


not appear to be consistent with the particular mean 
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Fic. 3. 67,/x vs. x on a logarithmic scale for the In—Pb primary solid solution 


of T./x vs. log x as shown above or by the values 
of k, and k, to be found in Table 1. 
Table 1 are the values of the constants for bismuth 
as solute in indium computed from the data of CLS, 


Included in 


free path effect in the CLS analysis. It now appears, 
as suggested by CLS," that there is indeed an initial 
decrease in 7, in the very dilute solute range. The 
fitted curve and experimental points are shown in 
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Fic. 4. 67,/x vs. x on a logarithmic scale for the In—Cd primary solid solution. 
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Values for the constants k, and k, for indium base 
solid solutions 


TABLE |. 


Solute Valence difference 


Bi 


Fig. 5. From the fitted curve it is estimated that 
T.. decreased initially by less than 0.001°K and for 
this reason it is possible that the decrease was simply 


never observed. 
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Fic. 5. The change of critical temperature with composi- 
tion in the In—Ga solid solution fitted curve (equation 1) 
and experimental points 


Tin solutions 

Data similar to that for the indium solid solutions 
can also be obtained for the tin solid solutions. Here 
there are only two primary solid solutions which 
have an extensive solid solubility range. We chose 
to investigate the critical temperature of the Sn-Bi 
system which now appears to be extremely anomalous 
in behavior and otherwise to use the data of LSZ”? 


except for the Sn—In system, Fig. 6, which includes 


the work of Doidge."?? 

The Sn—Bi system appears to be highly unstable 
and the results are much affected by the particular 
thermal treatment the specimens receive. This is 
evident from the authors’ experimental data in the 
range of 2-5 at. °% and the fact that this data does 
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not appear to join in a reasonable manner with the 
data of LSZ."") The specimens are also always extreme- 
ly brittle unlike any of the other quenched alloys. 
Thus we feel obliged to report a rough value of k, 
and k, from the data of LSZ™ in the extremely dilute 
range and disregard the data for higher concentrations. 
The data of LSZ" for the Sn—In system and that of 
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vs. x On a logarithmic scale for the Sn—In 
system 


Doidge follow equation (1) reasonably well except 
for the several most dilute alloys. This also appears 
for the Sn—Cd 


mentioned. 


system 
We 


were able to extract just four sets of k values (see 


to be an anomalous region 


and the In-Hg system previously 


Table 2) for the tin base solid solutions, the data 


was not adequate for the remainder 


Aluminium solutions 


From the behavior of the dilute aluminium 


alloys where 7. is decreasing with composition 
below the critical temperature for pure aluminium, 
1.175°K, 
of T, 


points are found in the data of CLS and thus we 


calculations can be made for the values 


in the rich alloys. Here several anomalous 


have used the criteria of linearity in the incerase 


in resistivity with composition to select those solutions 


TABLE 2. Values of the constants &, and k, for tin base solid 


solutions 


Solute Valence difference 


Cd 


Sb 


ky k, 
| 2 101.5 17 
Sn l 23.0 4.34 
Pb 19.4 4.14 
Hg 18.5 3.5 
Cd 2.8 1.91 
Ga 0 10.6 1.5 
Tl 0 0.4 0.75 0 - 
| / | 
| | 
| 
| | 
= 
An 
N RAC TION 
24 7 
x 
16 
12 
8 
0 
-4 
/ 
= 2 5? 13 
Bi | 22 5.5 
= | 20 4.35 
In | 12 4.8 


866 ACTA METALLURGICA, VOL. 


which we believe have remained ideal (i.e. which 
have not entered the clustering stage). The predictions 
of critical temperature were reasonabley close, and 
indeed we were able to measure critical temperatures 
for Al-Mg (13 at. %), Al-Mg (11 at. %) and for 
Al-Zn (21 at. °%) even though the lower temperature 


limit of our cryostat at that time was 1.3°K. More 


recently, we have been able to reach 1.1°K and have 


investigated several other alloys. The data are sum- 
CLS 


The data with anomalous resistivity values are iden- 


marized in Fig. 7 along with the data of 
tified with question marks. 


SILVER’ ZINC MAGNESIUM, - 
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Fic. 7. 67,/x vs. x on a logarithmic scale for the alu- 
minum base alloys. Note that for silver as solute the 
scale for 67,/x is on the right. 


data 
equation (1) and the constants k, and k, are available. 
in Table 3. 


Again the is adequately represented by 


These are listed 


TABLE 3. Values of the constants k, and k, for aluminum base 


solid solutions 


Solute Valence difference 
Ag 
Ge 
Zn 
Mg 


The effect of valence 

The values of k, and k, obtained for each solute 
in indium are plotted against the square of the diffe- 
rence in valence between solute and solvent in Fig. 8. 
may be However, 


A reasonable correlation noted. 
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Fic. 8. A plot of the magnitude of k, and k, as they vary with 
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there are differences in the magnitude of the constants 


even when the valence difference is identical, i.e. 
for tin, lead, mercury and cadmium solutes in indium 
solvent. The same effect is present in the tin and alu- 


minum solid solutions. In the constants 


any case, 
in all three systems are certainly qualitatively related 
to the difference in valence between solute and solvent. 

A further interesting and useful observation may 
be made by comparing the values of k, to k,. We 
have done this for all solid solutions in Fig. 9 and 
find that k, is approximately linearly related to k,. 


DISCUSSION 


A critical temperature for superconductivity has 
been shown to follow equation (1). 


+ Inx (1) 
in fifteen primary solid solutions with solvent either 
indium, aluminum or tin. The value of this empiricism 
arises in part from the excellent fit of the data for the 
more ideal solid solutions indium with solute tin 
or lead which have extended solubility (in the case 
of lead to 15 at. °%) and in the ability to predict 
a critical temperature for some of the rich aluminum 
base solid solutions. Perhaps a more valuable result 
is the generalization of the behavior of the critical 


temperature for all fifteen solid solutions which are 
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now indexed simply by the two constants k, and k,. 
We have also shown that the constants k, and k, 
are qualitatively correlated with the square of the 
difference in valence between solute and solvent. 
It is 


inspect the data for a mean free path effect not just 


this latter correlation which leads us to 


in the extremely dilute concentration range as shown 
by LSZ and CLS, but 


solid solution. To inspect this possibility the values 


over the whole primary 


of k, and k, have been plotted against the change in 
reciprocal free path for the addition of | at. °, solute 
in Fig. 10 (a) and (b). The correlation is strikingly 
now 


first 


good for k, and reasonably good for k,. We 


can demonstrate the mean free path effect 


for the 


values in the 


dilute solutions. By 


of 10 


shown by very 


using concentration range 
to 10 4, the second or logarithmic term in equation 
(1) is 


Since this second term is also predominating in this 


negative and linear within 12.5 per cent. 


range, a more or less linear decrease in 7. with 


concentration is obtained, i.e. the mean free path 
effect of LSZ™ and CLS.) 

which 7. is a minimum is 
k,)/k,. Since 


this ratio is rather large for gallium in indium relative 


The concentration at 
determined by the value of exp — (k, 


to the other solid solutions we can expect the mi- 


nimum to be in the extremely dilute range and the 


decrease in 7. is possibly too small to measure. 
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For the more concentrated solutions (i.e. 46 


at. °% tin in indium) where resistivity increases less 


rapidly than linear with increasing concentration the 
experimental points are generally slightly lower than 
those predicted from equation (1). Since we have 
already shown the relation between k, and k, and 


x) 


the change in reciprocal free path with concentration, 


@ 


SOLVENT the next step is to show the critical temperature as 


°e a function of the resistance ratio in the same form 

as equation (1), i.e. 
n 


&o(°K/MOLE FRACTION) 
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In-Sn system to equation (2) is then excellent out 
to 6 at. % tin, as shown in Fig. 11, and an improved 
fit is obtained for many of the other solid solutions. 
free 


infer the mean 


Therefore, we 
path effect operating continuously from the dilute 


presence of a 


range into the range of the extended solubility. The 
effect is, however, strongly nonlinear through the 
logarithmic term which produces the initial decrease 

We are also concerned with the implication from 
equation (1) that the slope of 7, with composition 
approaches infinity as the composition approaches 
zero. Experimentally we find that in the majority 
of cases the equation holds in the most dilute con- 
centration region within 0.001°K. The exceptions 
are three solid solutions which have an initial large 
decrease in 7., for small solute concentration (In—Hg, 
Sn-In and Sn—Cd). One of these solutions is being 


investigated at present. A thermodynamic analysis 


has already been published“*® and an extension of 


the treatment in that reference demonstrates that an 
infinite slope near zero concentration is acceptable. 

Further discussion might best be applied to the 
thermodynamic parameters. From the Bardeen ef 
al." paper, the critical field at O°K, H, is related 
to the critical and the normal state 
electronic specific heat coefficient, y, i.e. 

Hy 


T? 


temperature 


my 
where m is a constant. 


Thus the enthalpy change A on going through 
the transition at 0°K has the following form: 


dh 
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The term in 07./€x can be obtained directly from 
our data and has the form 


k, In x 


Thus if the normal state coefficient of electronic 


specific heat is linear in x; the enthalpy of transition 
has a form similar to the configurational entropy. 
We have now ended with the naive idea which en- 


couraged us to try the preceding empiricism. 
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ELECTRON MICROSCOPIC INVESTIGATION OF THE POLYGONIZATION AND 
RECRYSTALLIZATION OF HIGH PURITY COPPER * 
E. VOTAVAt 


It is shown that deformation either by rolling or by stretching produces subgrains with diffuse dislocation 
boundaries in high purity recrystallized copper. On heating thin foils of copper in the electron microscope, 
this diffuse cell-structure becomes increasingly sharper, thus taking up at high temperature a typical poly- 
gonization structure with further perfection and growth of the subgrains. From this, together with com- 
parable results on aluminum, it is concluded that the stacking fault energy of copper is higher than that first 


accepted; this conclusion is in agreement with a new determination of stacking fault energies of f.c.c. metals. 


Recrystallization and polygonization take place at the same time. However, the recrystallization depends 
on the thickness of the foil and is suppressed below a certain foil thickness, thus permitting only the develop- 
ment of the polygonization. Recrystallization nuclei appear suddenly and their growth proceeds in jumps; 
the transport of impurities with the advancing grain boundary and also their imeraction with surface films 
could be responsible for the manner of growth 

Evidence has also been found that recrystallization twins are formed by growth fault accidents during 
the development of new grains. The recrystallization twins themselves undergo a rearrangement process during 


the completion of the recrystallization process 


ETUDE PAR MICROSCOPIE ELECTRONIQUE DE LA POLYGONISATION ET DE LA 
RECRISTALLISATION DU CUIVRE DE HAUTE PURETE 

L’auteur montre que la déformation par laminage ou par étirage du cuivre de haute pureté recristallisé produit 
des sous grains a joints de dislocations diffus. Lorsque l'on chauffe des lames minces de cuivre dans le micros- 
cope électronique, cette structure cellulaire se précise et pour une température suffisamment élevée il apparait 
une structure de polygonisation cubique suivie de la croissance des sous-grains. Ces résultats ainsi que des 
observations similaires sur aluminium permettent de conclure que l’énergie de faute d’empilement du cuivre 
est supérieure a celle qui avait été initialement admise. Cette conclusion est en accord avec une nouvelle détermi- 
nation des énergies de fautes d’empliment des métaux cubiques a faces centrées. La recristallisation et la poly- 
gonisation se produisent simultanément. Cependant, la recristallisation dépend de l’épaisseur de la lame. En- 
dessous d’une certaine épaisseur critique, elle ne se produit pas, ce qui permet de suivre le développement de la 
polygonisation. L’apparition des germes de recristallisation est soudaine et leur croissance est saccadée. 

Ce mode de croissance peut étre expliqué par le transport des impuretés vers la frontiére granulaire qui se 
met en mouvement, ainsi que par l’interaction des dislocations a la surface de l’échantillon. On a aussi observé 
la formation de macles de recristallisation. Elles résultent de la croissance de fautes d’empilement au cours du 
développement des nouveax grains. Ces macles subissent elles-mémes un réarrangement au cours de la rec- 


ristallisation 


ELEKTRONENMIKROSKOPISCHE UNTERSUCHUNG DER POLYGONISATION UND 
REKRISTALLISATION VON KUPFER HOHER REINHEIT 

Es wird gezeigt, dal} Verformung durch Walzen oder Dehnen in rekristallisiertem Kupfer von hoher Reinheit 
Subk6rner mit diffusen Versetzungsgrenzen erzeugt. Beim Erhitzen diinner Kupferfolien im Elektronenmikroskop 
wird diese diffuse Zellstruktur immer scharfer; es entwickelt sich bei hoher Temperatur eine typische Polygoni- 
sationsstruktur mit weiterer Vervollkommnung und weiterem Wachstum der Subkérner. Daraus und aus ver- 
gleichbaren Ergebnissen an Aluminium wird geschlossen, daB die Stapelfehlerenergie von Kupfer hoéher ist, als 
urspriinglich angenommen worden war; diese Folgerung stimmt iiberein mit einer neuen Bestimmung der Stapel- 
fehlerenergie von k.f.z. Metallen. 

Rekristallisation und Polygonisation finden gleichzeitig statt. Die Rekristallisation hangt jedoch von der Fo- 
liendicke ab und wird unterhalb einer gewissen Dicke der Folie unterdriickt, sodaB sich nur die Polygonisation 
entwickeln kann. Die Rekristallisationskeime erscheinen plétzlich und sie wachsen in Spriingen; der Transport 
von Verunreinigungen mit der vorriickenden Korngrenze und auch ihre Wechselwirkung mit Oberflachenfilmen 
kOnnte fiir diese Art des Wachstums verantwortlich sein. 

Es wurden auch Hinweise gefunden, da®B sich Rekristallisationszwillinge durch Wachstumsfehler bei der Ent- 
wicklung neuer Korner bilden. Die Rekristallisationszwillinge selbst erleiden bei Fortgang der Rekristallisation 
eine Umordnung. 


*Received March 7, 1961. 
tEuropean Research Associates, s.a. 95, rue Gatti de Gamond, Brussels, Belgium. 
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VOTAVA: 


INTRODUCTION 


The differences in the mechanical properties of 


different face-centred cubic metals have been explained 


by Seeger’ *) by the differences in the stacking 


fault energies of these metals. Copper was assumed 


to be a metal with low stacking fault energy;“ 


the partial dislocations should therefore be widely 


separated. As a consequence, the mechanical properties 


depend on the properties of the partial dislocations 


and, because climbing of partials is difficult, it has 


been suggested that polygonization of copper 


is either greatly reduced or impossible. 


Several experimental investigations have been 


carried out fairly recently in this field. Franks and 
McLean? reported X-ray evidence for polygonization 
of copper during creep. They compared the poly- 
gonization rate of copper with that of aluminum and 
concluded that copper polygonizes about 100 times 
aluminum. Wei ef al., also using 


slower than 


a sensitive X-ray technique, found sluggishness of 


polygonization in high purity bent copper single 


crystals as compared with aluminum and zinc single 
crystals. Young and Cabrera“.*) detected polygoniza- 
tion in impure copper and copper doped with small 


amounts of tellurium, but not in pure copper. Lowell 


and Wernick"® investigated the polygonization of 


high purity copper single crystals using a special 


etch pit technique and found neither dislocation 
climb nor polygonization in crystals annealed near 


the melting point. 

In spite of these results, indicating the absence 
or extreme slowness of polygonization in pure.copper, 
the question arises as to whether a more powerful 
technique than X-rays and etch pits could not give 
a better insight into the polygonization behaviour 
of this metal. With this aim a transmission electron 
microscopic investigation on thin copper samples 
was undertaken,“ of which full results are presented 
here. 

Copper of the American Smelting and Refining 
Company with a purity of 99.999 per cent was used 
for this investigation. The thinning of the samples 
was done electrolytically with the Jacquet electrolyte; 
details of the thinning process are described in another 
publication."*) The Philips electron microscope EM 
100 was used with 100 kV acceleration voltage. 


ELECTRON MICROSCOPIC INVESTIGATION OF THEI 


POLYGONIZATION 


RESULTS AND DISCUSSION 


(a) Dislocation structure after deformation 


Deformation either by rolling or stretching at 
room temperature produces in polycrystalline copper 
a cell-structure with diffuse dislocation boundaries‘? 
The cell dimensions depend 


this 


as seen in Figs. | and 2. 


on the degree of deformation. Fig. 3 shows 
dependence for cold rolled polycrystalline material. 
In addition to the cell-structure, stretched polycrystal- 
line samples show also diffuse dislocation arrange- 
ments along slip directions (see Figs. 6a and 8a), 
orientation. In no case, 


depending on the grain 


however, have piled-up dislocation groups been 
observed. 

When working with a high intensity beam, stresses 
are produced in the thin copper foils provoking a 


The 


two 


movement of the dislocations in straight lines. 


moving dislocations visible as 


path of the 
lines on the upper and lower surfaces of the sample 
remains visible for a long time. Very often cross-slip 
takes place,’ and Fig. 4 shows an example of cross 
slip on a diffuse cell-boundary, proving that such 
boundaries can act as barriers for dislocations 


From this observation the conclusion can be 


drawn that in deformed copper the dislocations do 
not remain in the slip planes but leave these planes 
to form “subgrains” with diffuse dislocation bound- 
aries. In this respect the behaviour is similar to alu- 
minum") with the exception that the same degree 
of subgrain perfection is not reached. This is demon- 


strated by comparing Fig. | with Fig. 5. 


(b) The polygonizability of copper 


To investigate the polygonizability of copper, 


deformed and thinned foils were heated outside the 


electron microscope and after each heat treatment 


the resulting dislocation structure was observed. 
The heat treatment was done by “flash-heating” the 
samples, mounted on the copper grids, for 2-5 sec 
in an electrically heated metal boat in a vacuum of 
10°°> mm Hg, whereby peak temperatures between 
800 and 900°C 


The pictures in Fig. 6 (a—-d) show a typical result 


were reached. 


obtained with this method. They were taken from 
the same crystal of the polycrystalline sample, but 
not at the same place each time because of experi- 
mental difficulties. A continuous sharpening of the 
diffuse dislocation structure is observed ending up 


with a perfect polygonization structure 
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Fic. 1. Typical aspect of polycrystalline ASRC-copper, deformed 10 per cent by elongation. A cell-structure with 
diffuse dislocation boundaries has developed. 


05m 


i. 


Fic. 2. High-magnification view of the diffuse dislocation arrangement of the cell boundaries, formed in polycrystal- 
line ASRC-copper after 10 per cent deformation by elongation. 
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This method has certain disadvantages, however, 
since the rapid heating and cooling rate (equivalent 
to quenching) can influence the properties of the 
dislocations and further, there is no controlled ob- 
servation of the same area on the sample. Therefore 
another method was adopted, namely direct heating 
of the sample in the electron microscope with a special 


lpr 


100% 


80% 


60% 


20% 40% 
——e % Deformation 


Fic. 3. Dependence of the cell dimensions on the degree of 
deformation for rolled polycrystalline ASRC-copper 
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sample holder.“ In this way it was possible to 
Observe the change in dislocation structure contin- 
uously up to 900°C at the same place on the sample. 

The following two series of pictures in Fig. 7 
(a-d) and Fig. 8 (a—c) show that up to 400°C* there 
is no appreciable change in the dislocation structure. 
At higher temperatures the diffuse cell-structure 
becomes progressively sharper, forming the typical 
polygonization structure between 600 and 800°C. 
Further heating produces perfection and growth of 
the sub-grains. The development and growth of stack- 
ing faults were not observed at any stage of the 
polygonization process. 

These 


copper foils of a few thousand A thickness polygonize 


results prove that deformed high-purity 
on heating, but the generalization of these results 
to bulk material requires verification. The possibility 
that the thinness of the foil could be a factor in in- 
ducing polygonization does not seem _ plausible. 
Rather, the contrary should be the case because of 


the interaction of the dislocations with the surface 


*The temperatures indicated are not very precise because 
the thermocouple was not connected to the sample. It is assumed 


that substantial deviations must be taken into account 


Fic. 4. Cross-slip of moving dislocations within a deformation produced cell (20 per cent deformation by elongation), 
showing that the diffuse dislocation boundaries can act as barriers 
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films which tends to pin the dislocations. It may 
also be, as proposed by Webb,”* that oxide layers 
formed on such thin copper samples during heating 
in the electron microscope can influence the behaviour 
of dislocations considerably; such layers could act 
as a source of vacancies, thereby helping climbing. 
But also such additional vacancies are unlikely to 
provoke polygonization in thin metallic 
the energy of activation of jog formation is large 
energy of activation of self- 


compared with the 


foils, if 


(c) Recrystallization 

The development and growth of the recrystalization 
nuclei were also studied. It was found that the thickness 
of the foil has a remarkable influence on the recrystal- 


lization since under a certain thickness (estimated to 
be between 1500 and 3000 A) no recrystalization takes 


place. The same behaviour was also found for alu- 
minum by Dimitrov? and for silver by Bailey.” 
The recrystallization within one grain takes place 


at the same time as the polygonization; the nuclei 


Fic. 5. Typical area within one grain of polycrystalline high-purity aluminum, deformed 5 per cent by elongation. 
The developed cell structure has sharp dislocation boundaries in contrast to the diffuse dislocation boundaries in 
deformed ASRC-copper (compare with Fig. 1). 


diffusion, as it is the case for a metal with low stacking 
fault 
cently"® ') for bulk material that the purer the copper 


energy. In addition it has been proved re- 
the better it polygonizes. 


All these considerations lead to the conclusion 
that the 


of bulk material as well. From this, together with 


results reported here are representative 


the results mentioned under (a), it is concluded that 
copper is a metal with intermediate stacking fault 


energy, in agrecment with the recently reported 


determination of stacking fault energies of f.c.c. 


metals. 9 


appear suddenly and are mostly twinned. No special 
dislocation configuration could be detected at the 
places where the nuclei appear; it must however 
be said that such observations are difficult because 
of the poor transparency of the relatively thick foils 
required in order to observe the recrystallization. 

The growth of the recrystallization nuclei on 
heating proceeds in jumps of differing magnitudes. 
The different stages often become visible as white 
lines inside the crystals, as shown in Fig. 9. In addition, 
a smaller white line system is observed (see Fig. 10), 
obviously related to the subgrains which developed 
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Fic. 6. Successive stages of the deformation-produced dislocation structure of polycrystalline ASRC-copper on “flash-heating’ 
outside the electron-microscope. Same crystal in each case, but not the same area of observation. (a) After 20 per cent defor- 


mation by elongation, (b—d) after successive “flash-heatings” for approximately 2-5 sec at temperatures between 800 and 900 C. 
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& 


d 
Fic. 7. Change of the deformation-produced dislocation structure of ASRC-copper on heating the sample directly 
inside the electron microscope. (a) After 20 per cent deformation by elongation; (b) same place, heated to 400°C; 
(c) same place, heated to 600°C; (d) same place, heated to 620°C. 


Fic. 8. Change of the deformation-produced dislocation structure of ASRC-copper on heating the sample directly inside the 
electron microscope to higher temperatures. (a) 20 per cent deformation by elongation; (b) same place, heated to 840°C; (c) same 
place, sample kept 10 min at 840°C. 
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Fic. 9. Demonstrates the rearrangement process of the recrystallization twins during the primary recrystallization 


(compare corresponding places A on Fig. 9(a) 


heated to 800°C 


and 9(b) heated to 900°C. Inside the crystals 


a white line system can be observed which is related to the stopping positions of grain boundaries and sub-boundaries 


before or at the same time as the nucleus and were 


“consumed” by the growing crystal. Because the 
observation is made in transmission, the white lines 
certainly represent areas thinner than their surround- 
ings. It is assumed that these grooves (appearing as 
white lines) are produced by preferential evaporation 
at the stopping positions of grain boundaries and 


sub-boundaries; this evaporation is accelerated by 


the high vacuum surrounding the sample. The reason 
for this preferential evaporation seems to lie in local 


impurity and/or point defect concentrations, carried 


along with the moving grain boundary, as explained 
Bollmann.‘*”? 


for similar observations on nickel by 


The transport of impurities and/or point defects 


with the growing grain boundary may also explain 


the jump-like growth of the nuclei, which stops 
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once a certain concentration is reached; the interaction 
of the grain boundary w.th surface films may partly 


be also responsible. 


Fic. 10. Shows the white line system inside a copper crystal 
which is related to the stopping positions of sub-and grain 
boundaries 


The primary recrystallization in copper is associa- 
ted with the development of a large number of recrys- 
twins, 


tallization which undergo a rearrangement 


process during the completion of the recrystallization 


a 


Escaping of stacking faults from a twin during 
heating at 720°C. 


Fic. 11. 


in such a way that they grow or disappear along 
the (111) twinning plane. Both cases can be seen by 
comparing Fig. 9(a) with Fig. 9(b). This is in agree- 
ment with the model developed for recrystallization 
twins?) and explained by the movement of partial 
dislocations. The fact that partial dislocations are 
really involved is indicated by Fig. 11, showing 
stacking faults escaping from a twin. 

Stacking faults have been found frequently in 
matrix (see 


copper,"” both in the recrystallized 


Fig. 12) and less frequently in the deformed matrix 
(see Fig. 13). However, the development of stacking 


faults total dislocations) was never 


observed during the 


(splitting of 


polygonization process on 


recrystallized ASRC-copper. 


rolled ASRC-copper. 


Fic. 14. Shows a series of stacking faults which have 
been created during the development of a new grain. The 
polygonization structure is on the right side. 


heating the samples inside the electron microscope. 
In this respect, Fig. 14 is especially interesting, because 
it shows that a series of stacking faults, representing 


’ Fic. 12. Stacking faults in 
Vol.9 
‘ — 
e 
Fic. 13. Stacking faults in 
4 = d | 
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practically micro-twins, have been created during 
the development of a new grain. All these obser- 


vations together support the hypothesis’* that 


recrystallization twins are formed by growth fault 
accidents during the development of new grains 
rather than from pre-existing stacking faults formed 
during the deformation. 
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OXIDATION OF METALS BY SHORT CIRCUIT AND LATTICE DIFFUSION OF OXYGEN * 
W. W. SMELTZER?, R.R. HAERING?+ and J.S. KIRKALDY?* 

An expression has been derived for the initial oxidation rates of metals based upon the model of inward 
movement of oxygen through the lattice and along low resistance paths within the superficial oxide film. 
The equation involves three parameters: the parabolic rate constant, the ratio of the diffusion constants for 
short circuit and lattice diffusion, and the fraction of available oxygen sites lying within low resistance paths. 


The latter is assumed to decay in time as a first order rate process. It is demonstrated that this equation ade- 


quately represents the oxidation kinetics of titanium, zirconium and hafnium in the temperature range 300 


600°C. The empirically determined activation energies for decay of low resistance sites lie between 7 and 
12 kcal/mole. The ratios of the activation energies for short circuit and lattice diffusion in the dioxides of 
these metals are found to be in the range of 0.80 while the initial fraction of oxygen sites lying within defective 
material is estimated to be of the order of 0.1. This corresponds to a dislocation density of 10'*/cm? 
OXYDATION DES METAUX PAR DIFFUSION DE L’OXYGENE DANS LE RESEAL 

Les auteurs ont établi une expression donnant les vitesses initiales d’oxydation des métaux et basée sur le mo- 
déle d’une progression de l’oxygéne vers l’intérieur a travers le réseau et le long des chemins de moindre résistance 
a l’intérieur du film d’oxyde superficiel. Cette expression comprend trois paramétres: la constante de vitesse pa- 
rabolique, le rapport des constantes de diffusion en “short circuit” et dans le réseau, et le nombre de sites disponi- 
bles pour l’oxygene le long des chemins de moindre résistance, ce dernier paramétre étant supposé décroitre dans 
le temps. 
Les auteurs démontrent que cette expression représente convenablement la cinétique de l’oxydation du titane, 
du zirconium et de hafnium dans la gamme de températures de 300 a 600°C. Les énergies d’activation déterminées 
empirifiquement pour la décroissance des sites de moindre résistance se situent entre 7 et 12 kcal/mole. Les rap- 
ports des énergies d’activation pour la diffusion en ‘“‘short circuit” et dans le réseau, dans les bioxydes de ces métaux, 
se situent dans le voisinage de 0,80. La fraction initiale des sites d’oxygéne dans le matériau endommagé 
est estimée étre de l’ordre de 0,1 ce qui correspond a une densité de dislocation de 10'*/cm?. 
OXYDATION VON METALLEN DURCH DIFFUSION VON SAUERSTOFF LANGS KURZSCHLUB- 

BAHNEN UND DURCH DAS GITTER 

Fir die anfangliche Oxydationsgeschwindigkeit von Metallen wurde ein Ausdruck abgeleitet, beruhend auf 
dem Modell, dafs die nach innen gerichtete Bewegung des Sauerstoffs durch das Gitter und langs Bahnen geringen 
Widerstands im oberflachlichen Oxydfilm vor sich geht. Die Gleichung enthalt drei Parameter: die parabolische 
Geschwindigkeitskonstante, das Verhaltnis der Diffusionskonstanten fiir Diffusion langs KurzschluBbahnen 
und durch das Gitter und den Bruchteil von freien Sauerstoffplatzen innerhalb der Bahnen geringen Widerstands. 
Es wird angenommen, dal} letzterer mit der Zeit abnimmt wie ein Prozefs erster Ordnung. Es wird gezeigt, daB 
diese Gleichung die Oxydationskinetik von Titan, Zirkon und Hafnium im Temperaturbereich von 300°-600°C 
angemessen beschreibt. Die empirisch bestimmten Aktivierungsenergien fiir die Abnahme der Platze geringen 
Widerstands liegen zwischen 7 und 12 kcal’Mol. Die Verhaltnisse der Aktivierungsenergien fiir Diffusion langs 
KurzschluBbahnen und durch das Gitter betragen bei den Dioxyden dieser Metalle etwa 0,80, wahrend der 
anfangliche Bruchteil von Sauerstoffplatzen, die innerhalb von fehlerhaftem Material liegen, zu etwa 0,1 ge- 


schatzt wird. Dies entspricht einer Versetzungsdichte von 10!*/cm?. 


INTRODUCTION high electric field causes movement of ions, lattice 


diffusion is negligible at low temperatures. Accord- 


Many metals oxidize too rapidly to be explained ae se 
ingly, Evans has emphasized that oxidation 


by lattice diffusion of reactants through the super- . 
proceeds at these temperatures by movement of 


ficial oxide layer at relatively low and intermediate 
reactants through pores or pipes such as might 
temperatures. Except for very thin films, where the 
exist in an array of line defects or grain boundaries. 
There is strong circumstantial evidence for the 
*This work forms part of a research project sponsored 
ee ~~ +3" existence of diffusion 1 > oxide layer along lo 
by the Air Force Office of Scientific Research, Air Research n in the oxide layer alc ng low 
and Development Command, U.S.A.F., and the Defence 
Research Board, Ottawa, Canada. Received July 11, 1960; (2) . 
, ‘or example, ansen‘*’ has accounte ) >g- 
revised March 4. 1961. I or exam le Gulbransen ih AS ACC unted for neg 
+Department of Metallurgy and Metallurgical Engineering, ative evaluations of the activation entropy of para- 
McMaster University, Hamilton, Ontario, Canada. boli 
bolic oxidatio proposing sion of reactants 
¢Present address: Research Center, International Business by pre n of reactants 
Machines, Yorktown Heights, New York, U.S.A. along boundaries of oxide crystallites. Investigations 


resistance paths whose density decreases in time. 
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on the oxidation kinetics of aluminum by Smeltzer“ 
and Aylmore et al.) have shown that a crystalline 
alumina film offers more resistance to oxidation 
of the metal than an amorphous film. More recently, 
Meijering and Verheijke® have explained a decrease 
in the transport rates of copper through copper 
oxide films by permeability changes of oxide with 
age. 

In the 
is constructed which accounts functionally for the 


following, a phenomenological theory 
kinetics of metal oxidation over long time inter- 
vals at intermediate temperatures. It is based on the 
model that oxygen migrates through the oxide lat- 
of the concentra- 


tice under the influence 


tion gradient as in the model of Wagner“ for para- 


oxygen 


bolic oxidation, and that oxygen also diffuses through 
low resistance paths of temporarily decreasing density 
in the manner postulated by Davies ef al. for 
logarithmic oxidation. 

To illustrate the application of this theory, the 
oxidation kinetics of metals in Periodic Subgroup 
IVB, titanium, zirconium and hafnium, are analysed 
for the temperature range 300°-600°C. These me- 
tals oxidize by the inward movement of oxygen, so 
their kinetics may be expected to provide a good 
test of the model. Although they exhibit a large 
oxygen solubility, it is assumed that penetration 
of oxygen into the metal represents only a small 
part of the weight gain kinetics within the temper- 
ature range analysed in this investigation. 


THEORY 


Two processes are envisaged for the inward mig- 
ration of oxygen through the film to the metal 
oxide interface: lattice diffusion and diffusion within 
a random array of low resistance paths. The driving 
concentration gradient 


force for oxidation is the 


of oxygen between the inner and outer surfaces 
maintained by the free energy change for oxide 
formation. A uniform gradient which is inversely 
proportional to the film thickness is assumed accord- 
ing to the usual low gradient approximation. Inter- 
facial inhibitions are assumed to be negligible. 
Davies et al.) have suggested that the number 
of effective leakage points for oxygen in an oxide 
film decreases as oxidation proceeds. They assume 
that this decrease is proportional to the number 
of points existing at any time and to the incremental 


growth of film thickness. Without being as specific 
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about the model we express, in a somewhat analo- 
gous manner, the time dependence of the fraction 
of available oxygen sites within the array of short 
first order rate expression, 


circuit paths by the 


df 


kf 1 
dt 


fi)=fre™. (2) 
Here, f° is the initial fraction of total oxygen sites 
within the low resistance paths. The precise decay 
law chosen is of secondary consequence since k 
is an adjustable phenomenological coefficient. How- 
ever, the first order rate expression does appear 
plausible and it leads to a tractable mathematical 
analysis. 

A growth law for oxide formation controlled 
by lattice and short circuit diffusion of oxygen may 
be formulated on the basis of the arguments ad- 
Hart‘? 


the effective diffusion constant 


vanced by for diffusion in solids. He has 


that 
movements of atoms in a solid matrix containing 


shown for the 
a random array of dislocations may be expressed 
as a weighted sum of constants for lattice and dislo- 
cation diffusion. We therefore write for the effective 


diffusion constant, 


D., = D, —f)+ Dsf (3) 


and for the rate of film growth, 


dx Ic 
0 (4) 
dt x 


In these equations, D, and D, are constants for 
lattice and short circuit diffusion, f is the fraction 
of the total available oxygen sites lying within low 
resistance paths in the oxide film, 2 is the volume 
of oxide per oxygen ion (cm* per ion) and Ac is the 
concentration difference of oxygen ions at the two 
oxide surfaces (ions per cm’). 

Upon substitution of equations (2) and (3) into 


equation (4), 


dx 


D, (5) 
dt Bl 


2) — fre *) 


In the absence of the short circuit term, equation 


(5) yields upon integration, 


= 20D,Act= K,t. (6) 


or 
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This defines the parabolic rate constant, K,). 
In terms of K, and in the approximation that D,>D,, 


equation (5) becomes 


dx 


where 


a D,/D,. 


The growth law for oxidation is obtained by 


integ atiny equation (7) to 


fra 


(8) 


This equation may now be investigated for var- 
ious limiting cases which are useful in the analysis 


of the experimental data: 


Thin films (t— 
Thick films (e 


where 


(11) 


The time f at which x = x, is the solution of 


9 


(12) 


Since f, is measured and K, and x2 are known from 
equation (10), expression (12) yields 


ANALYSIS OF EXPERIMENTS 


In the absence of the necessary diffusion and 
defect density data we must regard this as a three 
parameter (K,, k, f°a) phenomenological theory and 
be sat sfied with the rather weak test of our model 
which is obtained by noting the plausibility of the 
values derived by fitting curves to the experimental 
data. K,, 
intercept of the parabolic asymptote for thick films 
10), whence k 
(13). fea 


expression (11). The slope at the origin supplies 


and x9 are determined from the slope and 


can be determined from 


then be 


(equation 


equation can determined from 


an independent check via relation (9) in those cases 
where the data extends to sufficiently short times. 

This analysis has been carried out for the oxi- 
dation of titanium, zirconium and hafnium at inter- 
mediate The of titanium 
was investigated by Kofstad ef al. over the tem- 
perature range 300°-1000° C for exposures to 1000 min. 


temperatures. oxidation 


The rates were correlated successively by logarithmic, 
cubic, parabolic and linear equations. Charles ef 


TITANIUM 


¢ 536°C 


2. 


f 
J 


d 


x2 (em* 


10F 


| 


4 4 1 1 
9 2 4 6 8 


TIME (sec 10%) 


Fic. 1. The oxidation of titanium over the temperature 
range 338°-536 C. Data from Ref. 9 Curve calculated 
by equation (8). 


al." examined the oxidation of zirconium for ex- 
posures to 20,000 min at 350° and 450° C. Oxidation 
followed Results for hafnuim in 
the range 350 
ly by logarithmic, parabolic and linear equations 
by Smeltzer and Simnad.“” Our calculations show 
that the kinetics for all these systems previously 
cubic equations 
over the temperature range 300°-600° C can be re- 
presented by the simple exponential of equation (8). 


a cubic relation. 
1200° C were represented successive- 


represented by logarithmic and 


The results of the analysis are illustrated by the 
plots of Figs. 1-3. A typical determination of K,, 
x2 and f% from a plot, x? versus /, is illustrated in Fig. 1 
for the oxidation of titanium at 490° C. At this 
temperature, oxidation attains the longtime para- 


2x K,(1+f°ae (7) 
dt 
/ 
Vis 
| 
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bolic relationship at a film thickness of approxi- 
mately 400 A. In general, the point of onset of this 
parabolic oxidation extends to thicker films at higher 
temperatures. For example, in titanium it proceeds 
at film thickness of approximately 150 and 500 A 
at the lowest and highest analysed temperatures 
of 338° and 536° C, respectively. 


The three phenomenological coefficients K,, fra 
and k have been defined in such a way that they 
are amenable to an Arrhenius analysis, i.e. 


K,,faork Ae®'T (14) 


where A and B are constants independent of temper- 


ature. K,, which is proportional to D, for the oxide, 


ZIRCONIUM 


1 


200 400 600 800 


1400 1600 1800 2000 


1000 1200 


TIME (sec 


Fic. 2. The oxidation of zirconium and 350 


Penetration of oxygen into the metal has been 
assumed to play a minor role in the overall reaction 
mechanism over the temperature range analysed in 
In support of this assumption 
for zirconium Misch and Gunzel"”) who 
have measured conductivity changes in corrosion 
oxide films. Their estimated mean diffusion constant 
for oxygen in films at 450° C was 1.5 10—!” cm?/sec. 
This value may be compared with 2 10—-" cm?/sec 
obtained by Pemsler“* for the diffusion of oxygen 
in zirconium. The large ratio of these two supports 
the assumption that solution of oxygen in the metal 
will have a negligible effect on film growth rates 
as herein described. 


this investigation. 
we cite 


and 450°C. Data from Ref. 


10. Curve calculated by equation (8) 


has 1{11,14,15) giving activa- 
tion energies E, 
nium of 29.3, 28.6—32.0 and 36.0 kcal/mole, respective- 
ly. We use these values in preference to the values 
which 


been previously analysec 


for titanium, zirconium and _ haf- 


determined from our Arrhenius plots of K 
involves meagre data from a limited temperature range. 
If we that fraction of oxygen 


sites within low resistance paths in the oxide film, 


assume the initial 


f°, is independent of temperature, then we can write 


D, 


E 
exp (£, 


E,)/RT. (15) 


The activation energies, E, —E,, calculated from 


the least square plots of Fig. 4 are 7.1, 6.2 and 4.4 
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HAF NIUM 
T 


x? (cm® x 10°) 


= 


TIME (sec x 10°) 


Fic. 3. The oxidation of hafnium over the temperature range 350°-600°C. Data from Ref. 11. Curve calculated 
by equation (8). 


kcal/mole for titanium, zirconium and_ hafnium 
respectively. Thus, the ratios F,/E, for the dioxide 
films, are 0.76, 0.78-0.81 and 0.88. These ratios 
are to be compared to the upper limit of 0.75 pre- 
viously reported in a survey of the activation energies 
for boundary and lattice diffusion.“” 

From this data an estimate may be made of the 
initial fraction of oxygen sites within the low re- 
sistance paths. The values of the pre-—expotential 
constant A (equation 14) for fa are 3.5x 10°, 
5.3x 10? and 4.05x10' for titanium, zirconium 
and hafnium, respectively. Thus f°D}/D? ~ 0.1, and 
if the ratio of the frequency factors for the diffusion 
coefficients, D°/D°, is of the order of unity as for 


grain boundary diffusion,“ the initial fraction of 


5 


T 


oxygen sites within the low resistance paths is f° ~ 0.1. 
This represents very defective material indeed. The 


short circuit paths may be associated with 10 A 
diameter dislocation pipes at a density of 10'*/cm?. 


UT x10 The apparent activation energies for the rate 
>onsté ;, associated wi e decay of short circuit 

Fic. 4. Plots of log f°a (lower three curves) and log k versus enmentens k, aie ciated with the decay of sh 
1/T for titanium, zirconium and hafnium. paths in the oxide film are 8.7, 12.2 and 6.6 kcal/mole 
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for titanium, zirconium and hafnium as determined 
by the plots of Fig. 4. It is likely that the mechan- 
ism for decay of oxygen sites within low resistance 
paths is associated with the thermally activated 


ordering of disarrayed oxide driven by relief of 


stress as Evans" suggests. This stress is undoubted- 


ly great since the volume of dioxide is much larger 


than the consumed metal. Any process which is 
proposed to explain this ordering such as polygo- 
nization of dislocation arrays, must be consistent 
with the low observed temperature coefficients. 
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HARDENING OF COPPER IRRADIATED AT — 195°C * 


M. J. MAKIN and S. A. MANTHORPE* 


Copper single crystals harden during neutron irradiation at —195°C and it is known that some recovery 
of this hardening (~ 10 per cent) occurs on annealing in the temperature range 0°-20°C, suggesting that the 
defects which become mobile at this temperature annihilate part of the damage responsible for the hardening. 
To determine whether this recovery occurs in the dislocation component, (K,), or lattice component, (¢;), 
specimens of various grain sizes were neutron irradiated at — 195°C and the lower yield stress o, measured at 

195°C as a function of d~2 (where 2d grain diameter) before and after annealing at 20°C. The results 
indicate that the relation 
o, = K,d-2 
is Obeyed in both cases and that the effect of the annealing is to reduce the dislocation term K,, the lattice 


hardening being unaltered. 


DURCISSEMENT DU CUIVRE IRRADIE A —195°C 

Les monocristaux de cuivre se durcissent quand ils subissent une irradiation par neutrons 4 —195°C, et il est 
bien connu qu’un traitement thermique dans la gamme de températures de 0 4 20°C améne une certaine 
diminution de ce durcissement (~ 10%), ce qui suggére que les défauts qui deviennent mobiles dans cette gamme 
de températures réparent une partie des dégats radiatifs responsables du durcissement. Dans le but de deé- 
terminer si cette diminution du durcissement se produit dans le terme lié aux dislocations (K,) ou dans le terme 
lié au réseau (o;) des échantillons présentant différentes grosseurs de grains ont été irradiés par un flux de neu- 
trons 4a —195°C, et la limite élastique inférieure o, a été mesurée 4 —195°C, et portée en fonction de d's 
(2d étant le diamétre du grain), avant et aprés un traitement thermique a 20°C. Les résultats obtenus indiquent 
que la relation 

Oy K,d 

est satisfaite dans l’un et l'autre cas, et que leffet du traitement 4 20°C est de réduire le terme lié aux disloca- 
tions K, 


y, le durcissement du réseau restant inchangé. 


VERFESTIGUNG DES BEI —195°C BESTRAHLTEN KUPFERS 

Kupfereinkristalle verfestigen sich wahrend einer Neutronenbestrahlung bei —195°C und es ist bekannt, dab 
sich ein Anteil dieser Verfestigung (etwa 10°) bei Erwarmung im Temperaturbereich 0°-20°C erholt. Daraus 
ist zu schlieBen, daB die Fehlstellen, welche bei dieser Temperatur beweglich werden, einen Teil der Strahlungs- 
schadigung, der fiir die Verfestigung verantwortlich ist, ausheilen. Um zu entscheiden, ob diese Erholung an der 
Versetzungskomponente (K,) oder an der Gitterkomponente (o,) auftritt, wurden Proben verschiedener Korn- 
groBe bei —195°C mit Neutronen bestrahlt, darauf wurde die untere Streckgrenze als Funktion von d~‘/: (hier 
ist 2¢ = Korndurchmesser) vor und nach einem Aufwarmen auf 20°C bei 195°C gemessen. Die Ergebnisse 
zeigen, dal in beiden Fallen die Beziehung 

Oy = 0; K,d-2 

erfiillt ist, und da& durch das Erwarmen der Versetzungsteil K,, verringert wird; die Gitterverfestigung bleibt 
unverandert 


1. INTRODUCTION most probably due to the formation of a dispersion 


Neutron irradiation can cause hardening in cop- of obstacles which resist the meen of disloca 
per and other materials by either (a) making the "OMS across the glide plane. The magnitudes of these 
nucleation of slip difficult (dislocation hardening) two types of hardening following irradiation at pile 
or (b) making slip propagation difficult (lattice ‘™Peratures (20 100 C) can be estimated by se 
hardening). Dislocation hardening is a consequence veral methods. One of these was suggested by work 


) in which it has been shown both theore- 
of the irradiation locking the dislocations present ©" mild steel in which it has bee 


ically < *xperimentally"?) that when there is 

initially in the specimen and lattice hardening is tically and experimentally = oe 

a sharp yield point the lower yield stress o, is related 

o the grain size 2d by the equation 

* Received December 12, 1960; revised March 9, 1961. oe oe P 
+ Metallurgy Division, U.K.A.E.A., Research Group, ; ' 

Atomic Energy Research Establishment, Harwell. 0, 0; + K.d : (1) 
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where go, is the lattice | ardening stress and K, is 
a measure of the shear stress to operate dislocation 
sources. It has been shown that equation (1) applies 
to irradiated copper and that both o, and K, increase 
with neutron dose.’ Unirradiated copper does not 
obey equation (1). 

Copper single crystals are 


known harden 


during irradiation at —195° C and it has also been 
shown that some recovery of this hardening occurs 
on annealing in the 0-20°C 
(recovery stage III in copper). After an irradiation 
of 8x 10" the decrease in critical 
shear stress on annealing at 20° C for 30 
became constant at 7-10 per cent. This result suggests 


temperature range 
neutrons cm? 
min 


that the defects responsible for stage III in copper 


vacancies) annihilate part of the 


(assumed to be 
damage responsible for the large increase in strength 


on irradiation. Since the experiment was carried 
out on single crystals, however, it was not clear 
whether the decrease occurred in the lattice hardening 
or dislocation hardening components. To determine 
whether the recovery occurred in o, or K,, therefore, 
the effect was remeasured as a function of grain 
size and o, and K, evaluated by plotting o, against d 


2. EXPERIMENTAL DETAILS AND RESULTS 


Wires 0.040 in. dia. were prepared from spectro- 
graphic purity (99.999 per cent) copper by Johnson 
Matthey Ltd. by successive drawing (50 per cent 
reductions in area) and vacuum annealing at 600° C 
for 2hr. After the final 
cut into 31in. lengths and annealed in vacuo for 2 hr. 
The resulting 


reduction, the wires were 
at temperatures from 450 to 755° C. 
grain sizes were determined by metallographic ex- 
amination prior to irradiation and are given in Table 1. 
TABLE | 

Ann. Temp. Grain dia. 2d 
( C) (mm) 
450 0.017 
557 0.049 
640 0.117 
755 0.191 


The grain size was measured by counting the 


number of grain boundaries intersecting random 
Straight lines of standard length. Twin boundaries 


were included in the measurements since in a face- 
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centred cubic metal of the twelve possible slip systems 
only three are common to both the twin and the 
matrix and hence in the majority of cases twin bound- 
aries are effective obstacles to slip. Specimens of 
each grain size were sealed in an evacuated silica 
capsule and irradiated at —195° C in liquid nitrogen 


20} No Annealing 
a 


Anneaied at 20°C 


Percentage Elongation 


The effect of annealing at 20°C for 24 hr on the 
195°C of polycrystalline copper 
(grain diameter 2d = 0.12 mm) irradiated with 3.8 « 10" 
fast neutrons cm Note the disappearance of the yield 
point phenomenon on annealing 


Fic. | 


Stress-—Strain curves at 


The measured thermal neutron 
with 


in the BEPO reactor. 
10% 
1 MeV 
given 


MeV. 


cm 7, the flux 
10"! 


neutrons cm? of 


flux was neutrons 


neutrons 


~ 1.5> 


3.8 10! 


energy was 


The 


energy 


dose was 


25} 


, 20 “46 
a cm 


Fic. 2. The lower yield stress o, as a function of d~'/: (grain 

diameter 2d) of copper irradiated at 195°C with 

3.8 x 10" fast neutrons cm~* showing the decrease in the 

K,, term in the relation o, o;+K,d-':on annealing at 

20°C for 24 hr. Four specimens were tested in each condition 
and the results lie within the limits shown 


irradiation the were removed 
—195° C 


nitrogen to allow the radioactivity to decay. They 


After 
from the reactor at 


specimens 


and stored in liquid 


were then divided into two batches, one being main- 
tained at —195° C 
for 24 hr. Tensile tests were made in a conventional 


and the other annealed at 20° C 


N 
E 
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| 
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hard beam machine at —195° C, a special jig being 
used to allow the grips to be attached and the spec- 
imens loaded under liquid nitrogen. 

Typical stress-strain curves are shown in Fig. 1, 
in this case for specimens with a grain size of 0.12 mm 
dia. (d ' 13.1cm ':). After irradiation at —195° C 
the yield is sharp, often with both an upper and 
lower yield point. The effect of annealing at 20° C 
is to greatly reduce the size of the yield phenomenon. 
The lower yield stress o, is linear with d ‘: after 
irradiation, Fig. 2, both before and after annealing 
at 20° C. 


and 


Equation (1) is therefore obeyed in both 
, and K, 
intercept on the stress axis and the slope of the line, 
respectively. Annealing at 20° C has very little effect 


cases can be determined from the 


on o«,, which remains constant at ~ 12.4 kg/mm’, 
but has decreased K, by 28.5 per cent reducing K,/u 
modulus) from 0.5310 4 


(where mw is the shear 


cm’: to 0.3810 4 cm’. 


3. DISCUSSION 


Recent work") on the observation of dislocation 
loops by transmission electron microscopy and on 
the mechanism of hardening in copper irradiated 
at 20 
hardening, which is very temperature sensitive, is 
25 A 


in diameter. These are thought to be vacancy clusters 


C suggests that a large part of the lattice 
due to the formation of clusters of defects 


nucleated in the vacancy-rich regions at displace- 


ment spikes. The large dislocation loops ~75 A 


in diameter initially observed in irradiated copper? 
have been identified as being formed from plate- 
lets of interstitial atoms®” and experiments in- 
dicate that they are responsible for only a small 


proportion of the lattice hardening. 


At liquid-nitrogen both 
defect should still be observed. The platelets of inter- 


temperature types of 
stitial atoms should form at all temperatures greater 
than the intersitial migration temperature (which is 
about 30-40 
are clusters of vacancies which form by the local 


K in copper. If the small defects 


rearrangement of defects during the high tempera- 
ture pulse produced in the displacement spike, their 
formation should be largely independent of tem- 
perature of irradiation. In addition to these clusters, 
isolated vacancies must also be produced outside 
the displacement spikes and these will be immobile 
if the irradiation is carried out below the temperature 


range in which vacancies migrate, which is assumed 
to be 0-20° C in copper.“ 

The 
attributed to heavy jogging of the initial dislocations 
during irradiation, mainly by the capture of inter- 


dislocation hardening component, K,, is 


stitial atoms. 

On this model of irradiation hardening, warming 
the specimen after low temperature irradiation and 
so allowing the isolated vacancies to migrate would 
not be expected to appreciably alter the lattice hard- 
ening o,, since the great majority of the isolated 
vacancies will migrate either to the existing vacancy 
or interstitial clusters or to dislocation lines. The 
very high density of sinks already present in the 
lattice evidently precludes the aggregation of the 
mobile single vacancies into new clusters, as occurs 
after quenching. The effect of these isolated vacan- 
cies on the large number of existing vacancy clusters 
will merely be to increase their size and this apparently 
has little effect on the lattice hardening. Similarly, 
since the interstitial loops are responsible for only 
a small part of the hardening at —195° C the anni- 
hilation of vacancies at these loops will not affect o,. 

The reduction in the dislocation hardening term, 
K,, and the great reduction in yield point which 
C after irradiation at 
C suggests that those vacancies which mi- 


occurs on annealing at 20 
—195 
grate to dislocation lines allow recovery to occur. 
Presumably at 20° C vacancies condensing onto dis- 
locations can also migrate along them and anni- 
hilate many of the jogs formed during the low tem- 


perature irradiation. 
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Remarks on the alpha-~gamma transformation in 
pure iron* 


In previous papers” measurements have been 
presented of the mechanical weakness under tension 
of iron alloys while undergoing allotropic transfor- 


mation. This kind of weakness also occurs during 


earlier.) In addition, the possibility of an orientation 
relationship between a and y grains will be discussed 
case of a ya transformation in a 


gradient. 


for the steep 


temperature 


Figure | shows an example of the angular twist 


pure coarse-grained iron 


@ versus time of a wire 


(degree/cm) 


3 
— 


7 03 


Shear strain (%) 


M:293 dyne cm 
(7,130 Yinm?) 


40 60 


Time (min.) 


Fic. 1. Change of angular twist of pure coarse-grained iron wires while undergoing the a 


a moment M 
along the axis of the wire: 85 g/mm?*; vacuum: 10 


compression”? and during torsion. Torsion measure- 
0.2 wt.% C) 


discussed in a 


ments for an iron—carbon alloy (Fe 
described and 
In this note we shall describe torsion meas- 


been 
(3) 


have separate 
article. 
urements on pure iron wires“) which were trans- 
formed in a temperature gradient of 2}°C/cm along 
their axes under different torsional moments. These 


measurements were made in the apparatus described 
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293 dyn cm. gy, and g, were arrived at as indicated by the dotted lines in the figure 
ditions: rate of heating and cooling: ~ 14°C/min; temperature gradient along the axis of the wire: ~ 24°C 
*> mm Hg; grain size: a few grains per cross-sectional area 


a transformation under 
Experimental con- 
cm; tensile stress 


vy and the y 


(length: 10 cm; diameter: 0.05 cm; grain size: one 
area) while 
293 dyn 


cm. These curves are never smooth, no more than 


or a few crystals per cross-sectional 


transforming under an external moment M 


the analogous curves measured for pure iron under 
tension (Fig. 8 of our preceding paper’). Measure- 


ments on a fine-grained iron—carbon alloy, however, 


result in smooth curves.@:*) The angular twists 


925 
6 9 | 
ol. 9 
Ol. 
961 900 
0.2 
4 
875 
01 
2 
0 
0 20 
RR9 
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during the a—y transformation (y,) and the reverse 
transformation (g,) were derived by extrapolating 
the continuous parts (solely due to creep) on both 
sides of the transformation temperature as indicated. 
The wires were always subjected to a tensile stress 
of 85 g/mm®* due to the dead weight of parts of the 
measuring apparatus attached to the end of the wire. 

Figure 2 is a plot of my, and @, as a function of 
the moment M (filled and open circles, respectively). 


200 
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orientation effects come into play instead of averaging 
out. In this connection it is interesting that, although 
the a-crystals obtained after transformation did not 
show a preferred orientation with respect to the 
axis of the wires (Fig. 3), many successive a-crystals 
be twin-related 
(Table 1). The presence of first order a-twins after 
transformation has been reported by many authors,®: ® 


proved to first- or second-order 


but as far as we know second-order transformation 


Torque (dynecm) 


400 


oO 
w 


Shear strain (%) 


Twist (degreexzm) 


100 


Fic. 2. 


The twists m, and @, as a function of the moment M (filled and open circles for the a 


200 


Shear stress (Ymm*) —> 


y and the y-a transformation, 


respectively). Corrections for variations in length and radius of the wires were made by plotting the shear strain at the surface 
of the wires (7) against the shear stress acting at this surface (7,), as well as my versus M. Experimental conditions as in Fig. 1. 


In some experiments the angular twist ~ as well as the elongation ¢ during transformation were measured. For the y 


a trans- 


formation the values of ¢ are indicated near the corresponding measuring points. 


Corrections for the variations in radius and length 
of the wires were applied by plotting the shear strain 
at the surface of the wire, y,= qg R/L, against the 
M/(}7R*), as 
well as g versus M. (L and R are the length and the 
radius of the wire, respectively). 


shear acting at this surface, rT, 


Comments 

(1) The measuring points of Fig. 2 scatter widely. 
This is mainly due to the fact that the a-crystals 
and probably also the y-crystals were particularly 
elongated in the direction of the gradient (length: 
from 0.1 cm to several cm) while generally only 
a few crystals occupy the cross-sectional area. Hence 


TABLE |. Number of first-order and second-order twins found 
by examining the orientation relationship between successive 
a-crystals of two pure iron wires after repeated transformation 
from y (23 °C/cm) at 
C/min. Experimental conditions, 


>a ina steep temperature gradient 
a rate of cooling of 5) 


see caption of Fig. | 


Relative 
Number 


amount (°%) 


First-order twins 
Second-order twins 
No simple relationship 
Total number 


= 
0 600 
8 
= 
Vol. 
6 1961 
080% 9 
0.70.9" 
O=-107 4 
1.05 

— 

12 25 
19 40 
17 35 
48 100 
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twins never been mentioned before.’ Careful X-ray 
and optical examinations showed that these second- 
probably not be attributed 


to a combination of two pairs of first-order twin- 


order twins should 

related crystals of which the common crystal of the 

two pairs remained undetected. 

(2) The full lines gy, and gy, of Fig. 2 were obtained 

by averaging the measuring points by the method 

of least squares. The lines 
— 0.014%, at 


to that found for an iron-carbon alloy transforming 


cross the origin (y 


0). This result is similar 
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phase boundary is zero as in diffusionless transfor- 
mations. The combined measurements of the twisting 


| 


angle and the elongation, shown in Fig. now 


suggest that apparently considerable slip can take 


place in the direction of the applied shear stresses, 
i.e. along the mean plane of the phase boundary, 
even if the mean macroscopic dilatation in this plane 
IS Zero. 

It has been suggested in a previous paper" and 
mentioned above that a specific orientation relation- 


ship may exist between the crystals of the parent 


11 


01 D9 


D 10 


Fic. 3. Orientation of the wire axis with respect to all a—crystals examined in three pure coarse-grained iron wires (D 1, 


D9 and D 10). The crystals were obtained afier repeated a 
Rate of heating and cooling: C/min 


under torsion and analogous to that obtained for 


iron alloys in the case of tension." : * 


(3) In some experiments we measured the angular 
twist g as well as the elongation ¢ of the wires during 
transformation. The figure shows that in the case 
of the «a transformation no or only a weak cor- 


relation between qg and is found. It can be seen 


even 


1.05 


that appreciable angular twists are measured 
when the elongation is maximal (¢,...~ IV/I 


This result is remarkable for the following reason: 


and the tensile stress applied is small (85 g/mm*) 


In a preceding paper’ it has been shown that by 


transforming pure coarse-grained iron in a_ steep 


temperature gradient from into a the maximum 
independent 
This 


that the 


elongation obtainable was ¢,.,, ~ 


of stress within the range of 0-725 g/mm*. 


could be understood if it is assumed (a) 


phase boundary is approximately a plane normal 


to the temperature gradient (an assumption which 
photographs’) 


is supported by high-temperature 


and (b) that the mean macroscopic dilatation along the 


'~a transformations in a steep temperature gradient (~ 23 °¢ 
For the other experimental conditions see caption of Fig. | 


cm) 


and the product phase. An additional argument 


supporting this suggestion is given here 
High-temperature microscopical examinations have 


been made of the deformation pattern produced 


on the polished surface of pure iron strips while 


transforming from the y-into the a-phase in a steep 


temperature gradient (~30°C/cm). In two cases 


the surface tension of the phase boundary was esti 
mated from the equilibrium geometry of the phase 
boundary at a three-grain corner between a +-crystal 


and two «a-crystals, the latter showing a misfit of only 


a few degrees. The tension of the phase boundary 
appears to be of the same order of magnitude as that 
of the low-angle boundary. Using Read's computa 
tion for the energy of a low-angle boundary,"’ and 
assuming that the misfit between the adjacent a-crys 
the surface tension of the 


tals is 2 phase boundary 


was estimated to be 225 erg/cm*. This tension is low 
tension of an incoherent 


This 


in comparison with the 


(~615  erg/cm*). indicates 


boundary 


that at least in these cases a reasonable atomic matching 
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must have existed between the growing a- and the 
vanishing y-crystal. 

Many thanks are due to Mr. J.R.J. van Asperen 
de Boer who took part in the experiments. The authors 
are very much indebted to Professor Dr. W.G. Bur- 
Dr. T.J. Tiedema Dr. C.A. Verbraak for 
stimulating discussions and for help in analysing 
the X-ray photographs. 

This work is part of the research program of the 
Research Group “Metalen F.O.M.-T.N.O.” of the 
Fundamenteel Onderzoek der Ma- 


gers, and 


“Stichting voor 
terie’’. 
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der Universiteit van Amsterdam G. W. RATHENAL 


Netherlands 
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Orientation dependence of slip-band extrusion rate 
in copper single crystals 

lhe cross-slip process has acquired special impor- 

tance in several recent contributions to the theory 

of fatigue." * It has appeared as an essential detail 

in explanations of how slip might occur with a ratchet- 


like action under cyclic loading. The objective, well 


established experimentally, has been to rationalize 
the development of a notch-peak (or intrusion- 
extrusion) topography out of which fatigue cracks 
grow, penetrating initially at least along active slip 
planes. ® 

A point of difference concerns the rate at which 
the topography is expected to develop. One view 


1961 


is that an extrusion (or intrusion) will grow more 
or less steadily through the distance of a single 
Burgers’ vector with each cycle of loading.”: * 
However, it has also been observed on copper single 
crystals that growth may be uneven with bursts 
alternate 


from 


of slip (up to 0.5 m/cycle), hence the 


view that a number of dislocations active 
sources may participate in the growth during a 
given cycle. 

A more refined measurement of growth rate would 
be useful in distinguishing between these views, 
and this was made an objective of the experiment 


described below. A related matter for consideration 


and Schmid factors, N for specimens 


Aand B 


FIG. Orientation 


stemmed from the experience in past work with 
many differently oriented copper crystals that slip- 
band extrusion rates seemed to vary strongly (and 


directly) with the shear stress resolved onto the 
cross-slip system. Such a finding is broadly consistent 
with cross-slip being involved in fatigue—crack for- 
mation; it also suggests that the extrusion—intrusion 
rate may be controlled by the motion of dislocations 
after there has been cross-slip over barriers in the 
primary plane. 

The dual-goal experiment was carried out with 
single crystals of high-purity copper, prepared in 
a way already described."*) Two crystals, A and B, 
were “electroshaped” after growth to locate the 
primary slip direction in the bending plane (y = 0 
in Ref. 2 and 3). Schmid resolved shear-stress factors 
for the primary system were nearly alike; the difference 
for the cross-slip system, however, was approximately 


\ 
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a factor of 10, the value for crystal A being the great- 
er (Fig. 1). 
Each was subjected to 3500 cycles of con- 


stant-deflection alternating bending fatigue after 
which the strain hardening had ceased, plastic strain 
amplitude had become constant, and considerable 
slip-band extrusion could be seen. The ratio of the 
saturation bending-moment to elastic modulus (along 


the crystal axis) was essentially the same for both, 


of dislocations of one sign leaving the surface, were 
A and 20/cycle for B. 

Thus the experiment has shown again that slip- 
band 
in a burst 


157/cycle for 


extrusion (and intrusion) can occur rapidly, 


of dislocation movement. Furthermore, 
it illustrates a rather strong orientation dependence 
of the rate. In particular, it suggests that the applied 
stress resolved onto dislocations in the cross-slip 


system is more significant in determining the extru- 


Fic. 2. Taper sections of specimens A and B fatigued to 3500 cycles, electropolished and then given 50 additional cycles. Mecha- 


nical magnification in the extrusion direction: 


so it was concluded that elastic strain was much 
the same in the two specimens. Since total strain was 
fixed, the plastic-strain amplitudes were also regarded 
as comparable. Cycling was followed by an electro- 
polish to a depth of 12 uw for smoothing all surfaces. 
An additional 50 cycles of bending were then added. 

Metallographic taper sectioning was used in 
comparing topographies produced in the last 50-cycle 
increment. After nickel plating, a plane inclined 
approximately 5° to the original surface and parallel 
to the specimen axis was prepared by a sequence 
of cutting, grinding and diamond-dust polishing. 
The exact 
termined from the ellipticity of small wires initially 


wrapped parallel to the surface and imbedded in the 


mechanical magnifications were de- 


plate. 


Photographs of the resulting taper sections 


are shown in Fig.2. The magnifications from section- 
ing differ some, but it is still clear that the rate 


of topography development was higher in crystal 
A having the larger cross-slip Schmid factor. Average 
rates, over the 50-cycle interval, calculated in terms 


16 for specimen A, 


10 for specimen B. Optical magnification 1000. 


sion—intrusion rate than stress on the primary system 
acting to drive dislocations into the cross-slip system. 

Support by the Office of Naval Research of the 
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The influence of plastic deformation on the resistivity 
of ordered Au,Cu * 

An investigation was made of the change of the 
resistivity of Au,Cu-wires, prepared with different 
degree of order, when they were stretched plastically 
in a liquid nitrogen bath. 

Au.Cu shows long range order below 200°C and 
order above this temperature.”’ In 
the Au-—Cu 
increase of the resistivity, while long range order 
1, 2, 3) 


short range 


system short range order causes an 


gives the normal decrease.‘ 
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For the stretching experiments wires with 
10 times smaller grains were prepared by pre-annealing 
at 550°C. They show somewhat smaller long range 
order as the surplus number of quenched-in vacan- 
cies, which increases the ordering velocity, disappears 
sooner at the grain boundaries. For the wire quenched 
from 803°C only the final value of 10/0 is given 
in Fig. 1. 

The wires were stretched plastically in liquid 


nitrogen in an apparatus described by Korevaar. 


Time (hrs) 


100 1000 


Fic. 1. Decrease of the resistivity of Au,Cu at -196°C 


after quenching from Pre-annealed: 
818°C J 4hrs at 840°C 


+ 


after quenching from 753°C | Pre-annealed. 
803°C } 3hrs at 550°C 


during annealing at 120 and 80°C after quenching. (0 = re- 


sistivity after quench.) 


A number of 0.25 74.6 
at. °4, Au) was annealed for 2 hr at 550°C in a vacuum 


wires (diameter mm; 
and slowly cooled in the furnace. In this state the 
resistivity at —196°C was 9.1 10-® 2 cm. 
Different degrees of short range order were intro- 
duced by quenching in water of 5°C from different 
temperatures, i.e. from 335, 455, 555,645 and 700°C. 
Long range order was introduced in wires 
by a Korevaar™), At 
a number of wires, pre-annealed at 840°C in vacuum, 


some 
method described by first 
was heated to about 800°C, quenched in water and 
annealed at 120 and 80°C. These wires then showed 
a grain size of the order of the wire diameter. After 
100 hr annealing they showed the largest long range 
order as concluded from the resistivity (Fig. 1). 
These results were qualitatively verified by X-ray 
photographs. 


Figs. 2, 3 and 4 show the change of the resistivity 
(1o/0) at —196°C as a function of the elongation 
(€). 

The wires quenched from 335, 455 and 555°C, 
apart from the maximum at about | per cent, show 
a decrease, followed by an increase of the resistivity. 
The elongation where the initial resistivity is reached 
again is the larger, the lower the quenching tempera- 
ture. This behaviour is expected from the influence 
of short range order on resistivity. The order is partly 
destroyed by plastic deformation, causing a decrease 


of resistivity; afterwards the created imperfections 


give an increase. Aarts and Houston—MacMillan™ 


found the same effect in Ag—Pd alloys. 


The wires quenched from 645 and 700°C (Fig. 3b) 


show a distinctly different behaviour, indicating 
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some sort of transition at about 600°C. They broke 
at an elongation of 13 per cent while the others 
broke at about 25 per cent elongation. For AuCu, 


a possible phase transition was found at the same 


Au3Cu Furnace cooled 


short range order 
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of dislocations as indicated by Cottrells theory.” 


Possibly the small maximum occuring at a strain 
of less than | per cent is due to an error in the length 
determination. 


Au,Cu Quenched from 335°C 
short range order 


o Quenched from 455°C 
+ » weet 


+ Quenched from 645°C 


° 


Fics. 2 and 3. Resistivity versus elongation for Au,Cu-—wires with short range order quenched from different tem- 
peratures 


temperature and Damask 


et 


by Kuczynski ef 

The wires with long range order (Fig. 4) show 
an increase of the resistivity caused by imperfections 
and by destruction of long range order by motion 


The author would like to thank Prof. Dr. M.J. Druy- 
vesteyn for his suggestion to undertake this investiga- 


tion and for helpful discussions. 
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Au, Cu 
+ » 


see fig.1 


long range order 


© Quenched from 750°C and annealed 


0.05 0.10 


015 0.20 


Fic. 4. Resistivity versus elongation for long range ordered AugCu-—wires. 
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Calculation of the effect of pressure on the phase 
transformations in thallium * 


Kennedy and LaMori‘ have recently redeter- 
thallium 
a phase transformation at 25°C. They found that 
the normal form of h. c. p. thallium, TI’, (a = 3.4566 A, 
c = 5.5248 A, c/a = 1.5984)) transforms to a denser 
form at a pressure of about 36.7 kb. Although the 
method of detection was by means of a volumetric 


mined the pressure at which undergoes 


change the volume change for the transition was not 


reported.’ Lawson) in his review of Bridgeman’s 
work on thallium reports that Bridgeman found 
a transistion at 40 kb and that the ratio of the volume 
of the low pressure phase V}, to the starting pressure 
V,, and the volume ratio of the high pressure form 
to Vy are 


0.914. (1) 


0.921 and 


Thus at the transition 1 V/V is 


V 


p 


0.007 
0.921 


0.0076. 


At present there is no of determining the 


crystal structure of the high pressure form since the 


way 


technique for making X-ray crystal structure deter- 
minations at high pressure (i.e. 40 kb) has not been 
determined. However, it is instructive to carry out 
a thermodynamic calculation of the effect of pressure 
on a transition from ¢ Tl to a denser form i.e. f. c. ¢. 
or a-Tl. 

Lumsden“) has carried out a thermodynamic cal- 
culation of the lattice stability of thallium. At atmos- 
pheric pressure thallium exists in the e-form for 
0 < 7 <— 505°K. At temperatures above 505°K TI is 
b. c. c. i. e. 6-Tl. From measurements of the enthalpy 
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that the free 


the and forms is 


of the e+ 8 transition it is found 


energy difference between 


given 


1 Fey? = 74 — 0.15 7T'cal/mol (3) 
Lumsden has carried out a thermodynamic analysis 
of the data available for f.c.c. a solid solution of 
the Pb—-Tl system which extends from pure lead to 
85 at. °% Tl. He found that 


1 Fo" 9 0.05 7 cal/mol (4) 


TI 
subtracting equations (3) and (4) yields 


1 Fy,? +- 65 — 0.20 T cal/mol. (5) 
Inspection of equations (3)-(5) shows that the free 
energy differences between the a, f and ¢ forms is 
small even though the a form is never stable at 
atmospheric pressure. 

Pearson,'”) in his review of the crystal structure 
cites the work of Sekito®’ who measured the lattice 
parameter of e-Tl. Sekito quenched thallium from 
the liquid phase and obtained f.c.c. a-Tl. He deter- 
mined the lattice parameter of a-Tl and found it 
equal to 4.851 A.“.5) Schneider and Heymer“) did 
high temperature X-ray diffraction and found a-Tl 
at 244°C and 284°C. They measured af, = 4.889 A 


and 4.897 A, respectively. These values agree with 


the room-temperature value reported by Sekito.".° 
Tang and Pauling have measured the lattice para- 


meter of the a Pb—TI solid solution from pure lead 
to Pb-90°,, Tl. Their data can be extrapolated to 
pure thallium and yield 4.851 A in agreement with 
Sekito’s results. 

The experiments of Sekito, and Schneider and 
Heymer in which an unstable form was observed 
are not unusual in view of the small energy differ- 
ences between the various forms of thallium. More- 
over it has been shown that it is possible to nucleate 
an unstable crystalline form from the melt if the 
interfacial energy between the liquid and the unstable 
form is less than the corresponding interfacial energy 
between the liquid and the stable form. Thus Cech 
was able to nucleate small particles of Fe—Ni alloys 
in the b.c.c. about 1400°C and 
cool them rapidly to room temperature even though 


modification at 


the f.c.c. phase is most stable over the entire tem- 


perature range.” 


4.851 A as found by Sekito we 


of f.c.c. a and h.c.p. 


Accepting aj 
calculate the molar volumes 
e-thallium as 

17.195 cm?/mol (6) 
and 
17.221 cm?/mol (7) 
0.026 cm®/mol at 300°K 


(i.e. AV/V 0.0015). 


We can now approximate the free energy difference 


between e-and a-thallium as follows: 
(T, —9 — 0.05 T 


24 PAV%,* cal/mol (9) 


where P is the hydrostatic pressure in kb. Applying 
equation (9) at 300°K and setting 4 F%," (7, P) =0 
we find 

(10) 


P = 24/0.624 = 38.4 kb 


in excellent agreement with the observed transition.” 

Although the degree of agreement is undoubtedly 
fortuitous, the calculation does suggest rather strongly 
that the high pressure form is f.c.c. It also demon- 
strates the importance of determining the difference 
in free energies between various stable and unstable 
addition 


modifications of pure metals. In equations 


(3)-(5) indicate that the stacking fault energy of TI 
should be small, a point which appears worthy of 
experimental verification. 


Research Division Manufacturing Labs 


Cambridge, Massachusetts LARRY KAUSMAN 


REFERENCES 


LA Mort, Progress in Very High 
York (1961) 
Spacings and the 


1. G.C. KENNEDY and P. N 
Pressure Research. John Wiley. New 
2. W. B. Handbook of 
Structure of Metals p. 878. Pergamon Press, London (1958) 
Progr. Met. Phys. 6, | 
. J. Lumspen, Monogr. Ser. Inst. Metals No. 11, p 
S. Sexito, Z. Kristallogr. A74, 189 (1930) 
A. SCHNEIDER and G. HEYMER, Z 
(1956). 
Y.C. TANG and I 
(1952) 
R. E. Cecnu, 
585 (1956) 
L. KAUFMAN, A 
in Very High Pressure Research John Wiley, New 


PEARSON, Lattice 


A. LAWSON, (1956) 


352 (1952) 


{norg. Chem. 286, 118 


PAULING, Acta Cryst. Camb. 5, 39 


Trans. Amer. Inst. Min. (Metall.) Engrs 206, 


Progress 


(1961) 


HARVEY, 
York 


LEYENAAR and J.S 


* This work has been sponsored by the Materials Labo- 
ratory, Wright Air Division, Dayton, Ohio, 
under Contract No. AF33(616)-6837 and by the Office of 
Naval Research, Washington D. ¢ Contract No 
NONR 2600(00). Received March 1, 


Development 


under 
1961 


ol. 9 
961 


ACTA METALLURGICA, VOL. 9, 


Fic. 1. 


1961 


Change in morphology of carbides along a curved grain boundary inclined at a small angle to the 


specimen surface. Twinned region intercepts grain boundary at AA’. Heat treatment: 1.5 hr at 1260° C, W. Q. 
+48 hr at 730° C, W. Q. 


Morphology of grain boundary carbides in a 304 
stainless steel* 


During the course of an investigation of carbide 
precipitation in a 304 austenitic stainless steel, a de- 
was made of the morphology of the 
Samples of this 0.038 C 
1260°C for 


90 min and water quenched. They were then sensi- 


tailed study 
precipitating (Cr, 
were solution-treated at 


stainless steel 


tized for times ranging from 0.15 to 1500 hr at various 


Fic. 2. Array of similar particles on a straight grain boundary, 
Heat treatment: 1.5 hr at 1260°C, W.Q. +-4.8 hr at 730°C, W.Q. 


Scale: 27 mm equals 1u 


temperatures from 480 to 1060°C in steps of 80°. 
Carbon extraction replicas were made using a 10% 
bromine—methanol etch, as previously described by 
Henry ev al.,") and used to study the carbide particles 
whose relative positions were essentially unaltered. 
From an examination of these replicas under the 
electron microscope, it was clear that the carbides 


must have grown in the plane of the grain boundary 


and formed a thin network between the two grains. 
The thickness of the particles, estimated from the 
amount of electron penetration, was between 100 and 
1000 A; the lateral dimensions varied up to several 
microns. 

The morphology and distribution of the precipi- 
tate varied with the time and temperature of the 
heat treatment. Furthermore, the morphology of 
individual particles depended upon the grain bound- 
ary orientation between the two grains, Fig. 1. It 
was also observed that on straight portions of a grain 
boundary, Fig. 2, the precipitate was formed as an 
array of very similar particles. 

Hatwell and Berghezan‘) have reported that 
carbide precipitates in the form of triangular particles 
on coherent twin boundaries of slightly deformed 
material. We observed that the precipitate on grain 
changed its morphology to 


boundaries generally 


a regular geometric form, usually triangular in shape, 


when twinned regions in a grain extended to the 
grain boundary, Fig. 1. Such geometric particles seem 
to be typical for low energy boundaries, which is in 
agreement with the hypothesis of Fullman and Fisher? 
that the formation of an annealing twin is favored 
by the creation of a low energy grain-twin interface. 

Studies were also made of the intergranular 
fractures of impact specimens of variously sensitized 


material, the precipitate particles adhering to the 
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Fic 3. Carbon extraction replicas of fracture surfaces of impact specimens, broken at 
(a) 1.5 hr at 1260°C, W. Q., 
(b) 1.5 hr at 1260°C, W.Q., 


fracture surfaces being extracted as previously describ- 
ed. Arrays of similar particles were found to be present 
on grain boundaries, Fig. 3, confirming the obser- 
vations made of the particles extracted from polished 


specimens. However, the particles in the extraction 


replicas from the fractured surfaces showed evidence 
of damage. This damage presumably occurred during 
the frac-uring process. 

These observations of the growth of the carbide, 
in regular arrays of very similar particles on the 
grain boundaries, imply the existence of a repeating 
substructure in the grain boundary. If it is supposed 
that the particles nucleate at the sites of greatest 
misfit, a repeating misfit substructure may exist. The 
subsequent growth of any one particle would depend 
upon the exact nature of the grain boundary; however, 
since each particle grows in a similar shape, the 
nature of the grain boundary around the regions 
of maximum misfit must be similar. 

We are grateful to Mr. R. G. Booker of Solid 
States Physics Department, Dr. G. F. Bolling, and 


190 C. Heat treatment 
1500 hr at 565 ¢ 
48 hr at 730 ¢ 


Dr. M. J. Fraser of the Metallurgy Department tor 


their helpful criticisms and stimulating discussions. 


R. STICKLER 
A. VINCKIER 


Westinghouse Research Labs 
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Comments on “Criteria for yielding of 
dispersion-strengthened alloys’ 
In this publication and a more comprehensive 


review, Ansell and Lenel have presented a new 
model to account for the yield behavior of alloys 


with a finely divided second-phase and have applied 
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it to the case of overaged Al—Cu alloys by using 
data from the work of Dew-Hughes and Robertson,“? 


Ansell predicts a yield stress equal to 


where yu is the matrix shear modulus, u* the second- 


yield stress 


phase shear modulus, C a constant of proportionality 
expressing the strength of the second phase, 6 the 


18 
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RECIPROCAL MEAN PLANAR INTERPARTICLE SPACING 
x 


Fic. 1. Plot of critical resolved shear stress versus reciprocal 
mean planar interparticle spacing (after Dew—Hughes). 


Burgers vector of the matrix dislocation, and } the 
interparticle spacing. The Orowan theory, on the 
other hand, predicts a yield stress equal to 


2aub 


yield stress (2) 


4 


Where « is a constant obtainable from dislocation 
theory. It is interesting to consider several statements 
from References 1 and 2 which pertain to the com- 
parison of the yield criteria. 

Verification of one or the other yield criterion 
should be achieved by plotting the critical resolved 
shear stress for single crystals against the appropriate 
function of A as given by equations (1) and (2). If an 


equation is valid, a straight line which extrapolates 
to zero stress for infinite dispersion spacings should 
result. For Al—Cu alloys, a plot™ of c.r.s.s. versus 1/A 
yields a straight line which extrapolates to the origin 
(Fig. 1). Dew-Hughes considers this to indicate that 
the Orowan criterion for yielding is applicable in these 
alloys. Ansell, however, utilizing the data of Dew- 
Hughes, has plotted c.r.s.s. versus 1/j (Fig. 2) and 
claims that a straight line results. He also states, 
“the line representing the least-squares fit of the data 
goes through the origin” and that less scatter of 


@C.RSS.,AGED AL-CU ALLOYS, 25°C 


(DE W- HUGHES) e 


3 
(10 


STRESS 


= 


0.5 


RECIPROCAL SQUARE ROOT OF DISPERSION 
SPACING 
(MICRONS) 


Fic. 2. Plot of critical resolved shear stress versus reci- 
procal square root of dispersion spacing (after Ansell). 


data about the mean straight line results from the 
1/y A plot than results from the 1/A plot. The straight 
line indicated in Fig. 2 does not go through the origin, 
however, as can be seen from an inspection of the 
This may be an 
error in drafting; however, it is found in both Ref- 


figure reproduced from Ref. 1. 


erences, | and 2. Furthermore, it is not readily 
apparent that there is less scatter in the data when 
plotted as shown in Fig. 2 than when plotted as 
shown in Fig. 1. Since Dew-Hughes utilized only 
the best data for Al-4% Cu alloys in fitting the straight 
line shown in Fig. 1, whereas Ansell apparently utili- 
zed all the data in preparing Fig. 2, the data utilized 
by Dew-Hughes are replotted against 1/} 4 in Fig. 


3. A straight line fitted to the data will intersect the 


u 
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vertical axis at negative stress values. This is incon- 
sistent with the concepts of Ansell. Therefore, it may 
be concluded that the Orowan criterion fits the experi- 
mental results but the Ansell criterion is not applicable. 

Dew-Hughes has calculated the quantity 2auh for 
Al—Cu alloys from equation (2) to be 28g/cm and 


finds this in excellent agreement with the slope of 


@ AGED AL-CU ALLOYS, 25°C 
(DE W- HUGHES) 


CRITICAL RESOLVED SHEAR STRESS 


10 


RECIPROCAL SQ. ROOT OF DISPERSION SPACING 
(MICRONS ) 


Fic. 3. Plot of critical resolved shear stress versus reciprocal 
square root of the mean planar interparticle spacing using 
best data of Dew—Hughes 


29.2g/cm from Fig. 1. Ansell,'*? while not indicating 
numerical values, has contended that the calculated 
yield strengths for Al—Cu alloys from equation (1) 
fall within an order of magnitude of the experimental 
values. In view of the excellent agreement of the 
experimental results with the Orowan criterion, an 
order-of-magnitude agreement by the Ansell criterion 
does not appear to justify its application to Al-Cu 


precipitation-hardened alloys. 


Since the dispersion-spacing dependence is dif- 
ferent between equations (1) and (2), it is interesting 
to calculate the difference between yield stresses 
predicted by the two criteria for the experimental 


dispersion range of 2-7 10° 4cm in these Al-Cu alloys. 
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Assuming u* x « and Cx 30, then we can calculate 


the yield stress from equation (1) to be 


(4) 


Apparently, for the range of spacings found in 
these Al—-Cu alloys, the yield stresses calculated from 
the two criteria (equations | and 2) will always agree 
within an order of magnitude. Since the values in 
equation (4) agree with the experimental results, the 
Ansell criterion will predict the experimental yield 
stress in this dispersion range to an order of magnitude 
even though the criterion does not apply. 

Research and Development Dept M. J. Donacuie, Jr 
Electric 


General Dynamics Corporation 
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Groton, Connecticut 
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On “Comments on criteria for yielding 
of dispersion-strengthend alloys” 


Donachie’s comments”? on “Criteria for Yielding 


of Dispersion-Strengthened Alloys”) are based enti- 


rely on the comparision of the data obtained by Dew- 


Hughes and Robertson? for the critical resolved 


shear stress of aluminum-—copper alloys with two 


models which have been proposed to account for the 


yielding behavior of dispersion-strengthened alloys, 


one by Orowan"™? and the other by Ansell and Le- 
nel.°2>) Of course, comparing only one set of experi- 
mental data for gross mechanical properties with the 
values of these properties derived from a microscopic 
dislocation model does not determine the validity of 
this model. Rather, it would appear that the theory 
may have merit if it accounts for all, or at least most 
of the data observed for which the model is applicable. 

Both the Ansell 


model relate the yield strength of dispersion-strengt- 


Orowan model and the Lenel 


7°5-15k10 4 (3) 
and the yield stress from equation (2) to be 
ol. 9 * 
961 
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hened alloys to a function of the mean free path 
between the dispersed phase particles. Although there 
is little experimental data for which both yield strength 
and dispersion morphology are given, there is at 
least some data which has to be considered in addi- 
tion to the data of Dew-Hughes and Robertson. It 
should be noted that the Orowan model will not 
account for the yielding behavior of either low carbon 
or the aluminum—aluminum oxide SAP-type 
Ansell other 


hand will account for these other data. 


steels” 
alloys.“*) The Lenel model on the 

If one just considers the data of Dew-Hughes and 
Robertson several factors not discussed in detail by 


Donachie should be considered. 


The data considered by Donachie as fitting the 
Orowan yielding model represents only approximately 
one third of the reported data. This fraction is taken 
as the “best” data. The method of selection of the 
“best” data lies open to interpretation. It is not 
apparent that this selection procedure was justified 
on the basis of either experimental or statistical gro- 
unds. Rather, Dew-Hughes and Robertion state:‘ 
“In order to test the theory of Orowan, which indi- 
resolved shear stress should 


that the critical 


vary as the mean interplanar distance between centers 


cates 


of particles, a plot of 1,” (critical resolved shear 


stress) “versus (reciprocal mean interparticle 


spacing) ““was made” (the plot shown in Donahcie’s 


Fig. 1). “Except for a group of crystals containing 


very coarse, plate shaped particles, a good correlation 


can be obtained for the 4%, Cu crystals. However, 
the points for the 3°, Cu and particularly the 5°, Cu 
crystals (grown from the liquid alloy) show consid- 
scatter from the 


erable straight line relationship. 


The scatter is not systematic, and no method of 


replotting the data has been found which brings these 
points into line with those of the 4°, Cu crystals. The 
slope of the best straight line through the points for 
the 4°,, crystals “(note here, the line does not include 
the data for the 4°, crystals containing the very coarse 
particles or the data for the 3 or 5 %, Cu crystals), 
“is 29.2 g/cm”. 

[he spacing between particles was calculated on 
the basis of randomly dispersed spherical particles. 
The particles actually observed were not spherical, 
but were disk shaped. The © particles in the 3 and 


5°,, Cu crystals were less spherical than those in the 


0 


4°, Cu crystals. Dew-Hughes and Robertson assumed 


that this departure from spherical particles accounted 


1961 


for errors in the interparticle spacing calculations 
and therefore considered only part of the data receiv- 
ed from the 4%, Cu crystals. One would expect how- 
ever that the calculation of mean free path would have 
a systematic error due to the presence of disk shaped 
particles, at least for the crystals of approximately 
the same composition. Inspection of the data points 
for the 3 and 5%, copper crystals, however, reveals no 
such systematic deviation. It appears that the criterion 
for selection of the “best” data has been whether the 
data will fit a ta (1/d) relationship rather than on 
experimental grounds. If one preselects the critical 
resolved shear stress data on this basis, then as shown 
in Donachie’s Fig. 3, it will not fit the relation tay(1/d). 
The argument that the slope of the Dew-Hughes 
plot is in good agreement with that predicted from 
Orowan’s equation is also based on the perselected 
values used in plotting Donachie’s Fig. 1 and must 
be rejected for the same reason. Because there is no 
apparent iustification for the preselection of “best” 
data, all the data should be statistically evaluated. 
Insteady of drawing a line through preselected “best” 
data in a t vs |/d plot as shown in Donachie’s Fig. 1, 
all the data in the figure should be considered. A least 
square analysis of all the data on the basis of the 
ta(1/d) relation gives an intercept of 0.497 kg/mm? 
(707Ib/in?) when 1/d is equal to zero, and a coef- 
ficient of correlation of this relation to the data of 
0.41. On the other hand a least square analysis on the 
basis of the ta y (1/d) relation gives a line which has 
an intercept of 183 Ib/in? (0.129 kg/mm?) for y (1/d) 
equal to zero and a coefficient of correlation of this 
relation to the data of 0.735. This is the line shown 
in Donachie’s Fig. 2. 

On this basis then, Dew-Hughes’ and Robertson’s 
data is better described by the Ansell and Lenel treat- 
ment than by the Orowan relation. 

We therefore cannot agree that the Orowan treat- 
ment provides excellent agreement with the data while 


the Ansell—Lenel treatment does not. 


Department of Metallurgical Engineering G.S. ANSEL 
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The influence of grain size on deformation stacking 
faults in brass filings* 

Considerable attention has been paid in the last 
decade to the accurate evaluation of stacking fault 
densities in deformed f.c.c. metals and alloys.”’ The 
earlier investigations in this field seem to have been 
based on the assumption that only deformation stack- 
ing faults are produced by mechanical deformation 
of f.c.c. metallic structures. They were mainly con- 
cerned with the study of the shift to lower or higher 


Bragg angles of Debye—Scherrer reflections from the 


faulted structures in accordance with the Paterson 
treatment. It has been pointed out in recent years, 
however, that growth stacking faults, i.e. fine twins, 
may also be introduced in f.c.c. structures by plastic 
deformation and that such faults can be distinguished 
from the other type by the asymmetric broadening, 
in addition to shift to lower or higher Bragg angles, 
of the X-ray lines.) If the asymmetry is exclusively 
due to such growth faults, the density of the latter can 
be estimated quantitatively from the line profile of 
one, say, 200-ref lection. The separation of a line pro- 
file from its overlapping neighbour in X-ray patterns 
of such plastically deformed structures is, however, 
extremely difficult in practice. Asymmetry of such 
powder reflections may also be due to the non-validity 
of the assumptions involved in the Paterson derivation. 

The presence of grains with different stacking fault 
densities in the specimen constitutes one obvious 
cause for the asymmetry of X-ray line profiles from 
filings of f.c.c. structures. The Paterson treatment is 
based on the assumption that the stacking faults are 
statistically distributed throughout the specimen. 
This assumption may not be justifiable in the case of 


filings where different grain sizes may represent dif- 
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ferent states of deformation and hence different stack- 
The 


brass filings was undertaken 


ing fault densities. present investigation on 


mainly to ascertain 
whether the grain size of filings has any marked 
effect on stacking fault density in a case where asym- 
metry has been detected earlier in powder reflections. 

Filings were prepared from massive brass speci- 
mens containing 33 and 40 per cent zinc by weight. 
With a 


deformation 


view to separating the different states of 
to a first approximation, the filings 
were sieved to two appreciably different grain sizes, 
0.06 


size, Debye—Scherrer photographs were taken of the 


Viz. - mm and >-0.22 mm. For each grain 


fresh filings and the corresponding stress-relieved 


Specimens prepared by annealing the filings at 
300°C for 2 hr in a Nonius—Guinier camera. The pro- 
200- 


through a Joyce automatic recording microdensito- 


files of the and I11-reflections were obtained 
meter in a continuous run and the deformation stack- 
ing fault density (a) was determined in each case by 
measuring the change in separation between the mid- 
points of the half-maximum lines of the two reflec- 
The 


also ar- 


tions from the annealed to the deformed state. 
integral breadth of the 200 line (/,,,.) was 
rived at in each case after taking into account the 
influence of the adjacent 111-line; its value cannot 
be expected to be very reliable in view of the inherent 
difficulties in the separation of overlapping pairs of 
reflections. The results are given in Table | and show 
clearly that the grain size of a filed specimen has an 
influence both on the integral breadth of diffraction 
broadening and the deformation stacking fault para- 
60:40 brasses. 


in the breadths of the 200-line for two different grain 


meter for 67:33 and The differences 


sizes were actually more striking in the X-ray patterns 
to the naked eye than would be suggested by the 
values in the Table. The differences in the stacking 


fault density for the two grain sizes are large enough 


TABLE |. Influence of grain size on deformation stacking fault 


parameter (a) and integral breadth of diffraction broadening 


(/) in brass filings 


Zinc content (°, Grain size (mm) 


0.06 0.039 


0.22 0.029 
0.048 


0.031 


0.06 


| 
ol. 9 
961 
33 U.56 
40 
40 0.79 
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to indicate a positive contribution of inhomogeneous 
distribution of stacking faults in a sample to the 
asymmetry of line profiles from filings of mixed grain 
$1Ze. 

The author’s hearty thanks are due to Professor 
W. Koester, Director, for the facilities extended in 
the course of this investigation and to Dr. M. Wilkens, 
for stimulating discussions. 
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Etch pit evidence of (112) slip in iron * 


Single crystal specimens of 99.9 per cent pure iron 
and 3.25 per cent silicon iron were prepared in the 


cube orientation (Fig. 1). The cube orientation was 


(010) 


Fic. 1. Orientation of crystals for the study of (112) slip. Crystals 
were bent about axis normal to long edge. 


chosen because the resolved shear stress on four of the 
(112) planes is about 15 per cent higher than on any 
(110) plane when the sample is loaded in bending. The 
iron sample was loaded in three point bending beyond 
the yield stress of the crystal and etch pits were produ- 
ced at dislocations sites by the method developed by 
Gorsuch."’) Figs. 2 and 3 illustrate slip traces obser- 
ved on two (100) surfaces at 90° to each other. The 
3.25°,, silicon—iron crystals was a few degrees off a 
perfect cube orientation which produced a difference 
of as much as 10 per cent in the resolved shear stress 
on the four principal (112) planes. Figs. 4 and 5 show 
the slip traces observed on two (100) surfaces of the 


3.25 per cent silicon-iron crystal after stressing in 
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three point bending beyond the yield stress of the 
crystal. The dislocation sites were etched using the 
standard chrome-acetic acid solution. 

In both materials studied, the observed traces 
were consistent with (112) slip planes operating and 
not with (110) slip planes. The difference in angle 
between the primary (110) plane and the primary 
(112) plane was 27° on the top (100) surface and 18 
on the side (010) surface for the pure iron sample. The 
angle difference was 25° on the top (100) surface and 
17° on the side (010) for the 3.25 per cent silicon—iron 
sample. These observations are consistent with the 
observation of Barrett er a/.'*) that iron-silicon alloys 
containing less than 4 per cent silicon slip on (112) 


planes as well as (110) planes at room temperature. 
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Caractéres microfractographiques des fissures de 
corrosion sous tension dans un alliage aluminium 
magnesium a 7°, de magnesium * 


Par microfractographie électronique on a étudié 
les zones d’amorce des cassures de piéces en alliage 
aluminium—magnésium a 7°,, de magnésium, rompues 
en service a partir de plages de corrosion sous ten- 
sion produite en atmosphére marine. 
une largeur 
et brillante, 


A loeil nu, ces zones montrent, sur 
de 2 mm environ, une texture fibreuse 
avec une orientation orthogonale a la surface ex- 
térieure de la piece. 

L’examen au microscope électronique se fait par 
la technique de la double empreinte vernis nitro- 
décrite ailleurs."’ Pour 


cellulosique-carbone déja 


la formation de la contre réplique de carbone, on a 


utilisé systématiquement la double projection a 45 


Le faciés microfractographique se montre com- 
posé essentiellement de ruptures intergranulaires avec 
clivages fragiles, tandis 


seulement quelques rares 


que les ruptures ductiles sont pratiquement absentes. 
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Fic. 2. Top surface of pure iron crystal with predicted traces of (112) and (110) planes having the highest resolved sheat 
stresses 


Fic. 3. Side surface of pure iron crystal with predicted traces of (112) and (110) planes having the highest resolved sheat 


stresses 
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Fic. 4. Top surface of 3.25 per cent silicon-iron crystal with predicted traces of (112) and (110) planes having 
the highest resolved shear stresses 


FiG. 5. Side surface of 3.25 per cent silicon—iron crystal with predicted traces of (112) and (110) planes having 
the highest resolved shear stresses 


d 
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Les quelques clivages fragiles observés sont du 
type classique ou du type a gradins, plus rarement 
du type spécial de la Fig. 1, avec trois réseaux de 


lignes paralléles, les unes fortement accentuées au 
point de figurer parfois des extrusions de métal, 
les autres & peine marquées, mais venant se rec- 
corder sur une ligne de propagation principale: ce 
dernier type de faciés peut étre rapproché de celui 
qui a déja été signalé par Nielsen™ sur les surfaces 


Clivage fragile présentant des accidents particuliers 
9000 


Fic. 1. 


de rupture de pieces en acier inoxydable, rompues 
par corrosion sous tension. 

La prédominance des ruptures intergranulaires 
révélant l’affaiblissement des joints de grains du fait 
de la corrosion sous tension, on a recherché quelles 
microfractographique pourrait 


indications l'étude 


fournir sur le mécanisme de cet affaiblissement. 

Aux joints des grains, la microfractographie élec- 
tronique monre d’abord de gros éléments, distincts 
de la solution solide qui constitue la matrice de 
alliage et dont la formation remonte 4 la solidi- 
fication. Ces éléments ne sauraient toutefois exercer 
d’influence notable sur le mécanisme de la rupture, 
uniformément répartis qu’ils sont dans la masse. 

Occasionnellement, on rencontre également dans 
ces joints des indices de précipités, mais cela trop 
rarement pour qu’ils aient pu jouer un role signi- 
ficatif dans le processus de rupture. 

La surface des joints, bien qu’en général relati- 
vement lisse, présente fréquemment des systémes de 
stries qui apparaissent souvent en blanc sur les micro- 


fractographies et s’arrétent toujours aux limites des 
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grains. Plus ou moins épaisses, ces stries consit- 


tuent, a l’intérieur des des réseaux sensi- 


blemet paralleles. Il n’est pas rare de trouver simul- 


grains, 


tanément sur un méme grain deux réseaux de stries 

enchevétrés l’un dans l'autre (Figs. 2 et 3). 
Parfois, les stries, devenant plus épaisses, s’ornent 

de nombreux décrochements (Fig. 4); néanmoins, 


le quadrillage résultant du croisement des deux 
réseaux reste généralement bien discernable. 
Ces divers accidents rappellent les marques de 


déformation plastique. Une corrélation de la sorte 


Fic. 2. Ruptures intergranulaires avec stries en 
9000 


ne serait d’ailleurs pas absurde a priori, puisqu’Ede- 
leanu’® par exemple a signalé, au cours d’essais 
sur éprouvettes de laiton a, une interaction entre les 
fissures de corrosion sous tension et les plans de 
glissement. Au surplus, les stries observées semblent 
bien, comme les lignes de glissement, correspondre 
a des plans cristallographiques déterminés. 

En fait, cependant, ces stries ne s‘identifient pas 
completement aux lignes de glissement formees pat 
déformation plastique pure, telles qu’elles ont ete 
surfaces de cassure, 
1 


vues précédemment sur des 


les stries des 


notamment dans les alliages légers: 


plages de rupture intergranulaire sont plus espa- 


| 
Ps 2 
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cées et moins bien définies que les lignes de glissement, 
et elles se marquent sur la surface par un décrochement 


plus important. 


Or, pour les alliages aluminium—magnésium,"? la 


susceptibilité a la corrosion sous tension est liée 
a une précipitation aux joints des grains ou a une 
migration des atomes de magnésium vers ces joints. 
Ces non 


lement les frontiéres mémes des grains, 


derniéres transformations intéressent seu- 
mais encore, 


dans les alliages préalablement écrouis, des portions 


Fic. 3. Ruptures intergranulaires avec stries en réseaux multiples. 
5000. 


des plans cristallographiques mis en jeu par cet 
écrouissage,”’ principalement prés des frontiéres ou 
les dislocations sont les plus nombreuses.’® Dans 
semble stries observées 


ces conditions, il que les 


puissent étre dues au mécanisme suivant. 

Si une fissure, qui se développe normalement le 
long d’un joint intergranulaire vient a rencontrer 
un plan cristallographique qui, a proximité d’un 
joint, est altéré comme il vient d’étre dit, et qui, 
de plus, se trouve dans une orientation plus favor- 
able que le joint par rapport aux contraintes, cette 
fissure peut se trouver momentanément déviée selon 


ce plan le long duquel elle forme une marche, mais 
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bient6t aprés elle est rappelée sur le joint jusqu’au 
plan altéré suivant. 

Selon cette explication qui rend bien compte des 
microfractographies obtenues, les striations témoigner- 
aient donc de I|’extension aux plans de glissement des 
altérations par précipitation, ou par migration d’ato- 
mes de magnésium qui affectent les joints inter- 
granulaires. Pour l’alliage en cause, le fait ne serait 
pas sans importance, car on y trouverait un critére 
microfractographique de la corrosion sous tension, 
permettant d’identifier directement le phénomene par 
simple examen microfractographique sur cassure, sans 
qu'il soit besoin d’aucune autre étude meétallogra- 
phique. 

Le fait que, sur ces stries pas plus que sur les joints 
de grains, on ne discerne aucune particule bien in- 


Fic. 4. Rupture intergranulaire avec stries épaissies. 12000. 


dividualisée de précipité ne saurait d’ailleurs étre 
oppose a l’explication qui précede. On peut en effet 
fort bien supposer que la précipitation s’effectue 
uniformément sur toute l’étendue des joints et des 
portions de plans cristallographiques intéressés, c’est- 
a-dire sous la forme d’un film continu, ce qui est en 
observations faites antérieurement 


accord avec les 


par Jacquet’? par voie micrographique. 


Marine Nationale, Paris E. MENCARELLI 
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The initiation of slip at the tip of a deformation twin 
in «—iron * 


Cracks can be produced in a-iron" at the in- 
tersection of deformation twins and in the simplest 
case the crack may be considered to be produced 


when a growing twin meets a previously formed 


twin. The width of the crack, w, is directly related 


to the thickness of the twin f, 
Ww ttan 


where @ is the angle of shear required to produce 
that 


the However, observations’ show 


twins normally taper at their ends and at the junction 
with obstacles, e.g. grain boundaries and other 
twins, so that to estimate the crack width the thickness 
inter- 


of the twin must be measured at the actual 


section. Since according to Griffith’s theory the 
stress required to propagate a crack in a brittle 
reciprocal square 
root of the crack that 
tiveness of a twin in initiating brittle fracture is de- 


proportional to the 
width it follows 


manner is 
the effec- 


pendent on those factors which affect its shape. 
The with temperature 
of formation and grain size of the material and it 
is expected that the shape will also depend on the 
applied stress and the way in which the high local 
stresses at the tip of a twin are relaxed. The present 
have 


thickness of twins increases 


note describes observations on twins which 
stopped inside a grain in which the stresses have 
been relieved by a slip process. 

Twinning in body-centred cubic iron is described 
completely by a shear parallel to the {112} compo- 
sition plane in <I11> direction, without any sub- 
sequent “shuffles” which are required in some twin- 
ning systems. The stacking sequence of {112} planes 
is ABCDEFAB.... each layer being a/j/6 apart where 
a is the lattice parameter. A twin is produced by the 
successive displacement of each {112} layer by a/6 


<111>, or in other words by the operation of a partial 
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dislocation a/6 <111 {112} plane. Thus 


the boundary of a twin on any plane not parallel 


on every 


to the composition plane can be described as an 
of a/6 
parallel {112} planes a/j6 apart. 


array dislocations lying on a set of 


Experimental observations 
Figure | shows the end of a twin formed at 78°K 
in an (001) sheet single crystal, 0.002 in. thick, of 


a 3% silicon iron by a tensile stress in the [010] 


(ro) 


Fic. 1. Tip of a (121) [111] deformation twin showing slip 

traces produced by slip on (101), (011) and (110) planes. The 

dark diagonal lines are line profiles which are homogeneously 
displaced across the twin 1000 

direction. The total length of the twin was approxi- 

mately | mm and the maximum thickness 0.006 mm. 

The twin could be observed on both sides of the crystal 


and Fig. 2 shows the appearance of the same twin 


ol. 9 
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on the opposite side to Fig. 1. A large number of 
straight slip lines have formed around the end of 
the twin and a few along its length. There is a close 
number and distribution 


correlation between the 


of slip lines on opposite sides of the specimen. Three 


[100] 


Fic. 2. Appearance of the same twin as shown in Fig. | on the 
Opposite side of the crystal. » 1000. 


sets of slip traces have been produced on the (001) 
crystal face and they were parallel to [010], [100] 
and [110]. The trace of the twin was parallel to 
[210]. Using the edges of the specimen as fiducial 
lines the positions of the traces on each face of the 
crystal could be measured, and in this way the cor- 
responding slip planes and the twin composition plane 
were obtained. All the slip planes were {O11} type 
and their indices are marked on Fig. 1; the twin 


composition plane was (121). 
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The slip lines are associated with tapering of the 
twin and the maximum angle of the twin interface 
was about 15°. Close examination of Fig. | shows that 
along the almost parallel part of the twin each slip 
line or band is associated with a small reduction in 
the thickness of the twin e.g. at points marked x. 
Measurements of the thickness of the twin showed 


that the ratio of the reduction in width of the twin 


[09} 


An (O10) 


(121) 


1 and 2 
with a 


FiG. 3. Opposite end of twin shown in Figs 


cleavage crack has formed at the intersection 


[111] twin 
to the width of the slip trace associated with the 
reduction was the same for all slip traces along 
the twin. 

There was some evidence for cross-slip, for example 
at points P (Figs. 1 and 2) the slip plane changes 
from (O11) to (101) and at point QO from (110) to 
(O11). 


# 
j 
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The opposite end of the twin again tapered but 
it met a (121) [111] type twin and a crack formed 
(Fig. 3) at the intersection. The crack initially fol- 
lowed the (010) cleavage plane and then the interface 
of a second (121) [111] twin. 


Discussion 


Two ways of relieving the stress at the head of 


a twin have been illustrated; namely (1) formation 
of a crack at the intersection with another twin, so 
that the twinning dislocations effectively move to 
the free surface of the crack and (2) plastic deformation 
by slip. The parts of the twin that meet the free surface 
of the specimen are also free from local stress fields 
providing the dislocations are not held up below the 
surface. It has been suggested previously” that the 
notches often observed along the edges of twins 
meeting a free surface are produced when the stresses 
associated with a twin, partially held up below the 
surface, are relieved by slip. It is believed that the 
present observations demonstrate how this process 
can occur. 

It has been shown already that the twin interface 
must consist, at least when the twin is growing, 
of a surface of dislocations, and the angle gy between 
the growing twin interface,and the twinning direction 
in the composition plane will depend on the number 
of dislocations per unit length in the twinning direc- 
N and the distance between successive planes 


d/N. The 


close to the tip of the twin and to produce a bend 


tion 


d, ie. tan g maximum value of @ is 
of 15°, measured on the (001) crystal face requires 
that the distance between the a/6 [111] dislocations 
lying in planes d= a/y6 apart be 5a/3 or ~5A. 
Thus in a distance of 5 from the tip there will be 
104 dislocations. It may be that in these extreme cir- 
cumstances the individual dislocations lose their 
identity, but it is clear that the stress concentration 
at the leading dislocation will be very large. 

This high local stress will be relieved if slip sources 
dislocations created in the 


are operated or new 


untwinned material around the end of the twin. 
However, the observations described above indicate 
that these processes are not important for the fol- 
lowing reasons: (1) no slip lines were observed 
that 


bution of slip lines was closely related to the changes 


were continuous across a twin, (2) the distri- 


in shape of the twin interface, and (3) slip occurred 
on only three of the possible six {O11} slip planes. 


These observations suggest that slip dislocations 
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are actually created at the twin interface. A unit 


a/2 [111] slip dislocation would be produced by 
the combination of three a/6 [111] twinning disloca- 


tions: 
da a a a 
111 111 L111] — 111}. 


This leads to an energy, but 


it may occur under the action of a high shear stress 


reaction increase In 
produced by a big pile-up of dislocations. At the 
twin interface the a/6 [I11] dislocations are not 
on the same slip plane but are on adjacent parallel 
slip planes so that the combination of the twinning 
dislocations must occur by cross-slip of screw com- 
ponents. Some idea of the amount of energy available 
is obtained from the observation that at the opposite 
end of the twin a cleavage crack was produced. If 
dislocations are produced in this way slip lines will 
spread from the twin interface and changes of shape 
of the twin will be accompanied by slip as observed. 
For the (121) twin in the example quoted the twinning 
dislocation is a/b [111] and the corresponding slip 
dislocation produced will be a/2 [111]. The latter dis- 


slip on 


can only planes containing 
(O11), (110) (101) 
type planes. Only these slip planes were ob- 


location slip in 


namely and 

served, no slip on the three other 


(O11), (110) and 


assuming 


planes 1.e 
(101) was detected. 


these observations reported in ab- 


4) 


Since were 


stract form™? an alternative suggestion for creation 
of slip dislocations at the twin interface by Slees- 
wyk) has been brought to the notice of the author. 
Sleeswyk 


dissociates into a unit slip dislocation and a comple- 


proposes that the twinning dislocation 


mentary twinning dislocation as follows 


a 


a a 
(111). 


The experimental observations reported above can 
apply equally well to this method of producing the 


slip dislocation. 
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Comments on the dilation in the 


austenite—martensite contact interface * 
The 


for the description of martensitic transformations 


formal crystallographic theory developed 
apparently now has more far reaching implications 


than initially intended. In addition to providing 
reasonable agreement between theory and _ experi- 
ment in known martensitic transformations, applica- 
tions of the theory have shown that some order 
disorder) and precipitation? type transformations 
possibly can be accounted for in a crystallographic 
sense. It thus appears that there may be some funda- 
mental principles governing these different classes of 
common interface be- 


transformations, i.e. some 


havior or dislocation distribution at the interface 


itself. In this writing an experimental observation 
pertaining to the dilation in the austenite—marten- 
site interface is pointed out. 

In the crystallographic description of marten- 


sitic transformations, there is a reasonably well 
developed theory, which is based on an interface 
(habit) plane which is essentially macroscopically 
invariant. The treatments of Wechsler et al.) by 
matrices and graphical analysis,’ Bullough and 
by surface dislocations, and Bilby and Frank‘? 
using triangular prism matching are equivalent, 
and are based on an interface plane which is undi- 
storted and unrotated. The matrix formulation by 
Bowles and Mackenzie,"* ' also incorporating a pure 
strain and a lattice invariant shear, is based on an 
interface which although unrotated by the trans- 
formation may contain a dilation, i.e. uniform strain. 
In this case, the amount of interface dilation is vari- 
able and chosen so that the theory fits the experi- 
mentally determined quantities. If the Bowles—Mac- 
kenzie dilation parameter is taken to be unity, as 
in the case of the {259}, transformation in iron 
alloys, their theory is equivalent to the other ones. 
That is to say that an interface dilation parameter 
can be incorporated into any of the existing theories. 


Effectively, the use of such a parameter amounts 
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to adjusting the lattice parameters of one of the 
coexistant phases at the plane of contact. 
For the {225}, 


steels, the adherents to the notion of an 


martensite transformation in 
invariant 
plane strain must, in order to account for the observ- 
ed habit plane, etc., postulate that the lattice invar- 
iant shear occurs on a plane other than the {112} 
plane in the martensite (or its mathematical equi- 
valent in the austenite). Specifically, Wechsler et al.“ 
showed that a lattice invariant shear on {110}, can 
Bilby and 
parameter X) 


lead to an invariant plane near {225},. 
Frank” also imply 
that the lattice invariant shear system must change 


(through their 


as the habit plane, etc., changes. On the other hand, 
Bowles and Mackenzie suggested that the {112}, 


shear system is the same for both the {225}, and 


{259}, steel transformations, but that the interface 
must be uniformly dilated to account for the {225}, 
type habit. On the 


{112\,, shear and some interface dilation appears to 


basis of recent results,“*) the 
be justified. 


The use of a dilation parameter has received 
support on energetic grounds," but it is not certa- 
in that such an _ interface accomodation factor 
can be naively regarded as uniform in all directions. 
Bilby and Christian’®) commented that “Although 
it is probably that some distortion of the interface 
must be allowed, there is no a priori reason for as- 
suming it to be uniform in all directions ... ° 

A recent study of the crystallography of the 
austenite—-martensite transformation was reported by 
Wayman ef al.“® In an Fe—7.90 wt.°, Cr-1.11 wt.%% 
C alloy, the martensite formed on a habit plane 
given approximately by the indices {449},, and the 
orientation relationship was nearly that reported by 
Kurdyumov and Sachs‘) some years ago. The ex- 
perimentally determined quantities were used to ex- 
amine the ideas of Bowles—-Mackenzie versus Wechs- 
ler—Lieberman—Read pertaining to the {225}, type 
Although both 


agreement 


transformation. theories were in 


approximate (but not entire) with the 
data, some arguments were presented favoring the 
use of a uniform dilation. In the graphical analysis, 
it was pointed out that the predicted direction of 


the lattice invariant shear departed slightly from 


the ideal <111>,, direction, whether or not a dilation 


parameter was used (one would expect’) the shear 
direction to be exactly <111>,,); however, the degree 
of departure could be lessened by increasing the uni- 
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form dilation from unity. By assuming the exact 
rational shear system, {112}, <111>,, and some 
interface adjustment the predicted habit plane was 
found to depart about three degrees from the ob- 
served one. 

In a study now underway" on the austenite- 


martensite transformation in an alloy containing 
Fe—3.09 wt. % Cr-1.51 wt. °%% C, graphical analysis 
of the crystallography according to conventional 
means has also shown the predicted shear direction 
to depart from the expected close-packed one. This, 
and other discrepancies has focused attention again 
on the {225\, type transformation. 

The habit plane and orientation relationship for 
a single martensite plate"® was given as_ habit 
plane: 
(0.845, 0.378, 0.378) = (944) 
orientation relationship (from plotted zones on 

Wulff net): 

(111), 0.5° from (011), 

[Oll], parallel to [111],,. 

A direct measurement of the (011),,-(111), pole 
separation (The Laue orientation photogram, pub- 
lished in Ref. 16, both 


martensite spots) on the Laue photogram with a 


contained austenite and 
Debye-Scherrer scale showed that the pole separa- 
tion was 0.41 +-0.05 degrees. Although Laue spots 
from martensite in relatively high carbon steels are 
usually diffuse, there were two distinct and well 
separated spots on the photogram from which this 
measurement was made. 

In a model applicable to the {225} transformation 
in steels, Frank"'® suggested that the close-packed 
planes of the two structures meet in the interface. 
This in [111 Jay 
and [O11], are parallel and lie in the interface for 
the {225}, 
that this situation is an impossible one if the exact 


fact occurs because the directions 


type transformation. He further showed 
Kurdyumov-Sachs orientation relationshipt holds, 


(111), 
(O11),, planes differ by some 0.5—2 per cent for va- 


because the lattice spacings between and 
rious steels. This difficulty can be overcome if the 
(O11) planes of the martensite are not quite parallel 
to the (111) planes of the austenite. A slight depar- 
ture from parallelism, less than one degree, can cause 


the effective plane spacings at the interface to be 


equal if the planes are rotated about their line of 


+ 
[O11], 


(Ol ay 
[111]. 
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Fol- 
lowing the method of Frank, a calculation has been 
made for the Fe-7.90 Cr-1.11 C alloy. 


If the close-packed planes are bent through a 


intersection. This situation is shown in Fig. 1. 


small angle, y, at the interface, and if the interface 


plane makes an angle ®, with the (111), plane, and 


_ (Il) Austenite 


(944) Austenite 


(Oll) Martensite 


if d,,, and d,,, are the interplanar spacings (after 


Ref. 19) 


doi, sin (P — yp) 


diy 


COS cot sin y. 


sin 


If y is small, this relation simplifies to 


d, 


tan®@. (2) 


din 


Taking the lattice 7.90 


Cr-1.11 C alloy,“® y is calculated to be 0.35 degrees, 


parameters for the Fe 


in reasonable with the measured value. 


Thus, it is seen that in a direction (in the habit plane) 


agreement 


normal to the line of rotation of the (O11), planes, 


| 
| |, 
| | | |s 
ol. 9 | 
van 
| 
— 
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the lattices nearly fit. There is a 0.3 per cent dif- 
ference if the measured value is taken to be exactly 
0.41 degrees, and this actually implies a slight compres- 
sion of the martensite. Accordingly, one would ex- 
pect comparatively little distortion or dilation in 
this direction. 

On the other hand, since the [O11], and [111],, 
close-packed directions of the two lattices are paral- 
lel and lie in the interface for the (944), transfor- 
mation, it is clear that there must be a comparative- 
ly large accommodation in this direction, since 
the lattice identity period is appreciably different; 
for the (944) alloy, the 
1.98 per 


Thus for this alloy the 


difference between atom 


centers is cent (smaller for martensite). 


lattice accommodation in 
the interface is close to being uniaxial, and the ap- 
plication of a uniform dilation to the interface does 
not appear to be physically reasonable. Hence the 
data are seen to be in close agreement with Frank’s"®? 


0) 


and also Suzuki’s'") model. 


Unfortunately, the precise orientation relationship 
1995) 


for the iron—carbon alloys is not known 
(Kurdyumov and Sachs” used a pole figure method 
and approximated the relationship), and Frank’s 
prediction cannot be checked on the basis of present 
data for carbon steels. 

It will be observed that according to this model, 
the (O11) plane of the martensite is rotated about 
[Oll],, 


(O11),, planes, so that ®! (see Fig. 1) becomes smaller 


the line of intersection of the (111), and 


than ®. The normal of the (011),, plane should lie 
between the normals of the habit plane and the (111), 
plane. This sequence was observed for the alloy 
studied by Wayman, Hanafee and Read", for an 
Fe—3.09 Cr—-1.51 C alloy") which has a habit plane 
between {225}, and {259}, and for the Fe-22 Ni-0.8 C 


alloy of Greninger and Troiano®" which exhibits the 


{259\, habit. Frank’s model also predicts that the 


exact Kurdyumov-Sachs orientation relation cannot 
hold for most iron alloys, because d),, is always 


less than 


In an analysis of the {225}, transformation,” 
Bowles and Mackenzie compared their results with 
the model of Frank. They defined the angle y in 
the same way as Frank, i.e. the angle between the 
close-packed planes of the two lattices. According 
to their definition (equation 8.2 in Ref. 10) 


y S (3) 


1961 


where « is the angle between (110), and (112), 
£ is the angle between (101),, and (112),, 


7 is the angle between (111), and (110),. 


From the above, it is clear that y = 0 only in the case 
b.c.c. 


case the exact Kurdyumov-Sachs orientation relation- 


of the f.c.c. to transformation, and for this 
ship could hold. One also sees from equation (3) 
that y turns out to be negative for all cases where 
the axial ratio of martensite is greater than unity. 
This means that the rotation of the (011),, planes 
about the line of intersection of the close-packed 
planes is in the opposite direction to that given by 
Frank’s model. In terms of plane normals one would 
expect to find the habit plane, the (111), plane, 
and the (011),, plane, in that order. This is not con- 
sistent with the (944), transformation as mentioned. 


The bending of (011),, planes in a sense opposite 
to that of Frank has an additional implication. The 
amount of rotation predicted by Bowles and Mac- 
kenzie for {225}, alloys is such that the difference in 
identity period along [011], is essentially the same 
as that in a direction normal to [011], in the habit 
plane. Therefore the mismatch between the austenite 
uniform, the martensite being 


and martensite is 


smaller. 


With the Bowles—Mackenzie theory, as it stands 


presently, a uniform adjustable dilation provides 


a one-parameter theory. By recognizing that an 
interface dilation parameter is probably anisotropic 
from crystallographic and/or physical grounds, it 
is necessary to rewrite the analysis into a theory 
requiring more than one parameter. A more complete 
reconciliation between experiment and theory pos- 
sibly can be made by recognizing this non-uniform- 
ity at the interface, and in addition, some possible 
clues concerning the transformation dislocations may 
be obtained. Such an analysis is presently under- 


(22,23) 
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INCORPORATION OF SLIP DISLOCATIONS IN MECHANICAL TWINS 


[* 


A. W. SLEESWYK?+ AND C. A. VERBRAAK? 


A dislocation may be incorporated in a twin either 


by gliding across the twin boundary, or by its being 


engulfed by a growing twin. The transformation matrices pertaining to these two modes of dislocation 


incorporation are derived for (112){ 111 


twinning in the b.c.c. 


lattice. A discussion of the products of 


these transformations in terms of a dislocation model shows that all slip dislocations can penetrate the 


coherent twin boundary by suitable dissociations. 


the boundary causes transverse growth of the twin. 


The incorporation by growth may sometimes aid slip dislocations in passing the twin boundary 


In some cases the passage of the dislocation across 


For 


one set of conditions the dislocation model indicates a product different from that predicted by the appro 


priate matrix transformation. Slip dislocations may 
poration by growth. 
DISLOCATIONS 


INCORPORATION DE 


be transformed into cube dislocations during incor 


Such cube dislocations may act as nuclei of micro-cracks. 


DE GLISSEMENT DANS LES MACLES 


MECANIQUES—I 


Une dislocation peut s'incorporer dans une macle soit par glissement au travers du joint ce 


soit par absorption par la macle croissante. 


relatives & ces deux modes d incorporation des dislocations pour le maclag 


cubique centré. Une discussion des produits de ces transformations sur la base d’un modeéle de 


montre que toutes les dislocations de glisseme nt pe 
moyen de dissociations adéquates. 


oeccasionne la croissance transversal de la macle. 


Les auteurs obtiennent les 


suvent pénétrer dans 


cle 
112 


matrices transformation 


111 dans un réseau 


disloc 


macle au 


ation 


oherent ce 


jomnt ¢ 


Dans certains cas, le passage de la dislocation au travers du joint 
J 


L’incorporation par croissance peut parfois aider les dislocations de glissement pour leur passage dans 


le joint de macle. 


de celui prévu pour la transformation de matrice appropriée. 
pendant 


étre transformées en dislocations type [100 


Pour une série de conditions, le modéle de dislocations indique un produit différent 


Les dislocations de glissement peuvent 


incorporation par croissance De telles 


dislocations peuvent agir comme des germes de microfissures 


AUFNAHME VON 


GLEITVERSETZUNGEN 


IN MECHANISCHE ZWILLINGE—1 


Eine Versetzung kann in einen Zwilling aufgenommen werden entweder, indem sie durch die Zwillings 


grenze gleitet oder indem sie von einem wachsenden 


matrizen, die zu diesen zwei Méglichkeiten der Aufnahme von Versetzungen gehéren, werden fiir {11 
(112)-Zwillingsbildung im kub.rz. Gitter hergeleitet. 
Versetzungsmodells, so zeigt 


tionen an Hand eines 


Zwillingsgrenze durch passende Dissoziation durchdringen kénnen 


Die Transformations 
man di dieser Transforma 
alle di 


Das iiberschreiten der Grenze 


Zwilling eingeschlossen wird 


Diskutiert Produkte 


sich, daB Gleitversetzungen koharente 


durct 


die Versetzung bewirkt in manchen Fallen ein Querwachstum des Zwillings 
Die Aufnahme durch Wachstum kann manchmal Gleitversetzungen beim Uberschreiten der Zwillings 


grenze helfen. 
es die zugehérige Matrixformation vorhersagt. 
Gleitversetzungen ir 

fiir Mikrorisse wirken. 


Fiir einen Satz von Bedingungen ergibt das Versetzungsmodell ein anderes Produkt, 
Wahrend det 


Wiirfelversetzungen umwandeln. 


als 
Wachstum k6énnen sic! 


als 


Aufnahme durch 


Solche Wiirfelversetzungen kénnen Keim 


1. INTRODUCTION 
The Burgers vector of a dislocation is defined as the 
“oood”’ 


the 


closure failure of a circuit described in the 
the The 
consists of a number of atom-to- 


crystal around dislocation. circuit 
“Burgers circuit” 


atom steps which in a perfect crystal would form a 


closed loop: encircling a dislocation the same number 


of the same atom-to-atom steps forms a loop that fails 


to close.“ 


If the crystal containing a dislocation is 
sheared homogeneously by uniform slip of successive 
layers of atoms past each other, the original Burgers 
circuit will, in general, suffer a shear deformation too. 
Unless the original Burgers vector happens to lie in 


* Received March 4, 1961. 
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one of the layers of atoms that describes the shear 


movement, its direction, and often its magnitude, will 
Such a homogeneous shear is known to 


it to 


be changed. 


occur during mechanical twinning is, therefore 
be expected that the Burgers vector of a dislocation 
incorporated in a twin has its magnitude and direction 
changed. This may also be expressed by stating that 
the 


deformation twin is non-conservative 


incorporation of a dislocation in a growing 

Obviously, the dislocations may also be incorpor 
ated in the twin by gliding across the twin boundary 
Here the thought to 


existing; its growth, if it actually occurs, may play a 


twin be 


is essentially pre 


secondary role in the process. In this case the con- 
tinuity conditions of slip motion require that neither 
the the of the 


vector are changed when the dislocation enters the 


direction, nor magnitude Burgers 
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twin. 


expressed in a notation pertaining to the crystallo- 


graphic axes of the twin, but this transformation 
simply describes a rotation of axes. Evidently, this 
type of transformation is a conservative one and 
differs from that discussed above. 

At first sight it may seem plausible that the two 
possible mechanisms of incorporating a dislocation in 
a twin give different results. However. if we consider 
the marginal case of a slip dislocation that has glided 
from the interior of the crystal matrix to the boundary 
of a growing twin, we arrive at asomewhat paradoxical 
problem. If the dislocation is thought to be situated 
exactly at the twin boundary, it would seem reason- 
able that further glide of the dislocation into the twin 
should not be accompanied by a change of the Burgers 
vector. Half of the stress field around the dislocation 
is in the twin, half in the crystal matrix. This situation 
has been arrived at gradually while the dislocation 
approached the twin boundary. Continuation of the 
glide may be thought of as a reverse of the sequence 
the 


houndary, with the provision that the twin and the 


of events when the dislocation glided towards 
crystal matrix have exchanged their roles when the 
dislocation passed the boundary. 
the stress fields at that point allows this exchange to 
he made without a change in the total energy stored 
field. 


is glissile in the twin has been left out of 


in the stress The problem whether the dis- 
location 
consideration. 

However, the same kind of argument would seem 


to apply when the above dislocation is incorporated 


in the twin by transverse growth. Only one layer of 


atoms added to the twin would place the dislocation 


unambiguously in the twinned material. Conse- 
quently, the addition of this one layer causes a sudden 
of the 


associated with the stress field around the dislocation. 


change of the Burgers vector, and energy 


This state of affairs seems rather puzzling. It is clear 


that the problem can be reduced to one central 


question: what happens exactly when a dislocation 
is incorporated in the twin’ A detailed physical model 
is needed to solve this problem. This model should 
give the supplementary data necessary to understand 
more completely the results of the two types of 
3efore a discussion of such a model 
first 


formations of the Burgers vectors in somewhat more 


transformations. 
will be attempted we will consider the trans- 
dc tail. The discussion will be limited in the following 
to the {112} (111 


for other twins in other lattices analogies 


twinning which occurs in b.c.e. 
metals: 
may be derived easily from the discussion given 


here. 


Of course the same Burgers vector may be 


The symmetry of 
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2. DERIVATION OF TRANSFORMATION 
MATRICES 

It is shown in Fig. 1 how two halves of unit cells of 
the b.c.c. structure, possessing the twin orientation 
relative to each other, are in contact over the common 
(112) twin plane. The current usage of calling one of 
the two crystals the ‘twin’, and the other one the 
“parent” or will be adopted. It 


from the fact that usually one part, the twin, is 


derivse 


created in the originally homogeneous matrix or 
parent crystal. In Fig. 1 the lower half is considered 
to be the parent, with the cry stallographic axes x,, as 
indicated. Although the twin may be considered as 
the mirror image of the parent crystal, it may also be 
derived by a 180° rotation of the parent crystal around 
the [111] direction. 
advisable, as the sense of rotation of the crystallo- 


The latter procedure is more 
graphic axes is then preserved; these 2 axes of the 
twin are indicated accordingly in the figure. 

hkl), 
expressed in the Miller indices of the parent crystal, 


A convenient 


Every crystallographic direction or vector 


may, of course, also be given in the indices 
pertaining to the x,’ axes of the twin. 
way of changing from one notation to the other is by 
(The 
referred to one of the standard texts on matrices, such 


means of matrix multiplication. reader is 


as Birkhoff and MacLane™) for the elements of matrix 


calculus.) As explained the two sets of axes are 


Fic. 1. Relative orientations of the sets of axes towards 


each other for a [111] (112) crystallographic twin. 
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SLEESWYK ann VERBRAAK: 
mutually related by a simple rotation, hence the 
matrix transforming directions and vectors into the 
new notation will be a rotation matrix. It will be 
derived in a few steps, the first of which is a change 


from the Cartesian x; axes to the oblique n, axes 


indicated in the figure. The corresponding (2; —> 7,) 
matrix is 

l 

2}. (1) 


9 


axes are related by rotation to the 


the 


The oblique x, 


similar axes n,’ of the twin: > n,’) matrix is 


of course, that from the 
This 


formation yields the same matrix as for the similar 


The last transformation is, 
oblique to the Cartesian twin axes. trans- 
change of axes in the parent crystal. As may be 
verified easily this (n, 
the (2; 
matrix Is 


, 


>n,) given in expression (1). The (n,’ — 2,’) 
1\ 


] 0 


By multiplying first the matrices (x,;—>n,) and 
(n, > n,') with each other, and then their product 
with the (n,’ matrix, the matrix is 


obtained: 


(4) 


lattice gives 


Application of this matrix to the Burgers 


vectors of slip dislocations in the b.c.c. 
(a) +3 [111] m {111} ¢ 
(b) +4 [111] m ¢ 
(c) +3 [111] m A511] ¢ 
(d) +3 [111] m 11151] ¢ 
in which the expressions in parent or matrix notation 
are followed by m, those in twin notation by ¢. It may 
be verified that this transformation is conservative: 
the length and direction of the Burgers vector do not 
change. 
On the other hand, the effect of twinning shear on 
the matrix 


transformation of the non-conservative type. 


ton) 


dislocation must be expressed by a 


Pax- 


carried out accurate measurements on the 


INCORPORATION OF 


> x,) matrix is the inverse of 


SLIP DISLOCATIONS 919 
angular changes in crystallographic directions caused 
by twinning shear in «-iron; he verified by a method 
given by Greninger and Troiano™ the twinning model 
given by Linck‘). In this model, it is assumed that 
twinning is the result of the fact that successive {112! 
atom planes slip past each other in the (111) direction 
over a distance equal to } (111 In general, vectors 
and directions in the crystal defined by positions of 
atoms will be affected by such a homogeneous shear. 
A clear picture of the shear effects may be obtained 
of the 


crystal before and after the homogeneous twinning 


by considering the oblique n, axes parent 


shear. Such considerations of a deformation in one 
set of axes do not per se lead to the adoption of a new 
set of axes: nevertheless, for the sake of convenience 
a new set of axes was chosen. The matrix description 
of the twinning shear simply indicates for one set of 
axes what the indices of the cry stallographic directions 
are after the shearing process. 

Any direction or vector in the parent lattice may 
be decomposed in the 7, directions in Fig. 1. Twinning 


may then be described as affecting only the n, 


component, which assumes a new direction equal to 


Ne 5 Ny. In the figure are indicated also the new 


oblique axes n,’ of the twin n, is judiciously chosen 


so as to fall along n, 5 n,, but these new axes are 


not essential for the shear process The shear may he 


expressed in the form of a matrix in n 


The original vector or direction, given in parent 


notation, after twinning shear may be expressed 
conveniently in “‘twin” notation by matrix multi- 


This 


with each other, successively 


plication. matrix is obtained by multiplying 


the (x.—n.) matrix 


and that given by expression (6), the (n,—» »,’) and 


(n,’ —» x,’) matrices. The final result is 


which is equal to the transformation (given by 


Johnsen‘) of indices by twinning. Renewed appli- 


cation of the matrix obtained to the Burgers vectors 
of the slip dislocations in the b.c.c. lattice gives 
(a) (111) 7 m 
(b) 7 
(c) +3 111) 7 
(d) 7 


1100] ¢ 


[OLO] ¢ 


l 0 0 
(2) 
0 0 l 
ol. 9 
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\—2 2 
(7) 
\—Z 2 0 
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in which the symbol 7’ indicates the transformation 
of the original Burgers vector by twinning shear. The 
transformation is—in the cases of (8c) and (8d) 

clearly non-conservative, as the elastic energy of the 
resulting dislocation is higher than that of the original 


one. 


3. STEPS IN COHERENT TWIN BOUNDARIES 


That slip lines may cross Neumann lamellae—twins 
without being deflected was first observed 
by Rosenhain McMinn“). 


together with the fact that they were unable to obtain 


in ferrite 
and This phenomenon, 
lamellae, led these 
that the 


However, Mathew- 


from these 
the 


configurations could not be twins. 


Laue reflections 


investigators to conclusion observed 


son and Edmunds‘ pointed out that slip along the 
111) zone axis of a {112} twin should easily cross the 


twin lamella. Laue reflections were, in fact, obtained 
much later on twins in iron by Kelly. The common 
tacit assumption that, in general, twins are obstacles 


for slip was the basis of a model for the creation of 


micro-cracks Birnbaum”®), who assumed 


that 


might occur. 


given by 


dislocation pile-ups against twin boundaries 


In the next section it will be shown that 


Fic. 2. Three successive (112) planes in the unit cell. 

The halves of the body-diagonals, 0A, 0B, 0C and OD 

interconnect zero, three, two and two (112) planes, 
respectively. 
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the crystallography of twins in b.c.c. metals allows 
all 4 


boundary, and that such boundaries present only 


111) slip dislocations to cross the coherent twin 


minor obstacles to slip. 

It is necessary to discuss first some elementary 
features of the steps that slip may cause in coherent 
twin boundaries before this statement can be sub- 
stantiated. 

A slip dislocation may be considered as a frontier 
of slip: its passage causes two halves of the crystal 
to move past each other over a distance equal to the 
Burgers vector. Thus, if a particular {112} plane of 
atoms in the crystal is considered, through which 
passes a dislocation, a step in this layer of atoms will 
be the 
perpendicular to the {112} plane may be expressed in 
the 


result. The component of the step height 
terms of the number of {112} layers exposed; 
component in the {112} plane is of no interest in the 


present discussion. The step height thus indicated 


depends not only on the magnitude, but also on the 


orientation of the Burgers vector. In Fig. 2 it is 
shown that the four half-diagonals in the unit cube 
interconnect three successive (112) planes. It is 
found that 0A lies completely in the (112) plane, but 
OB connects three planes, and 0C and OD two planes 
each. Interpretation of these elementary facts in 
terms of dislocations and step heights, as defined 


above, leads to the following expressions: 


Height of 


exposed 


Burgers vector of 
dislocation passing 
(112) plane 


(a) 
(b) 
(c) 


(dl) 


The Burgers vector of the passing dislocation may be 
decomposed into a component perpendicular to the 
(112) plane, and a component in this plane. It is the 
magnitude of the former which determines the step 
height: addition or subtraction of a dislocation with 
the Burgers vector in the (112) plane will have no 
effect on the height of the exposed step. 

In the case that the (112) plane is a boundary layer 
between a twin and parent crystal the above con- 
siderations of step heights are also applicable but in 
addition some special requirements are the result of 
this particular situation. Twin boundaries may be 
considered as being stacking faults between neigh- 
Partial dislocations, by 
The 
growth process of twins may be described as a move- 


ment of twin partials. In this case the twin partial is 


bouring layers of atoms. 
definition, are the boundaries of stacking faults. 
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SLEESWYK anp VERBRAAK: 
also associated with a step in the coherent boundary 
In Fig. 3(a) the 


atomic configuration of such a twin dislocation in a 


between twin and parent crystal. 


coherent boundary is shown. The Burgers vector of 


this twin dislocation is } (111 

It has been pointed out elsewhere" that besides 
this common } (111 
twin the 4 (111 
dislocation, plays a role in deformation twinning in 
the b.c.c. lattice. It is related to the ordinary twin 


dislocation by 


dislocation, complementary twin 


(10) 


The complementary dislocation may be derived from 
the common or primary twin dislocation by addition 
or subtraction of a slip dislocation with an anti- 
parallel Burgers vector; from each twin partial one 
complementary twin partial can thus be derived. 
From expression (10) it follows that the effect of 
passage of a complementary twin partial is equivalent 


> 


OQ 


TWIN DISLOCATION 
SYMBOL: T 


* 


COMPLEMENTARY TWIN DISLOCATION 
SYMBOL: IL 


B 
Fic. 3. Projection on (110) plane of two layers of atoms 
of the b.c.c. lattice. 
is shown at a step in a twin boundary, in (b) a comple- 


In (a) the common twin dislocation 


mentary twin dislocation at a similar step is given. 
The symbols for common and complementary twin 


dislocations are introduced. 
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twin partial a second type of 


SLIP DISLOCATIONS 


MATRIX 


MATRIX 


MATRIX 


MAT RIX 


1 win DISLOCATIONS 
T 


TWIN DISLOCATIONS 
T vail 

Fic. 4. Illustration 
Blank arrows indicat 
under 


of the of twin partials 


in What directions twin disloca 
tions move influence of the shear stress (black 


arrows) that causes the twin to grow (a) and in what 
directions complementary twin dislocations move at 
rhis figure is, as the 

on the (110) plane o 


twin 


same conditions (b 


to follow, a projection 
to the effect of the passage of the primary twin partial 
and a slip dislocation, successively. A slip dislocation 
in the type of stacking 


fault 


does not cause any change 


dislocation has a stacking 


that 


order, but a twin 
behind. It 


fault will be caused by passage of the complementary 


trailing follows the same stacking 


twin partial. In Fig. 3(b) the atomic configuration 
around a complementary twin dislocation is depicted 
Nicholas“*) that 

lattice. It 


It was shown by Frank and this 


dislocation is stable in the b.c.e is shown 
that 


[111] twin partials 


at steps in the coherent 
that 


schematically in Fig 


boundary and 


6 


complementary twin partials are present and 
the 


the shear stress in the material that caused the twin 


such dislocations move undet action of 
Irrespective of the sign of the dislocation, motion of 
the twin partial under the influence cf the stress 7 
will cause growth of the twin at the cost of the matrix 
crystal and, similarly, motion of the complementary 


twin partial causes a decrease of the twin. All twins 
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in the b.c.c. lattice thus far investigated, exhibited a 
shear in accordance with the model in which twin 
formation is supposed to be caused by passage of 
(111 


6 


that might have been caused by passage of } (111 


twin partials. No twins were ever observed 


complementary twin partials. In the following it will 


always be assumed that } (111) twin partials caused 
growth of the twins. 

It may be noticed, by way of an introduction to the 
next section, that both types of dislocations have 
Burgers vectors in the plane of the twin: conse- 
quently, a slip dislocation which in passing the twin 
boundary leaves behind any number of the two types 
of complementary twin dislocations will cause a step 


in accordance with expression (9). 


4. MECHANISMS OF INCORPORATION 
When we consider a slip dislocation that passes the 
twin boundary, it is advantageous to express its 
Burgers vector in twin notation according to express- 
ion (5). Passage of the dislocation will cause a step in 
the coherent boundary to be created, the magnitude 
of which is given by expression (9). It was explained 
before that a step is equivalent to a twin or com- 
plementary twin dislocation in the case that the {112} 
layer of atoms is a twin boundary. This implies that 
the slip dislocation must leave behind at a one-layer 
step a twin dislocation of one of the two types. In 
doing so, the dislocation will change in magnitude, 
although, as pointed out at the end of the last section, 
the component perpendicular to the twin plane will 
not be changed. In the case that a pile-up is behind 
the dislocation at the twin boundary, it will be 
particularly favourable if the products of dissociation 
are mobile. The original dislocations in twin notation, 
as given by expression (5), can all dissociate into 
mobile components with twin and complementary 
twin dislocations at the steps in the numbers required 


by expression (9), as shown below: 


(a) +4 [111] m 43111] 


(11) 


[511] t > 
[111] + 4 (117) 


(c) m 


(d) +} m = 42[151]t—> 
{111} + 4 


in which after the arrow the symbol ¢ has been omitted. 

The expression (lla) represents, of course, the case 
given by Mathewson and Edmunds. The Burgers 
vector of the slip dislocation in the matrix crystal 


coincides with that of the analogous dislocation on the 
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lattice of the twin. The required step height is zero 
so the dislocation may pass the twin boundary, 
unaltered. 

In Fig. 5 the dislocation dissociation as given by 
relation (11lb) is shown to operate when a $ [111] 
dislocation—indicated by the three-pronged symbol 
crosses the twin boundaries on entering and leaving 
the twin. As required by expression (9) two twin 


dislocations are left behind. It is interesting to 


Cc 


Fic. 5. The sequence (a—c) shows a s{ 111 | slip dislo 

cation traversing a twin band. Two *{111) twin 

dislocations are left when the slip dislocation enters, 

two —}[111] dislocations are formed when the slip dis- 

location leaves the twin. The process causes transverse 
growth of the twin. 
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observe how the passage of this type of slip dislocation 
causes growth in the transverse direction of the twin 
Attention is the fact that this 
mechanism was apparently hitherto unknown. 


growth 
The 
growth mechanisms mentioned in the literature viz. 
those of Christian"), Millard”), 
Cottrell Bilby@®, are all variations on 


dislocation multiplication models which may 


drawn to 


Thompson and 


and and 
well 
occur in practice. In Fig. 5, of course, only one of the 
yssibilities of a crossing described by expression 
is shown. A } |111] dislocation approaching the 
twin from the upper side, under the same mechanical 
conditions which are supposed to be effective in the 
figure, will leave the twin behind in the same situation 
as did the crossing +-}{111] dislocation. This may be 
verified easily by turning the images of Fig. 5 upside 
down. Also it is possible that the twin grows undet 


circumstances in which the shear stress on the glide 


plane of the slip dislocation is the opposite of that 


assumed to act in Fig. 5. The dislocations which then 
glide towards the twin are of signs opposite to those 
considered before, and so are the twin dislocations left 
the The 


differ essentially from that discussed above. 


behind at boundaries. situation will not 

In the foregoing it was tacitly assumed that the 
shear stress on the glide plane through the twin is 
compatible with the passage of the dislocation; this 
need not necessarily be so. In the case that the shear 
stress opposes the passage, a single dislocation may 
remain halted at the boundary. If the dislocation is 
one of a series of successive dislocations in one plane, 
the final configuration may be a pile-up against the 
houndary in the matrix, and one in the twin. In 
general the twin boundaries will to some extent act as 
obstacles to the passage of slip dislocations, as the 
formation energy of the twin dislocations must be 
furnished by the moving dislocations. As the twin 
dislocations will move away under influence of the 
shear stress on the twin plane, the obstacle may in 
many cases be easily surmountable to the slip dis- 
locations. 

The cases represented by the expressions (llc) and 
(11d) are essentially the same: the difference between 
the two is in the fact that the processes in the one 
case may be regarded as mirror images of the processes 
occurring in the other case, the (110) plane being the 
In a 


mirror plane. They will be treated together. 


fashion similar to that in Fig. 5, it is shown in Fig. 6 
that a slip dislocation by dissociation at the twin 
houndary may traverse a twin lamella. The previous 
arguments about similar dislocations of different sign 
and at different mechanical conditions are applicable 
here com- 


here too. An essential difference is that 
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DISLOCATIONS 


Fic. 6 
eation traversing a twin 


Consequence of 


mentary twin partials will cat 
ot the 


plementary twin partials are created at the twin 
boundary which, when moving under influence of the 
shear stress on the twin plane will cause a decrease in 
thickness of the twin platelet. 

The expressions (9) give the number of exposed (112) 
atom layers after passage of a slip dislocation; it 
follows from elementary dislocation theory that these 
numbers may also be interpreted as giving the half 
The 


slip dislocation adds or subtracts (112) half planes to 
If we 


planes of atoms which define the dislocation 


or from the twin now consider a twin growing 
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in the transverse direction, having a halted slip 
dislocation at its boundary, the following considera- 
tions apply: the transverse growth of a twin platelet 


takes place by the movement § [111] twin dislocations 


on successive (112) planes at the twin boundary. If 


the halted slip dislocation at the boundary is to be 
incorporated in the twin by growth, it will be neces- 


sary to change the number of twin dislocations, 


because the slip dislocation changes the number of 


(112) planes on which twin dislocations have to move 
in order to cause twinning. The change in the number 
of twin dislocations is given by expression (9); the 
sign of the change depends on the sign of the slip 
Kither 
emitted or they must be absorbed by the halted slip 


dislocation. twin dislocations have to be 
dislocation in numbers given by expression (9) in 
order that the latter may be incorporated in the twin. 
The condition that the growth of the twin should 
continue after incorporation of the slip dislocation 
the 


being 


complementary twin 


the 


excludes possibility of 


partials formed at boundary. These 


requirements lead to a series of expressions analogous 
to those of (11): 


(a) [111] m 43/111] 


(b) LIL) m 115] ¢ > 


+2 (12) 


[100] + ¢ [111] 


(d) +3 [111] m [151] t— 


[O10] + 
(12) with (8) shows 


immediately that after complete incorporation of the 


Comparison of expression 
halted dislocations by the growth mechanism outlined 
above, the dislocations are of the types obtained by 
multiplication of the indices of the original slip 
dislocation in the parent crystal with the matrix given 
in expression (7). It would seem that the foregoing 
explanation of the growth processes in which the 
half-planes of the slip dislocations are also considered, 
provides the correct answer to the paradox mentioned 
at the the 
equation (12) with (11) shows that only the expressions 
(d) differ. 


well-known case of a dislocation with the 


end of introduction. 


(c) and Expression (a) represents the 
Burgers 
vector parallel to the (112) plane, which is not affected 
by incorporation in the twin. 

It is necessary in equations (12b, ¢ and d) to make a 
distinction between production of a +2 [111] twin 
dislocation and of a —} [111] dislocation. The twin 
partials on the boundary of the growing twin may be 


Comparison of 
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of either type, as indicated in Fig. 4. The slip dis- 
location at the twin boundary may either create extra 
planes on which the twin partials have to move to 
cause growth, or cause a decrease in the number of 
such (112) planes. The dissociations given in ex- 
pression (12) furnish extra twin partials; when they 
are of the same sign they move on the planes added to 
the twin, when they are of opposite sign they annihi- 
Not only is the 


geometry different in these cases, but in addition the 


late superfluous twin dislocations. 


energy considerations may differ markedly. 
The passage of a slip dislocation across the twin 
boundary as given by expression (11b), illustrated in 


Fig. 5, produces two +} [111] twin partials, which are 


simply inserted between the other twin partials on the 


The 


process requires energy, as two new twin dislocations 


boundary if the latter are of the same sign. 


must be created. Conceivably, a high shear stress on 
the glide plane in the twin, and the stress exerted by 
the advancing twin partials already in the twin 
boundary may help in surmounting the energy barrier. 
In principle, the situation, when the produced twin 
partials are of the sign opposite to that of those 
already present, is the same as that described by 
(12b). In 
The advancing 


however, significant 
1 [111] disloca- 
[111] slip 


dislocation when it is halted at the boundary. Such 


equation practice, 
differences occur. 


tions may, for example, react with the 


reactions, equivalent to annihilation of twin partials, 
will be favourable energetically. 

In Fig. 7 the process is shown in various stages. 
In Fig. 7(a) the slip dislocation, nearing the boundary 
of the growing twin on which +-} [111] partials are 
In Fig. 7(b) the $ [111] slip dis- 


location is halted at the boundary in which now a 


present, is shown. 


two-layer step is present. The first twin partial which 
reaches the slip dislocation will react with it as follows: 

in which the “twin” notation according to expression 
(5) has been used in rendering the slip dislocation. It 
may be noticed that the Burgers vector of the product 
is perpendicular to the (112) twin plane, as might be 
expected from symmetry considerations. The next 
twin partial will react with the product of the previous 
reaction: 

{112} ¢ (13b) 


resulting in the slip dislocation given by expression 
(12b) being formed in the twin. The above discussion 
may be regarded as a refinement of that which gave 
rise to equation (12b). A similar discussion applied to 


the processes given by equations (12¢ and d) does not 
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A growing twin incorporates a + { 111] slip 
twin 


Fig. 7. 

dislocation halted at the boundary. Two 3 111 

partials react with the dislocation, which becomes again 
a slip dislocation in the twin. 


always predict the same dislocation in the twin, as will 
be apparent from the following. 

Annihilation of twin partials of opposite sign 
delivers much energy to the lattice: it may take place 
if the dislocations happen to be on the same lattice 
plane. If they were situated on neighbouring (112) 
planes they might have neutralized each other to a 
large extent, as the stress fields of the two dislocations 


would almost completely counteract each other when 


they are the minimum distance apart. The energy of 


this configuration will be approaching zero, and the 


INCORPORATION 


OF SLIP DISLOCATIONS 925 
gain in energy of the process which gave rise to it will 
be only slightly less than in the case of annihilation. 
Thus, a —} [111] complementary twin partial may 
form a neutral group with two } [111] twin partials on 


other planes, as is the case, for instance, for the 


residual boundary of a twin when emissary dis- 
locations have been created.“ 
The low energy of such a neutral group presents 


half of the 


pressions (12¢ and d), viz. when a 


given by ex- 
L{111] ora +4 


[111] slip dislocation is halted at a twin boundary on 


alternatives to processes 


These alternative 


processes produce energy, instead of requiring it, as 


which partials move. 


the dissociations of equations (l2c and d) do. The 


dissociations given by relations (lle and d) furnish 


partials each forming a 


The 


[111] complementary 
neutral group with two advancing twin partials. 


reactions are 


2x 1f1Tl]—> 
+ (4 


2 
¢ 


> 
(A [111] 


in which the neutral groups are indicated by paren- 
theses. It may be noticed that these processes produce 
slip dislocations in the twin, instead of the (100 
dislocations predicted by equations (12e and d). 

In Fig. 8 the sequence of events leading to the 
formation of a neutral group and a slip dislocation in 
the twin according to expression (14) is schematically 
illustrated. Although the 
respect to, say, the applied stress, it is not so with 
The 


proportional to the 


group is neutral with 


respect to the advancing twin partials forces 


between two dislocations are 


inverse of the distance between them, hence the 
effect on the 
the advancing twin partials predominates over the 


The growth of 


dislocation in the group nearest to 


effect of the two other dislocations 
the twin on the three layers on which the group 


is gliding will be somewhat retarded, as the disloca- 


tions have to be pushed through the lattice by the 


twin partials piled up behind them 
Where in equations (12e 


reaction of an 


and d) the dissociations 


would yield twin partials, instead of annihi 


lation a advancing twin 


partial with the halted slip dislocation seems more 


likely, as it requires less energy. These reactions are 


| — [100] 


¢ [O10] (15) 


Although these reactions still energy, a 


require 
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Asin Fig. 6,a S| 111] slip disloca 
tion passes the twin boundary, this time aided, however, 
by two + | 111] partials in the boundary of the growing 


twin, A of dislocations is formed with 


neutral group 
energy approaching zero 


pile-up of twin partials may possibly give the stress 


needed to surmount this barrier. 

In Fig. 9 the sequence of events leading to the 
production of cube dislocations is depicted. It may be 
that, 
locations may be regarded as nuclei of micro-cracks. 


remarked according to Cottrell?®, cube dis- 


Some experimental evidence supporting the idea of 


crack nuclei present in twin lamellae was presented 


recently by one of us at the 5th Cambridge Conference 


on Crystallography"” of which a more complete 


account will be presented in a forthcoming publication. 


1961 


ACKNOWLEDGMENTS 

The present work is a result of a discussion on the 
incorporation of dislocations in twins between the two 
authors. The initiative for this discussion was taken 
by Professor W. G. he and Professors J. D. 
Fast and G. W. Rathenau, Dr. T. J. Tiedema and Mr. 
F. W. Schapink all contributed to a better under- 
standing of the problems involved. The authors wish 


3urgers: 


to express their gratitude for the kind guidance this 


audience gave to their exchange of views. 


D 


Fic. 9. A $111) slip dislocation halted at 
the boundary of a growing twin is incorporated as a 
100) or [OLO One twin 


dislocation. 
partial reacts with the halted dislocation. 


cube 
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ROLLING FRICTION ON SINGLE CRYSTALS OF COPPER 
IN THE PLASTIC RANGE* 
L. D. DYER*+ 


vary with crystallographic direction when a 
For a }-in. ball under a 
100) direction 


Both rolling friction and track width were found to 
sapphire ball was rolled in various directions on the cube face of a copper crystal. 
200 g load, the rolling resistance was found to increase 32 per cent in changing from the 
to the (110) direction while the track width decreased 31 per cent. The topography of the deformed areas 
was studied by optical and interference microscopy and microhardness measurements were made in and 
around the ends of the tracks. These studies aided in developing an explanation for the observed 
anisotropies. 

The rolling friction and track width variations may be explained by the topography around the static 
indentation and by the way that the rolling motion affects this topography to give anisotropic build-up of 
surface ahead of the ball and anisotropic work-hardening of the contact area. The topography around 
these indentations is explained on the basis of the plastic flow that results from the arrangement of th: 
slip planes in the applied stress field. A dislocation model is presented of the plastic flow and the work- 
hardening in static and rolling ball-indentations on the cube face of copper. 


DES MONOCRISTAUX DE CUIVRE DANS 


PLASTIQUE 


ROULEMENT SUR 
LE DOMAINE 


FROTTEMENT DE 


L’auteur a trouvé que le frottement de roulement et la largeur de la trace laiss¢e par une bille de saphir 
roulant dans différentes directions sur une face cubique d’un cristal de cuivre variaient avec la direction 
Pour une bille de 1/4, pouce sous une charge de 200 gr, la résistance de roulement 
la direction (100 


La topographie de | aire déformée a et 


cristallographique. 


augmente de 32 pour cent de & la direction (110) alors que la largeur de la trace 


décroit de 3 pour cent. s étudiée au microscope optique et inte! 
férentiel et des mesures de microdureté furent effectuées dans les traces et aux environs de leurs extré- 
Ces études permettent de développet une explication des anisotropies observées. 

roulement et de la variation de la largeur de la trace peuvent étre 


mités, 

Les variations du frottement de 
expliquées par la topographie autour de la pénétration statique et par le fait que le mouvement deroule 
ment affecte cette topographie pour donner une protubérance anisotrope de la surface devant la bille et 
un durcissement de déformation anisotropie de la surface de contact. La topographie autour de ces 
pénétrations s explique par la déformation plastique qui résulte de arrangement des plans de glissement 
dans le champ d’application de la déformation. L’auteur propose un modéle de dislocation pour la 
déformation plastique et le durcissement de déformation dans les pénétrations statiques et avec roule- 


ment de la bille sur la face cubique du cuivre. 


ROLLREIBUNG AUF KUPFER-EINKRISTALLEN IM PLASTISCHEN BEREICH 
Wenn eine Saphirkugel in verschiedenen Richtungen auf der Wiirfelflache eines Kupferkristalls gerollt 

wurde, anderten sich Rollreibung und Spurbreite mit der kristallographischen Richtung. Fiir eine Kugel 

$f Zoll Durchmesser unter 200 g¢ Last nahm der Rollwiderstand beim Ubergang von der (100 


Richtung um 32°, zu, wihrend die Spurbreite um 31° abnahm. 


mit | 
Richtung zur (110 
wurde durch optische und Interferenzmikroskopie untersucht; an den Enden der Spur und in deren 
Erklarung fiir die 


Die Topographic 
Umgebung wurde die Mikroharte gemessen. Diese Untersuchungen halfen, eine 
beobachteten Anisotropien zu finden. 

Die Anderungen von Rollreibung und Spurbreite lassen sich erklaren durch die Topographie um die 
statische Eindruckstelle und durch die Art, wie die Rollbewegung diese Topographie beeinfluBt: Die 
Oberfliche wirft sich vor der Kugel anisotrop auf und das Beriihrungsgebiet verfestigt sich anisotrop. 
Die Topographie um diese Eindruckstellen laBt sich erklaren auf der Grundlage des plastischen FlieBens, 
das von der Anordnung der Gleitebenen im angewandten Spannungsfeld herriihrt. Fiir das plastische 
FlieBen und die Verfestigung an Eindruckstellen, die bei statischen und Kugel-Roll-Versuchen auf der 


Wiirfelflache von Kupfer entstehen, wird ein Versetzungsmodell angegeben. 


1. INTRODUCTION tion. The method was to roll a sapphire ball on a 


The subjects of rolling and sliding friction are of great carefully prepared crystal of copper and to measure 


technological importance and have been studied the force that opposed its motion. The topography of 


extensively on an engineering basis, but many of the the deformed areas was examined by optical and 
underlying microscopic factors that control these interference microscopy, and microhardness measure- 


quantities remain obscure. The present study is part ments were made in and around the tracks to aid in 


of an effort to relate rolling deformation and friction 
to the crystal structures of the contacting surfaces 


when the main energy loss goes into plastic deforma- 


* Received September 20, 1960; revised March 20, 1961. 
+ General Motors Research Laboratories, 12 Mile and 
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developing an explanation for the observed aniso- 
tropies. 
No previous studies of rolling friction on single 


crystals have come to the attention of the author; 


but sliding friction has been studied on copper, 


diamond and rock salt crystals. The work on copper 
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was done by Bailey” in the load range of plastic 
deformation, and it showed that the friction and the 
track width of a sapphire ball sliding on a copper 
crystal varied with crystal direction on a particular 
face and that the friction and track width maxima did 
not occur at the same azimuth. For example, for a 
t-in. ball sliding on the (001) face of copper, the 
friction increased 400 per cent in changing from the 
[100] direction to the [110] direction, while the track 
width decreased 22 per cent. The studies on diamond 
and rock salt were performed in the elastic range. 
Kenyon) measured the friction of a conical diamond 


of arbitrary orientation sliding on the (110) face of 


another diamond and found that the sliding friction 
increased 275 per cent in changing from the [110] 
direction to the [001]. Seal®-) measured the friction 


of a (110) pole of a diamond slider on the (100) face of 


another diamond and varied both the relative orienta- 
tion of the two crystals and the direction of sliding. 


Each series of measurements showed the combined 


anisotropies of the (110) pole and the (100) face of 


diamond; this anisotropy was greatest when the [001] 
directions of the two surfaces were parallel. Seal 
concluded that the frictional anisotropy arises from 
directional differences in the strengths of microscopic 
junctions that form and break in the sliding process. 
series of friction 


King and Tabor carried out a 


measurements on the natural cleavage face, (100), of 


salt at various orientations. No detectable 
change in friction was observed. 
Seal measured the rate of wear of diamond as a 


the high rates of wear were 


rock 


function of direction: 
always found in the directions of high friction. Scott'® 
found this to be true also when diamond was worn 
against glass and that the anisotropy in wear rate 
decreased from a high value to a factor of four when 
the sliding speed was increased from 420 cm/sec to 
3360 cm/sec. 
when the sliding was done in a dry atmosphere; the 


The wear rate of diamond also increased 


wear was about 8 times that in normal air. 
Gwathmey ef measured dry, static friction 
between two oriented crystals of copper from which 
all oxide films had been removed. 
friction on the (100) face was more than 4 times that 
on the (111) face. The lower static friction on the (111) 
face was attributed to the ease of shearing the crystal 


parallel to one set of its slip planes. These workers 


also studied wear between crystals etched in hot oil. 


Some faces were roughened more than _ others 


etching and therefore showed a _ greater 


Goddard’) measured the rate of wear 


during 
rate of wear. 
of copper by emery abrasion and found 22 per cent 
differences between [100] and [110] directions on a 
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(001) face. Feng@® found 31 per cent variations in 
wear rates among four copper crystals of known, but 
widely scattered, orientations. His wear experiments 
were performed by rotating two parts of a cylindrical 
crystal end-to-end; therefore, each wear measurement 
was an average over all twist-misorientations and all 


sliding directions in the face. 


2. EXPERIMENTAL PROCEDURE 

Materials 

The copper cry stals were grown from 99.999 pel 
cent pure copper in the shape of oriented rectangular 
parallelepipeds 4 3 3in. The rolling member 
was a } in. sapphire ball of 0.000025 in. sphericity, and 
the top plate was a high precision quartz plate 
Rolling friction between the sapphire ball and the 
quartz plate was negligible at the loads used in these 


experiments. 


1 pparatus 


The apparatus that was used to measure rolling 
friction was developed by Drutowski" for measuring 
rolling friction between polycrystalline samples. It 
consisted essentially of a mechanism for moving one 
plate in a direction parallel to another plate, a means 
for applying a known load to a ball between the two 
device for measuring the tangential 


plates, and a 


force in the rolling direction. It was modified by the 
substitution of a load beam that would operate in the 


With the 


friction 


load range of 0.5—250 g¢ instead of 1-500 Ib 


present double-beam that measures the 


forces, the apparatus is capable of reproducibly 


detecting 0.002 ¢ differences in rolling resistance 
The apparatus is shown schematically in Fig. 1 

The crystals were examined after deformation in a 
Reichert research metallograph with attachments for 


A Zeiss 


microscope was used for the study of topography 


phase contrast microscopy. interference 


around the rolling tracks, and a Bergsman micro 


hardness tester was used to measure variations in 


hardness in and around the tracks 


Rolling friction arrangement 


Fic. 1. 


| 
2R 
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Surface preparation 

A layer of crystal at least 1 mm thick was removed 
between experiments by nitric-acid polishing on a 
cotton cloth so that the cold work done by the rolling 


ball did not affect successive experiments. Prior to 


an experiment, the crystal was electropolished for at 


least 40 min in a phosphoric acid—copper phosphate 
bath. The crystal was then rinsed in running distilled 
water for 10 sec, immersed in 10°, phosphoric acid 
for 30 sec, again rinsed in running distilled water for 
| min, replaced in the 10°, phosphoric acid for 1 min, 
then washed in the running distilled water for 4 min, 
after which it was dried by the capillary action of a 


glass tube. 


Procedure for the rolling friction runs 


The crystal was placed in the holding device so that 
the desired crystal direction was parallel to the 
direction of travel of the ball. The sapphire ball was 
carefully placed at one end of the crystal specimen, 
and the top plate was lowered by means of a smoothly- 
moving rack-and-pinion until the strain beam was 
deflected to the desired amount. After the beam was 
secured in this position, the ball was rolled over the 
specimen for approximately lin. Then the ball was 
the 
the time 


displaced sideward 1mm and rolled back in 
opposite direction for the same distance; 
elapsed for one pass was 50sec. The resistance to 
rolling was measured in the central ? in. of this 1-in. 
travel. 


crystal face for each crystallographic direction studied. 


Several pairs of runs were made on each 


Friction values were obtained that were an average of 
the values from each adjacent pair of tracks; this 
averaging eliminated the tangential force contribution 
of geometrical misalignment in the manner discussed 
by Drutowski™. 

Runs were made in the two low-index directions, 
[110] and [100], on the (001) face of copper. 

Track width measurements were made at 0.1-in. 
intervals along each track, and these values were 


averaged. Care was taken not to measure regions of 


the track that were narrow because of the presence of 


a dust particle or wide because of the presence of a pit. 
Microhardness measurements were made at points 

ofa grid 0.150 

both tracks using a diamond pyramid under a 25-g 


0.150 mm in and around the ends of 


load. 
3. EXPERIMENTAL RESULTS 
Rolling friction and track width measurements 


A summary of the results obtained on rolling 


friction is contained in Table 1. 
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TABLE 1. Summary of friction results for a }-in. ball 
rolling on a cube face of copper under a load of 200 g 


Direction Friction (g) Track width (mm) 
0.213 
0.148 


0.003 
0.003 


100 O.897 0.040 


110 1.180 


Microscopic ination 


The shape of the end of a track and the distribution 
of slip bands around it were observed to vary with 
rolling direction. Fig. 2 shows, in phase contrast, the 


pointed end of a track in the [110] direction on the 


(001) face of copper; Fig. 3 shows the blunted end of 
a track in the [100] direction. The slip bands at the 
end of the [110] track were more closely spaced than 
those around the [100] track. The beginning of a [110] 
track is shown in Fig. 4, and that of a [100] track is 
shown in Fig. 5; the [110] track narrows as it leaves 
the static indentation, whereas the | 100] track widens. 
The interiors of the rolling tracks preserved a certain 
degree of order compared with those of sliding tracks; 
slip traces could still be distinguished. 

The results of the topography investigation with 
the Zeiss interference microscope were as follows: 


one elongated hill was found at the end of the [110] 


Fic. 2. End of a[{110] rolling track on the cube face of 


copper. 


a 
a 
3 


Fia. 
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End of a [100] rolling track on the cube face of 
copper. 


Beginning of a /100] rolling track on the cube 
face of copper, 


Fic. 4. Beginning of a [110] rolling track on the cubs 
face of copper. 

track; this hill has a height of over } the track depth 
Two elongated hills were found at the end of the | LOO] 
track: the greater axis of each hill made an angle of 
45° with the track direction, and each was less than } 
the track depth in height Ty pical interferograms of 
the ends of [110] and |100] tracks are shown in Figs 
6 and 7, respectively 

The grids of hardness indentations are shown in 
Figs. 8 and 9 and on the |110] and |100] tracks 
respectively. These indentations were made around 
the ends of tracks similar to those in Figs. 2, 3, 7 and 
8. Vickers diamond pyramid hardnesses are shown in 
the photographs. The notable results were the slow 
and parallel increase in hardness for | 100] and [110] 
cases as the tester approached the indentation and 
the sudden jump of hardness as the tester probed the 
contact area—the jump of hardness for the |110] 
track exceeding that of the | 100] track 

4. DISCUSSION AND INTERPRETATION 
OF RESULTS 

In contrast to the behavior of randomly-oriented 
polycrystalline materials, single crystals do not show 
equal plastic displacement of material to every 
position around a static indentation. This anisotropy 
gives rise to variations in rolling friction and work 


hardening with direction—just from the variation 
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. 6. Interferogram of the [110] (001) track end Fic, 7. Interferogram of the [100] (001) track end. 


Fic. 8. Grid of Vickers microhardness indentations at “ic. 9. Grid of Vickers microhardness indentations at 
the end of the [110] (OO1) track. the end of the [100] (001) track. 
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with azimuth of the amount of material to be dis- 
placed in making a groove. It also alters the shape of 


the contact area by affecting the topography ahead 
of the ball and the size of the contact area by affecting 
the amount of work-hardening. The manner in which 
these variations come about and are interrelated will 


now be discussed. 


Qualitative Discussion 

The rolling resistance for the first pass across the 
surface of a plastic material may be regarded as an 
equilibrium between two competing factors, the first 
of which tends to increase the tangential force by 
building up the surface level ahead of the ball, thus 
elongating and narrowing the contact shape, and the 
second of which tends to decrease the force by in- 
creasing the yield strength of the contact regions, 


thereby raising the ball and reducing the volume of 


material to be swept out. The latter factor also tends 
to decrease the size of the contact and the track width. 


Regenerative build-up of surface 

The force-increasing factor will first be discussed 
for isotropic materials. 

As a rolling or sliding ball moves out of its static 
indentation and encounters a tangential resistance 
due to the asymmetry in surface level, the applied 
the the 


The stress field associated with 


force-vector inclines from vertical toward 
direction of motion. 
this loading also inclines in the same manner, 
tends to concentrate the plastic flow into regions 
ahead of the ball, and the surface ahead of the ball 
becomes higher than the corresponding region around 
the ball at rest. This raising of the surface ahead of 
the ball gives an even greater tangential resistance 
than was encountered when the ball started to roll. 
A model illustrating this mechanism is shown in Fig. 
10. (The foregoing mechanism, because it is re- 
generative, would tend to build up the surface and the 
tangential resistance indefinitely to a value that 
would prohibit the ball’s forward motion if the plastic 


Fic. 10. Regenerative build-up of regions ahead of a 
ball rolling on an isotropic, plastic material. 
(a) Static indentation stress pattern; (b) first inclina 
tion of applied load vector and associated stress field; 
(c) build-up of material ahead of ball; (d) further inclina- 
tion of stress field. 
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deformation were not confined or opposed in some way. 
The manner in which it is opposed will be discussed in 
the section on work-hardening.) 

Thus, there is a regenerative build-up of both the 
surface and the tangential resistance in the isotropic 
case. It can be said to result from the combination 
of tangential movement with plasticity of the regions 
in the vicinity of the contact; for, without tangential 
no tangential 


movement there could, of course, be 


force, and without plasticity there could be no 
asymmetry in surface levels at these rolling speeds 
The contribution of crystallinity to anisotropy in 
the surface build-up will now be discussed. Only the 
empirical locations of the bulges around a static 
indentation will be used here; the locations will be 
accounted for in a later section on the basis of the 
arrangement of the slip planes in the applied stress 
field. When the ball rolls out of its static (plastic) 
indentation on a crystal, it encounters varying 
surface levels according to the direction in which it 
rolls. On the (001) face of copper, which has a 
square-like static indentation, the highest surface 
levels are encountered at four equivalent azimuths 
[110], [110], [110] and [110]. 
these directions, the hill that it generates and meets is 


Thus, full 


increases tangential 


If a ball rolls in any of 


there is a 
the 


always directly in its path. 
feedback that 
force and the hill size over that of the isotropic case. 
When the ball is rolled in any of the directions | 100], 


[O10], [100] or [010], however, the two hills that it 


mechanical 


generates and meets are located partly to the side of 
the contact area, and the ball rolls over only part of 
each hill. In this case there is only a partial mechani- 
the material to affect the 


cal feedback of raised 


tangential force, etc., and the resulting hills are less 


pronounced than in the isotropic case. 


Re lationship of surface build-up to contact shape and 
track width 

The shape of the contact area is related to the 
bulging of the surface in the following manner: the 
shape of the contact area refers here to the projection 
of the 
parallel to the original flat surface, or to the shape of 
the 


actual contact region onto a plane that is 


the curve that bounds this projection. Since 


actual surface of contact is located on a sphere, the 
height of each point on the bounding curve is a function 
of the location of the point on the sphere the height 


being given specifically by z a \ (a* x y”) 
a \ (a? r*), where x, y and z refer to co- 


ordinate points in a conventional rectilinear system 
whose origin lies at the bottom pole of the ball, and 


where r refers to the distance from the vertical 
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diameter of the ball 
a point on the bounding curve from the vertical 
diameter, the greater the height of the surface at this 
In the case of a ball at rest on an isotropic 
This line reflects 


point. 
surface, the bounding line is a circle. 
the equal heights of all surface regions around the 
contact. When the ball is rolled, the bounding line is 
a semi-circle that is slightly elongated in the direction 
of rolling and constricted in the transverse direction. 
The elongation results from the build-up of surface 
ahead of the ball: 
occur to keep the supporting area constant. 


the transverse constriction must 
In the 
case of a ball at rest on the cube face of copper, the 


bounding line is a “rounded” square; this shape 


reflects the occurrence of four symmetrically-placed 
When the ball is rolled, 


the shape of the contact depends on the location of the 


bulges around the contact. 


bulges with respect to the path of the ball. If the ball 
rolls directly into a large hill, as in the case of the [110] 
track, the elongation and narrowing of the contact 
area is enhanced over that of the isotropic case. If it 
rolls into two hills that are located to the side of its 
path, as in the case of the [100] track, the elongation 
is reversed and the contact area is foreshortened and 
widened. 

Thus, the build-up of the surface and the tangential 


force are also reflected in the shape of the contact area, 


W ork-harde ing 

This factor decreases the depth of penetration 
which. therefore, decreases the volume of material to 
be displaced, At the the 
strength of the material increases, but this effect is 


same time, tangential 


outweighed by the effect of work-hardening on the 


volume displaced, consequently, the total effect of 


This 


and 


work-hardening is to decrease the rolling force 
the data of 


Tabor“ on the variation in friction among lead, tin 


viewpoint agrees with Eldredge 
and copper, and with their results on rolling friction 
versus the number of traversals in copper. 

Many experiments on work-hardening have shown 
that at least two active intersecting slip systems are 
necessary for a substantial increase in hardness. As 
will be shown in a later section, the deformation in 
our case consists of slip on two such systems in each 
octant around an indentation—one for material to 
flow upward to the surface outside the contact area 
and another for material to flow downward in the 
cylindrical volume beneath the contact area. 

In examining the qualitative effect of crystallinity on 


the relative work-hardening of the |110] and [100] 


tracks, we need merely refer to the relative amounts of 


mechanical feedback of raised material into the 


Thus, the greater the distance of 
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deformation process. It is clear that since the [110] 
track has essentially a full mechanical feedback of 
this type, it should be work-hardened to a greater 
degree than should the [100] track. This expectation 
is confirmed by the microhardness measurements. 


Quantitative A spects 


By definition, the contact size should be inversely 
proportional to the hardness, and the track width 
proportional to the square root of the hardness. By 
using the data in Figs. 8 and 9, the hardness variation 
may be shown to account for 20 per cent of the track 
width difference observed between [110] and [100] 
tracks on the (OO1) face. The other 80 per cent of the 
track width difference can be shown to be due to 
topography alone if one uses the shapes of the contact 
areas in the photographs. 

One relating the rolling 


way of quantitatively 


force to the parameters of the contact is to reason that 


the rolling force, F, at a particular load and _ ball 
diameter, is proportional to the product of the mean 


Vickers hardness, /,,,, and the cross-sectional area A, 


of the volume displaced. Eldredge and Tabor“* did 


this for polycrystalline samples and assumed A, to be 
the area of the segment of the circular cross-section of 
the ball that was intersected by the original surface of 
the sample. It now appears more reasonable to use 
this area plus that which was raised above the surface 
toa position in the path of the ball. This area can be 
measured from the interferogram of the end of a 
track. [t can also be measured indirectly from the shape 
The frictional 
the 


of the contact area as defined earlier. 
F,, (110)/F, [100] 


interferometric data is 


anisotropy calculated from 


60.6 kg/mm? 2.16 10-4 mm? 
52.3 kg/mm? 1.87 10-4 mm? 


110) 
F, [100] 


This estimate approximately accounts for the observed 
1.32. 


shown 


friction ratio 
that the A, for shallow 


depressions is very nearly approximated by dividing 


It can be area 
the shape of the contact area into strips perpendicular 
to the track direction, multiplying the area of each 
the 
summing all the products. There is some uncertainty 
because of the difficulty of 


strip by its distance from trailing edge and 


in this measurement 
deciding on the location of the trailing edge. However, 
if this location is chosen as best one can, the A,’s may 
be evaluated by this graphical integration; they come 
the 
This way of determining 


out approximately same as those measured 


interferometrically. Ae 
mentioned because it shows how the smaller contact 
have the larger contribution to friction 


area may 
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because of its elongation. This method also circum- 
vents the use of a topographic microscope. 
Model of the Plastic Flow in Indentations 
on the Cube Face 
Static indentations 


The square-like shape of the static indentation is 
110 


azimuths around the original contact. The reason for 


due to preferred volume displacements to 
this preferred displacement becomes apparent when 
we consider the effects of the arrangement of slip 
planes on the plastic flow as governed by the stress 
field under the ball. 

First, we consider the isotropic case (Fig. lla) 
which gives us a representation of the applied stress 
field for the incipient plastic flow in all of the cases, 
in terms of stream lines.“®) Then we introduce {111! 
slip planes without discrete slip directions in such a 
way as to approximate the slip surfaces of the iso- 
tropic case as closely as possible (Fig. 11b). Since the 


shear stress is highest nearest the contact area on any 


given plane at any given depth, the locus of points of 


highest shear stress for an assembly of depths would 
the li(b). This 


form stream lines shown in Fig. 


explains the locations of the bulges around the static 


indentation. 


Rolling indentations 

Since the applied force vector was inclined only 
slightly from the vertical in the present experiments 
(0.3°), we should not expect a significant change in 
the stream lines for a given octant around the contact. 
In fact, the preferred volume displacement occurs to 
the same azimuths as it does in the static indentation. 
The inclination of this vector would, however, greatly 
affect the degree of flow in any particular azimuthal 
octant, enhancing the flow in those octants toward 
which it leaned and diminishing it in those away from 
which it leaned. Thus, in the [110] track, the degree 
of flow would be enhanced in the quadrant bounded 


by [O10] and [100] vectors and would occur on (111) 


Fic. 11. Stream lines for plastic flow in indentations. 
(a) Theoretical (b) theoretical case of 
cube face with {111} slip planes and no preferred slip 
direction; (c) cube face of copper with {111 110) slip 


ropic case; 


systems. 
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and (111) planes for downward and upward material 
movements, respectively. In the [100] track, the flow 
would be enhanced in the quadrant bounded by [110] 
and [110] vectors and would occur on (111) and (111) 
planes on the right and (111) and (111) planes on the 
left; 
[110] on the right and [110] on the left. An examina- 


tion of the actual slip traces confirms these theoretical 


the resulting slip traces would be parallel to 


results. 


Dislocation Model of the Hardening Process in the 
Static Indentation and the {1 10] and [100] Rolling 
Tracks on the (O01) Face 


Work-hardening is extremely important in reducing 
the friction and the extent of plastic deformation 
It can be estimated that, if work-hardening did not 
occur in these experiments, the track width would be 
at least 5 times that actually measured and the friction 
about 16 times the actual value. The work-hardening 
of the tracks may be attributed to dislocation inter 
The the 


kinds of interactions 


actions. relative importances of various 


(16) will depend on the distribution 


of the dislocations of the various Burgers’ vectors 
For this reason it is necessary to get a more precise 
picture of the actual stream lines of the plastic flow 

Since the (112 


Ll(b) cannot be slip vectors in the copper cry stal, the 


segments of the stream lines in Fig 


actual lines must deviate from the ones shown. Fig 
ll(c) shows a model of the plastic flow when the 
110 The 
segments of those 


the 


slip directions are introduced 
the 
local orientation of 
The 


both the applied shear stress and the internal stress 


allowed 
lines are 


the 


descending stream 


preferred by maximum 
applied shear stress ascending ones favored by 
created by plastic flow along the descending segments 
This the 
volume displacements to (110 


us to construct a dislocation model. Fig 


model accomplishes observed preferred 
azimuths and allows 
12 shows one 
possible dislocation model of the plastic flow that 
ll(c) that is, the face of 
For the azimuthal octant bounded by [110] 


> 
Burgers 


corresponds to Fig (OO] 
coppe r 
and |100] directions, dislocation loops of 
vector a/2 | 101] descend on (111) planes to ace omplish 
the downward flow in the cylindrical volume beneath 
the contact area, while those of Burgers vector a/2 |O11) 
are generated on (111) planes outside this volume to 
the contact area. In the 


get material up around 


rolling indentations, the same stream lines would be 
followed in the frontal quadrants with the directional 
Table 2 
lists the active slip systems in the frontal quadrants 
L110] and 


The dislocation interactions may then be worked out 


enhancements of flow already mentioned 


of the rolling tracks in the 100] directions 
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(iT 1) 


/P 
C110] C100) 


‘ 


(001) 


coi 1] 


model of plastic flow in (001) 


indentations. 


Fic. 12. Dislocation 


TABLE 2. Active slip systems in the forward quadrants 
in rolling tracks on the (001) face of copper 


Slip system 
on left 


Slip system 
on right 


Track 
direction 


Volume 


displacement 


Down {110} 
Down | 100] 
Up 110] 
Up | 100} 


(111) [O11] 
(111) [101] 
(111) [101] 
(111) [O11] 


(111) [101] 
(111) [101] 
(111) 
(111) 


from the locations of the loops. A simple qualitative 
picture of the work-hardening in the (001) indentations 
emerges in which the * 
Lomer—Cottrell 


“screw” sections are impeded by the other interaction 


‘edge”’ sections of the loops are 


impeded by interactions and the 
of dislocations with Burgers vector at 120°.“® 

It should be emphasized that these experiments 
in air and that a film of oxide is 
The 


thickness of this oxide varies between 20 A and 50 A 


were carried out 


known to be present under these conditions. 


with the laboratory atmosphere and with variations 
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in the washing procedure after electropolishing. The 
role of this oxide layer in friction was not investigated, 
although it surely plays an important one in many 
practical friction and wear processes. If this oxide 
film were removed, the results that we have obtained 
altered: but the 


qualitative nature of the anisotropies should still be 


might be quantitatively same 


found when the rolling member is a sapphire and does 


not adhere to the surface. If, however, the rolling 


member were a metal surface and all oxides had been 


removed from both surfaces. the adhesion between 


the two surfaces should greatly alter the picture given 
here. 
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WORK-SOFTENING OF METAL CRYSTALS BY ALTERNATING 
THE RATE OF GLIDE STRAIN*+ 
B. LANGENECKER? 


Work-softening has been discovered in aluminum and zine crystals grown from the melt as a result of 
unloading after straining at a high rate of glide strain and subsequently loading at a low rate of glide strain 
This softening effect was observed at a constant temperature and at zero intensity of ultrasonic radiation 
The resulting stress-strain curves are similar to those obtained by Cottrell and Stokes when the erystals were 
unloaded and subsequently reloaded at a higher temperature with a constant glide rate and no ultrasoni: 
radiation. The results are also similar to those obtained by Blaha and Langenecker when the crystal was 
unloaded and subsequently reloaded at a higher intensity of ultrasonic radiation at a constant tempera 
ture and at a constant glide rate. In this paper these three types of work-softening are compared and a 
possible interpretation of the phenomenon is reported. 


ADOUCISSEMENT DE DEFORMATION DE CRISTAUX METALLIQUES EN ALTERNAN'I 
LA VITESSE DE LA DEFORMATION DE GLISSEMENT 

L’adoucissement de déformation a été découvert dans des cristaux d’aluminium et de zine aprés 
croissance & partir d’un bain fondu par suite d'une décharge aprés déformation a une grande vitesse di 
déformation de glissement et charge subséquente a une faible vitesse de déformation de glissement. Cet 
effet adoucissant fut observé a température constante et pour une intensité nulle de la radiation ultra 
sonique. Les courbes tension—déformation qui en résultent sont similaires a celles obtenues par Cottrell 
et Stokes lorsque les cristaux étaient déchargés et par suite rechargés 4 une température plus élevée aver 
une vitesse de glissement constante et sans radiation ultrasonique. Les résultats sont également simi 
laires & ceux obtenus par Blaha et Langenecker lorsque le cristal est déchargé et par suite rechargé a 
une intensité plus élevée de radiation ultrasonique a température constante et a vitesse de glissement 
constante. Dans cet article, les trois types d’adoucissement de déformation sont comparés et un 
interprétation possible est donnée. 


VERFORMUNGSENTFESTIGUNG VON METALLKRISTALLEN 1 ALTERNIERENDEN 
ABGLEITGESCHWIN DIGKEITEN 
Bei Untersuchungen an aus der Schmelze gezogenen Aluminium- und Zink-kristallen konnten 
Entfestigungen durch abwechselnde Dehnungen mit stark verschiedenen Abgleitgeschwindigkeiten 
nachgewiesen werden. Dabei waren weder die Versuchstemperaturen geindert noch die Kristallproben 
beschallt worden. Die erhaltenen Verfestigungskurven gleichen sowohl jenen, die Cottrell and Stoke 
nach abwechwelnden Dehnungen bei verschiedenen Temperaturen (jedoch unverinderten Abgleitgesch 
windigkeiten und ohne Beschallung), als auch Blaha und Langenecker ohne Temperatur- und Gesc}l 
windigkeitsanderung im Ultraschallfeld erhalten hatten. Die somit vorliegenden drei Varianten der 
Entfestigung durch Verformung werden gegeniibergestellt und erértert 


1. INTRODUCTION 


af _ single crystals while changing the glide rate at 
Cottrell and Stokes” reported a work-softening of ; ss 
constant temperature and without ultrasonic radia 
aluminum single crystals which were work-hardened tion. This paper reports a third similar type of worl 

at low temperatures. This work-softening or sudden .ofaning which occurs when changing the rate of 
reduction of shear stress occurred on subsequent glide strain at a constant temperature without ultra 
we erty higher temperature. A second similar sonic radiation. This sudden reduction of shear stress 
work-softening was reported by Blaha and Langen- appears while straining at a low rate after worl 

ecker™ in the cases of aluminum and zine single hardening while straining at a high rate. The experi- 
crystals when they were alternately loaded with and mental results demonstrate the relation between the 
temperature. Because of the well-known relation dislocations. Consequently, a generalized interpreta 
betwee e deformation energy and the rate of glide ; ' 
et n th leformation en rgy an | t rat fg tion of work-softening is possible 
strain, it seemed worthwhile to investigate the 


change of plastic behavior of aluminum and zine 2. INSTRUMENTATION AND MATERIALS 


* This paper is based on research work started with Dr. The initial measurements were made with the 
Friedrich Blaha at the Il. Physikalisches Institut der Univer- (4) 
sitiit Wien and continued at the Michelson Laboratory, China ’ 
Lake. Dr. Blaha died on October 27th, 1960 at the age of 41 years, Some of the measurements were repeated and extend 
He made many important contributions to the field of metal 
physics. The author is deeply grateful for the inspiring experi ; oe 
ences during the preparation of his dissertation and during the instrument, model TM. Both instruments incorporate 
following years. 
teceived February 3, 1961; revised April 10, 1961, 
Michelson Laboratory, China Lake, California. load cells employing bonded-wire strain gages for 


Polanyi extension apparatus described previously 
ed with an automatic “Instron” materials testing 


a highly sensitive electronic weighing system with 


+ 
+ 
+ 
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detecting and recording the tensile load. The moving 
crosshead of the Instron instrument is driven by a 
How- 


ever, the slowest motion of the crosshead was too fast 


synchronous motor and a gear reduction box. 


for the proposed experiments with low strain rates and 
therefore modifications were necessary. A_ precision 
micrometer was attached and its screw was belt driven 
by a separate synchronous motor in order to insulate 
the specimen from the noise of the drive motor and 
gear box. The resulting low strain rate was 6 10-5 
sec-!. This makes it possible to compare the present 
results with the results previously reported">?) where 
The of the 


recorder was driven in synchronism with the pulling 


similar strain rates were used. chart 
jaw so that stress-strain curves could be obtained 
directly. However, for measurements of the highest 
precision a correction must be made for the displace- 
ment of the pertinent parts of the load cell under 
various loads. 

The specimens investigated were uniform aluminum 
and zine single crystals 15-20 mm long and 0.6—1.2 
mm in diameter. The purity was 99.996 and 99.993 


per cent in the case of aluminum and zinc,* 


respec- 
tively. The crystals were pulled from the melt by the 
Czochralski method. The seed crystals were obtained 
from previous work.'*;® The angle X, between the 
glide plane and the direction of tension was deter- 
mined from X-ray photographs to be 42° and 24° for 
aluminum and zinc, respectively. 


To prevent compressive or crushing stresses between 


(a) (b) (c) 
T T T 


T=291°K T=291°K 

—- Ultrasonic — Slow Strain 
|. Irradiation 


nN 
a 


— Without 
Irradiation 


8 


SHEAR STRESS (g/mm?) 
uo 


Zn(Xo * 23°) 


ol 0.2 


GLIDE STRAIN 


Fic. 1. Stress-strain curves of zine 
(a) temperature, (b) ultrasonic irradiation, 
rate. (X, is the angle between glide planes and the direc- 


tion of tension.) 


depending on 
(c) strain 


* The major impurities in the aluminium are unknown. 
The zine contained 0.005 per cent Pb, 0.002 per cent Fe and 
0.000001 per cent As. 
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@ 


—-—T= 76° K 
—— T= 295°K 


SHEAR STRESS (g/mm@) 


Zn(Xo = 24°) 
0.1 0.2 


GLIDE STRAIN 


Stress—strain curves of zine at different strain 
1 
). 


rates (sec 


straining cycles, the specimen remained in its clamping 


devices and remained loaded to about } 


of its yield 
point. The time lapse between unloading and reloading 
was about 5 min. 

The measurements were made at room temperature 
(295°K) and at liquid nitrogen temperature (76°K). 
The following sample experimental results have been 


selected from a large number of tests. 
3. EXPERIMENTAL RESULTS 


of the 


ultrasonict 


variation 
3) 


the well-known 


stress-strain curves with temperature,“ 


Figure | shows 
radiation’® and rate of glide strain.” By definition, 
the work-hardening coefficient 4 is 

dS/dé 
where S is the shear stress and ¢ is the glide strain. 
Note that @ is represented by the slope of the stress 


Note, that @ 
increasing temperature in Fig. l(a), with increasing 


strain curves. also, decreases with 
intensity of ultrasonict radiation in Fig. 1(b) and with 
decreasing rate of glide strain in Fig. I(c). 

Figure 2 shows work-hardening curves obtained at 
room temperature and at 76°K. The measurements 
were made at 76°K to obtain results excluding the 
little 


dependence of the critical shear stress on the strain 


process of normal recovery. There is very 


Similar results have been obtained at sonic frequencies, 


3x1075 
120 / 
4 
2x10-2 
4 = 
100 
2x1073 
8x1074 
= 
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BS 
| | 125 
66°K 75 
50 50 
25 25 25 
Zn(Xo 23°) Zn(Xo* 23° 
18) 0.2 0.1 0.2 


LANGENECKER: 
d.,8) On the other hand. 
the slope of the curves obtained at different strain 


rate which is to be expecte 


rates can be clearly distinguished. The room tempera- 
ture results agree with current theory and are compat- 
the 
76°K do not agree with the flow-stress 


ible with published results. However, results 
obtained at 
theory'®) which predicted no speed dependence of the 
work-hardening coefficient at this temperature but are 
compatible with the observations of Meissner ef a/.“). 

Figure 3(a) demonstrates the new work-softening 
effect of a zine crystal at 76°K. Afterstraining ata rate 
of 3 10-3 sec! to an elongation of about 4 per cent, 
the crystals were unloaded and then strained again. 
During this subsequent straining at a rate of 6 « 107° 
sec”! a sharply defined yield point appeared which was 


Neither the 


sharply defined yield point nor the region of decreasing 


followed by decreasing shear stress. 


stress appeared when a constant strain rate was used 
as is shown in Fig. 3(b). 

to make 
their 


The measurements at 76°K are difficult 


because zine crystals occasionally reached 
breaking limit at small glide strains of about 0.1. 
Seeger and Traiuble@® observed small ductilities in 
some zine crystals at the temperature of liquid air 
In such cases they were able to determine only the 
critical shear stresses and the magnitudes of the work- 
hardening coefficients. Similar observations have been 
made by Mark ef al. in their fundamental research 


work.“ They reported that a set of zine crystals 


grown from the same melt can have a variety of 


the 


deformation necessary to produce the work-softening 


ductilities. Fortunately percentage of plastic 
effect at 76°K is much smaller than at room tempera- 
ture, that is, 


at 295°K. 


4 per cent at 76°K and 12 per cent 


Figure 3(c) shows the work-softening occurring 
(a) (c) 
A 3xlO sec 
40) oO} r 
sec"! 


80+ 


SHEAR STRESS (g/mm“) 


Zn (Xe=24°) Zn (X, = 24°) 
GLIDE STRAIN 


Al (Xe=42°) 

Strain 

T=76°K T= 76°K T=295°K 

— — FAST STRAIN 
RATE 

—— SLOW 


— SLOW STRAIN 
RATE 


——FAST STRAIN 
RATE 
—— SLOW 


Fic. 3. 
the strain rate, (b) zinc without changes in the 
rate, (c) aluminium with changes in the strain rate. 


Stress—strain curves of (a) zine with changes in 
strain 


WORK-SOFTENING 


(b) 
T 


150+ 
| 


T=291°K T=291°K 
| ——Ultrasonic — Siow Strain 
Irradiation Rate 


— Without 


Fast 
Irradiation 


100}- 


SHEAR STRESS (g/mm2) 
N 


25+ 


25+ 
] 
| Zn(Xo= 23°) Zn(Xo= 23°) | 
— 


| 
0 0.1 0.2 0 0.2 0 0.1 0.2 


| Zn(Xo= 23°) 


GLIDE STRAIN 
Fic. 4 at different tem 
peratures, (b 


Stress-—strain curves of zinc (a 


with and without ultrasonic irradiation, 


c) with different strain rates 


while straining at quite different rates of glide strain 
in the case of aluminum. These measurements were 
made at room temperature because the known speed 
of normal recovery is negligible at this temperature 
In Fig 


softening are shown for comparison 


(a), (b) and (c) the three types of work 
It is interesting 
to note that a preliminary study of superimposing the 
three types of work-softening indicates that the final 
result is one of addition. The behavior of aluminum 
is similar to that of zinc, which is shown in Fig. 4 


4. DISCUSSION 
Cottrell and Stokes" reported data which showed 


that their observed work-softening of aluminum 


crystals was not a strain-ageing phenomenon but an 


extreme example of work-softening. They proposed 


that, under the combined influence of stress and 


temperature increase anchored dislocations at the 
heads of piled up groups of dislocation lines become 
released and that the piled-up groups partly collapse 


effect appears only after having reached a minimum 


and many dislocation lines are freed for slip 


critical elongation of about 5 per cent for aluminum 
single cry stals 

Blaha 
second similar 
the 
Accordingly they proposed that the ultrasonic energy 


the 


and Langenecker™), who discovered the 


work-softening effect, concurred with 


general interpretation of Cottrell and Stokes 


activates the piled-up dislocation lines. However 


effect of 


identically the same effect as that observed when the 


softening ultrasonic radiation cannot be 


temperature is varied For example, there is no 


counterpart to the diffusion process in the ultrasonic 


experiments. 


939 
(a) (c) 
+ 150} 4 
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The experiments with varying glide rates show a 
third similar work-softening effect while alternately 
straining without ultrasonic radiation at a constant 
temperature. The initial data reported in this paper 
are not considered extensive. However, the initial 
data are adequate to reveal the discovery of this new 
work-softening effect. 
the piled-up dislocation lines by varying the glide 
rates is proposed. A plausible explanation follows. 
The time required to activate dislocation lines and 
anchored dislocations increases with increasing activa- 
In general, the activation energy for a 
that 
Therefore, the waiting time 


tion energy. 


dislocation line is much smaller than of an 


anchored dislocation. (8) 
for the activation of a dislocation line is less than that 
of an anchored dislocation. Consequently, the dis- 
location lines respond to smaller values of applied 
stress and larger values of strain rate than the anchor- 
ed dislocations. In the case of high strain rate the 


dislocation lines with their shorter waiting times pile 


up as they approach an anchored dislocation until the 


anchored dislocation is activated. If while straining 
at a high rate the load is suddenly removed, then the 
dislocation configuration* may be frozen because the 


internal stress is small. If subsequent straining is such 


* This dislocation configuration includes dislocation lines 


piled-up before the anchored dislocations including those 
generated during the straining process. 


Here again, the activation of 
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that the resultant of the applied and internal stress is 
sufficient to activate the anchored dislocations, then 
the anchored dislocations can be released provided 
that the strain rate is slow enough to be compatible 
with their long waiting times. Accordingly, the many 
piled-up groups of dislocation lines may be released 


which is the major contribution to the work-softening. 
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HIGH PRESSURE EQUILIBRIA IN THE IRON-NICKEL SYSTEM 
AND THE STRUCTURE OF METALLIC METEORITES* 


LARRY KAUFMAN? AND A. E, RINGWOOD? 
Calculations of phase equilibria in the iron—nickel system at high pressure indicate miscibility gap for 
mation and eutectoid decomposition in iron—nickel alloys at pressures exceeding 60 kb. This behaviour 
may be the origin of the plessite microstructure, which is an intimate lamellar mixture of low nickel 


kamacite (b.c.c.) and high nickel taenite (f.c.c.), found in metallic meteorites 


HAUTE PRESSION DU SYSTEME FER-NICKEL ET STRUCTURE 


EQUILIBRE SOUS 
DES METEORITES METALLIQUES 


Les calculs relatifs & léquilibre des phases du systéme fer—nickel sous des pressions élevées mettent 
en évidence la formation d’une lacune de solubilité et une décomposition eutectoide des alliages fer 
nickel aux pressions supérieures & 60 kb. Ce comportement peut étre a lorigine des micro-structures ce 
plessite qui est un mélange de lamellaire intime de kamacite contenant peu de nickel (cubique centr 


et de taenite (cubique a faces centrées) qui ont été trouvées dans les météorites métalliques 


GLEICHGEWICHTE DES SYSTEMS EISEN-NICKEL BEI HOHEM DRUCK UND 
DIE STRUKTUR METALLISCHER METEORITEN 


Berechnungen der Phasengleichgewichte des Systems Eisen—Nickel bei hohem Druck zeigen, daB bei 
Driicken iiber 60 kb eine Mischungsliicke und eutektoide Entmischung auftritt Dieses Verhalten 
kénnte der Ursprung der Plessit-Mikrostruktur, einer innigen lamellaren Mischung von wenig nickel 


haltigem Kamazit (kub.rz.) und hochnickelhaltigem Taenit (kub.fiz.), sein, die sich in metallischen 


Meteoriten findet. 


The microstructure of metallic meteorites has long 
been a subject of great interest to metallurgists and 
geophysicists. One of the first metallographic in- 
vestigations of the structure of metallic meteorites, 
which are based on iron-nickel alloys containing 
between 5-25 per cent nickel (average about 8 per 
cent) was carried out in 1904 by Osmond and 
Cartaud”). These investigators identified the principle 
phases present in the meteorites i.e. kamacite (b.c.c. 
ferrite), taenite (f.c.c. austenite) and plessite (alamellar 
mixture of ferrite and taenite) which resembles the 


pearlitic structure found in the metallography of 


TEMPERATURE,°C 
uw 


steels. 

The observation of the plessitic lamellar structure 
led Osmond and Cartaud™ to suggest that a eutectoid 
reaction occurs in the iron—nickel system (Fig. 1). 
The plessite structure shown in Fig. 2, which is a 
photomicrograph of a region of the Xiquipileo 
meteorite,§ is quite suggestive of a eutectoid structure. 
Neumann bands in the kamacite (ferrite), Fig. 2, are 


seen to propagate through the ferrite lamella in the 


PERCENT NICKEL 


[ron—nickel diagram proposed by Osmond 


plessite while skipping over the taenite bands. The 
plessite occurs as a coarse or fine structure just as in 
and Cartaud™ in 1904 


the case of pearlite. 


Subsequent studies of the iron—nickel equilibri 

* Received April 10, 1961. librium 
+ Research Division, Manufacturing Laboratories, Inc., 

Cambridge, Massachusetts. Sponsored by Materials Central 
. ? : > not available to Osmond and Cartaud established the 

W.A.D.D. Dayton, Ohio, under contract A.F.33(616)-6837. : 3 

t Department of Geophysics, Australian National Uni- fact that there was no eutectoid decomposition 


t 
versity, Canberra, A.( ‘T. Australia. — reaction in the iron—nickel diagram at 1 atm. The 
§ Courtesy of Professor H. H. Uhlig, Dept. of Metallurgy, 

M.LT. phase diagram shown in Fig. 3 is based on™) the 
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diagram using definitive X-ray techniques which were 


Fe Ni 
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Microstructure — of Plessite in Xiqupileo 


Fic. 2 
(a) Photomicrograph of region of Niqupileo 


meteorite, 
meteorite showing Neumann bands in ferrite and coarse 
Marbles reagent. 

of outlined section. 


plessite. 


(b) Enlargement Marbles reagent. 


presently accepted version determined by Owen and 


Liu?’ Recent investigators of the structure of 
metallic meteorites have attempted to utilize the 
observed structures to deduce the thermal history of 
meteorites. Uhlig has suggested that the observed 
structure of meteorites is dependent upon the fact that 
they were exposed to high pressures at some point in 
their history. 

In order to explore this suggestion in greater detail 
in the hope of gaining further insight into the forma- 
tion of plessite, calculations of the effect of pressure on 
the iron—nickel equilibrium diagram were carried out 
as follows: 

On the basis of the lattice parameter measurements 
of Basinski et al.“ the molar volume of « and y iron 
1200°K by 


10-47 


may be approximated for 7’ 


V ve" 3.27 (1) 


6.991 cm?/mole 
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and 
= 6.679 (2) 
Lattice parameters of f.c.c. (y) iron—nickel alloys 
have been measured over a wide range of temperature 
by Owen and Yates'’:*) while the lattice parameter 
for b.c.c. iron—nickel alloys have been measured over 
a more restricted range by Jette and Foote’:®). This 
data can be used to represent the molar volume of the 


f.c.c. 


following manner. 


and b.c.c. (x) in the iron—nickel system in the 


(l— em*/mole (3) 


where x is the atom fraction of nickel and the molar 


volume of nickel, V is approximately’ 


~ 6475 + 3.55 « 10°47 


and the molar volume of mixing Vy, 


10-37) 


x)?(0.3 


1.09 


x(1 


Vu (1.67 


em?/mole. (5) 
accurate 
for 300°K 


repre- 


T 


Equations (2-5) provide a fairly 
sentation of the experimental data 


a T T 
P=| ATMOSPHERE 


TEMPERATURE, °K 


0.2 06 0.8 
ATOMIC FRACTION NICKEL 


[ron—nickel phase diagram at atmospheric 
pressure (calculated) 
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nickel and iron-chromium alloys.””) On this basis 
F*(x, P, T) T) 
23.9PV%(x, cal/mole (7) 
F’(x, P, T) F’(x, T) 
23.9PV"(x, T) cal/mole (8) 


where F’ (x. T) is the free energy of the Y phase as a 
function of composition and temperature at 1 atm, P 
is the pressure in kb and V’(x, 7') the molar volume 
of the y phase as a function of composition and 
temperature. Equations for F*(2, 7) and F’(x, T) 
have been derived from the l-atm thermodynamic 
properties of iron—nickel alloys and have been used to 
calculate Fig. 3.) Combination of the volumetric 


information (equations 1-6) with these functions 


MOLAR VOLUME ,Cm*/ Mol 


permits explicit representation of equations (7) and 
(8) as functions of x, P and 7. The equilibrium 
relations in iron—nickel alloys at high pressures can 
then be calculated by applying the rule of common 
V7 =(I-X) V2, + : 

Fe Ni’ 'M tangents as outlined in equations (7) and (8) of Ref. 2. 


to equations (7) and (8) of the present paper 


Cm3/Mol 


The results of such a calculation are shown in Figs 


(5 7) for pressures of 50, 100 and 150 kb respectively 
0.2 04 0.6 . ; 
1e calculations indicate incipient miscibility gap 
ATOMIC FRACTION NICKEL formation at 50 kb with gap formation and eutectoid 


Molar volume of f.c.c. iron—nickel alloys at decomposition above 60 kb 
600° K. 


900°K over a wide range of composition. Fig. 4 


shows V’ and V,,’ at 600°K. The positive deviations 
from Vegard’s rule exhibited by the f.c.c. solution 
lead to large positive values of the excess molar 
volume which in turn should lead to miscibility gap 
formation at high pressure. 

The limited data on the molar volume of the b.c.c. 


alloys may be represented analytically as 


0.42 cm*/mole. (6) 


TEMPERATURE °K 


The volumetric data may now be combined with the 


thermodynamic data for the free energy of the « and 
y phases of iron—nickel alloys at one atmosphere"? to 
estimate F*%(x, P, 7) and F’(x, P, 7) which are the 


free energy of the « and y phases as a function of com- 


position, pressure and temperature. Since there is no 
data available concerning the compositional, pressure 
and temperature dependences of the compressibilities 
of both phases the assumption is made that the com- 


pressibilities of both phases are equal. This assump- 


tion has been used successfully in predicting the 0.4 06 Ni 
pressure dependence of the «—» y reactions in pure ATOMIC FRACTION NICKEL 


iron”) and the martensitic «’ = y reactions in iron ‘1G. 5. Iron—nickel phase diagram at 50 kb (calculated) 
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It must be pointed out that the extensive approxi- T T T 
mations inherent in these calculations limit the P= 150 KILOBARS 
quantitative application of the results. However, the 


qualitative features of the calculated high pressure 


diagrams should resemble reality. The calculations 
ignore the effects of the temperature and compos- 
itional dependences of the compressibilities of both 
phases and the existence of ordering reactions in 
f.c.c. Ni,Fe. This latter factor would tend to displace 


the computed high nickel phase boundaries to lower 


nickel compositions. 
Nevertheless the positive deviations in the molar 


TEMPERATURE 


volume of f.c.c. iron—nickel alloys do indicate gap 
formation and eutectoid decomposition at high 


pressures. If these calculations are borne out experi- 


mentally by high pressure studies (the required 
pressure-temperature field is currently available), the 


origin of the coarse plessite structure in metallic 


meteorites will be greatly clarified. 


P =100 KILOBARS 


0.4 0.6 0.8 
ATOMIC FRACTION NICKEL 


[ron—nickel phase diagram at 150 kb 
(calculated). 


°K 
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GERMINATION PREFERENTIELLE DU CARBURE DE CHROME SUR LES DISLOCATIONS 
DE MACLES DANS LES ALLIAGES INOXYDABLES DU TYPE 18/8* 


H. HATWELL*? et E. VOTAVA?t 


La germination du précipité de carbure de chrome sur les joints de macles cohérents dans les aciers 


austénitiques Fe—Cr 
récristallisation. 


Ni-C du type 18/8, est interprété en relation avec la 


structure des macles de 


De récentes observations au microscope électronique suggérent que le champ élastique des dislocations 


empilées sur le joint de macle cohérent pourrait provoquer le mouvement des dislocations partielles au 


cours du traitement thermique de précipitation. 


Les dislocations partielles, ainsi distribuées le long du 


joint de macle cohérent, constituent alors des sites de germination préférentielle pour le précipit 


NUCLEATION OF 
STAINLESS 


PREFERENTIAL 


nucleation of chromium-carbide 


The 


CHROMIUM 
ALLOYS OF THE 


precipitate 


CARBIDE ON TWIN DISLOCATIONS IN 


TYPE 


on the coherent twin boundaries in austeniti 


Fe—Cr—Ni-C steels of the 18/8 type, is interpreted in relation with the structure of recrystallization twins 


2 


tecent observations with the electron microscope suggest 


that the elastic field of the dislocations 


piled up on the coherent twin boundaries could induce the movement of partial dislocations during a 


precipitation heat treatment. The partial dislocations distributed in this way 


along the coherent twin 


boundary, constitute sites for the preferential nucleation of the precipitate 


BEVORZUGTE 
VERSETZUNGEN IN 


DIE 


VON 
ROSTFREIEN 


KEIMBILDUNG 


AN ZWILLINGS 
NGEN 


CHROMKARBID 
18/8-LEGIERI 


Die Keimbildung ausgeschiedenen Chromkarbids an kohadrenten Zwillingsgrenzen in austenitschen 
18/8-Fe—Cr—Ni-C Stahlen wird gedeutet, indem sie in Beziehung gesetzt wird zur Struktur von Rekristal 


lisationszwillingen. 


Nach kiirlichen Beobachtungen am Elektronenmikroskop kénnte das elastische Feld der Versetzunger 
die an der koharenten Zwillingsgrenze aufgestaut sind, wahrend der thermischen Behandlung (di 
Bewegung setzen. Die 


Ausscheidung fiihrt) die Halbversetzungen in 


entlang der Zwillingsgrenze verteilt sind, bilden demnach bevorzugt« 


i. 
zul 
Halbversetzungen, die derart 


Keimstellen fiir die Ausscheidung 


Il a été montré précédemment que l’état des 
tensions au moment ol se produit la décomposition de 


Fe—Cr—Ni-C 


carbure de chrome détermine 


la solution solide dans le domaine 
d’équilibre austénite 
le comportement du joint de macle cohérent en ce qui 
concerne la germination préférentielle du carbure de 
chrome." 

Nous nous proposons de préciser ces phénoménes et 
de les interpréter en fonction de la structure des 
macles de recuit. 

Une macle de recuit du réseau cubique a faces 
centrées est considérée comme la superposition d'un 
défauts d’empilement dans 


certain nombre de 


l’ordonnance des plans (111) compacts. Lorsque ces 

défauts d’empilement se terminent a l’intérieur d’un 

cristal, ils sont limités par une dislocation partielle de 

Shockley. 

joints de macles non-cohérents.~® 
Ces 


c’est leur mouvement qui conditionne la croissance de 


Ces dislocations alignées constituent les 


dislocations sont essentiellement mobiles, et 


la macle. 


* Recu Mai 19, 1960. 


+ European Research Associates, s.a., 95, rue Gatti de 


Gamond, Bruxelles 18, Belgique. 
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Le long d'une dislocation partielle la loi dinter- 
action entre premiers voisins du réseau cubique a 
faces centrées est fortement perturbée et l’énergie de 
désordre par atome suffisamment élevée pour que la 
site de germination 


dislocation individuelle soit un 


préférentielle, et a fortiori le joint de macle non- 
cohérent. 
Par 


interface de 


contre, le joint de macle cohérent est une 


basse énergie, le long de laquelle une 


grande énergie d’activation est nécessaire pour la 
formation d’un germe stable de la phase précipitée 

Ces prévisions sur la germination préférentielle se 
vérifient complétement dans l’expérience moyennant 
quelques précautions opératoires pour éviter d’intro 
duire des tensions dans l’éprouve tte.) 

Pendant la déformation plastique, le joint de macle 
cohérent constitue un obstacle pour les dislocations 
totales en mouvement sur leur plan de glissement 

De ce fait, un nombre de dislocations dépendant de 
amplitude de la déformation subie par l’éprouvette 
vient s’empiler sur les joints de macle cohérents 


L’expérience montre”) que, dans ces conditions, le 


joint de macle cohérent devient un site actif pour la 


germination préférentielle. Ceci implique logiquement 
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qu’un certain état de non-cohérence a été créé le long 
du joint de macle. 

Whelan ef al. ont justement souligné qu'une 
dislocation ne peut traverser un joint de macle par 
glissement croisé (cross-slip) que si son vecteur de 
Burgers est contenu a la fois par les plans de glissement 
et le plan de macle. Cette condition ne peut étre 
réalisée que pour une dislocation de type vis. Le 
passage d’une telle dislocation ne détruit cependant 
pas la cohérence du joint de macle. 

D’autre part, le passage “‘forcé” d’une dislocation a 
travers le joint de macle—qui pourrait expliquer la 
destruction locale de la cohérence—nécessite des 
énergies beaucoup plus élevées que celles que lon 
produit lors d’une déformation par élongation de 
ordre de 1 pour-cent, comme c’était le cas dans nos 
expériences. D ailleurs, l’examen par transmission au 
microscope électronique montre clairement qu’aprés 
de si faibles déformations, la densité des dislocations 
& Vintérieur des cristaux est encore trés petite. Leur 
mouvement est alors trés aisé 4 lintérieur des cristaux, 
ce qui rend trés improbable le “‘passage forcé”’ a 
travers le joint de macle. 

C'est 


observations expérimentales, nous proposons un autre 


pourquoi, nous appuyant sur différentes 


mécanisme pour expliquer l’activation de la germina- 
tion préférentielle sur les joints de macle cohérents 
par les trés faibles déformations plastiques. 

Lorsque l’alliage est porté quelques heures & 1050°C, 
la recristallisation est complete et tous les joints des 
cristaux, aussi bien les joints a orientation quelconque 
que les joints de macle, trouvent leur position d’équi- 
libre correspondant a un état d’énergie interfaciale 
minimum. 


Les joints de macle se présentent alors avec de 


grandes portions rectilignes (cohérentes) et des marches 


(non-cohérentes) de longueurs variables, celles-ci 


dépendant du nombre de_ dislocations partielles 


alignées* (Fig. la). 
Apres déformation plastique, les dislocations vien- 
nent sempiler sur les joints de macle cohérents et, en 


raison du champ élastique qui les accompagne, 


modifient completement lénergie interfaciale des 


macles. Les dislocations partielles auront alors 


tendance a se redistribuer, et l’apport d’énergie 


thermique au cours du traitement de précipitation va 
leur mouvement 


déclencher (correspondant a la 


croissance, on a la décroissance de la macle). On se 


trouvera alors dans la situation de la Fig. 1(b), les 


* L’alignement des dislocations partielles en joint de macle 
non-cohérent devrait étre rapproché de la polygonisation des 
dont totale devient minimum 
lorsqu’elles sont alignées pour former des parois régulieres. 


dislocations coins, l’énergie 
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portions rectilignes cohérentes étant beaucoup plus 
courtes et les portions non cohérentes plus nombreuses, 
plus rapprochées et surtout plus courtes, parce que 
composées d'un trés petit nombre de dislocations 
partielles. 

Chacune de ces dislocations est maintenant un 
centre actif de germination du carbure de chrome qui 
va apparaitre d’une fagon irréguliére le long du joint 
de macle. 

Cette interprétation est appuyée par les observations 
expérimentales suivantes: 

(1) Des échantillons d’acier inoxydable 18/8 (0.080 
pour-cent de C) portés plusieurs heures a 1050°C, 
refroidis lentement, jusqu’a l’ambiante, tractionnés de 
| pour-cent, puis portés 10 min a 1000°C ont été 


(a) (b) 
Fic. 1. Schéma des arrangements possibles des dislo- 
cations partielles de Shockley. (a) Macle de recuit a 
d’équilibre: plusieurs dislocations partielles sont 
alignées pour former un joint de macle non cohérent; 
(b) dislocations partielles en mouvement le long d’un 
joint de macle cohérent, formant de nombreuses marches 
de non-cohérence. 


observés par transparence au microscope électronique. 
On peut observer fréquemment (Fig. 2) des joints de 
macle dont la configuration rappelle fortement celle 
schématisée par la Fig. 1(b). 

(2) Des contrastes de défauts d’empilement trés 
fréquents sont observés le long des joints de macle de 
ces mémes éprouvettes, ce qui indique la mise en 
mouvement des dislocations partielles (Fig. 3). 

(3) Les éprouvettes décrites au point (1) sont 
portées quelques heures & 700°C pour provoquer la 
précipitation du carbure de chrome. Ce précipité est 
extrait sur réplique par la méthode décrite ailleurs™ 
et observé au microscope électronique. Sur la Fig. 4 
qui représente le précipité sur un joint de macle, on 
voit nettement comment le précipité s'est formé de 
Cette 


avec 


préférence le long des lignes de dislocations. 
configuration de dislocations (se des 


120 


coupant 
angles de environ) sapparente d'une fagon 
frappante a celle que nous avons décrite sur les macles 
de recuit du cuivre.'® 

(4) Au cours de traitements thermiques de précipi- 
tation de longue durée 4 750°C, certains échantillons 


/ 

= 
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Fic. 2. Micrographie par transmission au microscope 
électronique. Joint de 
au schéma de la 


macle a structure correspondant 
favorable, le 


Fic. 3. Contraste de 
Fig. l(b). Lorsque Vorientation est le long d'une 
des dislocations partielles dans 
les petites marches de non-cohérence est bien visible. 


Alliage Fe—Cr 


défauts d 
macle et 
contraste 


emp lement apparaissant 
cle clislo« ations 


montrant la mis 

partielles. Méme alliage que Fig. 2 
OOO 

Ni-€C 18/8 (0.080 pour-cent de C) porte 

5h a 1000°C, refroidi jusqu’éa lambiante, tractionné de 

| pour-cent d’élongation, porté 15 min a L00O°C pour 

déclencher le mouvement des dislocations 


en wouvement 


» 
20 000 


Précipité de carbure de chrome extrait sur un joint de macl 


e coherent 


long des lignes de dislocations. 18 000 


Notez la formation 
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ont subi, hors de notre contréle, une recristallisation 
secondaire. Les macles étaient alors anormalement 
nombreuses et la plupart des joints de macle cohérents 
contenaient du précipité. Ceci indique que, avant de 
trouver leur position d’équilibre (alignement d’un 
grand nombre de dislocations partielles pour former 
une marche non-cohérente) les dislocations partielles 


sont en mouvement le long du joint de macle cohérent 


et peuvent alors y amorcer la germination du carbure. 
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THE STORED ENERGY IN DEFORMED COPPER: THE EFFECT OF GRAIN 
SIZE AND SILVER CONTENT* 


R. O. WILLIAMS? 


Measurements have been made to determine the part of the total energy of deformation of copper which 
remains stored within the material. Variables studied were strain, grain size and minor silver additions 
At a true strain of 0.3, values of approx 10 cal/mole were obtained and were only slightly dependent on the 
silver content and grain size. There is a slight release of energy immediately following the deformation 


which appears proportional to the flow stress and is temperature sensitive, but is insensitive to grain size, 


ENERGIE EMMAGASINEE DANS DU CUIVRE DEFORME INFLUENCE DE 
GROSSEUR DU GRAIN ET DE LA TENEUR EN ARGENT 
Des mesures ont été effectuées afin de déterminer la portion de lénergie totale de déformation du 
cuivre qui reste emmagasinée dans le matériau. Les variables étudiées sont la déformation, la grosseur 
du grain et des additions minimes d’argent. A une déformation réelle d’environ 0,3, auteur a obtenu 
des valeurs d’environ 10 cal/mole ne dépendant que peu de la teneur en argent et de la grosseur du grain 
Une légére libération d’énergie suit immeédiatement la déformation, cette libération d’énergie est 
proportionnelle au flux de tension, dépend de la température, mais est indépendante de la grosseur du 


grain. 


GESPEICHERTE ENERGIE VON VERFORMTEM KUPFER EINFLUB VON 
KORNGROBE UND SILBERGEHAL' 


Es wurden Messungen gemacht, um den Teil der gesamten Verformungsenergie von Kupfer zu bes 
timmen, der im Material gespeichert bleibt. Die untersuchten Variablen waren Verformung, Korngrék 
und geringe Silberzusaétze. Bei einer Abgleitung von 0.3 ergaben sich Werte von etwa 10 cal/Mol, nur 
wenig abhangig von Silbergehalt und KorngréBe. Unmittelbar nach der Verformung wird ein geringe 
Energiebetrag frei; er scheint der Flie8spannung proportional und hangt von der Temperatur, nicht 


aber von der Korngr6éBe ab. 
INTRODUCTION very accurately and any temperature change following 
Of all the measurements which can be used to the deformation cycle, which results from the release 
investigate deformation in metals, none are potentially — of internal energy, was measured 
more useful than that of energy. To a considerable The material was received as a 3-in. continuously 


extent this potential has not been realized because of cast rod from the American Smelting and Refining 


the lack of sufficiently reliable and extensive measure- Company. The level of impurities were all below the 


ments. The importance of the problem has been limits of detection and hence the material was at 
recognized for many years, and, particularly at the least 99.999 per cent copper. The material was not 
present time, the field is very active. The results normally remelted but rather extruded to a smaller 
reported here provide additional significant informa- size using one or more recrystallizations as required 
tion on copper. The samples were machined and given a final re 


crystallization The size was normally 0.22. in 
EXPERIMENTAL PROCEDURES 
i dia. 0.40 in. long. Most of the samples were vacuum 
The method used has been described elsewhere.” 
= annealed although annealing in air (at low tempera 
‘he measurements were carried out by the rapid, 
tures) or reducing atmospheres at high temperatures 
adiabatic deformation of a small sample between two 
a did not change the values of stored energy 
pendulum hammers. The available energy was known ee ' 
‘ ; . rhe silver alloys were produced by melting the 
and minor corrections were necessary to take care of 
wa tas copper and high-purity silver in a high-purity graphite 
the losses. The nature of these corrections and other van 
a crucible under vacuum. The melt was solidified in 
calculations are covered elsewhere.“’ The amount of 
the crucible and fabricated by multiple cold extrusions 
energy converted into heat was measured by the 
and recrystallizations and finally recrystallized after 
thermocouple in the sample. The arrangement was 
machining 
such that the temperature change could be determined oie 
RESULTS 


* Received March 30. 1961. It was possible to calculate the average strength 
+ Metallurgy Division, Oak Ridge National Laboratory, 
Oak Ridge, Tennessee, operated for the U.S. Atomic Energy 
Commission by the Union Carbide Corporation. to measure plastic strain and the deformation energy 
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during each deformation cycle since 1t was necessary 
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COPPER-112 
30°C 


0.8 


€ 


1. Stress—strain curve for copper. 


was known. The mechanical properties of the copper 
used were determined in this manner and are plotted 
in Fig. 1. The strain was measured physically for this 
sample since the cathetometer arrangement normally 
gave appreciable scatter due to slight tilting of the 
sample. The average stress is plotted in the middle of 
the strain increment and a smooth stress-strain curve 
isdrawn. The strain rate varies during each cycle and 
from but about 500/see 
(30,000/min). 


It is found that almost all the temperature increase 


evcle to cycle averages 


takes place in a time shorter than can be followed by 
the recording system, less than 0.01 min. However, 
there is a continued release of energy which can be 
followed for about a minute, during which time the 
rate falls detectable 


called low-recovery here. That this effect is present 


below a level. This process is 
is certain, but quantitative measurements are difficult 


because of its small magnitude and high rate of 
change. Additionally, there seems to be one or more 
variables affecting the magnitude of this release which 
have not yet been discovered. 


Typical kinetic curves are given in Fig. 2 for a 


sample at 23°C after deformation. The kinetics always 
seemed to stay about the same at a given temperature, 
hut the magnitude of the release varied from cycle to 
cycle and sample to sample. It would appear that the 


magnitude could be roughly expressed as 
(1) 


where £, is the magnitude for a certain time interval, 
k is a proportionality constant, #,, is the expended 
mechanical energy, @ is the stress during the cycle, and 
V is the volume. It is observed that the magnitude 
is small the first time cycled and then becomes almost 
constant at a higher value in following cycles in 
agreement 


with this expression. It is larger for 


smaller samples. The mechanical energy is put into 


the equation on the premise that this release is a 


VOL. 
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(cal/mole) 


COPPER- 361 


23°C 


0.5 


RELEASED ENERGY (ARBITRARY 


Kinetics of the energy release in copper following 
deformation at 23°C. 


volume effect. The magnitude appears unrelated to 
the amount of energy stored. Tests were made over 
a limited temperature range; the kinetics obtained at 
46°C could be superimposed on those of 18°C when the 
time scale was multiplied by a factor of 10. This would 
correspond to an activation energy of 14,500 cal/mole. 

The did to affect this 


release were the grain size, prior cooling rate, atmos- 


variables which not seem 
phere used in recrystallization, and silver contents up 
to 1.0 per cent. 

The energy stored versus strain is given in Fig. 3. 
The lower curve, ¢ = 1 min, sums the energy in the 
sample at the end of the kinetic process while the 
upper one sums the energy content at a time of 0.01 
the 


discussion on the kinetic effect. it is believed that the 


min for successive runs. As inferred above in 
low-recovery energy release, the difference between 
the two curves, would be independent of the number 


When 


considered in this manner, the kinetic effect becomes 


of cycles used to reach any given strain. 


an appreciable factor at higher strains. 

It is believed that the corrections used in calculating 
these data are probably correct to 10 per cent of their 
value. If one sums up this possible error and adds and 
the the 
It is evident for 


subtracts it from stored energy, one gets 
indicated limits on the lower curve. 
this sample that these corrections contribute very 
little uncertainty at lower strains but rapidly increase 
such that the dependence of stored energy on strain 
becomes rather uncertain above a strain of 0.5, a value 
not normally exceeded. 

The mechanical properties exhibited by this sample 
are the same as shown in Fig. 1. 

It is a very common practice in such studies to 
compare the ratio of the stored energy to the expended 
mechanical energy. This function is included on the 
graph of Fig. 3 for this sample. The function is not 
particularly useful since it changes rapidly at low 
strains, a well known result, and tends to change 


approximately as e~! when the stored energy saturates. 
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COPPER- 361, 25°C 


ENERGY 


Es 


IN DEFORMED Cu 


at 


f=0.01min 


STORED ENERGY (cal /mole) 


0.2 


0.4 
STRAIN. In ( 


Fic. 3. 


A function which is considered superior in describing 
the behavior of the material is dE,/dE,,, that is, the 
instantaneous fraction of the input which is stored. 
It should be noted that 


dk. 
dE, 


dE. 


pods 


where p is the volume per mole. This is essentially 
the same function used by Taylor and Quinney). For 
the present work the average value of this ratio is 
calculated over a strain increment and plotted at its 
midpoint. Except for the first increment where the 
ratio varies considerably, this is entirely satisfactory. 

This function is identically zero whenever the 
sample saturates with energy. One can estimate this 
the 
Its value is approx 0.3 using 


ratio at zero strain using the data for E. and 
mechanical properties. 
data of Figs. 1 and 3. 

Some of the rod was extruded in the as-received 
condition and then recrystallized at successively higher 
temperatures to give a variation of grain size. These 
The strength, 
stored energy, and the rate of storage were taken from 
of 0.3 and the data 


presented in Fig. 4 along with the grain size. 


samples gave results similar to Fig. 3. 


for a strain are 


The 


low-temperature samples exhibited a wide range of 


these curves 


+LIMITS OF ERROR FOR 


f= imin 


FRACT 


0.8 


3. The stored energy and the fractional rate of storage for copper 


grain sizes as-recrystallized and this has been indicated 


on the graph. With grain growth, the size was more 


uniform. The data would indicate that there is a 


The amount of stored 
but the 


small, real effect of grain size 


energ\ decreased to some extent strength 


decreased more rapidly with increasing grain size 
which resulted in the samples actually storing energy 
at a greater fractional rate at this strain 

The three silver-bearing alloys were run along with 
some of the pure copper which was remelted under the 
same conditions. Again, the results were very similar 


to those presented in Fig. 3. The values at a strain 
of 0.3 are plotted in Fig 


While the scatter is somewhat 


5 for duplicate sets of 
samples large, it is 


clear that the effect of silver is not great since 


1.0 wt 


very 
J only increases the stored energy by 20 pel 
cent; the strength is increased similarly so the rate 
of storage is changed little or none 

Samples were run over the range of temperature of 
about 15—-50°C. There was no strong dep ndence of 
the stored energy on temperature over this range: in 
at higher temperatures 
It is thought 


Hence, it is 


fact, the samples deformed 
appeared to store slightly more energy 
highly unlikely that such is a real effect 
concluded that either this was just statistical variation 
or else there Was an unrecognized S\ stematic erro! 
which was dependent upon the amount of displace 


ment from room temperature. 
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FRACTION 
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STRAIN OF 0.3, 25°C 


600 800 
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0.3 


copper at a strain of 


Fic. 5. The effeet of silver 


DISCUSSION 

From Fig 3, it can be deduced that the sensitivity 
of the method is good, perhaps 0.1 per cent in terms 
One finds 


comparing samples which are considered identical. 


of the supplied energy. however, when 


CALE 


ontent on the stored energy in copper 


that there is a difference between samples 2—4 times 
Unfortunately, 


greater as can be seen in Figs. 4 and 5. 
found. 


the origin of this difference not 
Nevertheless, if one estimates the effect of this error 


has been 


plus that due to uncertainties of mechanical losses and 
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WILLIAMS: STORED 
specific heat, one still concludes that values of stored 
energy at a strain of 0.3 should be correct within 10 
per cent, which is still respectable, although it makes 
difficult the detection of such small effects as were 
found for silver content and grain size. 

Approximately twenty-five samples having minor 
variations in grain size, sample size and temperature 
of deformation were run. There appeared to be no 
advantage in trying to average these runs, and Fig. 3 
is considered to represent these samples within the 
accuracy discussed above. 

In trving to compare the present results with 
previous results, it is necessary to divide the stored 
energy into three components. The first is that energy 
which comes out immediately following the deforma- 
tion and at the same temperature (called low-recovery 
here): the second is that energy which comes out at 
higher temperatures prior to recrystallization which 
will be called high-recovery and denoted as E£,; and 
thirdly, there is the recrystallization energy denoted 
as KE, 


for convenience and is not intended to imply that the 


The use of the terms high- and low-recovery is 


processes are different or unique. It also must be made 
clear that these components need not be fixed quanti 
ties for any given sample but may depend upon the 
Nevertheless, it 


seen that such a breakdown has considerable facility 


time-temperature sequence. will be 
for comparing results. It should be clear also that the 
total remaining stored energy is equal to the sum of 
any subsequent low-recovery, high-recovery and the 
recrystallization energy regardless of future events 
Previous work has not measured the low-recovery 
energy. It is shown here to represent from 0.4 to 0.8 
cal/mole between 0.01 and 10 min at 23°C for typical 
conditions. The data suggest that no further energy 
is released after 10 min but provide no good clue as 


What is 


considered as an upper limit on the amount of low 


to how much came out in the first 0.01 min 


recovery for longer times would be O 4 eal mole pel 
cycle of time. Using this figure, 1.0 additional calories 
per mole would be released in the period from 10 min 
Such behavior, the amount being propor- 


often 


to one vear. 
the log of 
the 
the rate decreases faster than this as shown 
able to 


tional to time. is observed for 


recovery.) For low-recovery observed here 
howeve1 
in Fig. 2. Thus, one would expect to be 
compare the present stored energy for times of a few 
minutes with previous results which measured the sum 
of the high-recovery and the recrystallization energy 
The results which measured only the recrystallization 
energy should be lower by the amount of any high- 
recovery. 


Published results on the stored energy of copper 
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collected and plotted in Fig. 6 The 


Appendix gives the method of converting shear strain 


have been 


to true strain as used here. The energy which is 
actually plotted is listed under remarks in the table 
on the figure, , being the high-recovery and F, being 
the recrystallization energy. It should be noted that 
the investigations of Farren and Taylor™), Taylor and 
Quinney, Tizhnova"), Degtiarev’® and Studenok‘”? 
work 
These 
values of stored energy then are the sum of the high 


The 


other results were obtained by measuring the energy 


were direct determinations, similar to this 


although the methods were different in detail 
recovery and the recry stallization energy E, 


through thermal release and in theory should separate 
the high-recovery and the recrystallization energy, but 
it is the latter which is plotted. In many cases, some 
information was indicated about the relative magni 
tude E, and £, and this is indicated in parentheses 

There is complete disagreement as to the magnitude 


of the The 


determinations range all the way from essentially none 


energy associated with high-recovery 


to values as large as or larger than that of recrystal 
that no 


lization energy One can only conelo i 


this energy has vet been 


determination of recovery 


made which can be accepted as being satisfactory 


When one considers the extensive information on pure 
metals and allovs. one has no reason to suppose that 
nec ssarily small as 


the high-recovery energy is 


Clarebrough ef al have indicated. One can reason 


on this energy 
sufh 


ably expect some effect of purity, et 


but it seems unreasonable to expect an effect 


ciently large to bring the pre vious re sults Into avree 


ment If the total 


and the 


then the high 
One 


recrvystallization energ, 


stored energy were well established 


| by difference 


that 


recovery energy could be obtaine 


has only to examine Fig. 6 to find uch an 


is follv at the pre sent 


approach time although 


true that the sums of £, and £, do tend to lie at 
higher than the energy of recrystallization 
The for the 


seen to vary by 


of recrystallization are 


Ther 


ictual energy can Vary 


values energy 


a factor of roughly 4 seems No 


basis to believe that the this 


result of and hence, one 


much as a purity et 


concludes th it some oft the sc value sare ih mayor erro 


Most ol 


heating 


results were obtained by continuous 


these 


and it is very difficult to establish the 


absolute accuracy under such circumstances although 


most investigators have demonstrated suitable sensi 


tivity for their method But, unfortunately, sensi 


tivitv is not absolute accuracy Certainly, at the 


present time, the results which appear most reliable 


those due to (fordon'” obtained isothermally 


The simplicity and directness of his method is not 
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. 6. Comparison of results from different 


With 


method, there would seem to be only a single possible 


approached by the other investigations. his 
source of appreciable error. It is conceivable that some 
unknown heat flow may have taken place during the 
calibration. If this possibility is discounted, then one 
presumably has no choice but to accept these results 
The 


results of the earlier work of Clarebrough ef al.'8.10 


as being correct for the particular material. 


would seem low by comparison although recently their 
That 


their method is not above suspicion is shown by the 


results on less pure samples agree very well. 


results of Pawel“) who duplicated in principle their 
method but gave results which were twice as large as 
the 
greater than their latest work"® and Gordon’s results 


earlier work") and were roughly 50 per cent 


For the direct determination of the stored energy, 


RECOVERY, &> RECRYSTALLIZATION 
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investigators for the stored energy in copper. 


the analysis of differences between the present results 


and the earlier results is more direct. Taylor and 
Quinney’s™) results certainly appear too large for the 
higher strains regardless of whether the strains are 
exactly correlative or not. It is not unreasonable that 
this have effects for the 


following reason. At first, the deformation would have 


could resulted from end 


occurred in the gage section, but as the copper work 


hardened strongly, the ends in the grips could have 
been strained some in spite of their relatively great 


resistance. This would have provided both a short 
path for the heat to leak out prior to the measurement 
as well as providing the relatively large storage of 
energy observed at the small strains. It is not possible 
to know at this date whether this effect took place or 


not. The very good agreement between these results 
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and those of Farren and Taylor at low strains is 


yerhaps support for the method of correlating elonga- 
| PI g 


tion and shear given in the Appendix. 
The of the 
obtained in a somewhat similar fashion to the present 


results Russian school, which were 
results, tend to lie at higher values than the present 
results except at low strains where there is good 
agreement in some cases. In the present work and 
presumably in theirs, it is crucial that the losses be 
correctly evaluated for the higher strains if the results 
are to be meaningful. It is not known how well they 
compensated for possible losses, but any losses which 
are ignored will raise the values. 
the present losses were taken as half the calculated 
values, the results would then agree exactly with 
Studenok’. The present results are of a form which 
has been established for other systems and are thus 
more acceptable although this does not prove cor- 
rectness. 

If one accepts the present results and Gordon's 
results as being correct, then one can conclude that 
the differences result from high-recovery energy plus 
any effect of strain rate. The present results exceed 
Gordon’s by about 50 per cent, and the difference is 
not considered an unreasonable amount of energy to 
associate with high-recovery and strain rate effects. 

This is the third investigation where grain size has 
been investigated as a variable. The first was Clare- 
brough ef al.“®), who used grain sizes of 0.03 and 
0.15 mm in copper (the results are included in Fig. 6) 
and found that the fine-grained material exhibited 
recrystallization energies 80, 16 and 9 per cent greater 
than the coarse-grained material at strains of 0.1, 0.22 
and 0.47, respectively. More recently, Titchener and 
Bever™® checked for such an effect in a 17.4 wt. 
silver—gold alloy with grain sizes of 0.018 and 0.75 mm 
Thus, 


an effect must have been less than about 3 per cent 


and strains of 0.5: no effect could be found. 


of the stored energy. As seen in Fig. 4, the present 
results indicate that, in going from a grain size of about 
0.02 to about 0.6 mm, the stored energy decreased 
about 15 per cent. In this case, the effect did not seem 
to disappear at higher strains as was found by 
Clarebrough et al.“®), 


proportional to the ratio of the grain size, then the 


If one assumes the effect to be 


present results show the effect to be about one-fifth of 


that reported by Clarebrough ef al." It must be 


remembered that the present results (and those of 


The 


difference between these has already been considered. 


Titchener and Bever™®)) are for stored energy. 


It should be noted that the present results indicate 
that the large-grained samples stored a larger fraction 


of the energy. 
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Actually, there are two variables present, the grain 
size per se and the preferred orientation since it is 
highly unlikely that the different grain sizes can be 
obtained without some change in orientation. Cer- 
tainly, no claim is made to this effect for the present 
results. There is considerable evidence that preferred 
orientation will have an effect comparable to grain 
size on mechanical properties and thus probably also 
on stored energy. Any complete investigation must 
presumably cover both effects simultaneously 

It appears that the effect of silver additions are 
rather small, although the details of the composition 
dependence were not fully ascertained because of the 
The effect 


mately proportional to the composition in agreement 


experimental spread. appears approxi- 
with the results of drilling of gold-silver alloys where 
the effect 


content from per cent) 


was found to be proportional to silver 


In that case, the rate 


of change was only about 2 cal/mole®, Ag, whereas 


3 cal/mole®, Ag 


Greenfield's 


about 
that 


here the change seems to be 


(there is also the difference and 
Bever’s"®) results presumably apply to higher strains) 
In any case, it is clear that storage of energy is not 
very sensitive to composition in the lower ranges for 
silver in copper. There was a difference in the grain 
size which might have affected the results somewhat 

The nature of the kinetics of the immediate energy 
release following deformation is not well understood 
The results shown here for copper are similar to those 
for other pure metals although the temperature 
dependence, strain effect and magnitude differ from 
metal to metal. The effect may have several origins 
such as the disappearance ol trapping of point defects 
the 


energy arrays, particularly the backing out of pile-ups 


and rearrangement of dislocations into lower 


It is clear that while the kinetics may always appear 
the nature of the 
the fact that the 


to be similar for different metals 


process must be changing due to 
presence of mobile point defects is certainly tempera- 
ture dependent. For the most part, the behavior of 
dislocations need not appear temperature dependent 
as the larger forces which are required to move them 
with lower temperature are balanced by higher stress 
fields 
take place and thus would be temperature dependent. 
the 


temperature dependent, one might associate the pro 


At higher temperatures, however, climb might 


Since kinetics for coppel do appeal to be 


cess with the disappearance of vacancies the appar nt 
activation energy is about what would be expected 
The apparent absence of an effect of silver, however 
The 


magnitude of the effect associated with dislocations 


would seem to put this conclusion to question 


can be estimated very roughly to be equal to the 
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elastic strain energy at the flow stress. This elastic 


energy is comparable to the observed energy release. 


This release of energy is to be considered in more 
detail in other work covering several metals.“ 
SUMMARY AND CONCLUSIONS 

(1) The energy which copper can store as a result 
of deformation has been studied as a function of grain 
size, strain and silver content. The deformation was 
carried out rapidly, and the stored energy was taken 
as the supplied energy less the heat associated with 
the measured rise in sample temperature less the 
losses. 

(2) Immediately following the deformation there 
was a small energy release which could be followed for 
about a minute. This release was characterized by a 
very high initial rate which decreased very rapidly. A 
reasonable extrapolation of the measurements indi- 
cates that very little energy would escape from copper 
following room-temperature deformation after this 
initial release. 

(3) A detailed comparison of these results to those 
of earlier investigators fails to prove or disprove that 
the present results are accurate to about 10 per cent, 
as estimated from a consideration of the errors. 

(4) The present results exceed Gordon's results by 
about 50 per cent at each value of strain and this 
difference is reasonably ascribed to recovery prior to 
recrystallization and perhaps to a strain rate effect. 

(5) Silver slightly increases the amount of energy 
stored, but it increases the strength similarly such that 
the ratio of the energy stored is not changed per- 
ceptively. 

(6) Increasing grain size (and/or changing preferred 
orientation) decreases the amount of energy stored but 
decreases the strength faster such that there is an 
increase in the ratio of stored energy to supplied 
energy. 
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APPENDIX 
It is necessary to have a relationship between shear 
defined as (InL,/L) 
which will apply equally well to tension (elongation), 
In the past, the 


relationships which have been used have been derived 


strain and dilational strain 


rolling of plate or compression. 


from flow equations, but, unfortunately, one gets 
different results depending upon the flow equation 
used and also on the type of deformation considered. 
The purpose of the present approach is to derive the 
minimum shear strain required to produce a given 
dilation strain for the above modes from simple 
that the 


shear strains can be greater than this by any par- 


geometric considerations. It will be seen 
ticular amount. Secondly, it is desirable to obtain an 
average shear strain in a torsion sample since all the 
samples deformed in shear were torsion samples where 
the strain in any element is proportional to the 
distance from the center axis. 

Figure 7 represents a unit cube which is given an 
element of shear dy on plane A which is oriented at 
45° to the edges. It that 


to the edge. 


displaced dy/\/2 at 45 


the corner is 
This 


correspond to an element of elongation in the X-direct- 


is evident 


would 


ion of dy/2. Now if a shear dy of the opposite hand 
is carried out on plane B, one gets a pure horizontal 
elongation and a _ vertical contraction: but the 
relationship of 


ds Idy (Al) 


still holds and can be summed through all successive 


strains so that one always has the relationship 
(A2) 


which will hold so long as one never reverses the strain 
and takes the largest strain, regardless whether the 
change is that of compression, rolling, or uniform 
It is easily seen that if the shear occurs 
to the 

The 


effectiveness of the shear is given as the ratio of the 


elongation. 
on a plane at an angle more or less than 45 
strain axis, more shear is required than at 45 
cosine-sine product so that if the angle is off as much 


as 5°, the increased shear is only 1} per cent. Thus, 


9. 

10. 

ll. 

12. 

13. 

14. 

Ld. 

16. 
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for cubie systems, one would expect the actual shear 
to be only slightly above the minimum given above. 
It must also be remembered that a shear sample also 
requires extra shear since the grains, in general, will 
not be oriented for single slip. 


Previously, Taylor and Quinney“? had given 
(A3) 


based on von Mises’ flow equation and equation (A2) 
based on Mohr’s equation where the dilation referred 
to pure elongation (or compression). 

Titchener and Bever* have used equation (A2) for 
rolling and 


(A4) 


for elongation and compression. Both equations were 


derived from the Prandtl—Reuss flow equation. 


Relationship between dilational strain and shear strain 


It is difficult to understand the precise nature of the 
difference of these expressions However, the fact that 


the flow equations do not necessarily give the same 


results as a simple geometric analysis is perhaps 


associated with the fact that no completely satis 
Additional 


expressions have been used also to relate dilation and 


factory flow equation has been developed 


shear, but none of these appeal to have been used in 
this field 

In a torsion sample, the outer fibers experience a 
shear strain of 7N D/L where N is the number of turns 
The 
N D/L is normally used to describe torsional strain 
or 2a7ND/3L 
Thus, the equivalent dilational strain is taken to be 


given a sample of diameter D in a length L ratio 


The volume average shear strain is 2y,,,. 
a ND 
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LETTERS TO THE EDITOR 


Strain-induced diffusion and precipitation in creep in a binary, two-phase aluminum-—12 at.°, 
aluminum-lithium alloy during creep lithium alloy. The solute, lithium, diffused to and 


This note reports the observation of what appears precipitated as LiAl in grain boundaries oriented 


to be strain-induced diffusion and precipitation during 45-90° to the direction of stress. 


WAAAY 


= 


NANNY 


Fig. 1. Microstructure of Al-12 at. °4 Li alloy showing strain-induced diffusion, Creep specimen 22 per cent elongation 
in gage section under stress of 6000 lb/in? at 249°C. (Not to seale) (a) Structure in gage length. Arrows indicate lavers 
225. (b) Area with same thermal history 
or 


formed by strain-induced diffusion and precipitation, Specimen as-polished. 
as (a) but deformation was zero. Specimen as-polished. 


* The information contained in this article was developed during the course of work under contract AT(07-2)-1 with the U.S. 
Atomic Energy Commission. Received July 11, 1960; revised March 3, 1961. 
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TABLE |. Strain and time in each stage of creep of aluminum-—lithium alloy (12 at. °%, lithium) 


Strain and time, (hr) 
remp. Stress, Boundary 


First stage Second stage Third stage 


0.0019 (141) 0.0016 (788) none 
0.0008 (192) 0.0004 (167) 0.0024 (648) none 
0.0059 (166) 0.0026 (144) 0.028 (745) some 
0.0024 (17.3) 0.0004 (7.4) 0.231 (276) massive 


O.O1L7 (2.5) 0. ( ().22 10.2 Massive 


Fic, 2. Continuous layers at grain corners. Note the appearance and shape of the second 
boundaries. The area shown was in necked section where extensive deformation had ¢ 
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The alloy was prepared from 99.99°,, aluminum 
and 99.8°, lithium by melting and casting in graphite 
The 


warm-extruded and machined into bar-type creep 


under a reduced pressure of argon. alloy was 
specimens with a reduced section diameter of 0.502 in. 
The specimens were then creep tested under constant 
tensile loads at temperatures of 150-250°C and stresses 
of the tests 
from 13 to 1300 hr. Before the loads were applied the 


of 3300-8600 |b/in?. Duration varied 
specimens were annealed at test temperatures for 
{8-72 hr to equilibrate the matrix. 

During creep, continuous layers of the beta phase, 
LiAl, formed in grain boundaries oriented 45—90° to 
the direction of stress, but did not form in the bound- 
aries parallel to the stress direction. The thickness 
of the LiAl layers was related to the amount of creep 
strain, the layers being thickest where the specimens 
were strained the most. Table 1 lists representative 


data that are the basis for the correlation just de- 
scribed 

The boundary layers were observed in about half of 
the thirty specimens tested. The dependence ot layer 
thickness on strain held also within a given specimen: 
the boundary layers were thicker in the gage section 
than in the shoulder, where the stress was one-third 


The 


specimens 


less and the resulting deformation much less 


boundary layers were not observed in 
tested at the lower temperatures and stresses or in 
the threaded sections of the specimens, presumably 


The 


Massive 


because the strain in these cases was negligible 
rapid; the 


l(a) formed in 12.7 hr at 249°C, 


layer formation was relatively 
layers shown in Fig. 
during which time the sample elongated 22 per cent. 

The continuous layers are not to be confused with 
precipitation of LiAl from a supersaturated matrix, 
which is characterized by the formation of discrete 
An example of the 


tvpe of precipitate that was observed in the 


particles in all grain boundaries 
latter 
threaded sections of the specimens is illustrated in 
Fig. 

The continuous layers were definitely not cracks 
that might have formed during third-stage creep and 
filled 
substance such as polishing residue from metallog- 
As-polished, the 


appeared as shown in Fig. 


subsequently have been with some foreign 


microstructure 


l(a): 


raphy always 


after oxidation the 


beta phase darkened as shown in Fig. 2. In thirty speci- 


mens, cracks were never observed except within 1-2 


grains of the fracture surface. In addition. since the 


alloy exhibited high ductility under the conditions of 


these tests, macroscopic areas containing transverse 


intergranular cracks should not have been present. 


Several specimens that were tested to fracture 
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exhibited more than 60 per cent reduction in area and 
20 per cent elongation. By comparison, the alloy 
would have exhibited very little ductility if the contin- 
uous layers were transverse intercrystalline cracks.“? 
The strain-induced diffusion and precipitation were 
associated with the structural changes of the grain 
boundaries that finally would have led to fracture, 
since the major part of the strain occurred during 
third-stage creep when the strain rate was increasing. 
This is especially evident in Fig. 2, where increasing 
amounts of the second phase are located at the grain 
corners, which would be the points of stress con- 
centration after grain boundary sliding had occurred. 
It appears that in these specimens stress concentra- 
tions were relieved by the formation of the low -density 
heta phase, 1.75 g/em*, before enough energy was 
available to form a void or crack. 


R. P. MARSHALL 
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Grain boundary mobility in bismuth* 


preliminary results of an 


the 


This letter describes 


experiment designed to measure mobilities of 


individual grain boundaries in bismuth. The driving 


force is produced by a magnetic field which exerts a 


pure pressure, P, ona bismuth grain boundary given 


byl 


Ak 
H*(cos* 6, 


cos" | ) 


and §, are respectively the polar angles 


where 0, 
between the field direction and the c-axis of each of 
the two cry stals on either side of the grain boundary : 
H is the magnetic field strength; and Ak is the differ- 
ence of susceptibilities perpendicular and parallel to 
the c-axis. The pressure is directed toward the cr\ stal 
of larger 0. 
independent of the sense of the field, and that it 


It follows from equation (1) that P is 
vanishes when 6, = 6, (the crystal orientations need 
not be identical). Previous work”) has demonstrated 
these magnetic forces to be capable of establishing a 
strong preferred orientation in polycrystalline bismuth 
undergoing normal grain growth. 

In the present experiment, single crystal rods of 
zone-refined bismuth, which had been locally deformed 
to produce a bicrystal upon recrystallization, were 


suspended vertically in the field of the 1} in. Bitter 
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Fic. 1. 


Magnet (kindly made available by the Naval Research 
ina 


| shows a specimen exposed 


Laboratory), and were maintained at 250 
silicone oil bath. Fig. 
85 min ina field of 11.88 
at D originated in the cold-deformed zone at C: 


104 ¢. The grain boundary 
the 
migration distance, CD, is 4em. The boundaries at 
B also originated from the deformation zone at C 
but were much less mobile. It is believed that this 
resulted from contamination introduced into the end 
of the specimen at A which was prepared originally 
bulb ot 


on the 


deformation by casting on an extra 


The 
mobile boundary was computed to be 7587 dyn em 
the H 6 


78°, 6 (growing crystal) 


for 


bismuth. magnetic pressure exerted 


by substituting values 
(original crystal) 36 


and Ak l 
The value of the mobility M 


76 10-® egs™ into equation (1). 


velocity pressure 


calculated from the preceding data, is 1.03 10 


erg! sec!. This figure must be regarded as a 
lower limit since the boundary might have traversed 
the distance CD in less time than employed for the 
The of 
greater than those appearing in the literature except 
estimated by Aust and Rutter” 


lead. Further 


treatment value is an order magnitude 
that of 2.5 


for grain boundaries in zone-refined 
experiments employing electrical resistivity measure- 
ments to detect boundary migration in situ are in 
progress 
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Specimen W-021060 showing a 4-cm boundary migration und 


r the influens driving forces 


Sur la présence d’hématite a l'état dispersé dans 
la phase magnétite de pellicules d’oxydation du 
fer aux températures élevées* 

Pfeil a 


refroidie dans | 


observé dans une magnétite riche en 


oxygene air, la présence d’hématite 


sous forme d’aiguilles qu'il a attribué a un pre 


au cours du refroidissement a partir d’un 
Plus 
al. ont noté la présence daiguilles de Fe,O, dans la 


cle 


superticielle du fer formée a 


cipitation 


matrice homogens récemment Dunnington ef 
d oxydation 
pendant Ih 20 
Behar™ a 


germination d’aiguilles d’hématite 


couche magnétite d'une pellicule 


refroidi Enfin en 1956 


min, lentement 


mis en évidence la 
de 


100°C’ d’échantillons de 


loxvdation a 
Nous 


re he hes 
couche 


au cours 


magnetite wWons nous-memes observe au 


cours de nos la phase hématite 1 | etat 


dispersé soit dans la , des pe llicules 


le du fer et du protoxyde dans 


doxydation supertficiell 


lair, soit dans la magnetite résiduelle d’échantillons 


de magnétite oxydés incompletement dans lair et 


nous nous proposons dans cette communication cde 


precise! les conditions et le mécanisme de sa formation 
ar 


e du fer et du protoxyvde 


Dans la couch magnetite des pe llicules d’oxy 


dation superficicll 


on observe 


sur coupes des aiguilles dhématite seulement pour 


d’oxvdation rises entre 


( 


des temperatures com 


et SOO-C’ ou superieures a pendant leur 


processus de formation est tout a fait différent dans 


les deux cas 


Dans le premier les aigulles sont visibles 


que 


léchantillon soit refroidi lentement ou trempé dans 


seulement 


On 


eau: dans le deuxiéme elles s’observent 


si léchantillon est refroidi dans doit en 
déduire qu aux temperatures superieures a SOOO la 
couche de magnétite est micrographiquement homo 
gene au cours de sa croissance, et que les aiguilles si 
elles apparaissent, sont le résultat d'une précipitation 
au cours du refroidissement precipitation qui est due 
de la phase FeO 


temperature de 


a la forte instabilité \ saturee en 


oxygene a la lexpérience. Cett 


instabilité est d’ailleurs d’autant plus forte que cett 


température est plus élevée Si lon admet que la 


96) 
By C 
A 
ol. 9 
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Fig. 1. Bord externe pellicule d’oxydation 
superficielle du fer dans Vair, obtenue a 850°C pendant 


12h. 1350 


C 


Fic. 3. 
pendant 4 min, aprés refroidissement dans lair, 


Echantillon de magnétite oxydé a 


solubilité de loxygene dans la magnétite augmente 
avec la température,” ce fait signifie que l’instabilité 
des magnétites riches en oxygene varie dans le méme 


sens que leur concentration en cet élément, résultat a 


rapprocher de celui que Chaudron et Bénard") et 


nous-mémes") avons trouvé pour le protoxyde de fer. 

Au contraire, les aiguilles visibles dans la couche 
de magnétite d'une pellicule superficielle obtenue dans 
lintervelle 700-850°C se forment au cours de l’essai 
suite de la diffusion 


isotherme d’oxydation, par 


préférentielle de loxygene le long des fissures micro- 
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2. Plaquette de magnétite obtenue par oxydation 
compléte a 1000°C dans de la vapeur dun 
echantillon de fer Armco et réoxydée dans lair a 

700°C pendant 48 h. * 270 


d eau, 


Fic. 4. Plaquette de magnétite obtenue par oxydation 
compléte 1L000°C dans de la vapeur d'un 
échantillon de fer **Puron”™’ et réoxydée dans lair a 


400°C pendant 16 jours. 121-5 


d'eau, 


scopiques qui se produiraient sous leffet de con- 


traintes mécaniques prenant naissance dans la 
pellicule en croissance. Cette hypothése est appuyée 
par le fait que l’on observe des aiguilles plus abon- 
dantes au voisinage des bords des échantillons, ot il est 
normal de penser que ces contraintes sont les plus 
élevées. La micrographie de la Fig. 1 montre des 
aiguilles d’hématite s’étant formées dans la couche 
de magnétite a la température de lessai d’oxydation. 
dans la magnétite 


L’apparition de l’hématite 


résiduelle d'un échantillon de magnétite oxydé dans 


962 
/ 
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lair, peut également s’effectuer suivant les deux 
mécanismes que nous venons de mettre en évidence: 

(1) par suite de la sursuration de la magnétite en 
oxygene au cours du refroidissement de |’échantillon 
(mécanisme 1). 

(2) par suite de la pénétration de loxygéne dans 
les fissures de la magnétite a la température de |'essai 
(mécanisme 2). 

Dans le présent cas la formation de fissurations 
submicroscopiques est grandement favorisée par les 
changements brusques de température qui accom- 
pagnent la préparation ou l‘oxydation des échantillons 
de magnétite de départ, qui semblent particuli¢rement 
sensibles aux choes thermiques. 

La formation d’hématite dispersée au sein de la 
magnétite par pénétration de loxygéne atmos- 
phérique se note par conséquent dans la cas d’échan- 
tillons minces de magnétite oxydés A des températures 
400-800°C). Elle 


des 


basses (intervalle 


relativement 
donne lieu a des amas lamellaires ou méme a 
nodules de forme grossiérement sphérique, dont les 
dimensions sont hors de proportion avec |’épaisseur 
de la couche superficielle d’hématite, surtout si la 
magnétite de départ est impure (Fig. 2). 

Quant au mécanisme de la précipitation a partir 
d'une magnétite sussaturée en oxygéne (mécanisme 


de 


magn¢tite oxydés au-dessus de 1200°C, au cours de 


1), il joue exclusivement pour les échantillons 
leur refroidissement, comme le démontrent les expé- 


de 


montre un tel échantillon aprés refroidissement dans 


riences trempe. La micrographie de la Fig. 3 
Yair. Il joue de fagon trés dominante dans l’oxydation 
a relativement basse température (ou au cours de 
revenus isothermes dans un gaz inerte) d’échantillon 
épais de magnétite, de teneur en OX) gene et de pureté 
suffisantes. Dans ce dernier cas, l’intervalle exact de 
température ol s effectue la précipitation d’hématite 
au cours de essai, dépend de la concentration en 
oxygene des échantillons de départ et de leur teneur 
en impuretés. C'est ainsi qu’avec les échantillons de 
magnétite de 0.5 mm d’épaisseur obtenus par oxyda- 
tion complete d'un fer de haute pureté (Fe 99.95 
pour-cent) en atmosphere de vapeur d'eau a LO00°C, 
cet intervalle s’étend de 250°C a 700°C. La Fig. 4 
montre une telle précipitation. 

Dans le cas de la précipitation d’hématite par 
sursaturation a partir d’une magnétite trés riche en 
oxygene (saturée en oxygéne, dans lair a 1200°C), la 
précipitation a lieu aux joints des grains de la phase 
matrice et suivant ses plans (111); pour les teneurs en 
oxygene plus faibles (saturation a LOOO°C dans la 
vapeur d'eau) et au cours des revenus oxydants ou 
exclusivement suivant les plans 


neutres, presque 


THE EDITOR 963 
(111). 


qui sont responsables de 


Quand ce sont les fissurations de la magnétite 
l'apparition de la phase 
hématite (mécanisme 2), le rdle préférentiel joué par 
les joints de grains et les plans (111) de la magnétite 
reste appréciable, comme permet de le montrer l'étude 
détaillée de la position des ‘‘germes”’ d’hématite et la 


morphologie de leur croissance 
J. PAiDASSI 
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Sur la cinétique de la précipitation de la phase 


hématite, a partir de magnétites riches en 


oxygeéne, au cours de revenus isothermes* 


Dans une communication antérieure,”) nous avons 


montré que les magnétites riches en oxygene lais 


saient précipiter la phase hématite, au cours de 


revenus isothermes a des temperatures convena- 


Dans le présent travail nous nous 
cette 


blement choisies 


sommes attachés a precise! la cinetique de 
précipitation 

Nous avons opere sul des plaquettes de magnétite 
La 


était préparée en oxydant complétement des plaquet 
Westinghouse 


de quatre compositions différentes magnétite | 


tes de fer dénommé *“‘Puron” par la 


(Fe 


vapeur d'eau 


99.95 pour-cent), & LOOO’C en atmosphére de 
La magnétite 2 était préparée dans les 
mémes conditions, mais a partir de pellicules d’oxy 
dation superficielle du fer Armco détachées préalable 
ment de leur support; elle ne différait par conséquent 
de la magnétite | que par une teneur plus élevée des 
impuretés. Enfin les magnétites 3 et 4, beaucoup 
plus riches en oxygene que les précédentes étaient 
préparées en oxydant superficiellement et respective 
ment les magnétites | et 2 dans lair A 1200°C durant 
7 min 30s, oxydation terminée par une trempe dans 


l’eau glacée. Dans tous ces cas, les magnétites que l'on 
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Fig. 


compléte & 1000°C dans la vapeur d’eau d’un échantillon 


Plaquette de magnétite obtenue par oxydation 


de fer pur (magnétite 1) et réoxydée dans lair a 400°C 


121-5 


pendant 4 jours, 


obtenait, étaient parfaitement homogénes comme 


examen au microscope permettait de s’en assurer. 


Chacune de ces magnétites était ensuite soumise a 


des revenus isothermes dans lair ou largon purifié, 


leurs durées extrémes variant de 15s a 16 jours 


suivant la température et le type de magnétite. 


L’étude des coupes polies et attaquées permettait de 


Plaquette de magnetite pure x oxydée 
Pair A 500°C pendant 24 h. 121-5 
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déterminer la variation de la morphologie du précipité 
et de sa quantité, en fonction de la température et de 
la durée du revenu et en particulier les durées approxi- 
matives qui correspondaient au début et a la fin de 
la précipitation. 

La morphologie du précipité dépend surtout de la 
température du revenu isotherme et de la pureté de la 
magnétite. A titre d’exemple nous donnons les 
aspects observés dans le cas de la magnétite 1. Dans 
Vintervalle 250—400°C, le précipité se présente sous 
forme de plaquettes discoides (aiguilles en coupe), 
tres minces et a surface lisse, orientées suivant les plans 
(111) de la matrice. 


ces aiguilles augmentent en 


Au cours du revenu isotherme, 


nombre, longueur et 


> Sans précipité 


précipité 


e Fin de la precipitation 


3. 
formation), traduisant en fonction de la durée 


Diagramme TTT (Temps, Température, Trans 

et de la 

température de revenu, la précipitation d’hématite a 
partir de la magnétite pure | (consulter le texte 


épaisseur jusqu’a ce que toutes ces caractéristiques 


se stabilisent & des valeurs constantes. La micro- 
graphie de la Fig. 1 correspond a la magnétite 1, 
revenue dans lair a 400°C pendant 4 jours. On note 
sur le bord de l’échantillon une zone plus dense en 
aiguilles: dans cette zone il y a une précipitation 
activée par suite de loxydation superficielle. Dans 
Vintervalle 500—-600°C, les aiguilles sont plus épaisses, 
plus espacées et présentent des excroissances irrégul- 
ieres comme le montre la micrographie de la Fig. 2, 
qui correspond a un échantillon | oxydé dans lair a 
500°C pendant 24h. Enfin 650 


700°C par suite d'un effet parasite di au caractére 


dans lintervalle 


oxydant de lair, les aiguilles font place a de petits 
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amas irréguliers et de plus en plus rares au fur et a 
Quand 
remplace lair par de l’argon purifié, on retrouve la 


mesure quaugmente la température. on 

forme aciculaire du précipité qui disparait finalement 

pour une température de revenu d’environ 800°C, 

L’étude 


magnétites 1 et 3, d’égales puretés, indique que la 


comparative de la décomposition des 


quantité totale de précipité formé pour une tem- 


pérature donnée de revenu, augmente notablement 


quand on passe de la lére a la 2eme, ce qui montre 


Sans precipite 
» Avec precipite 


e Fin de la précipitation 


Temps 


Kia, 4. 
formation) traduisant en fonction de la duré« 
température de 

partir de la magnétite pure | (consulter le texte). 


lrans 
et cde la 
revenu, la précipitation d’hématite a 


Diagramme TTT (Temps, Température, 


que la teneur en oxygeéne varie dans le méme sens que 
la température de saturation en oxygéene 

La mesure de cette quantité totale de précipité en 
fonction de la température du revenu nous permettra 
ailleurs dans une communication prochaine, de 
préciser la courbe limitant du cé6té des hautes teneurs 
d’oxygeéne, le domaine de stabilité de la magnétite 

Le diagramme TTT (Temps, Température, Trans- 
formation) de la Fig. 3 récapitule les résultats pour la 
magnétite 1 et celui de la Fig. 4 pour la magnétite 3 

On constate qu’a égalité de pureté, augmentation 
de la concentration en oxygéne rend la magnétite 
100°C, 


beaucoup plus instable, dans lintervalle 250 

D’un autre cété la comparaison de ces diagrammes 
avec ceux relatifs aux magnétites 2 et 4, permet de 
montrer que les impuretés présentes dans ces der- 
niéres ralentissent notablement le processus de décom- 
position et cela quelle que soit la concentration en 
Ce doit 


rapproché de celui établi par Bénard, sur l’influence 


oxygene de la magnétite. résultat étre 


4 (20 pp.) 
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Sur la nature des défauts ponctuels crées par 


le croisement des dislocations 


Cette lettre a poul objet de preciser, par une étude 
géométrique, la nature des défauts ponctuels créés au 
cours de l’écrouissage. Nous utiliserons un modéle ot 
les dislocations mobiles dans leur plan de glissement 


effet 


dislocations fixes de la 


sous des contraintes extérieures, croisent les 


forét’’ de dislocations percant 
ce plan. Les crans ainsi produits doivent, en général 
des dislocations 


monter pour suivre le mouvement 


ils créent alors des défauts ponctuels 


Considérons done un segment de_ dislocation 


rectiligne défini par son vecteur unité L et son vectew 
de Burgers b. ott celui-ci est défini comme le défaut de 


fermeture, dans le cristal parfait, du circuit de 


Surgers décrit dans le sens rétrograde.™ Supposons 
que la dislocation subit un déplacement défini par |e 


vecteur m, le nombre Pp de défauts ponctuels crees est 
donné pal 


b(L A m) (b. L, m) 


ot. V est le volume atomique.t Le signe de p cat 
actérise la nature (lacune ou interstitiel) des défauts 


Avec 


a la création d’interstitiels et | 


créés nos conventions, le signe correspond 


signe a la creation 
de lacunes (Fig. 1) 


Avec 
dislocation L 


les mémes conventions. considérons une 


de vecteur de Burgers b. mobile dans 


son plan de glissement sous l’action d'une contrainte 


o. croisant un arbre L’, fixe, de vecteur de Burgers 


b’, en un point Q (Fig. 2). La connaissance de la 


contrainte et du vecteur L tangent 4 L en Y nous 


Dans le cas toutefois of il n’yv a qu un aton par 


| ec 065 

(ur a 
T°C 1 mitrat 
Lire le 
Mars 196] 
500 | — o— o—o— 
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l. Creation de de dune 


dislocation 


fauts pal montee 


donne la direction @ dans laquelle va se mouvoir le 


cran apres sa formation. 


Il suffit pour cela d’ap- 


pliquer la formule de Peach et Kéhler™: Avec les 


) 


notations de la Fig. 2, il vient 


ob cos sin (g 


ah cos cos (q 4%), 0 


Si by. b,'. b.’ sont les coordonnées de b’ dans le méme 


svsteme d/axes, alors 


(b. b’. c) cos cos 
n cos cos (2) 
Done 


lacunes 


0 les défauts produits sont des 
si b’ n cos 4 cos q 0 les défauts produits sont des 
interstitiels. 

On peut également calculer le nombre p de défauts 
produits lorsque le cran se déplace d’une longueur 
unité 

|b’ n cos 

La formule (2) nous montre que la nature des défauts 
ponctuels ainsi créés est définie par le produit de trois 
relative du 


paramétres indépendants: l orientation 


vecteur de Burgers de la dislocation fixe et du plan 


de glissement de la dislocation mobile. l’angle du 


vecteur caractérisant la contrainte avec le vecteur de 


Croisement de deux dislocations. 


cran était contraint de suivre 
la ligne de dislocation dans son glissement, 


t Nous avons supposé que le 
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Burgers de la dislocation mobile. et enfin le caractére, 


coin ou vis, de celle-ci. 
A pplication 
Considérons le 


est telle 
dislocation L’ 


cas particulier oi la contrainte o 


que la dislocation L est poussée vers la 
et ot, de plus, celle-ci attire celle-la. 
Apres croisement, la dislocation L porte un cran qui 
crée des défauts d’un type, disons des lacunes. Si 
inverse la contrainte, la dislocation L 


l'on sera 


toujours attirée par L’ mais le cran créera cette fois 


des interstitiels. La formule (2) généralise ce résultat 


évident et permet d’affirmer notamment que la 
nature des défauts créés par croisement ne dépend pas 
seulement de interaction (attractive ou répulsive) 
entre les dislocations. 

Je tiens a remercier ici le Professeur Friedel et le 


Docteur P. B. Hirsch qui m’ont suggéré cette étude. 
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in cold-worked 
copper-silicon alloys* 


Dislocation densities 


Dislocations scatter phonons and reduce the lattice 
component of thermal conductivity (x). To a good 
approximation this reduction is equivalent to adding 
a component of resistivity Wy to the lattice thermal 
I/x,. It shown” that at 
temperatures W,, varies with temperature 7' as 1/7”. 


resistivity can be low 
Because of this characteristic temperature variation 
it is possible to distinguish the effect of dislocations 
on «x, from the effect of other lattice imperfections. 
Furthermore, one can estimate the phonon scattering 
cross-section of dislocations theoretically,” and thus 
deduce the dislocation density giving rise to an 
observed dislocation resistance W 

While such estimates of dislocation density suffer 
from uncertainties which reflect the uncertainties in 
the theoretical cross-sections, these uncertainties are 
considerably reduced in the case of copper alloys and 
other noble metal alloys, since Lomer and Rosenberg’, 


and Kemp ef al.) have correlated observed values of 


W,, of some copper-zine alloys and of a copper 


arsenic alloy with estimates of dislocation densities 


obtained from electron micrographs and stored energy 
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TO 


measurements. From these calibration experiments 
it that the of 
Klemens underestimates the scattering cross-section 
Thus 


one can estimate dislocation densities from the lattice 


was concluded‘ revised theory 


by a factor of between 3 and 6, say 4.5 + 1.5. 
thermal conductivity to within better than a factor 2. 


the of the lattice 


conductivity of various annealed alloys, reported 


In course of studies thermal 


elsewhere, we have also measured two copper 


silicon alloys both in the annealed state and after a 
61 


cross-section due to drawing). These polycrystalline 


known deformation (reduction by per cent in 


rods, containing 2.25 and 4.5 per cent silicon in copper 
(1 and 2 wt.°,,) were prepared and annealed at 700°C 


by Messrs. Johnson, Matthey and Co. They were 


reduced in cross-section by 61 per cent (from 5.2 mm 


to 3.25mm dia.) by drawing and were measured 


before and after drawing: in the case of the 2.25 


oO 


‘ 


alloy the drawn rod was re-annealed at 700°C and 


measured again: it appeared to have recovered 
completely. 

The measurements referred to above were of the 
thermal and electrical conductivities from 2 to 90°K 
The of the 


ductivity was calculated in the usual manner® from 


electronic component x, thermal con- 
the measured electrical conductivity, and subtracted 
from the observed thermal conductivity « to give the 
lattice These lattice 


ductivities are shown in Fig. 1. 


component k,. thermal con- 


Below about 20°K, K, varies as 1/7". In the case of 


the annealed specimens, the lattice resistivity 1/«, in 
this region is due to the phonon-—electron interaction, 
although one cannot exclude the possibility of there 


being some resistance due to residual dislocations 


The decrease in K, due to deformation is clearly 


In contrast 


ascribable to a dislocation resistance W ,, 


to Cu-30°,, Zn, where the lattice thermal conductivity 
on deformation also showed evidence of point defects 


and stacking faults™, no other imperfection need be 
postulated to account for the change in « 
Stacking faults give a lattice thermal 


W.cl1/T 


ey idence of 


resistivity 
The present curves of «, do not show any 
such a resistance, and one can deduce an 
for the stacking fault resistivity and the 
stacking fault frequency. For the 4.5° alloy, W.7 
10? em deg? W~!: using a theoretical 


estimate’ of the scattering of phonons by stacking 


upper limit 
is less than 3.5 


faults this would be equivalent to a stacking fault 
density of less than 1/100 per atom plane 
The dislocation resistance Ws, can be written in the 


for 
so W pT? = AN 


where NV is the dislocation density (in lines/em?), and 
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Kg (watt/cm deg) 


T (°K) 


Kia. | Lattices tivitie 


silicon alloy 
at ( 


One specimen a 


annealec after deformation): 
deformed 


2d 
the 


annealec 


and are 


A depends on the lattice anharmonicity. the Burger 
In the case of Copp ! 


must 


vector and the phonon velocity 
the revised theory” gives A 
W-!. For 
the empirical calibration factor 4.5, so 

| ecm? deg? From the 
the of 


innealed 


our purposes, this ry 


10-5 


in values below BOK betw 


and the 
values of W,,7* 
W-! for the 2.25 
W! for 


uncertainty the 


deformed specimens 
obtained: (8 2 
ind (17 

The 


uncertainty 


ure 
alloy 


the main 


1h) K 


their values of x 


Is 
Since 


formed alloys 


From these figures. we deduce 
em" 


for the 4.5 


the uncertainty in the calibration factor, 4.5 


line 


location densities (in 


alloy and 7.5 


is added to the uncertainty in determining W,, 


then these absolute estimates may be in error by 
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much as 50 per cent. The major change in lattice 
thermal conductivity of these copper-rich alloys on 
deformation arises from dislocations, and it appears 
that the same deformation results in roughly twice 
the dislocation density in an alloy of twice the silicon 


content 
R. J. TAINsH 


Division of Physics, C.S1.R.O. G. K. 
National Standards Laboratory 


Sydney. New South Wales 


Westinghouse Research P. G. KLEMENS 
Laboratories 


Pittsburgh 35, Pe nnsylvan 
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On the temperature dependence of the flow 


stress in quenched aluminum crystals* 


(1) 


In a recent publication, Tanner” has shown that 


the temperature dependence of the flow stress of 


quench hardened aluminum single crystals in the 
range 77—293°K was identical with that observed for 
well annealed crystals.@:*) The flow-stress ratio for 
any two temperatures was a constant, independent of 
strain (i.e. the Cottrell-Stokes law was obeyed), whose 
value was equal for the annealed and for the quench 
hardened crystals. It is the purpose of the present 
note to point out that this result has important 
implications in discussions of the nature of the 
dislocation barriers which contribute to the tempera- 
ture dependent and temperature independent portions 
of the flow stress. 

It has been generally accepted that the total flow 
stress, 7. is the result of dislocation interactions which 
exert short range forces (giving rise to the temperature 
dependent flow stress 7.) and those which exert long 
range forces (resulting in the temperature independent 
flow stress 7,,). The observed proportionality of the 
temperature dependent flow stress to the total flow 


st ress, 


») i.e. the constancy of 77/77, with strain, 
1 2 


implies a proportionality in the hardening mechanisms 


which result in tg and 7,,. In the theory of work 
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hardening due to Seeger ef al.©), 7,, is believed to 
result from the internal stress fields of dislocations 
piled up behind Cottrell-Lomer barriers in groups of 
about twenty-five. The amplitude of the internal 
stress field was shown to increase linearly with the 
square root of the density of dislocations lying in the 
slip plane. Ts Was ascribed to the intersection of the 
forest dislocations threading the slip plane; a process 
which results in a linear relation between 7, and the 
square root of the forest dislocation density.“® The 
observed proportionality of the temperature depen- 
dent flow stress to the total flow stress would seem to 
require a proportionality between the forest and active 
A different point of 


view has been taken by Hirsch and Basinski® who 


slip plane dislocation densities. 


regard both r, and 7,, as arising from the interaction 
between the glide and forest dislocations. This type 
of interaction results in the observed proportionality 
without any further assumptions. 

As suggested by Basinski® it should be possible to 
distinguish between these possibilities by altering the 
dislocation configuration produced by deformation. 
Quench hardening of aluminum single crystals appears 
to have such an effect. Quench hardened crystals 
exhibited an increased yield stress and a low rate of 


work hardening when compared to well annealed 


crystals of the same orientation.“:*) The surface slip 
markings on quenched aluminum crystals were similar 
to those typical of alloy crystals rather than pure 
f.c.c. crystals, and consistent with this observation, 
the quenched crystals exhibited the phenomenon of 


(9) 


“overshoot”. Slip on the conjugate system was not 


observed in the quench hardened crystals until 


“overshooting” of the symmetry position occurred. 
The 


crystals differed from that 


initial dislocation configuration in quenched 


observed in annealed 
crystals in that quenching caused the formation of 
dislocation loops (of average size 200 A) as a result of 
the annealing out of the quenched-in vacancies.“° 

On the basis of the above observations, the dis- 
location configuration produced by deformation of 
quench hardened aluminum is expected to differ 
radically from that produced in annealed crystals. 
In particular the ratio of the dislocation density in the 
forest to that on the active slip plane may be expected 
to be different after deformation of the quenched and 
the annealed crystals. If tg and 7,, are assumed to 
result from different types of dislocation interactions, 
the flow stress ratio in temperature cycling experi- 
ments would be expected to be different for the 
quench hardened and the annealed crystals. Tanner’s 
observation that this ratio depends only on the 


original and final temperatures and is independent of 
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the thermal history of the specimen would seem to be 
inconsistent with the above assumption. The concept 
that both the long and short range forces arise from 
the same source™:;*) (the interaction between glide 
forest the 


sensitivity of the flow stress ratio to the dislocation 


and dislocations) is consistent with in- 


configuration since in this case any change in the 
forest dislocation density alters 7, and 7,, by the same 


factor. Tanner's observations appear to constitute 


evidence in favor of the concept that t, and 7,, are 


both due to the same type of dislocation interaction 


Institute for the Study of Metals H. K. BrrnBpauM 


University of Chicago 
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Occurrence of longitudinal cleavage in stretched 
silicon iron crystals 

In tensile test of single crystals of silicon iron (2.9 

per cent Si, 0.017 per cent C) carried out in liquid 

nitrogen, longitudinal cleavage cracks on (O01) plane 


parallel to the tensile axis have often been observed 


< Tensile 


Long longitudinal cleavage crack, LD. 


THE EDITOR 


show these cracks seen on surface nearly parallel to 


in specimens extended in direction. Figs. 1-3 


(110) plane of specimens which have the size and 
shape as shown in Fig. 4. The longitudinal cracks 
observed are of various length up to 10 mm and some 


composed ot several shorter 


long ones are cleavage 
eracks on adjacent (OOL) planes connected succes 
sively 

According to Cottrell’s proposal, two intersecting 
‘110} slip systems in b.c.c. metals may cause a 
longitudinal cleavage on (001) plane in the extension 
1,2 In the 


single crystal specimens extended in [001 


in direction present experiment 


direction 


in liquid nitrogen have always fractured by the 


occurrence of transversal cleavage on (001) plane 
was confirmed 


extension, it 


that 


But, in this case of 


by microscopic examinations the plastic de 
formation up to the cleavage has substantially been 
due to the formation of twinning along {112} plane 
instead of slip, and moreover that intersection of two 
ot the 
occurrence of transversal cleavage on (OO1) plane. In 


this of [110] 


the resolved 


twins conjugate nature is responsible for 


contrast with however, in the case 


which 


all the {110} slip 


extension, {110} slip systems in 


shear stress is maximum among 
systems have actually operated,and many intersections 
of them along [010] or | 100] direction have frequently 
occurred during the course of elongation preceding 


These 


essentially the same ones as 


the cleavage fracture shown in Fig. 5 


as 
slip intersections are 


Cottrell and O10} 


discussed by both of them along 
and [100], may lead to the cleavage on (001) plane 
which is now parallel to the tensile axis 


extension is considered to be the evidence of Cottrell’s 


Thus the longitudinal cleavage observed in 


AKIS > 


and transversal cleavage crack, T'r, 


surface of specimen fractured transversally through F 


= 
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» 
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surface of specimen. 


erack, L, 
Tw, appeared at the 
instant of cleavage are also seen. 100. 


Longitudinal cleavage seen on 


Twins, 


Tensile Axis— > 


Short 
on surface of specimen. 400 


longitudinal cleavage cracks. 


x 


0-6 mm 


Fic, 4. 


Size and shape of specimens. 


proposal which had no direct experimental support 


so far. The transversal cleavage on (100) or (O10) 


plane which has occurred in |110] extension can also 


be understood by the mechanism, in which the 
number of pile-up dislocations is extremely large in 
one of two intersecting slip systems compared with 
that in the other, and consequently the concentrated 
tensile stress is directed nearly parallel] to 
direction. 

The full report of the present work will be published 


in J Phys. Noc. Japan. 


R. Honna 
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Fic. 5. Slip lines on surface (a) and side (b) of specimen, 

indicating intersecting slip systems, (101) [111] and 
(101) | LIL}. «200 
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Atom movements and dislocation structures in 


some common crystals* 
(1) 


Bell 


dislocation concepts do not provide a ready basis for 


and Cahn have pointed out that classical 


understanding the structural nature of dislocations 
responsible for second order pyramidal slip on 41122! 
1123 


A major difficulty lies in the fact that the observed 


in the hexagonal close packed structure of zine. 


slip direction is not parallel to a direction of close 
packing and the atom arrangement parallel to the 
An additional 


significant feature is that the required Burgers vector 


observed slip plane is highly puckered 


is relatively large with respect to atomic dimensions, 
thus necessitating a relatively thick edge insert with 


unusually large terminal distortions at the core. 


A similar and even more severe set of conditions 


* This work was supported in part by Aeronautical Research 
Laboratories, Air Force Research Division, U.S. Air Force, 
under Contract No. AF33(616)-5511. Received April 7, 1961. 
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has been encountered in dealing with slip in the 
f-uranium crystal structure, which has a relatively 
complex arrangement of thirty atoms per tetragonal 
unit cell.” In deriving dislocation structures for this 


material, a generalized kind of solution has been 
developed for the case of a complex arrangement of 
many atoms within a geometrically simple lattice cell 
whose dimensions are large with respect to interatomic 
distances. The resulting dislocations contain a volume 
structure 


the 


interface embodying a zone of with a 
that related to cell 


Atoms lying in the volume interface 


thickness is simply unit 
parameters. 
have been shown to serve the important function of 
providing structural continuity and bonding during 
the The 


becomes identical with the classical one for the case 


shear process zonal model in question 
of a simple degenerate structure based on a corre- 
spondence between lattice points and atom positions. 

A primary purpose of this note is to point out that 
used to 
obtain a the 


question raised by Bell and Cahn. Moreover, related 


the generalized zonal shear model can be 


straightforward kind of answer to 


solutions can be derived for a number of similar 
problems, including the case of the recently discovered 
cad- 


West- 


lake™, the field of deformation twinning is a fertile 


first order pyramidal slip on {LOI1T!}(1123) in 


mium®, As pointed out independently by 


area for the use of the zonal shear concept, and he has 


proposed zonal models in dealing with twinning of 


zirconium. Although his work is aimed largely at 
attempting to understand the origin of twinning 


dislocations, it is pertinent to realize that the zonal 


shear model is valid regardless of the mechanism of 


twin formation. 

It has long been known that the formalized atom 
movements for deforming twinning in various crystals 
only rarely correspond to those required of a com- 
pletely homogeneous shear model). Rather, for the 
majority of known cases, only a fraction of the atoms 
Indeed, the 


undergoing non-homogeneous motion lie in a 


undergo homogeneous shears. atoms 


separating the homogeneously 
structure. In other words, a primary condition for 
zonal shear exists. However, a remaining condition 
must be satisfied before concluding that zonal shear 
can operate, i.e. one must demonstrate that the non- 


homogeneous atom movements occuring in the 


volume interface are structurally coupled to the 
of the 


Westlake’s work does not purport to cover this point, 


motions homogeneously shearing atoms. 
except by implication; however independent studies 
by the current writer show that this latter condition 


is met for the cases with which he is dealing, namely 


THE 


sheared port ions of 
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(1121) (1122) 


Moreover it can be demonstrated that both conditions 


pyramidal twinning on (1012) and 


are also satisfied for twinning on (1OL1) and (1013) 


in magnesium,'® as well as for pyramidal twinning 


7.8) 


in the closely related structure of sapphire ( AI,O,)" 


and hematite (Fe,OQ,). To date, complete analyses 


of the localized structural changes produced during 


twinning of the distorted close packed structures of 


mercury, tin, indium, arsenic, antimony, bismuth and 


uranium have not been made. However, inspection 


of the shear diagrams of these materials shows that 
the formalized atom movements are compatible with 
a zonal shear model for each case 

Neglected 


twins have been known in the cubic system for ove 


analogs of the hexagonal pyramidal 


30 vears for pyramidal deformation in PbS (galena) 


crystals of this material do not slip o1 


having the sodium chloride structure 
interestingly 
twin on the (111) base plane, yet deformation twinning 
has been found on (112), (113), (221), (332) and (441) 
This family of twins has the remarkable characteristic 
of possessing a common (110) plane of shear with a 
common shear magnitude of 1/(2\ 2). Current inter 
pretation of the shear data demonstrates that the 
sense of each Macroscopic shear vector Is normal toa 


approach of each type of atom 


common direction defining rows of closest 


and atom arrange 
the various twinning planes are 
of the 


ments parallel to 
puckered. Examination of the detailed nature 
structure shows that a family of zonal shears can be 
constructed to describe the specific atom movements 
required for twinning of the various members 

It is worth interjecting here that three-dimensional| 
analyses of the formal localized structural changes 
which occur during the formation of each of the above 
pyramidal deformation twins in close packed struc 
tures have shown that a common kind of structural 
change occurs in each namely al interchange ot octa 


hedral and tetrahedral interstices caused by atom 


movements over saddle points defined by contiguous 
pairs of atoms.* The same is also true of twinning and 
twin faulting on the (111) basal planes of the cubic close 
packed metals and the structurally related cube oxide 
having the spinel structure, Fe,O, (magnetite), as 
well as for twin faulting on the (QOO1) basal planes of 


hexagonal metals, (QOOL) basal twinning and partial 


slip in the structurally related oxides Al,O, and Fe,Qg, 


and pyramidal slip in zine and cadmium 
The various matters discussed in this brief note will 


be amplified in detail in separate publications 


* [nsufficient analysis preclud s any current comment 


the distorted close packed structures of antimony, tin, ¢ 
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| am grateful for having seen a pre-publication copy 


of Westlake’s paper on twinning in zirconium. 


General Electric Research M. L. KRONBERG 


Laboratory 
Sche nectady, New York 
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On the phase transformation of cobalt* 


A lot of work has been done on the phase trans- 
of cobalt 


structure above 417°C to the hexagonal close packed 


formation from the face-centred cubic 


below this temperature. The literature up to 1956 
is discussed by Seeger™.2), More recent papers are by 
Houska et al. who investigated the transformation 
by X-ray diffraction and Votava™ who observed the 
phase transformation by transmission electron micros- 
The 


electron microscope observations. The interpretation 


copy. present paper is also concerned with 


model of the transformation mecha- 
, cobalt. The 


and 


new 


suggests a 
nism. The material observed was 99.99°, 


specimens were thinned by  electropolishing 
observed at room temperature in a Philips EM100 
electron microscope. 

The principle of the phase-transformation, which is 
well known, is a shift of every second close packed 
layer in the face-centred cubic stacking sequence into 
This shift 


oured when, with decreasing temperature, the stacking 


the stacking fault position. becomes fav- 
fault energy in the cubic system decreases until it 


becomes negative, and so the hexagonal phase 
becomes more stable than the cubic. 
mechanism have been proposed for producing this 
shift: dynamical and kinematical ones. By a dynami- 
cal mechanism the energy freed by transformation is 
used to nucleate new loops of partial dislocations 
surrounding a stacking fault, i.e. a new hexagonal 
layer. The difficulty here is that the critical radius 
(for which such a loop would grow by itself) would be 
of the order of several microns, i.e. of usual grain 
dimensions and thus would need a very high energy 
of nucleation. Seeger’s kinematical screw mechanism 


could work in principle but requires a special dis- 
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Geometrical situation of two joining stacking 
faults. 


location arrangement which does not seem to be ver 
probable. 

Here a dynamical mechanism is proposed which is 
not subject to these difficulties. The basic configura- 
tion is the junction of two stacking faults on different 
planes (Fig. 1). If two stacking faults intersect, a 
step is produced in both of them, which needs energy 
formation. 


for its Thus the approaching fault is 


repelled as it runs into the one already present, 
producing a local stress field. Fig. 2 shows possible 


developments of such a configuration. In Fig. 2(a) a 
stacking fault (2) is moving towards a stacking fault 


from (1), or it can join it (Fig. 2b), especially when 


can remain in an equilibrium position away 


kinetic energy and stress are available. Localized 
stress is produced at the intersection. This stress can 
be released by the production of new stacking faults 
(Fig. 2c) limited by partial dislocations of the type } 
[121] or § [211] on (111) planes two layers further on 
and which compensate in part for the shift of the 
type a/6 [112] produced by the first stacking fault. 
Such a new stacking fault, (3) in Fig. 2(¢), may run 
into another fault having any of the other three 
possible orientations and operate the same mechanism 
at the intersection as before, thus creating new faults 
and continuing the transformation. Fig. 2(c) shows 
for simplicity the fault (3) running into another fault 
(4) of the same orientation as (1): however the whole 


has to be considered working on the four possible 


| 
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(111)-plane systems. Also intersections of stacking 


faults can combine with this mechanism (Fig. 
2d’). 
Figure 3 shows features which would be expected 


this 


2b’ and 


according to mechanism. Two systems of 


stacking faults (4) and (B) were present before the 


transformation occurred on a_ third system (() 


Remainders of the systems (4) and (#5) are still 
visible in (A’) and (B’). At (C" 


which would correspond to Fig. 


) a situation is seen 
2(d). Remnants 
of stacking faults which are rows of partial dislocations 
are shown in more detail in Fig. 4 Figure 5 shows a 
case where one grain transformed to the hexagonal 
structure (//) the 
neighbouring grain remained cubic ((’) with a frame- 


whilst the adjoining region of 


Transformed cobalt (see text 


Scheme of possible development of the 


phase transformation 


work of four systems of stacking faults. This happened 


on slow cooling. while the situation after a liquid air 
\n originally cubie grain 
\ forme 


The configuration 


quench is shown in Fig. 6 
transforms to different hexagonal domains 
cubic grain boundary is seen at G 
Fig. 2(a) would explain the fact observed by Houska 
et al. that a part of the reverse transformation from 
the hexagonal to the cubic structure occurs below the 
2) staving at 


transition temperature; stacking faults 


an equilibrium distance from (1) could slowly with 


draw as the stacking fault energy increases on heating 
because of repulsion by stacking fault (1 


The main characteristics of such a mechanism ar 


the following 


(a) The basi configuration of jomed stacking 
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Fic. 4. Remnants R of old stacking faults. 


Fic. 5. A hexagonal (H) and a cubie (C) 
grain join at a grain boundary. 


Fic. 6. Situation after rapid cooling. 
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faults is commonly present in the metal since on 
cooling every dislocation line lying on a glide plane 
extends to a stacking fault. 

(b) A partial dislocation created at the junction of 
two stacking faults would be originally a straight line 
and as such its radius of curvature would in any case 
be larger than the critical radius, which means that 
the stacking fault would grow from the very beginning 
and would not have to overcome the barrier of a 
critical radius. 

(c) The transformation does not have to be con- 
tinuous as for a screw mechanism. Many faults may 
be present and are indeed observed (Figs. 3, 4, 6). 

(d) Not all the material is necessarily transformed. 
In certain parts a framework of stacking faults could 
even stabilize the cubic phase on slow cooling (Fig. 5), 
especially if the framework were narrow so that the 
newly created stacking faults would not be able to 
gain enough kinetic energy before impinging on other 
stacking faults to operate the mechanism. In addition, 
because of the slow cooling, not enough internal stress 
for the 


the 


would be present to compensate lack of 


This 


transformations frequently observed. 


kinetic energy. accounts for imperfect 
(e) If the arrangements were such that a stacking 
fault (3) in Fig. 2(c) would arrive at the crystal surface, 
then the local transformation would stop and would 
require a further process such as in Fig. 2(b) to 
continue because the mechanism depends on finding 
faults such as (4). This would explain the sensitivity 
of the transformation to the particle size which was 
observed by many authors, for example Owen and 

Jones"), 
> 
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Annealing twins and stacking faults in niobium* 


Fourdeux and Berghezan” recently reported 


transmission electron microscope observations of 


stacking faults in niobium. Similar observations were 
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made in the present work, but it was found that the 
stacking faults do not in general lie on {211} planes 
Annealing twins in niobium were also studied and the 
twinning plane was again found not to be the expected 
plane. 

Annealing twins have been observed frequently in 
z-iron and dilute iron alloys,‘ 
211), ie 


i211}. In the present experiments on annealing twins 


the twin axis being 


the coherent twin boundary plane being 


in niobium it has been shown that the twin plane is 
the 310 All the 


examined were consistent with this type of twinning 


twin axis being twins 
and in all but two cases it was possible to show 
unambiguously that the twin axis is (310 

Zone refined niobium was heavily rolled and then 


some 


recrystallized in a vacuum of 10-> mm Hg 


vacuum was not good enough to prevent 


contamination, observable by slight segregation of 


impurities to the dislocations. Twins were observed 
after annealing for 12 hr at 900°C or for | hr at LLOO°C, 
1200°C or 1325°C 

Figure I(a) is a transmission electron micrograph of 
a typical annealing twin. The 
QQ’, RR’, SS’ are on a plane normal to the foil plane 
The diffraction pattern, Fig. 1(b) 
the The solid 
outline the diffraction pattern of the matrix and the 


coherent segments 
was taken across 


twin boundary and broken lines 
twin. 
[O31] giving [113 
that 


transferred 


Both are {113} patterns, [113] twinned about 
l(b) 
diffraction 
the 
marked ¢ on 
RR 


twin boundary plane is (031) 


Fig. has been rotated so 


the 


onto 


can be 
micrograph. The 
the diffraction 


SA". 1.e 


directions on pattern 
directly 
103] 


pattern, is normal to QQ’ 


twinning axis 
the coherent 


The incoherent twin 


Annealing twin boundary in niobiun 


30.000 


7 
= 
2 
Fic. (a) 
| 
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boundary segments P’Q, Q’R, R’S in Fig. l(a) are on 
(512). 
parallel to ¢t, are due to double Bragg reflexion.) 


(The extra spots in Fig. 1(b) lying on lines 


It can readily be shown that if the twin axis is [031], 
incoherent twin boundaries can be formed on planes 
of the type {h31}, {h13}, {h21} or {hl2}. 
twin boundaries were observed experimentally on 
‘O13! and {121!. These 


observations suggest that the interfacial energy for 


Incoherent 


planes of the type {521}, 


twin formation on these planes is low. The presence of 


interstitial impurities may be an important factor 
influencing the misfit energy of these boundaries. 
Stacking faults were frequently observed under the 
same conditions as described above for annealing 
Detailed study of the 
microscopy and selected area diffraction showed that 


twins. faults by electron 
the faults do not in general lie on {211} planes although 
some of the faults do have this orientation. Many of 
the observations are consistent with the assumption 
that the faults are commonly on {310} planes. How- 
ever, if the possibility of high index planes is admitted, 
it is difficult to be certain of the fault orientation. 

Stacking faults were observed only after a high 
temperature anneal. If the niobium is annealed at 
about 600°C, a temperature sufficiently low for no 
appreciable contamination to occur in the vacuum 
system used, no extended dislocations are observed. 
Moreover, the dislocations cross slip frequently as they 
move under the stresses produced by the electron 
beam. The dislocations then leave curved slip traces 
similar to those observed in z-iron, this is shown in 
Fig. 2. The dislocations in pure niobium are therefore 
not dissociated. 


The apparent low stacking fault energy of niobium 


Fic. l(b) Selected area diffraction pattern taken 
across the twin boundary. 
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Curved slip traces in niobium, indicating 


frequent cross slip. 25.000 


after a high temperature anneal is presumably due to 
the segregation of impurities to the dislocations as 
suggested by Crussard™). Segregation to the dis- 
locations was observed in the present work and can 
also be seen on the micrographs of Fourdeux and 
effect 
studies of yielding in body-centred cubic metals, 


Berghezan”). This might be important in 


where different grain sizes are obtained by varying the 
annealing temperature. Unless very pure starting 
material is used and heat treatments are carried out 
ina vacuum better than 10-° mm Hg the conventional 
Petch analysis may be influenced by effects of this 
type. 
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Anomalous electrical resistivity of ordered 
Cu,NiZn at low temperatures* 
Alloys which undergo long range ordering typically 


have a lower electrical resistivity in the ordered state 


4 
2, 
Vol. 9 
\ | \ l. 
\ \ \ 
\ = ' 


SRS TO 


than in the disordered state.“) Hirabayashi) re- 
ported that CuAu, was anomalous in that ordering 
increased the resistivity. Soto® later showed that 
disordered CuAu, had a lower temperature coefficient 
of resistivity than ordered CuAu, in the low tempera- 
ture region so that the curves for the ordered and 
disordered 30-70°K. 
Thus below about 30°K, CuAu, showed the normal 


the lower 


states crossed over between 


behavior with ordered state having the 
resistivity. 

Phillips and Jones found recently that an alloy 
of approximately the Cu,NiZn composition was also 
anomalous in that the resistivity from 300°K up to 
the critical temperature of about 720°K was greater 
in the ordered condition. Cold working decreased the 
resistivity of previously ordered material, presumably 
because it destroyed the ordering. Both of these ob- 
servations were in agreement with earlier work (see 
Ref. 4). The ordered structure in Cu,NiZn has not 
heen determined, but the evidence that long range 
ordering occurs seems overwhelming.‘*:*) 

The purpose of the present note is to report low 
temperature resistivity measurements on the identi- 
cal Cu,NiZn alloy studied previously by Phillips and 
Jones" that the 


anomaly persists at low temperatures, unlike CuAug. 


which demonstrate resistivity 


The specimen was a polycrystalline wire of 0.0762 


CTRICAL RESISTIVITY MICRO OHM—CM 


r 


EL 


50 


TEMPERATURE 


Variation of electrical resistivity with temperature of an 


Fic. 1. 
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em diameter. Chemical analysis showed that it con- 


tained 25.5at.°, zine and 19.0at nickel, the 


balance being copper containing as principle impur- 
manganese and O0.07wt iron 
The 


Two contact leads were spot 


ities 0.25wt.' 
Ref. 4 for full analysis) 


a grooved alumina tube 


(see 
wire was wound onto 
welded onto each end of the wire, namely an oute) 
pair through which the current was introduced and an 
inner pair, spaced 127em, across which the resistiv ity 
was measured on a standard bridge. The sample was 
by to 900°K 
to The 

then measured at room temperature (298°K), 193°K, 
1.2°K 
Temperatures were measured using a chrome—alume! 
The 
the 


ordered heating (in air) and slowly 


cooling room temperature resistivity Was 


77°K (liquid nitrogen) and (liquid helium) 
thermocouple located inside the alumina tube 
193°K 
nitrogen to boil off and the sample to warm up 
the De cell 


was reheated 


temperature was achieved by allowing 


gradually inside war low temperature 


The sample, still on the grooved tube 
held for 


to 


and water quenched to room 
The 

regained its original resistivity on warming up to room 
atter 


to S73°K 40 min 


temperature disorder _ it resistivity was 


measured at 298°, 187°, 77° and The sample 


temperature. Chemical analysis of the wir 


several repeated treatments at 600°C: showed no 


appreciable change in composition 


COOLED FROM 900 °K TO 
460 °K AT ABOUT 120°K/hr 
ORDERED 


AS A. BUT REHEATED FOR 

40 MIN. AT 873 °K AND 

WATER QUENCHED 
DISORDERED 


| 


200 25 


°K 


300 350 


alloy of approximately Cu,NiZn composition in the ordered and 
disordered condition, 


977 
ol. 9 
A 
32 
30 
29 
26 
0 |_| 100 || 
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The results (Fig. 1) showed that although the 
temperature coefficient of resistiv ity in the disordered 
state was less in the range from 300° to 77°K than in 
the ordered state, the curves did not cross over at low 
temperature. The residual resistivity of the ordered 
material was 2.6 wQ-cm higher than that of the dis- 
material (26.4 3elow the 


ordered 
temperature coefficients in the two conditions were 
almost identical 

The observations of a higher residual resistsnce in 
the ordered state might be due to a decrease in the 
effective number of electrons associated with a split- 
ting of the Brillouin zone during ordering'® and to the 
presence of antiphase boundaries. or to the latter 
phenomenon alone. It does not appear likely that the 
manganese, iron and other trace impurities present 
would be responsible for the anomaly, although it 


would be desirable to repeat the observations On a 


high purity stoichiometric Cu,NiZn alloy. The ordered 


structure in the Cu,NiZn alloy is currently being in- 


vestigated by neutron diffraction techniques‘ 


The author is indebted to L. Riccardi who made 


the resistivity measurements 
V. A. PHILLIPS 
General Electric Research Laboratory 


Schene ctady. New York 


References 
1. C. S. Barrerr, Structure of Metals p. 289. MeGraw-Hill, 
New York (1952). 
M. Hirapayasui, J. Phys. Soc., Japan. 6, 
3. H. Savo, Phys, Rev. 106, 674 (1957). 
V. A. and R. B. Jones, Trans. Amer. Soc. 
53. 775 (1961). 


D. Brauas, R. 


129 (1951). 
Vetals 


HosEMANN, A. KURSMANN, F. Morzkus and 
H. WoLLENBERGER, Naturwissenschaften 47, 81 (1960). 

Phys. Rev. 84, 179 (1951). 

\. and B. W. Roserts, unpublished results. 


6. J. 
Vis 


Received May Ll, 1961. 


X-ray study of order in CuAu, alloys 


Conclusive evidence for long range order at the com- 
position CuAu, was first obtained by Hirabayashi", 
although weak superlattice lines had been observed by 
Recent measurements 
the dis- 


Johansson and Linde) in 1936. 


of lattice parameters"), 6) 


resistivity and 
appearance of superlattice lines as the temperature 
increases‘” all give a critical temperature, 7',, of 190 
200°C. 

Unlike Cu,Au, sharp superlattice lines cannot be 
obtained for CuAu, where a limiting value for the size 
of antiphase domains appears to be ~50 A. 

Alloys containing 65, 69, 75 and 80 per cent Aut 


were prepared from 99.95 per cent copper and gold by 


+ All compositions are in atomic percentages. 
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melting in evacuated silica tubes, shaking vigorously 
and water quenching. Weight losses were negligible. 
Filings, from ingots homogenized for 2 weeks at 600°C, 
were quenched from 450°C and annealed (see Table 1). 
Previous work :® indicates that these treatments will 


give equilibrium conditions. 


TABLE lI. Time in hours of the equilibration treatment tor 


gold—copper alloys previously quenched from 450° 


Temp( C 
180 150 


12] 500 L700 


500 L700 
Q4 


L700 


500 L700 


Lattice parameter measurements were made in a 
11.46-cm Debye-Scherrer camera with Cu-radiation 
_Q.Q00L A was obtained. For 


domain size and degree of order measurements filtered 


when a consistency of 
Cu-radiation was used. To reduce air scattering the 
5.73-cm Debye—-Scherrer camera was evacuated to a 
pressure of less than 1 mm Hg. 

The changes in lattice parameter with equilibration 
temperature for the four alloys are shown in Fig. 1: 
7, is taken as the point of inflexion of the curves. 
It is possible to obtain a value of 7’, of ~0°C for the 


80°,, alloy by assuming that the lattice contraction 


Fic. 1. Variation of lattice parameter with equilibration 

temperature for gold—copper alloys. Numbers at right 

hand side of curves indicate lattice parameter after 
quenching from 450°C, 
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— JM Cowley 
Rhines,Bond Rummel 
4 Present work 


Temperature, 


At % Au 


Fic. 2. Comparison of Cowley’s theoretical curve 


with some of the available experimental data. 


would be of the same magnitude and over the same 


temperature interval as for the 75°, alloy. 


(3) 


In Fig. 2 are plotted Cowley’s theoretical pre- 
diction of the variation of 7’, with composition along 
withsome of the available experimental determinations. 
There is now abundant evidence that the relationship 
Vy lO V, 


nearest neighbour interaction energies, respectively—is 


where V, and V, are first and second 


correct for CuAu, and Cu,Au alloys. 

As only film technique with filtered radiation was 
available it was found that domain size and degree of 
order measurements could only be made for the 65° 


alloy. The degree of order, S, was obtained by com- 


paring the intensities, corrected for geometrical and 
Honl factors, of the (100) and (110) superlattice lines 
The values of S at 


1.05 from (110) line: 


with the (111) fundamental line. 
IsO°C are 0.98 from (100) and 
the alloy is fully ordered. 

the 


A measure of the domain size, D, is given by 


equation 


where / is the wavelength, 6 the Bragg angle and / thi 
B2 — 
breadth of the line and 4 the instrumental broadening, 
breadth of a 


broadening, and p* where B is the integral 


which was taken as the fundamental 
line in the same @ range. 

The (100) and (110) lines gave identical values for 
D of 50 5 


500 hr at 180°C or 312 hr at 190°C. 


A after quenching from 450°C followed by 


This agrees with 
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all previous determinations of the domain size in CuAu, 
alloys. 
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Effect of cold work upon order in 


Au.Cu alloys* 
X-ray study of Cu—65 to 80 at Ay 


where the 65 and 


During an 
alloys, 75 alloys ordered, « 
mencing with the material either quenched from 450°¢ 
or as cold worked filings, the following was observer 

(1) Order commences, as denoted by the appeara 
of superlattice lines, at the same time for both the « 
worked and quenched specimens that is, after 40 
s than 15 min ; 


s beha 


at 175°C for the 75°,, alloy and in | 


190°C for the 65 allov. Thus both specime 


as if thei vacaney concentratio! 


cause it is known that the highe r the 


tration the faster is the rate of ord ring 


(2) The cold worked 65 per cent 
iuntiphase domain 


an increase in th 


to the quenched specimen, from 50 


treatments of 500 


This 
Possible 


identical ordering 
312 hr at 190°C 
Au 


servations could be 


not 


alloy explanations 


as follows 
show that the 


(a) Schoeck and Tiller™? have 


interaction between vacancy and dislocation exter 


and 


~1OA around the dislocation, where 


a radius of 


the interatomic distance. Vacancies nearer than 


will move in direct path to the dislocation 


400} 
| 
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300 } 
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| 
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be annihilated, while vacancies further away move to- 
wards the dislocation, because there is a vacancy con- 
centration gradient, by a path that is nearly random. 
Therefore the ordering process will be controlled by the 
nearly randomly moving vacancies with little contri- 
bution from those experiencing an elastic interaction. 

Although there are a large number of vacancies, 
~10~4 per cent, in the cold worked specimen, they 
are less effective in the process of ordering as they are 
within 10+ (40 A) of the dislocations (~100 A apart) 
for most of their lives. The fewer vacancies in the 
quenched specimen move in a nearly random path to 
order a large 


the dislocations and. while doing so, 


number of atoms. Thus the agreement in ordering 
kinetics for the two specimens could be due to a bal- 
ance between many, relatively ineffective, and few, 
very effective vacancies. 

(b) Hirabayashi has shown that a Au,Cu alloy 
quenched from 450°C forms many nuclei when ordered 
at 180°C which grow only until they come into contact, 
after which the degree of order within the antiphase 
maximum anti- 


domains increases. He observed a 


phase domain size of ~44 A. As there is no domain 


growth in these ailoys the initially cold worked sample 
must have contained fewer ordering nuclei than the 
initially quenched sample. Stable nuclei will form 
when a sufficient number of atoms are in the correct 
atomic configuration. In the cold worked sample this 
will occur where the motion of the vacancies is most 
random, that is, at the center of the dislocation net- 
work where the vacancies are experiencing little or no 
elastic attraction to the dislocations. This indicates 
that the domain size of the filed sample is a measure 
of its dislocation density. The calculation gives the 
reasonable value of 1.5 « 10! lines per cm® for the 
dislocation density. 
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Study of sub-structures of the martensite 
in Fe—Ni alloy by means of transmission 
electron microscopy* 

The present authors have studied the sub-structure 
of a martensite crystal using a thin foil which was 
made by electrolytic polishing from a transformed Fe 
30.64°,, Ni alloy. They observed various kinds of fine 
structures. In the first paper,” however, they repor- 
ted only on long fine bands. Since each of the bands 
consisted of a few lines it was suggested that the fine 
bands were due to stacking faults. Afterwards it was 
found by selected-area electron diffraction that those 
stacking faults were twin faults, as in the case of the 
the foil state of the 


specimen.) Besides the long fine bands, the most 


martensite transformed in 
prominent features are short bands, which looked like 
parallelograms bounded by two edges. The present 
note deals with these structures. Fig. 1 is an example. 
Figs. 2 and 3 are selected-area electron diffraction pat- 
terns taken of the framed areas a and b, respectively, in 
Fig. 1. From the analysis of these patterns, it was found 
that the region in the dark parallelogram had a twin 
relation with (112) to the bright matrix, both being 
body-centred cubic. The twin relation was also directly 
confirmed by observing the reversal in contrast in the 
dark field image which was taken by using an encircled 
twin spot in Fig. 3. Thus the dark parallelogram in- 
dicates the existence of the thin twin plate. From the 
correspondence of the micrographs to the diffraction 
patterns it is found that the edge * is coincident with 
the projection of the direction of a twinning shear onto 
the foil plane, while the edge ‘ which is the surface 
trace of the twin plate does not exactly coincide with 
the surface trace of the twinning plane. On consider- 
ation of this fact together with the non-straightness of 
the edge i it is probable that the parallelogram is a 
section of the ribbon-like twin plate which is, roughly 
speaking, parallel to the twinning plane and whose 
length direction is the direction of the twinning shear, 
as in the case of long fine bands and that each of the 
ribbons consists of a row of small slices shifted along 
some planes such as other stacking fault planes and 
the the 


In fact some of the parallelograms 


consequently interface is deviated from 
twinning plane. 
had fine straight striations, which seemed to corre- 
spond to the planes along which small slices of the 
twin ribbon glided. Therefore it is probable that 
there are many deformation faults within the thin 
twin plates. 

The parallelograms described above resemble closely 
those found by Richman et al.), who considered them 
as embryos of the martensite. According to the present 


results, the parallelogram found by them will also be 
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Fic. 1. Transmission electron micrograph showing parallelograms (twin bands 


Fic, 2. Electron diffraction pattern taken of area a in 
Fig. 1. showing a b.c.c. crystal only 
Incident beam || | 113 |p 


merely a sectional feature of the twin plate in the form 
of a ribbon. 
The details will he described in the J Phys. Noc. References 
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A note on the freezing range of the 
equiatomic Ag-Au alloy* 


In several papers reference has been made to the 
fact that, in spite of the extreme simplicity of the 
Ag—Au equilibrium diagram, and the almost identical 
atomic diameter of the two metals, the freezing range 
of the equiatomic alloy as indicated by the published 
data". is many times greater than would be expected 
for a system involving ideal solid and liquid solutions. 

To examine this point, an experiment has been 
carried out with a 59 g ingot of equiatomic alloy made 
from high purity metals. The liquidus point was deter- 
mined by a cooling curve using all the precautions 
customary in this laboratory. After solidification the 
ingot was annealed for } hr a few degrees below the 
solidus point, which was then established accurately 
by means of a heating curve. The values obtained were: 
liquidus, 1032.5°C 
1.7°. The liquidus point agrees with that in the Hansen 


solidus, 1030.8°C; freezing range, 


equilibrium diagram, in which the freezing range is of 
the order 10°C. The value calculated by Wagner? is 
1.3°C. and is thus in good agreement with the present 


experimental value, since the error of the experimen- 


tal method tends to give too low a solidus point if 


any slight unevenness of composition persists. 


C. J. CoOKE 
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Oxford University 
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Precipitation of niobium carbide on 
dislocations in austenite* 


Direct observations have been made of the mode of 


precipitation of niobium carbide in an austenitic steel 
by examination of thin metal foils in the electron mic- 
roscope. The steel composition was 18 Cr/12 Ni/INb 
and contained 0.08 per cent C. In steels of this type 
there is a strong tendency for NbC to form owing to 
the high affinity of niobium for carbon, and at room 
temperature the solubility of NbC in the austenite is 
The solubility increases only slightly 
but 


very limited. 


with temperature up to about more 


rapidly above this temperature, so that at 1250°C 
about 0.3 at.°, Nb may be present in solution.“ After 
high temperature solution treatment followed by 
rapid cooling, a supersaturated solution is formed, 
which, on ageing, can decompose to give a precipitate 


of NbC. 
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It has recently been shown that the mode of precipi- 


tation is profoundly affected by 


whether applied at room temperature before ageing or 
at the Electron 


studies using carbon extraction replicas have shown 


ageing temperature. microscope 


that as a result of deformation fine niobium 


carbides are precipitated within the grain, whereas 


very 


without prior deformation precipitation is very sparse. 
This led to the suggestion that dislocations were 
acting as nucleation sites. 

More detailed knowledge of this process has been 
obtained by examination of thin foils in transmission 
in the electron microscope. It is the purpose of this 
note to report some of the preliminary results of this 
work. 

Thin foils were prepared by rolling specimens to 
approximately 0.015 in. thick, solution treating at 
1300°C and, after 3 per cent deformation in tension, 
ageing for various times at temperatures between 
650°C and 950°C. Thinning was carried out by electro- 
polishing in an orthophosphoric sulphuric acid bath. 
The thin foils produced were examined in a Siemens 
Elmiskop I electron microscope using an electron 
acceleration voltage of 100 kV. 

Figure | is a transmission electron micrograph of 
foil, 16 hr at 650°C. This 
micrograph shows the early stages of precipitation of 


NbC and confirms that this takes place on dislocation 


a thin heat treated for 


lines. The precipitates were apparently continuous 


along the line of the dislocation with bumps at 
intervals of 200-400 A. 


tate was also evident in diffraction patterns taken 


The presence of the precipi- 


Fic. 1. Precipitation of NbC on dislocations in 
18/Cr/12Ni/INb steel aged for 16 hr. at 650°C. 
Thin foil. 40,000 


gx? 
Vol. 9 
| 


Fig. 2. Selected area electron diffraction pattern showing 
orientation relationship NbC 
austenite (see text). Specimen aged for LOO hr. at 650°C, 


between and parent 


In addition to the 


diffraction spots derived from the austenite, weak 


from selected areas of the thin foils. 


diffraction spots were visible due to the NbC precipi- 
tate. The the 
precipitate formed a single crystal type of pattern 


diffraction spots derived from 
which had a unique orientation relationship with 
respect to the austenite pattern. As well as the NbC 
spots derived from the zero order beam, spots were 
also present due to beams diffracted by the austenite 
As ageing proceeds the intensity of the NbC dif- 


fraction spots increases. Fig. 2 shows a diffraction 


pattern of a foil aged 100 hr at 650°C. The austenite 


spots form a |112] zone and the spots due to NbC are 


clearly visible. 
In addition to precipitation on dislocation lines, par- 


Fic, 3. Parallel rows of precipitates of NbC in 18C1 
12Ni/INb steel aged for 100 hr. at 650C’. 
Thin foil. 80,000 
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I2ZNi/INb ste 


1O.000) 


in 


Thin foil 


Fic. 4 


aged for 6 hi 


Precipitates of 


at 


were observed In certain 


allel 


regions of the austenite as shown in Fig. 3 


rows of precipitates 
The occu 
rence of this form of precipitate was not as frequent as 
precipitation on dislocation lines. The particles appeat 
in some cases to have precipitated in the form of rings 
or loops whilst in others the general appearance is of 
small spherical particles. It is suggested that precipi 
tation is occurring on dislocation loops formed either 
during straining or by the condensation of vacancies 
The apparently spherical particles may possibly b 
unresolved loops In the case of this form of precip 
tation also, there was a unique orientation relationship 
between the precipitate and the austenite matrix and 
this was the same as in the case of precipitation on 
dislocation lines 


The relationship was found to be 
(OOL) (OOL)., 
LOO} LOO}, 


cells 


strong 


in other words the two face-centred cubic unit 


are identically orientated. This is taken as a 
indication of coherency in the early stages of growth 
However, due to the large mismatch of about 20 per 


the NbC and 


unlikely that coherency would persist beyond the very 


cent between austenite lattices, it is 
early stages of growth 
Ageing for 6 hr at 


appearance of the precipitates as shown in Fig. 4. In 


950°C causes a change in the 
addition to the precipitates on dislocations, there is a 
copious precipitate of NbC not apparently associated 
with dislocation lines. These precipitates show well 
defined crystallographic forms in contrast to the ill 


defined bumps observed on dislocation lines at 650°C 


LETTERS 983 
| 
ZS: 
4 


O84 ACTA METALLURGICA, 


Spotty rings due to NbC, in addition to austenite spots 
and a single crystal type of NbC pattern have occasion- 
ally been observed in the diffraction patterns. This 


suggests that some at least of the NbC particles have no 


apparent orientation relationship with the matrix. All 


foils were thoroughly washed after preparation to 


attempt to eliminate any extraneous diffraction 


effects which might occur from any NbC particles 
freed by dissolution adhering to the surface of the 
foil. 


possibility can be completely eliminated. 


However further work is necessary before the 


The results reported were obtained during the course 
of a programme of work carried out to investigate 
the cause of heat-affected zone cracking of austenitic 
steels. The authors are grateful to the British Welding 
the welding of 


Research Association committee on 
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chromium nickel austenitic steels for their help and 
support, and to Mr. C. Humphries for his assis- 
tance with the experimental work. They would also 
like to thank Professor J. Nutting for helpful discus- 
sions and Mr. H. F. Tremlett and Dr. R. Weck for 
their interest and encouragement. 
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THE INFLUENCE OF PLASTIC DEFORMATION ON THE TRANSVERSE 
MAGNETORESISTANCE OF POLYCRYSTALLINE COPPER, 
SILVER AND GOLD* 


P. JONGENBURGER 


The transverse magnetoresistance of annealed and of plastically deformed wires of copper, silver and 
gold was measured at 20°K and 14°K. When the results are plotted in a Kohler diagram, the deformed 
material yields a curve which is in general shifted with respect to the curve for the annealed metal. This 
shift is shown to be temperature dependent; both positive and negative shifts have been found 

In many cases recovery at temperatures below 150—200°C only has a small influence on the position of 
the curve; it returns to its original position, however, upon annealing at sufficiently high temperature 
We therefore assume that the shift is caused by the dislocations present in the deformed metal. In silver 
the recovery stage at 120°C causes an additional shift, which seems to be independent of the tempera 
ture in the region investigated; this effect also disappears upon annealing 

Probably the shift can be explained by considering the anisotropic scattering of the conduction 
electrons by dislocations; a satisfactory theory, in particular concerning the temperature dependence, 


has not yet been found, however. 


LCINFLUENCE DUNE DEFORMATION PLASTIQUE MAGNETORESISTANCE 
TRANSVERSALE DU CUIVRE, DE L:ARGENT ET L POLYCRISTALLINS 


L’auteur a mesuré a 20°K et 14°K la magnétorésistance transversale de fils de cuivre, d'argent et d'or 
recults, puls déformés plastiquement. En portant les résultats dans un diagramme de Kohler, o1 
observe que le matériau déformé donne lieu & une courbe qui est en général déplacée par rapport a la 
courbe du métal recuit. L’auteur montre que ce déplacement dépend de la température. Il a observé des 
déplacements positifs et négtifs. 

Dans de nombreux cas, un traitement thermique a une temperature au-dessous de 150-200 ¢ 
qu'une faible influence sur la position de la courbe; celle-ci revient cependant a sa position primitiy 
apres un recuit & une température suffisamment élevée. L’ auteur en conclut que le déplacement observ 
est du aux dislocations présentes dans le métal déformé. Dans le cas de argent, un traitement a 120°¢ 
conduit a un déplacement additionnel de la courbe, déplacement qui semble indépendant de la tempéra 
ture dans le domaine de températures étudié; cet effet disparait également par recuit 

Il semble que le déplacement de la courbe puisse s’expliquer par le fait que les dislocations pro 
voquera ient une dispersion anisotrope des électrons de conduction Il n’existe cependant pas encore ce 


théorie satisfaisante, en particulier au sujet de la maniére dont le phénomeéne varie avec la température 


EINFLUSS PLASTISCHER VERFORMUNG AUF DIE TRANSVERSALE MAGNETISCHE 
WIDERSTANDSANDERUNG VON POLYKRISTALLINEM KUPFER, SILBER UND GOLD 

Die transversale magnetische Widerstandsaénderung von gegliihten und von plastisch verformter 
Drahten aus Kupfer, Silber und Gold wurde bei 20°K und 14 K gemessen agt man die Ergebnisse 
in einem Kohler-Diagramm auf, so ergibt das verformte Material eine Kurve, die im allgemeinen 
gegeniiber der Kurve des gegliihten Metalls verschoben ist. Diese Verschiebung hangt von der Tem 
peratur ab, sie kann positiv wie negativ sein 

In vielen Fallen hat Erholung bei Temperaturen unter 150 bis 200°C nur geringen EinfluB auf dis 
Lage der Kurve; nach Gliihen bei geniigend hohen Temperaturen kehrt sie jedoch zur Ausgangslage 
zurick. Wir nehmen daher an, daB die Verschiebung von den Versetzungen im verformten Metall 
herriihrt. Bei Silber bewirkt die Erholungsstufe bei 120°C eine zusatzliche Verschiebung, die von der 
Temperatur im untersuchten Bereich anscheinend nicht abhangt; auch dieser Effekt verschwindet 
bei Anlassen. 

Vermutlich 1laBt sich die Verschiebung durch die anisotrope Streuung der Leitungselektronen an 
Versetzungen erklaren; eine befriedigende Theorie, insbesondere fiir die Temperaturabhangigkeit 


wurde jedoch noch nicht gefunden. 


APPARATUS AND MATERIAL without removing them from the tensile machine and 


The experiments were carried out in a small tensile the surrounding liquid hydrogen bath; for warming 


testing machine in which the wires could be deformed up to the recovery temperature a time of 1-2 min was 


at liquid hydrogen temperatures. A special con- needed; after heat treatment, hydrogen temperature 
struction with a small furnace enabled us to subject could be reached again in about 1 min. During 


the wires to a heat treatment between 20° and 200°C heat treatment. the wire itself was used as a resistance 


thermometer 
* Received March 4, 1961. The copper, silver and gold were supplied by 
+ Philips Research Laboratories, Eindhoven, Holland. ; 
Now at Technical University, Delft, Holland. Messrs. Johnson and Matthey; the residual resistivity 
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could be accounted for by assuming an impurity level 
of about 2-10-3 per cent, which agreed fairly well with 
the spectrochemical analysis given by the suppliers. 

In our first experiments the diameter of the wire 
was 0.5mm; in order to increase the accuracy of the 
resistance measurements we soon decided to use a 
smaller diameter. We could not go very far in this 
direction, however, because we wanted a very large 
number of irregularly oriented crystals to be present 
in the sample, so as to find a correctly averaged value 
of the 
themselves should be an order of magnitude larger 


magnetoresistance. Moreover, the crystals 
than the free path of the conduction electrons, which 
is about 1 w in our case. We therefore thought that a 
reasonable compromise could be reached by using 
crystals of 10-20 uw and a wire diameter of 0.2 mm. 
After drawing from 0.5 mm to 0.2 mm, the wires were 
annealed for } hr at 600°C, while hanging free in high 


vacuum. This produced the desired grain diameter; 


by X-ray diffraction it was shown that texture, if 


present, was very small. The measured length was 
8 cm in the first experiments, but later we took only 
4 cm. 

In our first experiments we used soldered potential 
wires; sometimes this caused difficulties. Therefore 
in later experiments the parts of the wire projecting 
from behind the jaws of the tensile machine were 
used as potential leads, the measuring current flowing 
through the jaws as before. To keep the length of the 
wire sufficiently well defined, it was necessary to use 


very short jaws in this case. These jaws made rather 


deep impressions in the wire, and no evidence of 


slipping through the jaws was found. Of course a 
small error is introduced in this way, but the results 
turned out to be much more reproducible than before. 
It is well known, that the recovery of the electrical 
resistance after plastic deformation occurs in several 
stages which in the case of copper, silver and gold are 
situated at approximately —100°C (stage I1)*, 0°C 
(stage III), 120°C (stage IV) and 200-400°C (stage V), 
differing slightly for the three metals mentioned, 
however. The interpretation of the stages still presents 
difficulties, but most workers in the field will agree 
when the stages II, III and IV are attributed to the 
migration and disappearance of point defects or 
clusters of them, and stage V 
dislocations (polygonization and recrystallization). 
Sometimes, when the metal is very pure and the 
deformation is large, the temperature at which stage V 
occurs is lowered so much that stage V overlaps stage 


IV; this sometimes happened in our silver sample. 


* Stage I only occurs in irradiated metals at very low 


temperatures (about 20°K), 


to the movement of 
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The cryostat with the tensile machine was placed 
The 
diameter of the pole-pieces was 10 cm, their distance 
was 7em. With this 
field strength of about 21-10% Oe could be reached; 


the homogeneous part of the field was of sufficiently 


between the poles of an Oecerlikon magnet. 


arrangement a maximum 


large dimensions to accommodate the wire even when 
The 
the 


extended by about 40 per cent. arrangement 


only permitted measurements of transverse 


magnetoresistance. 


THE EXPERIMENTS 
The increase Ap of the normal resistivity (H 0), 
caused by plastic deformation, was measured for each 
wire at 20°K as a function of the extension e. For 
deformations exceeding 2 per cent we always found, 
in accordance with older measurements, Ap c 
1. The results of the magneto- 


where n is about 


resistance measurements were always plotted in a 


Kohler diagram. The ordinate is the relative change 
Ap/p, of the resistance of the wire caused by the 


magnetic field, the abscissa is the reduced field 
strength H/p,), where H is the field strength and py 
the resistivity of the wire when the field is zero. It 
should be remarked, that H/p,) is proportional to l/r 
for free electrons, where / is their mean free path and 
r the radius of their cyclotron orbit, the proportion- 
ality constant depending on the electron density, thus 
being different for copper, silver and gold. 

According to Kohler™ the curves found should be 
approximately independent of the temperature and 
the purity of the metal; theoretically this can be 
derived, assuming an isotropic relaxation time. In 
our preliminary experiments we found indeed that a 
very pure and a less pure copper, differing by a factor 
of 10 in impurity content, well annealed, and measured 
at 20°K, yielded Kohler curves which matched each 
other very well. 

Now it is that 
locations on electrical resistivity can only be described 


well known the influence of dis- 
by an anisotropic relaxation time. So in the presence 
of dislocations the main assumption in the derivation 
of the Kohler rule is invalidated. We therefore hoped 
to find deviations from this rule when we introduced 
dislocations by plastic deformation. 

This was clearly demonstrated to be the case by our 
first experiments®) on copper at 20°K (Fig. 1). At 
low relative field strengths the plastic deformation 
caused an upward (positive) shift of the Kohler curve; 
this shift increased with deformation in the investi- 
gated region. For comparison a measurement was 
performed on a sample which was deformed by wire 


drawing from 0.5 down to 0.2 mm diameter at room 
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Magnetoresistance of 


copper at 20°K 


610°? Bom 
d=0.20 mm 


5.1 
0.2 
15.3 
€=20.4 
€=25.4 
Cold-drawn at room 
temperature from 
0.5-0.2 mm diameter 


500 
He, kOersted/z 


Magnetoresistance of annealed and plastically 
deformed copper at 20°K. 


Fic. 1. 


The 


figure clearly shows that the shift is much smaller at 


temperature. It showed a still higher shift. 
high relative field strengths, that is, when //r is large 
In this case the electron can cover a large are on its 
cyclotron orbit between two successive collisions, and 
we suppose that in this way the effects of the aniso- 
tropic relaxation time are smeared out or averaged. 
Therefore Kohler’s rule is obeyed fairly well at high 
relative field strengths, but violated at lower ones. It 
seems from Fig. 1, however, that after very severe 
deformations the shift should still be observable at 
rather high values of //r; this could not be investigated 
because of our limitations in field strength. 

In Fig. 2 an experiment on another copper wire at 
20°K is shown. The elongation of 22 per cent produced 
a large positive shift as before. But recovery treat- 
70°C (between stages II and III), at 
IV) and at 192°C 


(between stages LV and V) only caused minor changes 


ments near 


20°C (between stages III and 
in the position of the curves, although after the last 
heat treatment the ordinary resistivity had fallen to 
about 50 percent of the value immediately after 
deformation. But annealing at 300°C (halfway stage 
V) produced a large negative shift towards the original 
position. Here this experiment had to be stopped, 
but runs with other wires have shown that by anneal- 
ing at 600°C (well past stage V) the curve returned 
exactly to its original position. We have shown then, 
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that the shift is produced when we introduce dis- 
locations by plastic deformation: that the shift does 
not change appreciably during recovery, when only 
point defects are disappearing and the dislocations 
that the shift is 


dislocations by 


and 
the 
the 


do not change very much; 


remove 
that 


when we 
We 


indeed responsible for the shift.* It 


suppressed 


annealing conclude dislocations are 


must be said, 
however, that the minor changes in the position of 
the after 
ignored. Asa matter of fact (Fig. 2), recovery between 


curves recovery cannot be completely 
stages II and III gives a small positive shift which 
remains unchanged in the higher recovery stages and 


Chis 


could be explained by assuming that in stage IT small 


only disappears when annealing in stage V 
changes occur in the position or the environment of 
the dislocations in such a way that a small shift is the 
result. The direction and the magnitude of the main 
shift 
Bueren’s theory developed in his thesis, 


well by van 


3) 


could be explained reasonably 


based on 
the anisotropic scattering of the conduction electrons 


by dislocations. However, difficulties arose when 


other metals were investigated. In the case of gold 
shift. 


here the shift 


at 20°K we also found a caused by plastic 


was in the 


the results 


deformation (Fig. 3), but 


downward (negative) direction. In Fig 


= 22%, 
62229 
+—— €=22 %, 
€ = 22 %, 


0.0 10 L 2 5c 


lo, k Oersted/a cm 

2. Magnetoresistance 

deformed and recove 


* The shift is certainly caused by the introduction 


cations; one 
Kohler curve, the 


might ask, however: which is the mors 
for the annealed stat« 


State 


curve 
deformed 
point 4, 


mental 
curve for the Indications aré 


that the latter 


severely 
advanced in the Discussion, 


bility must not a priori be 


possi 


excluded 
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H/p,, k Oersted/aJ2cm 


3. Magnetoresistance of annealed and plastically 
deformed gold at 20°K. 


of annealing and recovery experiments are given (this 
time on linear scales). The deformation produces a 
shift. 
recovery at 20°C (between stages III 


large negative The position of the curve is 
unchanged by 
and IV) and at 200°C (between stages IV and V), but 
600°C the 


original position. So we must conclude, as in the case 


after annealing at curve returns to its 


of copper, that the effect is due to the presence of 


dislocations. The negative sign of the shift, however, 
is quite remarkable. 

The results on silver at 20°K were disappointing; 
the shift 
virtually zero, it was so small that it could not be 


produced by plastic deformation was 


measured reliably. The shift being zero, we decided 


that it was unnecessary to investigate the influence of 


recovery on the shift. (Later on this decision proved 
to be false, however.) 

Having proceeded so far, we hoped to solve at 
least some of the difficulties encountered by extending 
our measurements to 14°K, the triple point of hydro- 
gen. Hitherto, as far as we know, the only calculations 
on the anisotropic scattering of electrons by dis- 
locations have been based on the static displacements 


of the atoms near the dislocation. It seems reasonable 
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to suppose, however, that these atoms do not vibrate 


isotropically, but that they have preferential directions 
of vibration which might cause a scattering anisotropy 
of the dislocations differing appreciably from the 
anisotropy due to the static displacements, on which 
van Bueren’s calculations were based. The conse- 
quence of this point of view is that the anisotropy of a 


We 


assumed that copper, silver and gold could only yield 


dislocation might be temperature dependent. 


comparable results when they were measured at equal 
T'/6, where 6 is the Debye temperature. In Table 1] 
the approximate values of 7'/@ for copper, silver and 
gold at 20°K and 14°K are given. If our assumption 
is correct, than the behaviour of gold at 14°K must 


TABLE 1. Values of 7'/6 


0.06 0.09 


0.04 0.06 


k Oersted/u2cm 


plastically 


20°K. 


Fic. 4. Magnetoresistance of annealed, 
deformed, recovered and re-annealed gold at 
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bear some resemblance to that of silver at 20°K, and 
silver at 14°K must give about the same results as 
copper at 20°K. 

14°K yielded 
the 
shift in the Kohler diagram, though not zero, was 
20°K. No 


The experi- 


Our first experiments on gold at 
results which at least showed the correct sign: 
much less negative than at recovery 
measurements were made in this case. 
ments on copper at 14°K gave the same shift as those 
at 20°K; 


be considered to be independent of the temperature 


from this we concluded that the effect can 


at sufficiently low values of 7/6. 

In Fig. 5 the results on silver at 14°K are shown: 
indeed a large positive shift is produced by a plastic 
deformation of 27 per cent. A remarkable fact is the 
very large effect produced by recovery at 20°C; it has 
been shown, by separate experiments, that this effect 
also occurs after deformation at 20°K and is mainly 
produced in stage II; its sign seems to be temperature 
independent. The recovery experiments at 158°C and 
193° give some difficulties here; one might conclude 
that the shift completely disappears by recovery in 


stage IV. After finishing the experiment it turned 
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out, however, that the wire was completely softened; 
so we had to conclude that in this heavily deformed 
very pure silver the annealing temperature was so low 
that stage V was centred at about 150°C, thus com- 
IV. To 
performed a more detailed recovery experiment after 
The 


curves to be 


letely obscuring stage revent this, we 


a deformation of only 13 per cent resulting 


Kohler diagram contains too many 
shown here, but the results are summarized in Fig. 6, 
where the values of Ap/p, for a fixed relative field 
H Po 250 k Oe uQ2 cm 


together with the changes Ap of the ordinary resis- 


strength of are given, 


tivity. Now stages IV and V are distinctly resolved, 
and it is clearly seen that the shift disappears in stage 
V, as in all previous cases 

Table 2 


given for a 


Some of the results are summarized in 
The Ap Po 


relative field strength h, corresponding to //) 


resistivity changes are 
1 
6 


(ho 230 kOe/uQ2 cm for copper and 160 kOe/uQ em 


for silver and gold). Values are given for the annealed 
state 0), 


recovery in stages II, III and LV, and after annealing 


for the deformed state (¢ €y), after 


in stage V. 


k Oersted/ai2 cm 


5. Magnetoresistance of annealed, plastically 


deformed and recovered silver at 


14°K 


= 
| | Sip 
Fic, 
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Recovery- meosurements 
Recovery-time: 5min at each point 


ot 250 k Oersted/u Bem 


00 


100 


Recovery-—temperoture, 


Changes in ordinary resistance and in magnetoresistance, both measured at 14°K in 
silver, caused by recovery at different temperatures. 


TABLE 2 


Meas. 
temp. 
(°K) 


Metal 


and &, 


20 


14 


Ap! po at ho (%) 


This value would be found if stage V did not overlap stage IV. 


For this table we used the results on some rather severely deformed wires; the available series of measurements were not 
always complete, however. The figures between angular brackets are estimated values, based on experiments on other wires of 


the same material. 
DISCUSSION 
In conclusion, we wish to state the following points: 
(1) At a fixed, sufficiently low value of H/pp, 
plastic deformation causes a shift in the magneto- 
resistance Ap/p,); this shift is temperature dependent. 
For the metals and the temperature range which were 
the subject of this work it seems that similar effects 
occur for equal values of 7'/0. 
(2) The recovery measurements have shown that 
the effect the 


removed by annealing. 


disappears when dislocations are 

(3) In silver the recovery stages II and III have a 
large, approximately temperature independent in- 
fluence; this might be caused by changes in the dis- 
locations or their environment during the stages, as 
they only disappear with the main effect in stage V. 
It is not clear why these effects are not found in 
copper and gold. 
can the dis- 


dislocations (‘‘extended’”’ or not), or 


Do they have different kinds of 


locations in silver for some reason or another absorb 

or lose point-defects easier than in copper or gold? 
(4) The Table 2, the 

magnetoresistance for the deformed wires is given, 


column ¢€ = é) in where 
shows that it is approximately temperature indepen- 
dent, quite contrary to the behaviour of the annealed 
the 
Kohler’s law the magnetoresistance should indeed be 


metals in column ¢ 0. Now, according to 
independent of the temperature, and so it seems that 


in this respect Kohler’s law is obeyed better by 
heavily deformed than by annealed wires. This fact 
suggests that another explanation of the effects must 
not a priori be excluded. Magnetoresistance in single 
crystals, as is well known, is an extremely direction- 
sensitive property.) So in the annealed state each 
metal, even when it is polycrystalline, may be 
expected to show certain abnormalities in its magneto- 
resistance, according to its crystal structure and its 


electron distribution. Severe deformation, causing a 


Ag °K 
39107? Bem 
d=0.20 mm | 
| 
m 
>. 
vay) > 
3 
-259 200 
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high density of dislocations, might result in a less 


anisotropic relaxation time by disturbing the finer 
details of crystal symmetry, thus approaching the 
conditions under which Kohler’s law is obeyed more 
closely than in the annealed state. So the dislocations 
“cause” the effect, but they would only 
Kohler’s law 


would not 
tend to 
caused by crystal structure and orientation in an 


remove the deviations from 


annealed metal. Of course, the idea advanced here is 
contra’y to the original theory in which the anisotropic 
scattering by dislocations was considered as the cause 
of the effect. At present it is not possible to discern 
between the two mechanisms suggested; perhaps 
other possibilities have to be considered as well. 

Part of our suggestions could be tested by experi- 
ments at lower temperatures, e.g. in the helium range. 
For the measurements of the temperature dependence 
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of the magnetoresistance in annealed and deformed 
wires a wider temperature range would undoubtedly 
be an advantage; moreover the role of the relative 
temperature 7'/§ could be studied better than in our 


present restricted temperature range. 
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ON THE THEORY OF MARTENSITE CRYSTALLOGRAPHY* 


A. G. CROCKER? and B. A. BILBYt 


The restrictions on the initial data which are necessary for the existence of solutions in the analysis of 


martensite crystallography are presented in their most general form. Relations restricting the habit plane 


solutions themselves are also given and other further developments of the general theory discussed. 


ETUDE 


THEORIQUE DE LA CRISTALLOGRAPHIE DE 


LA MARTENSITE 


Les auteurs présentent, sous la forme la plus générale, les restrictions qu il est nécessaire d’apporter aux 


données de départ pour qu'il existe des solutions au probléme de la cristallographie de la martensite. Ils 


donnent les restrictions & apporter au plan d’accolement, ainsi que les solutions elles-mémes, et discutent 


également d'autres développements de la théorie générale. 


ZUR THEORTE DER 


KRISTALLOGRAPHIE 


DES MARTENSITS 


Die Beschrankungen der Anfangsdaten, die fiir die Existenz von Lésungen bei der Analysis der 


Kristallographie des Martensits notwendig sind, werden in ihrer allgemeinsten Form angegeben. 


werden Beziehungen angegeben, die die 


Entwicklungen der allgemeinen Theorie dikutiert. 


Ferner 


Lésungen fiir die Habitusebene selbst einschranken und weitere 


Wechsler and Otte"-*® have recently discussed, 
for some special cases, the restrictions which are 
necessary for the existence of solutions in the analysis 
of martensite crystallography. In programming the 
Bullough and Bilby theory™? for use with an electronic 
digital computer’:-® these restrictions have been con- 
sidered for the most general case. It is the purpose 
of the present paper to give a brief account of these 
generalisations, and of related further developments 
of the general theory. 

There have been three main developments of the 
theory of martensite crystallography, all essentially 


equivalent, but differing in degrees of generality and 
4,7—10) 


in various minor assumptions. ' The basic hy- 
pothesis of the theories is that the interface between 
the two phases should remain, at least approximately, 
invariant." This implies that in addition to the 
strain the lattice the 


product lattice, a lattice invariant deformation must 


which converts parent into 


also occur. This additional strain is assumed to be a 
simple shear on a plane m in a direction | and, as it 
may be brought about by the motion of dislocations 
in the interface, has been called a_ dislocation 
shear.4.!2) The lattice deformation is resolved into a 
rigid body rotation and a pure strain, the principal 
12.3). 


These principal strains may be calculated from the 


strains of which are represented by 7, — l(¢ 


lattice parameters of the two phases and a knowledge 
of the correspondence specifying the product lattice 


directions generated from three non-coplanar direc- 
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tions of the parent. The algebra of the theories is 
simplified if m and ] are referred to the principal axes, 
i.e. to the set of mutually orthogonal directions in the 
parent which are left unrotated by the pure strain, 
and this procedure is followed here, as it is in earlier 


work. 6,13) 


Restrictions on m and 1 

Suppose first that a theory is to be based on the 
following initial data: 

(a) the elongations 

(b) the plane m, 

(c) the direction 1. 
This is the usual procedure in the direct method where 
habit plane, orientation relation and shape deforma- 
with observa- 


tion are and 


(4-10) 


predicted compared 
tion. 
The choice of m and 1 when the 7; are given is not 
unrestricted. Thus the Bullough and Bilby theory“) 
uses these quantitities to calculate the directions n 
along which lie the dislocation lines of the interface. 
This involves the solution of a quadratic equation 
which, when the following inequality holds, results in 
real solutions and two values for n.“ 


m,7(1 


‘i 
No") 


Given the principal strains 9, 1, expression (1) acts 
as a restriction on m and will be referred to as the 
this 


quadratic equations, corresponding to the two possible 


m-restriction. If restriction is satisfied, two 


sets of dislocation lines, can be found, each of which 


Vol. 
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results in two possible habit planes if the shear 


direction satisfies the inequality: 


— — 3”) + — 


This inequality will be referred to as the l-restriction. 
It follows from either expression (1) or (2) that the 


7; — 1 must not all have the same sign; when m and 


1 are known they restrict the allowed »,; to certain 
ranges of numerical values. The loci corresponding to 
the equality sign in the two restrictions can be con- 
veniently represented on a stereogram, the example 
shown in Fig. 1 being for Lomer’s correspondence III 
for the 
alloys.'®.44,15) The poles of the shear planes used when 
the 


transformations in  uranium—chromium 
studying this transformation are also shown; 
planes indicated by open symbols do not result in 
solutions as they lie within the m-restriction curve. 
The above restrictions have a simple interpretation 
in the geometrical treatment of martensite crystal- 
lography.{!1© Restriction (1) means that the shear 
plane must cut the cone of directions left undistorted 
by the pure strain and restriction (2) means that the 
plane normal to the shear direction must cut the cone 
of plane normals (i.e. of reciprocal lattice directions) 
left undistorted by this strain. Several authors have 
quoted the special cases of these restrictions which 


arise for the martensite reaction in steels.“>?.! 


\ 
° 
\ 
\ 
e 
\ 
° \ 
e 
| 
j 
/ 


Fic. 1. The m- and ]-restriction curves for Lomer’s third 
correspondence for the martensitic transformations in 
uranium—chromium alloys, shown on a standard parent 
tetragonal stereogram. 
@ Shear planes giving solutions 
Shear planes not giving solutions. 
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austenite stereogrem showing the 
for the 
together 


Fic. 2. A standard 


first v-restriction curve 
steels (using the Bain strain 


reaction in 
habit 
shear 


martensite 
with the 
plane solutions (indicated by thick curves) as the 
plane m varies about the fixed shear direction ] 


Solutions when either m or 1 is fixed 


Consider now the effect of varying either m or 1 
within the restrictions (1) and (2), when the other is 
fixed.(°.17) 

Let a fixed 1 be chosen satisfying the I-restriction 
(2). 
dition!» that we have always the relation 


It follows from the invariant plane strain con- 


9 


Vals) 


2(¥,/ Yolo 


j2") 


Since 3° 


it follows that when I is fixed there is a one-parameter 
family of v values, corresponding to a line on the 
stereogram. Such a line is obtained, for example, in 
the prism matching method applied to steel,“*) and 


another example is shown in Fig. 2 


which gives the 
variation of the martensite habit plane when the shear 
direction is the |21] | austenite direction (correspond 
ing to the [131] direction in martensite).-!%) 
Conversely we may choose a fixed m satisfying the 
m_-restriction (1). The effect of this assumption on 
the form of the v curves is most easily seen as follows 
When m is fixed, the two n values are determined; 
thus the families of habit planes v (each of which 


contains one of the fixed n values) now lie on two 


great circles on the stereogram, as indicated in Fig. 3, 


993 
<0. (2) 
\ 
xX 
Mm \ x 
ol. 9 
211 
/ 0. (3) 
s 
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Fic. 3. The first and second yv-restriction curves for 
variation of the shear direction in the fixed shear plane 
m (S11). for the martensite 
the Bain strain) shown on a standard austenite 
gram. The thick lines indicate the habit plane 


tions, all lying outside the restriction curves, 


reaction in steels (using 
stereo 


solu- 
(5,13) The 
habit 


planes when m is fixed is also implied by the relations 


another example from calculations on steels. 


existence of such one-parameter families of 


(3) and (4) together with the following two relations: 


lms lms (5) 


(6) 
Restrictions on 
The 


ensured if m and I satisfy the restriction (1) and (2), 


existence of real solutions for y, is always 


respectively. It is instructive however to obtain ex- 


plicitly the condition that real Vy, values should result 


from the solution of equations (3)—(6). This gives 


9 9 9 9 9 9 9 


2,, 2, 2 2,,2, 2 - 


which limits v explicitly when m is given. The loci 
corresponding to the equality sign for a special case 
are shown in Fig. 3, where they are called the second 
v-restriction. Geometrically, of course, expression (7) 
restricts the permissible angle between m and vy. 

We may also discuss the problem indirectly by 
seeking information about m and 1 when 7, and v are 
given,'®!9,2 it being assumed, as before, that not all 
of the 7, — 1 have the same sign. In the first place 
the plane v must intersect the undistorted cone; this 


gives the first v-restriction: 


v3"(1 
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An example of the locus corresponding to equality is 
shown on Figs. 2 and 3; no habit planes can fall within 
the curves shown. Knowledge of vy and 7, and thus n, 
does not completely define m and 1. In general the 
choice of the shear direction and the normal to the 
shear plane is associated with four degrees of freedom. 
These are at once reduced to two by the conditions 
The 


general equation (3) then defines a one-parameter 


that 1 must lie in m and that m must contain n. 


family of directions | which may act as shear directions 
for a given habit plane. Once an allowed 1 has been 
chosen, m is of course immediately fixed by the above 
allowed v is assumed given, 


conditions since an 


determining a real n which must also be a direction 
in m. 

Conversely if m is chosen, it must contain the real 
the 
the 


n ensured by expression (8), and be limited by 


second y-restriction (7). 1 is then given by 
conditions (3), (5) and (6). 

The locus of v values corresponding to the equality 
sign in expression (8) is clearly identical with the locus 
of m values corresponding to the equality in relation 
(1) and the same curve thus results when the restric- 
tions are plotted on a stereogram. Other examples of 


these restriction curves are given elsewhere.@:>® 


The magnitude of the additional shear 


In the theory of Bullough and Bilby™), the addi- 
tional shear g takes place formally in the parent and 
its magnitude is given by an expression depending not 
only on the initial data, 7,, m and 1 but also on n 
andy. This might imply that four values are possible, 
one for each habit. However only two values of g are 
associated with each set of data,:§!© and substitu- 
tion for n and v in the Bullough and Bilby expression 


does in fact give the general quadratic for g: 


Ag” +C0=0 (9) 


2%. 3 2 2,, 2 2,, 3., 2 
where A 0") 


+ 


9,9 9 9 9 91 9 


(1 — »,?)(1 — — 7,2). 


If the deformations are resolved so that the addi- 
tional shear takes place formally in the product 


structure its magnitude is given by 


9 9 9 9 9 9 


1/2 
(10) 


994 
~ 
Second 
\First 2 \ 
/ 
\ 
4 Second z 
(511) 
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<9. (8) 
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The equations to which expressions (9) and (10) reduce 
for the martensite reaction in steels have been given 
recently by Wechsler“ and Otte. 

Equation (9) may also be obtained directly from the 
cubic equation which gives the three principal strains 
of the total shape deformation.” At least one of these 
strains must be zero“ and on substituting this solu- 
tion into the cubic, the quadratic (9) for g is obtained. 
Bilby and Christian” make use of this method in 
degenerate two 


their geometrical treatment of a 


dimensional case which occurs in steels. 
CONCLUSIONS 
The above relations are quite general, applying to 
transformations between any two structures when the 
additional deformation occurs in any shear direction 
The effect of intro- 


ducing a uniform dilatation of magnitude 6 


contained in any shear plane. 
1 into 
the interface:8.® can be examined by replacing 7, by 
Oy,;; When »;, m, 1 and v are known, expressions 
(1)-(3),. (7) and (8) then reduce to restrictions on 0. 
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SOLUTION HARDENING* 
R. L. FLEISCHER?t 


The effect of a random solute distribution on the hardening of solid solutions is considered theoretically 
by a highly simplified model. It is assumed that individual atoms may be represented by small regions 
which are elastically either more or less rigid than the matrix. Because such an elastic non-uniformity 
should interact with screw as well as edge dislocations, it is concluded to be a stronger source of hardening 


than the atomic size misfit effect suggested by Mott and Nabarro. 


DURCISSEMENT DE SOLUTION 
L’auteur étudie par voie théorique, a l'aide d’un modéle trés simplifié, influence d’un soluté réparti au 
hasard sur le durcissement des solutions solides. L’auteur suppose que les atomes individuels du soluté 
peuvent se représenter par de petites régions qui sont plus ou moins rigides élastiquement que la matrice. 
Ce manque d’uniformité élastique doit réagir aussi bien avec les dislocations-vis qu’avec les dislocations 
coins, et auteur en conclut qu'il doit étre une cause de durcissement plus énergique que l’effet suggéré 
par Mott et Nabarro et lié a la différence diamétres des atomes. 


LOSUNGSVERFESTIGUNG 
Mit Hilfe eines sehr stark vereinfachten Modells wird der EinfluB einer statistischen Verteilung des 
Zusatzes auf die Harte fester L6sungen theoretisch untersucht. Die einzelnen Atome werden dargestellt 
durch kleine Gebiete, die elastisch entweder starrer oder weniger starr als die Matrix sind. Da eine 
solche elastische Inhomogenitat mit Schrauben wie mit Stufenversetzungen wechselwirken sollte, 
miiBte sie zu einer gréBeren Hartesteigerung fiihren als der von Mott und Nabarro vorgeschlagene Effekt 


einer schlecht passenden AtomgrdéBbe. 


1. INTRODUCTION dislocation is zero, relatively short lengths experience 

Understanding of the mechanisms of solution — stresses of the order of the average stress magnitude 
hardening of metal crystals has been considerably and hardening results. One objection to this view is 
advanced in recent years by analysis of the special that it applies only to dislocations whose stress fields 
(1,2) 


effects of solute segregation around dislocations have dilation associated with them, and hence pure 


and of the degree of local or long range order“ in — screw dislocations are able to move freely. A second 
the crystal. In the case of a random distribution of | objection is the experimental failure.” of the param 
solute, however, the theory’) is at best incomplete, eter ¢, to be a proper index of the relative hardening 
being not even in satisfactory qualitative agreement when different solute atoms are added to a metal. The 
with experiment. It is, therefore, the purpose of this observation is that the valence of the added element 
discussion to suggest a second mechanism of harden- _ is a strong factor, and hence a more complete theory 
ing, susceptible to comparison with the Mott and — should explain or eliminate this consideration. 


Nabarro theory,’) and to indicate to what types of 


systems predictions may properly be made. 1.2 The effect of atomic rigidity 


The view to be considered here is that dislocations 


1.1 Mott's and Nabarro’s theory interact with the different stiffnesses of solute atoms. 


which act as elastically hard or soft spots in the matrix 


The theory of Mott and Nabarro computes the “: 
: and will interact with screw as well as edge disloca- 


average magnitude of the stress in the matrix of a . . oe 
tions. It will be assumed that individual solute atoms 


dilute solid solution due to replacing atoms of the 3 .¢ 
may be represented as volumes 5° of a shear modulus 


matrix by ones that are either larger or smaller, thus or: . ’ 
cade er, thu differing from the matrix by amount AG. Although 


straining the lattice. The magni of the distorti 
conan e magnitude of the distortion i+, , appreciated that this assumption is a highly 


may be measured directly by X-rays and is usually 
approximate one, it appears to be the best choice now 


denoted by a quantity ¢ (which will be called ¢, here) , 
‘ available. 

equal to 1/b db/de, b being the lattice parameter and 
j ol he relative stresses opposing a dislocation are to be 
db/de its rate ot change with solute concentration. . ‘ . . . . . 
evaluated in Section 2 for the interaction due to atomic 


ough, considering sign, the average stré = 6 size misfit (Mott and Nabarro) and that of the modulus 


—— change. Even though the absolute values are subject 


* Received April 14, 1961. ; to the errors inherent in highly simplified assumptions, 
+ General Electric Research Laboratory, Schenectady, , — 

New York. the relative strengths may be found. 
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G G, b 


AG: 


Fic. 1. Dislocation interacting with a region of area b? 
which has an elastic modulus different from the matrix. 


2. STRESSES FROM THE TWO EFFECTS 

2.1 The siz effect 

The Mott and Nabarro result on an atomic scale is 
equivalent to the solute atom—dislocation interaction 
considered by Cottrell™. The interaction energy of an 
atom of diameter h(1 €,) with an edge dislocation is 
given by") 

E, = Gb*e, sin 6/2r 
Gbte, y/2(a? 


Here G is the shear modulus of the matrix, > is the 
atomic diameter (assumed equal to the slip vector), 
and r and 6, and x and y give the position of the atom 
relative to the dislocation in polar and Cartesian 
co-ordinates. The force on the dislocation from one 
such atom is 

dE, 

dx 


(1) 


2.2 The modulus effect 

If it 
rigidity modulus of the solute G, and the matrix is 
AG, and the solute atoms are deformed by a 


location to the same strains as if they were matrix 


is assumed that the difference between the 


dis- 


atoms, then the stress on a screw dislocation (Fig. 1) 


by an atom can be found as follows: The stress and 
strain in the region of the solute atom are given by 
G,b/27r and b/2zr. If only matrix atoms were present, 
the be Gb/2r 


and strain would 2rr and b/2nr. 
Hence the change in energy (£) for a single solute 


stress 


atom is 


Here it has been assumed that the stress and strains 
are uniform over the small volume 6*, which represents 


the solute atom. We conclude from the above 
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relations that the interaction with an edge dislocation 

AGb®/87?(1 

the force (F,,) on an edge dislocation is given by 
dE, AGb® 


; (2) 
dx 4777/1 vy) (a 


would be given by EF, v)r?, so that 


The relative strength of the two effects for an edge- 


dislocation can be found from equations (1) and (2) 


F,/F b)477(1 v) 


24(e,/e,,)(y/b) 
slip 


and y is the distance from the 


AG/G, 


plane to the atom 


where é,, 
Since the effects of atoms at a 
large distance are expected to cancel, it will be the 


nearest atoms which will be controlling. If these are 


on the slip plane, y 5/2. At another extreme the 


nearest atoms may be no further away than half the 
where cis the atomic concentra 
In this case y/b cus 24 2, 


Hence F 


If tentatively ¢,, is assumed to be 


solute spacing (b « 


tion) which for a 2 


%, alloy is about 1.3 typically is 


measured by the fractional change in shear modulus 
with concentration (inanalogy withe,, which 
db/dce) then « 


table of such experimental values 


is measured by 1/b is experimentally 


measureable A 
so that 


appears elsewhere typical values being 


the two effects are about equal for edge dislocations 
For screw dislocations, as pointed out earlier, F F 
0. The situation is summarized in Table |] 


TABLE | 
for the 


Approximate 
ratio 
measures the relati 
atomic modulus-chs 


atomic size 


Edge dislocations 


Screw dislocations 


EXISTING 
DATA 


3. COMPARISON WITH 
EXPERIMENTAL 

In this section the predictions of the atomic size 
effect and modulus effect will be compared for specifi 
To do both 
lattice 


systems this it is necessary to have 


measurements for 


and paramete! 


data 


modulus 


systems where hardening are also available 
Most properly this data should be for temperatures 


near O°K, but such data is not available 


5 Copper solid solutions 
In Fig. 2(a) and (b) are plotted values“! ™ of the 


increase in resolved shear stress per atomic per cent 


| 
Vaitle 
we 
| 
bh \2] 
“| 2.2 
2rr | 
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(a) 


(a) Increase in flow stress"! per at.% of solute versus 1/G-d@/de;"4 


versus |/b-db/de.“8 


Sn 


“fo 


| 
AY 


dG 


G 
(a) 


€g = 


of alloying element at a tensile strain of 0.1 per cent 
The 


hardening is linear in ¢, and scatters widely as a 


as a function of the strain parameters ¢,, and e¢,. 


function of ¢,, so that the modulus effect model fits 


satisfactorily here. 


Solid dots represent data from Ref. 11; open dots represent data from Ref. 12. 
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Variation of hardening in copper alloys with changes in modulus and lattice parameter: 


(b) increase in flow stress per at.% 
» 


Sn 


db 


dc 


b 
(b) 


Fic. 3. Variation of hardening in silver alloys with changes in modulus and lattice parameter: 
(a) Increase in hardness" per at.% versus 1/G-d@/de;") (b) increase in hardness"® per at.% versus 1/b-db/de.“®) 


3.2 Silver solid solutions 

Figure 3(a) and (b) shows the analogous results for 
silver alloys.“%.15,16 Here hardness values were used 
rather than the flow stresses, which were not available. 
In this little difference the 


case there is between 


998 
400 
( 
ATOM % 
200 
gm 
100 
0 | 2 3 0 005 010 0.15 Vol. ‘ 
dc bb dc 
| (b) 
3 
2 
kg 
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predictions of the two models, so that either or both 


could be important. 


3.3 Silver—gold alloys 
As gold is added to silver, the lattice parameter 


decreases 3 times as rapidly as when silver is added 


to gold:"%) on the other hand, the rate of change of 


modulus on alloying is only about 10 per cent 


greater.27 Hence the Mott and Nabarro theory would 


predict a relative harding 3 times greater for the 


former case, while the modulus change effect requires 
only a 10 per cent difference. The observed differ- 
ence"®) js about 15 per cent, the modulus change 


effect accounting for most of the hardening 


3.4 Aluminum silver alloys 

Addition of silver to aluminum produces no change 
in the lattice parameter“® yet hardening results.‘® 
The this, 


while the atomic size effect does not. 


modulus change effect may account for 


4. DISCUSSION 
In papers subsequent to their original one Mott and 
Nabarro”®) argue that it is necessary to consider not 
the average magnitude of the internal stress on a 
dislocation but the stress averaged over the shortest 
length which may move independently. On this basis 
Mott arrives at an expression for the yield stress in 


terms of the internal stress magnitude f,: 


(3) 


where « is about 1. From this formula one sees that 
the relative importance of the atomic size effect and 
the modulus change effect is still dependent on the 
ratio of ¢, to ¢,,, which was considered earlier in this 
discussion. It follows that expressions for the flow 
stress due to the modulus effect should merely replace 
the factor ¢, by a quantity that is approximately 
€,,/20. The above expression should describe harden- 
ing at O°K, where thermal activation of dislocation 
motion is absent. 

The basic assumption entering the calculation of the 
modulus effect is that the modulus change in forming 
a solid solution may be represented as due to localized 
hard or soft spots in the crystal. To the extent that 
solid solution formation changes the rate at which 


conduction electron energies are altered during 
straining, there is a modulus change from alloying 
that is an overall change for the crystal rather than 
a change which is localized on an atomic scale. This 
means that for samples where this type of alteration 


occurs, the parameter ¢,, is not directly measurable 
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from the change in bulk elastic constants, and some 
extra information is needed to separate localized from 


general modulus changes. It is not clear whether in 


such cases the localized modulus change will be smaller 


or larger than the measured value of ¢,,. Leigh has 


suggested?) that aluminum is one metal where this 


electronic effect is Important It is believed to be small 
(14,15 


for copper and silve1 In a similar manner the 


alteration of energies of conduction electrons gives 


rise to a non-localized component of ¢ and thereby 


complicates testing Mott and Nabarro’s ideas 


In Section 2.2. two assumptions were made 


which are gross simplifications, but whose errors should 
Was assumed that the hard 


largely cancel. First it 


spots, which represent solute atoms, deformed iden 
tically with the matrix; in reality such a spot should 
therefore must do 
The 


result is that there is less excess energy in the hard 


deform less than the matrix, but 
work against the stress field of the dislocation 
difference is stored in the 


spot, but some of the 


surrounding material. On the other hand, it was also 
assumed that the effect of hard spots on the macro 
scopic modulus was given by the differential rate of 
change of modulus with concentration of hard spots, 
an assumption which is true if the spots strain equally 
When they do not 


value dGi/de gives too small a value for the particle 


with the matrix the measured 


modulus. Hence too large an interaction was assumed 
but too small a measure of it, the errors in both cases 


being due to the same assumption of undistorted 


strains. Therefore these errors should tend to cancel 
The extent of this cancellation is now to be examined 

An approximate treatment which allows for the 
relaxation of a solute atom gives a result which differs 
from equation (2) in replacing AG by (AG)G/G,. It 
was assumed earlier that AG was equal to the measured 
dG 


of modulus G, in a 


i). For a small concentration of spheres 


matrix of modulus G an exact 


\ 


expression for dG/dce is given‘ by 2(AG)G (G, 
Combining the two above expressions, it is found that 
the force from a solute atom (equation 2) should be 
proportional to (dG (dG/dce)/2G. Use of this 
parameter rather than dG/de, which was employed in 


Figs. 2 and 3, 


results in no significant change in the 
linearity of the plots 

It should be noted that on more general grounds 
than have been presented here the modulus effect 
should be expected to be larger than the size effect 
Since there is considerably more energy stored in the 
shear part of the strain field of an edge dislocation than 


in the hydrostatic component, the shear interaction 


* This expression is exact if Poisson’s ratio (v) is 0.2; it isa 


good approximation for most normal values of y. 
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with the modulus change normally will be larger than 
the hydrostatic interaction with atomic misfit. 


4.1 Dislocation pinning 


It was pointed out that the modulus effect, in 
contrast to the size effect, provides interaction with 


screw as well as edge dislocations. It may therefore 


be expected that in substitutional alloys dislocation 


pinning will occur due to the modulus effect; and 
hence yield points, if due to an elastic effect, probably 


arise from this type of interaction. 


5. CONCLUSION 
It is suggested that most of the hardening in a 
random solid solution is due to the solute atoms being 
equivalent to regions which are elastically harder or 
softer than the matrix. 
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DYNAMISCHE ERHOLUNG VON GERMANIUM* 


H. ALEXANDER} und P. HAASEN#+ 


Die dynamische Erholung (im Bereich III der Verfestigungskurve) von Germanium lasst sich nach dem 


Gleitlinienbild dem Klettern von 


Abhangigkeit von Temperatur und Geschwindigkeit kann aus einer Theorie von Weertman''4 


leitet werden. 


DYNAMICAL 


Stufenversetzungen 


RECOVERY OF 


zuschreiben. Die Einsatzspannung ry; in 


abge 


GERMANIUM 


According to slip line observations the dynamical recovery of Germanium (stage IIT of the stress-strain 


curve) is due to climb. The temperature and strain-rate dependence of 7;;; can be derived correctly from 


a theory of Weertman'). 


RESTAURATION 


DYNAMIQUE DU 


GERMANIUM 


Se basant sur des observations de lignes de glissement, ] auteur explique la restauration dy namiqg ue du 


germanium (dans le domaine III de la courbe tension-déformation) par des montées de dislocations. La 


loi de variation de la contrainte Ty, €D fonction de la température et de la vitesse de 


étre dérivée d’une théorie de Weertman!. 


déformation peut 


Die plastische Verformung und Verfestigung von 
Germanium-Einkristallen wurde im Zugversuch bei 
Temperaturen zwischen 470°C und 800°C mit Abgleit- 
geschwindigkeiten von 4° sec! bis 10-3 sec™! 
untersucht. Wie schon an anderer Stelle beschrieben 


wurde,” ahnelt die Verfestigungskurve von Ger- 


manium weitgehend der kubisch-flachenzentrierter 


Metalle, 


gemeinsam hat (Fig. 


mit denen es ja das Translationsgitter 
1). Insbesondere ergab sich 
quantitative Ubereinstimmung in der Steigung des 
Verfestigungsbereichs II, die ziemlich 
10-3 
wurde (G Abweichend vom 
Verhalten Metalle 


Germanium eine starke (exponentielle) Temperatur- 


(linearen) 
temperaturunabhangig zu (2-3) G gemessen 
Schubmodul in (111)). 
kubisch-flachenzentrierter zeigt 


abhangigkeit der kritischen Schubspannung, eine 


ausgepragte Streckgrenze (unterhalb 650°C) und einen 


600°C a=4 


Fic. 1. 


Typische Verfestigungskurve eines Germanium 
Einkristalls der Orientierung {215}. 


* Eingegangen 19. April 1961. 
+ Institut fiir Metallphysik der Universitat Géttingen. 


ACTA METALLURGICA, VOL. 9, NOVEMBER 1961 


mit wachsender Temperatur abnehmenden Verfesti- 
gungsanstieg im easy glide-Bereich. Ferner scheint 
auch die dynamische Erholung (im Bereich III der 
Germanium auf einem an- 


Metallen, 


Stufenversetzungen 


Verfestigungskurve) bei 


deren Mechanismus zu beruhen bei 


nimlich auf dem Klettern von 
statt der Quergleitung von Schraubenversetzungen 
wie im folgenden gezeigt werden soll 


Wahrend die Bereich I] 


offenbar durch eine zunehmende gegenseitige Behind- 


starke Verfestigung im 
erung von mehr und mehr Versetzungen bedingt ist 
gelingt es oberhalb der Spannung 7,,,; einem Teil dieser 
Versetzungen, den stark verfestigten Gleitebenen auf 
Der 


Abgleitungszuwachs pro FlieSspannungsintervall wird 


weniger gestorte Parallelebenen zu entweichen 
dann gréBer, der Kristall erholt sich ‘“‘dynamisch” 
d.h. unter der Wirkung der Spannung.” Ist wie bei 
Metallen ein Quergleitprozel} von Schraubenverset- 
zungen fiir diesen Vorgang verantwortlich, dann wird 
das Einsetzen des Bereichs III wesentlich durch die 


Stapelfehlerenergie y bestimmt, und man kann diese 


aus 7,,,(7', a) ermitteln.?-5 Fiir die Diamantstruktur 


erwartet man wegen der Lokalisierung der Bindung 
zwischen niachsten Nachbarn sehr kleine Werte von y 


also breite Stapelfehlerbinder Diese entstehen 


allerdings nicht wie kubisch-flachenzentrierten 


Gitter durch 
Gleitebene. 


Aufspaltung von |110]-Versetzungen in 


ihrer sondern assoziieren sich nur mit 


solchen Versetzungen auf Parallelebenen, da die 


{112]-Scherung in der Diamantstruktur zwischen dem 


(6-8) 


anderen Paar der (111 )- Doppelebenen erfolgt In 
Ubereinstimmung mit unserer Annahme einer kleinen 
Stapelfehlerenergie werden im Diamantgitter Wachs- 
beobachtet Auch der 


zu Kupfer ungewOohnlich lange easy glide-Bereich der 


tumszwillinge haufig relativ 


Verfestigungskurve”) (bis 40 Prozent Abgleitung bei 


. 
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Kia, 2. Klektronenmikroskopischer Abdruck der 
Seitenflachen eines bis in den Bereich III verformten 


Germanium-Kristalls. T7000 


600°C und a 4- 1) und das beobachtete 


Uberschiessen’’™ der 


Orientierung der Zugachse 
lassen auf eine starke latente Verfestigung und damit 
breite Stapelfehler schlieBen.@ Solche 
gelegentlich in Silizium mittels Elektronentransmis- 
(9) 


sind auch 


sion beobachtet worden. Derartig breite Stapel- 
fehler sollten die Quergleitung von Schraubenverset- 
dah} bei 


Temperaturen ein zweiter méglicher ErholungsprozeB, 


zungen hinreichend behindern, so hohen 
ein von der Spannung unterstiitztes Klettern von 
Stufenversetzungen bestimmend wird. Das wurde in 
der Tat auf Oberflichen-Abdriicken elektronenmikro- 
skopisch gefunden: Fig. 2 zeigt einen Kohle-Abdruck 
(mit Pd beschattet) der Seitenflaiche (nahezu parallel 
zum Burgers-Vektor) eines bis in den Bereich III 
Die 


zuniachst bei 600°C 19 Prozent gedehnt (37,5 Prozent 


verformten Germaniumkristalls. Probe wurde 


* Eigene derartige Versuche an Germanium sind im Gange. 
Kolm et fanden réntgenographisch an Germanium- 
Pulver allerdings keine Anzeichen fiir Stapelfehler. 
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Abgleitung), poliert und nochmals 5 Prozent weiter 
gedehnt Abdruck 
Verfahren von Mader,“ der uns bei den Aufnahmen 


und im untersucht nach dem 


freundlicherweise unterstiitzte. 
Bereich II] 
mit 


Die relativ wenigen 
Gleitlinien 
Stellen 
Zink 


beobachtet wird, wenn ein Klettern von Stufenverset- 


neu entstandenen 
Pfeil 


Gleitebenen, 


nun im 


verlassen an den bezeichneten 


deutlich ihre wie das auch bei 
zungen auftritt.“2) Daneben fallt eine Atzgriibchen- 
struktur der Gleitlinien auf. Im Vergleich dazu sind 
die Gleitlinien auf den die DurchstoBpunkte der 
Schraubenversetzungen zeigenden Stirnflachen gerade, 
zeigen keine Quergleitung. (Ubrigens ist hier die 
Atzgriibchenstruktur wesentlich weniger ausgepragt. ) 
Die Stapelfehler stellen nach unserer Vorstellung’ 
im Diamantgitter keine wesentliche Behinderung des 
Kletterns der |110]-Gleitversetzungen dar, da_ sie 
strukturell und genetisch klar von diesen getrennt sind 
(im Gegensatz zum kubisch-flachenzentrierten Gitter). 
Die vollstandigen Versetzungen kénnen sich aus ihrer 
Bindung an die Stapelfehler durch Klettern lésen, 
welche ihrerseits dann auf Null zusammenschrump- 
fen.t 


Man 
Spannung 7,,, am Beginn der dynamischen Erholung 


kann daritiber hinaus die Messungen der 
von Germanium in Abhangigkeit von Temperatur und 
Abgleitgeschwindigkeit quantitativ durch den Vor- 
Dazu benutzen wir 
Mott") 


Weertman"” ausgearbeitete Theorie fiir das statio- 


gang des Kletterns beschreiben. 


eine nach einem Vorschlag von durch 


naire Kriechen durch Klettern von Versetzungen, die 
im Grenzfall kleiner Spannung fiir die Kriechge- 


schwindigkeit a, ergibt 


Usp 


exp | (1) 


wo Y.,, die Aktivierungsenergie der Selbstdiffusion ist 
Ak- 


tivierungsentropie, Versetzungs- und Probengeometrie 


und A eine Konstante, in die Schubmodul, 


sowie die Debyefrequenz eingehen. Der Exponent » 
ergibt sich theoretisch und experimentell fiir ver- 
Metalle zu 
Abgleitgeschwindigkeit a@ und Temperatur 7’ sollte 


schiedene etwa 4.5. Bei gegebener 


also das Klettern neben der Gleitung bemerkbar 


werden, wenn a,/a einen bestimmten, von der Mess- 


genauigkeit abhangigen, Prozentsatz « erreicht, wofiir 


+ Schon friiher war darauf hingewiesen worden, das bei 
Germanium statt Rekristallisation stets (statische) Erholung 
durch Polygonisation beobachtet wird.“® Auch danach ist 
das von uns angenommene Klettern leicht méglich, die Verset- 
zungen sind nicht fest mit einem breiten Stapelfehler ver- 
bunden.'?? 
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“4.30 


800 740 665 600 
°C 


Kinsatzspannung des Kletterns als Funktion 


Fig. 3. 
von Temperatur und Abgleitgeschwindigkeit. 
gerade die Spannung 7,,, erforderlich ist. Dafiir folgt 

aus Gleichung (1): 
| akT 
A 


ergibt tatsichlich, in logarithmischer Darstellung 


(2) 


nkT 


) (a)'/" - exp 


THI 


gegen |/7' aufgetragen, die von Gleichung (2) geforderte 
Gerade (Fig. 3). Aus deren Steigung Q.,,/n 16,5 
keal/Mol berechnet sich Ak- 
tivierungsenergie der Selbstdiffusion in Germanium, ® 
Qsp = 68,5 keal/Mol, ein n 4,2 in 
befriedigender Ubereinstimmung mit der Weertman- 


mit der gemessenen 


Exponent 


schen Theorie. Eine Priifung der geforderten a!” 
Abhangigkeit 


Ergebnissen nur bedingt méglich: bei Anderung von 


von ist mit den vorliegenden 
a@ um eine bzw. zwei Zehnerpotenzen (bei 800°C) 
andert sich 7,,;, um einen Faktor 1,6 bzw. 3,1, ver- 
glichen mit dem theoretischen Faktor 1,73 bzw. 3 (fiir 


n 4.2 nach Gleichung (2)). 


DYNAMISCHE 


ERHOLUNG VON Ge 1003 

Es ist interessant, die Temperaturabhangigkeit von 
7;, mit der der kritischen Schubspannung 7, von 
ahnlichen 


Ak- 


keal 


Germanium zu _ vergleichen, die einem 


wie Gleichung (2) gehorcht mit einer 


12.3 an Stelle von 16.5 


Gesetz 
tivierungsenergie von 
Mol. Auch die 


Gleitebene erfordert im Diamantgitter einen diffusions- 


Versetzungsbewegung in der 


ahnlichen ProzeB,“” der allerdings etwas leichter vor 
sich geht als der einer Bewegung aus der Gleitebene 
heraus, das Klettern. Der gemessene Unterschied der 
Aktivierungsenergien (s.o.) und der Vorexponential 
faktoren (3,3 - 10-4 kg/mm? fiir 7,,,, 1.9 - 10-4 kg/mm? 
fiir To bei a 4-10-4 sec!) fiir beide Prozesse ist 
offenbar hinreichend, um einen ausgeprigten Bereich 
Il starker 


Germanium zu ermoglichen. 


Verfestigung zwischen t, und 7,,;,_ bei 
Der Deutschen Forschungsgemeinschaft sei fiir die 
finanzielle Abteilung 


Seeger des Max-Planck-Institutes fiir Metallforschung 


Unterstiitzung, der Professor 


in Stuttgart fiir die Arbeitsméglichkeit und die Hilfe 


am dortigen Elektronenmikroskop gedankt 
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THE QUENCH-AGING OF LOW-CARBON IRON AND 
IRON-MANGANESE ALLOYS 


AN ELECTRON TRANSMISSION STUDY* 
W. C. LESLIEt 
The aging of Fe—0.0149,C and Fe—0.45% Mn—0.017%C alloys was studied in the range 60—-200°C, after 
quenching from 730°C, 


from Fe,C 


within the matrix is added to nucleation on dislocations. 


As the aging temperature is decreased, the precipitate in the Fe—C alloy changes 
to an unidentified carbide, the carbide habit changes from {110}, to {100},, and nucleation 
At constant carbon content, manganese lowers 
the aging temperatures at which these changes occur; silicon raises them. The nucleation and growth of 
carbide particles during quench-aging is so complex that the development of a simple mathematical 
expression for the process, applicable over a range of temperatures, seems very unlikely. The large changes 
in mechanical properties during quench-aging are due to the closely spaced carbides precipitated within 
the matrix independent of dislocations 
LE VIEILLISSEMENT DE TREMPE D’ACIERS A 
UNE ETUDE AU 


Le vieillissement d’un alliage Fe 


BAS CARBONE ET D’ALLIAGES Fe—Mn 
MICROSCOPE ELECTRONIQUE PAR TRANSMISSION 

C 
étudié entre 60 et 200°C aprés tempe a partir de 730°C, 


et d'un alliage Fe tenant 0.459% Mn et 0,017% C a été 


Pour des températures de vieillissement décrois 


santes, le précipité dans lalliage Fe—C se modifie, il passe de la cémentite & un carbure non identifié. Le 
plan dhabitat des carbures change et passe du plan {110}, au plan {100},. A la germination dans la 
matrice s'ajoute alors la germination sur les dislocations. 

Pour des teneurs en carbone constant, le manganése abaisse la température de vieillissement a laquelle 
ces changements apparaissent, tandis que le silicium les éléve. 

La germination et la croissance des particules de carbure au cours du vieillissement de trempe est si 
complexe que le développement d’une expression mathématique simple pour le processus applicable a 
une certaine gamme de températures semble pratiquement impossible. 

Les modifications importantes des propriétés mécaniques au cours du vieillissement de trempe sont 
dues au grand nombre de carbures précipités dans la matrice indépendamment des dislocations. 

DIE ALTERUNG VON EISEN-KOHLENSTOFF- UND EISEN-MANGAN-LEGIERUNGEN 
NACH DEM ABSCHRECKEN 
LINE ELEKTRONENMIKROSKOPISCHE DURCHSTRAHLUNGSUNTERSUCHUNG 

Die Alterung von Fe—0,014°, C und Fe » Mn—-0,017° 

von 730°C im 200 C 


Legierungen wurde nach Abschrecken 


Temperaturbereich von 60 untersucht. Bei Abnehmen der Auslagerungs 


temperatur geht die Ausscheidung in der Fe—C iiber in ein nicht identifiziertes 


Habitusebene 
statt, 


Legierung von Fe,C 
Karbid, di 
der Matrix 
Kohlenstoffgehalt erniedrigt der Manganzusatz die \lterungstemperaturen, bei der diese Anderungen 


des Karbids geht von {110}, iiber in {100}, und die Keimbildung findet in 


zusatzlich zu der an Versetzungen auftretenden Keimbildung. 3ei konstantem 


auftreten, Silizium erhéht diese Temperaturen. Die Keimbildung und das Wachstum der Karbidteilchen 


beim Auslagern nach dem Abschrecken ist so komplex, daB die Entwicklung eines einfachen mathe 


matischen Ausdrucks, der den ProzeB in einem gréBeren Temperaturbereich beschreibt, wohl kaum 
Alterns nach 


Absehrecken riihrt von eng benachbarten Karbidteilechen her, die sich innerhalb der Matrix unabhangig 


moglich ist. Die groBen Anderungen der mechanischen Eigenschaften wahrend des 


von Versetzungen ausscheiden 


INTRODUCTION The objectives of the investigation were 


This investigation was undertaken as part of a larger (1) to determine, if possible, the kinetics of the 
study of precipitation and precipitation hardening in nucleation and growth of carbide particles, 
Despite the fact 


that the quench-aging of iron had been exhaustively 


(2) to identify the precipitates, 
(3) to 


binary and ternary alloys of iron. 


observe the interaction between carbide 


studied in the past, many aspects of the process 


remained obscure. It was hoped that new information 
could be gained by use of the techniques of electron 


transmission microscopy. 


* Received March 22, 1961, revised May 1, 1961. 

+ Edgar C. Bain Laboratory for Fundamental Research, 
United States Steel Corporation Research Center, Monroeville, 
Pennsylvania. 
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particles and dislocations, 

(4) to determine the effect of alloying elements on 
the precipitation process, 

(5) to correlate structure with previously deter- 


mined mechanical properties. 


MATERIALS AND PROCEDURE 


The zone-melted iron used as a control in this 
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TABLE l. 


Mn O N 


0.0002 
0.001 
0.0014 


0.0026 
0.001 
0.0021 


0.0001 
005 
0.45 


Fe 0.001 
Fe—C 0.014 
Fe—-Mn—-C 0.017 


investigation (Table 1) was made by Battelle Memorial 
Institute as follows: electrolytic iron was arc-melted 
and deposited in a water-cooled steel mold in an argon 
atmosphere; the ingot was forged into a bar, then 
given two horizontal zone-refining passes in an alumina 
boat. 

The Fe—0.014C and Fe—0.45—Mn-0.017C alloys were 
also used in a previous investigation” of the effect of 
carbide dispersions on mechanical properties of ferrite. 
They were prepared by vacuum-melting high-quality 
electrolytic iron in magnesia crucibles. The desired 
carbon and manganese concentrations were attained 
by additions of electrode carbon and 99.9 per cent 
electrolytic manganese. The 13.5 kg ingots were hot- 
rolled to 0.76 em thick plates. Small sections cut from 
these plates were cold-rolled to about 0.025 em thick- 
ness, solution-treated and recrystallized by holding 15 
min at 730°C in purified argon, then quenched and 
immediately aged at temperatures in the range 
60-200°C. 

After aging, the specimens were thinned chemically 
to about 0.0065 cm in a 1:1 solution of 85 per cent 


orthophosphoric acid and 50 per cent hydrogen 


peroxide, then thinned electrolytically to about 1500 A 


in a solution of chromic-acetic acid. These foils were 
examined in an RCA EMU3 or ina Siemens Elmiskop I 
voltage of 


electron accelerating 


LOO kY. 


microscope at an 


RESULTS OF EXPERIMENTS 
Effects of aging temperature and time 
The 


alloys are shown in 


(A) Aging at 200°C. results of aging the 
Fe—Mn-C and Fe—-C Fig. 1. 
Precipitates were observed in both alloys after | 
min at 200°C, the shortest period employed. Despite 


the similarity of carbon content, however, some 
differences in the precipitation process are obvious. 


In the Fe—Mn—-C 


nucleated only at 


alloy the carbide precipitate was 
There little 


range in the size of the particles in localized regions 


dislocations. was 
after any given aging period, which indicates that 
nucleation probably occurred simultaneously at all 
dislocations present in the as-quenched alloy, and 
that the number of growing particles changed only 
After 
growth of the particles, no dislocations could be 
the foils. In the Fe—-C 


slightly with time. nucleation and slight 


seen in alloy, nucleation 


0.0004 
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Compositions of materials (°) 


S Si Cu Ni Al 


0.0007 0.002 0.0002 0.001 O.0015 0.008 


occurred both on dislocations and within the matrix, 
Also, the number 
The 
larger particles grew at the expense of the smaller, 
After 


completion of the precipitation process the carbide 


without connection to dislocations. 


of growing particles did not remain constant 
even before the ferrite was depleted of carbon 


particles were smaller and more numerous than those 
in the Fe~Mn-C alloy 

The distribution of precipitate particles was more 
the trans 


non-uniform than might be indicated by 


mission micrographs of Fig. 1. The distribution of 
dislocations in the quenched alloys was highly non- 
uniform, and within regions of high dislocation density 
the carbide particles on dislocations remained very 
small and closely spaced. In regions with low dis- 
the range of interparticle spacing at 
l 


location density 


completion of precipitation was about 3 times the 


length of the particles 


Despite many attempts, no identifiable electron 


diffraction patterns were obtained from the carbides 
For this reason 


in the foils it was necessary to rely 


upon determinations of habit planes for the identifica- 


previously: 


3) 


tion of the carbide phases. As shown 
cementite formed during the quench-aging of ferrite 
“ directions. The habit of the 
Mn-C and the Fe—C alloy after 


it was therefore concluded 


grows on {110}, in (11) 
carbide in both the Fe 
aging at 200°C was {110}. 
2(b) 


to be cementite (Fig. 2). The foil from which Fig 


was made has a {111}, plane in the plane of the foil 


from the carbide traces in this foil the habit could be 
either ol 110}, 


tion of other foils after the same aging treatment 


{LOO}. However, examina 
with 
{112}, parallel to the surface, indicated that the habit 
was only {110}, 
Cementite formed during the quench-aging of iron 
the The two (111 


directions on a {110} plane subtend an angle of 70° 32 


grows in form of dendrites.“ 3 


which is the angle found between branches of the 


dendritic carbides. These dendrites appear to grow by 
50 A in diameter 


l(b) 


the addition of rods about parallel 


to 11] 


structures appear as very thin plates, with axial ratios 


When viewed edge-on, as in Fig these 


of at least 20:1 two 


three or more {110} planes from a common center \ 


The particles can grow on on 


combination of extraction replicas and electron trans 


mission micrographs is necessary to demonstrate 


properly the morphology of the prec ipitate 


ol. 9 
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1 MINUTE 


MINUTES 


Fe-0.45 Mn-0.017C 


Fic. 1. 


Previously, some concern was felt over the identifi- 
cation of extracted particles with 90° angles between 
dendrite branches (Figs. 3 and 8 of Ref. 3). It now 
seems quite certain that these are dendrites growing 
on two mutually perpendicular {110}, planes, and 
there is no reason to believe that they are not 
cementite. 

(B) Aging at 175 150°C. 
carbides in the Fe-—Mn-C alloy during aging at 175°C 


and Precipitation of 


Carbide precipitation during aging at 200°C. 


Fe-0.014C 


< 18,000 


Electron transmission. 


did not differ from precipitation at 200°C, except in 
rate. The first precipitate appeared after about 3 min 
aging, and again, nucleation occurred at dislocations. 
The precipitate was cementite, as judged by the {110}, 
habit. 
formed at 200 and at 175°C can be seen by comparing 
Fig. 1(b) with Fig. 3(b). 

The precipitation of carbides in the Fe—C alloy at 
150°C differed considerably from precipitation at 


The resemblance between the precipitates 


‘ 
Vol. 


QUENCH-AGING OF 


A. Fe-Mn-C AGED 20 MINUTES 


B. Fe-C AGED 5 MINUTES 


Fic. 2. 


200°C. Although nucleation again occurred both at 


dislocations and within the matrix, the habit plane 


after aging for short periods was {100}, indicating the 


formation of another carbide. Precipitation of a 


carbide on {100},, on dislocations and within the 
matrix, has been reported previously by McLean and 
McLean 


and Smith noted that the precipitate could grow on 


Hale™, Smith™), and Suzuki and Tomono"®. 


all three {100}, planes from a common point, and this 
observation is confirmed (Fig. 3c). 

In the Fe—0.014 C alloy used in this study the habit 
plane changed from {100}, to {110},, ie. Fe,C formed, 
after 100 min aging at 150°C. It had been previously 
noted that Fe,C dendrites could be extracted from 
an Fe—0.014 C alloy after very long aging at 150°C. 
Any attempt to describe the time-temperature range 
for this carbide transition more precisely is probably 
not justified, for it will be a function of carbon content. 
Higher dissolved carbon contents would tend to raise 


Carbide (cementite) precipitated on {110}, during aging at 200°( 


IRON ALLOYS 


O00 


the aging temperature at which the metastable carbide 
would form, owing to higher carbon activity at the 
solution temperature 

(C) Aging at 100°C. When the aging temperature was 
decreased to 100°C, precipitation began to occur in the 
matrix of the Fe-Mn-C alloy. Nucleation within the 
matrix, independently of dislocations thus occurred in 
this alloy at about 100°C below the temperature at 
which it first appeared in the Fe—C alloy. The pre 
cipitates in the two alloys after 1 hr aging at LOO°C 
In the Fe—Mn-C alloy 


Fig. 4, the particles growing in the matrix are about 


are compared in Figs. 4 and 5. 


300 A in diameter, whereas in the Fe—C alloy they are 
about 700 A in the largest dimension and are growing 
Also, 
the concentration of precipitate particles is at least 
Mn-C 
The difference in particle size is reversed after long 
After 24 100°C: the 


on three } 100} planes from a common center 


twice as great in the Fe—C as in the Fe alloy 


aging periods at LOO'C. hr at 
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A. 5 MIN. 
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B. 65 MIN. 


Fe-Mn-C AGED AT 175°C. ({I10}a@ HABIT) 


: 
C. 30 MIN. 


000 e 


D. ELECTRON DIFFRACTION 
PATTERN FROM C 


Fe-C AGED AT 150°C ({100}@ HABIT) 


Fic. 3. Carbides precipitated during aging at 175 and 150°C. 


particles in the Fe-Mn-C alloy have grown to about 
2200 A (Fig. 6), whereas the more numerous particles 
in the Fe—-C alloy have grown to only about 1000 A 
(Fig. 7). The particles in both alloys after 24 hr at 
100°C are dendritic. 

The greatest difference between the two alloys after 
aging at 100°C lies in the nature of the carbide phase. 
In the Fe-Mn-C alloy the carbide precipitates on 
{110}, and presumably is Fe,C (Fig. 8), but in the 
Fe—C alloy the precipitate forms on {100}, (Fig. 7), and 
presumably is the same metastable carbide as formed 
at 150°C. 


16,000 


(D) Aging at 60°C. The process of aging at 60°C in the 
After 500 min the 
particles precipitated in the matrix are about 200 A 


Fe—-Mn-C alloy is shown in Fig. 9. 


in diameter. After 64 hr they have grown to about 
400 A, and after 7.2 days to about 1500 A. The habit 
plane of the carbide could not be determined during 
the early stages of aging, but after 1 week at 60°C, the 
habit was {110}., i.e. the carbide was cementite. Thus, 
the addition of 0.45°,, Mn to the Fe-C alloy depressed 
the 
carbide by at least 100°C, and perhaps more. 


transition from cementite to the metastable 


It can be seen from Fig. 9 that nucleation of carbides 
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. Carbide precipitation in Fe 


in the matrix of the Fe~Mn-C alloy is time dependent; 
the number of particles increases with time at 60°C. 


2. Interaction between carbide pre cipitate s and dis- 


locations 


(A) Fracture of Fe,C precipitate. Cementite is a pre- 


cipitate which does not appear to share the plastic 


deformation of the iron matrix. Therefore, if present 
in the proper amount and distribution, it should be a 
When the matrix is 
Such 


fracture of an Fe,C particle in a foil deformed after 


very effective hardening agent. 
deformed, the carbide particles tend to fracture. 


thinning is shown in Fig. 10. 


3 


AGING OF 


Mn-—C alloy 


IRON ALLOYS 


1009 


aged | hr at LOO ( SO.000 


In anattempt to study the interaction of dislocations 
alloy 


were cold-rolled to 3,5, 10, 25 and 53 per cent reduction 


and precipitates, aged specimens of the Fe 
in thickness. Unfortunately, because of the gross non- 
uniformity of plastic deformation during the rolling of 
difficult to 
that 


deformation the specimen has received. 


ferrite, it is very show areas with dis- 


location densities are typical of the plastic 
Fine precipitated carbide particles can be sources of 
dislocations during plastic straining of the matrix. 
Fig. 11 shows dislocation loops thrown off by carbides 
previously precipitated during aging at 100°C. 


The carbides precipitated along former dislocation 
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Fic. 5. Carbide precipitation in Fe—( 


lines also become sources of new dislocations during 
subsequent straining. This process leads to a high 
dislocation density along these former dislocation 
lines, and probably contributes to the formation of 
The 


carbides in such arrays can be broken up into very 


the cell structure during cold rolling (Fig. 12a). 


small fragments by the concentrated deformation, 
which explains the long trails of shattered carbides 
that 


irons. ' 


can be extracted from deformed low-carbon 


1) 

No clear evidence was found for the formation of 
dislocation loops around the precipitate particles by 
of the 
generated elsewhere (Figs. 12b and c). The relatively 
9) 


interaction precipitates with dislocations 
simple pictures presented by previous workers‘? 
must be modified to provide for the complication of 
the particles themselves being a principal source of 


dislocations. Thus, a dislocation line moving through 
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4, 


80.000 


a region containing noncoherent precipitate particles 
(Fe,C) will interact with the dislocations thrown off by 
In effect, the 


will be considerably reduced. 


the particles. ‘interparticle spacing”’ 

Because of the inhomogeneity of strain previously 
mentioned, some carbide particles lying in highly 
deformed regions remain unaffected by cold rolling, 
and apparently do not act as sources of dislocations 
(Fig. 12d). 

DISCUSSION 

1. Kinetics of precipitation: Nucleation and growth of 
carbide particles 

Precipitates were observed after 1 min aging at 
200°C (Fig. 1) after about 3 min at 175°C, and in less 
than | hr at 100°C. All of these results are in excellent 
agreement with the time required for the removal of a 
measurable amount of carbon from solid solution at 
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-Mn-C alloy aged 24 hr at 100°C, 40,000 


7. Carbides precipitated on {100}, in Fe—C alloy aged 24hr at 100°C. 36,000 
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Fig. 8. 


these temperatures, as measured by internal friction 
in alloys with similar carbon content.79"+!®) Previous 
rate determinations based on extraction replicas) 
were erroneous because of failure to extract carbide 
particles in the early stages of growth. Thus from 
current results, there is no reason to doubt the validity 
of internal friction measurements of the rate of pre- 
cipitation of carbon from ferrite. 

The available information on the rate of precipitation 
of carbon from alpha iron has been summarized 
recently by Doremus"?). The removal of carbon from 
solid solution is commonly represented by the empirical 


equation 


n 


| exp ‘| (1) 


where 

fraction precipitated 

time 

constants. 
This equation describes satisfactorily the internal 
friction data, although there is some deviation at the 
earliest and latest stages of precipitation. The values 
of n for Fe—C alloys change with carbon content and 
with aging temperature. 

Doremus"), and Leslie et al.*)) have noted 
that the rate of precipitation of carbon can become 
anomalously high at low aging temperatures and this 
high rate has been correctly attributed"*) to a change 
nucleation from nucleation on dis- 


in the process, 


locations only to nucleation within the matrix plus 


Carbides precipitated on {100', in Fe 
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Mn-C alloy aged 24 hr at 100°C, 16,000 


the internal 
friction measurements did not reveal that the process 
the Fe—C 


occurs at aging temperatures as high as 200°C, (Fig. Ic) 


nucleation on dislocations. However, 


of nucleation within matrix in an alloy 


and becomes more and more predominant as the aging 
The 


change in rate of precipitation of carbon at about 


temperature is decreased. apparent sudden 


60°C°”) is not due to the onset of a new nucleation 
process at that temperature, but rather to a change in 
the proportion of carbon that precipitates at the 
matrix sites as compared to the dislocation sites. At 
high aging temperatures, the carbides at the dis- 
locations grow at the expense of the carbides in the 
matrix, but at low aging temperatures, the carbides in 
the matrix grow to become larger than those on the 
dislocations (Fig. 9c). 

Nucleation of carbides at dislocations is nearly 
independent of time, i.e. all the dislocation sites are 
occupied very early in the precipitation process. This 
is another example of saturation of sites by nuclei.‘ 
This is not true for nucleation in the matrix; at low 
aging temperatures the number of nuclei increases 
with time at least in the Fe-Mn-C alloy, (Fig. 9), which 
may be another cause of the anomaly in rate of 
precipitation. 

Doremus"”) has speculated on the nature of the 
matrix nucleation sites and has concluded that they 
are probably not collapsed vacancy rings, because of 
the very small distance that a vacancy could move 
The 


same conclusion can be reached by another method. 


during the low-temperature aging treatments. 
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C. 7.2 DAYS 


Carbide precipitation in Fe-Mn-—C alloy at 60°C 


Fia. 9. 


From Fig. 5 one can calculate the number of nucleation 
sites per cm? as follows: 

The foil thickness is about 1500 A, 
measuring the width of carbides on {110} planes 
projected onto a {111} plane. From Fig. 5, there are 
10!° particles in a volume of 1 I 1.5 
10'4 per This amounts 


obtained by 


about | 
10 
to about one nucleation site per 10° iron atoms and 
The average 


> em, or about 7 
about one per 7 104 carbon atoms. 
spacing between nucleation sites is about L000 A. It 
is probable that these particles originate at quenched- 
in lattice defects of which vacancies seem the most 


likely. There is no reliable means for calculating the 


equilibrium number of vacancies in iron at 730°C, but 


IRON ALLOYS 


B. 64 HOURS 


15.000 15,000 


this was estimated by use of the relation given by 


CottrellG” 
exp 
where 


n 
mole fraction of vacancies 


U energy of formation of a mole of vacancies 


For lack of a better choice, ’ was considered equal to 
half the activation energy for self-diffusion in alpha 
or 34,000 at 730°C; 


10-7:°, or there are from 1 to 10 vacancies per 


iron, cal/mole therefore, 


n/N 


precipitate particle, if all the vacancies present are 
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FRACTURED 
CARBIDE 


Fic. 10, Fracture of Fe,C in foil deformed after thinning. Fe 
< 20,000 


ito 


retained during quenching and aging. This number is 
insufficient to provide the necessary 
collapsed vacancy rings. Such rings have been noted 
in alpha iron after quenching from 1440°C, followed 
by aging at 500°C.“® To determine whether similar 
rings could form after quenching from 730°C and aging 
at 100°C, a sample of the zone-melted iron was so 
The 


A very few circular figures resembling dis- 


treated. resulting structure is illustrated in 
Fig. 13. 
location rings were seen, but these were present in 
extremely small numbers, very much less than the 
number of carbide particles precipitated in the Fe—C 
alloy. Unless the vacancy concentration is a function 
of the carbon content, it is obvious that the nucleation 
sites are not collapsed vacancy loops. The principal 
feature of Fig. 13 is that it shows a grain boundary 
source of dislocations which was probably activated by 
the quenching stresses. It is concluded that 

(1) The carbide precipitate in the matrix probably 
nucleates at single vacancies or at groupings of small 
numbers of vacancies, 
or 

(2) This is an instance of homogeneous nucleation 


in solids. 


number of 


1961 


Mn-C alloy, aged 65 min 


The conclusion that the carbides precipitated during 
low temperature aging nucleate at single vacancies or 
at small vacancy groups receives some indirect support 


from Fig. 14. Even though there is no visible pre- 


cipitate in the grain boundary, a zone about 3500 A 


wide adjacent to the boundary also contains no pre- 
cipitate. This can be interpreted as due to a depletion 
of vacancies caused by diffusion to the grain boundary, 
i.e. the “grain boundary depletion zone” is depleted 
not of carbon, but of vacancies which could serve as 
nucleation sites. 

As previously observed, nucleation of carbides on 
dislocation lines frequently, and perhaps generally, 
does not occur uniformly, but rather at discrete spots 
(Figs. la and ec, 2b, 9c). These particles then grow 
The nature of these sites is unknown, but 
(4) 


together. 
jogs have been suggested. 

It is interesting to note that the nucleation site did 
not appear to influence the phase precipitated. For a 
given aging treatment, the habit of the carbide was 
{100} regardless of whether the 
the 


either {110}, or 
particles originated at dislocations or within 
matrix. 

The first serious attempt to measure the rate of 
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Fic. 11. Fe,C particles acting as dislocation sources. Fe-Mn—C alloy, aged 24 hr at 100°C, then cold rolled 3 per cen 
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COLD-ROLLED 5% 


he 


C. COLD-ROLLED 10% 


40,000X 


Fic. 12. 


growth of carbide particles, as distinct from the rate 
of precipitation, was done with extraction replicas.) 
The results were incorrect, for, as previously noted, 
the particles formed during brief aging treatments 
were not extracted. Another attempt was made in 
this investigation to determine the rate of growth as a 
function of the aging time. The maximum dimensions 
of the carbides were measured on micrographs of foils 
of the Fe—Mn-C alloy aged at 200°C, because of the 
relative simplicity of the precipitation process in this 
instance; nucleation occurred only on dislocations and 
only one carbide phase, Fe,C, was involved. As shown 
in Fig. 15, the results can be represented by an equa- 
tion of the type 


rate of growth = Kt" 


Disiocations and precipitated carbides in cold-rolled F 
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24,000X 


D.COLD-ROLLED 53% 32,000 
AFTER AGING 1 HOUR AT 200°C 


(D). 


e-Mn-—C alloy. Specimens aged 24 hr at 100°C, except 


The slope, n, was —1.16 and the relationship was valid 
at least to the time at which roughly 80 per cent of 
precipitated. several in- 
stances, both 


specimens, it has been shown that the fraction of 


the carbon was 


(10,12,17) for strained and unstrained 


carbon precipitated could be represented by 
W = Kt 


with in the range 0.5-1.5. 

Thus, rate of growth and fraction of carbon pre- 
cipitated are probably inversely proportional, at least 
in specimens in which only one type of nucleation site 
is operative and in which only one carbide phase 
precipitates. However, the significance and generality 
of this overestimated. 


conclusion should not be 
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3. Structure of zone-melted iron quenched fron 730°C, 
then aged 24 hr at 100°C. < 40,000 


Attempts to derive a general expression for the rate 
of growth of carbide particles during the quench-aging 
of ferrite encounter the following difficulties: 

(1) re-solution of fine particles before the matrix 
is depleted in carbon (Figs. le and d); 

(2) a change in the carbide phase with temperature 
or with time at constant temperature; 

(3) a change in nucleation sites with carbon concen- 
tration and with temperature; 

(4) a possible change from nearly time-independent 
the 
the 


nucleation to time-dependent nucleation as 


nucleation sites change from dislocations to 
matrix; 

(5) gross inhomogeneities in the distribution of 
dislocations. Thus, particles nucleated in a network 
of dislocations will not grow at the same rate as a 
particle on an isolated dislocation, because of the much 
higher density of nuclei and the very rapid depletion 
of carbon; 

(6) the complexities of growth of the particles, and, 
in particular, the very high axial ratio (20 or 30:1) 
of the platelets making up the dendrites; 

(7) the general overlapping of the diffusion fields of 
neighboring particles. 

In view of all these complications, it is highly 
doubtful that any generally applicable expression for 
the growth of carbide particles can be developed; it 
is even questionable whether further effort in this 
direction is justified. 

2. Carbide phases precipitated during quench-aging 

In all of the aging experiments in this investigation, 

the carbide particles adopted only two habit planes, 


{110}, and {100},. As previously mentioned, no 
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14. 


Grain boundary depletion zone in Fe aged 300 min at 
20.000 


identifiable electron diffraction patterns were obtained 
from any of the carbides formed, so differentiation had 
There is 
110}. is 


to be done on the basis of the habit plane 
little doubt that the 
cementite, but the 
{100}, is still uncertain 


formed on 
the 


carbide 
identification of carbide on 
On the basis of a few electron 


diffraction rings obtained from a polished and etched 


surface, Doremus and Koch"® have suggested that 


this carbide has a body-centred tetragonal structure 
with a c/a ratio of 1.03. The structure suggested is 
similar to that of martensite, and is isomorphous with 


the «” phase (Fe,,N.) in the iron—nitrogen system 


This proposal is consistent with the } 100}, habit and 


with the greater volume ot precipitate formed in the 
Fe—0.014 C alloy as compared with that in the Fe-0.45 
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Fic. 15. Time dependence of 
particles in Fe-Mn—C alloy at 200°C, C 
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Mn-0.017 C alloy after aging for identical periods at 
100°C, (Figs. 4,5,6,7 and 8). It is reasonable to expect 
that the phases precipitated during aging in the Fe—N 
and Fe-C systems would be analogous, but the deter- 
mination of the composition and structure of this 
carbide remains an interesting problem. 

The reason for the selection of the {100}, habit is 
unknown, but this habit is common for precipitates 
formed at low temperatures in alpha iron. It has been 
observed in Fe-N, Fe-Mo, Fe—-W, Fe—Au and Fe-Zn. 
It is probable that the choice of the habit is related 
to the necessity for minimizing the strain energy 
developed during growth of the particle, and to the 
minimum in the modulus of elasticity in (100), 


directions. 


3. The solubility of cementite in alpha iron 

As pointed out by Darken several years ago," 
there is a large discrepancy in the value for the 
enthalpy of solution of cementite in alpha iron as 
determined from internal friction (9700 cal)" and as 
determined from combination of the enthalpy changes 


of the reactions 


15.600 
10.100 
5,100 


AH, 

AH, 
AH. 
AH, 


( 


(gr) 
(gr) 


3Fe,,) 


20,600 cal 

It had been thought"® that the discrepancy might 
be due to variation of these enthalpy values with 
temperature, but later evidence indicates that such 
variations would be slight. A solution must be looked 
for elsewhere. 

As noted earlier in this paper, the carbide phase 
which precipitates during the low-temperature aging 
of Fe—C alloys is probably not Fe,C, but a metastable 
phase, necessarily having a greater solubility than 
Fe,C. 
temperature equilibration prior to measurement by 


If this phase precipitated during the low- 


internal friction of carbon in solid solution, then the 
result would be higher than the true solubility of Fe,C. 
The lowest equilibration temperature employed in the 


internal friction experiments was 150°C,° and, as 
TABLE 2. 


Carbon 
content 


Alloy 


0.029 
0.014 
0.017 


3.25% Si-C 


‘e—0.45% Mn-—C 
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indicated herein, the metastable carbide can form at 
this temperature. The internal friction data point at 
this temperature was high,'2°) and apparently de- 
creased the slope of the per cent C versus 1/7’ plot, i.e. 
the enthalpy of solution. This factor alone, however, 
cannot explain all of the discrepancy between the 
internal friction solubility and the solubility deter- 
mined by “‘classical’’ means, for internal friction gives 
higher values even at temperatures at which only Fe,C 
would precipitate. The reason for the different results 


from the two procedures remains obscure. 


4. The effects of alloying elements on precipitation of 
carbon from ferrite 

The effects of alloying elements on this process have 
now been studied in some detail in two instances, 
silicon at 3.25 per cent’? and manganese at 0.45 per 
cent. At constant carbon content, these two elements 
alter the temperatures at which two changes occur: 

(a) The aging temperature at which the metastable 
carbide appears; 

(b) the temperature at which nucleation begins 
within the matrix, independent of dislocations. 
Their effects are opposite; silicon raises these two 


temperatures, whereas manganese decreases them. 


The data are summarized in Table 2. The tempera- 
tures shown are valid only for the particular alloy 
compositions and thermal and mechanical treatments 
used; they will vary with carbon content and with 
dislocation density as well as with the concentration 
of the substitutional solute element. The data for the 
Fe-3.25°%, Si-0.029°%, C alloy were taken from Fig. 12 
of Ref. 21, which shows two anomalous increases in 
the rate of isothermal precipitation of carbon from 
silicon ferrite. One, occurring at about 600°C, was 
obviously due to a change in the carbide phase, but 
the nature of the second increase at about 400°C and 
below was not so clearly evident at the time Ref. 21 
was written. It is now quite certain, however, that 
this rate anomaly, as in iron—carbon alloys, is due to 
precipitation at sites not related to dislocations (Fig. 
14, Ref. 21). 

There remains some doubt as to whether the metast- 


able carbide precipitated from the Fe—Si-C alloy is 


Effect of silicon and manganese on the precipitation of carbon from solid solution in ferrite 


Temperature at 
which nucleation 
starts in matrix (°C) 


Temperature 
of change of 
carbide phase (°C) 


600 
150 


9 


(below 60) 


Vol. 9 
400 
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the same as that precipitated from Fe—-C. Both phases 
have the same habit, {100},, but the carbide in Fe—-Si-C 
is lenticular,’ whereas the carbide in Fe-C can be 
dendritic. 

Alloying elements can cause the observed effects on 
the precipitation process by several means, the most 
likely of which are: 

(a) changing the activity coefficient of carbon in 
ferrite, at the solution temperature, thereby changing 
the degree of supersaturation at the aging temperature; 

(b) changing the composition of the precipitated 
carbide; 

(c) controlling the nucleation sites. 

The first of these possibilities seems the most likely. 
The rate of carbon precipitation in Fe—C at a constant 
aging temperature is markedly increased by increasing 
the carbon content, up to the maximum soluble in 
ferrite, and the occurrence of the anomalous change in 
rate is also controlled by the carbon concentration, 
i.e. the degree of supersaturation.“*) Thus, the 
presence of alloying elements probably is not an 
essential pre-requisite for the shifts in the temperature 
of the phase change or the temperature at which 
nucleation appears in the matrix. At constant carbon 
content the alloying elements can produce such shifts 
by changing the activity coefficient of the carbon and 
the degree of supersaturation. There does not seem 
to be any reliable data for the effect of manganese on 
the activity coefficient of carbon in ferrite, but judged 
by its effect upon carbon in austenite,"** it should 
decrease the activity coefficient of carbon in ferrite. 


Silicon is known to increase the activity coefticient of 


carbon in ferrite.‘**) This is consistent with the data 
presented in Table 2, which indicates that the driving 
force for precipitation decreased in the order Fe—Si-C: 
Fe-C: Fe—Mn-C. 

At the low aging temperatures employed, the 


content metastable 


manganese of the cementite or 
carbide must be the same as that of the matrix. Gurry 
et al.“2*) found that the manganese content of cementite 
increased very slowly relative to the matrix during 
tempering at 370°C. No change in composition of the 
carbides can be expected during aging at 200°C and 
below. 

Because of the higher temperature at which the 
metastable carbide precipitates in Fe—Si-C alloys, it is 
probable that silicon can diffuse away from the 


growing particle, and the particles precipitated at high 


temperatures will have a lower silicon content than 
the matrix into which they are growing. This situation 
will change at lower aging temperatures, and the 


composition of the carbide will be a function of the 
aging time and temperature. The rate of growth and 
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morphology of the metastable carbide precipitated 
from the Fe—-Si-C alloy may be related to the necessity 
for diffusing silicon away from the growing particle, 
and similarly, the surprising stability of the lenticular 
carbide”) may be due to the necessity for diffusing 
silicon away from growing cementite particles 
Substitutional elements may affect the precipitation 
process by determining the sites at which nucleation 
occurs. For example, nucleation of cementite, 
(Fe,Mn),C, might be 


greater than average numbers of manganese atoms 


favored in regions containing 
During aging, the manganese atoms are immobile, but 
carbon atoms will diffuse down activity gradients to 
The 


required to form the new lattice of cementite may be 


manganese concentrations activation energy 
less at these sites because of their higher-than-average 


In high- 


purity Fe—C alloys there is much less opportunity for 


concentrations of carbon and manganese 


such carbon concentrations to occur during low- 


temperature aging, and when they do occur, nucleation 
of a phase resembling alpha iron may be easier than 
nucleation of cementite. The suggested «” structure 
has a martensitic, expanded alpha-iron lattice, and 
may form from the matrix by shear. During aging of 
low-carbon iron-silicon alloys the carbon would be 
expected to diffuse away from regions having higher- 
than-average silicon concentrations: such regions 
might be thought of as ‘‘anti-nucleation sites” 

The effects of alloying elements on internal friction 
caused by carbon have been investigated,°.?® with 


Wert”) 


10°C’ was 


results that differ from these presented here 
found that the rate of diffusion of carbon at 
unaffected by additions of 0.5 per cent Ni, Cr, Mn or V 
or by 0.9 per cent Mo, and that the rate of precipitation 
at 150°C was the same as in Fe—-C; except for the alloy 


containing vanadium, in which precipitation was 


considerably faster. These alloys contained consider 
ably different concentrations of carbon, which tend to 
complicate any interpretation of the results. Lager- 
berg®?® found that 0.52 and 0.83 per cent manganese 
caused a slight reduction in the height of the internal 
friction peak at constant carbon concentration, but 
that 


manganese 1n 


concluded there was no interaction between 


carbon and ferrite and, therefore, no 
change in activity of carbon due to the presence ot 
is difficult to reconcile 


manganese. This conclusion 


with the present results 


5. Correlation of me chanical prope rties and structure 


Orowan’s equation 


ol. 9 

Gh 
T T 
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where 

yield stress 

vield stress of an alloy with large d 

shear modulus 

interparticle spacing 

Burgers vector of the dislocation line 

constant, 
for the strength of an alloy containing dispersed 
particles™ has been successfully applied recently to 
iron—molybdenum alloys containing uniformly dis- 
persed particles of intermetallic compound.?” It 
seemed possible that this relationship might be applied 
to aged iron—carbon alloys, but several difficulties 
intruded. The distribution of particles was highly non- 
uniform, two distinct configurations were present (long 
chains of particles on dislocation lines, single particles 
in the matrix), and the particles were themselves 
sources of dislocations. For these reasons, it is 
difficult to assign unique values to d, the interparticle 
spacing, and the relationship between d and yield stress 
for the Fe—-0.45 Mn-0.017 C alloy, shown in Fig 16. 
is only semi-quantitative, at best. The yield stresses 
were taken from Ref. 1. It is obvious, however, that 
the major changes in mechanical properties during 
aging begin when precipitation occurs in the matrix, 
independent of dislocations. 

Data from Leslie et al.) (Table 3) indicate that Fe,C 
may be a more potent strengthening agent than is the 
metastable carbide, despite the evidence that the latter 
is the more voluminous precipitate. The Fe—C alloy 
contains the metastable carbide after aging at 40°C; 
whereas the carbide in the Fe-Mn-C alloy is almost 
certainly cementite. The greater strength of the 
Fe—Mn-C alloy after aging may be partially due to the 
slight difference in carbon content, but it is more 
probably due to the characteristics of the precipitates. 
The metastable carbide may share in the plastic 
deformation of the matrix, but the Fe,C does not and 
so is probably a more effective barrier to dislocation 
This might be worth closer 


movement. point 


examination. 


TABLE 3. 
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chanical properties of 
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15,000 


£19,000 + 


dicm x10°) 


PRECIPITATION ON 
‘\ | DISLOCATIONS ONLY 


PRECIPITATION ON 
DISLOCATIONS AND 
WITHIN THE MATRIX | 


~ 


YIELD POINT AFTER SLOW COOLING 
1000 2000 3000 4000 5000 6000 
dA 
Fic. 16. Approximate relationship between yield stress and 
carbide spacing in aged Fe—0.45 Mn-—0.017 C alloy. Grain size 
ASTM 3-4. 
The improvement of low temperature ductility of 
ferrite by a fine dispersion of carbides is now well 
established.“.?®) 


posed") was that such carbides improved ductility by 


The explanation previously pro- 
acting as sources of dislocations at low temperature 
but not at room temperature, thus increasing the 
uniform deformation at low temperatures. This ex- 
planation may still be valid, but it must be modified, 
since it has been observed that fine carbides are a 
source of dislocations during deformation at room 
11). It that 


carbides might be surrounded by dislocations genera- 


temperature (Fig. was thought fine 
ted during cooling to the low temperature, before 
external stresses are applied. These dislocations could 
move during subsequent loading, without the necessity 
for the generation of new sources. The formation of 
dislocations around large carbide particles during the 


slow cooling of Fe—C alloys is a common observation 


‘and Fe-Mn-C alloys" 


(a) Cooled slowly from 730°C 


Alloy Yield stress (Ib/in*) 


Fe—Mn-—0.017 C 17,700 
Fe—0.014 C 20,350 


Hardness (DPH) 


Tensile stress (lb/in?) 


37,350 70 
36.000 


») Quenched from 730°C, aged 48 hr at 40°C 


36,100 
28,350 


“e—~Mn-—0.017 C 
“e—0.014 C 


57.700 


48.850 
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in this laboratory and elsewhere. These dislocations 
are generated by the stresses caused by the difference 
in coefficient of thermal expansion between the carbide 
and the ferrite. When fine carbides are precipitated 


aging temperatures, the stresses generated 


at low 
during cooling to rocm temperature are too low to 
form dislocations. When cooling was continued to 
sub-zero temperatures, however, no dislocations were 
generated at the fine particles. No wholly satisfactory 
explanation of the improvement of low-temperature 
ductility by fine carbides is at hand. 


CONCLUSIONS 
(1) During the quench-aging of iron-carbon alloys, 
two changes occur as the aging temperature is 
decreased : 
(a) The precipitate changes from Fe,C to an un- 
identified carbide; 
added to 


the matrix is 


nucleation on dislocations. 


(b) nucleation within 
(2) The temperatures at which these changes occur 
are governed primarily by the activity of carbon in 
the specimen at the solution temperature. Increased 
activity raises the temperature at which the changes 
occur. 
(3) The 


changing the carbon content or by addition of sub- 


carbon activity can be controlled by 


stitutional solutes. By lowering the carbon activity, 
manganese decreases the temperatures at which the 
changes occur; silicon raises the activity and the 
temperatures of the changes. 

(4) At aging temperatures where nucleation occurs 


only on dislocations, the nucleation is independent of 


Nucleation within the matrix may be time 


dependent. 


time. 


(5) The matrix nucleation sites may be either single 
vacancies or groupings of small numbers of vacancies, 
or this may be an example of homogeneous nucleation. 

(6) The carbide phase precipitated does not depend 
upon the type of nucleation sites. 

(7) The aging period required for the first appear- 
ance of a precipitate agrees with the time required for 
the removal of a measurable amount of carbon from 
solid solution, as measured by internal friction. 

(8) The anomalous increase in rate of precipitation 
at low aging temperatures, observed by internal 
friction and other means, is due to nucleation and 
growth of carbide particles in the matrix. 

(9) Internal friction measurements of the solubility 
of cementite in ferrite at low temperatures may be in 
error because of the precipitation of the metastable 
carbide. 

(10) At aging temperatures where nucleation of 
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carbides occurs only on dislocations, the rate of growth 
of the carbides is inversely proportional to the fraction 
of carbon precipitated 

(11) The great complexity of the nucleation and 
growth process makes the development of a general 
expression for growth of carbides unlikely 

(12) Cementite particles precipitated during aging 
are sources of dislocations during subsequent straining 
at room temperature 

(13) Fine cementite particles do not share in the 
plastic deformation of the matrix; fracture of the 
particles is common 

(14) Carbides 
quenched and aged specimens are too W idely spaced to 
The 


major changes in mechanical properties are brought 


precipitated upon dislocations in 


have much effect upon mechanical properties 
about by precipitation within the matrix 


(15) The 
quench-aging of iron—carbon alloys are the identifica 


principal unknowns remaining in the 
tion of the metastable carbide, the nature of the matrix 
nucleation sites, and the mechanism of strengthening 


by the metastable carbide 
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SUPERPARAMAGNETISM IN Au-Ni ALLOYS* 
F. B. KOCH,+t J. M. SIVERTSEN?+ and R. C, SUNDAHL*+ 


A magnetic investigation of the aging process at low temperatures in the gold—nickel system has been 
made. It was found that when alloys of 20—40 at. % nickel in gold were aged at temperatures between 100 
and 200°C, an increase in the paramagnetic susceptibility was observed 

Supersaturated solid solutions were formed by homogenizing the alloy in the single phase region and 
quenching rapidly to room temperature. The magnetization curve was then measured at various tem 
peratures. After aging the sample for predetermined time intervals, the magnetization curve was re 
measured. The changes which occurred indicated that very small superparamagnetic clusters rich in 
nickel atoms were being formed as a result of the aging. As is ty pical of such aging processes, the most 
rapid changes occurred almost immediately and the rate of clustering decreased with time from this initial 
maximum. Evidence was found that the clusters do not continue growing indefinitely, but rather, reach a 
maximum cluster size of at most a few hundred atoms and then cease to grow. It is felt that the large 
disregistry possible between nickel-rich clusters and the lattice suggest that coherency strain energy may 
be an important factor limiting the growth of the clusters 

SUPERMAGNETISME 


DANS LES ALLIAGES Au—-Ni 


Les auteurs ont étudié par voie magnétique le processus de vieillissement & basse température dans le 
systéme or—nickel. Ils ont observé un accroissement de la susceptibilité paramagnétique dans les alliages 
de 20 & 40 at. % de nickel vieillis 4 des températures comprises entre 100 et 200°C 


Des solutions solides sursaturées ont été formées en homogénéisant l’alliage dans la région a phase 


unique et en le trempant rapidement a la température ambiante. La courbe de magnétisation a été alors 


mesurée a différentes températures. La méme mesure a été refaite aprés avoir vieilli léchantillon pendant 
Les modifications observées indiquent que le vieillissement 


différentes durées choisies a lavance. pro 


voque la formation de trés petits domaines superparamagnétiques riches en nickel. Ainsi qu’il est courant 
dans de tels processus de vieillissement, les changements les plus rapides se produisent presque immédiate 
Les 


résultats expérimentaux montrent que ces domaines ne continuent pas & croitre indéfiniment, mais qu’ ils 


ment, et la vitesse de formation des domaines décroit avec le temps aprés ce maximum initial 


atteignent une dimension maximale correspondant au plus & quelques centaines d’atomes, et qu’ils 

cessent alors de croitre. I] est possible qu'il existe de fortes différences réticulaires entre le réseau initial 

et les domaines riches en nickel, et que la valeur élevée de l’énergie de déformation liée a la cohérencs 

constitue un facteur important dans la limitation de la croissance de ces domaines 
SUPERPARAMAGNETISMUS VON Au—-Ni LEGIERUNGEN 

Der Aushartungsvorgang wurde im Gold—Nickel System bei tiefen Temperaturen magnetisc} 

At.% 


100 und 200°C wurde eine Zunahme der paramagnetischen Suszeptibilitaét gefunden 


unter 


sucht. Beim Auslagern von Legierungen aus Gold mit 20—40 Nickel bei Temperaturen zwischen 


Ubersattigte feste Lésungen wurden durch Homogenisieren der Legierung im einphasigen Bereich 
Die bei 


vorbestimmten Kurve 


und rasches Abschrecken auf Raumtemperatur hergestellt. Magnetisierungskurve wurde dann 


Nach 


Anderungen zeigen an, da®B sich als Folge 


verschiedenen Temperaturen gemessen. Auslagerungszeiten wurde di 
Auslagerung kleine 


Wie es 


statt 


wieder gemessen. Die aufgetretenen det 


superparamagnetische Bereiche bilden, die an Nickelatomen angereichert sind (Clusters fur 


solche Auslagerungsprozesse typisch ist, fanden die schnellsten Anderungen fast sofort und di 


Geschwindigkeit der Clusterbildung nahm im Lauf der Zeit vom anfainglichen Maximalwert ausgehend 


ab. Es fanden sich Hinweise, daB die Clusters nicht unendlich groB werden, sondern vielmehr eine 


Maximalgr6éBe von héchstens einigen hundert Atomen erreichen und dann aufhéren zu wachsen. Vermut 
Gratter zu emer 


lich fiihrt die groBe Differenz der Passung zwischen den nickelreichen Clusters und dem 


Verzerrungsenergie, die eine bedeutende Rolle spielt bei der Begrenzung des Wachstums der Clusters 


1. INTRODUCTION istic of high temperatures could readily be retained 


The apparent simplicity of the phase diagram for upon quenching to room temperature. A subsequent 


the gold—nickel alloy system (see Fig. 1) hasstimulated aging treatment between 400 and 600°C caused these 


much interest in this alloy; particularly in its aging 
behaviour. Numerous investigations of the aging 
behaviour of gold—nickel alloys have yielded results 
that are summarized in the following. Koster and 


Dannodhl™ showed that the solid solutions character- 


* Received March 21, 1961; revised April 24, 1961. 

+ Department of Metallurgy, University of Minnesota. 

t Now with Ford Motor Company Scientific Laboratory, 
Dearborn, Michigan. 
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solutions to decompose, by a discontinuous reaction, 
into a lamellar mixture of a gold-rich and a nickel-rich 
solid solution. More recent work by Flinn et al. and 
Ang et al. yielded results which corroborate this 
picture. In all cases the property changes that accom- 


panied the phase reaction followed the course of the 


reaction in a way that one would expect for a discon- 


tinuous process. In addition to his aging experiments 


near 400°C, Ang also observed a low temperature 
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°c 


TEMPERATURE, 


20 40 60 80 100 
ATOMIC PER CENT NICKEL 
Fig. 1. Constitution diagram of Au—Ni system. The 
composition range studied included alloys having 20 
40%, (at. per cent) nickel by composition. 


anomaly in the internal friction which appeared to be 
related to a Zener-type of ordering relaxation. De- 
tailed investigations of the aging behaviour in the 
temperature range between 100 and 200°C by Sivertsen 
and Wert™), and more recently by Cost), were made 
to pin down the nature of this low temperature 
Their the 


physical properties such as electrical resistance, hard- 


phenomenon. results show changes in 


ness, etc. that exhibit many similarities to the changes 
which occur with G—P zone formation in precipitation 


hardening alloys. The electrical resistivity measure- 
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ments of and Wert") shown in Fig. 2 


illustrate this point. The initial maximum that occurs 


Sivertsen 


during the first few minutes of aging was attributed to 
a “resonance scattering’ of conduction electrons by 
clusters of critical size; coherency strains might also 
be responsible for this behaviour. It is also to be noted 
that in Fig. 2 the resistivity exhibits a reversion 
behaviour after a subsequent aging for a short time at 
300°C. This behaviour is well explained by a clustering 
mechanism since the clusters would be metastable at 
high tend to 


although at a lower temperature than do the equilib- 


temperatures and thus re-dissolve, 
rium phases. 

The hardness studies of Cost) show the expected 
increases in hardness for the aged alloys with one 
important distinction. In this case the alloys differed 
from previously studied systems in that overaging did 
not occur. Even after long aging times and relatively 
high aging temperatures, the hardness continued to 
increase. In addition, microstructural studies by light 
and electron microscopy revealed no changes in micro- 
structure. This result, coupled with the high tempera- 
ture short range order measurements of Flinn e¢ al. 
might lead one to believe that in fact small regions or 
“domains” of ordered material formed during the 
aging. The previous studies of Sivertsen and Wert‘ 
would not contradict this. Recent X-ray studies by 
Sundahl Sivertsen®, that no 


superlattice lines appear on aging and that there is 


and however, show 


possibly even a small decrease in local order. This 
still does not preclude very small ordered regions being 
formed. 

On the other hand, if nickel-rich clusters are being 


formed, a magnetic investigation should provide a 
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Aging behaviour of a 30 at. per cent nickel 


alloy followed by reversion treatment at 315°C. (After 
Sivertsen and Wert‘). 
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KOCH et al.: 
sensitive means of detecting this. Any tendency to 
increase the number of nickel—nickel nearest neighbor 
pairs would increase the amount of ferromagnetic 
interaction. 
were clustered 


If more than a few nickel atoms 


together (possibly as few as five), we might expect the 


cluster to behave superparamagnetically.* 


2. EXPERIMENTAL PROCEDURE 
AND RESULTS 

(a) Pre paration of Spe cimens 

The specimens used in this study were prepared 
from powdered gold and powdered nickel, each of 
99.9 per cent purity. A mechanical mixture of the 
appropriate amounts of each powder was vacuum 
melted in high purity recrystallized alumina crucibles 
The melt was held for 10 min at a temperature about 
200°C above the melting point and then the furnace 
was turned off. Cooling was quite rapid and solidifica- 


tion was observed to take place within | or 2 


min. 
To reduce microscopic inhomogeneities, the specimen, 
then in button form was plastically deformed and then 
vacuum annealed for 1 week at 875°C. 

The samples were then swaged down to wires 0.063 
in. and 0.057 in. in diameter, the form used in the 
susceptibility measurements. Between each reduction. 


HNO, to 


reduce the amount of ferrous contamination from the 


the samples were heavily pickled in 50°, 


dies. Several intermediate anneals were also required 
for the specimens due to the extreme tendency of this 


alloy to work harden. When the specimens were 


* The superparamagnetic model is useful in treating the 
magnetic properties of single domain ferromagnetic particles. 
It is necessary for the particles to be small enough and the 
temperature high enough so that the direction of the moment 
of each particle fluctuates thermally. The particles may then 
be treated as an assembly of Langevin dipoles. Since each 
dipole is the sum of all the spins within a particle, the dipole 
moments may be much larger than the dipole 
moments of individual atoms. The excellent review article 
by Bean and Livingston considers this model in more detail.'7? 


considered 


TABLE 


Nominal 
composi- 
tion 
(%) Fe 
20 n.a, 
30 25. n.a. 

37 35.45 n.a. 

32 a. n.a. 


32 32.2% 10-20 
p.p.m. 
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reduced to proper size, they were given a final pickling 
and then were annealed for 27 hr in dry hydrogen at 
875°C. They were then given a final high vacuum 
anneal for 24 hr at 875°C and furnace cooled. 

A specimen was prepared for measurement by a 
homogenizing anneal at the appropriate temperature 
in the solid solution range. Provision was made for 
suspending the specimen vertically in a high vacuum 
it could be 


furnace so that rapidly lowered into a 


quenching bath of silicone oil. A similar arrangement 
was made to quench into water, except that the 
annealing was done in a high purity helium atmos 
phere 

Several of the samples were analyzed by the Lucius 
New York 


analyses are given in Table | along with the nominal 


Pitken Company ol The results of these 
compositions of the various inelts that were made up 
The nominal compositions were determined from the 
weights of the original powders used to make the 
alloys 


measurements 


(b) The 


maqnetu 


The Gouy technique Was employed for making all 


This 
long homogeneous 
field The 
density exerted on a specimen with moment M_ per 


M-\VH 


sample has two contributions to its magnetic moment 


the magnetic susceptibility measurements 


method considers the force on a 
force 


specimen in a non-homogeneous 


unit mass is given by F Let us assume a 


one, due to paramagnetism, given by 7,1, and the 
(the ferro 
If we 


other a ferromagnetic contribution, o 


saturation moment per unit mass) 


magnetic 
assume the ferromagnetic moment is saturated ove 
the region where there is an appreciable gradient, the 
force on a small length of specimen, dF’, can be written 
as 

mdl dH 


dF (7,44 dl 


Composition of alloys 


Composition by analysis 


Type of melting 
furnace 


resistance 

resistance 

a. resistance 

&. resistance 

10 induction 

p-p-m. 
n.a, 


p-p-m. 


n.a, 
n.a. 


induction 


n.a. induction 


Nominal compositions were determined from the weights of original metal powders 


used to make melt. 
n.a. Analysis not available. 


All percentages refer to at. %. p.p.m. Parts per million by weight. 


ol. 9 
961 
melt ‘ 
Co Cr 
l n.a. 
2 n.a. 
n.a. 
n.a. 
1] 4 3 
25 23.74% n.a. 
12 40 n.a. n.a. 
4 
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Integrating over the length of the specimen, we 


obtain: 


Here H’ and H” are the fields at the lower and upper 
ends of the specimen, respectively, m is the mass, and 1 
is the length. 

In the case of a long specimen where the upper end 
is out of the field, the terms in H” drop out. In this 
case a plot of Fl/mH versus H should be a straight 
This 
plot is anologous to a magnetization curve except that 
the slope of a magnetization curve would be 7 rather 
All the data were analyzed in this way. A 


line with slope 7,,/2 and vertical-intercept 


than 7/2. 
small correction was necessary to take account of the 
finite value of H"(H” ~ 0.08H’). All the resulting data 
did plot as straight lines. 

The Gouy method had several advantages which 
were decisive in this particular experiment. First, the 
placement of the specimen was not extremely critical 
as it would be with the Curie method.'®) This was 
important since the specimen was removed from the 
balance between successive measurements so that it 
could be aged in a constant temperature bath. The 
relative accuracy of these successive measurements 
was -++-0.2 per cent. A further advantage of the Gouy 
technique was that the wire specimens employed were 
well suited to quenching because of their high surface 
to volume ratio. 

There were several disadvantages to the Gouy 
method but they did not prove too serious. The first 
disadvantage was that if the sample has a ferromag- 
netic moment which was not saturated over the entire 
length of the specimen the data are difficult to inter- 
pret. It was difficult to quantitatively evaluate this 
source of error, since the field required for saturation 


was not known. However, the fact that straight lines 


TABLE 2. Mass susceptibilities of gold 


Sample Composition x 106 x 
no. AN 300° K 


0.195 
0.384 
0.468 
0.801 
0.796 
0.80] 
0.990 
1.44 

0.712 
0.093 
0.410 
1.38 

3.34 


* Data of Kaufmann et al.'®), 
+ Nominal compositions. 
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were obtained for our magnetization curves indicates 
that this was not a serious source of error. More 
significantly, the value of the vertical—intercept did 


not change during the course of the aging. 


2.0 
-F MASS SUSCEPTIBILITY vs. ATOMIC 
- PERCENT Ni IN Au Ni SOLID SOLUTION 


© 77°K 
| @ 300°K 


77°K 
300°K 


} Kaufman et. al. 


} Our data 


20 
ATOMIC PERCENT Ni 
Susceptibility of Au—Ni alloys quenched from 
The circles represent the data of Kaufmann 
et al, 


Fic. 3. 
880°C. 


A second disadvantage of the Gouy method was 
that any deviation from homogeneity along the length 
of the specimen will represent an error in the suscepti- 
bility determination. A great deal of care was exer- 
cised to homogenize the specimens thoroughly. A 
check of the uniformity along the specimen length 
was made by turning it end for end and remeasuring 
it. The change in susceptibility due to turning the 
wire in this manner was small. The agreement was 


always within 2 


per cent. Since the susceptibility 
was a strong function of composition (see Fig. 3) this 
was a sensitive test. 

The magnetic balance used has been described in an 
earlier paper.) The accuracy of the measurements 


was essentially limited by the accuracy with which the 


nickel alloys in the quenched state 


Quenching 
media 


Homogenization 


oil 
oil 
oil 
oil 
vacuum 
oil 
oil 
oil 
oil 
water 
water 
water 


900°C water 


l 2 l 
1.0 
A 
-4 Vol. 9 
la 207 0.202 
lla 23.74 0.330 880°C 
2b 25.41 0.448 880°C 
32.23 O.817 880°C 
LOa 32.23 0.850 880°C 
10b 32.23 O.817 880°C 
Sa 35.45 1.19 880°C 
12b 10+ 2.54 
Ye 327 0.736 880°C 
° 12.5 0.097 900°C 
* 25.0 0.424 900°C 
. 37.5 1.56 900°C 
* 50.0 27.2 eee 
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magnetic field was known. The calibration of the 
balance was done simply by adding milligram weights 
to one side. Rechecking this calibration over the 6 
months the balance was used showed agreement to 
within +1 per cent. The short term relative accuracy 
of the system was somewhat better than this, being 
within +-0.2 per cent. 

The magnetic field was measured by a bismuth foil 
Hall effect device. This device had been previously 
calibrated against a field known from proton reso- 
nance. The accuracy of this device was +-0.5 per cent 
and this limited the absolute accuracy of the suscepti- 


bility determination. 


(c) Results of the measurements 


Figure 3 shows the susceptibility of the quenched 


alloys plotted versus nickel content. The results of 


Kaufmann et al. are also shown on this figure. Kauf- 
mann’s work refers to specimens annealed in hydrogen 
at 900°C and quenched in water while our results 
refer to specimens annealed in vacuum at 880°C and 
quenched into silicone oil. The difference is apparently 
not too significant as the results are substantially in 
agreement. 

Quenching from lower temperatures in the single 


phase region gave susceptibilities which were slightly 


higher than those shown in Fig. 3. Vacuum cooling 
rather than oil quenching also increased the quenched 
susceptibility slightly. In any case, the quenched 
susceptibilities were no more than 5-10 per cent 
higher than the values shown in Fig. 3. 

The value of the saturation moment on the other 
hand was sensitive to the quenching temperature, the 
highest saturation values being found at the lowest 
quenching temperatures. When a 32 per cent sample 
was quenched from a temperature just above the two 
phase region, a saturation moment of 0.001—0.002 
e.m.u./g the 
made at 77°K, and somewhat less when measured at 


was observed when measurement was 
300°K. As the quenching temperature was raised, the 
saturation moment gradually diminished and finally 
disappeared for quenching temperatures above about 
300°K., 


77°K a small 


850°C when the measurement was made at 


When the measurement was made at 
saturation moment usually was observed, even when 
the sample was quenched from 900°K. However, the 
quenching temperature did not appear to be the only 
factor controlling the size of the saturation moment. 
Annealing the sample in hydrogen at 900°C prior to 
quenching had the effect of suppressing the saturation 
moment. When a sample which had been annealed in 
hydrogen was given a number of quenches from 850°C, 
it was found that the saturation moment at 77°K was 
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Run 8a 
Sample 9e quenched from 
880°C aged at I65°C 


— 27°C 
o— -(96°C 


3 
Kilogauss 


in susceptibility, 


shown by e FilmH 


Fic. 4. The change 


versus H plots, due to aging at low temperatures 


after the first quench hut 


suppressed completely 
gradually reappeared with successive quenches 

It seems likely that the saturation moment was not 
related to the low temperature aging. In no case did 
the saturation moment change as a result of the aging 
Further it was found that differences in the saturation 
moment were not reflected in the aging behaviour 

Low te m pe rature aqdting. The change In the suscepti- 
bility with aging at low temperatures is shown by the 
Fl/mH versus H plots of Fig 


165°C. At no time did the small saturation moment 


observed at 


+ for a typical run at 


77°K change due to the aging treatment 
The increase in susceptibility at 77° K was considerably 
the 300° K 
Most of the incre 


LOO min of 


larger than increase at and could be 
expressed in terms of Curie’s law 
ment observed occurred within the first 
aging for this particular run. The same general ty pe 
of aging behaviour was observed for all of the aging 


treatments except for those specimens which had been 
vacuum cooled. 
All of the aging behaviour was found to be express- 
ible in terms of the following relation 
C(t) 


= x7(T), 
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500 °K 45.4°K 


CHANGE IN X DUE TO AGING vs.1/T SAMPLE Qe 
QUENCHED 880°C AGED 15493 MINUTES AT 114°C 


166.6°K 100°K T1.4°K 55.5°K 
T T T T 


AX/X QUENCHED 


12 


1/Tx 10° 


Fic. 5. Relative changes in 7 due to aging versus 1/7. 


x being the susceptibility per unit mass, 7’ the aging 
temperature in °K and ¢ the aging time. This implies 
that if we plot the increase in susceptibility at aging 
time ¢ versus the reciprocal of the absolute measuring 
temperature we would obtain a straight line passing 
through the origin; i.e. the susceptibility increase 
obeys the Curie law for paramagnetism. Fig. 5 shows 
such a plot. The measuring temperatures used were 
7T7°K, 330°K. 


straight line was obtained within the experimental 


and The predicted 
accuracy. 
affect the 


susceptibility increase that occurred during aging: 


A number of factors were found to 
(1) the aging temperature, (2) the quenching rate and 
(3) composition. 

(1) Samples of 32°, 


at five temperatures between 100 and 190°C. 


nickel composition were aged 
The 
Fig. 6, showing the relative 


results are shown in 


behaviour of the susceptibility versus aging time for 


14 
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each aging temperate used. The primary effect of 
raising the aging temperature was to increase the rate 
of the aging The aging temperature also 


ging process. 


affected the magnitude of the susceptibility increase 
The the 
sample aged at 144°C, with small increases occurring 


observed. maximum increase occurred in 
in samples aged below 144°C. The reason for this may 
be that a steady state had not been reached at tempera- 
tures below 144°C. The aging runs carried out above 
144°C did appear to have reached steady-state values. 
And 
temperatures (165 and 190°C) did result in steady- 


in addition, the changes occurring at these 
state values which were of smaller magnitude than 
the change observed at 144°C, 

Another feature of the aging was that in the case of 
specimens aged at LO0°C and 114°C, a slight initial 
minimum occurred in the first few minutes of aging. 
This minimum was as large or larger in magnitude at 
300°IK. than at 77°K. 

(2) The effect of quenching rate was studied. In 
addition to quenching in oil the specimens were also 
cooled in vacuum and quenched into water. Thus the 
quenching rate was varied by several orders of magni- 
tude. There was no pronounced difference in the size 
of the increase for the three different quenching rates. 
The most remarkable feature of our results (see Fig. 7) 
is the initial period of several hundred minutes where 
the susceptibility change is negligible in the vacuum 
cooled specimen. Similar results were obtained by 
Cost) from his hardness measurements. 

(3) The effect of the composition of the alloys was 
most striking. In Fig. 8 is shown the relative change 
in susceptibility versus log aging time at 144°C for 
samples whose composition varies from 20°, nickel to 


40°, nickel. The most significant feature is the smaller 


[ RELATIVE CHANGE IN SUSCEPTIBILITY AT 77°K vs. AGING 
TIME 32% NICKEL SAMPLES QUENCHED FROM 880°C 


1.29 


1.26 
A.30000M 


AT. 14000M 


1.24 
- @ AT. 15493M 


1.19 


A.T.21800 M_--~* 

Aged at Sample 
100°C 9d 
144°C 9e 
114°C 9e 
164°C 10a 
190°C 9e 


1 
200 400 600 


800 


i 
1000 


AGING TIME (MINUTES) 


Fic. 6. 
at 77°K 
nickel alloys 


versus aging 


aged at 


Relative variation in susceptibility measured 
time for 32 at. per 
various 


cent 


temperatures after 


quenching from 880°C, 
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© Oil quenched 
O Water quenched 
& Vacuum quenched 


il 


PLOT SHOWING EFFECT OF VARIOUS QUENCH MEDIA 
32% SAMPLES QUENCHED FROM 880°C AGED i44°C 


1 


10 100 


1,000 10,000 


AGING TIME (MINUTES) 


Fic. 7. 
at 77°K for 32 at. per 
from 880°C and aged at 


cent 


144°C, 


Relative variation in susceptibility measured 


nickel alloy 


The curves show the 


quen hed 


effect of using various quench media. 


100 


000 


LOG (aging time) 
Aging of samples of various compositions at 144°C 


Fic. 8. 
at 77°K 
composition varying from 

aged at 144°C. * 


log 


versus 


relative increases which occurred at the lower nickel 
contents assuming steady-state conditions had been 
approached. The magnitude of the changes in the 
absolute susceptibility was also sensitive to the alloy 
composition, the magnitude of the changes increasing 
with increasing nickel content. In the case of the 
alloys of 35.45°, nickel and 40°, 


changes in susceptibility were about the same but the 


nickel the relative 


absolute changes differed by a factor of 2. 

In addition to the above factors we also studied the 
kinetic behaviour of the aging process. This included 
the time dependence of the aging and determinations 
The 


data shown in Fig. 6 were analyzed to see if an acti- 


of the activation energy of the aging process. 


vation energy for the aging process could be deter- 


mined. Plots of the log aging time required for a 


aging 


indicates nominal comy 


Relative variation of susceptibility measured 


alloys 


per 


of nickel 


nickel 


time of 


20—40 at cent 


~Osition 


certain percentage of the process to occul should give 
tivatic R when plotted 


versus the reciprocal of the absolute temperature 


a straight line with a slope H, 


Plots were made for points representing 25, 37.5, 50 


62.5 and 75 per cent completion of the 


Parallel straight 


sponding to 37.5 


pre ICCSS 


lines were indeed obtained corre 
50 and 62.5 per cent of the process 
The activation energy obtained from their slopes was 
close to 20 kcal/mole. However, the data correspond- 
ing to 25 and 75 per cent of the process deviated 
considerably from straight lines 

A further complication was that the aging curves 
were not reproducible; e.g.two samples both quenched 
from 880°C and aged at 144°C both showed the same 
form of aging curve and ultimate increase but the 


aging time required for a given increase differed by a 


| 
~ | 
12 | 
| 
Ke) 
| 
— 
‘ol. 9 
961 *— 20%* 
14 23.74% 
25.41% 
o— 32%* 
13 &---- 35.45% 
12 
1 
Ke) 
10 = | 10,000 
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factor of 2. One therefore doubts the significance of 
the activation energy determined. 

The time dependence of increase was also analyzed. 
While there was little doubt that the time dependence 
was similar to the age-hardening systems, it was not 
possible to say anything about the mechanism from 
the time dependence. 

Alloy systems which show age-hardening frequently 
show a recovery or “reversion” of properties after 
partial or complete aging has been carried out at lower 
temperatures. Reversion was observed to occur in the 
susceptibility of the gold—nickel alloys just as had 
been previously observed in the case of electrical 
resistance and hardness of these alloys. The suscepti- 
bility in the reverted condition when measured at 
77°K was almost always lower than the as-quenched 
value (an average of 2.6 per cent lower). On the other 
hand, the susceptibility when measured at 300°K was 
almost always slightly higher than the as-quenched 
value (an average of 0.6 per cent). The 


behaviour depended upon the reversion temperature. 


reversion 


At 240°C reversion occurred at a much slower rate 
than at 300°C. 
100 min for completion as compared to about 1 min 
for completion at 300°C. 
reversion were much shorter than the time required 


Reversion at 250°C required about 
The times required for 


for decomposition of the solid solution indicated by 
the phase diagram. 

One interesting observation was that if an alloy was 
after little the 


susceptibility occurred. A similar observation was 


re-aged reversion, very change in 
made by Cost in his hardness studies.) One of the 
most promising continuations of the present work is a 
more detailed study of the reversion behavior. 
3. INTERPRETATION OF RESULTS 
The measurements reported here show that the 
most important variable affecting the susceptibility of 
the quenched alloy is the composition. For alloys of 
less than 30 at. °% nickel, the susceptibility was nearly 
independent of temperature in the temperature range 
investigated (77-330°K). 
than 30 at. °% nickel, the susceptibility becomes an 


For alloys containing more 


increasingly strong function of composition and 
increasingly temperature dependent. 

The influence of the quenching rate and homogeni- 
zation temperature on the quenched susceptibility is 
small, accounting for changes of 5-10 per cent. This 
indicates the considerable stability of the solid 
solutions. 

The the 


hand, is strongly affected by the homogenization 


observed saturation moment, on other 


temperature and is probably an extraneous effect. 
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We would like to consider the susceptibility increases 


which occurred with aging on the basis of two com- 


peting models; first, on the basis of small nickel-rich 


clusters which behave superparamagnetically, or 
second on the basis of small regions of long range order. 
The temperature dependence in all cases obeyed the 
Curie law, i.e. Ay was inversely proportional to the 
measuring temperature. This is just the temperature 
dependence we would expect if superparamagnetic 
clusters were responsible for the increase. It might 
also be the result of an ordered phase with a suscepti- 
bility which followed the Curie law. 

The composition dependence of the increase also 
favors the clustering mechanism but not in a con- 
clusive way. The susceptibility increases were small 
in alloys of less than 30°, nickel but became increas- 
ingly greater with increasing nickel content. While it 
might be possible that ordering is taking place over a 
broad composition range neither theory nor experi- 
ment justifies this. The critical temperature for the 
process is about 225°C at 30%, nickel and thus it does 
that 


properties resulting from ordering should be observed 


not seem conceivable measurable changes in 


over any considerable composition range at the aging 
temperature we used (~150°C). Yet it was observed 
by Ang et al.) that marked low temperature anomalies 
in the internal friction occurred over the composition 


range of 8—-91% nickel. Hardness measurements 


) 


our 


covering the 15-50°%, nickel range®) and sus- 
ceptibility measurements (20-40°, nickel) all show a 
that 


In addition, 


composition dependence which contradicts 
expected for a unique ordering process. 
theory (in agreement with experiments on Au—Cu) 
predicts restricted ranges of ordering and maxima in 
the critical temperature, composition curve at all 
compositions A,B, AB and AB,, for face-centered 
cubic alloys. The composition dependences for the 
observed property changes show no such tendency. 
Additional evidence aganist ordering was obtained 
from X-ray diffuse scattering studies’ of quenched 
and aged alloys (see Fig. 9). No tendency for forma- 
tion of superlattice lines or short range order was 
observed.* Small variations in the diffuse background 
were observed to result during low temperature aging. 
From the diffusely scattered X-ray intensities we were 
then able to calculate the short range order parameter 


a,. The resulting calculations of «, showed a small 


* The short range order is defined in terms of the coeffic- 
ients «;, which may be positive or negative. The parameter 
x, is defined to be «, l where P, the pro- 
bability of finding an A atom at a distance r,; from a B atom. 
If the solid solution is random P, X, and «@, 0 (except 
that a, 1 since ry 0). If «, is negative then there is a 
probable preference for unlike neighbors. On the other hand, 
if like neighbors are probably preferred, then «, is positive.“!? 
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200 


i i. 


220 Sil 222 


10 20 


9. 


8 


30 40 50 


The effect of aging on the X-ray diffuse scattering of a 36 at. per cent 


nickel alloy quenched from 850°C and aged 8000 min at 150°C. Changes in «,, 


( 0.021) were negligible. 


decrease in «, that was so small that it came within 
experimental error. This would indicate that clusters, 
if present, are of the size estimated from our suscepti- 
bility measurements. However, the diffuse scattering 
measurements provide no really specific evidence for 
clustering. If clustering is responsible, there is an 
interesting parallel in the results of Ryan et al.“®), 
They observed susceptibility changes with neutron 
of the 


composition range which they attributed to superpara- 


irradiation in copper-nickel alloys same 


magnetism, and clustering. Even though we accept 
clustering as the most likely explanation for the 
general aging behaviour there are still questions about 
the details of the process. 

It seems clear that the clusters are a metastable 
decomposition product and not the equilibrium one. 
This is seen from the reversion behaviour and also 
from the way that the susceptibility change depends 
on aging temperature. The fact that no overaging 
occurs and that no microstructural or X-ray evidence 


of the existence of large clusters was found means that 


the clusters do not grow indefinitely. The absence of 


magnetic saturation effects in the superparamagnetic 
assembly enables us to quantitatively fix an upper 
limit on the magnetic moment of the clusters. Since 
significant deviations from linearity in the Langevin 
function begin when uH/kT > 1, the particle moments 
must be less than k7'/H. Substituting H = 6000 G, 


(After Sivertsen and Sundahl'' 


and 7’ 300°K, we can conclude that ya is less than 
17 
tion 


18 


10 

that 
magnetons as it does in bulk pure nickel, each cluster 
Of 


If we make the extreme assump- 
0.6 


ergs/G 


each nickel atom contributes Sohr 


could contain at most 300 nickel atoms course, 
the individual contribution of a nickel atom in such a 
differ 0.6 Bohr 

this the 


order of magnitude of the size of the clusters 


might considerably from 


but 


cluster 
magnetons, calculation does indicate 

The decrease in the rate of aging and the stopping 
of the growth of individual clusters may be due to 
kinetic reasons or to a decrease in the free energy 
which drives the process. It may be that the diffusion- 
enhancing quenched-in vacancies, essential for such 
low temperature aging, are annealing out. On the 
other hand, the stopping of the growth of clusters 
may arise from the influence of elastic strain energy. 

Elastic coherency strain energy between the cluster 
and the matrix plays a very important role in cluster 
formation. When the cluster is small, perfect coher- 
ency or matching of atoms is maintained across the 


interface between the zone and the matrix. If the 


equilibrium atomic spacing differs on each side of 


the interface, an elastic strain energy is required to 
maintain coherency. Because of the large disparity 
between the atomic radii of gold and nickel (16 per 
cent), coherency strain energy almost certainly plays 


An 


an unusually important role in this system. 
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attempt was made to quantitatively estimate the size 
of the coherency strain energy using Nabarro’s formu- 
lation of the problem.“*®) This resulted in an unreason- 
ably high strain energy for even a perfect crystal to 
support. Nabarro’s model, however, assumes linear 
elasticity theory, an assumption which almost certain- 
ly errs in a case where elastic strains of the order of 
0.05 or more exist on an atomic scale. The treatment 
of the problem was further handicapped by the fact 
that the equilibrium spacing of the cluster was not 
known. 

Perhaps a more significant approach to the problem 
is to inquire how the elastic strain energy varies as the 
clusters grow larger. Nabarro’s treatment"®) implies 
that the strain energy per unit volume of precipitate 
remains constant as long as coherency is maintained. 
On the 


precipitation in the copper—cobalt system, concluded 


other hand, Livingston, in his studies of 
that the strain energy per unit volume of precipitate 
is not constant but rather increased as the precipi- 
tation proceeds;"" i.e. the coherency strain energy 
density is a function of particle size. Presumably then, 
the strain energy density will continue to increase 
until (a) the increase in strain energy is sufficient to 
overcome the driving free energy and stop the growth 
or (b) until coherency is lost. The loss in coherency, 
however, is accompanied by a decrease in hardness and 
the system is in the overaged condition. Since no 
overaging was observed, it is possible that the strain 
This 


for a 


energy May cause the clusters to stop growing. 
seems most likely since it would be difficult 
cluster of 300 atoms (being about seven atoms across 
This 


effect of the strain energy is reasonable also from the 


in a sphere) to lose coherency with the lattice. 


kinetics of the susceptibility changes. The importance 
of strain energy in this system would also necessitate 
some kind of heterogeneous nucleation. Possible sites 
for nucleation would exist at defects such as dislo- 
cations or stacking faults. Recently, Sivertsen and 
Sundahl® have observed X-ray evidence that indicate 


that segregation of nickel atoms may possibly be 
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occurring at stacking faults during the aging at low 
temperature. Since dislocations might also serve as 
sites for clustering, this would explain the effect of the 
quenching rate on the induction period. 

The fact that we were unable to obtain sufficiently 
low temperatures and sufficiently high fields for 
Such 
saturation effects would enable us to make a unique 
the 
provide definite proof that superparamagnetic clusters 


saturation of the specimen is disappointing. 


determination of particle size") and would 


were responsible for the susceptibility behaviour and 


not ordering over small regions. We would also be able 
to determine if the average size of the clusters changed 
during the aging process. There is no doubt, however, 
that whatever the structure of the clusters, ordered 
or otherwise, their composition is relatively high in 
nickel. 
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LETTERS TO THE EDITOR 


Snoek-Effekt und Versetzungsdimpfung* 
Elastisch beanspruchte, versetzungshaltige Metall- 


proben erleiden zusitzlich zur elastischen Dehnung 


noch eine Versetzungsdehnung, deren Betrag_ bei 
aumtemperatur etwa 5 Prozent der eigentlichen 
elastischen Dehnung betragt und durch Ausbiegen 
der Versetzungslinien zwischen ihren Ankerpunkten 
zustande kommt.” Bei niedrigen Frequenzen verliuft 
dieser Vorgang in einem reinen Metall dimpfungsfrei. 

Die Dehnungsamplituden in den fiir Snoekdimp- 
liegen 


Unter 


benutzten Torsionspendeln 
10-° und 5 10-°. 


der iiblichen Annahme des plausiblen Wertes von 


fungsmessungen 


normalerweise zwischen 0,5 


10-4 em fiir die Lange 1 der schwingenden Verset- 
zungsbégen ergeben sich nach den bekannten Gleich- 
ungen der Versetzungstheorie Betriige fiir die Schwing- 
ungsamplitude der Linien, die zwischen 20 und 
200 - 10-8 em liegen, das sind 7-70 Gitterabstiinde im 
Eisen. Bei Verkleinerung der Bogenlinge um eine 
Gréssenordnung werden die Amplitudenbetrage wegen 
ihrer quadratischen Abhangigkeit von 1 _ bereits 
kleiner als ein Gitterabstand und fallen nicht mehr ins 
Gewicht. 

Im Falle des «-Eisens muss nun_ beriicksichtigt 
werden, dass sich in den Spannungsfeldern der 
Versetzungen spannungsinduzierte Ordnungsvorginge 
(Snoek-Effekte) an 


Die Bremsung, die dadurch auf die Bewegung der 


Einlagerungsatomen abspielen. 
Versetzungen ausgeiibt wird, ist im Zusammenhang 
mit dem Problem des microcreep und der Theorie der 
Temperaturabhangigkeit der Fliessgrenze des Eisens 
Wie in der Arbeit 


von Schoeck und Seeger“? dargestellt wird, ist den 


mehrfach'?® diskutiert worden. 


Spannungsfeldern der Versetzungen beziiglich des 
Snoekeffektes 


zuzusprechen, weil in einer Entfernung R von der 


nur ein begrenzter Wirkungsradius 
Versetzungslinie die thermische Energie gleich der 


Wechselwirkungsenergie der spannungsinduzierten 
Ordnung wird, welche umgekehrt proportional ihrer 
Entfernung von der Versetzungslinie abnimmt. Nach 
Angaben der genannten Verfasser berechnet sich der 
Wert von 


oberhalb 


R fiir das Eisen in der Nahe und etwas 
von Raumtemperatur zu etwa 15 Gitter- 
abstinden. 

Wie aus der genannten Arbeit ferner hervorgeht, 
erfahrt eine mit konstanter Geschwindigkeit bewegte 
Versetzungslinie dann eine maximale Bremsung, wenn 
sie waihrend der Relaxationszeit der Einlagerungs- 
atome eine Strecke vom Betrage R durchlauft. 
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Die vorerwihnten Untersuchungen™ beziehen sich 
Linie auf die Verhialtnisse bei Schrauben- 
Jedoch gilt 


grundsiatzlich das gleiche, weil auch bei 


in erster 


versetzungen. fiir Stufenversetzungen 
ihnen die 
Wechselwirkungsenergie umgekehrt proportional der 
Entfernung ist. Wie in der Literatur beschrieben™ 
eine Anreicherung 

Man hat 


jedem Falle in der Nihe der Ruhelage eines Verset- 


ist bei beiden Versetzungsarten 


von Ejinlagerungsatomen mdglich also in 


zungsbogens mit einer erhdédhten Konzentration von 


Kinlagerungsatomen zu rechnen. Dem entsprechend 
findet die Bremsung schwingender Versetzungsbégen 
durch Snoek-Effekte hauptsachlich beim Durchgang 
durch die Ruhelage statt 

Wegen der Anwesenheit substituierter Fremdatome 
im Versuchsmaterial kann man allerdings mit einem 


Uberwiegen der Stufenversetzungen rechnen, sodass 
die von uns beobachteten Erscheinungen hauptsich- 
lich von diesen ausgehen diirften. 

Die Gehalte an Einlagerungsatomen sind bei unseren 
Proben derart, dass wir mit mittleren Abstinden von 
10-25 Dies gilt 


Lésungsgliihen 


Gitterkonstanten rechnen k6énnen 


insbesondere unmittelbar nach dem 


Abschrecken, 


Snoekdiimpfungsmessung durchfihrt 


iiblicherweise vor jeder 
Der Zeitraum 


der 


und das man 


zwischen Abschreckung und Beginn Messung 


diirfte 


Anreicherung der oben 


um eine 


Art 


zu lassen, die sich im wesentlichen auf jene Einlager- 


bereits gentigen gewisse 


jede ch 


beschriebenen eintreten 


ungsatome erstreckt, deren Entfernung von der 


Versetzungslinie kleiner ist als R 
Die 
gestattet eine Abschatzung fiir die Temperaturlage 


vorstehend entwickelte Modellvorstellung 


des Héchstwertes der durch den Snoeketftekt hervor- 
gerufenen Versetzungsdimpfung. Zum Auftreten einer 
maximalen Phasenverschiebung zwischen aufgebrach- 
ter Spannung und Versetzungsdehnung ist erforder 
lich, der Bereich 
zwischen R/2 und 


Snoekrelaxation (7,) durchlaufen wird 


dass der Ausschwingungsbetrige 
R/2 in der Relaxationszeit der 
Ferner muss 
sich die Linie mindestens bis zum Abstand R von der 
Ruhelage entfernen und dort so lange verweilen, dass 
die spannungsinduzierte Ordnung auf thermischem 
Wege Wenn 
Auslenkung & der Linie kleiner ist als R (IKurve ¢ der 
Fig. 1) bleibt 
Einlagerungsatome erhalten und die auf den Ordnungs- 
Bei 


einer Auslenkung &, die grésser ist als R (Kurve a der 


wieder aufgehoben werden kann die 


dauernd eine gewisse Ordnung der 


vorgingen beruhende Bremsung ist gering. 
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Fig. 1) kann zwar der Abbau der spannungsinduzierten 
Ordnung stattfinden und die Versetzungslinien erleiden 
bei jedem ern euten Nulldurchgang eine Bremsung, 
jedoch wird der Anteil der wirksamen Bremszeiten 
(das heisst, der Zeiten fiir das Durchlaufen der Strecke 

R/2 bis + R/2) an der gesamten Periodendauer mit 
zunehmender Amplitude immer kleiner. Dement- 
sprechend muss die Dampfung abnehmen. 

Optimale Bedingungen fiir die Dampfung sind 
offenbar dann gegeben, wenn (entsprechend der Kurve 
b in Fig. 1) die Amplitude der Versetzungsbewegung 
R/2 bis + R/2 in der 


Das bedeutet aber, dass die 


R betragt und der Bereich von 
Zeit +, durchlaufen wird. 
Messtemperatur im Pendel so gewahlt werden muss, 
dass die Zeit 7, gleich } seiner Periodendauer wird. 
Aus den bekannten Werten fiir die Relaxationszeiten 
und Aktivierungsenergieen errechnen sich die ent- 
sprechenden Temperaturen der maximalen Verset- 
zungsdimpfung fiir Kohlenstoff und Stickstoff zu 
57°C baw. 40°C bei einer Frequenz von | Hz. 
Gelegentlich von Untersuchungen an_ Eisen 
Phosphor—Kohlenstoff-“ und Eisen—Phosphor-Stick- 
worden, dass die 


stoff-Legierungen® ist gezeigt 


Snoekdampfungs—Temperatur-Kurven dieser Legie- 
rungen eine mit zuanehmendem Phosphorgehalt zuneh- 
mende Verschiebung der Hochtemperaturflanke zu 
héheren Temperaturen zeigen. 

Kine graphische Zerlegung der gemessenen asym- 
metrischen Kurven in zwei symmetrische Teilkurven 
zeigt, dass der Héchstwert der Zusatzdimpfung bei 


etwa 57°C fiir Kohlenstoff und bei 41°C fiir Stickstoff 


liegt, in guter Ubereinstimmung mit der vorstehend 
entwickelten Modellvorstellung. 

Die beobachtete Zunahme des Zusatzeffektes mit 
steigendem Phosphorgehalt diirfte auf eine Zunahme 
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des Einflusses der Versetzungen mit steigendem 


Phosphorgehalt zuriickzufiihren sein. 
Erginzende Versuche zeigten, dass der Zusatz- 
effekt, 


erwarten, 


Modellvorstellung zu 
Phos- 


phorzusatz, wenn auch in schwacherer Form auftritt. 


wie auf Grund der 


auch bei einem Reinsteisen ohne 
Versuche an Proben mit geringerem Kohlenstoffgehalt 
ergaben, dass der Zusatzeffekt dem Haupteffekt der 
Da die 


Bremsung der Versetzungslinien der Konzentration 


normalen Snoekdimpfung proportional ist. 


der Einlagerungatome an der Versetzung™) und diese 
wiederum der Konzentration der Matrix proportional 
ist, wird auch diese Beobachtung durch das Modell 
gedeutet. 

Eine etwa 7-10°, bringt die 
Asymmetrie der Daimpfungskurven und damit auch 
Zusatzeffekt Dies ist 
ebenfalls verstindlich, da durch die Erhéhung der 


Verformung von 


den Verschwinden. 


Versetzungsdichte sowohl eine Herabsetzung der frei 
beweglichen Bogenlange als auch eine starke gegen- 
seitige Behinderung der Versetzungsbewegungen vor 
allem in den Aufstauungen auftritt, so dass die durch 
den Snoekeffekt hervorgerufene Versetzungsdampfung 
unterdriickt wird. 

W. DiIcKENSCHEID 
Institut fiir Metallphysik 
und Metallkunde 
der Universitit des Saarlandes 
Saarbriicken 15, Deutschland 
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Solute “dislocations” and long range pinning 
of dislocations* 


In theories of dislocation pinning by solute atoms 
it is usual to consider only the effects of atoms 


and to 


positioned along the dislocation core 
neglect the effects of the remaining solute atoms. 
These remaining atoms however, as has been shown 
by Suzuki), can give rise to considerable interaction 
stresses, which are effective over larger distances than 


are the core interactions. It is the purpose of this 
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note to point out a simple way of thinking of these 
facilitate further 


understanding of dislocation pinning. 


solute distributions, which may 

Suzuki considered the Cottrell type of pinning‘ 
which is due to the interaction between a spherical 
distortion about a solute atom and the hydrostatic 
component of the stress field of an edge dislocation. 
Suzuki imagines an impurity atmosphere is formed in 
he then finds 


equilibrium at some temperature 7',; 
the stress necessary to displace the dislocation from 
In the 


case of dilute substitutional solutions the stress as a 


the atmosphere, which is now assumed fixed. 


function of distance x along the slip plane may be 
written™ as 
Gb 


(1) 


2r(1 v) 


Here G shear modulus, » Poisson’s ratio, } 
nearest neighbor separation, ¢ 
of b of 


solute concentration, and k 


fractional change 
with concentration solute, c, — average 
Boltzmann's constant. 
Cottrell’s original interaction energy,‘®) which was used 
by Suzuki, has been replaced by Bilby’s corrected 
value.® 

It should be noted that expression (1) has the same 
form as the stress along the slip plane of an edge 
dislocation and therefore indicates that the effect of 
the solute distribution may be represented by an 
equivalent dislocation whose effective slip vector is } 
times the quantity in the brackets. Physically what 
occurs is that, as thermal equilibrium is achieved, 
solute atoms migrate to the dislocation in such a way 
as to “fit” and thus cancel the effect of a portion of 
the stress field; thus it is not unreasonable that the 
solute distribution is found to be equivalent to a 
dislocation of opposite sign and partial slip vector 
located at the center of the impurity atmosphere. 

Another case, which has been considered by the 
author in unpublished work,” is that of the inter- 
action between the shear part of the strain field of a 
dislocation and the tetragonality such as occurs about 
a carbon atom in iron. In this case screw as well as 
edge dislocations may be pinned. Using Cochardt 
et al.’s caleulation™ of the interaction energy of a 
single atom it was found’ that for a screw dislocation 
the stress is given by 

Gb 


2rx 


(2) 


Here A¢ is the difference between the transverse and 
longitudinal strains produced by the interstitial atom 
and is given by Cochardt et al. as 0.4 for carbon in iron. 
Again the quantity in brackets is the strength of an 


equivalent solute “dislocation”. 
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In producing the expression (2) the solute distri- 


was assumed to be given by a Boltzmann 


exp (U/kT,,), where U 
energy as a function of position (r) derived by Cochardt 


bution 
factor ¢ is the interaction 
et al. (The slowly varying angular factor has been 
neglected.) At appreciable distances from the core 
U so that c U wa .). 


move a dislocation at a distance x from the center of 


The stress to 


the solute distribution is given by 


x)clf 


df 
(1/b) 
dx , \rea 


where V is the volume per atom 

In the cases represented by equations (1) and (2), 
the results are good approximations only for solute 
whose interaction energy with the dislocation is not 
larger than k7',. Additional terms are needed to fully 
account for solute close to the dislocation. 

The dislocation-like effect of the solute distributions 


considered here is not general. For example in the 


8 


cases of both a saturated atmosphere" and a thermal 


atmosphere of atoms which interact because they have 


a modulus which differs from that of the matrix, the 


restoring stress fails to obey the a~! relation—varying 


more rapidly for the thermal atmosphere and _ less 


rapidly (~a~'/*) for the case of saturation 
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On the activation energy for high temperature 
steady state creep* 


Steady state creep at temperatures above approxi- 
mately half the absolute melting temperature (7' ,,) 
can be represented by a power law of the stress, when 
the activation energy is close to that for diffusion and 


independent of the applied stress.“~® 


¥ Proc. Phys. So Lov 
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Some workers‘*~®) prefer a creep equation of the 
form 
(H qa) 
é OC exp — (1) 
R1 
where é is the creep rate, H an activation energy, ¢ an 
activation volume which is temperature dependent, 
o the applied stress, and R and 7 have their usual 
meanings. The observed activation energy is thus 
stress dependent. This point of view is supported by 


Feltham and Meakin" in a paper concerned with 


creep in copper in the range 400—700°C; 400°C is $7’ ,. 


There are two inconsistencies in this paper which 
cast doubt upon the validity of equation (1) as the 
true representation of high temperature steady state 
creep. 

(1) The 
thermal cycling technique, which gives (// 


activation energy was obtained by a 
qa) and 
not simply H as shown by their equation (5), p. 617. 
A constant H was observed in the range 400—600°C 
(Fig. 11) which indicates either an activation energy 
independent of stress, or a very fortunate balancing 
of gq and o with changing temperature. 

(2) The change in creep rate on thermal cycling 
should decrease with increasing stress, as according 
the 


decreases with increasing stress. 


to equation (1) observed activation energy 
the paper by Feltham and Meakin the reverse is 
observed. Thus equation (1) is not the true equation 
for steady state creep in copper above $7’ y,. 

It has that 


observations of high temperature steady state creep 


been demonstrated experimental 
can be represented equally well by either equation (1) 
or by a power law equation.“ The bulk of evidence 
is now in favour of a power law when the activation 
energy is independent of the applied stress. 
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On the activation energy of high 
temperature creep* 
Davies” recently suggested that if the steady creep 
rate of a metal, é, is controlled by an activation energy 
depending upon the applied stress o, such that 


éocexp[—(H qa)/ RT| (1) 


where H is an activation energy and q a temperature 
the 
cycling technique of Dorn et al. should yield H — qo, 


dependent activation volume, then thermal 
and not simply H as stated by equation (5) of our 
paper on the creep of copper.” However, it should be 
pointed out that we justify our statement on p. 621 of 
the paper where, using Basinski’s® analysis of Dorn’s 
procedure, we show that 


neither H — qo nor H but H 


the creep conditions employed by us nga was never 


thermal cycling yields 


nqgo, and that under 


greater than about 0.02 H, thus being negligible in 
comparison with H, and well within the limits of 
experimental error involved in measuring H. 
Basically Basinski’s analysis involves only the 
assumption that no structural changes due to recovery 
should occur during the period of transition from one 
This 


condition is readily met at low temperatures, but it 


to another temperature in a cycling test. 
can also be satisfied at higher temperatures provided 
the transition is rapid enough. On p. 620 of our paper 
we give reasons for believing that the use of Basinski’s 
analysis was justified in our case. Basinski also con- 
siders that if structure invariance is thus maintained, 
the activation energy Q(o) = H — qo should be a 
constant for a given value of the ratio o/G, depending 
on temperature only through the the shear modulus G@. 
We believe that this is not a further restrictive con- 
dition, and that it can in fact be deduced from his basic 


premise. Thus we can rewrite equation (1) in the form 


é exp {—(H/RT)I 


(a/a,)]; (2) 


where gq = H/o,, and ga, is the flow stress at which the 
metal would deform without the assistance of thermal 
activation, i.e. the value of the exponent in equation 
(2) is zero irrespective of the magnitude of 7’. One 


modulus, « a constant of order unity, b the Burgers 


can write formally™ 7, where G is the shear 
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vector of slip dislocations, and / a measure of the most 
probable spacing between adjacent pinning points on 
dislocations about to move during creep. If the metal 
were cooled rapidly under load to a temperature close 
to O’K then, assuming no change in « and /, the flow 


stress would increase from o, to o,, such that 
0, 0,(G Go) (3) 


G, being the shear modulus at O°K. Equations (2) 


and (3) then yield 


éoc exp {—(H/RT){1 (a 


so that, with the constancy of o, assured by the 
assumption of structure invariance, the activation 
energy @(a) depends on temperature only through @/G@, 
as postulated by Basinski. 

It should be 
variance is the basic assumption in using Dorn’s 


emphasised that this structure in- 


interpretation of temperature cycling; in general it is 


not possible therefore to deduce H from the ratio of 


steady strain rates obtained with the same stress at 
two temperatures under isothermal conditions of creep. 
Consequently, the é isotherms shown in Fig. 6 of our 
paper provide no basis for determining the functional 
form of the activation energy of creep, contrary to 


Davies’ suggestion. 
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Geometrical softening in magnesium alloys* 


Schmid™, Boas and Schmid®), and Andrade and 
{oscoe™) demonstrated that the shape of stress—strain 
single crystals are strongly 


curves of cadmium 


orientation dependent. More recently, Chalmers") 
has discussed the geometrical softening and hardening 


aspects of this dependence in terms of whether the 


angles y and / in the Schmid factor (sin 7 cos A) are 
both greater or both less than 45° respectively. Since 


these angles always decrease during tensile deforma- 
tion, the former case will have an increasing Schmid 
factor which will make slip more difficult to start than 
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to continue. This can give rise to a yield point effect. 
Another requirement for geometrical softening is that 
slip starts locally and gradually spreads through the 
crystal. In the case of geometrical hardening the 
Schmid factor continually decreases, thus progressively 
higher stresses are required for slip to continue. For 


Aside 


from the references quoted, there is a surprising 


this case no initial yield point will be found 


dearth of awareness of these effects in the literature 
and to the best of my knowledge they have not been 
reported heretofore for magnesium or its alloys 

The current work consisted of room temperature 
tensile tests of single crystals of magnesium 
manganese alloys and of sublimed magnesium with 
The tests were made on a 


lO-4 sec]. It 


various thermal histories 
hard machine at a strain rate of 1.6 
was noted that the incidence of an initial yield point 
bore no correlation with composition OF heat treat 
ment, but was quite consistent with the criteria for 
the geometrical effects described above. Table 1 shows 
that vield drops were found only in cases where both 
y and A were greater than or nearly equal to 45°. Fig 
1 illustrates the shape of the yield effects and shows 
that the per cent drop decreases as the Schmid factor 
increases toward 0.5. Fig. 2 shows an example of the 
spreading of the slipped zone with typical bending at 
itsends. A limitation arises in the high angle region in 


which geometrical softening will not occur if twins 


TABLE | 


Compositio Schmid 
lrreatment 


Specimen 
(wt degre 


factor 


O.417 


123 g Mn Agedt# 63.5 
M5 g Quenched* 60 
AY g Mn Quenched* 47.5 0.425 
M6 y Quenched* 55 0.464 
Mn Quenched* 42 y 0.497 
Mn Aged? +? : 0.497 


J ) vik ld point observed 


Mg Mn Aged 

Mg Mn Aged? 

Mg As grown 
Mg 24 Mn Quenched* 
Mg 9 Mn Aged 

Mg Quenched * 
Mg ( Mn Aged? 

Mg Mn Aged 

Mg 9 Mn Aged? 

Mg 24Mn Aged? 


Mg Mn 
Mg Mn 
Mg Mn 


Quenched 
Aged 


As Grown 


Quenched into water after 17 hr at 620°C, 
Quenched into water 2 hr at 620°C, 

17 hr at 620°C, quenched, Aged $ hr at 316°C 
2 hr at 620°C, quenched, Aged }§ hr at 316°C, 
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ee Yield point observed 
A2 10) 38 0.472 
11] 360 «350.464 
M1 35 28 0.384 
113 40.5 34 0.356 
| A4 1d 14 0.234 
M3 23 12.5 0.199 
Al2 1] 7.5 0.129 
Ad 5.5 4 0.087 
3 0.085 
Al4 13 5 0.085 
A22 
Alb 69 69 0.334 
Al7 61 60 0.420 
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(kg /mm? ) 


STRESS 


NOMINAL 


ELONGATION (%) 


5% > 


Shape of geometrical softening y ield effects. 


prevent the local start and spread of a slipped region. 
Crystals A17, A16 and A22 showed an increasing 
tendency to form {1012! twins, since their initial 
orientations approached {Q001] in the order given. A 
yield point was found with crystal A23, for which it 
can be shown that the resolved stresses on the available 
twinning systems were, in every case, less than that 
for basal slip. 

the factor 


In summation, it has been found that 


(b) 


Fic. 2. (a) Slipped region in specimen M6 at 31° 


elongation. x 2.5. (b) Edge view of same. x 2.5. 
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controlling the occurrence of a yield point in these 
crystals is the orientation; changes in composition 
or heat treatment do not affect the criteria for geo- 
metrical softening. It is hoped that this note will 
serve as a remainder of this essentially simple but 
often overlooked phenomenon, which is not restricted 
to hexagonal materials. 

The Dow Metal Products Company 

Division of The Dow Chemical Company 


Midland, Michigan 
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The effect of pressure on the «= » transforma- 
tion in the iron-silicon system* 


tecent advances in high-pressure techniques have 
led to the increased use of pressure as a variable in 
studies of phase equilibria and transformations in 
(1,2) 


metals and _ alloys. In particular, the effect of 


pressure on the allotropic transformations in iron®~®) 


and its alloys with nickel and chromium®.® have 
been well documented. In the iron—chromium system 
that 


stabilizing the denser f.c.c. y 


it has been observed hydrostatic pressure 


expands the “‘y-loop”’, 
phase at the expense of the less dense b.c.c. « phase. 
A y-loop is found in the iron-silicon phase diagram 
and it can be expected that this system will exhibit 
similar behavior with increasing pressure. 

A thermodynamic calculation of the 7’, versus x 
curve at high pressure can be made in the manner of 
Kaufman”, where 7’, is the temperature at which 
the of the different 
crystal forms of the alloy is zero, and x is the atomic 
The 


between the « and y phases of pure iron or an iron- 


difference in free energy two 


fraction of the solute. free energy difference 


base alloy is given by equation (1): 
= 0. (1) 


Using the data of Fisher"®) for (7'), assuming 
dilute solutions and a restricted range for 7’, this 


relationship becomes 


T) (1 — 2) AF%27(T) + « 


1038 
ex 
| 
| | 
| 
A7 
12.5% 
AQ 
184% 2% 
| Me | 
1. 
2, 
3. 
Vol.9 
1961 
(a) 
(2) 


LETTERS TO 


Solving for AH%;~” by setting AF*~’ = 0 along the 
locus of the y-loop in the iron-silicon system where 
T = T, for each value of x, it is found that 


(2 — 1)AF (75) 


x 


= (3) 


+450 cal/mole (4) 


Substituting AH%~” in equation (2) we have: 


(2, (1 (7) 4502 cal/mole (5) 
Now, it is also necessary to assume that the change 
in volume «—> y (x, 7, P) is equal to the change in 


volume of pure iron at one atmosphere, i.e. 


T, P) AV™"(z, T’) (6) 
and 
T) = 0, (7) 


The assumption indicated by equation (6) has been 
found to work well for the case of pure iron (x ()) 
The assumption contained in equation (7) results in 
>0 but may lead to considerable 
This 


a zero error as & 
was 


the 


error with increasing silicon content. 


observed for increasing chromium content 


iron—chromium system.) The effect of a hydrostatic 


pressure can be calculated using the following 


relationship: 
T, P) (1 150x 


23.9 P(0.312-2 


10-47’) cal/mole. (8) 
The resulting 7%’ curve for 42 kb is plotted in Fig. | 
and compared to the y-loop at 1 atm. 

of 


The experimental determination the a< 


Weight Percent Silicon 
Fe 3 4 


Quenched Structures, P = kD 
Current Kaufman 
Study et a 

transformed a 

untransformed A 


Temperature, ° 


500 


Atomic Percent Silicon 

Fic. 1. The effect of pressure on the iron-rich end of the 

iron-silicon system. 
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"1G. 2 


at 675°C 


[ron—2 at.%, silicon alloy quenched after 15 min 
and 42 kb. Original coars« 


Nital etch 250 


grained ferrite 
transformation at pressure has been made with alloys 
of 


techniques 


2.0 and 6.25 at silicon netallographic 


The 


system 


using 
two-stage supported piston high- 
This its 


described 


pressure was used stem and 


specimen cell have been in detail else- 


where.” For each high pressure treatment a small 
wrapped in platinum foil and embedded in 
Then 
means of an internal graphite resistance heater 
to 


sample 
Ps rophy lite powder, was raised to 42 kb.t by 
the 
isothermal 


individual were subjected 


heat 
9OO°C for a period of 15 min 


specimens 
between 675 and 


treatments at temperatures 


Afte quenching below 
100°C, pressure was released slowly Temperature 


was measured with a chromel—alumel thermocouple 


No correc 


possible p essure ettect on 


which was in contact with the specimen 
for 


thermocouple e.m.f 


tion was made any 

Specimens were metallographically examined for 
evidence of transformation from ferrite to austenite at 
The of the 2 
silicon alloy remained unchanged at 675°C as 
Fig. 2 


A markedly different structure was seen in this alloy 


temperature and pressure structure 


at. 
the coarse-grained «% seen in 


evidenced by 


after a 700°C treatment (Fig. 3) indicating the « —> 3 
transformation occurred between the above tempera 
tures. Similar evidence was observed for the 6.25 at 
®” silicon alloy between 750 and 775°C. The structure 
shown in Fig. 3 was formed upon quenching from the 
y-field and resembles those defined by Gilbert and 
Owen" as resulting from a‘‘massive transformation” 
Like the martensitic reaction, theabovetransformation 


+ Pressure calibration was based on fixed points determined 
by Kennedy and LaMori 


i 
~ 
‘$ 
\ 
\ 
‘ 
| 
—— 
1200 - 
| 
| 1 114 
Tele} y /i/ 
| J 
| 
lOOO 
WA 
Z 
900 7 P=! Atm @ 
T.2~ Y Observed 
600 P=42kb E 
+ 7 JUL 
(Calculated) | 
q 
800 
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Fic. 3. Lron—2 at.% silicon alloy quenched after 15 min 

at 700°C and 42 kb. Transformation structure indicates 

specimen was austenitic at temperature and pressure 
Nital etch. 250 


takes place athermally without change in composition. 

The experimental data are plotted in Fig. 1 along 
with points for the pure iron transformation at 42 kb 
It is seen that the experi- 


from Kaufman ef al.), 


mental results confirm the prediction of the expansion 


of the y-loop by hydrostatic pressure. The measured 


transformation temperatures are close to the calcu- 
lated curve in the dilute range, but the difference 
becomes greater with increasing silicon content. As 
indicated earlier for the iron-chromium system, the 
probable cause for the discrepancy is the approximation 


of AV**’ = 


Dilatometric measurements on 


iron—chromium alloys"* indicate that addition of 


chromium does indeed decrease AV*~*’. In the iron 
silicon system the discrepancy appears to be somewhat 
greater. 
higher silicon concentrations on the lattice parameter. 


Another possible source of error is that calculations 
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This could be due to the unknown effect of 
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were carried well beyond the maximum extent of the 
y-loop at one atmosphere. Thus, the approximations 
leading to the definition and evaluation of AH%*’ 
become less valid. 

The experimental results reported above illustrate 
that 
metallic systems can be brought about by the applica- 


considerable changes in phase equilibria of 


tion of hydrostatic pressure. Furthermore, the results 
indicate the value of the use of pressure as an addition- 
al parameter in the investigation of reactions in metals 
and alloys. 

L. E. TANNER 
Research Division S. A. KuLin 
Manufacturing Labs., Inc. 


( ‘ambridge Massachusetts 
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ETUDE DE LA NUCLEATION DE L’OXYDE FORME AU COURS 
DE L’OXYDATION DU CADMIUM* 


F. BOUILLON et M. JARDINIER-OFFERGELD?t 


La nucléation de l’oxyde formé au cours des réactions cadmium—oxygéne évolue comme celle de oxyde 


(2) 


cuivreux? en fonction de la température, de la pression et de lorientation cristalline du métal 


Les monocristaux d’oxyde de cadmium ainsi formés sont entourés d’une couche d’oxyde beaucoup plus 


mince et de structure généralement moins parfaite. 


La jonction de ces cristaux formés a des pressions d’oxygéne inférieures 4 760 mm de Hg donne des 


couches d’oxyde plus épaisses que celles qui se formeraient & la méme température, a pression atmos 


phérique. 
A STUDY OF THE 
THE 


NUCLEATION 
OXIDATION 


OF OXIDE FORMED DURING 
OF CADMIUM 


The nucleation of the oxide formed during the reaction cadmium—oxygen, as a function of temperature, 


pressure and crystallographic orientation of the metal, takes place in a manner similar to that of cuprous 


oxide. 


Single crystals of cadmium oxide thus formed are enveloped by a much thinner oxide layer whos« 


structure is generally less perfect. 


The interface between the oxide crystals formed at oxygen pressure less than 760 mm of mercury 


exhibit thicker oxide layers than those formed at the same temperature but at oxygen pressures equal 


to atmospheric pressure. 


UNTERSUCHUNG DER 


KEIMBILDUNG 
OXYDATION VON 


DES 


KADMIUM 


OXYDS BEI DER 


Die Keimbildung des Oxyds, das sich bei der Reaktion von Kadmium mit Sauerstoff bildet, findet als 


Funktion der Temperatur, des Drucks und der Kristallorientierung in gleicher Weise statt, wie die des 


Kupferoxyds.'?) 


Die so gebildeten Einkristalle aus Kadmiumoxyd sind umgeben von einer sehr viel diinneren Oxyd 


schicht von einer Struktur, die im allgemeinen weniger fehlerfrei ist. 


Die Verbindung zwischen diesen Kristallen, die sich bei Sauerstoffdrucken unterhalb 760 mm Hg 


bilden, ergibt diinnere Oxydhiaute als diejenigen, die sich bei gleicher Temperatur bei Atmospharendruck 


bilden. 


INTRODUCTION 

La nucléation de l’oxyde formé au cours des 
réactions cadmium-—oxygéne a été clairement mise en 
évidence dans ce laboratoire.”? 

Elle évolue comme celle de l’oxyde cuivreux"? tant 
en fonction du temps que de la température et de 
la pression.” 

Les deux systémes se différencient cependant de 
facon importante: rappelons que le cadmium fond a 
321°C et que le seul oxyde connu CdO est parfaite- 
ment stable jusqu’é des températures beaucoup plus 


élevées. on peut donc trés facilement étudier l’oxyda- 


tion 4 des températures trés proches du point de 
fusion du métal, pour lesquelles la mobilité de surface 
devient relativement grande. 


DONNEES EXPERIMENTALES 
(a) Echantillons métalliques 
Les échantillons métalliques, monocristallins ou 
polycristallins, sont préparés a partir de cadmium 


ASA 99,99*° ou Vieille Montagne 99,997 °%. 


* Received March 7, 1961. 
+ Fonds National de la Recherche Scientifique, Université 
Libre de Bruxelles, Bruxelles, Belgium. 
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La qualité des surfaces préparées par polissage 


électrolytique dans l’acide phosphorique™ a été 
vérifiée par microscopie ordinaire et a contraste de 
phase, par microscopie et diffraction électronique et 
confirmée par la reproductibilité et Vhomogénéité des 


résultats obtenus. 45) 


(b) Décollement des couches d oxyde 


La possibilité d’isoler les couches d’oxyde, sans 
intervention d'une réaction chimique, par simple disso- 


lution du métal sous-jacent dans le mercure) est 


leur étude directe 
(4) 


particuliérement favorable a par 
microscopie et diffraction électronique. 

En pratique, on protege l’oxyde par une couche 
plastique et on dépose |’échantillon dans un bain de 
mercure trés pur. La couche recueillie est lavée dans 


du mercure propre et montée en vue de |’examen 


envisagé, 


Il est important de signaler qu'un echantillon fraiche- 


ment poli ne laisse aucun résidu detectable. 


(c) Measures gravimétriques 


Les données cinétiques discutées ultérieurement 


i 
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2mmHg02 


5mmHg02 


mm HgO2 


90 mmHg, 


Augmentation de poids en micro-grammes par cm? 


‘50mm 


‘50 


100 150 


temps en minutes 


Fic. l(a). 


temps au cours de 


Quantités d’oxyde formées en fonction du 
Voxydation du cadmium 


poly - 


cristallin & 250°C; 
p. partielle O, comprise entre 1 et 90 mm Hg 


p. totale 


100 mm Hg. 


La période d’induction n’est pas représentée sur le 


dessin. 


ont été obtenues au moyen d’une microbalance du 
type Gulbransen™), réalisée et mise au point au !abora- 
toire par l'un de nous (M.J.O.). Thermostatée au 
0,1°C, elle permet de mesurer des variations de poids 
de l’ordre de g pour une charge de 0,5 g. La 
balance ne peut travailler sous une pression de gaz 
supérieure & 100 mm de Hg. 

Pour réduire l’évaporation du métal au début de 
l’expérience, les mesures s’effectuent en général sous 
cette pression totale. L’oxygéne est simplement dilué 
L’influ- 


ence d’une évaporation éventuelle est d’ailleurs facile 


dans l’argon pur a la concentration désirée. 


& vérifier en refaisant qualitativement chaque 
expérience sous pression atmosphérique, mais sous la 
meme pression partielle d’oxygéne. 

La morphologie et la structure des échantillons sont 


identiques dans les deux cas. 


(d) Microscopie électronique, diffraction électronique et 
microdiffraction 

Les microscopies électroniques ont été réalisées dans 
le microscope Hitachi HU 10. Le méme appareil 
permet d’effectuer des microdiffractions localisées de 
régions choisies dont la surface ne dépasse pas 11°. 
Les diffractions courantes s’effectuent au moyen d’un 
appareil type Raether™ construit par Seifert et Co. 


Ww 


10 mm Hg.02 


100 150 
temps en minutes 


Augmentation de poids en micro-grammes par cm? 


o- 


Fic. l(b). Idem Fig. l(a). 


est représentée sur le dessin. 


Mais la période d’induction 


ETUDE CINETIQUE DE LA CROISSANCE 
DES CRISTAUX D’OXYDE 


I] n’existe pratiquement pas de données cinétiques 


relatives au processus de formation et de croissance 


(2,9) 


des germes d’oxyde. 


Nos résultats ont été obtenus sur des échantillons 


1042 
| ° ° 1mmHg.0, 
| - 
| x 
, 
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Fic, 2. Cd polycristallin oxydé 290°C;  p.partielle 
O, 10°-'mm Hg; germes rejoints film détaché du 
métal. 4500 


polycristallins, ils ne représentent done qu'une valeur 
moyenne. 

Les différentes courbes de la Fig. 1 se rapportent a 
des pressions partielles d’oxygéne s’étalant entre | et 
90 mm de Hg. 

On y remarque toujours trois parties. 

La premiére partie, dont la durée dépend de la 
pression partielle d’oxygéne, est caractérisée par un 
allégement de |’échantillon, associé & une évaporation 
continue du métal. 

En dehors de l’apparition de quelques joints de 
grain, on n’observe pratiquement aucun changement 
de la surface au microscope optique. 

Cette phase semble correspondre a la ‘période 


d’induction”’ observée par Gronlund dans une étude de 


la nucléation de loxyde cuivreux. On n’y observe 
aucune oxydation visible. 

A la fin de cette période, l’évaporation se ralentit, 
puis cesse complétement. C'est a cet instant précis que 


la surface se recouvre de germes d’oxyde. 


p.partielle 
1000 


Cd polycristallin oxydé 2h/290°C; 
mm Hg, p.totale 760mm Hg. 
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Ensuite, le poids de |’échantillon augmente liné- 
airement au cours du temps. C’est la période de 
croissance des germes. 
Au dela, la vitesse d’oxydation diminue brusque- 
ment et devient tout a fait nulle. 


A ce 


“couche continue”’ d’oxyde fort épaisse, a la surface de 


moment, l’échantillon est recouvert d’une 
laquelle on distingue encore le relief des germes joints 
les uns aux autres (Fig. 2). 

La durée de croissance des germes est assez courte, 
elle est de 30 min pour une pression d’oxygéne de | mm 
de Hg. 

Elle est encore plus courte si l'on augmente la 
pression d’oxygene. 

De 1 a 90 


d’ailleurs dans des proportions considérables. 


mm, le nombre des germes augmente 

Enfin, il est important de remarquer que /a prise en 
charge d’oxyge Ve esr he aucoup plus vee lorsqu’on abaisse 
sa pression partielle. 

Ce fait est bien mis en évidence dans les Figs. 3 et 4 
qui montrent des échantillons oxydés 2 h a la méme 
température, mais sous des pressions d’oxygéne trés 
différentes. 

L’un est a peine oxydé (Fig. 4) tandis que l'autre 
est recouvert 
(Fig. 3). 

Cette consommation d’oxygéne plus importante 


d’une couche d’oxyde trés épaisse 


sous faible pression montre que les faits observés ne 
peuvent étre associés 4 un appauvrissement local en 


gaz réactif. 


STRUCTURE ET PROPRIETES DE L’OXYDE 
FORME AU COURS DES DIFFERENTES 
ETAPES DE L’OXYDATION 


Quoique |’échantillon paraisse peu altéré pendant la 


Fic. 4. Cd polycristallin oxydé 2h/290°C; p.O, 760 


mm Hg. 1000 


\ 
J 
wry 
Fic. 3 
O, 
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Fic. 5. DE monocristal Cd (1120) 
période d’induction p.partielle O, 


oxydé 290°C; 
mm Hg. 


période dinduction, la surface est cependant recouverte 
d’oxyde, que l’on met en évidence par diffraction 
électronique (Fig. 5). 

Le diagramme de la surface de départ ne montrait 
aucune trace d’oxyde (Fig.6). Le film est done suffisam- 
ment epais pour effacer le diagramme du métal. 

Une valeur de |’épaisseur miniumum d’un tel film 
Elle 


dépend du profil de la surface; moins la surface est 


peut étre déduite des travaux de Raether™®. 


rugueuse, plus l’image de diffraction obtenue en 
incidence rasante sera influencée par la présence du 
produit superficiel. 

Dans le cas d’une surface plane, il faudrait déja 
envisager un film d’une épaisseur minimum de 20 a 
40 A. 

Enfin, remarquons que cette couche superficielle, 


quoique édifiée sur des monocristaux, est parfaitement 


. 6. DE monocristal Cd (1120) poli électrolytique- 
ment, Faisceau suivant 110. 
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polycristalline & l’échelle de la région analysée par le 


faisceau électronique (104 a 105 A2). 

Les germes qui croissent au cours de ]’étape suivante 
sont de véritables monocristaux d’oxyde, leur surface 
comporte de nombreuses terrasses de croissance 
(Fig. 7). 

Ils sont en relation épitaxique étroite avec le métal. 
Nous avons notamment retrouvé l’orientation (111) 
CdO//(0001) Cd déja mise en évidence par d’autres 
auteurs.) 

Nous avons pu le montrer par microscopie et dif- 
fraction électronique localisée 4 travers des couches 
décollées du métal (Fig. 8 a,b). 

La présence d’un film d’oxyde qui relie les germes a 
été mise en évidence de la méme facon (Fig. 9 a,b). 

L’existence certaine de ces films intergermes confirme 


les résultats obtenus dans le cas du cuivre."?) 


(b) 
Cd_ polycristallin oxydé 290°C; p.partielle 
10-'mm Hg Réplique Ag-SiO, ombrage or 


manganine, 10,800 


1044 
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DE localisée dans un germe triangulaire 
de la Fig. 8(b)—(111)CdO. 


Fic. 8(a). 


Fic. 8(b). Cd oxydé 290°C; p.partielle O, 10°} mm 


Hg. Film détaché du métal. 9000 


DE localisée dans le film intergermes de 
la Fig. &8(b). 


Fic. 9(a). 


En effet, la méthode de décollement par le mercure 
que nous utilisons pour le cadmium nous met a l’abri 
de toute altération chimique. 

La diffraction localisée a travers le film intergerme 
montre généralement que ce film est moins bien orienté 
que les germes (Fig. 9). Ll est difficile de trancher a 
ce sujet, le film est extrémement mince et fragile et il 


peut subir de nombreuses déformations au cours des 


opérations de détachage. 


Dans beaucoup de cas, le film intergerme posséde la 
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méme orientation que les germes environnants; il 
serait cependant constitué de cristaux plus petits et 
légérement désorientés les uns par rapport aux autres. 

Les couches d’oxyde constituées de germes joints 
présentent les teintes d’interférence normales; elles 


donnent des diagrammes de points par diffraction 


électronique (Fig. 10). 


DISCUSSION DES RESULTATS ET CONCLUSION 

Les processus de germination que nous avons mis 
en évidence dans le cas de l’oxydation du cadmium 
aux phénoménes similaires 


semblent se rattacher 


étudiés par d’autres auteurs, particulitrement par 
Bénard et ses collaborateurs. 

Toute couche d’oxyde édifiée dans les conditions ot 
le phénoméne peut se produire présente deux aspects 
fort différents: 

Les germes, qui sont de petits monocristaux en 
terrasses, sont répartis sur toute la surface de l’échan- 


tillon. Leur nombre varie de fagon considérable avec 


DE l\ocalisée dans le film intergermes d'une 
autre plage. 


Fic. 9(b). 


monocristal Cd (1120) oxydé 290°C; 


Fic. 10. DE 


germes rejoints p partielle O, 10°-' mm Hg 


ol. 9 
961 
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la pression d’oxygéne, la température et l’orientation 


cristalline du métal. Ils sont entourés d’un film 


beaucoup plus mince de structure probablement moins 
parfaite. 

Le processus de germination de l’oxyde de cadmium 
a lieu a des températures beaucoup plus basses que 
dans le cas des métaux étudiés précédemment. Enfin, 
il se produit dans des conditions relativement oxy- 
dantes. La proximité du point de fusion du métal 
permet de supposer que la diffusion superficielle est 


trés aisée. 


D’aprés le mécanisme proposé par Bénard,“*® cette 


situation doit favoriser la nucléation de oxyde. La 
grande consommation d’oxygéne dans le domaine des 
germes s’expliquerait done par une diffusion trés 
active a la surface du film intergerme. 

Pendant toute la durée de la croissance des germes, 
augmentation du poids de l’échantillon au cours du 
temps est linéaire. Quand la surface est entiérement 
recouverte par les germes en croissance, la vitesse 
d’oxydation devient nulle. 

La prise en charge d’oxygéne est beaucoup plus 
élevée si la pression d’oxygene est plus faible, ou, ce 
qui revient au méme, quand les germes sont plus gros 
et moins nombreux. 

De maniére générale, les couches formées dans le 
domaine des germes, 4 basse pression d’oxygéne ont 
une épaisseur moyenne supérieure a celles des couches 
continues formées a plus forte pression d’oxygene. 

On ne peut done plus parler “‘d’oxydation ménagée”’ 
dans le cas de la nucléation de CdO sur Cd. Le passage 
par la phase nucléation favorise au contraire la for- 
mation de loxyde. 

Quand les germes se sont rejoints, nous observons 


que la réaction cesse. En effet, pour que la couche 
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d’oxyde puisse encore s’épaissir, il faudrait que les 
especes réagissantes diffusent a la rencontre les unes 
des autres, 4 travers l’oxyde selon le mécanisme 
Mott—Cabrera. 
réaction, et dans le cas de CdO, cette diffusion est trés 


Aux températures peu élevées de la 


lente. En effet, le cadmium solide s’oxyde trés lente- 
ment. 

Ceci montre le réle et le comportement trés particu- 
liers du film intergerme qui n’est pas capable de 


ralentir loxydation du métal. 
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ANNEALING SPECTRUM OF COLD-WORKED SILVER* 


R. KAMEL and E, A. ATTIA?* 


Pure silver wires were cold-worked by twisting to different amounts, and the changes in room tempera 


ture internal friction, elastic modulus and resistivity were subsequently measured after various heat 


pulses have been given at different temperatures. 


The vacancies created by cold-work were found to anneal out in the temperature range 20—50 ¢ 


witha 


migration energy of 0.7 eV. An observed drop in the activation energy for defect migration in the heavily 


cold-worked samples was attributed to divacancies which might in this instance form the major diffusing 


entity. 


A second annealing stage came into play in the temperature range 100-200 C. The energy released in 


this stage is attributed to a cross-slip process activated by an energy ranging between 1.1 eV and 0.85 e\ 


depending on the degree of cold-work. 


Recrystallization started by annealing at temperatures above 200°C 
deformation, the activation energy for recrystallization averaged to about 1.8 eV, 


Except for low degre 


indicating that 


process is controlled principally by a self-diffusion mechanism. 


RECUIT DE L’ARGENT 


APRES 


DEFORMATION A FROID 


Les auteurs ont soumis des fils d’argent pur a différents taux de déformation a froid par torsion, et ont 


ensuite appliqué a ces fils des traitements thermiques variés a différentes températures 


Apres ces trait 


ments thermiques, ils ont mesuré la maniére dont variait le module d’élasticité, la résistivité et la friction 


interne a la température ambiante. 


On observe que les lacunes crées par la déformation plastique disparaissent par recuit dans la gamm 


de températures de 20 & 50°C, avec une énergie de migration de 0,7 eV. 
déformés, on observe une chute de l’énergie d’activation de la migration des défauts 


Dans les échantillons fortement 


, chute attribuée a 


l’existence de bilacunes qui pourraient pour ces échantillons, former le défaut diffusant le plus important 


Un deuxiéme stade du recuit s’observe dans la gamme de 


température de 100 a 200 ¢ énergit 


libéreé dans ce deuxiéme stade est attribuée & un processus de déviation dont l’énergie d’activation va 


de 1,1 eV a 0,85 eV suivant le taux de déformation plastique. 


La recristallisation débute quand la température du recuit est supérieure a 200°C 
taux de déformation, l’énergie d’activation de la recristallisation est d’environ 1,5 e\ 


Sauf pour les faibles 


, ce quiindique qu 


le processus dépend princepaliment d’un phénoméne d’auto-diffusion 


ERHOLUNGSSPEKTRUM 


Xeine Silberdrahte wurden durch verschiedene Torsionsbetrage 


VON 


KALTVERFORMTEM SILBER 


kaltverformt und die Anderungen 


der bei Raumtemperatur zu beobachtenden Werte von innerer Reibung, elastischen Konstanten und 


Widerstand wurden nach verschiedenen Gliihungen bei verschiedenen Temperaturen gemessen 


Die bei der Kaltverformung erzeugten Leerstellen heilten im Temperaturbereich 20 


Wanderungsenergie von 0,7 eV aus. 


Bei stark verformten Proben wurde ein 


90°C mit emer 


Abfall det 


Aktivierungs 


energie fiir die Wanderung von Fehlstellen beobachtet, er wurde Doppelleerstellen zugeordnet, die in 


diesem Fall den Hauptbeitrag zur Diffusion liefern kénnen. 


Kine zweite Erholungsstufe kam im Temperaturbereich LO0—200°C ins Spiel. Di 


werdende Energie wird einem Quergleitmechanismus zugeschrieben, der durch eine 


in dieser Stufe frei 


vom Verformungs 


grad abhangige Energie im Bereich zwischen 1,1 und 0,85 eV aktiviert wird 


Die Rekristallisation begann beim Gliihen bei Temperaturen oberhalb 200 ¢ 
Verformungsgraden betragt die Aktivierungsenergie 


Auber bei 1 


fiir Rekristallisation im Durchschnitt etwa 


dies zeigt an, da der Vorgang hauptsiachlich durch einen Selbstdiffusionsmechanismus bestimmt ist 


1. INTRODUCTION 

The dislocation mechanisms governing the hardening 
characteristics of h.c.p. and f.c.c. metals have received 
a great amount of attention during the last few years 
(for a review see Seeger”). The reverse problem, 
namely, the study of the annealing kinetics involved 
during the release of the stored energy from cold- 
worked metals was previously investigated by the 


) 


present authors working on a structure 


h.e.p. 
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(cadmium was typically chosen). There is nodoubt that 
distinct differences exist between the h.c.p. and f.c.c 
crystal structures concerning the nature of the pro- 
cesses that dislocations can undergo. The four sets of 
intersecting slip planes in the f.c.c. structures are 
responsible for a greater complexity 

It is the purpose of the present experimental work 
to investigate over a wide range of annealing tempera- 


tures the different possible atomic mechanisms by 


which stored energy might be released from a cold- 


worked metal of f.c.c. structure. The dependence of 


the annealing kinetics on the degree of cold-work is 
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also aimed at. Associated changes in internal friction, 
elastic modulus and electrical resistivity are taken as 


tools of study in the present investigation. 


2. EXPERIMENTAL DETAILS 
Spectroscopically pure silver wires prepared by 
Johnson Matthey Company were used in the present 
work. The wire samples had a diameter of 0.3 mm, 
and were given a standard initial condition for the 
tests by annealing them under vacuo for 5 hr at 600°C. 


2.1 Devices for the measurements 
The 


friction and the elastic modulus changes is essentially 


apparatus used in measuring the internal 
that described elsewhere) with a slight modification 
in the sample arrangement. The test wire was clamped 
at both ends to form a V-shaped loop which could be 
electrostatically excited to vibrate laterally at 
frequencies in the infra-sonic range. An electrode for 
the excitation and detection of micro-vibrations was 
placed close to the plane of the loop and the whole 
setting enclosed in a glass tube connected to a vacuum 
system. The experimental set-up is shown in the 
block diagram of Fig. 1. 

The time of free decay of the vibration amplitude to 
one quarter of its initial value (maximum strain 
amplitude of the order of 10-7) was used for the 
of the 


internal friction up to 0.0001 could be obtained easily. 


determination internal friction. Changes in 
The uncertainty in the measurements did not exceed 


Elastic modulus changes were followed 


dd 


3 per cent. 


Heatingfr— 
circuit 


Exciter-detector 


electrode Test-wire 


Vibration 
detector 


Block diagram of the experimental set-up 
and the wire holding. 
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simultaneously from the observed variation in the 
square of the sample’s resonant frequency which could 
be obtained with an accuracy of | per cent. 

The arrangement of the wire sample in a V-shaped 
loop made possible to follow changes in the sample 
resistance as well as in internal friction and elastic 
modulus. Besides, the sample could be given square 
pulse anneals by means of electric heating. 

The method used for resistance measurements is 
similar to that employed by Choitti™. It is essentially 
the 
developed between two probes which make contact 


a potentiometric method wherein potential 
with the test piece is balanced against a potential 
developed by a secondary of a current transformer 
whose primary is in series with the test piece. The 
maximum current that passed through the loop for 
the resistance measurements did not exceed 0.2 A and 
was practically insignificant in contributing any heat- 
ing effect. The accuracy in our resistance measure- 
ments was about 0.1 per cent. 


2.2 Cold-working and pulse-annealing 

Cold-working the sample was effected by plastic 
torsion at room temperature. The measure adopted 
for the degree of cold-work was the dimensionless 
quantity N D/L, where N is the number of turns 
twist, D and L are the diameter and the length of the 
wire respectively. 

Annealing the specimen at high temperatures was 
made in vacuo by passing a suitable heating current 
(up to 10 A) through the wire loop. The average 
annealing temperature corresponding to a given heat- 
ing current was obtained from a knowledge of the 
temperature variation of resistance which was prede- 
termined for a standard silver sample heated by an 
ordinary furnace. The advantage of electric heating 
over the ordinary furnace heating is that we can give 
the sample a nearly perfect square heat pulse. The 
drawback in the electric method of heating is the 
temperature nonuniformity at the wire endings. This 
was overcome by using in the test the lower portion 
only of the loop which was rigidly clamped between the 
edges of two thin quartz glass plates. Two potential 
probes for resistance measurements, made of thin 
silver wires, were attached to the loop branches at the 


points of mechanical support. 


3. RESULTS OF OBSERVATIONS 
The experiment was usually started with a specimen 
of standard history. It was then cold-worked to the 
required degree of deformation and clamped in its 
holder ready for the measurement. Isothermal inter- 


nal friction, elastic modulus and resistance changes 
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° 
re) 


normalised 


2. A typical set of results for a silver wire cold-worked by N D/L 
The percentage change in internal friction, Q 


0.16 
elastic modulus, and resistivity, 


p, of the sample at the three annealing stages are shown with the annealing tem 
peratures written on each curve. 


were measured for identically deformed samples as a 
function of the annealing time with the annealing 
temperature as a parameter. This observation run 
was repeated using differently cold-worked samples. 
Fig. 2 shows a typical set of observations on wires 
initially cold-worked to a degree of N D/L = 0.16. 
The following observations could be deduced: Succes- 
sive annealings at different temperatures revealed a 
spectrum of annealing processes responsible for the 
release of stored energy in the cold-worked specimens. 
The temperature ranges at which the observed pro- 
cesses were thermally activated are 25-50°C for the 
first, 100-200°C for the second, and above 200°C for 
the last. Few hours of annealing were generally found 
sufficient to bring to an end the process operating at 
that temperature. 


3.1 The annealing band I 

The first annealing stage is characterized by a drop 
in the internal friction and resistivity associated with 
an increase in the elastic modulus of the sample. The 
changes in the above physical properties reached 


asymptotic values after an annealing period of about 
The 


became more pronounced as the annealing temperature 


5hr at room temperature. rate of recovery 


was raised (Fig. 2). It was also observed that resis- 


tance changes annealed out earlier than changes in 


internal friction and elastic modulus for the same 


sample when annealed at a certain temperature 
Assuming the recovery process to be controlled by a 
E/kT) 


temperatures, 7', for 


constant, 
the 


reaction rate equation: ft exp ( 


equivalent times, ¢, and 
annealing process were obtained by making cuts at 
different 
measured. For each cut the logarithm of time required 


values of the relaxing physical property 


to reach this state of recovery was plotted against the 
reciprocal of the absolute temperature of annealing 
The energy, /, activating the process was calculated 
from the slopes of the straight lines obtained (Fig. 3a), 
and was found to have an average value of 0.7 eV for 
small deformations with a standard deviation of about 
4 per cent. A tendency towards a decrease in the 


activation energy was noticed when samples with 


higher degrees of cold-work were tested (see Fig. 4) 


3.2 The annealing stage I] 

The asymptotic values reached by internal friction 
and elasticity after the first annealing stage was over, 
were found to undergo another change (Fig. 2) when 
the sample was given a further heat pulse at an 
The 


resistivity showed no detectable change in this region. 


elevated temperature in the range LOO-—200°C 


/ / - | 
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three annealing processes. 

refer to the corresponding activation energy. The 

markings A refer to calculations from the 

internal friction, elastic modulus and the resistivity 
data respectively. N D/L 0.16. 


The new process was, however, investigated through 


changes in internal friction and elasticity in a similar 


way to that used in the first stage. 
activation for this recovery process was deduced from 


a consideration of the equivalent annealing times and 


temperatures (Fig. 3b) at which the same degrees of 


recovery were achieved. Again, a noticeable depend- 


ence of activation energy on the degree of cold-work 
was found (Fig. 5). The variation in activation energy 
ranged between 0.8 and 1.1 eV for changes in N D/L 


from 0.4 to 0.08. 


3.3 The annealing band ITI 


In the third annealing stage the changes 


The energy of 
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internal friction and elastic modulus behaved in a 
different way from their previous behaviour in stages 
I and II. 


with a minimum in the elastic modulus was found. 


A peak in the internal friction associated 


The electrical resistivity showed a marked decay at 
the same temperature interval indicating a unique 
cause for all the observed effects. 

The positions of the isothermal internal friction 
peaks, the elastic modulus minima and the relaxing 
resistivity curves were found to depend on the anneal- 
ing temperature. A shift towards longer annealing 


times occurred as the annealing temperature was 


eV 


oO 


Activation energy, 


ND/L 


Fic. 4. Energies activating the first annealing stage 

versus the degree of cold work. The reported values 

were calculated from the equivalent times and tem- 

peratures derived from the isothermal relaxation 
curves of and p- 


eV 


energy, 


Activation 


ND/L 


Dependence of activation energy for cross-slip 
on the degree of cold-work. 
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energy, 


Activation 


0-3 0-4 
ND/L 


Fic. 6. Variation of the activation energy for 


recrystallisation with the degree of cold-work. 


decreased (see Fig. 2). 


shift the activation energy was calculated (Fig. 3c) 


From the magnitude of the 


assuming the process to be rate controlled. An average 
value of 1.8 eV with a standard deviation of 4 per cent 
For deformations less than N D/L 


0.15, it was found that the process required an increas- 


was obtained. 


ingly higher energies in order to be activated (see 
Fig. 6). 


Aiming towards a better understanding of the 


ynenomena unaer ving 1e annea ing yrocesses am 
pl lerlying the annealin; 1 


their relation to the degree of deformation, a set of 


isochronal annealings of 10 min each starting from 
room temperature and increasing in steps of 25°C, was 
carried out after cold-working the silver wire. Room 
temperature measurements were taken after each heat 
pulse. Typical curves showing the observed annealing 
changes in internal friction, elasticity and resistivity 
for a deformation value of 0.32 are given in Fig. 7. 
The ultimate values of internal friction, elasticity and 
resistivity reached after the sample has been given 
heat pulses at high temperatures were found to settle 
down to steady magnitudes depending onthe degree of 
deformation. 

The position of the absorption peak and the associ- 
ated effects in elastic modulus and resistivity in this 
annealing stage were found to be shifted towards 
higher annealing temperatures as the degree of 
deformation was decreased. Fig. 8 shows the observed 
shift in the position of the internal friction peak for 
samples differently cold-worked. 

4. DISCUSSION 
In order to ascertain the proper mechanism respon- 


sible for each of the observed annealing stages, it is 
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ity 


-p)/p 


resistiv 


temperature 


Annea na temperat 

Fic. 7. Isochronal annealing curves for a silver wire 

deformed by N D/L 0.32 and res 

for 10 min at temperatures increasing in steps of 25°¢ 
internal friction 


elastic 


overed by annealing 
modulus 


important to point out first, the internal state of the 
cold-worked material after deformation 

According to the extensive study made by Seeger’ 
the structure of a 


on work-hardening in f.c.c. metals, 


deformed material is characterized by the presence of 


(1) Lomer—Cottrell barriers with many dislocations 
piling behind them 

(2) Dislocation networks 

(3) Point defects created by intersecting dislocations 


during the deformation process 


By heat treatment at different temperatures of a 
material in such a state, the annealing processes will 
be activated in succession according to their ease of 


action 


4 l Vacanci s and divacancies 


Since the migration of vacancies to sinks forms one 
of the easiest annealing processes, it may be reasonably 
suggested that the process controlling the first anneal 
ing stage is vacancy diffusion to sinks. This suggestion 
is supported by the energy of 0.7 eV which we found 
This 


accordance with that expected to activate vacancy 


value is in 


to activate the annealing process 


migration in silver.” 
The observed decrease in activation energy for the 
suggests an increased 


The 


higher degrees of cold-work 


robability of divacancy formation.‘® energy 
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fe} friction 


ntern 


Normalised 


400 
Annealing 


Fic. 8. 


temperature, 


500 


°C 


The effect of the degree of cold-work on the 


position of the internal friction peak associated with 


recrystallisation. 


The numbers written on each curve 


refer to the corresponding degree of deformation. 


activating the motion of a divacancy is known to be 
We 


may thus ascribe the observed decrease in energy for 


less than that required for a single vacancy.‘ 


the high degrees of deformation to the presence of two 
diffusing entities, namely, vacancies and divacancies. 


It is expected that if the cold-work is increased 


sufficiently, there will be a stage where the majority of 


the diffusing defects become divacancies, and a value 
for activation energy referring to divacancy migration 


will be obtained. 


4.2 Cross-slip 
After the field 

additional heating of the sample at higher tempera- 

The 


annealing temperature most probably aids some of the 


has been cleared of vacancies, 


tures released more stored energy. increased 
piled dislocations to escape from their primary slip 
planes by a cross-slip mechanism. 

The invariance of electrical resistivity which we 
observed in this stage of annealing implies that the 
release in energy must be brought about by slight 
movements and rearrangements of the dislocations in 
This 


view is supported by Bailey and Hirsch’s recent obser- 


the cell boundaries by a cross-slip mechanism. 


vations'®) on the recovery of cold-worked silver using 
electron microscopy. They reported no observable 
difference in the dislocation density before and after 
recovery. They concluded that the release in energy 


during this annealing stage corresponds to a reduction 


in the interaction energy which could be effected by 
cross-slip. 

It is rather difficult at present to form a clear 
picture as to the cause of the observed decrease in the 
activation energy for cross-slip in the samples which 
received large amount of deformation. However, it 
seems that this effect originates from the surrounding 
local stresses of the near-by pile-up groups which 
appear in high concentrations in heavily deformed 
samples. It is known that in the phenomenon of 


dynamical recovery, which might take place at 
relatively low temperatures, the increased stressing 
may supply energy for the relief of some of the pre- 
viously created local strains through a cross-slip 
mechanism or a break-down of Lomer—Cottrell barriers. 
Introducing a similar parameter in the case of anneal- 
ing of highly deformed samples, the thermal agitation 
aided by the local stresses of the piled-up groups may 
co-activate the cross-slip mechanism, and thus the 


activation energy apparently decreases. 


4.3 Recrystallisation 

The annealing stage observed in cold-worked silver 
after giving it heat pulses at temperatures higher than 
200°C is possibly accompanied by recrystallisation. 
Bailey and Hirsch‘* have recently confirmed by means 
of X-ray diffraction methods the existence of recrystal- 
silver after a similar heat 


lisation in cold-worked 


treatment had been effected. 
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The observed increase in damping when recrystallis- 


ation starts is thought to be due to the release of 


some of the dislocations forming the cell boundaries 


through a process of climb. The subsequent removal 


of these dislocations settles down the internal friction 
to a steady value. The associated decrease in resis- 
tivity supports in another way the idea that the energy 
release during recrystallisation is associated with the 
removal of dislocations. 

Xecrystallisation in f.c.c. structures could thus be 
described in terms of dislocation mobility in the 
following way: at high annealing temperatures, dis- 
location segments of opposite signs which are on 
neighbouring planes, and which form part of the 
three dimensional cell structure in the matrix, will 
climb and annihilate each other. This process results 
in thinning the walls of the network dislocations acting 
as the cell boundary, until finally thermal agitation 
breaks down this boundary and two cells coagulate 
to form a larger one. 

The controlling process here is climb which is 


essentially a self-diffusion mechanism. The experi- 
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mental value of 1.8 eV obtained for the energy acti- 
vating recrystallisation is in good accordance with the 
previously reported activation energy for self-diffu- 


sion, namely, 1.9 eV. 
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THE INFLUENCE OF GRAIN SIZE ON THE YIELD PHENOMENON IN STEEL* 
T. L. RUSSELL, D. S. WOOD and D. S. CLARK+ 


This paper presents the results of experimental measurements of the influence of grain size upon the 
static yield point and the delay time for yielding in a very low carbon steel. These are interpreted in 
terms of a theory based upon the assumption that macroscopic yielding begins after slip bands have 
formed in a certain fraction of all grains and have penetrated the grain boundaries. 

Comparison of the theory with the measurements of static upper ield point as a function of grain size 
indicates that plastic shear deformation of a grain boundary requires an energy of about 580 ergs/cm? of 
grain boundary area. This result is consistent with the concept that the grain boundaries are saturated 
with carbon atoms and that the binding energy of a carbon atom in a grain boundary is about equal to 
the binding energy between a carbon atom and a dislocation. 

The delay time for \ ielding is the time required, at constant applied stress, for the density of slip bands 
to increase to the value necessary for macroscopic yielding. This time is governed by the thermally 
activated release of dislocations within grains from their Cottrell atmospheres. The theory predicts that 
the delay time should be inversely proportional to the cube of the grain diameter. This prediction Is in 


reasonable agreement with the experimental measurements. 


INFLUENCE DE LA GROSSEUR DU GRAIN SUR LE PALIER DE 
LIMITE ELASTIQUE DE L’ACIER 

Les auteurs ont déterminé expérimentalement |’ influence de la dimension du grain sur la limite élastique 
statique et le temps d’inhibition d’un acier & trés faible teneur en carbone. Ces résultats sont interprétés 
a la lumiére d’une théorie basée sur /hypothése que la déformation plastique macroscopique commence 
aprés que des bandes de glissement se sont formées dans une certaine quantité de grains et qu’elles ont 
pénétré dans les joints de grains. 

La comparaison de la théorie er de mesures de la limite élastique supérieure statique pour différentes 
grosseurs de grain indique que la déformation plastique par cisaillement d’une frontiére de grain demande 
une énergie d’environ 580 ergs par cm? de surface de frontiére de grains. Ce résultat est en accord avec le 
concept que les frontiéres de grains sont saturées en atomes de carbone, et que l’énergie de liaison d’un 
atome de carbone dans une frontiére de grains est a peu pres égale a énergie de liaison entre un atome 
de carbone et une dislocation. 

Le temps dinhibition a la déformation plastique est le temps qui est nécessaire, & tension appliquée 
constante, pour que la densité des bandes de glissement atteigne la valeur nécessaire & une déformation 
plastique macroscopique. Ce temps est fonction de la libération (activée thermiquement ) des dislocations 
de leurs nuages de Cottrell a Pintérieur du grain. La théorie prédit que le temps d’inhibition doit étre 
inversement proportionnel au cube du diamétre du grain. Cette prédiction est raisonnablement en 


accord avec lexpérience. 


DER EINFLUSS DER KORNGROSSE AUF DIE STRECKGRENZE IN STAHL 

In dieser Arbeit werden experimentelle Resultate vorgelegt iiber den Einfluss der Korngrésse auf die 
statische Streckgrenze und die Verzé6gerungszeit fiir das Fliessen von einem Stahl mit sehr geringem 
Kohlenstoffgehalt. Sie werden an Hand einer Theorie gedeutet, welche auf der Annahme beruht, dass 
makroskopisches Fliessen einsetzt nachdem sich in einem bestimmten Bruchteil aller Kérner Gleitbander 
gebildet haben, und diese die Korngrenze durchdruigen haben. 

Der Vergleich der Theorie mit den Messungen der oberen Streckgrenze als Funktion der Korngrésse 
zeigt an, dass die plastische Scherung einer Korngrenze eine Energie von etwa 580 erg pro em? Korn- 
grenzenflache erfordert. Dieses Ergebnis ist im Einklang mit der Vorstellung, dass die Korngrenzen 
mit Kohlenstoffatomen gesittigt sind und dass die Bindungsenergie eines Kohlenstoffatoms in der 
Korngrenze etwa gleich der Bindungsenergie eines Kohlenstoffatoms an einer Versetzung ist. 

Die Verzéogerungszeit fiir das Fliessen ist die Zeit, die bei konstanter angelegter Spannung notwendig 
ist zur Erhohung der Gleitbanddichte auf den Wert, der fiir das makroskopische Fliessen notwendig ist. 
Diese Zeit ist bestimmt durch die thermisch aktivierte Loslosung der Versetzungen von ihren Cottrell- 
Wolken innerhalb der Kérner. Die Theorie sagt voraus, dass die Verzégerungszeit umgekehrt propor 
tional zur dritten Potenz des Korndurchmessers sein sollte. Diese Voraussage stimmt mit den experi 


mentellen Messungen in verniinftiger Weise iiberein. 


INTRODUCTION reported that a vield point is not present when large 

The existence of a yield point in steel has been _ single crystals of iron containing carbon and nitrogen 
shown to be dependent on the presence of carbon or are subjected to stress levels that cause slip. Schwartz- 
nitrogen as an interstitial solute atom in the z-iron hart and Low‘ found some evidence of a yield point 


crystal lattice.“ Holden and Hollomon® have _ jn iron single erystals containing carbon and nitrogen. 


* Received December 15, 1960; revised April 19, 1961, The effect was very small, however, compared to the 


+ Ww. M. Keck Laboratory of Engineering Materials, magnitude of the yield point phenomenon in poly- 
California Institute of Technology, Pasadena, California, 
U.S.A. crystalline steel. Consequently it may be concluded 
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that the phenomenon of a distinct yield point in steel 
is associated with (1) the presence of a sufficient 
amount of carbon and/or nitrogen; and (2) the 
presence of grain boundaries. 

Clark and Wood"), that there is a 


definite period of time before the initiation of yielding 


have shown 


in annealed low-carbon steel, when it is subjected to a 


rapidly applied constant stress. The delay time is 


defined as the time interval between the instant of 


loading and the instant at which yielding occurs, 
during which the material is held at a constant stress. 
Experimental measurements of the influence of stress 
and temperature upon the delay time for yielding have 
been employed to test several versions of the disloca- 
tion theory of the yield point in steel. as) 
Dislocation theories of the yield point phenomenon 


are based upon Cottrell’s concept” of the locking of 


dislocations by atmospheres of interstitial solute atoms. 
The delay time for yielding is considered to be the time 
required under constant externally applied stress, for 
the thermally activated release of a sufficient number 
of dislocations from atmospheres to nucleate macro- 
scopic yielding. The original theory of this thermal 
activation process was given by Cottrell and Bilby“®). 
Cottrell") has recently proposed a revision of this 
theory which is more consistent with measurements of 
the stress and temperature dependence of the yield 
delay time. A dislocation theory that takes into 
account the influence of grain size upon the delay time 
for yielding has not been published. 

The influence of grain size upon the yield behavior of 
steel under static or relatively slow loading conditions 
has been studied by several investigators.“4-!®) 
Hall?®, Petch"” and Low"® have shown that the 
variation of lower yield stress with grain size may be 


represented by the relation 


k(d)* (1) 


oO oO 
/ i 


where d is the average grain diameter and o, and k 
are parameters that may depend upon temperature 
but not upon grain size. The quantity o, represents 
the (Peierl’s—Nabarro 


etc.) acting on a dislocation as it moves within a 


average friction stress force, 
crystal. 

In contrast to numerous studies of the relationship 
between grain size and the lower yield stress, the 
influence of the grain size upon the upper yield stress 


The 


available experimental data for the upper vield stress 


has not been correlated with equation (1). 
is much less extensive than that for the lower yield 


Hall did, 


measure the upper yield stress as a function of grain 


Sylwestrowicz and however, 


stress. 


size for three steels. No investigations of the influence 
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of grain size on delayed yielding had been reported at 
the time the work presented in this paper was initiated. 
The authors, therefore, undertook this investigation of 
the influence of grain size upon delayed yielding and 
the static upper vield stress in steel in order to obtain 
an improved understanding of the basic mechanisms 
associated with yield point phenomena. 

Krafft and Sullivan” have recently reported the 
results of a similar investigation. Their work differs 
significantly from that presented in this paper, how- 
ever. Krafft and Sullivan employed steels containing 
microscopically visible carbides. Thus, their results 
indicate the combined influences of carbide dispersion 
and grain size upon delayed yielding. The present 
work, on the other hand, employs a steel having no 
microscopically visible carbides, and hence indicates 
Another difference 


that Krafft 


the influence of grain size alone 


between the two investigations is and 


Sullivan measured delay times ranging from about 2 
to 600 microseconds, while the present work covers 
the range from about 5 milliseconds to several hundred 
seconds, and includes measurements of the static upper 
yield stress. Finally, Krafft and Sullivan have not 
attempted to interpret their results quantitatively in 
terms of dislocation theory. Thus, the two investi- 


gations do not overlap significantly 


SPECIMEN PREPARATION 
Specimens used in this investigation were fabri 
cated from a low-carbon stee! with the following mill 
analysis: 
Carbon 0.099, 
Manganese 
Phosphorus 0.020°,, 


Sulfur 0.037° 


The different grain sizes required for this investi 
gation were produced by two techniques: (1) anneal 
ing the material at suitable austenitizing tempera 
(2) recry stallization of previously cold-worked 


the 


tures; 


material at temperatures below transformation 


temperature. For the purpose of this investigation 
the grain size is reported in terms of an average grain 
diameter, which is equal to the square root of the 
average grain area observed on a random piane inte! 
secting the specimen 

Four grain sizes were produced by straining four 
groups of specimens 8, 9 11 and I8 per cent in tension 
followed by recr stallization at a temperature ot 
1270°F for 24 hr. 


additional grain sizes were produced by annealing the 


Two groups of specimens of two 


specimens at temperatures of 1660 and 2400°F for 2 hr 


The average grain sizes are given in Table | 
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TABLE |. Average grain sizes of the test specimens 


Average Average 
grain grain 
area diameter * 

(10-® in?) (10-3 in) 


Procedure 


76.5 
53.8 
30.7 
18.8 
6.00 


1.25 


Strained 8% and recrystallized 

Strained 9% and recrystallized 

Strained and recrystallized 
Annealed at 2400°F 

Strained 18% and recrystallized 
Annealed at 1650°F 


* Average diameter \/ (average area). 


After recrystallization or annealing, all specimens 
were decarburized by heating them to a temperature 
of 1230°F for approximately 70 hr in wet hydrogen, 
followed by a short recarburization treatment. The 


purpose of the decarburization was to eliminate all 


iron-carbide particles. The small amount of carbon 
added after decarburization was sufficient to produce 
the yielding behavior typical of carbon steels, but not 
sufficient to produce microscopically visible carbide 
particles in the structure. 

The two sets of specimens that were strained 8 and 
per cent were considered to be of the same grain size, 
namely an average grain area and average grain 
10-6 in.? and 8.1 


tively. These two sets of specimens were considered as 


diameter of 65 in., respec- 
one group because the observed distributions of the 
grain diameter about an average value was approxi- 
mately the same. 

The gage section of the tensile test specimens 
employed was 3/4 inch in length with a rectangular 
cross section. The specimens prepared by cold working 
and recrystallization (average grain diameters of 8.74, 
7.33, 5.54 and 2.45 
0.07 in. by 0.33 in. 
annealing in the austenite temperature range had a 


The specimens prepared by 


cross section of 0.10 in. by 0.25 in. A few specimens 
having an average grain diameter of 8.1 10-3 in. 
were prepared with a cross section of 0.22 in. by 0.25in. 
by the cold work and recrystallization method. These 
were employed to investigate a possible influence of the 
ratio of grain size to specimen thickness upon the 


results. The transition from the gage sections to the 


gripping sections of all specimens was by means of 


3/4 in. radius fillets. According to Peterson’), the 
elastic stress concentration factor at the ends of the 
gage section was not more than 1.14 in any specimen. 
The grip sections of the specimens were | in. wide with 
a central hole 3/8 inch in diameter. An accurately 
fitting pin passing through the hole carried the two 
sections of a split steel sphere. In this way, a spherical 
ball end was formed on each end of the specimen with 
the center of the sperical surface accurately aligned 
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with the center line of the specimen cross section. The 
tensile load was applied through the mating spherical 
seats on the testing machine. Thus, bending stresses 
in the specimen were avoided. 
TEST EQUIPMENT 

Static loading test equipment 

Static tests were performed in two testing machines: 
(1) an Olsen universal testing machine, (2) an Instron 
universal testing machine. Both machines utilize a 
screw drive to move the cross-head. The specimens 
were attached to the moving and stationary heads of 
the testing machines by short lengths of chain in order 
to reduce bending stresses in the specimen. Strain in 
the gage section of the specimens was determined with 
Baldwin A 


strain gages. 


7 or A-18, SR-4 resistance sensitive wire 


The strain gages on the specimens tested in the 
Olsen testing machine were electrically connected into 
a temperature compensated Wheatstone bridge circuit. 
The strain sensitivity of this measuring system is 
in/in. 


in the Instron testing machine were made with the 


approximately 5 The tests performed 
specimen strain gages electrically connected to a 
Baldwin SR-4 strain indicator. The strain sensitivity 
of this system is approximately 2 « 10~° in/in. 


Rapid load testing equipment 

The equipment employed in the rapid loading tests 
was specially constructed for this investigation. The 
rapid load testing machine is a pneumatic—hydrauli- 
cally operated mechanism designed to rapidly apply a 
constant tensile force to a specimen in order to permit 
the determination of the deformation in the specimen 
as a function of time. 

The rapid load testing machine applies a predeter- 
mined constant load to the tensile specimen, causing 
the stress in the specimen to increase to within a few 
10-3 


sec. The load is measured as a function of time during 


per cent of its final value in a period of 2 to 3 


each test by a strain gage dynamometer. The signals 
from the dynamometer and strain gages on the speci- 
men are recorded with an oscillograph. 

The strain in the specimen is measured by means of 
two Baldwin A-7 or A-18, SR-4 resistance sensitive 
cemented to the of the 
Only plastic strain in the specimen is 
This 


type of measurement is accomplished by means of a 


strain gages gage section 


specimen. 
measured and recorded rather than total strain. 


hardened alloy steel strain bar connected in series 
with the specimen. The proportional limit of the 
strain bar is sufficiently high to insure that the strain 


in the bar follows Hooke’s Law accurately under 


8.74 
1.00 
5.54 
4.33 
2.45 
| 1.12 
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maximum loading conditions. Two strain gages of the 
same type as those employed on the specimen are 
The 


specimen and strain bar are connected into a Wheat- 


bonded to the strain bar. four gages on the 
stone bridge circuit in such a way that the output 
signal is proportional to the difference between strain 
in the strain bar and in the specimen. The cross 
section of the strain bar is such that the elastic strain 
in specimen and strain bar will approximately cancel. 
Thus the signal recorded is proportional to the plastic 
strain in the specimen minus a small measurable 
elastic strain. 

The maximum sensitivity of the strain measure- 
ments in terms of strain in the specimen and trace 
deflection on the photographic paper of the recording 
in/in 


inch of trace deflection. The maximum sensitivity of 


oscillograph, is approximately 50 per 


the load measurements in terms of load applied to the 
specimen and trace deflection is approximately 25 
The trace deflections on the 
0.01 in 


Ib/in of trace deflection. 
photographic record may be read to within 
Therefore the test 

load to 


records can be read in terms of 


strain and within 0.5 10-® in/in and 


0.25 lb (approximately 10 Ib/in?), respectively. 
TEST PROCEDURE AND RESULTS 
Static loading tests 
The stress was applied in the static tests in incre- 


ments of approximately 2500 |b/in? until a stress of the 


order of one half the proportional limit was attained. 


After that, the 
approximately 100 |b/in?. 


stress increment was reduced to 


The strain and load were 
recorded approximately 5 min after a load increment 
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The load was increased by the next incre 
Values 


of the upper and lower yield stress obtained in the sta- 


was applied 
ment immediately after recording these values 
tic tests are plotted in Fig. 1 versus (d) where d 
is the average grain diameter. Typical static stress 
strain curves are plotted in Fig. 2. The curves for the 
3 in.) did not exhibit 
Therefore the 


largest grain diameter (8.1 10 
distinct upper and lower yield points 
stress corresponding to a plastic strain of 200 1O-8 
in/in is plotted in Fig. 1. for this grain size in place of 


a lower or upper vield stress value 


Rapid loading fests 


The specimen was subjected to a small preload in all 
between 


\ typical 


rapid loading tests. This preload varied 
1000 Ib/in? and 5000 |b/in? from test to test 
record of stress and strain as a function of time for a 
specimen which yielded is presented in Fig. 3. Delay 
time for vielding is plotted as a function of stress in 
Fig. 4 
the three smallest grain size (d 1.1 
10-3 in.) 


Specimens of 


These curves were obtained for specimens of 
| 

2.4 and 4.3 

sizes behaved 


the two largest grain 


somewhat differently in response to rapid loading 
The 


1Q-3 


with average grain diameters of 


did not 


specimens 


and 5.5 exhibit well 


defined delay times for yielding. The plastic strain 


increased continuously at an increasing rate until 


work hardening became significant. Thus no reversal 
in the time variation of strain rate, such as is associ- 
ated with a definite delay time, was observed for these 
two largest grain sizes. Consequently delay time or 


pre-vield microstrain cannot be identified in these 


© Upper Yield Stress 
o Lower Yield Stress 


* a Stress af which plastic strain 
equaled 200x10°S in./in 


10 


| 
35 
o 
° 
o 
c 
2 
15 
S10 
4 
4 
5 7 
4 
4 
1 20 30 40 
a2, in. 
Fic. |. Upper and lower yield stresses versus inverse square root of average grain diameter 
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in. 


in. 


-3 
425-5 x10 


10> Ib/in® 


Stress, 


A% 


162 in. 


Strain, 


Typical static 


tests. Typical curves of plastic strain versus time for 
specimens which behave in this manner are presented 
in Fig. 5. 
Seven rapid load tests were made on specimens 
in. 
The test 


having an average grain diameter of 8.1 
and a cross section of 0.22 in. by 0.25 in. 
stresses employed covered the same range as those for 
the tests on the specimens having a cross section of 
Q).07 in. 0.33 in. The 


results showed that the two sizes of test specimens 


by and the same grain size. 
behave in the same manner. 
All data reported in this paper were obtained at 


room temperature (74 S°F). 


DISCUSSION 
Yielding under static or slow loading 
Figure 1. shows that the static lower yield stress 
obtained in this investigation as a function of grain 
size may be represented by a linear function of the 
inverse square root of the average grain diameter 


1), 


(16,17,18) 


(equation in agreement with previous investi- 


gators Fig. | also shows that the upper yield 
stress may be represented as a function of grain size 
by a relation of the same general form. For the upper 
vield stress, however, the data show that a, is sub- 
stantially less than the value for the lower yield stress 
The contrast between the behavior of the upper yield 
stress and the lower \ ield stress is also exhibited by 
the results obtained by Sylwestrowicz and Hall), 
Their measurements of the upper yield stress of 


annealed Armco iron versus (d)~'/* are plotted in Fig. 6, 


together with the corresponding data from the present 
The fact that o 


investigation. , 18 lower for the upper 


yield stress than for the lower \ ield stress is difficult to 


per 


1.2 
cent 


stress-strain curves. 


Pre-yield 
Microstrain 


Strain 


Delay Time— 


Stress 


for material i 
occurred, 


Fig, Test record n which yielding 

reconcile with the concept that the main contribution 
to is the Peierl’s-Nabarro force, as suggested by 
Petch®”. This the the 


Peierl’s—Nabarro force cannot be influenced by prior 


0; 
is because magnitude of 
plastic deformation. 

The 


proposed to account for the grain size dependence of 


following alternative dislocation model is 


the upper yield stress. Dislocations are released from 


Cottrell atmospheres prior to the onset of macroscopic 
yielding. A description of this will be given in a 


subsequent section. These experience only a small 
friction stress as they move from their sources toward 
the grain boundaries. Thisdislocation motion produces 


(8) 


the pre-yield microstrain observed previously‘ and 


shown in Fig. 3. 
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50 


Stress, 0,10 Ib/in? 


© 10 in. 
4 d=2.5x10_ in. 
d=4.3xi0 in. 


Delay Time, t, sec 


Fic. 4. Delay time versus stress for different grain sizes. 


d=8 in 


10 15 20 25 
Time, io? sec 


Typical curves of strain versus time for material without yield point 


The authors assume that the thermally activated 


an 


x release of a single dislocation from its atmosphere 


Yr causes a complete slip band to form across the grain 


containing the released dislocation. The process of 


Ib/in* 


slip band formation from the initial release of the first 


dislocation is probably quite complicated. Dislocation 


a 


multiplication by the Frank—Read mechanism, release 


of other dislocations from their atmospheres by near 


collisions of free dislocations, and the formation of jogs 
with consequent climb of the moving dislocations may 


all be processes which are involved during the slip 


Upper Yield Stress, Ou Tex 


band formation. Thus, the slip band probably has a 


finite though small thickness and consists of a complex 


10 20 30 40 50 60 arrangement of dislocations rather than a simple 


d? in:? 


Fic. 6. Upper yield stress versus inverse square root of 
average grain diameter. 
this paper 
annealed Armco iron, Sylwestrowicz and Hall'!®, 


pile-up of dislocations on a single atomic slip plane 
This is in accord with the observations of Low and 
Guard"!), 


The formation of a slip band in a grain is not 


0 = - 
10° 10° 10 10 10° 10° 
200 
‘ol. 9 
961 
+ + 
£ 
2 
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£ 
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necessarily sufficient to initiate macroscopic yielding 
of the entire specimen because the grain boundaries 
impede slip. The conditions which are required for the 
penetration of a slip band through a grain boundary 
may be the aid of Eshelby’s® 


analysis of the elastic field of inclusions embedded in 


determined with 


an elastic matrix. A slip band may be considered to 
be a special type of inclusion. The following simpli- 
fying approximations are employed: 

(1) The relaxed resolved shear stress, 7, within a 
slip band is uniform and equal to the “friction 
stress’’ for dislocation motion. 
the properties of 


(2) The anisotropy of elastic 


individual grains is neglected. The shear modulus 
of iron single crystals varies with crystallographic 
The the 


modulus for polycrystalline iron is about 40 per 


orientation. maximum deviation from 
cent. The theory developed below attributes the 


vield behavior of polycrystalline steel to the 


collective behavior of many grains, however. 
Therefore, the neglect of the elastic anisotropy of 
individual grains should produce a negligible error 
in the final results. 

Eshelby shows that if the relaxed shear stress, 7, is 
uniform in the slip band, then the plastic shear strain, 
y,: is uniform within the band. Further, the slip band 
must be ellipsoidal in shape. The magnitude of plastic 


shear strain within the slip band is 


) 


28) 


(2) 


where 7 is the applied resolved shear stress, G is the 
shear modulus, and S is a shape factor for the ellip- 
soidal slip band. Assuming that the thickness, m, of 
the slip band it small compared to its diameter, d 


(equal to the grain diameter), the shape factor is 


(2—y¥v) (@) 


(3) 
(1 v) (d) 


where vy is Poisson’s ratio, and higher order terms in 
(w/d) have been neglected. 
The 


specimen due to the presence of the relaxed slip band 


additional elastic strain energy, F,, in the 


Is 


(4) 


BE, = 


where V (z7/6)d?(~/d) is the volume of the slip band. 
The work, W, done by the externally applied load 
during formation of the slip band, is 


W Vry.. (5) 


The energy, /,, dissipated by the work of plastic 


deformation is 
(6) 
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The change in the total potential energy, 2, of the 
system composed of the specimen and the means of 
stress application, which takes place when the slip 
band forms is 


(7) 


Substituting equations (2)—(6) into equation (7) gives 

) 

Assume that the penetration of the slip band into 
the grain boundary requires an additional expenditure 
of energy. Let g represent the amount of this energy 
per unit area of grain boundary. Also assume that the 
area of grain boundary which is plastically deformed 
when the leading dislocation in the slip band enters 
the boundary is 

wd (9) 


where 7, is the core radius of the dislocation. Thus the 


energy required for plastic deformation of the grain 


boundary during the first penetration of the slip band 


Is 


Aq dq. (10) 


g 


uring this penetration of the grain boundary the 
During thi netration of the grain boundary tl 


leading dislocation advances a distance of about /o. 
Thus the diameter of the slip band increases by 27». 
The change in potential energy of the system, AZ, 
produced by this increase in slip band diameter may 


be obtained from equation (8), and is 
(11) 


The expansion of the slip band into the grain boundary 
can only occur if 


AE 0. 


g 


(12) 


When equations (10) and (11) are substitued in 
equation (12), the result obtained after some rearrange- 
ment is 
vy) Gq 
(13) 


The assumption is made that macroscopic yielding 
of the specimen occurs when some fraction of all the 
grains contain slip bands that have penetrated their 
grain boundaries. The first slip band that forms and 
penetrates a grain boundary does not initiate macro- 
scopic vielding because it is in a larger than average 
grain of favorable orientation whereas its neighboring 
grains are smaller and less favorably oriented. As the 
density of slip bands that have penetrated their grain 
boundaries increases, the total effective cross sectional 


area of material available to support the applied load 


— 
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decreases. Also overlapping of the elastic stress fields 
of the slip bands increases. When these effects reach a 
certain stage, macroscopic yielding takes place, i.e. 
slip propagates across grains of all sizes and orien- 
tations. Thus, according to this view, macroscopic 
yielding does not take place until slip bands have 
penetrated grain boundaries in grains of average size, 
d. 


upper yield stress in tension, Guy 


Therefore, the theoretical expression for the static 
is obtained by 


d in equation (13), 


using the equal sign, 


putting d 
and multiplying through by two: 


j 


where o, = 27,. The experimental values of the upper 
yield stress correspond to the values computed by 
equation (14), divided by the stress concentration 
factor for the specimen. This factor is less than 1.14. 
In view of the low value of this factor in relation to 
the approximations involved in the theory, it is 
neglected. 

Equation (14) has the same form as the empirical 


(1). 


value for the energy, g, required for plastic defor- 


relation, equation Furthermore, a numerical 
mation of unit area of the grain boundary, may be 


obtained by comparing equations (1) and (14). Thus, 


or (15) 


The experimental value of k, obtained from Fig. 1., is 
3.) 10° Ib/in 12 « 106 Ib/in? 


and vy = 0.3, and converting units, equation (15) gives 


Taking G 


580 ergs/cm?. 


This value for the energy required to plastically 

deform unit area of a grain boundary may be explained 
if the following assumptions are made: 


(1) The grain boundary contains one carbon atom in 


AR 


> 


each element of area corresponding to the size of 


two iron atoms. 

(2) The binding energy of a carbon atom with the 
grain boundary is about the same as the binding 
energy between a carbon atom and a dislocation, 
namely, about 0.5 

(3) Plastic 
displaces t 


of the boundary 


atoms 


deformation orain 


he carbon form low energy 


positions and hence requires an energy input which 

is equal to their binding energy. 
The foregoing interpretation of the static upper 
vield point as the result of carbon (or nitrogen) stabili- 
of 


zation grain boundaries is consistent with two 


K : 
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experimental observations of Low and Gensamer.”) 
First, that 


disappearance of the yield point and strain-aging (by 


Low and Gensamer noticed “during 


wet hydrogen treatment), the only apparent change 


(in microstructure) was a decrease in the contrast 


between grain boundaries and the grains themselves 
This 


the grain 


when nital (4 per cent) was used as an etchant’ 


indicates that carbon was concentrated in 
boundaries of their specimens when they exhibited a 
distinct yield point, and that the yield point dis 
appeared when carbon was removed from the grain 
boundaries 

Second, Low and Gensamer found that the yield 
point in a steel of ASTM grain size number 7(d ~ | 
10-% in.) disappeared when the carbon concentration 


had 
10 3 


been reduced to some value less than about 


wt. °,, (the limit of sensitivity of the method of 


carbon analy SIS) The average carbon concentration 
required to provide one carbon atom in an area of 
grain boundary corresponding to the size of two iron 
atoms in steel of ASTM grain size number 7 is about 


2 10 


4wt.°,. On the other hand, the amount of 


carbon required to provide Cottrell atmospheres 


around all the dislocations in the material (assuming a 
dislocation density of 108 em~?) is only about 10-6 
It is unlikely that the carbon concentration 
was as low as 10~® wt.®, in the specimens which Low 
and Gensamer found to have no distinet yield point 
Thus, a plausible explanation for their observations is 
that they removed the yield point by removing carbon 
from the grain boundaries of the steel 
The relationship between static upper yield stress 
and grain size, presented in Figs. | and 6 show that 
the 


motion within grains (the intercept at (d) 


so-called friction stress’, o,, for dislocation 


0) 
This 
stress should be equal to the elastic limit for single 
Holden 


Holloman”) measured the tensile properties of car 


Is 
very small (zero within experimental scatter) 
crystals of iron containing carbon and 
burized and nitrided iron crystals by means of strain 
of high 10 


Their results show that 


measurements sensitivity | © in/in) 


the tensile elastic limit of a 


be as low as 2000 


favorably oriented crystal may 
lb/in? or less. The present results are consistent with 
this value 

The authors have not succeeded in extending the 
reasoning pres ‘nted above to obtain a plausible 
quantitative theory for the lower vield stress of steel 


and its dependence on grain size 


Yielding unde) rapidly applied constant stress 
The foregoing theory of grain size dependence of the 


static upper vield stress is based upon the hypothesis 


| 
(2—y) | 
On y 0; 2 7 Gq | (d) (14) 
NL (1 v) J 
01.9 
961 
(2 vy) 
k=2 | Gg | 
(1 y) 
k2 
(2 v) 4nG 
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that there are two necessary conditions for the initi- 
ation of macroscopic yielding. First, the applied stress 
must be great enough to cause slip bands within grains 
to penetrate the grain boundaries. Second, some finite 
fractions of all grains in the specimen must contain 
slip bands which have penetrated their grain bound- 
aries. The theory of the grain size dependence of the 
delay time for yielding under rapidly applied constant 
stress exceeding the static upper yield stress follows 
from the second of these two necessary conditions. 

A slip band can form in any given grain in a test 
specimen only after a segment of a dislocation in that 
grain has been released from its atmosphere of carbon 
atoms. This dislocation release is a thermally acti- 
vated process in which the activation energy decreases 
as the applied stress is increased.“!!% Thus, slip 
bands form in different grains at random time intervals 
after the instant of stress application. Since the total 
number of grains is large, however, there is a statisti- 
cally well defined rate of slip band formation. There- 
fore, a finite period of time is required, under constant 
applied stress, for the fraction of grains containing 
slip bands to increase to the critical value necessary 
for the initiation of macroscopic yielding. This is the 
delay time for yielding. 

Consider a short segment of a dislocation which is 
capable of being released from its atmosphere of 
carbon (or nitrogen) atoms under the combined action 
The 


probability per unit of time that this dislocation 


of the applied stress and thermal fluctuations. 


segment will be released is 


dp 
dt 


yexp (—u(a)/kT) (16) 
where v is the frequency of the appropriate type of 
thermal fluctuation, u(o) is the activation energy as a 
function of the applied stress, o, and k& and 7’ are 
Boltzmann's constant and the absolute temperature, 
respectively. 

Any given grain in the specimen contains many 
such dislocation segments, say n. The probability per 
unit time that a dislocation will be released from its 
atmosphere somewhere within the grain is » times 
equation (16). Now nis proportional to the dislocation 
density and the grain volume. Therefore, the proba- 
bility per unit time that a dislocation will be released 


somewhere within the grain may be written 


dp’ 
dt 


C',pd® exp (—u(a)/kT) (17) 
where C7 is a constant of proportionality which 
includes the frequency, v; p is the dislocation density; 


and d is the grain diameter. 
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Equation (17) also gives the probability per unit 
time that a slip band will form in the grain, provided 
no slip band has formed in the same grain previously. 
The first dislocation to be released from its atmosphere 
within a given grain is expected to lead to the for- 
mation of a complete slip band within that grain, as 
discussed This 
reduction of the local stress throughout that grain. 


previously. causes substantial 
Therefore, the activation energy for the release of 
other dislocations in that grain is increased, and hence 
the probability for such additional dislocation releases 
is very greatly reduced. A negligible error is made if 
the probability for the formation of more than one 
slip band in a given grain is taken to be zero. 

Consider now the entire test specimen which con- 
tains a large number, N>, of grains of average diameter 
d. The probability per unit time that a slip band will 
form somewhere in the specimen is given by equation 
(17) (with d replaced by d) multiplied by the number 
of grains that do not contain slip bands at the instant 
under consideration. This is just the rate of slip band 
formation, 


dN 


N)C pd? exp (—u(o)/kT) (18) 


where N is the number of grains that contain slip 
bands at time ¢. The total time, ¢, required at constant 


stress for the formation of slip bands in N grains is, by 


integration of equation (18), 


(19) 
exp (+ u(a)/k 
Cy pd 


Therefore, the delay time for yielding, ¢,, is given by 


(5) 


(20) 
ul(a)/kT), o 


exp ( 


( 


where f * = N/N, is the critical fraction of grains that 
must contain slip bands for the initiation of macro- 
scopic yielding. Finally, if it is assumed that f * and 
the dislocation density, p, are independent of grain 
size, the delay time may be expressed in the form 

73 o (21) 
where C is a constant independent of grain size, stress 
and temperature. 

Cottrell’s “") expression for the activation energy is 
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= 
0, 
dt 
N 
| In ( 
t 
__ 
3 
— —) (22) 
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where o, is twice the resolved shear stress required to 
release dislocations from their atmospheres without 
the aid of thermal fluctuations, and > is the Burgers 
vector of the dislocations. He has shown" that 
equation (21) without the grain size dependence and 
using equation (22) for the activation energy is in good 
agreement with experimental measurements‘® of the 
delay time as a function of stress and temperature for a 
constant grain size. This agreement was obtained by 
using the theoretically estimated value of 310,000 
Ib/in® for dp. 

The comparison between the theory and the experi- 
mental data obtained in the present investigation is 
shown in Fig. 4. The sloping portions of the solid 
lines in Fig. 4 represent equation (21), in which 
C 55 x 10- sec in®. The 9 — 320,000 


lb/in® has been used in the expression for the acti- 


value o 


vation energy in equation (22). 

The horizontal solid lines in Fig. 4 represent the 
static upper yield stress. When the applied stress is 
less than the static upper yield stress, slip bands are 
formed in the same manner as that discussed above 
and equation (18) describes the rate of their formation. 
Macroscopic yielding does not take place, however, 
because the slip bands are not able to penetrate the 
grain boundaries. 

The pre-yield microstrain which has been observed 
by Vreeland et al.) and Roberts et al.) provides 


experimental evidence in support of the existence of 


slip bands in the material before macroscopic yielding 
begins. Such pre-yield microstrain is also shown in 
Fig. 3 of the present paper. Direct observations of 
pre-vield slip bands have not been reported in the 
literature. They would be quite difficult to detect 
because the amount of plastic strain within them is 


relatively small. 


SUMMARY AND CONCLUSIONS 


Experimental data has been presented which shows 
that the static upper yield stress of annealed very low 
carbon steel is inversely proportional to the square 
root of the mean grain diameter. A theoretical inter- 
pretation of this experimental result has been presented 
which leads to the conclusion that the presence of 
the 
the 


carbon (or nitrogen) in grain boundaries is a 


necessary condition for existence of a distinct 


upper vield point in steel 
The delay time for yielding under rapidly applied 


CLARK: 
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constant stress has been determined experimentally as 


The 


delay time is approximately proportional to the inverse 


a function of grain size in the same material 


cube of the mean grain diameter at a given stress and 
temperature. This result is explained theoretically by 
incorporating Cottrell’s"” theory for the thermally 
activated release of dislocations from carbon (or nitro- 
gen) atmospheres with the theory for the static upper 
point. 
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ELASTIC CONSTANTS OF LITHIUM-MAGNESIUM ALLOYS* 
J. TRIVISONNO?*+! and CHARLES S. SMITHt 


The single crystal elastic constants of dilute lithium—magnesium alloys were measured using the 
ultrasonic pulse echo technique. In terms of d In C/dx, all fundamental elastic constants increase with 
composition by the following amounts: C,,, 1.22; C’, 1.03; B,, 1.20, per atom fraction. Small corrections 
for lattice parameter change upon alloying were made for C,, and C’ by using the pressure derivatives of 
the elastic constants of pure lithium and the known variation of the lattice constant with composition. 
The remaining effect 1s ascribed to alloving alone 3oth to understand the elastic shear constants of 
lithium and to comprehend their dependence on composition, one must include small negative stiffness 
contributions arising in the Fermi energy, in a:‘ldition to the major and usua! electrostatic stiffness. It is 
then possible to deduce the variation with composition of each contribution from the measured total 


variation for the two shear constants, with the result that d In C,/da 1.24 and d In Cp/da 1.76. 


CONSTANTES ELASTIQUES D’ALLIAGES LITHIUM-MAGNESIUM 

Les auteurs ont déterminé la constante élastique de monocristaux d’alliage Lithium—Magnésium pat 
la technique ultrasonique de pulsation-echo. Suivant Vexpression d In C/dx, toutes les constantes elas 
tiques fondamentales augmentent des quantités suivantes avec la composition C4,:1,22 C’:1,03 B,:1,20 
et ce, par fraction atomique. De faibles corrections pour les variations de dimensions de mailles ont été 
apportées pour Cy, et C’ en utilisant les dérivées par rapport a la pression des constantes élastiques du 
lithium pur et la variation continue de la constante de maille avec la composition. L’effet restant est 
attribué a la solution d’éléments d’alliages. Pour interpréter la constante élastique de cisaillement du 
lithium et pour comprendre | influence de la composition, on doit faire intervenir de faibles contributions 
négatives de rigidité provenant de | energie de Fermi en plus de la contribution mayeure et habituelle de 
la rigidité électrostatique. Il est alors possible de déduire la variation de chaque contribution avec la 
composition en partant de la variation totale mesurée pour les deux constantes de cisaillement, ce qui 


donne le résultat suivant: d In C,/da 1,24 et d In Cp/da 1.76. 


ELASTISCHE KONSTANTEN VON LITHIUM-MAGNESIUM LEGIERUNGEN 
Mit einer Ultraschall-Pulstechnik wurden die elastischen Konstanten von Einkristallen aus verdiinnten 
Lithium—Magnesium Legierungen gemessen. Bei allen fundamentalen elastischen Konstanten nimmt 
die GréBe d In C/dx mit der Zusammensetzung zu und zwar um folgende Betrage pro Atombruchteil: 
C4, 1,22; CC’ 1,08; B, 1,20. Kleine Korrekturen fiir die Anderung der Gitterparameter bei der Legierung 
wurden fiir C,, und C’ beriicksichtigt mit Hilfe der Druckabhangigkeit der elastischen Konstanten von 
reinem Lithium und der bekannten Abhangigkeit der Gitterkonstanten von der Zusammensetzung. 
Der verbleibende Effekt wird der Legierungsbildung allein zugeschrieben. Um sowohl die elastischen 
Scherungskonstanten von Lithium selbst und auch ihre Abhangigkeit von der Zusammensetzung zu 
verstehen, muf man kleine negative Steifigkeitsbeitrage bei der Fermienergie einschlieBen, zusatzlich 
zur grOoBeren und iiblichen elektrostatischen Steifigkeit. Es ist dann méglich, die Variation mit der 
Zusammensetzung von beiden Beitragen aus der gemessenen gesamten Variation fiir die beiden 

Scherungskonstanten zu ermitteln, mit dem Ergebnis d In C, Idx 1,24 und d In ie Ida 1,76. 


INTRODUCTION In terms of d InC',,/dx the value obtained in these 


In previous publications from this laboratory the experiments was 2(v — 1) where v is the valence of the 


single crystal elastic constants of dilute copper solute. A summary of these results is given in a review 
alloys’ and dilute silver alloys have been reported article by Huntington). This conclusion was not well 
and interpreted in terms of long range electrostatic understood on elementary considerations of valence 
interactions and short range ionic interactions. For charge shielding the more highly charged solute ion 
these alloy systems the short range repulsive inter- cores. 

action is the dominant one. The electrostatic stiffness, In the alkali metals the major contribution to the 
although minor for these alloys, was found experi- elastic stiffnesses is the electrostatic stiffness. A 
mentally to be equal to the stiffness of the pure metal recent experiment on the elastic constants of lithium‘® 
multiplied by the square of the electron—atom ratio g. indicated that the theoretical electrostatic term nearly 
accounts for the observed stiffnesses. For this reason 


Received April 24, 1961. a study of Li-Mg alloys was undertaken to test the 


+ Case Institute of Technology, Cleveland, Ohio. 
* Now at John Carroll University, Cleveland, Ohio. results of the Cu and Ag work. At the same time the 
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elastic constants of pure lithium were measured at 
room temperature to put the alloy work on as com- 


parable a basis as possible. 


EXPERIMENTAL PROCEDURE 


Alloy preparation 

Lithium can dissolve up to 70 at.°,, magnesium in 
the body-centered cubic structure. The phase diagram, 
which indicates that the liquidus temperature rises 
slowly in the dilute range while at the same time the 
liquidus and solidus curves separate slightly, suggests 
that dilute alloys could be handled similarly to pure 


lithium. These alloys were prepared from high-purity 


triply-sublimed magnesium, generously supplied by 


the Dow Chemical Company, and from high-purity 
sodium-free lithium. Because of the chemical activity 
of lithium, particularly with nitrogen, the alloying and 
crystal growing operations were carried out in an argon 
atmosphere. 

The alloys were prepared in an iron tube, 4 inch in 
length and with an inside diameter slightly greater 
than } in., which was sealed by means of tapered plugs 
and caps screwed on its ends. The magnesium charge, 
which was etched to remove any surface contami- 
nation and then loaded in the alloying tube, varied 
from } to 1 g; the lithium was then added in the form 
of a }-in. diameter ingot, 3 inch in length. This ingot, 
extremely silvery in appearance, had been obtained 
by melting the lithium stock and then casting a 


cylindrical ingot in an iron tube of }-in. 


diameter. 
The charge was raised to a temperature of 700°C, 
which is above the melting point of magnesium, was 
shaken vigorously, and was then removed from the 
furnace and placed in a vertical position until solidifi- 
cation occurred. Finally, the alloying tube was 
removed from the argon atmosphere, and the alloy 
ingot was extruded into mineral oil by means of an 
arbor press. This ingot, extremely bright and free 
from any frozen-out impurities as determined by 
visual inspection, was then used to grow the alloy 
single crystals in a manner similar to that of growing 
lithium crystals described in a paper by Nash and 


Smith'®. 


Crystal growth 

The crucible used to grow the alloy crystals was 
similar to that employed by Nash in growing single 
crystals of pure lithium. 


two parts: a stainless steel cup 3 in. long with an 


inside diameter of } in. and a mild steel plug at one 
end, and a mild steel plunger 2 in. long, which had a 
tapered hole | in. long and ,‘, inch in diameter serving 
as the nucleating tip. This tapered hole led to the apex 
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Like Nash’s it consisted of 
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of a 60° cone. However, this plunger was modified 


Nash’s by 


tube (3 inch in length) over the plunger to form essenti- 


from fitting a thin-walled stainless steel 


ally a one-piece unit. The purpose of this thin-walled 


stainless steel tube was twofold: first. to give a high 


gradient; and secondly, to obtain a 


the 


temperature 
one-piece crucible and thereby remove discon 
tinuity between the cone and the stainless steel cup 
since it was found that this discontinuity serves as a 
was 
The 


thin-walled 


The discontinuity 


the 


spurious nucleating centet 
then at the bottom of 


combination of hotplate 


extreme crucible 


as heat source 
stainless steel plunger walls, and cooling fins at the 
top of the plunger gave a high temperature gradient 
sriefly, the growing process was to melt the alloy 
ingot in the stainless-steel cup for approximately | hi 
at a temperature of 320°C after which time the surface 
was skimmed and the melt stirred. The plunger, which 
was also preheated to a temperature of 320°C, was 
then coated with vaseline to prevent the lithium from 
sticking to its walls during the growing process and 
Was inserted into the stainless-steel cup until a bead of 
the melt appeared at the top. This bead with any 
surface contamination was removed and the cooling 
The 


temperature of the hotplate was then lowered by 


fins were added at the top of the plunger 
means of a driven variac at a rate of 20°C/hr; in this 
manner nucleation started at the top in the tapered 
tip of the plunger and proceeded downward with the 
bottom, which is in contact with the hotplate freezing 
last. The crystal was easily removed from the crucible 
as there was no tendency of the molten alloy to wet 
the stainless steel walls through the protective layer 
of vaseline and because of the large contraction of 
lithium upon freezing 

Alloy single crystals are difficult to grow because 
the composition of the liquid is different from that of 
the solid at 


distance from the interface 


the growing interface, and depends on 
This means there may be 
a region of supercooling even if the liquid is at a 
higher temperature than the interface temperature, a 


condition not present for a pure metal. This type ot 


supercooling is called ‘constitutional supercooling’’; 
if the amount of constitutional supercooling is suffi- 
cient, nucleation of new cyrstals may occur within the 
melt. The extent of supercooling may be reduced by 
imposing a high temperature gradient and slow cooling 
rates. Whether or not these considerations apply to 
Li-Mg alloys, it was indeed found that high gradients 
and slow rates improved the yield. 

Four alloy single crystals in the range 1-5 at. 
magnesium, in addition to two single crystals of pure 


lithium were grown with about forty growing attempts 
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being needed to get the four alloy crystals. A number 


of large crystals resulted but single crystals of }-in. 
diameter and | cm in length or longer were extremely 
difficult to obtain even after the optimum cooling rate 
and the handling problems were 


was determined 


solved. 


Orientation 


The usual method of etching to determine if the 
specimen is a single crystal was not employed since an 
appropriate etchant could not be discovered. <A 
number of etchants, methanol in particular, will bring 
out grain boundaries in pure lithium but failed on the 
alloy crystals. 

Fortunately, however, because of the low atomic 
number of lithium, X-ray inspection techniques could 
be employed. The crystal was mounted in a plastic 
vial and placed in an X-ray beam. In a darkened 
room, transmission Laue patterns could be observed 
directly on a fluorescent screen with the primary 
X-ray beam traveling the entire length of the crystal. 
The size and number of spots in the pattern were a 
guide to the size and number of crystals present in the 
specimen. If long spots were observed, the specimen 
was then translated through the X-ray beam in such 
a manner that the orientation of the specimen with 
respect to the X-ray beam did not change. In this 
way the entire volume of the crystal was examined. 
Whenever the X-ray beam crossed a grain boundary, 
an easily observed change in the diffraction pattern 
resulted. 

Once the specimen was established as a single 
crystal it was mounted in a two-circle goniometer in 
the X-ray rotated 
two-fold symmetry was observed on the fluorescent 


beam and until a pattern with 
screen. The [110] direction which lay closest to the 
specimen axis was located in this way and the angle 
with respect to the specimen axis was measured. 

All three elastic constants of a cubic material can be 
determined from one crystal by the ultrasonic pulse- 
echo technique if the direction of wave propagation is 
a {110} The 
constants, ( and C” are measured directly by exciting 


direction.) two fundamental shear 
transverse waves by means of a Y-cut quartz trans- 
ducer cemented to the specimen; a _ longitudinal 
constant, C’,, may be measured with an X-cut trans- 
ducer. In the alkali metals the anisotropy is large and 
for this reason experimental measurement of (” is 
possible only for a propagation direction very close to 
a|110| direction. 

An aluminum lapping ring was made to hold the 
specimen at the angle thus measured with molten 


paraffin used to fix the specimen in position. The ends 
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of the specimen were then cut parallel to the lapping 
ring by means of a string saw charged with methanol, 


about 40 min being necessary to cut through a speci- 
men of }-in. diameter. The faces of the specimen were 
then lapped flat and coincident with the lapping ring 
faces by using paper toweling moistened liberally with 
methanol and backed by a piece of plate glass as lap. 
This technique yielded faces parallel to about 0.0005 
em ina length of 1.2 cm. 

A transmission Laue pattern of the final acoustic 
specimen was taken to determine its exact orientation, 
all samples were within two degrees of [110]. Azimu- 
thal directions were also noted from this film to facili- 
tate orienting the lithium crystal with respect to the 
Y-cut transducer so that the appropriate shear wave 


could be generated. 


Acoustic measurements 

The elastic constants were measured by the ultra- 
sonic pulse-echo technique, the general features of 
which have already been described elsewhere.“ 

The chemical activity of lithium prevents one from 
using the standard cements, such as pheny! salicylate, 
to attach the the 
specimen. Paraffin, satisfactorily 
mitted the 
temperature. 


quartz transducers to acoustic 


however, trans- 


shear and longitudinal waves at room 
However, paraffin did not couple the 
quartz to lithium closely enough to prevent “ringing” 
which resulted in overlapping echoes thus making it 
impossible to make good transit time determinations. 
This difficulty was avoided by using a “buffer tech- 
nique’. The acoustic specimen and the appropriate 
quartz transducer were cemented to opposite ends of 


The 


transducer was attached with phenyl salicylate and 


a fused silica rod 23-in. long and } in. diameter. 


the specimen with paraffin, applied hot and wrung 
down to give as thin a seal as possible. The transducer 
supplied a 10-Me pulse of } usec duration which was 
partially reflected and partially transmitted at the 
The 


reflects back and forth within the specimen, being 


buffer-specimen interface. transmitted pulse 
partially transmitted back into the buffer, and to the 
transducer as a series of echoes, each time it is incident 
on the specimen—buffer interface. The transit time 
measured from these echoes is the true transit time. 
This technique largely eliminates phase shifts, which 
lead to transit time error,‘ caused by the presence of 
the quartz transducer attached directly to the speci- 
men. 

measured over a time basis 
The the 


transit time measurements is dependent primarily upon 


Transit times could be 


of approximately 20 psec. accuracy of 


the precision to which the end points can be measured, 
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AND 
TABLE 


Analysis 
Nominal (wt. %) 
(wt. %) 

Top Mg Bottom Mg 
3.67 
7.60 
13.39 


3.67 
7.40 
10.08 
13.69 


4.0 
8.0 
10.0 
14.5 
pure Li 


and the accuracy of the crystal oscillator used to 
generate the time markers. Without going into detail 
we estimate it to be 0.15 per cent for the transit 
times measured in this experiment. The transit times 
were of the order 6, 4 and 17 ysec for the C,, C and C’ 


waves, respectively. 


Chemical analyses 

The composition of the crystal was obtained from 
chemical analyses of two sections cut from the single 
crystal ingot directly above and below the section 
used for acoustic measurement. The average com- 
position as determined from the chemical analyses 
agreed favourably with the nominal composition as 
determined from the masses of the constituents used 
to make the alloy. With one exception the magnesium 
content was higher in the top section than in the 
bottom which is consistent with the manner in which 
the crystals were grown. The crystals were analyzed 
for both magnesium and lithium content with the sum 
of the constituents being on the average 99.8 per cent 


by weight. The analyses were carried out by E. F 


Gallagher of the James Herron Testing Labs. The 


density was determined from these compositions and 
the lattice parameter data of Levinson”). All of these 


Table 1. 


data are shown in 
RESULTS 

The elastic constants are related to the acoustic 

wave velocities in the [110] direction by the following 


equations: 


2 
y4)/= 


11 12) 

TABLE 2. The value at 25°C of the adiabatic elastic constants 
of pure lithium and of lithium—magnesium alloys. Results 
are expressed in units of 10'° dyn em? 


Alloys 


‘ oO 
(at. 


pure Li 


ELASTIC 


Nominal composition, chemical analyses, 
densities and lattice constants of Li 


CONSTANTS OF Li-Mg ALLOYS 


average atomic composition, 


Mg crystals 


Lattice 
constant 


Average Density 


(at. 


3 


cm 


O.5485 
0.5650 
O.5756 
0.5936 
0.5326 
where p is the density Vy is the longitudinal velocity, 
V. is the fast shear velocity with particle motion in 
the [O01] direction, and V, 
with particle motion in the [110 
the 


is the slow shear velocity 
The 


stiffnesses 


direction 


adiabatic bulk modulus B., and 


and (,, can be obtained by combining the directly 


measured quantities in the following way 


in Table 2 have been 


(1) 


except that a correction for the difference between the 


The elastic constants shown 


computed using essentially equations and (2) 


actual direction of propagation and the [110] direction 


has been made.'®) This correction was small for all 


The values 


and 


the crystals measured in this experiment 
are 
The 


room temperature elastic constants of pure lithium 


of the directly measured constants, (,, ( 


felt to have an absolute accuracy of 0.5 per cent 


listed in Table 2 are slightly higher than those deter- 
mined by extrapolation of the results of Nash, but are 


felt to be 
The elastic constants of the Li-Mg alloys, norma- 


more reliable 


are shown plotted 
l and 2 


a least square fit of the data in 


to those of lithium 


against the magnesium concentration in Figs 


lized pure 


The lines shown are 
which equal weight was given to each experimental 
point with the exception of the value of C” for the 
4.28° This point was not used since poor 


The 


excellent internal consistency of the data is clearly 


crystal 


echoes were obtained for the slow shear wave 


exhibited 
The variation of the shear stiffness with magnesium 
terms of the 
d C"/dx 
The slopes of the least square lines expressed in terms 
1.22 and C”, 1.03, while the slope of 
bulk terms dIn B/dx is 
It is observed that the elastic constants increase 
upon alloying. An 
slightly, but significantly, greater than o’. 


concentration may be expressed in 


quantity d In C/dx and similarly o’ 
of the o’s are (¢ 
the 

1.20. 


normalized modulus in 


important feature is that o is 


| 
ol. 9 B. pV." pl (Cay | 12)/8 
Cn pV." (2) 
Ch ph p| p| 
n (Cy C12 pVs 
pls: 
C, Ch C2 B 
Fo 8.78 1.027 21.25 13.50 11.44 12.13 
1.09 8.91 1.037 21.62 13.74 11.66 12.36 
2.26 9.03 1.053 21.29 13.94 11.84 12.54 
3.01 9.12 1.058 22.03 13.96 11.85 12.55 
4.28 9.24 1.058 22.47 14.29 12.17 12.88 
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ATOM % Mg 


Fic. |. Cy, and C’ 

(Ci, C.) of lithium—magnesium alloys plotted as a 

function of magnesium composition and normalized to 
those of pure lithium. 


The elastic shear constants C 


Part of the observed change in. stiffness 


addition of solute arises because of the change in 


upon 


lattice parameter upon alloying. To obtain the effect 
of alloying alone, one must correct for this lattice 
parameter change. This correction is made using 
(10) 


lattice parameter data and the pressure derivatives 


of the elastic constants of pure lithium recently deter- 


mined in this laboratory by Jain “). The basis of the 


correction has been described by Schmunk and 


Smith®), It will 
be observed that the lattice parameter correction is 


and the details are shown in Table 3. 


small for Li-Mg alloys, in contrast to the situation for 
Cu-—Ni alloys. 
INTERPRETATION 


In order to interpret the variation of the shear 


TABLE 3. Lattice parameter correction 
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ATOM % Mg 


Fic. 2. The longitudinal elastic constant C, and the 

bulk modulus B, of lithium—magnesium alloys plotted 

as a function of magnesium composition and normalized 
to those of pure lithium. 


constants with composition, one must understand the 
constituents of the elastic constants of pure lithium. 
The elastic constants of a crystal can be expressed as 


the second derivative of the binding energy with 


respect to the appropriate strain. The energy terms 


which are normally considered as contributors to the 
elastic constants arise from long range electrostatic 
interactions, short range repulsive interactions between 
closed shell ion-cores, and the kinetic energy of the 
electrons relative to the ground state, the Fermi 
energy. 

The major contribution to the elastic constants of 
the alkali metals arises from long range electrostatic 
for Li-Mg alloys. 


The composition is 


expressed as atomic fraction of magnesium 


din¢ 
da 


Total change 


d In ¢ 


(rina) 


dina 
da 


Correction for dina din ¢ 


da 


to alloying da a 


lattice parameter 
change 


Change owing 


r 


0.99 


| 
104 104 
Cc Cn 
Cn(o) | 
102 
106 
104 
104 
Blo) 
102 
100 
0 2 3 4 5 Vol. S 
— 0 i 2 3 4 5 1961 
( 
1.22 1.03 
Ref. 11 2.8 
Ref. 10 1.41 LO 1.41 
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interactions. This term nearly accounts for the experi- 
mental values of the elastic constants of the metals 
lithium, sodium and potassium. Fuchs”) has caleu- 
lated the shear stiffnesses of the alkali metals at O°K 
using a model of positive charges at atom sites 


The 


results obtained by Fuchs for the electrostatic contri- 


embedded in a uniform sea of valence charge. 


bution to the shear constants of body-centered cubic 
metals with one valence electron per atom are the 


following: 


0.7422 0.0997 
a : a 


where e is the electronic charge, a the lattice constant, 
and Z,, is a parameter which takes into account the 
deviation of the actual charge density at the boundary 
of the atomic polyhedron from the value e/Q which 
one would get if the charge were distributed uniformly 
over the the cell. 
calculations." of Z>, indicate that its value in the 


volume Q of atomic Various 
case of lithium is greater than unity. The most recent 
calculation by a5), the 
defect method, yields a value of Z>, equal to 1.15 for 
1.34 and (',,’ 0.180 


srooks who used quantum 
lithium which gives C', 
10" dyn 

The elastic constants of lithium have been measured 
as a function of temperature; the results are shown in 
Fig. 3. 
experiment by a buffer technique; 
are those of Nash and Smith'®. Nash’s data for ( is 


The values at 298°K were determined in this 
the other values 


20 180 


240 


300 


TEMPERATURE °K 


The elastic shear constants C C4, and C’ 
C’y,) of pure lithium as a function of temperature 
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felt to be systematically low while his values for C’ are 
more reliable because of the longer transit times for 
the slow shear wave. The experimental values of ( 
and (” have, therefore, been extrapolated to O'K as 
shown in Fig. 3; the curves have been broken arbitra 
rily at ,'s5 the Debye temperature as shown. The extra- 
polated experimental values are ¢ 1.15 lO! dyn 


em’? and (” = 0.120 « 10" dyn/em?. The correspond- 
ing theoretical values given by equation (3) with Z=, 
1.34 


Although the agreement 


set equal to 1.15 are ( 10" dyn/em? and 


C’ — 0.180 10"! dyn/cm? 
at O°K is not pertect it does indicate that the majol 
contribution to the elastic constants of lithium arises 
from long range electrostatic interactions. Since the 
theoretical value of the anisotropy ratio (€'/¢ has a 
value of 7.5 compared to the experimental value of 9.5 
it is obvious that merely adjusting the value of Z=, 
will not bring the theoretical values into detailed 
agreement with experiment since Z=, divides out in 
the anisotropy ratio. Thus the experimental values 
of the stiffnesses of pure lithium itself clearly call for 
second, but 


minor, MILCTOSCOPIC 


the addition of a 
contribution to the theoretical stiffnesses 

In addition, a result of this alloy experiment that 
the value of o is different from o’, calls for a second 


constituent in the theoretical model. Further, this 
result requires that the second constituent must enter 
Cand (” in different proportions, and must depend on 
composition in a manner different from that of the 
electrostatic term 

A possible second constituent could arise from short 
Fuchs") in 


If 


range repulsive interactions of ion cores 
his original work included such a contribution 
is the energy of a pair of ions a distance r apart, it 
is easily shown that the following contributions to the 
elastic constants arise from nearest and next nearest 
body-centered cubic 


neighbor interactions for a 


cry stal 


9 1S the nearest neighbor distance, 6 the next 
the 
This contribution gives 


(d) 


where ? 


neighbor distance, and primes signify 


nearest 
derivatives with respect to 7 
since 


» 


Os 
Ince 0 


a value of 
the next nearest neighbor interaction is positive and of 
the same order of magnitude as the negative nearest 


neighbor interaction, the value of C,’ is approximately 
Zero. 
and (¢ 
an electrostatic stiffness and an ionic stiffness 


of Zin 


In order to obtain the experimental values of ( 

based on a two-constituent model consisting of 
a value 
inconsistent 


is needed, a value which is 


ol. 9 
961 
lo", 
dyne cm 
L170 
1.070 
C 
0970 
l 2 1A 
( ps2 fo © \lo) (0 { 
0870 C,' = $077, (rs) + 
| 
0122 
0.102 
60 
Fic. 3. 


with the theoretical calculations of this quantity. 
Also, the of the 
separation between atoms is small (0.40) in lithium, 


since ratio ionic diameter to the 
the magnitude of this very short range interaction 
would be orders of magnitude smaller than it is in 
copper, silver and gold where the same ratio is twice as 
the 


(16) 


large. In addition, recent measurements of 

pressure variation of the elastic constants of sodium 
show that the elastic anisotropy ratio C/C’ is inde- 
pendent of pressure, a result which indicates that one 
can neglect the interaction of ion cores as a contribu- 


tion to the elastic stiffness of sodium. This conclusion 


probably holds true for lithium also where the ratio of 


ion-size to ion-separation is less than in sodium. For 
these three reasons we have discarded the ion core 
stiffness as the possible second contribution. 

Another possible second constituent of the elastic 
the 


such a 


could arise from Fermi energy. 
Recently Blume“? 
bution to the elastic stiffnesses of pure lithium. 
the 
considered to be a function of volume only and there- 
fore gives to the 
constants, although it is an important contributor to 


Blume points out that the Fermi 


constants 


included Fermi contri- 
Ina 
monovalent metal, Fermi energy is usually 


zero. contribution elastic shear 
the bulk modulus. 
energy is a function of volume only in the sphere 
approximation of the Wigner—Seitz cellular method. 
If one takes into account the exact shape of the atomic 
polyhedron, a correction to the Fermi energy arises 
which is a function of the exact shape of the poly- 
hedron. Thus, when the crystal is sheared, a small 
negative contribution to both C and C” results. Direct 
boundary value perturbation calculations yield values 
of C;, 0.160 0.037 


10"! dyn/em?. 


10" dyn/em? and 
These values in conjunction with 
1.34 
10" dyn/cm? give values of C = 1.18 
0.143 
quite good agreement with the experimental values 
of these Blume 
take into account the implied distortion in the Fermi 


10" dyn/em? and C,,’ 


10"! dyn/cm? which are in 


the values of C, 
0.180 
dyn/cm? and (” 
quantities. does not explicitly 
surface. 
the 
negative contribution to the elastic stiffnesses, with 


Fermi surface will give rise to an additional 
about the same anisotropy as the terms just discussed. 
Thus for the purpose of interpreting the composition 
dependence of the shear stiffnesses, it will be most 
consistent with existing theory to introduce a contri- 
bution arising in the electronic states of high k, which 
we shall term a Fermi stiffness. 

In order that the analysis be perfectly definite, and 
independent in this respect of any particular theoreti- 


cal calculation, we shall define the Fermi stiffnesses, 
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(', and Cr by 


(5) 

meas 
where the left hand side of the equations are the 
extrapolated experimental values at 7 = O°K already 
given, and the electrostatic terms are those quoted for 
Z* 1.15. 0.19 and 


Su This definition gives C, 
0.060 in units of 10" dyn/em?, which are 


respectively, 16 and 50 per cent of the total theoretical 
stiffnesses which are now adjusted to agree with 
experiment. 

The values of the shear constants of the Li-Mg 


alloys will now depend on how the electrostatic and 


Fermi constituents vary with composition. We define 
= dinC,/dz, 
that is, On 


for the individual constituents, o, 


Opn d \|n ¢ dx for either C or C’: Cr 


and o, ao, . The total dependence on composition 


may be expressed by 


(6) 


with a similar expression for the shear constant C’ 


with o, C,, and replaced by o’, and C,,’. If one 


substitutes into these relations the corrected room 


) 


temperature values of ¢ and o’ shown in Table 2, and 


the 0°K values of C,,, Cy’, Cp and C,’, the resulting 
equations are, 
1.340, 0.1960; 


L.15 


1.16 


0.1800, — 0.060, 
0.99 : 


0.120 


the result, 


The interpretation of these 


These equations may be solved with 
OK 1.24and o, 1.76. 
numbers will be discussed below. The unavoidable use 
of room temperature ¢o and o’ should not be a serious 
matter. 

We turn first to the quantity o, which measures 
the change in the electrostatic stiffness with alloying. 
Previous work has been done in this laboratory on the 
elastic constants of dilute alloys of copper“-®) and 
silver,’ in which metals the electrostatic stiffness is 
minor, but large enough to allow the determination of 
o,- The result for solutes of various valences, v 5 
may be expressed by saying that it was found experi- 
mentally that C,,(x) 


atom ratio q l (v 1 )a; 


',,(0)q?, where the electron 
in the notation of this 
This 


experimental result for copper and silver alloys is 


paper, this may be expressed as o, 2(v 1). 


much too high on elementary considerations of the 
valence charge distribution in the alloy, as it corre- 


sponds to zero shielding of the excess solute core charge 
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0, corresponding to complete shielding, 


whereas On 
would be the more plausible of the two extremes. The 


analysis of the data for copper and silver alloys should 
undoubtedly be modified, because of recent develop- 
ments in the band theory of these metals, to allow for 
a Fermi stiffness as has been done here for lithium. 
Qualitative considerations suggest, however, that such 
modification will not affect materially the experi- 
mental conclusion that o, is larger than would be 
expected for these alloys. 

The value of 1.24 found here for o,, in Li-Mg alloys 
than 2(v 1) 2, and therefore in better 
agreement with a physical picture of valence charge 
piling up in the vicinity of the more highly charged 


is less 


magnesium ions, effectively screening off some of their 
excess core charge. On the other hand, this value is 
far from that for complete shielding. 
electrostatic contribution to the stiffness is dominant 
therefore 


Because the 


in the alkali metals, and the Fermi term 
produces no more than a correction to the basic 
experimental observations o and o’ there is really no 
question that the relatively large value o,, 1.24 is 
real. The present result for Li-Mg alloys then really 
agrees substantially with the previous one for copper 
and silver alloys. The variation of electrostatic stiff- 
ness with composition remains large and not under- 
stood. 

The approximate variation of the Fermi stiffness, 
Cy», with composition may be predicted on elementary 
considerations. 
for a free electron model is proportional to N® * where 


The Fermi energy per unit volume 


N is the number of electrons per unit volume. For an 
alloy the Fermi energy and hence the shear stiffnesses 
are then proportional to q° 3 where q is the electron 
atom ratio. This reasoning gives a value of 1.67 for o, 
in very satisfactory agreement with the experimental 
value of 1.76. 

In summary, then, it is clear that a two-constituent 
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model consisting of a large electrostatic stiffness and a 
small negative Fermi stiffness accounts for the high 
experimental value of the anisotropy of pure lithium, 
as well as for the values of C and C’, as Blume has 
already shown. The same model is required by the 
significance difference between o and o’ observed in 
this experiment for Li-Mg alloys. The observed values 
of o and o’ when decomposed into the composition 
dependence of the electrostatic and Fermi stiffness 
contributions, yield a value of ¢, which is plausible 
The value of a, is high, and not understood, but is 
consistent with the same parameter for copper and 
silver alloys 
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LETTERS TO THE EDITOR 


Origin of round smooth pit on CP-4 
etched germanium surfaces* 


Recently some types of smooth pits were found 
by Muraoka™ on germanium {111} surfaces etched 
with CP-4 solution. In this paper, we present experi- 


mental results which suggest the origin of these pits. 


Fic. 1. Etch pits on a CP-4 etched germanium surface. 

Figure | shows the typical etch pattern on a {111} 
surface of germanium. The pits marked with A 
correspond, as pointed out by Vogel et al. , to edge 
dislocations. The smooth pits marked with B and C 
are those discovered by Muraoka”). The pits marked 
with C (called C-pits in this paper) are observed most 
frequently among smooth pits, and have a round 
smooth shape.) 

The shape of C-pits is similar to that of the pits 
Tweet 


vacancy aggregates. 


been 
(3) 


which were discovered by and has 


thought to be caused by 
However, according to this opinion, the pits caused 
by vacancy aggregates do not appear on samples with 
edge dislocation density greater than about 200 em 2, 
while C-pits appear on the sample with edge disloca- 


9 


tion density greater than 104 cm-?. Therefore, it may 
be concluded that C-pits are not the same as those 
formed by Tweet. 

The origin of C-pits has been studied as follows. 
First, the effect of atmosphere (e.g. N,, Ar, Ar + Og, 
H, + H,O, H, + CO), and the doped electrically 
inactive elements (e.g. Si and Sn) were investigated. 
In most cases, C-pits were not observed frequently. 
However, in the crystals doped with silicon in an 
oxidizing atmosphere, the pits which were similar to 
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C-pits (we call them C-like pits) appeared with a 
density of |~4 104 em-?. 

Secondly, extinction phenomena were studied in 
the wavelength range from 2.5 to 15 wu. 

It was found that the samples with high density of 
C-pits or C-like pits present large turbidity for 
2.5 ~~ 15 w and some absorption at / 

The values of turbidity (7 in em~!) at A 
are plotted in Fig. 2(a) against the C-pit density for 
the samples intentionally undoped with silicon (open 
circles) and against the C-like pit density for silicon 
doped samples in an oxidizing atmosphere (open 
triangles). The absorption coefficient (« in em~') at 
2 9.2 uw versus the C-pit density (solid circles) and 
the C-like pit density (solid triangles) are also shown in 
Fig. 2(b). The value of x at A = 9.2 uw thought to 
correspond to the Si-O bond has been estimated by 


r<>C-pit 
r<+>C-like pit 


a<+>C-pit 
a<++>C-like pit 


— — 


ata 


coef fient 


ro) 


2:54, and absorption 


Tur bidity 


5x105 5x!04 


Round smooth density, 


Fic. 2. Plots of turbidity at 2.5, and absorption 
coefficient at 9.2 4 against the density of C-pits or 
C-like pits. 
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cm 
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Fic. 3. Wavelength dependency of turbidity. Using 


the values of r and A shown in the Fig. 3, dotted lines 
are obtained. 


subtracting the turbidity and the absorption coef.- 
ficient caused by lattice vibration and by free carriers 
from the extinction coefficient at A = 9.2 yu. 

From Fig. 2, it is found that 7 at A = 2.5 uw and x 
9.2 ware proportional to about 1.5th power of 
the 


concluded 


at A 
C-pit density or C-like pit density 
proportional constant. Thus it 
that the C-pit and the C-like pit are the same, and 
that both are caused from silica particles included in 


with same 


may be 


germanium single crystals. Presence of silica particles 
in germanium is pointed out by some authors. 

Figure 3 presents the wavelength dependency of 7 
for three samples with various C-pit densities. These 
dependencies can be analysed under the following 
assumptions. 

(a) The silica particles are spherical. 

(b) The values of the radius of silica particles (r) 
are distributed in a very narrow range. 

(c) The bulk density of silica particles (.V, in em~*) 


is expressed by the following equation: 


N. = (1) 


Pp 


where A is the proportional constant and N, is the 


C-pit density. In is expressed by the 


this case, 7 
following equation: 
1.5.2 
AN,**ar* @ - 


(2 
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where Q is the scattering coefficient, which is a 
function of m and x only, n and ny are the refractive 
indices of silica and germanium, respectively, and 
is the wavelength in vacuum. Using Mie’s theory ® 
for the Q-m-—zx relation, and the proper values of r 
The 
discrepancy between the theoretical and the experi- 
the 


and A, we obtain the dotted lines in Fig. 3.‘7 


mental results is considered to be caused by 
inaccuracies of asumptions (a) and/or (b) 

From Fig. 3 it appears that the diameter of silica 
particles is about 1 uw, and the value of A in equation 
(1) is about 9. The silica particles found in germanium 
crystals are believed to have been occuluded during 
Now it 
sidered that the particles regarded as the origin of 
the GeQ, 


the particles regarded as the 


the crystal growth from the melt.‘ is con- 


C-pits have been included initially in 
that 


origin of C-like pits are produced by the oxidation of 


material, and 
silicon in germanium melt. The reason why these two 
kinds of silica particles are similar in size is still not 
clarified. It is supposed that the formation of C'-pits 
silica particles of 
diameter yu the field 


caused by the difference of thermal expansion coef- 


having diameter 210 from 


may be related to stress 
ficients between silica and germanium 
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Thermodynamics of the martensite 
transitormation* 


The “‘thermodynamics” of the martensite trans- 


formation generally involve the application of classical 


principles and equilibrium data to non-classical, non- 


equilibrium systems. However, calculations made by 


this questionable approach, show that the ‘driving 


force’ for the martensite reaction in iron—carbon 


alloys is about 290 cal/mole, at the 1, temperature 
Extra- 


for alloys containing 0.4—1.2 wt 


polation obviously leads to a value of 290 cal/mole for 
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Black 


Rumpled surface of iron after transformation. 
cavity where the thermocouple 
located. LOS 


area 1s was 


pure iron, and this figure agrees with collected data‘? 
for the free energy difference between y and ~ iron 
at its temperature. 

An experiment (described later in this Letter) has 
been conducted to measure the free energy difference 
between a iron (obtained by slow cooling) and 
martensitic iron («’), by an electrochemical method. 
Analyses gave C-0.005, Si-0.02, Ni-0.06 wt. °,,.. Other 
detected; but no analyses were 


The « iron was in the form of an 


elements were not 
made for O, H or N. 
equiaxed structure; the martensitic iron was obtained 
by quenching a 3/64 in. cube at about 5000°C/see in 
a helium blast. Fig. 1 shows the surface rumpling on 
a previously polished surface and affords evidence 
that the iron is, indeed, martensitic. (We are grateful 
to L. P. Srivastava for supplying this sample.) 

The potential measured permits the free energy 
difference between martensite and equiaxed ferrite 
(both in iron) to be 
300 


pure computed; a 
70 cal/mole at 300°K is obtained. 
Now, the computation of the driving force of the 


(1) included a term that 


has not 
The 
imagined to involve a two stage process: 
(f.c.c.) 
(b.e.t.) and hence 


martensite reaction 


accommodates 


transformation was 


Austenite > Ferrite (b.c.c.) Martensite 


FA ( F4) 4+ (F™ F*). 


The computations that followed considered that the 
(F™ 


induced by carbon atoms. 


F*) term arises only through tetragonality, 
It now appears that this 
is not the case 
Indeed, if we make the rash assumption that the 


(as Cohen et al. assume that elastic constants and 


value of is independent of temperature 


value of 


1961 


strains are independent of temperature), then the 


driving force of the martensite reaction in iron, and 
possibly iron—carbon alloys, appears to be simply the 
amount of free energy representing the difference 
between equiaxed ferrite and martensitic ferrite. In 
other words, considering iron martensite as a phase 
that is amenable to thermo-dynamic treatment, it is 
austenite at the M, 


in “equilibrium” with iron 


temperature, where AF, 


Experimental 

Ferrous sulphate solution was made by dissolving 
BDH analytical reagent grade material in oxygen-free 
conductivity water, which was further degassed by 
bubbling pure argon through it for several hours. 
The cell vessels and bubblers were similar to those 
designed by Singh.) Electrodes were made by fasten- 
ing a 3/64 in. cube of material to a pyrex thermometer 
pocket by platinum wire. The cell was filled by pres- 
sure of argon gas. 

The e.m.f. of the cell: 

Pt Martensite, FeSO, (m), Ferrite Pt 

mV. 
The electrodes behaved in an erratic manner when 
the 


But the cell always returned to its stable 
if the 


at 25°C after 1 hr was measured at 6.5 


disturbed mechanically by moving them in 
solution. 
e.m.f. value after an hour or so, solution 
remained oxygen-free. 


The electrode reaction is an equilibrium between 


at both electrodes. 

Then, the free energy difference (in joules) between 
the electrodes will equal nE F, where n is the number 
of electrons taking part in the reaction, FE the meas- 
ured e.m.f. and F the Faraday number in coulombs 
(96,500). Dividing by 4.2 to obtain a value in calories, 
we obtain a value of 300 cal/mole. 

That is, this preliminary experiment indicates that 
the standard free energy difference between martensite 
and ferrite in pure iron is 300 -- 70 cal/mole. 
K. P. Srneu 
University of Alberta J. 
Department of Mining and Metallurgy 


GORDON PARR 


Edmonton, Alberta, Canada 
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The behaviour of dislocations in neutron- 
irradiated aluminum* 


Observations have been made on the difference in 
behaviour of moving dislocations in irradiated and 
unirradiated aluminum foils. Two types of specimens 
were irradiated: (a) a thinned foil mounted in an 
aluminum specimen holder and (b) a sheet 0.001 thick 
which was thinned after irradiation. Both types were 


thinned by electropolishing to a thickness of ~1000 A, 


suitable for transmission electron microscopy.) The 
specimens were annealed at 550°C for 5 hr before 
irradiation, sealed in an aluminum capsule and 
irradiated in a neutron converter rod® in the Chalk 


River N.R.X. 1019 


neutrons/cm? (neutrons with 


reactor to a calculated dose of 7 
- 500 eV.) 

A number of qualitative observations were made. 
Quantitative data were impossible to obtain because 
of the difficulty of measuring the rate of movement 
of the dislocations and the strains induced in the foil 
(movement of the dislocations was initiated only by 
the influence of the electron beam: no mechanical 
straining device was used). The observations were as 
follows: 

(1) The movement of the dislocations in both types 
of the 
(Figs. 1 and 2). This was in marked contrast with the 


irradiated aluminum was slow and jerky 


movement observed in unirradiated aluminum foils 
which was usually so fast that it could be observed 
only by the slip traces which remained. Wilsdorf has 


Fic. | 


Fies. 1. and 2. 


neutron irradiated (7 


exposures for Fig. 1 and Fig. 2 is 
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reported a similar effect of irradiation in stainless 
steel foils. 

(2) The incubation period (i.e. time at high beam 
current before the dislocations began to move) was 
longer in the irradiated foils by a factor of 2 or 3. 

(3) On annealing the irradiated foil, no change in 
behaviour was observed until a temperature of at 
200°C reached when some unimpeded 


least was 


movement of dislocations occurred. However, even 
after annealing at 400°C for 16 hr all the dislocations 
did 
some still moved in a s!ow and jerky fashion. 

(4) The traces left 
the irradiated material persisted for a much longer 


not behave as they did in unirradiated foils; 


by the moving dislocations in 
time than those in the unirradiated material 
Certain conclusions can be drawn from the observa 
tions 
(i) The longer incubation period can be attributed 
to the dislocations becoming pinned by the 
defects The 
pinning of dislocations by defects has been 


produced during irradiation 


proposed by several investigators to explain 


changes in critical shear stress and internal 


friction 

Once the dislocations begin to move they are 
impeded by lattice defects, hence their move 
ment is slow and jerky. The observation of this 
movement in both types of foils would indicate 


that the pre-thinned foil does retain vacancies 


Electron micrographs showing the slow movement of dislocations in 
10'® neutrons/em*) super-pure aluminum. 


Interval between 


2 20,000 


10 sec. 


: 
a 
) 
/ 
Jf od 
Fig. 2 


possibly of the type described by Seeger"). 


This is contrary toa suggestion") that vacancies 
would diffuse out of the surface of very thin 
foils. 

The irradiation-produced defects do not appear 
clustered to great extent as 


to have any 


evidenced by the fact that no loops were 
observed. 
The reason for the slower disappearance of the slip 
traces is not clear. Further investigation of this and 
the other observations is being made. 


W. R. THomas 
J. L. Wurrron 


Atomic Energy of Canada Ltd. 
Chalk River, Ontario 
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Interaction of vacancies with Sn atoms and 
the rate of G-P zone formation in an 
Al-Cu-Sn alloy* 


Pronounced effects of addition of small amount of 


Sn, Cd or In (0.05°,, to 0.1°,) on the ageing processes 
of Al-Cu alloys were extensively examined by Heal, 
Hardy and others.”) Hardy®) suggested three 
mechanisms for the marked suppression of G—P zone 
addition of Sn, Cd or In: (1) The 


ternary elements may reduce the quenching stresses. 


formation by 


Here the quenching stresses are supposed to be the 
cause of the rapid rate of G—P zone formation in 
binary Al-Cu alloys. (2) The ternary elements may 
be attached to dislocations to form obstacles against 
the pipe diffusion of copper atoms along dislocations. 
Here, the pipe diffusion is supposed to be the cause 
of the rapid rate of G—P zone formation. (3) Because 
Sn atoms (as well as Cd and In atoms) are larger than 
Al atoms, they may collect Cu atoms, smaller than 
Al atoms, around them so as to reduce the strain 
energy. Hence, the number of Cu atoms available to 
the G 


Now it is almost certain that the excess vacancies 


P zone formation is reduced. 


quenched-in from solution treatment temperatures 
are responsible for the rapid rate of clustering of solute 


atoms or G—P zone formation in some aluminum 


ACTA METALLURGICA, 


VOL. 9, 1961 


alloys, e.g. Al-Cu, Al-Ag and Al-Zn.“ Moreover, 
the 
correlation between dislocations and the G—P zone 


transmission electron microscopy showed no 
formation.) Therefore, the first two suggestions by 
Hardy are difficult to accept. The third suggestion 
may not be ruled out by the quenched-in excess 
vacancy mechanism, but it is hard to see, as pointed 
out by Hardy himself, how it could be possible for 
such a small amount of Sn (of order of 0.01 at.°,) 
to collect the majority of Cu atoms of about 2 at.°,. 

It is possible to explain the suppression of G—P 
zone formation by addition of the third element with 
the quenched-in excess vacancy mechanism. Sn 
attract 
strongly than Cu atoms, so that the majority of excess 


atoms are considered to vacancies more 
vacancies quenched-in from a solution treatment 


temperature are bound to Sn atoms and cannot 
enhance the Cu clustering. The following experiment 
was performed to support this proposal. 

An alloy was made from high purity Al, Cu and Sn 
(>99.99 per cent). Chemical analysis gave the com- 
position of 3.8 wt.°,, Cu and 0.025 wt.°, Sn. Speci- 
mens were wire of 0.4 mm in diameter and heated in 
550°C for 30 min for the 


Quenching was performed by 


a horizontal furnace at 


solution treatment. 
merely extracting the specimen quickly out of the 
furnace and immersing it in water. After quenching, 


specimens were quickly transferred into a_ liquid 


nitrogen bath, in which resistivity measurements 


were done. Ageing treatment was carried out in a 
silicon oil bath. 

Figure 1 shows the change in resistivity due to age- 
The curve is 
well represented by the equation Ap Po bt)/b 
Al-Cu binary alloy.“ Here, Ap/py, is the 
increase in resistivity and a and / are constants. 


ing at 14°C after quenching from 550°C. 
In (a 


as in 


550% 
14.0°C 


RESISTANCE (mm) 


R (as quenched) 
24.560MN 


IN 


INCREASE 


TIME (min.) 


of an Al—Cu-Sn alloy 


during ageing. 


l. Increase in resistance 
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(seé') 


RATE OF 
CHANGE 
On 


INITIAL 
RESISTIVITY 


3.3 34 #35 
(Ts in °K) 


A 


Fig. 2. Dependence of the initial rate of resistivity 

change, 1/Ry(dR/dt)t=o, on the ageing temperature 

(A circle represents the mean value of three measure 

ments for each temperature. Ry, means the resistance 

The activation energy is determined to 
be 0.7 0.1 eV.) 


as quenched. 


The rate of resistivity change is much less than that 
in an Al-Cu binary alloy. The ratio of the initial rates 
of change in the ternary alloy to that in a binary 
alloy (3.8 wt.°, Cu) quenched from the same tem- 
perature is found to be about 10~4. In order to obtain 
the activation energy of this resistivity increase, 
isothermal ageing curves were evaluated for various 
ageing temperatures after quenching from 550°C. 
The initial rates of changes are plotted against 1/7’, 
The 
activation energy of the resistivity change is calcu- 
lated to (0.7 
higher than that in a binary alloy, i.e. 


in Fig. 2, where 7, is ageing temperature. 
0.1) eV, which is considerably 
O5eV 


Although the resistivity change in an Al-Cu or an 


be 


Al-Cu-Sn alloy occurs in a much earlier stage of ageing 
than the hardening due to G—P zone formation, a 
quite similar effect of Sn addition is observed in both 
resistivity change and hardening. Hence, it is natural 
to consider the clustering of Cu atoms, which causes 
the resistivity change, to be the early stage of G—P 
zone formation responsible for the hardening, and the 
following explanation for the effect of Sn addition on 
the resistivity change may be taken as an explanation 
for the suppression of G—P zone formation due to Sn 
(Cd or In) addition. 

If vacancies are attracted more strongly by Sn atoms 
than by Cu atoms, smaller numbers of vacancies 


are available for the enhancement of Cu atom diffusion 
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than in an Al-Cu binary alloy. The concentration of 


vacancies bound to Cu atoms. ( is given by 


kT 


Cul 


( (1) 


Cul Csnt exp| 
where C,,, and Cg, are the atomic fraction of Cu and 


Sn, respectively, Cg,,; the concentration of vacancies 
bound to Sn atoms and AB the difference between 
binding energies of a vacancy with a Sn atom and 


Boy y. Here, B 


The concentration 


that with a Cu atom, i.e. By, aay ie 


supposed to be larger than B,., 


of free vacancies is found to be negligibly small 


compared with the concentration of bound vacancies 
at Ba 
greater than 0.1 eV. The initial rate of clustering, 


near room temperature, if B,,,)- and are 


which is reasonably considered to be proportional to 
the initial rate of resistivity increase, is proportional 
to Cy,,~ and to the mobility of Cu atoms, and the 
temperature dependence of the initial rate of cluster 
ing results from the temperature dependence of C,.,, 


( 


since 


and of the mobility Cul where 


(| is the total concentration of quenched-in vacancies 
and independent of the ageing temperature, equation 
(1) becomes 

kT 


AB 


C; exp| 


on 


l exp| 


If ABis larger than 0.1 eV, Cy, may be approximated 


for temperatures below 80°C by 


u ) 


(2) 


AB 


exp| 


are independent of 
the 


In equation (2), C..,, Cg, and C, 
the Therefore 
energy of clustering is given by the sum of AB and the 
ot Cu 
Since the activation energy of the clustering 


O.l)eV 


ageing activation 


temperature 


activation for the mobility atoms 
O5eV 
in the Al-Cu-Sn alloy was found to be (0.7 
AB is determined as (0.2 + 0.1) eV 

AB can also be 


of the initial rate in an Al-Cu-Sn alloy to 


energy 


The value of evaluated from the 
ratio, P 
that 


quenched from the same temperature 


provided both alloys are 
Neglecting 


small differences in the total vacancy concentration 


in an Al-Cu alloy 


in both alloys due to the presence ot Sn. we can con 


sider the ratio P is equal to the ratio, P,., of Coyp in 


the ternary alloy to that in the binary alloy, C¢,, 
atom should be the 


because the mobility ot a Cu 


The ratio P, is given by 
kT’ 


same in both alloys 


AB 
exp| 103 exp| 


Sn 


°c 
40 25 14 
] 
10 
| 
| T 
| | 
| 
-5| 
3.2 3.6 3.7 
J 
| | 
( 
Cs, 
| 
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here the small number of free vacancies in the binary 
Al-Cu alloy is neglected and C,,,, is taken to be Cy. 
At 0°C P was found to be 10-4, and AB is evaluated 
to be (0.35 
uncertainties in determining P. 

the values of AB determined in the 


independent 


0.05) eV taking into consideration the 


Since two 
stronger binding of vacancies with Sn atoms than 
with Cu atoms is considered to be true and AB is 
evaluated to lie between 0.2 and 0.4 eV. 

The binding energy between a vacancy and a Cu 
atom is estimated to be 0.2 eV in Al-Cu alloys, 


and the binding energy between a vacancy and a Sn 


atom is estimated to be 0.4 to 0.6 eV. An independent 


deterinination of the binding energy between a vac- 
ancy and a Sn atom in an Al-Sn alloy is now being 
In the present discussion, the association 
It is 


quite possible that Sn atoms exist in the form of Sn—Cu 


performed. 
of Sn atoms and Cu atoms is not considered. 
pairs. If so, the binding energy between a vacancy 
and a Sn atom estimated here should be regarded as 
the binding energy of a vacancy with a Sn—Cu pair. 
The binding energy, then, would not necessarily be 
equal to the binding energy between a vacancy and 
a Sn atom which would be estimated from the experi- 
ment with an Al-Sn alloy. There is the possibility 
of interpreting effects of ternary addition on any pro- 
cesses involving vacancy migration in terms of the 
present mechanism, i.e. vacancy ternary elements 
interaction. 
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Porosity in plastically deformed Cu-10 at. °, 
Al single crystals* 


Xosi and Abrahams" observed porosity in plasti- 
cally deformed (to failure) Ag, Cu and Cu—0.1°, Al 
single crystals. The object of the present investigation 
was (1) to determine if this phenomenon is also found 
in higher solute (Al) alloys, and (2) to determine 
whether or not the porosity formation is a thermally 
activated All tests were performed with 
Cu(99.999)-10 at.°,, Al(99.996) single crystals. The 


basic testing procedure of these 


process. 
preparation and 
crystals are reported elsewhere.) Unless otherwise 
stated, crystals were tested at a strain rate of 5 
10-4 sec}. 

After deforming a specimen to fracture at room 
temperature and electrolytically etching in a_ phos- 


phoric acid solution, porosity was observed, (Fig. la) 


(a) 


Fic. 1. Porosity in electrolytically etched Cu—10 at.% 

Al single crystals fractured at room temperature with 

strain rate of (a) 5 10-4 see-!; (b) 5 x 10>? see}. 

The horizontal direction is parallel to the tensile axis 
in both figures. » 75 
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which appears quite similar to that reported by Rosi 
and Abrahams (their Fig. 2c). These investigators 
stated that the etching served to enlarge pores which 
were created by the plastic deformation. 

If the pores are formed by the condensation of 
point defects, their formation should be a thermally 
activated process. To investigate this, one crystal 
tested at 
rate 


was room temperature at an increased 
1 
was extended at 77°K with the standard strain rate: 


77°K 


strain of 5 sec and another crystal 


the fractured specimens were stored at im- 


mediately after failure and held there until the electro- 
etching. The crystal tested at 77°K showed no 


porosity (this observation was confirmed in a duplicate 


test), and the specimen extended at the increased 
strain rate displayed some porosity (Fig. 1b). Hence, 
it is concluded that the porosity is indeed a thermally 
activated process, and the condensation of point 
defects created by plastic deformation appears to be 
a likely explanation. 

In the crystal extended at room temperature with 
the increased strain rate, there is, apparently, suf- 
ficient point-defect mobility for the pore formation. 
Using an activation energy of motion of 0.67 eV for 
point defects previously found in deformed Cu-14 
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at.°,, Al single crystals, the mobility computes to 
~10° jumps/sec/defect at room temperature. At 
77°K, 
deformation,’ quenching) and neutron irradiation 
The 


correlation to point defect condensation is again 


however, point defects created by plastic 


are immobile in these alloys (14-15 at.°,, All). 


apparent. 

Finally, the porosity seen in Fig. l(a) and (b) is 
evidently not a result of localized “‘pitting’’ due to 
an electrolytic etching of high internal energy areas 
per se because the porosity was not observed in 
crystals tested at 77°K where the stored energy of 
plastic deformation is presumably the largest 
Armour Research Foundation T. J. KOPPENAAI 
Tech nology Cente 


Ch icago 16. Illinois 
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Figures 7 and 9 are erroneously positioned and should 


be interchanged. 
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